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Throughout  the  1988  World  Materials  Congress  in  Chicago,  we  were  reminded  of  how 
the  scope  of  materials  science  and  engineering  has  expanded  over  the  few  years  of  its 
wentifiable  existence  as  a  discipline.  Eony  studies  emphasized  the  relationship  between 
structure  and  properties.  This  was  soon  expanded  to  add  a  third  component,  processing. 
Problems  with  engineered  components  and  a  myriad  of  frontier  challenges  on  earth  and  in 
space  focus  our  attention  on  a  fourth  dimension,  performance.  It  is  this  final  element  of  the 
materials  tetrahedron  that  underlies  the  importance  and  urgency  of  the  ropics  covered  in  this 
First  Internationa!  Conference  on  Environment-Induced  Cracking  of  Metals- “EICM-I"— held 
as  a  “satellite"  event  of  the  1988  World  Materials  Congress.  The  predictable,  reliable,  and 
high  performance  of  engineering  materials  under  combinations  of  load  and  aggressive 
environment  are  without  a  doubt  important  challenges  to  the  materials  community. 

Since  it  is,  perhaps,  folly  to  search  for  the  unifying  mechanism  for  all  forms  of 
environmental  cracking,  so  it  is  ill-advised  to  summarize  a  conference  of  the  scope  of  this  one. 
In  both  endeavors,  the  considerations  are  legion,  the  biases  of  the  obst.  „ers  are  substantial, 
and  many  factors  are  beyond  our  current  state  of  measurement  and  comprehension. 

This  volume  provides  the  final  written  record  of  the  Koh'er  conference.  Here,  we  have 
worked  to  record  the  proceedmgs  in  a  format  that  is  inclusive  of  all  invited  and  contributed 
papers,  which  have  been  peer  reviewed  and  include  substantial  discussion  contributions  from 
a  large  proportion  of  the  participants.  The  final  discussion  session  is  particularly  interesting 
in  that  many  of  the  participants  offered  their  perspectives  on  consensus  issues,  uncertainties, 
and  areas  for  future  research  and  engineering. 

Each  reader  of  this  volume  must  ultimately  develop  his  or  her  own  summary  of  the 
significant  accomplishments  and  weaknesses  of  the  first  International  Conference  on 
Environment-Induced  Cracking  of  Metals.  Our  opinions  are  offered  as  follows. 

.  ■  Consensus  Issues 

Identification  of  consensus  issues  is  undoubtedly  controversial.  Many  of  the  written 
comments  from  participants  suggested  that  no  true  consensus  was  reached  on  any  particular 
aspect  of  environmental  cracking!  This  ^amp  believes  that  while  we  may  have  progressed 
somewhat  in  our  appreciation  of  the  various  environmental  cracking  phenomena  since  the 
Firminy  meeting,  we  have  not  reached  any  true  understanding  of  the  phenomena  as  a  whole. 
This  view  proposes  that  continued,  often  unsubstantiated  and  qualitative,  debate  on  the 
details  of  a  variety  of  mechanisms  hinders  our  progress  toward  material  and  component 
performance  predictions.  This  situation,  more  than  anything  else,  makes  for  frustration  within 
the  engineering  design  community. 

A  second  camp  of  participants  concludes  that  substantial  progress  has  been  made  since 
Firminy  Much  of  the  speculation  of  the  1 970s  has  been  replaced  by  quantitative  experimental 
evidence  Quantitative  and  testable  models  are  emerging,  with  focus  on  specific  embrittle¬ 
ment  mechanisms  that  are  relevant  to  classes  of  alloys  and  environments.  Meaningful  life 
predictions  may  be  developed  to  include  environmental  cracking.  The  critical  importance  of 
crack  chemistry  and  crack  tip  process-zone  deformation  and  fracture  has  spawned  new 
models  and  experimental  probes.  Those  with  this  view  do  not  believe  that  all  problems  are 
solved,  but  rather  that  the  field  is  generally  on  the  right  track.  Useful  information  is  being  made 
available  for  the  user,  but  improvements  and  new  ideas  are,  of  course,  still  required.  ,  ■ 

Transgranular  vs  Intergranular  Cracking 

A  major  discussion  topic  was  the  significance  of  intergranular  vs  transgranular  crack 
paths,  and  whether  each  type  is  indicative  of  a  unique  crack  growth  mechanism.  R.N.  Parkins, 
unarguably  a  significant  contributor  to  the  field  of  stress  corrosion  cracking  over  the  years,  is 
of  the  view  that  there  is  no  overwhelming  need  for  different  mechanisms,  although  it  was  clear 
that  his  viewpoint,  since  it  has  not  been  conclusively  proven,  was  not  shared  by  all.  More 
detailed  microscopic  analysis  of  fracture  paths  and  whether  the  transitions  of  a  single  cracK 
between  these  paths  is  a  consequence  of  changes  in  micromechanics  or  electrochemical 
driving  force  remain  to  be  determined. 

Quantitative  fractographic  investigations  of  environmental  cracking  were  not  repre¬ 
sented  at  the  Kohler  meeting.  This  approach  has  much  to  offer  to  mechanistic  and  failure 
analysis  studies,  and  is  worthy  of  renewed  emphasis. 
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Relevance  of  Fracture  Mechanics 
to  Environmental  Failure  Mechanisms 

Extensive  debate  on  the  application  of  fracture  mechanics 
concepts  (for  example,  using  the  stress-intensity  factor  to  correlate 
the  behavior  of  different  alloys  and  environmental  effects)  pumted  to 
an  interesting  dichotomy.  The  fracture  mechanics  approach  has 
yielded  significant  mechanistic  and  component  life-prediction  gains 
since  the  Firminy  Conference  and  provides  a  rational  characteriza¬ 
tion  of  the  mechanical  driving  force  for  environmental  crack  growth. 
No  other  approach  has  been  developed  qualitatively. 

In  contrast,  many  participants  expressed  difficulty  in  accepting 
that  macroscopic  mechanics  parameters  can  describe  tne  local 
mechanical  driving  force  at  a  crack  tip.  Additional  problems  are 
associated  with  c.ack-geometry -dependent  chemistry,  phenomena 
not  described  by  a  purely  mechanical  approach.  While  clearly  a 
critical  problem  requiring  future  research,  recent  successes  in 
modeling  crack-tip  chemistry  and  crack-tip  stress-strain-rate  fields  to 
within  microns  of  the  crack  tip  show  the  usefulness  of  the  fracture 
mechanics  approach.  Perhaps  the  most  important  challenge  is  to 
relate  continuum  crack-tip  deformation  to  microscopic  events  such  as 
single-grain  slip,  gram  boundary  sliding,  and  interface  decohesion. 

Any  abandoning  of  the  fracture  mechanics  approach  would 
require  that  it  be  replaced  by  a  mechanical  method  that  is  capaole  of 
quantitative  prediction.  Both  mechanistic  and  component  life-predic- 
tion  issues  must  be  served  in  this  legard.  No  such  appi  caches  were 
offered  at  Kohler. 


The  “Film-Induced  Fracture ’’  Model 

The  recent  work  of  Sieradzki  and  coworkers  has  quantified  a 
thought-provoking  model  to  explain  the  local  brittleness  exhibited  by 
certain  nominally  ductile  metals  when  stressed  in  corrosive  environ¬ 
ments.  This  has  emphasized  the  possibility  that  cracks  originate  in 
brittle  surface  corrosion  films  and  "overshoot"  to  propagate  directly 
into  the  otherwise  ductile  substrate  metal.  Many  are  skeptical  of  this 
process  for  a  variety  of  reasons,  evidence  of  which  was  provided  by 
the  extensive  discussions  on  this  subject  at  the  meeting.  It  appears 
that  the  model  has  now  found  some  respectability,  especially  when 
coupled  with  newer  concepts  involving  local  dealloying  that  occurs, 
for  example,  in  austenitic  stainless  steels  as  well  as  in  brasses. 

A  statement  by  Parkins  on  this  subject  is  particularly  illuminat¬ 
ing:  "While  I  have  no  difficulty  in  accepting  the  concept  of  film- 
induced  cleavage,  I  feel  that  there  is  still  a  need  to  show,  by  direct 
measurement,  that  the  cracks  do  jump  very  rapidly.  At  present  this  is 
only  inferred  from  experiments  that  may  have  other  explanations. 
There  are  others  who  have  difficulty  in  accepting  the  concept 
because  of  the  considerable  microplasticity  associated  with  cracking, 
Some  of  this  deformation  may  be  involved  in  initiating  the  dealloying 
or  dissolution  that  leads  to  other  films  that  actually  initiate  the 
cleavage,  so  that  emerging  slip  steps  may  play  an  integral  part  in  the 
film-induced  cleavage  mechanism."  This  subject  will  undoubtedly  be 
actively  researched  over  the  next  decade. 


Mechanisms  of  Environ  nental  Embrittlement 

An  oft  debated  topic,  that  o'  **  techanism"  for  environmental 
cracking,  received  significant  a  '"no  emerging  view  appears 
to  support  the  idea  that  each  disv  mechanism  (hydrogen  embrit 
tlement  by  either  decohesion  or  enhanced  slip  localization,  film- 
induced  cleavage  and/or  film  rupture,  and  transient  metal  dissolution 
during  crack  tip  repassivation)  is  a  strong  candidate  for  most 
material'environment  systems.  Moreover,  these  mechanisms  are 
likely  to  contribute  Jointly  to  crack  growth  in  many  materials. 

Elegant  experimental  ovidence  was  presented  to  demonstrate 
the  occurrence  of  these  mechanisms  in  simple  systems  (e.g„  pure 
metal  in  hydrogen  gas).  Unfortunately,  elaborate  analyses  are 
required  to  preclude  a  specific  mechanism  and  specific  uncertainties 
remain  for  engineering  alloys  and  complex  electrolytes.  Perhaps  the 
correct  view,  as  indicated  by  the  discussions,  is  that  these  atomistic 
processes  can  and  do  operate  in  series  or  parallel  for  most  important 
situations  involving  environmental  cracking. 


A  New  Material  Property: 
“Situation-Dependent  Strength” 

The  thought-provoking  presentation  made  by  Staehle  at  the 
final  session  reviewed  the  progress  of  the  field  since  1961  and 
introduced  the  term  situation-dependent  strength  to  emphasize  the 
critical  role  played  by  the  environment  on  the  mechanical  behavior  of 
engineering  materials.  Specifically,  Staehle  noted  that  the  strength  of 
a  material  in  a  given  engineering  application  depenus  on  the  specific 
situation  as  defined  simultaneously  by  material,  envronment,  stress, 
and  geometry."  Acceptance  of  Staehle  s  proposal  by  those  present 
(although  some  sought  a  property  other  than  strength  for  the 
definition)  was  significant.  Some  participants  suggested  that  the 
concept,  while  useful  for  designer  comprehension,  does  not  address 
the  complex  factors  that  confront  true  predictions  of  strength. 

Reduction  to  Practice 

Whenever  a  group  of  researchers  meets  together  for  an 
extended  period  to  discuss  their  'life  works,'  a  considerable  amount 
of  introversion  can  be  expected,  and  this  conference  was  no 
exception  fo.  most  of  the  week.  However,  the  final  session  included 
discussion  of  how  we  may  better  translate  the  mechanistic  concepts 
of  environmental  cracking  to  engineering  practice.  Sparked  by  the 
banquet  address  on  the  significant  environmental  challenges  to 
materials  represented  by  the  hypersonic  U.S.  National  Aerospace 
Plane"  (NASP)  and  the  situation-dependent  strength  concept  aimed 
at  catching  the  interest  of  the  design  engineer,  participants  appeared 
sympathetic  to  improving  the  transition  from  theory  to  engineering 
practice.  Assisted  by  the  presence  of  delegates  concerned  primarily 
with  the  application  of  materials  in  aggressive  engineering  environ¬ 
ments,  it  was  agreed  that  the  first  move  must  come  from  the 
researchers. 


Topics  Not  Discussed 

Several  important  topics  were  not  covered  by  any  of  the  invited 
review  papers,  contributed  papers,  or  discussions.  These  include  the 
following: 

(1 )  The  environmental  fracture  behavior  of  advanced  monolithic  and 
composite  materials. 

(2)  Applications  of  advanced  optical  and  electron  microscopic  and 
surface  spectroscopic  techniques,  particularly  those  capable  of 
in  situ  application,  to  probe  localized  chemical  reactions  and 
mechanical  damage. 

(3)  Descriptions  of  integrated  and  quantitative  life-prediction  meth¬ 
ods  for  specific  applications. 

(4)  Developments  of  environment  chemistry  and  crack  initiation/ 
growth  damage  sensors  for  in  situ  laboratory  and  component 
applications. 

These  important  topics  are  in  an  infant  state  and  are  likely  to  be 
the  target  of  increased  research  interest  in  the  near  future. 

Final  Thoughts 

Finally,  our  week  in  Wisconsin  did  not  solve  the  environmental 
cracking  problem  nor  did  it  provide  a  reliable  blueprint  for  engineering 
success  in  the  near  future.  We  are  now  sure  that  there  is  no  one 
unified  theory  of  environmental  cracking.  But  this  review  and  analysis 
should  help  the  corrosion  research  community  assess  the  current 
state  of  knowledge  and  provide  for  more  efficient  research  direction 
for  the  future. 

This  volume  contains  two  types  of  paper.  Eighteen  world- 
renowned  specialists  were  commissioned  to  critically  review  the  state 
of  the  art  and  knowledge  of  all  aspects  and  mechanisms  in  particular 
of  environmental  cracking.  Add'tionally,  35  contributed  papers  are 
included.  Each  of  these  manuscripts  was  peer  reviewed  by  a  three- 
person  panel  according  to  international  journal  standards. 

This  conference,  from  its  inception  through  the  planning, 
running,  reviewing,  editing,  and  publication,  was  made  possible 
through  the  enoimous  individual  contributions  of  so  many  colleagues 
and  a  dedicated  NACE  staff.  We  extend  our  sincere  thanks  to 
everyone,  but  particularly  to  the  authors,  who  ultimately  determine 
the  archival  quality  of  this  book. 


Vi 
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The  first  day  of  the  conference  was  devoted  to  overview  papers,  describing  the  state  of 
knowledge  of  the  major  phenomena  of  environment-induced  cracking.  The  first  session 
included  reviews  on  stress  corrosion  cracking,  hydrogen  embrittlement,  and  metal-induced 
cracking.  Each  review  was  prepared  by  an  author  with  worldwide  recognition  for  his 
continuing  contributions  to  the  subject.  As  such,  the  three  reviews  in  this  session  and  the 
three  in  the  following  session  represent  a  definitive  exposition  of  the  current  scope  of  the 
conference  topic. 

Stress  corrosion  cracking  was  reviewed  by  Parkins  in  a  paper  that  ably  summarizes  the 
critical  considerations  within  an  enormous  field,  and  one  that  is  constantly  being  added  to  in 
the  scientific  research  literature.  Parkins  points  out  that  the  evidence  now  points  against  the 
existence  of  a  single,  all-embracing  mechanism  of  stress  corrosion  cracking,  and  that  a 
spectrum  of  different  mechanisms  is  more  likely.  Thus,  in  the  review,  the  proposed 
mechanisms  are  divided  into  two  groups,  one  that  considers  that  cracking  involves 
embrittlement  of  the  metal  by  interaction  with  the  environment,  and  one  that  believes  cracks 
grow  by  localized  dissolution  processes.  The  review,  and  much  of  the  following  discussion, 
compares  and  contrasts  the  processes  involved  in  transgranular  and  intergranular  cracking 
modes,  since  the  fracture  path  is  considered  to  be  a  principal  indicator  of  operative 
mechanism,  even  if  there  is  still  considerable  ambiguity  about  which  precise  mechanism 
might  be  appropriate  in  a  given  metal-environment  system.  Parkins  also  focuses  on 
environmental  aspects  of  stress  corrosion  cracking.  It  is  noted  that  the  earlier  concept  of 
specificity,  e.g..  ammonia  for  copper  alloys,  chlorides  for  stainless  steels,  and  nitrates  and 
hydroxides  for  ferritic  steels,  has  become  less  relevant  as  the  environments  known  to  cause 
stress  corrosion  cracking  in  specific  alloys  grow  in  number.  Attention  is  now  being  directed 
to  the  relevant  environmental  processes,  such  as  film  formation  and  breakdown,  with 
environments  considered  more  generically. 

In  his  overview  of  hydrogen  embrittlement,  Birnbaum  also  emphasizes  that  a  single, 
universal  mechanism  is  unlikely.  Rather,  it  is  concluded  that  at  least  three  types  of  fracture 
mechanisms  can  be  operative,  viz.,  hydride  formation  and  cleavage,  hydrogen-induced  local 
plasticity,  and  hydrogen  related  weakening  of  bonds  (decohesion).  These  and  other  viable 
mechanisms  are  discussed  in  terms  of  the  experimental  evidence,  with  particular  emphasis 
on  in  situ  transmission  electron  microscopy.  The  discussion  is  aided  by  the  classification  of 
metal-hydride  systems  on  the  basis  of  the  stability  of  hydrides,  including  cases  in  which 
hydrides  are  stress  induced.  Despite  the  review  of  a  large  amount  of  data,  Birnbaum 
concludes  that  there  is  still  insufficient  data  to  establish  firmly  the  appropriate  mechanism  of 
hydrogen  embrittlement  in  many  systems. 

Stoloff  reviews  a  subject  for  which  the  scope  of  the  phenomenon  and  the  extent  of  its 
study  Is  much  less  than  tho  other  two  processes.  Nevertheless,  there  is  an  increasing  use  of 
engineering  systems  involving  metal-metal  contacts,  and  it  is  likely  that  metal-induced 
fracture  will  become  more  important  as  time  goes  on.  Indeed,  Stoloff  observes,  "It  is  quite 
likely  that  virtually  all  higher  melting  solid  metals  can  be  embrittled  by  lower  melting  metals 
provided  that  the  microstructural  and  environmental  conditions  are  favorable."  From  a 
mechanistic  standpoint,  metal-’nduced  cracking  can  be  expected  to  provide  insight  into  the 
processes  operating  in  stress  corrosion  cracking  and  hydrogen  embrittlement.  Stoloff 
indicates  that  there  are  at  least  three  mechanisms  of  crack  nucleation  involving  metal-metal 
contact,  involving  any  or  all  ol  surface  diffusion,  grain-boundary  diffusion,  and  locally 
enhanced  plasticity. 

Newcomers  to  tho  environment  induced  cracking  field  would  do  well  to  review  these 
papers  in  detail,  since  they  represent  an  excellent  overview  of  the  current  appreciation  of 
some  extremely  complex  phenomena. 


Stress  Corrosion  Cracking 

R.N.  Parkins* 

Abstract 

Mechanisms  of  stress  corrosion  cracking  can  be  divided  for  convenience  into  those  mechanisms  that 
involve  embrittlement  of  the  metal  as  a  consequence  of  corrosive  reactions  or  those  in  which  the  cracks 
grow  by  extremely  localized  dissolution  processes.  The  arguments  supporting  and  opposing  such  ideas 
are  considered  in  the  context  of  specific  systems  with  particular  emphasis  upon  the  environmental 
requirements  for  cracking.  Thus,  the  cracking  domains  for  steels  and  for  copper-base  alloys  are 
considered  in  relation  to  the  relevant  potential-pH  diagrams,  as  are  crack  growth  kinetics  involving 
dissolution,  film  growth,  and  crack-tip  strain  rates  as  the  controlling  parameters.  Brief  consideration  is 
also  given  to  the  phenomenon  of  crack  coalescence  as  a  matter  that  has  implications  for  mechanistically 
oriented  studies,  as  well  as  for  its  engineering  implications  in  service  situations. 


Introduction 

The  early  literature  on  the  stress  corrosion  cracking  (SCC)  of  metallic 
materials  is  associated  with  the  earlier  part  of  the  present  century, 
although  it  is  probable  that  service  failures  were  experienced  before 
that,  while  the  last  three  decades  have  seen  a  considerable  increase 
in  interest  in  this  subject.  Possible  reasons  for  the  latter  are  that  as 
the  problem  of  general  corrosion  has  been  overcome,  by  control  of 
environmental  factors  and  the  development  and  use  of  inherently 
more  corrosion-resistant  materials,  the  probability  of  localized  forms 
of  corrosion  occurring  has  increased.  These  trends  have  been 
accompanied  by  moves  towards  higher  operating  stresses,  deriving 
from  the  more  efficient  use  of  materials,  and  the  more  extensive  use 
of  welding  as  a  method  of  fabrication,  resulting  in  relatively  high 
residual  stresses  in  structures,  all  of  which  may  be  expected  to 
increase  the  incidence  of  SCC. 

The  earliest  hypotheses  offered  by  way  of  explaining  such 
failures  are  still  reflected  in  current  thinking.  Thus,  Andrew’  was  one 
of  the  first  to  suggest  that  the  embrittlement  caused  by  the  ingress  of 
hydrogen  into  ferritic  materials  offered  a  possible  explanation  of  the 
intergranular  cracking  of  a  boiler  steel  as  reported  by  Stromeyer,2 
although  the  latter  was  the  first  of  a  number  of  workers  to  suggest  that 
chemical  heterogeneity  at  the  grain  boundaries  was  the  cause,  a 
mechanism  subsequently  developed  in  more  detail  by  Dix3  in  relation 
to  aluminum  alloys  The  beginnings  of  oxide  film  rupture  mechanisms 
are  apparent  in  the  early  papers  of  Straub  and  Parr,4  while 
mechanics  occupies  the  dominant  role  in  an  explanation  offered5  for 
the  caustic  cracking  of  boilers,  the  stresses  remaining  in  the  boiler 
seams  after  riveting,  together  with  the  working  stresses,  being 
considered  to  be  high  enough  to  exceed  the  fracture  strength  of  the 
steel.  This  rather  simplistic  view  might  have  had  more  credence  if  it 
had  invoked  the  concept  of  surface  energy,  but  the  classical  work  of 
Griffith®  on  the  fracture  of  glass  based  on  an  energy  argument  was 
still  about  20  years  away  The  possibility  of  accounting  for  the  caustic 
cracking  of  boilers  on  the  basis  of  a  fatigue  mechanism  was 
suggested  by  Wolff,7  and  McAdam®  attempted  an  explanation  based 
on  his  experience  with  corrosion  fatigue,  reflecting  the  more  recent 
interest  in  the  interface  between  stress  corrosion  and  corrosion 
fatigue.  In  the  discussion  that  the  Faraday  Society  held  in  1921, 
Fletcher®  suggested  that  the  problem  might  be  explained  by  the 
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corrosive  attack  being  concentrated  in  regions  that  had  suffered  the 
greatest  amount  of  cold  work,  which  bears  a  similarity  to  the 
explanation  offered  by  Straub  and  Parr4  involving,  inter  aha,  the 
suggestion  that,  under  stress,  grain  boundaries  will  be  seats  of  high 
energy  and  will  therefore  suffer  enhanced  corrosion,  an  offering 
frequently  taken  up  subsequently  by  others. 

These  early  ideas,  dominated  by  physico-metallurgical  consid¬ 
erations  at  the  expense  of  electrochemistry,  lacked  the  rigorous  tests 
of  critical  experiments,  an  affliction  not  restricted  to  early  papers  in 
the  field.  Nevertheless,  while  consideration  of  the  role  of  the 
environment  rarely  extended  beyond  the  stage  of  writing  chemical 
equations  that  showed  reactions  leading  to  the  release  of  hydrogen 
or  the  formation  of  an  oxide  film,  until  the  advent  of  the  paper  by  Dix,3 
current  ideas  on  the  mechanistic  aspects  of  SCC  are  not  essentially 
different  from  those  propounded  more  than  half  a  century  earlier.  This 
is  not  to  imply  that  understanding  has  not  changed  over  that  period, 
since  some  of  the  critical  experiments  not  always  available  to  early 
workers  have  now  been  conducted  to  test  the  early  hypotheses  and, 
as  a  consequence,  some  of  these  concepts  have  gained  acceptance. 

The  problems  to  be  considered  in  explaining  environment- 
sensitive  fracture  are  essentially  twofold.  The  first  problem  concerns 
accounting  for  the  fracture  of  normally  ductile  materials  with  little 
attendant  deformation  at  relatively  low  stresses  and  the  second  with 
the  role  of  specific  environments,  with  its  thermodynamic  and  kinetic 
overtones,  in  promoting  such  failure.  The  mechanistic  options 
available  would  also  appear  to  be  essentially  twofold.  Thus,  either  the 
metal  must  become  embrittled  as  a  consequence  of  the  corrosive 
reactions  or  the  cracks  propagate  by  extremely  localized  dissolution 
processes.  The  precise  details  may  vary  from  one  system  to  another, 
or  even  for  the  same  metal  exposed  to  different  environmental 
conditions,  since  the  variability  of  the  mechanisms  of  fracture  of 
metals  in  the  absence  of  environmental  influence  by  brittle,  ductile,  or 
fatigue  fracture,  and  the  variability  of  electrochemical  reactions, 
according  to  potential  and  solution  composition,  would  appear  to 
preclude  the  possibility  of  some  all-embracing  mechanism  of  envi¬ 
ronment-sensitive  fracture  that  accounts  for  all  such  instances. 

Embrittlement  Mechanisms 

Embrittlement  mechanisms  are  the  detailed  concerns  of  other 
papers’0-”  and  so  will  be  touched  upon  only  briefly  here.  Since 
stress  corrosion  cracks  propagate  in  an  apparently  brittle  manner, 
albeit  at  low  velocities,  the  Griffith  approach®  to  brittle  fracture  has 
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often  proved  attractive  in  the  context  of  environment-sensitive 
fracture.  Thus,  the  fracture  stress  (oc)  to  cause  the  spread  of  an 
elliptical  crack,  Length  2(c),  is  given  by: 


where  E  is  Young  s  modulus  and  y5  is  the  surface  energy  Clearly, 
any  process  that  lowers  ys  will  reduce  the  stress  for  brittle  fracture 
ana  ys  may  be,  lowered  by  the  absorption  of  app'epriate  species  at 
the  fracture  surface.  Petch  and  Stables'2  hav^  invoked  such  an 
approach  in  relation  to  the  hydrogen  embrittlement  of  steel,  the  initial 
Griff.ths  cracks,  being  likened  to  blocked  glide  planes,  extending  by 
the  formation  of  a  surface  on  to  which  hydrogen  is  absorbed 

The  “stress  sorption  cracking"  hypothesis  of  Uhlig13  is  not 
essentially  different  from  that  indicated  above,  except  that  the 
chemisorbed  species  are  effective  at  the  surface  of  the  crack  tip 
rather  than  at  some  distance  into  the  metal  beyond  the  crack  tip,  as 
is  often  assumed  in  relation  to  hydrogen-induced  cracking.  There  are 
various  difficulties  associated  with  the  "stress  sorption  cracking" 
concept,’'’  but  the  demonstration  by  many  workers  that  small, 
although  measurable,  amounts  of  plastic  deformation  are  involved  in 
stress  corrosion  crack  propagation  creates  a  particular  problem. 
Where  plastic  deformation  is  involved  in  fracture,  Orowan15  suggests 
that  the  surface  energy  term  in  Equation  (1)  needs  to  be  modified  to 
take  into  account  the  work  done  in  plastic  deformation,  so  that  to  ys 
should  be  added  yp,  the  work  for  plastic  strain.  Now  yp  is  greater  than 
ys  by  a  few  orders  of  magnitude  (5  kJ/m2  as  opposed  to  5  J/m2),  and 
therefore  any  reduction  in  the  latter  by  absorption  will  have  a 
negligible  effect  on  the  fracture  stress.  Moreover,  in  some  instances 
of  hydrogen-related  fracture  of  metals,  evidence  of  the  fracture 
mechanism  involving  enhanced  local  plasticity  caused  by  the  pres¬ 
ence  of  hydrogen12  has  become  apparent  in  recent  years  and,  for 
those  cases  at  least,  the  mechanism  of  crack  growth  is  hardly 
consistent  with  an  approach  based  on  Equation  (1). 

Apart  from  hydrogen  reacting  with  dislocations,  vacancies,  or 
larger  voids  to  influence  fracture  behavior,  there  is  another  type  of 
reaction  into  which  it  can  enter  and  influence  cracking,  namely,  the 
formation  of  hydrides  in  appropriate  alloys.  Scully  and  Powell16  have 
developed  earlier  observations17  on  the  formation  of  a  brittle  hydride 
phase  in  a-Ti  alloys  to  explain  the  SCC  of  such  materials,  involving 
cleavage  of  the  hydride  as  an  important  step  in  the  cracking  process. 
Pugh  and  his  coworkers  have  extended  these  observations  on  the 
importance  of  hydride  formation  in  the  cracking  of  Ti  alloys  and  have 
shown  that  the  fracture  planes  correspond  to  the  habit  planes  of  the 
hydride,  as  well  as  showing  that  Mg/AI  alloys  may  form  hydrides.18 

From  the  localized  repetitive  generation  of  brittle  hydrides  in 
advance  of  a  crack  tip,  it  is  a  short  step  to  consider  the  possibility  that 
embrittling  films  formed  at  exposed  surfaces  of  metals  may  play  a 
critical  role  in  SCC.  Film  rupture  has  often  been  invoked  as  a 
mechanism  of  SCC  since  the  early  work  of  Straub  and  Parr,4  the 
name  of  Logan.19  in  particular,  frequently  being  mentioned  in  this 
context.  Despite  the  fact  that  in  many  cases  where  it  has  been  offered 
as  a  mechanism  of  crack  growth,  it  has  been  no  more  than  a 
rate-determining  step,  rather  than  the  mechanism  of  growth  per  se, 
the  concept  has  certain  attractions,  especially  in  the  form  that  it  has 
more  recently  been  developed.  Edeleanu  and  Forty20  observed  that 
the  cracking  of  a-brass  single  crystals  exposed  to  an  ammoniacal 
solution  occurred  discontinuous^,  with  short  bursts  of  extremely 
rapid  cracking  followed  by  relatively  long  rest  periods.  It  was 
suggested  that  truly  brittle  fracture  was  associated  wiih  the  bursts, 
while  the  rate-controlling  periods  of  nonpropagation  were  concerned 
with  the  corrosive  processes  that  established  the  conditions  for 
further  crack  buists.  The  model  requires  that  a-brass  can  support  a 
free-running  cleavage  crack,  albeit  over  short  distances  of  the  order 
of  a  few  microns  and  this  presented  a  major  difficulty.  Thus,  while 
cleavage  in  a  body-centered  cubic  (bcc)  metal,  such  as  a-iron,  has 
been  observed  on  a  micro-scale,  to  reflect  its  well-known  tendency 
for  macroscopic  cleavage  in  appropriate  conditions,  such  cleavage  of 


face-centered  cubic  (fee)  metals,  as  a-brass,  has  not  been  demon¬ 
strated  in  a  like  manner.  However,  relatively  recent  atomic  modeling 
studies  indicate  the  theoretical  possibility  of  short-range  cleavage  of 
ductile  metals  from  an  initiating  surface  film  of  appropriate 
characteristics, n. 21.22  2ncj  there  ere  claims  for  the  apparent  cleavage 
of  fee  metals  from  electron  microscopical  studies  of  stressed  thin 
foils.22 

The  attraction  of  a  microcleavage-based  mechanism  for  trans- 
granular  stress  corrosion  cracking  (TGSCC)  in  a  number  of  systems 
derives  from  fractographic  observations23  and  the  emission  of 
discrete  acoustic  events  and  electrochemical  current  transients 
accompanying  crack  growth.22  Thus,  stress  corrosion  fracture  sur¬ 
faces  are  characterized  by  flat,  parallel  facets  separated  by  steps, 
opposite  fracture  surfaces  being  matching  and  interlocking  Arrest 
markings  are  sometimes  observed,  suggesting  that  crack  growth  is 
discontinuous,  as  observed  in  the  experiments  of  Edeleanu  and 
Forty.20  Moreover,  there  is  a  strong  correlation  between  peak 
amplitude  acoustic  emission  events  and  electrochemical  current 
transient  peaks  during  the  transgranular  cracking  of  a-brass  exposed 
to  NaN02  solution.22  Of  course,  it  may  be  argued  that  such 
observations  are  not  unequivocal  demonstrations  of  crack  growth  by 
fast  cleavage.  Thus,  arrest  markings  make  no  comment  upon  the 
processes  occurring  between  successive  markings,  which  simply 
indicate  that  the  crack  stopped.  If,  as  is  likely,  the  crack  stops 
because  of  plastic  deformation  and  crack  yawning,  the  acoustic 
emissions  and  electrochemical  current  transients  could  be  a  conse¬ 
quence  of  such  deformation.  Attempts  to  measure  possible  cleavage 
events  directly24  by  appropriately  sensitive  electrical  resistivity  changes 
during  crack  growth  in  fine  a-brass  wires  exposed  to  NaN02  have  not 
indicated  rapid  changes  in  resistance,  despite  the  presence  of 
cleavage-like  features  and  arrest  markings  being  observed  on  the 
wires  after  failure.  Moreover,  the  expression  used  in  the  analytical 
modeling  of  cleavage  initiated  by  films22  appears  to  involve  dislocation- 
crack  interactions  that  are  only  likely  to  be  valid  under  small  scale 
yielding  conditions.  Yet,  the  initiation  of  stress  corrosion  cracks  in 
a-brass  exposed  to  NaN02  solution  is  associated  with  the  onset  of 
yielding  and  continues  with  general  yielding  25  The  latter  leads  to 
extensive  branching,  which  seems  more  likely  to  be  related  to  shear 
strains  being  very  effective  in  producing  crack  growth  than  to  any 
dynamic  effects,  not  least  because  crack  branching  in  cleavage-type 
fracture  only  occurs  at  very  high  crack  velocities 

Despite  these  current  difficulties,  the  film-induced  cleavage 
model  for  TGSCC  in  some  systems  has  advantages  over  the  only 
realistic  alternative,  the  so-called  "slip-step  dissolution  model.” 
Although  the  latter  expression  is  often  used  incorrectly,  it  has  its 
origins  in  the  work  of  Hoar  and  his  colleagues26  27  on  yield-assisted 
anodic  dissolution,  the  expression  that  is  usually  more  appropriate 
Slip  step  dissolution  implicitly  means  dissolution  at  or  along  slip  lines 
and,  although  such  has  been  observed,28  29  it  does  not  appear  likely 
to  lead  to  the  matching  and  interlocking  fracture  surfaces  often 
observed  in  the  transgranular  cracking  of  fee  metals.23  Nevertheless, 
Kaufman  and  Fink30  consider  that  TGSCC  of  a-brass  in  ammoniacal 
solutions  occurs  by  extremely  localized  ductile  fracture,  reflecting  the 
recent  interest  in  such  a  mechanism  for  hydrogen-related  cracking  in 
certain  materials.  They  suggest  that  the  mechanism  involves  the 
following  steps: 

(1)  Anodic  dissolution  of  both  Cu  and  Zn  occurs  preferentially 
along  slip  bands. 

(2)  As  the  preferential  anodic  dissolution  continues  to  cause 
atom  removal,  the  stress  becomes  concentrated  locally, 
leading  to  dislocation  activity  in  these  regions. 

(3)  Corresponding  to  this  enhancement  in  localized  deforma¬ 
tion,  the  rate  of  anodic  dissolution  is  accelerated  locally 
resulting  in  further  increases  in  the  stress. 

(4)  Deformation  continues  to  be  localized  by  the  action  of  the 
anodic  dissolution,  and  the  material  undergoes  ductile 
fracture,  albeit  on  a  very  local  scale. 

(5)  The  combined  action  of  localized  anodic  dissolution  and 
deformation  continues  leading  to  fractures  that  appear  brittle 
macroscopically. 
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Howevc  r,  their  arguments  appear  to  be  strongly  dependent  upon  the 
observations  of  greater  densities  of  dislocations  very  close  to  fracture 
surfaces,  compared  to  relatively  few  such  features  about  1  mm  from 
the  fracture  surfaces.  This  is  hardly  surprising  in  view  of  the  facts  that 
SCC  is  associated  with  macroscopically  brittle  fracture,  but  is 
accompanied  by  microplastic  behavior  in  the  crack-tip  region,  as  are 
some  other  processes  of  fracture  in  wh.w  environments  play  no  part. 
The  proposals  of  Kaufman  and  Fink  ivai  an  obvious  resemblance  to 
the  ideas  of  Hoar  and  his  colleagues,  apa.n  from  the  rather  ill-defined 
differences  in  the  relative  contributions  of  dissolution  and  ductile 
fracture  to  the  overall  crack  growth.  Nevertheless,  the  paper  should 
be  read  for  a  useful  comparison  of  the  arguments  for  and  against  the 
various  preferred  mechanisms  for  TGSCC. 

Dissolution  Mechanisms 

Although  these  mechanisms  relate  to  some  of  the  oldest 
concepts  offered  by  way  of  explanation  of  SCC,  they  are  now  applied 
mostly  to  instances  of  intergranular  cracking,  possibly  because  many 
workers  believe  that  the  fractographic  differences  between  transgran- 
ular  and  intergranular  cracking  are  so  marked  that  different  mecha¬ 
nisms  must  operate.  However,  the  problem  is  not  so  simple  because 
hydrogen-induced  cracking  can  be  intergranular  as  well  as  transgra- 
nular,  and  the  cracking  of  a-brass  in  nitrite  solutions,  for  example,  is 
initiated  at  grain  boundaries,  and  immediately  becomes  transgranu- 
lar  and  sometimes  reverts  to  intergranular  after  some  transgranular 
propagation.25  It  is  difficult  to  imagine  that  the  essential  features  of 
the  mechanism  can  change  so  dramatically  as  the  crack  path, 
especially  in  the  brass  system  just  mentioned.  Moreover,  the  difficulty 
mentioned  earlier  in  relation  to  explaining  transgranular  fractogra- 
phies  for  some  systems  on  the  basis  of  the  slip-step  dissolution 
model,  that  the  mating  surfaces  match  and  interlock  to  an  extent  that 
is  difficult  to  relate  to  dissolution  at  two  separated  surfaces,  may  also 
be  a  problem  in  relation  to  intergranular  cracking. 

Nevertheless,  there  is  one  factor  relevant  to  intergranular 
cracking  that  does  not  apply  to  transgranular  failure  and  is  the 
segregation  of  solutes  or  the  precipitation  of  discrete  phases  that  can 
occur  at  grain  boundaries  and  that  may  result  in  electrochemical 
heterogeneity.  It  appears  reasonable  to  expect  that  those  combina¬ 
tions  of  metal  and  environment  that  show  a  propensity  towards 
intergranular  attack  in  the  absence  of  stress  may  display  intergranu¬ 
lar  stress  corrosion  cracking  (IGSCC)  in  the  presence  of  stress  of 
appropriate  magnitude.  In  the  absence  of  stress,  the  initial  penetra¬ 
tion  may  not  extend  far  before  ceasing;  whereas,  in  other  cases, 
intergranular  corrosion  may  continue,  albeit  at  a  slower  rate  than 
when  stresses  are  present,  e.g.,  in  the  weld  decay  of  steels.  For 
various  environments  that  promote  intergranular  attack  on  ferritic 
steels,  it  has  been  shown  that  the  same  environments  promote 
intergranular  attack  in  the  presence  of  appropriate  stresses,  even 
though  the  initial  attack  on  unstressed  samples  may  penetrate  to 
much  less  than  a  typical  grain  diameter  before  filming  prevents 
further  penetration;  similar  observations  have  been  made  on  other 
alloy-environment  combinations. 

Discussion  of  such  phenomena  is  now  largely  concerned  with 
the  nature  of  the  substances  present  at  grain  boundaries  that  induce 
such  sensitivity  to  selective  corrosion.  The  relatively  recent  advent  ol 
experimental  and  analytical  methods31  for  assessing  the  extent  of 
segregation  to  interfaces,  including  grain  boundaries,  has  provided 
information  that  previously  was  largely  inferred  from  indirect  mea¬ 
surements.  However,  there  are  some  possible  problems  in  simply 
assuming  that  the  demonstration  of  specific  heterogeneity  at  grain 
boundaries  is  sufficient  to  indicate  the  causes  of  selective  dissolution 
or  cracking  at  such  locations.  As  an  example  of  the  hype  of  approach 
that  is  necessary,  the  work  of  Joshi  and  Stem32  may  be  cited.  They 
used  Auger  electron  spectroscopy  (AES)  to  determine  the  segrega¬ 
tion  effects  in  the  vicinity  of  intergranular  fracture  surfaces  in  type  304 
(UNS  S30400)  stainless  steel  (SS)  and  showed  that  Cr-depleted 
zones  accounted  for  grain-boundary  attack  in  a  weakly  oxidizing 
solution  such  as  the  H2S04-CuS04  environment  involved  in  the 
Strauss  test.  However,  in  the  strongly  oxidizing  solution  of  the  Huey 


test  (HN03-K2Cr04),  there  was  no  correlation  with  Cr  depletion, 
although  the  extent  of  gram-boundary  attack  in  the  solution  did 
correlate  with  the  segregation  of  S  to  the  grain  boundaries. 

In  relation  to  the  IGSCC  of  ferritic  steels  in  an  NH4N03  solution, 
Lea  and  Hondros33  have  defined  susceptibility  in  terms  of  a  fragility 
index  (a  product  of  the  propensity  of  an  element  to  segregate  to  gram 
boundaries  and  its  relative  harmfulness,  atom  for  atom,  once  at  the 
grain  boundary)  From  tests  on  11  ingots  of  mild  steel  to  which 
different  elements  were  added,  the  data  are  presented  as 

fragility  index  =  20%P  +  1.9%Cu  +  1%Sn  +  0.9%Sb 
+  0.4%As  +  0.3%Zn  +  0.2%Ni 
(+  700%S  +  27%Ca  +  1  %AI)  (2) 

it  is  claimed  that  since  S,  Ca,  and  Al  will  be  present  as  precipitates, 
they  would  not,  in  general,  be  detected  as  grain-boundary  segre- 
gants  and  their  ineffectiveness  is  indicated  by  the  brackets  in 
Equation  (2).  The  extent  of  segregation  to  the  grain  boundaries  was 
determined  by  AES.  Since  such  steels  do  not  normally  fracture 
intergranularly  and  in  order  to  allow  spectroscopic  measurement  on 
grain-boundary  material,  a  stress  corrosion  crack  was  produced  from 
a  notch  in  the  specimens  by  exposure  to  the  nitrate  solution,  and  then 
the  remaining  metal  was  fractured  at  liquid  nitrogen  temperature.  The 
authors  indicate  that  this  produced  short  lengths  of  grain-boundary 
fracture  beyond  the  stress  corrosion  crack  before  the  brittle  crack 
became  transgranular,  and  it  was  upon  this  small  area  of  grain¬ 
boundary  fracture  that  the  spectroscopy  was  conducted.  The  SCC 
data  are  shown  in  Figure  1  as  fracture  times  in  slow  strain  rate  tests 
(SSRTs)  for  the  mild  steels  in  nitrate  and  paraffin,  the  latter  as  an  inert 
environment.  Clearly,  P  had  the  most  deleterious  effect,  but  only 
marginally  so  by  comparison  with  S,  while  Al  and  Ca,  the  other 
elements,  together  with  S,  that  are  discounted  in  relation  to  Equation 
(2),  also  show  significantly  deleterious  effects. 


FIGURE  1  -Failure  times  from  replicated  SSRTs  In  5  N  NH„N03 
and  in  liquid  paraffin  for  a  mild  steel  base  to  which  various 
impurities  were  added  (after  Lea  and  Hondros33). 

Lea34  used  a  reduced  form  of  Equation  (2),  involving  only  the 
first  four  elements,  to  compare  the  cracking  susceptibilities  of  various 
steels  that  had  failed  in  service  in  a  variety  of  environments.  The 
fragility  indexes  for  steels  that  did  and  did  not  crack  for  similar 
exposure  conditions  are  compared,  and  it  is  shown  that  the  fragility 
index  was  nearly  always  higher  in  cracked  than  in  the  corresponding 
uncracked  specimens  Since  the  first  four  terms  in  Equation  (2)  are 
dominated  by  the  high  coefficient  for  P,  Lea  states  that  a  similar 
correlation  with  cracking  is  obtained  by  considering  P  alone. 

More  recently,  Krautschick,  et  al.,35  have  measured  the  crack¬ 
ing  responses  of  iron-phosphorous  alloys  containing  0.003  to  2  wt% 
P  in  SSRTs  with  exposure  to  5  N  NH4N03  at  75°C.  Figure  2  shows 
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the  work  of  fracture  in  the  nitrate  solution,  relative  to  that  for  an  inert 
environment,  for  what  the  authors  describe  as  “carbon  steels"  with 
different  P  contents,  the  samples  being  heat  treated  at  940°C  for  1  h 
followed  by  48  h  at  500°C,  the  latter  to  establish  grain-boundary 
segregation  of  P.  In  the  potential  range  from  -300  to  -100  mV,  the 
resistance  to  cracking  is  somewhat  greater  for  the  low-P  material 
than  the  corresponding  values  for  the  high-P  steels  and,  for  the  latter, 
the  relative  work  of  fracture  is  reduced  further  by  extended  subcritical 
heat  treatment.  Unfortunately,  although  the  authors  refer  to  the 
materials  as  carbon  steels,  no  chemical  analyses  other  than  for  P  are 
given,  but  the  fact  that  the  0.003  wt%  P  steel  shows  appreciable 
susceptibility  to  cracking  indicates  that  substances  other  than  P  could 
be  involved  in  promoting  susceptibility  to  cracking,  despite  the 
correlations  with  the  grain-boundary  P  contents  determined  by  AES 
analysis.  Krautschick,  et  a!.,  attribute  the  effects  of  P  to  impeding  the 
formation  of  oxides  in  the  grain-boundary  regions,  thereby  stimulat¬ 
ing  selective  corrosion  at  the  boundaries.  However,  because  of  the 
absence  of  any  influence  of  P  at  potentials  above  -100  mV,  they 
conclude  .  .  that  P  segregation  is  not  necessarily  the  origin  of 
IGSCC  of  mild  steels  in  nitrate  solutions  and  that  special  low  P 
containing  carbon  steels  could  also  show  susceptibility  to  IGSCC  in 
certain  conditions." 


FIGURE  2— Results  from  SSRTs  on  C  steels  wih  different  P 
contents  in  5  N  NH4N03  at  various  potentials  (after  Krautshlck, 
et  al.35). 


While  there  are  these  indications  of  the  possible  importance  of 
P  in  ferritic  steels  in  promoting  IGSCC,  there  are  other  data 
available36’37  indicating  that  C  and  N  are  important  in  such  materials 
in  relation  to  nitrate-induced  cracking.  Moreover,  attempts  to  repro¬ 
duce  the  Auger  measurements  of  Lea  and  Hondros33  by  propagat¬ 
ing  intergranular  stress  corrosion  cracks  through  brittle  fracture  at 
liquid  nitrogen  temperature  to  produce  intergranular  facets  on  which 
spectroscopy  could  be  conducted,  were  not  successful  on  a  range  of 
ferritic  steels.38  Consequently,  a  different  approach  was  applied  to 
the  problem  of  determining  the  relative  contributions  of  C,  N,  and  P 
to  the  IGSCC  of  ferritic  material  This  involved  starting  with  pure  iron 
(0.001  wt%  C,  0.002  wt%  P,  and  N  not  detectable),  which  was  shown 
to  be  not  susceptible  to  IGSCC  in  SSRTs  with  exposure  to  a 
carbonate-bicarbonate  solution,  and  adding  controlled  amounts  of  C, 

N.  or  P  by  diffusion  and  subsequent  homogenization.  The  addition  of 

O. 03  to  0.231  wt%  C,  0.0226  or  0.393  wt%  N,  or  0.03  wt%  P  all 
resulted  in  IGSCC,  although  such  was  not  observed  with  0.005  wt% 

P.  Clearly,  the  conclusion  of  Krautschick,  et  al.,35  that  P  segregation 
is  not  necessarily  the  origin  of  IGSCC  of  mild  steels  is  confirmed, 
even  in  relation  to  a  different  environment. 

Quite  apart  from  ensuring  that  corrobatory  experiments  or 
measurements  are  undertaken  to  ensure  that  substances  segre¬ 
gated  to  grain  boundaries  are  involved  in  the  cracking  reactions,  the 
question  remains  as  to  the  mechanism  whereby  such  segregants  are 


operative  in  promoting  cracking.  The  early  work  of  Mears,  Brown,  and 
Dix39  showed  that  the  Mg2AI3  phase  precipitated  in  Al-Mg  alloys  is 
-~0.2  V  anodic  to  the  matrix  when  the  two  phases  are  immersed  in  a 
NaCI/H202  solution.  Several  workers  have  subsequently  shown 
similar  galvanic  effects  at  grain  boundaries,  using  micro-electrodes  to 
measure  potential  differences  between  grain-boundary  regions  rel¬ 
ative  to  the  bulk  corrosion  potential  or  by  the  preparation  of 
substances  in  bulk  representing  the  differences  in  composition 
between  boundary  and  matrix  materials.  Lea  and  Hondros33  have 
applied  what  they  term  a  simplistic  approach  to  their  data  for  the 
IGSCC  of  steel  in  nitrate  (Figure  1).  They  consider  that  the  driving 
force  for  dissolution  is  related  to  the  potential  difference  between  the 
matrix  and  the  segregant  atoms  forming  a  galvanic  cell.  They 
calculate  this  potential  difference  from  the  equilibrium  potentials  at 
pH  5  (taken  from  potential-pH  diagrams  and  on  the  assumption  that 
there  is  an  ionic  concentration  of  about  0.1  M  of  the  dissolving 
species  at  the  crack  tip)  for  each  segregant  and  for  iron.  Although 
there  are  obvious  queries  as  to  the  validity  of  such  an  approach, 
especially  for  the  elements  S,  P,  As,  and  Sb,  their  plot  of  these 
potential  differences  between  iron  and  the  iron  segregants,  IAE0l  = 
Ej°9  -  Eo0,  against  the  normalized  effect  on  SCC  propensity  shows 
a  tendency  for  the  potency  of  the  segregant  to  increase  as  IAE0l 
increases,  as  is  apparent  from  Figure  3.  While  the  use  of  such 
equilibrium  potentials  may  be  too  simplistic  for  some  to  accept,  Lea 
and  Hondros  claim  that  even  with  accepting  Figure  3  just  as  an 
empirical  indication,  the  trend  is  sufficient  to  be  used  predictively. 


EQUILIBRIUM  POTENTIAL  DIFFERENCE 
BETWEEN  Fe  AND  SEGREGANT  ATOMS  V 

FIGURE  3-Normalized  times  to  failure  of  the  steels  shown  in 
Figure  1  as  a  function  of  the  equilibrium  potential  between  Fe 
and  the  segregant  atoms  at  the  grain  boundaries  (after  Lea  and 
Hondros33). 

If  that  is  done  in  relation  to  the  effects  of  other  alloying  elements 
upon  the  cracking  propensities  of  ferritic  steels,  but  in  a  NaN03 
solution,  it  is  clear  that  precisely  the  opposite  effect  to  that  shown  in 
Figure  3  is  obtained.  Tests  upon  some  45  steels  containing  various 
alloying  additions  were  expressed  in  terms  of  a  stress  corrosion  index 
(SCI)  that  not  only  reflected  the  normalized  cracking  susceptibility',  as 
in  Figure  3,  but  the  variation  of  that  parameter  with  potential.40  The 
SCI  for  a  given  steel  was,  therefore,  a  measure  of  the  area  bounded 
by  a  plot  of  the  normalized  time-to-failure  in  SSRTs  against  potential. 
Regression  analysis  of  such  data  for  tests  in  a  NaN03  solution 
produced: 

SCI  =  1777  -  996%C  -  390%Ti  -  343%AI  (— 132%Mn) 

-  1 1 1%Cu  -  90%Mo  -  62%Ni  +  292%Si  (3) 
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A  negative  coefficient  indicates  a  beneficial  effect  in  relation  to 
cracking  susceptibility,  while  the  result  in  brackets  for  Mn  indicates 
that  the  t  ratio  from  the  statistical  treatment  was  small  and  the  result, 
therefore,  probably  insignificant.  If  the  l  AEcl  values  as  defined  by  Lea 
and  Hondros  are  calculated  for  these  various  elements,  it  will  be  seen 
that  as  lA£0l  increases,  so  does  the  coefficient  in  Equation  (3),  i.e., 
precisely  the  reverse  of  the  effect  indicated  in  Figure  3.  There  are 
available*5  equivalent  equations  to  Equation  (3)  for  tests  in  NaOH 
and  a  sodium  carbonate-bicarbonate  solution,  and  they  also  do  not 
conform  to  the  predicted  trend  suggested  by  Lea  and  Hondros  on  the 
basis  of  Figure  3.  The  effects  of  the  alloying  elements  indicated  in 
Equation  (3)  for  these  various  solutions  are  more  rdadily  explicable 
on  the  basis  of  their  filming  tendencies  than  upon  their  tendency  to 
segregate  to  grain  boundaries,  although  their  carbide-forming  ten¬ 
dencies  also  probably  have  some  influence.40 

Apart  from,  or  probably  in  addition  to,  simple  galvanic  effects 
arising  from  segregants  located  at  grain  boundaries,  there  is  also  the 
possibility  that  filming  characteristics  are  modified  in  grain-boundary 
regions  where  segregants  are  present.  The  suggestions  of  Krauts- 
chick,  et  al.,35  along  these  lines  to  explain  the  effect  of  P  segregated 
to  grain  boundaries  in  steels  has  already  been  mentioned,  but  Flis41 
ascribes  a  similar  role  to  segregated  C  in  the  IGSCC  of  Armco  iron 
and  other  low  C,  iron  alloys  in  a  phosphate  solution.  It  would  appear 
inevitable  that  if  enhanced  dissolution  occurs  in  grain-boundary 
regions  because  of  the  presence  of  segregants,  then  filming  will  be 
impaired  in  those  regions  and  to  offer  the  latter  as  an  effective 
explanation  of  IGSCC  simply  restates  the  problem  in  different  terms. 
Moreover,  the  evidence  offered  in  support  of  such  explanations  is 
usually  in  the  form  of  potentiodynamic  polarization  curves  for  alloys 
of  different  C  contents,  so  the  electrochemical  behavior  is  that  of  a 
heterogeneous  electrode  and  presumably  reflects,  at  best,  some 
averaged  behavior  of  the  phases  exposed.  The  inadequacies  of  such 
approaches  are  readily  apparent  from  the  work  of  Cron,  et  al.,42  who 
studied  the  distribution  of  attack  in  transmission  electron  microscopy 
(TEM)  foils  of  a  0.45%  C  steel  immersed  in  various  environments  at 
different  potentials.  Selective  attack  was  upon  the  carbide,  the 
iron-rich  matrix  or  the  interface  between  these  phases  depending 
upon  the  pH,  potential,  and  anion  present.  Similar  observations  have 
been  made  in  relation  to  the  exposure  of  mild  steel  to  the  IGSCC 
environments,  nitrates,  hydroxides,  and  carbonate-bicarbonate 
solutions 43  There  is  need  for  more  work  of  the  type  conducted  by 
Cron,  et  al.,43  and  where  associated  polarization  measurements  are 
made  it  would  be  more  appropriate  that  they  be  on  single  phase 
materials  representing  the  different  compositions  and  phases  present 
in  multicomponent  alloys.  Only  by  such  approaches  coupled  with  the 
identification  of  precipitates  or  segregates  at  grain  boundaries  will 
those  aspects  of  the  IGSCC  mechanism  in  specific  systems  be 
removed  from  the  realms  of  guesswork. 

Apart  from  being  preferred  sites  lor  the  generation  of  localized 
electrochemical  heterogeneity,  there  are  other  roles  that  grain 
boundaries  may  fill  in  cracking  mechanisms.  The  association  of 
IGSCC  in  aluminum  alloys  with  the  existence  of  precipitate-free 
zones  near  grain  boundaries  suggests  that  the  relative  ease  of  plastic 
deformation  in  such  zones  will  facilitate  crack  growth.  The  well 
established  role  of  grain  boundaries,  even  in  single  phase  materials, 
in  providing  obstacles  to  dislocation  motion  whereby  pile-ups  occur  at 
boundaries  has  also  been  invoked  in  the  context  of  the  importance  to 
cracking  mechanisms  of  localized  deformation  in  grain-boundary 
regions  Certainly,  there  is  evidence  for  grain-boundary  sliding 
accompanying  IGSCC  (Figure  4(a)],  but  so  also  is  there  for  trans 
granular  cracking  (Figure  4(b)],  which  is  hardly  surprising  in  view  of 
the  compatibility  requirements  of  deformation  in  polycrystalline 
materials  However,  the  precise  role  of  plastic  deformation  in  crack 
initiation  or  growth  does  not  always  conform  to  the  apparent 
mechanistic  requirements,  especially  of  those  that  are  dissolution 
related. 

It  has  already  been  mentioned  that  dissolution  at  slip  steps  has 
been  observed28  29  in  conformity  with  the  slip  step  dissolution  model. 
However,  a  further  requirement  of  the  lattei  is  that  for  such  a 
mechanism  to  operate,  the  slip-step  height  should  exceed  the 


thickness  of  the  surface  film  if  unfilmed  metal  is  to  be  exposed  to  the 
environment.  Measurements  of  film  thickness  and  maximum  slip- 
step  heights,  the  latter  dependent  upon  the  grain  size  of  the  metal, 
have  been  measured  for  a-brass  exposed  to  a  NaN02  solution.44 


FIGURE  4- Evidence  of  grain-boundary  sliding  accompanying 
(a)  IGSCC  in  an  Al-Zn-Mg  alloy  exposed  to  a  chloride  solution 
and  (b)  transgranular  cracking  in  a-brass  exposed  to  NaN02 
solution. 

Figure  5  shows  the  film  thicknesses,  measured  by  different  methods, 
as  a  function  of  potential  together  with  the  maximum  slip-step  heights 
for  three  different  grain  sizes,  from  which  it  is  apparent  that  only  (or 
the  180-pm  grain  size  material  below  about  0  VSCE,  and  below  about 
0.1  VSCE  for  the  grain  size  of  35  urn,  is  slip-step  emergence  beyond 
the  oxide  film  thickness  likely.  For  the  smallest  gram  size  material 
shown  in  Figure  5,  the  maximum  slip-step  heights  are  always  below 
the  film  thickness  for  any  potential  at  which  cracking  occurs.  These 
indications,  especially  for  the  smaller  grain  size  brasses,  that  no 
crack  initiation  at  emergent  slip  steps  should  occur  were  confirmed  by 
metallographic  observations  on  specimens  strained  in  the  NaNOa 
solution.  What  did  occur  was  that  cracks  invariably  initiated  at  grain 
or  twin  boundaries.  Even  in  180-p.m  gram  size  brass  at  -0.1  VSCE, 
cracks  initiated  at  grain  boundaries  before  initiating  at  merging  slip 
steps.  However,  although  intergranular  initiation  was  dominant,  the 
cracks  immediately  propagated  in  a  transgranular  mode,  behaviors 
also  shown  to  be  operative  in  the  presence  of  other  environments 
that  promote  transgranular  propagation. 
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FIGURE  5— Measured  and  calculated  film  thickness  as  a  func¬ 
tion  of  applied  potential  for  a-brass  exposed  to  1  M  NaN02.  The 
maximum  slip-step  heights,  measured  interferometrically  after 
2%  strain  for  typical  grain  sizes,  are  also  shown  to  indicate  the 
condition  for  crack  initiation  by  slip-step  emergence.44 

The  protagonists  of  the  slip-step  dissolution  model  for  SCC  may 
find  support  in  the  result  that  transgranular  crack  initiation  was  only 
observed  when  the  maximum  slip-step  height  exceeded  the  film 
thickness  However,  such  a  result  was  obtained  only  for  relatively 
coarse-grained  brass,  to  maximize  the  slip-step  height,  and  at  low 
potentials,  to  minimize  the  film  thickness;  yet,  SCC  occurs  in  coarse- 
and  fine-grained  brasses  where  it  would  not  be  predicted  to  occur  on 
the  basis  of  such  an  approach  It  may  be  argued  that  the  common 
factor  throughout  was  crack  initiation  at  grain  or  twin  boundaries,  and 
so  the  slip-step  dissolution  model  for  propagation  is  not  reflected  by 
such  observations  on  initiation.  But  why  should  cracks  prefer  to 
initiate  at  grain  or  twin  boundaries  when  the  subsequent  propagation 
is  transgranular?  It  appears  likely  that  this  will  relate  to  either 
chemical  heterogeneity  at  the  grain  boundaries,  mechanical  phe¬ 
nomena  concentrated  in  such  regions,  to  some  peculiarity  of  the 
overlying  film  at  these  locations,  or  to  some  combination  thereof. 
Consideration  of  these  alternatives  suggests  that  filming  character¬ 
istics  at  boundaries  probably  plays  the  dominant  role.  No  evidence 
was  obtained  that  the  film  thickness  was  essentially  different  at  such 
sites  from  those  at  grain  surfaces,  although  the  fact  that  the  strain  to 
initiate  cracking  at  boundaries  is  appreciably  less  than  that  to  initiate 
transgranular  cracks  at  emergent  slip  steps  in  coarse-grained 
material25  may  indicate  that  the  mechanical  properties  of  the  film  in 
such  regions  are  different  from  those  covering  other  parts  of  the 
exposed  surfaces.  The  epitaxy  that  probably  obtains  at  grain 
surfaces  is  likely  to  be  perturbed  in  boundary  regions  and  may 
account  for  a  preference  for  fracture  in  such  locations. 

Of  course,  even  such  suggestions  make  no  comment  upon  why 
cracks  initiated  at  grain  or  twin  boundaries  should  subsequently 
propagate  transgranularly.  Indeed,  the  problem  is  further  compli¬ 
cated  by  the  observation25  for  the  brass-NaN02  system  that,  in  some 
circumstances,  the  crack  propagation  reverts  to  intergranular  after 
some  transgranular  growth.  It  is  possible  to  speculate  that  the  latter 
change  may  result  from  changes  in  the  environment  contained  within 
the  crack  enclave,  but  there  is,  as  yet,  no  evidence  of  such  for  this 
system.  Interchanges  between  intergranular  and  transgranular  crack¬ 
ing  are  not  unique  to  the  brass-NaN02  system  and  can  result  from 
small  changes  in  applied  potential,  from  changes  in  environment 
composition  or  from  modifications  to  the  structure  or  composition  of 
an  alloy  Such  phenomenology  should  not  be  ignored,  as  is  so 
frequently  the  case,  since  it  sometimes  will  constitute  a  test  of 
mechanistically  oriented  models  that  might  otherwise  persist  through 
default. 

While  the  current  fashion  may  be  to  invoke  dissolution-con¬ 
trolled  mechanisms  primarily  in  relation  to  intergranular  cracking, 
there  remains  a  considerable  body  of  evidence45  relating  transgran¬ 
ular  cracking  to  localized  dissolution  processes.  The  localization  of 


the  dissolution  in  such  cases  is  most  often  related  to  slip  and 
particularly  that  which  occurs  with  some  fee  alloys  having  a  low 
stacking  fault  energy  or  displaying  short  range  order,  where  planar 
groups  of  dislocations  are  favored  and  cross  slip  made  more 
difficult.46  The  observations  of  Swann  and  his  coworkers47'49  of 
dissolution  associated  with  planar  dislocation  arrays  in  TEM  foils  led 
to  the  suggestion  that  arrays  of  fine  corrosion  tunnels  form,  which 
subsequently  interconnect  by  the  tearing  of  the  remaining  ligaments 
between  the  tunnels.  The  objections  that  have  most  frequently  been 
raised  to  such  transgranular  dissolution  models  is  that  they  have 
difficulties  in  accounting  for  the  matching  opposite  fracture  surfaces, 
and  the  fact  that  the  planes  on  which  tunneling  and  fracture  occur  are 
not  the  same.  However,  at  about  the  same  time  that  Swann  was 
developing  the  tunneling  model,  Nielsen50  was  examining,  by  TEM, 
the  corrosion  products  removed  from  stress  corrosion  cracks  in 
austenitic  SSs  after  exposure  to  chloride  solutions.  In  general,  these 
take  the  form  of  fans  showing  lamella  markings  (Figure  6),  suggest¬ 
ing  that  crack  growth  was  discontinuous.  It  may,  of  course,  be  argued 
that  such  oxide  films  are  formed  after  the  crack  tip  has  advanced  and 
that  they  are  simply  replicating  the  stress  corrosion  fracture  surface. 
However,  when  Nielsen  exposed  samples  of  the  steel  to  MgCI2 
solution  for  only  a  few  minutes,  oxide-filled  corrosion  tunnels 
developed,  which,  as  Figure  7  indicates,  were  joined  by  lateral 
tunnels  that  increased  in  number  on  moving  towards  the  original 
surface  of  the  specimen,  to  produce  a  corrosion-product  fan  resem¬ 
bling  Figure  6.  Figure  7,  in  particular,  shows  features  that  appear 
more  consistent  with  crystallographically  related  dissolution  than  with 
film-induced  cleavage.  Somewhat  similar  effects  have  been 
observed51  in  a  copper  alloy  exposed  to  ammonia  vapor  and  again 
suggest  that  localized  dissolution  processes  cannot  be  ruled  out  as 
a  contributing  factor  in  the  growth  of  transgranular  stress  corrosion 
cracks  in  some  systems.  Of  course,  one  of  the  most  important  tests 
of  any  model  is  the  extent  to  which  it  can  predict  the  known  or  likely 
behavior  of  a  system,  and  in  this  respect,  some  models  are  quite 
successful,  especially  in  relation  to  the  environmental  requirements 
for  cracking,  the  matter  now  considered. 


FIGURE  6— Corrosion  product  fans  emanating  from  cracks  In 
stainless  steel  (original  magnification  X72CO).50 


Environmental  Aspects  of  Cracking 

One  of  the  most  important  problems  in  relation  to  avoiding 
service  failures  by  SCC  is  concerned  with  predicting  those  environ¬ 
mental  conditions  that  sustain  this  mode  of  failure.  The  specificity  of 
solution  conditions  that  promote  SCC  has  sometimes  been  mislead¬ 
ing  in  that  it  has  engendered  the  thought  that  cracking  only  occurs  in 
those  almost  classical  environments  that  have  long  been  known  to 
promote  this  type  of  failure  in  specific  alloys,  e.g.,  nitrate  and 
hydroxides  in  relation  to  ferritic  steels,  chlorides  in  relation  to  SSs, 
and  ammn'.fs;  ,n  relation  to  brasses.  While  the  concept  of  solution 
specificity  remains  in  the  sense  that  not  all  environments  corrosive 
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towards  a  particular  metal  will  promote  SCC,  nevertheless,  the 
number  of  environments  that  are  potent  towards  a  specific  alloy 
continue  to  increase  with  the  passage  of  time. 


FIGURE  7— Oxide  extraction  replica  of  corrosion  tunnels  In 
18Cr-8Ni-type  SS  (original  magnification  X6400).50 


Assuming  an  alloy  of  appropriate  composition  and  structure  and 
a  stress  intensity  factor  or  strain  rate  of  suitable  magnitude  to 
promote  SCC,  what  are  the  environmental  requirements?  If  the  crack 
growth  involves  dissolution,  then,  like  any  localized  corrosion  prob¬ 
lem,  stress  corrosion  requires  some  critical  balance  between  active 
and  passive  behavior  since  gross  activity  is  likely  to  promote  general, 
rather  than  localized,  dissolution,  and  passivity,  by  definition,  will  not 
be  associated  with  any  corrosion.  More  specifically,  the  geometry  of 
a  crack  requires  that  the  reactions  that  occur  at  a  crack  tip  proceed 
at  a  considerably  faster  rate  than  any  dissolution  processes  that 
occur  at  all  other  exposed  surfaces  of  the  metal,  including  the  crack 
sides,  so  that  there  is  not  a  requirement  of  complete  passivation  of  all 
surfaces  except  for  the  crack  tip,  but  merely  that  the  relativo  rates  of 
reaction  are  very  different.  Moreover,  as  the  crack  tip  advances, 
those  parts  of  the  surface  that  at  an  earlier  stage  constitute  part  of  the 
crack-tip  region  become  incorporated  in  the  crack  sides,  so  that  they 
must  undergo  an  active  -*  passive,  or  relatively  inactive,  transition. 
If  this  did  not  occur  and  the  crack  sides  remained  active,  then  they 
would  spread  laterally  and  the  crack  geometry  would  be  lost. 

The  extent  to  which  metal  surfaces  will  exhibit  active  -» passive 
transitions  at  rates  appropriate  to  sustain  SCC  depends  not  only 
upon  the  nature  of  the  environment,  including  its  composition, 
temperature,  and  the  potential  that  it  engenders,  but  also  upon  the 
composition  and  tha  structure  of  the  metal.  Thus,  the  environmental 
requirements  for  cracking  will  vary  fiom  one  alloy  to  another,  as 
exemplified  by  the  observations  that  those  materials  that  are 
inherently  more  reactive,  such  as  C  steels  and  Mg-base  alloys, 
require  the  passivating  influence  to  be  incorporated  into  the  environ¬ 
ment,  hence  the  cracking  of  mild  steels  in  nitrates,  hydroxides, 
carbonates,  phosphates,  and  the  like,  and  the  cracking  of  Mg-A1 
alleys  in  appropriate  mixtures  of  chromate  and  chlorido.  On  the  other 
hand,  those  metals  that  are  inherently  less  active,  such  as  the  Al  and 
Ti  base  alloys  and  the  SSs,  because  of  the  ease  with  which  they  form 
protective  oxide  films,  crack  most  readily  in  the  presence  of  aggros- 
si"  \  halide  ions.  The  highly  specific  nature  of  the  solution  composi¬ 
tion  .oquirements  for  crack  growth  by  a  dissolution-controlled  mech- 
ani'^  are  not  so  rigid  in  relation  to  crack  growth  resulting  from  the 
ingress  of  hydrogen  into  the  metal,  the  primary  requirement  being 
that  the  environment  provides  a  source  of  hydrogen  that  is  released 
by  appropriate  electrochemical  conditions. 

There  is  an  interesting  distinction  between  stress  corrosion  and 
corrosion  fatigue  in  relation  to  the  environmental  requirements  foi 
crack  growth  under  nominally  static  and  cyclic  loading.  Thus,  with 
cyclic  loading,  those  environments  that  promote  stress  corrosion  will 
also  promote  coirosion  fatigue,  but  so  will  many  other  environments 
that  do  not  promote  stress  corrosion.  The  probable  reason  is  that 


whereas  with  stress  corrosion,  the  retention  of  crack  geometry  is 
dependent  upon  achieving  an  appropriate  active  -*■  passive  transi¬ 
tion,  with  cyclic  loading,  mechanics  retains  the  geometry  of  the  crack. 
The  consequence  is  that  the  environmental  requirements  for  crack¬ 
ing  are  less  specific  for  corrosion  fatigue  than  for  stress  corrosion. 

There  are  various  methods  available  for  measuring  the  propen¬ 
sity  for  active  -*  passive  transitions,  all  involving  the  observation  of 
the  current  response  of  the  metal  surface  for  specific  exposure 
conditions  since  the  obvious  implication  of  such  a  transition  is  that  the 
current  density  should  dimmish  at  an  appropriate  rate  with  time.52 
The  methods  vary  in  relation  to  the  technique  used  for  creating  the 
bare  metal  surface  upon  which  the  current  response  is  monitored, 
and  these  range  from  cathodic  reduction  of  the  initial  air-formed  film, 
in  those  relatively  few  cases  where  such  is  possible,  to  scratching  or 
otherwise  mechanically  rupturing  surface  films  of  the  more  electro- 
chemicaily  stable  forms.  Such  methods  will  usually  give  at  least  an 
approximate  indication  of  the  potentials  at  which  SCC  is  likely,  and 
they  can  be  useful  in  indicating  probable  upper-bound  crack  growth 
rates,  matters  which  are  considered  below. 

Various  thermodynamic  considerations 

It  is  now  well  established  that  SCC  only  occurs  over  particular 
ranges  of  potential  for  a  given  metal-environment  combination.  Such 
potential  dependence  must  be  related  to  specific  reactions  whereby 
the  environmental  requirements  for  cracking  are  met.  Probably  the 
simplest  situation  in  this  respect  arises  with  hydrogen-induced 
cracking,  where  the  hydrogen  derives  directly  from  the  bulk  environ 
ment  to  which  the  metal  is  exposed,  and  in  which  circumstances  the 
conditions  for  cracking  would  be  predicted  to  be  met  where  the 
potential  is  below  that  for  hydrogen  discharge  at  the  relevant  pH. 
Figure  8  shows  a  plot  of  the  highest  potentials  at  which  hydrogen- 
induced  cracking  was  observed  in  various  ferritic  steels  exposed  to 
different  solutions.53  Clearly,  those  potentials  lie  just  below  the 
calculated  equilibrium  potential  for  hydrogen  discharge  as  a '  motion 
of  pH,  so,  there  is  reasonable  agreement  between  the  predicted  and 
observed  behaviors. 


FIGURE  8-Hlghest  potentials  at  which  hydrogen-induced  crack¬ 
ing  was  observed  in  various  ferritic  steels  exposed  to  different 
solutions  and  subjected  to  SSRTs.  The  line  represents  the 
equilibrium  potential  for  hydrogen  discharge  as  a  function  of 
pH.53 

Where  crack  growth  is  by  dissolution  associated  with  filming 
reactions  to  retain  crack  geometry,  the  potential  dependence  of 
cracking  should  reflect  those  requirements,  ayair.  with  some  pH 
dependence  because  of  the  influences  of  that  quantity  upon  the 
potentials  al  which  the  various  reactions  are  possible.  Where  the 
necessary  thermodynamic  data  are  available  for  the  species  mvoived 
in  a  particular  system,  it  should  be  possible  to  calculate  the  limits  of 
the  cracking  domain.  This  has  been  done  for  the  cracking  of 
low  strength  ferritic  steel  exposed  to  phosphate  solutions  and  the 
agreement  between  the  observed  and  calculated  boundaries  of  the 
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cracking  domain  is  reasonable  54  For  that  system,  as  with  ferritic 
steels  in  other  environments,  the  upper  boundary  of  the  cracking 
domain  is  met  when  the  stable  phase  becomes  y-Fe203,  i.e.,  at 
potentials  where  only  the  latter  forms  cracking  does  not  occur.  While 
the  potentials  and  pHs  at  which  that  phase  can  form  will  depend  upon 
the  phases  formed  within  the  cracking  domain,  it  is  interesting  to 
consider  the  location  of  the  potential-pH  domains  for  cracking  in 
various  systems  involving  different  ferritic  steels  in  a  range  of 
environments  at  temperatures  between  20  and  288°C.  Figure  9 
shows  the  various  cracking  domains  together  with  the  calculated 
equilibrium  potentials  for  reactions  between  Fe203  and  Fe304  and 
between  Fe304  and  Fe  and  for  hydrogen  discharge,  all  at  90°C  as 
representing  an  average  temperature  for  the  various  systems 
involved.55  Clearly,  each  cracking  domain  is  associated  with  the 
calculated  Fe304/Fe203  line  and,  indeed,  in  all  of  these  systems, 
Fe304  is  observed  to  form  under  conditions  where  cracking  occurs, 
although  it  is  frequently  associated  with  other  phases,  e.g.,  FeC03  in 
the  case  of  cracking  by  carbonate-bicarbonate  solutions  and  Fe3(P04)2 
for  cracking  by  phosphate  solutions.  Moreover,  for  most  of  the 
systems  shown  in  Figure  9,  only  ductile  failures  occur  in  SSRTs 
conducted  at  potentials  high  enough  to  form  Fe203  alone.  While  it  is 
clear  that  the  anions  exert  a  significant  influence  upon  the  location  of 
the  cracking  domains,  the  importance  of  Fe304  formation  within  the 
cracking  ranges  and  Fe203  formation  under  conditions  associated 
with  ductile  fracture  appear  well  established,  but  the  reasons  for  such 
are  less  so. 


FIGURE  9-Potentlal  and  pH  ranges  for  the  SCC  of  ferritic  steels 
In  various  environments,  together  with  the  pH-dependent  equi¬ 
librium  potentials  for  reactions  Involving  Fe  -*  Fe3,  H  -*  H+,  and 
Fe304  Fe203.55 

The  exceptions  in  Figure  9  to  only  ductile  failure  occurring  at 
potentials  high  enough  to  fcrm  Fe203  involve  nitrates  and  high- 
temperature  water.  In  both  of  those  systems,  cracks  grow  from  pits 
and  within  the  pit  crack  enclaves,  Fe304  forms,  despite  the  external 
surfaces  being  covered  with  Fe203  films.  The  initiation  of  stress 
corrosion  cracks  from  pits  has  been  observed  in  a  variety  of  systems 
and  is  usually  taken  as  indicative  of  the  local  environment  within  the 
pit  being  potent  and  different  from  that  of  the  bulk  environment 
external  to  tho  crack.  Where  cracking  does  extend  from  pits,  there  is 
usually  reasonable  correlation  of  the  onset  of  cracking  with  the  pitting 
potential,  as,  for  example,  with  ferritic  steel  exposed  to  nitrite- 
containing  nitrate  solutions,55  The  perturbation  of  the  electrochemical 
conditions  within  pits  has  inevitably  led  to  similar  considerations 
being  given  to  tho  conditions  within  crack  enclaves  and  since  the 
early  pioneering  work  of  Brown,57  the  subject  has  attracted  much 
attention.58,59  While  there  can  be  no  doubt  of  the  existence  and 
importance  of  localized  changes  in  environment  composition  and 
potential  within  crack  enclaves  in  some  systems,  it  is  equally  clear 
that  such  changes  are  negligible  in  other  systems. 

The  latter  point  may  be  illustrated  with  data  for  a  C-Mn  steel 
immersed  in  a  carbonate-bicarbonate  solution  involving  a  simulated 


crack  that  allowed  measurements  of  the  potential  and  current  flow  in 
the  enclave.60  Figure  10  shows  the  potential  along  the  simulated 
crack  at  various  times  and  indicates  that  although  there  was  initially 
a  steep  potential  gradient,  it  was  approximately  halved  in  315  mm 
and  then  disappeared,  quite  suddenly,  at  360  min.  The  reason  for  this 
behavior  is  shown  by  the  associated  current  measurements  indicated 
in  Figure  1 1 .  At  the  outset,  there  was  a  large  current  density  gradient, 
but  the  current  density  at  the  entrance  to  the  simulated  crack  soon 
began  to  form  and  the  peak  current  density  moved  down  the 
simulated  crack.  These  changes  continued  with  the  passage  of  time, 
the  entrance  to  the  crack  passivating  and  requiring  little  current  so 
that  more  of  the  current  could  flow  into  the  crack  to  extend  the 
passivating  process  further  from  the  mouth.  When  the  peak  current 
density  reached  the  tip  of  the  crack,  that  region  finally  passivated  and 
the  potential  and  current  density  gradients  disappeared.  Indeed,  a 
visible  film,  largely  of  Fe304,  could  be  observed  progressing  down 
the  simulated  crack  as  the  potential  and  current  density  gradients 
changed,  until  the  film  reached  the  end  of  the  crack  and  the  gradients 
disappeared.  Although  the  aspect  ratio  of  the  simulated  crack  to 
which  Figures  1 0  and  1 1  refer  was  only  280,  and,  therefore,  about  an 
order  of  magnitude  less  than  that  for  many  real  cracks,  when  the 
aspect  ratio  for  the  simulated  crack  was  increased  to  exceed  1000, 
the  only  effect  was  to  delay  the  disappearance  of  the  potential  and 
current  density  gradient.  A  criticism  of  that  work  is  that  it  did  not 
involve  an  actively  growing  crack  tip  having  a  continuing  current 
requirement.  Consequently,  further  experiments  have  been  con¬ 
ducted  involving,  at  the  remote  end  of  the  simulated  crack,  a 
specimen  that  could  be  dynamically  strained  at  various  rates.61  This 
latter  work  was  conducted  upon  a  Ni-Cr-Mo-V  steel  exposed  to 
NaOH  solution,  which  showed  similar  behavior  to  that  shown  in 
Figures  10  and  11.  When  SSRTs  were  conducted  on  specimens  at 
the  remote  end  of  the  simulated  crack  for  various  potentials  applied 
at  the  entrance  to  the  enclave,  the  maximum  crack  velocities  were 
not  essentially  different  from  those  obtained  with  specimens  openly 
exposed,  i.e.,  not  exposed  to  the  creviced  condition  of  the  simulated 
crack,  for  the  same  potentials.  This  is  apparent  from  Figure  12 
involving  a  simulated  crack  with  an  aspect  ratio  in  excess  of  1000. 


DISTANCE  ALONG  CREVICE  cm 

FIGURE  10-Potentlal-dlstance  at  various  times  f:r  C-Mn  steel 
surfaces  exposed  to  C0j/HC03  solutions  In  segmented  crevices 
at  75°C.  Well  potential  -0.65  V,  crevice  thickness  0.25  mm.60 
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DISTANCE  ALONG  CREVICE  cm 

FIGURE  11 -Current  density-distance  curves  at  various  times 
for  C-Mn  steel  surfaces  exposed  to  C03/HC03  solution  in 
segmented  crevice  at  75‘C.  Well  potential  -0.65  V,  crevice 
thickness  0.25  mm.60 
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FIGURE  12-Crack  velocities  from  SSRTs  In  openly  exposed 
and  creviced  specimens,  the  latter  to  simulate  crack-tip  condi¬ 
tions,  of  a  NI-Cr-Mo-V  steel  In  10  M  NaOH  at  100°C  and  various 
potentials.8’ 


Such  results  are.  of  course,  relevant  to  the  observed  potential 
ranges  for  SCC  If  significant  potential  changes  exist  along  cracks, 
then  it  may  be  expected  that  the  potential  range  over  which  cracking 


is  observed  will  be  a  function  of  whether  precracked  or  initially  plain 
specimens  are  used  for  determining  the  potential  range  in  which 
cracking  is  observed.  If  results  from  both  types  of  specimen  are 
obtained,  then  the  potential  ranges  for  cracking  may  be  expected  to 
be  displaced  by  the  amount  of  the  potential  drop  along  the  precracks, 
assuming  that  the  stress  corrosion  cracks  are  propagated  over 
relatively  short  distances  compared  to  the  lengths  of  the  precracks  so 
that  any  change  in  the  magnitude  of  the  potential  drop  is  small. 
Results  are  available52  for  the  system  to  which  Figures  10  and  11 
refer  and  which  show  that  the  potential  ranges  for  cracking  in  that 
system  are  not  essentially  ditferent  according  to  whether  precracked 
or  initially  plain  specimens  are  used  in  determining  that  range.  The 
reason  is  clear  from  Figures  10  and  1 1  since  if  the  crack-tip  potential 
initially  differs  from  the  applied  potential,  that  difference  will  disap¬ 
pear  in  a  relatively  short  time  compared  to  typical  total  test  times;  so 
that  for  most  of  the  test,  the  crack-tip  potential  will  be  effectively  at  the 
applied  potential.  This  is  likely  to  be  so  for  other  systems  in  which  the 
crack  growth  involves  dissolution  and  the  crack  sides  become  filmed 
so  that  there  is  insignificant  current  drainage  at  the  crack  sides. 
Moreover,  if,  as  is  so  for  the  systems  to  which  Figures  10  through  12 
refer,  the  environment  is  one  that  is  essentially  buffered  and  in  which 
the  dissolving  metal  has  a  very  low  solubility,  then  the  chances  of 
marked  changes  in  the  composition  of  the  electrolyte  in  the  crack 
enclave  are  remote.  On  the  other  hand,  where  these  various 
conditions  do  not  obtain  then  the  potentials  that  will  promote  cracking 
for  precracked  and  initially  plain  specimens  can  be  appreciably 
different.  Thus,  with  a  maraging  steel  exposed  to  NaCI  solution  at 
initial  pHs  of  6  or  1 1 ,  initially  smooth  specimens  failed  in  two  regimes 
of  potential  separated  by  a  region,  some  300  mV  in  extent,  in  which 
cracking  did  not  occur.62  However,  precracked  specimens  did  display 
environment-sensitive  crack  growth  over  the  whole  range  of  poten¬ 
tials,  as  indeed  did  smooth  specimens  that  were  pitted  before 
exposure  to  those  conditions  that  did  not  promote  cracking  in  unpitted 
specimens. 

This  cracking  of  a  maraging  steel  in  two  regimes  of  potential 
separated  by  a  range  of  potentials  in  which  cracking  did  not  occur  for 
initially  plain  specimens  is  indicative  of  cracking  by  two  different 
mechanisms  above  and  below  the  range  of  immune  potentials.  This 
has  been  observed  in  a  number  of  different  systems  and  the 
separation  of  hydrogen-induced  and  dissolution-related  cracking  in 
Figures  8  and  9  is  not  intended  to  imply  that,  for  the  systems  involved, 
cracking  is  invariably  by  one  or  other  of  these  mechanisms.  The 
interrelation  of  these,  and  other  failure  mechanisms,  in  a  poten- 
tial-pH  diagram  for  a  single  system  may  be  illustrated  by  Figure  13, 
which  refers  to  the  exposure  of  Ni-Cr-Mo  steel  specimens  to  an 
ammonium  acetate  solution.63  The  experimental  data  have  been 
superimposed  upon  part  of  the  potential-pH  diagram  for  the  Fe-H20 
system  calculated  for  90CC,  but  because  the  solution  pHs  were 
measured  at  25°C,  the  scales  have  been  adjusted  for  the  latter 
temperature.  Moreover,  the  calculated  boundaries  were  moved,  on 
bloc,  relative  to  the  experimental  data  until  reasonable  coincidence 
was  obtained,  that  amount  corresponding  to  an  overpotential  in  effect 
and  being  about  100  mV,  a  reasonable  value  for  overpotentials.  The 
agreement  between  the  experimentally  observed  modes  of  failure 
and  the  various  domains  of  the  potential-pH  diagram  is  reasonable, 
with  ductile  failure  in  the  presence  of  Fe203,  intergranular  stress 
corrosion  when  Fe304  formed  and  hydrogen-induced  cracking  at 
potentials  where  hydrogen  discharge  is  to  be  expected. 

While  such  approaches  to  identifying  the  potential  ranges  for 
SCC  provide  hope  for  predictive  approaches  to  the  study  of  other 
systems,  the  above  all  refers  to  ferritic  steels  and  raises  the  question 
as  to  the  extent  that  it  is  applicable  to  other  metals.  Figure  14  shows 
the  cracking  domains  for  a-brasses  exposed  to  various  nonammo- 
niacal  environments  superimposed  upon  the  Cu-H20,  potential-pH 
diagram.53  While  the  anions  will  have  a  significant  influence  upon  the 
location  of  the  cracking  domains,  as  with  those  involved  in  the 
cracking  of  steels,  thero  is  a  tendency  for  the  cracking  domains  to  be 
concentrated  in  regions  where  Cu20  is  likely  to  form,  comparable  to 
the  role  of  Fe304  in  the  cracking  of  ferritic  steels.  If  the  indications  ol 
the  importance  of  Cu20  films  in  the  SCC  of  brasses  shown  in  Figure 
14  is  other  than  fortuitous,  it  is  not  immediately  clear  how  this  relates 
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to  the  apparent  importance  of  dealloying  and  TGSCC  in  brasses.64 
Some  of  the  cracking  induced  by  the  environments  indicated  in 
Figure  14  are  intergranular,  for  which  dealloying  and  film-induced 
cleavage  are  not  claimed  to  be  involved  in  the  crack  growth 
mechanism.  Moreover,  pure  copper,  in  which  dealloying  clearly 
cannot  be  involved,  can  also  be  made  to  display  TGSCC  in  nitrite 
solutions  over  essentially  the  same  potential  range  as  is  shown  in 
•  Figure  14  for  a-brass.65  It  is  difficult,  therefore,  to  escape  the 
conclusion  that  Cu20  films  are  involved  in  the  SCC  of  such  materials 
in  a  variety  of  environments  Congruently,  the  evidence  suggesting 
that  dealloying  is  associated  with  cracking  by  some  environments 
cannot  be  ignored  and  there  is  an  obvious  need  for  these  apparent 
conflicts  to  be  resolved,  the  beginnings  of  which  are  apparent  from 
recent  work  by  Fritz,  et  al.,66  By  working  with  a  Cu-Au  alloy  exposed 
to  an  acidified  sulfate  solution,  they  have  shown  that  dissolution  is 
necessary  during  crack  propagation  and  not  simply  as  a  prerequisite 
for  film-induced  cleavage. 


FIGURE  13— SSRT  results  showing  the  modes  of  failure  of  a 
Nl-Cr-Mo  steel  in  1  M  NH4C2H302  at  90°C,  superimposed  upon 
part  of  the  Fe-H20  potentlai-pH  diagram.63 


FIGURE  14— Potential  and  pH  ranges  for  the  stress  corrosion  of 
n-brass  In  various  environments,  together  with  the  equilibrium 
potentials  for  various  reactions.53 


Various  kinetic  considerations 
Where  crack  growth  is  by  a  dissolution-controlled  process  and 
the  crack-tip  strain  rate  is  such  that  filming  of  the  crack  tip  is 
prevented  then  the  crack  velocity  may  be  expected  to  be  related  to 
the  bare  metal  dissolution  rate.  Thus,  writing  Faraday's  second  law 
as  a  penetration  rate,  the  crack  velocity 
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where  ia  =  anodic  current  density,  M  =  atomic  weight  of  the  metal, 
z  =  valency  of  the  solvated  species,  and  F  =  Faraday’s  constant. 
Figure  15  shows  a  plot  of  the  measured  crack  growth  rates  and 
dissolution  current  densities  gathered  from  papers  presented  at  a 
particular  conference,67  and  to  which  much  additional  data  could  now 
be  added,  that  indicates  a  reasonable  correlation  of  these  parame¬ 
ters,  the  line  being  that  calculated  from  Equation  (4)  assuming  a 
valency  of  2.  It  is  interesting  to  note  that  the  two  systems  shown  in 
Figure  15  which  displayed  significantly  higher  crack  velocities  than 
Equation  (4)  indicates,  brass  in  ammonia  and  SS  in  MgCI2  solution, 
are  those  most  frequently  offered  as  examples  involving  crack  growth 
by  short-range  cleavage  initiated  in  a  brittle  surface  film. 


CURRENT  DENSITY  ON  BARE  SURFACE  A  /cm2 

FIGURE  15— Observed  stress  corrosion  crack  velocities  and 
measured  anodic  peak  current  densities  for  a  variety  of  metal- 
environment  systems.  The  line  is  that  calculated  from  Equation 
(4)  assuming  a  valency  of  2  for  all  solvated  species.67 


Equation  (4)  represents  an  upper-bound  crack  velocity  by 
continuous  dissolution,  requiring  strain  rates,  and  hence  stresses  or 
stress  intensity  factors,  that  probably  dc  not  exist  in  many  service 
situations  until  the  later  stages  of  stress  corrosion  crack  growth.  The 
earlier  stages  of  growth  may  involve  appreciably  lower  crack 
velocities  than  those  given  by  Equation  (4),  and  even  from  laboratory 
tests,  there  is  evidence  of  such.  Figure  1 6  shows  data  from  laboratory 
tests  on  initially  plain  specimens  exposed  to  static  or  cyclic  loads  or 
to  monotonic  slow  straining  for  various  times  and  all  show  significant 
reductions  in  crack  velocity  with  increasing  test  time.  The  reasons  for 
such  behavior  most  probably  relate  to  the  relative  rates  of  film  growth 
and  bare  metal  creation  at  crack  tips.  Once  a  crack  tip  has  become 
filmed,  growth  will  cease,  until  the  film  is  ruptured  and  dissolution  can 
restart  until  film  g.owth  prevents  it  again,  the  frequency  of  such 
events  depending  upon  the  crack-tip  strain  rate  and  the  dissolution 
and  film  growth  kinetics.  Integration  of  the  current  transients  over  an 
appropriate  time  interval  will  provide  the  relevant  anodic  charge  (or 
charge  density)  passed  (Q,),  which  can  then  be  incorporated  into 
Equation  (4)  to  reflect  the  fact  that  the  crack  is  not  propagating 
continuously  at  the  upper  bound,  i.e., 
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where  ef  =  strain  to  rupture  the  film  and  q*  =  crack-tip  strain  rate. 
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FIGURE  16— Effects  of  test  time  upon  crack  velocity  In  (a) 
constant-load  tests  on  C-Mn  steel  In  C03-HC03  solution;  (b) 
cyclic  loading  tests  (maximum  stress  =  yield  stress)  on  ferritic 
steel  in  C03-HC03  solution;  and  (c)  SSRT  below  yield  stress  on 
C-Mn  steel  In  N03  solution.69 

The  most  obvious  reason  for  the  reductions  in  crack  velocity 
with  test  time  shown  in  Figure  16  is  work  hardening,  accompanying 
the  creep  in  the  constant-load  tests  or  the  hysteresis  in  repetitive 
cyclic  loading.  There  is,  however,  another  factor,  and  probably  that 
which  explains  the  reduction  in  crack  velocity  with  time  in  the  SSRTs 
shown  in  Figure  16,  which  is  concerned  with  the  fact  that  in  initially 
plain  specimens,  new  cracks  continue  to  be  nucleated  with,  increas¬ 
ing  time.  Figure  17  shows  some  results  from  tests  on  C-Mn  steel 
specimens  exposed  to  a  carbonate-bicarbonate  solution  that  indicate 
the  marked  effect  of  test  time  upon  the  number  of  cracks  detected. 
Obviously,  if  a  given  applied  strain  rate  is  distributed  over  the  cracks 
present  in  the  gauge  length,  then  as  the  number  of  cracks  increases, 
the  crack-tip  strain  rate  will  decrease.  An  expression  is  available55  for 
the  crack-tip  strain  rate  as  a  function  of  the  number  of  cracks  in  slow 
strain  rate  specimens  and  is: 


75  • 

€« - *  €apo  + 
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where  N  =  the  number  of  cmcks  along  the  gauge  length  and  = 
applied  strain  rate.  (The  constants  in  Equation  (6)  will  depend  on  the 
material  involved  and  test  specimen  size.] 


FIGURE  17— Average  number  of  cracks  along  a  12.5-cm  gauge 
length  for  specimens  of  a  ferritic  steel  subjected  to  cyclic 
loading  while  exposed  to  1  N  Na2C03  +  1  N  NaHC03  solution  at 
75°C  and  -650  mVSCE  for  various  times.70 

If  some  appropriate  values  for  the  applied  strain  rate,  crack 
velocity,  and  number  of  cracks  are  put  into  Equation  (6),  the  results 
can  be  expressed  graphically,  as  shown  in  Figure  18.  Because  the 
first  term  in  Equation  (6)  dominates  at  high  applied  strain  rates  and 
the  second  term  at  low  applied  strain  rates,  there  is  little  effect  of 
crack  velocity  at  high  applied  strain  rates;  i.e.,  the  crack  growth 
contributes  little  to  the  crack-tip  strain  rate.  However,  at  low  applied 
strain  rates,  the  stress  corrosion  crack  growth  maintains  the  crack-tip 
strain  rate  at  values  that  are  appreciably  higher  than  would  be 
obtained  if  the  crack  growth  had  been  ignored.  This  probably  explains 
why  it  is  not  always  possible  to  find  a  lower  limiting  strain  rate  below 
which  SCC  does  not  occur. 


LOG.  APPLIED  STRAIN  RATE  /sec 

FIGURE  18— Effects  of  crack  velocity  and  number  of  cracks  on 
the  crack-tip  strain  rate  calculated  from  Equation  (6).60 

Equations  (5)  and  (6)  may  be  used  to  calculate  the  crack 
velocity  as  a  function  of  applied  strain  rate  for  comparison  with 
experimental  data.68  Figure  19  shows  the  results  for  tests  involving 
a  C-Mn  steel  exposed  to  a  carbonate-bicarbonate  solution  and 
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indicates  reasonable  agreement  between  the  observed  and  calcu¬ 
lated  values,  except  that  the  latter  show  the  Faraday  upper  bound 
given  by  Equation  (4)  and  this  was  not  observed  experimentally.  This 
arises  from  a  change  in  the  number  of  cracks  with  applied  strain  rate 
and  is  considered  in  the  source  of  Figure  19. 


FIGURE  19— Comparison  of  calculated  and  experimental  crack 
velocities  as  a  function  of  strain  rate  for  a  ferritic  steel  exposed 
to  1  N  Na2C03  +  1  N  NaHC03  at  -650  mVSCE  and  75°C.6a 


Other  workers71"75  have  applied  Equation  (5),  or  some  modified 
version  thereof,  to  SCC  in  other  systems  than  that  to  which  Figure  1 9 
refers.  Usually,  some  empiricism  needs  to  be  introduced  to  obtain 
reasonable  agreement  between  observed  and  calculated  behaviors, 
either  because  of  difficulties  in  estimating  the  crack-tip  strain  rate  or 
because  of  the  crack  enclave  electrochemistry  presenting  problems. 
The  same  approach  has  been  applied  to  the  TGSCC  of  a-brass  by 
NaN02  solutions,  but  without  the  agreement  obtained  for  the 
cracking  of  C-Mn  steels  in  carbonate-bicarbonate  solution.65  At 
relatively  high  strain  rates,  the  observed  and  calculated  crack 
velocities  approximate  one  another  for  tests  at  20°C,  but  at  strain 
rates  below  ICTUS'1,  the  calculated  crack  velocities  reduce  with 
decreasing  strain  rate  much  more  markedly  than  do  the  observed 
values.  At  higher  temperatures,  the  disagreement  between  the 
observed  crack  velocities  and  those  calculated  from  Equation  (5)  is 
even  more  marked  for  this  system.  The  reasons  for  this  discrepancy 
are  considered65  in  terms  of  the  data  used  in  performing  the 
calculations,  where,  instead  of  the  crack-tip  strain  rate,  the  engineer¬ 
ing  strain  rate  was  used,  simply  because  the  numbers  of  cracks 
nucleated  in  the  slow  strain  rate  specimens  were  not  determined. 
Data  from  other  systems  suggest  that  the  number  of  cracks  increases 
with  decreasing  strain  rate,  probably  because  the  total  test  time 
increases,  ana  if  that  is  so  for  the  brass/NaNOz  system,  the 
discrepancy  between  calculated  and  observed  crack  velocities  will  be 
decreased.  Cole,  et  al„76  have  criticized  the  method  for  determining 
the  anodic  current  and  charge  densities  used  in  manipulating 
Equation  (5)  for  the  brass/NaN02  system,  claiming  that  the  rapid 
straining  of  a  filmed  specimen  to  observe  its  current  response  is 
inappropriate  because  the  surface  film  undergoes  a  gross  mechan¬ 
ical  failure  when  strained.  It  is  surprising  that  those  who  have  used 
the  rapid  straining  method  in  studying  this  system65,77  have  not 
noticed  this  gross  mechanical  failure  in  the  form  of  detachment  of 
films  during  straining  or  upon  subsequent  examination  of  strained 
specimens.  Cole,  et  al.,  prefer  the  method  of  obtaining  current 
response  by  producing  a  scratch  over  a  filmed  surface,  but  the  data 
from  that  approach  leave  something  to  be  desired.  Figure  20  shows 
the  maximum  current  densities  observed  from  various  applied 
potentials  by  different  workers  using  the  straining  and  scratching 
electrode  techniques  on  copper  and  a-brass  exposed  to  NaN02 
solutions.  The  two  data  sets  from  the  straining  electrode  measure¬ 
ments  on  a-brass  agree  reasonably,  but  those  from  the  scratching 
electrode  measurements  are  markedly  different  at  the  higher  poten¬ 
tials.  With  pure  copper,  the  scratching  electrode  measurements  are 


in  agreement  with  the  straining  electrode  measurements  in  the 
vicinity  of  r  100  mV,  but  the  current  densities  remain  at  similar  values 
for  the  scratching  electrode  measurements  as  the  potential  is 
reduced,  whereas,  the  straining  electrode  measurements  show  a 
marked  decrease  in  current  densities  with  decreasing  potential.  The 
consequence  is  that  the  straining  electrode  measurements  predict 
the  lower  limit  of  the  potential  range  for  cracking,  whereas  the 
scratching  e'ectrode  measurements  do  not. 
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FIGURE  20- Comparison  of  maximum  current  densities  at 
various  controlled  potentials  from  straining  and  scratching 
electrode  experiments  in  NaN02  solution  on  (a)  brasses  and  (b) 
pure  copper. 
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Cole,  et  al  ,76  also  criticize  the  low  passivation  rates  involved  in 
the  measurements  of  Alvarez,  et  al.,77  following  the  cessation  of  rapid 
straining,  claiming  that  such  low  rates  are  indicative  of  the  exposed 
surface  area  be!  ig  much  larger  than  that  calculated  from  the  amount 
of  strain  applied  However,  the  repassivation  rates  for  strained  and 
nonstrained  electrodes  of  a-brass  in  NaN02  solutions  are  not 
significantly  different,65  which  does  not  appear  to  support  the 
suggestion  of  gross  mechanical  failure  of  the  surface  film  on 
straining,  unless  film  detachment  also  occurs  with  unstrained  spec¬ 
imens  Although  Cole,  et  al ,  conclude  that  “there  is  a  surprisingly 
'arge  area  of  new  surface  produced  during  the  rapid  straining  tests," 
that  is  inferred  rather  than  proven,  and  on  the  evidence  currently 
available,  it  would  be  equally  feasible  to  conclude  that  the  effective 
area  involved  in  scratching  tests  is  appreciably  less  than  is  assumed 
from  the  measurements  of  the  scratch  size.  Nevertheless,  while  the 
different  methods  of  measuring  the  current  responses  of  electrodes 
have  been  shown  to  give  reasonably  consistent  results  for  some 
systems,  this  does  not  appear  to  be  so  for  copper  base  materials  and 
there  is  need  for  further  investigation  in  this  area. 

The  reason  for  the  interest  in  such  electrode  kinetics  in  copper 
alloy  systems  comes  from  the  mechanistic  implications  of  such. 
Thus,  the  straining  electrode  measurements  of  Alvarez,  et  al.,77  are 
claimed  to  predict  crack  velocities  on  the  basis  of  a  dissolution  model 
that  are  in  reasonable  agreement  with  observed  crack  velocities.  On 
the  other  hand,  Cole,  et  al.,76  claim  that  straining  electrode  measure¬ 
ments  are  not  reliable  and  so  they  prefer  scratching  tests  that  do  not 
predict  crack  velocities  that  are  in  good  agreement  with  observed 
values.  An  alternative  to  the  simple  dissolution  model  is  that  involving 
film-induced  cleavage."-21,22  A  simple  approach65  to  quantifying  the 
crack  velocity  for  a  growth  mechanism  dominated  by  rapid  mechan¬ 
ical  jumps  interspersed  between  periods  of  dissolution  and  film 
growth  is  as  follows.  The  unit  step  in  crack  growth  *s  the  formation  of 
a  film,  thickness  (t),  followed  by  a  rapid  jump  over  a  distance  (j)  before 
arrest  and  repetition  of  these  processes.  The  time  interval  between 
these  repetitions  may  be  taken  as  that  required  to  reach  the  critical 
strain  for  crack  initiation,  «c,  the  time  intervals  being  strain-rate 
dependent  and  equal  to  e</€.  The  crack  velocity  may  then  be  defined 
as: 


(7) 


for  the  effect  of  strain  rate  upon  crack  velocity  for  a-brass  in  NaN02.65 
Film  thicknesses  at  20°C  are  430  nm  at  0.1  V,  300  nm  at  0  V,  and  1 80 
nm  at  -0.1  VSCE,  and  taking  the  distance  between  arrest  markings, 
the  jump  distance,  as  2  pm,  the  crack  velocities  calculated  from 
Equation  (7)  as  a  function  of  engineering  strain  rate  are  in  agreement 
with  observed  values  at  strain  rates  of  about  10~J  s‘ '  for  each  of  the 
potentials  indicated  above.  However,  tho  calculated  velocities  are 
about  an  order  of  magnitude  too  high  at  the  strain  rate  of  10"3  s'1 
and  about  an  order  of  magnitude  too  low  at  10'°  s'1,  and  so  this 
simple  model  is  no  better,  nor  worse,  than  the  dissolution  model  in 
predicting  crack  velocities.  However,  Equation  (7)  would  be  more 
appropriately  manipulated  if  crack-tip  strain  rates  were  used,  and  it  is 
also  possible  that  the  strain  to  initiate  a  crack  growth  event  and  the 
jump  distance  are  both  functions  of  strain  rate,  all  of  which  await  the 
acquisition  of  appropriate  data. 

Colo,  et  al.,76  take  a  somewhat  different  approach  to  that 
involved  in  Equation  (7), because  the  film-induced  cleavage  model 
emphasizes  a  critical  film  thickness  rather  than  strain  increment.  This 
requires  Equation  (4)  to  be  modified  to: 
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where  Q,  anodic  charge  density  passed  during  the  first  i  seconds 
after  scratching,  and  t  the  interval  between  cleavage  events 
calculated  from  the  spacing  between  arrest  markings  divided  by  the 
crack  velocity,  reflecting  the  variation  in  the  time  to  reach  the  critical 
film  thickness  at  different  potentials.  Figure  21  shows  a  plot  taken 


from  the  paper  by  Cole,  et  al.,  to  which  have  been  addeo  additional 
data  for  the  strain  rates  of  1 .8  a  1 0 ' 6  and  4.5  a  1 0  7  s  1 ,  which  were 
not  shown  in  the  original  version.  Their  argument  that  the  difference 
between  the  predicted  crack  velocities  and  those  obtained  experi¬ 
mentally  "epitomizes  the  concept  of  film-induced  cleavage"  because 
“nearly  all  the  advance  of  the  crack  occurs  by  cleavage”  clearly 
becomes  less  convincing  as  the  applied  strain  rate  is  reduced. 
Indeed,  the  experimental  results  shown  in  Figure  21  indicate  the 
need  for  a  strain  rate  term  in  any  expression  that  attempts  to  model 
crack  velocity  in  this  system.  Moreover,  the  crack  velocities  predicted 
from  Equation  (8)  and  shown  in  Figure  21  on  the  basis  of  scratching 
electrode  measurements  are  not  markedly  different  from  those 
calculated  from  measurements  on  a  static  electrode  by  rapidly 
switching  potentials  from  a  nonfilming  value  to  that  for  which  the 
current  response  is  required.65  This  underlines  the  thought  that  the 
strain  rate  sensitivity  of  either  SCC  or  the  current  response  of  a-brass 
in  NaN02  solutions  requires  further  study  and  that  the  distinction 
between  the  dissolution  and  film-induced  cleavage  mechanisms  for 
this  system  on  the  basis  of  crack  growth  kinetics  still  leaves  much  to 
be  desired. 


POTENTIAL  V  (SCE) 

FIGURE  21— Measured  and  predicted  crack  velocities  from 
various  sources  for  brasses  exposed  to  NaNOz  solution. 

Although  previously  a  protagonist  of  dissolution  models, 
Galvele79  appears  to  have  abandoned  that  position  recently  in  favor 
of  a  mechanism  based  upon  surface  mobility.  This  change  has  been 
engendered  by  the  view  that  available  mechanisms  are  unable  to 
predict  now  cases  of  environment-sensitive  fracture  (a  view  that  is 
not  consistent  with  some  of  the  data  given  earlier)  and  by  the 
observation,  following  others,  that  SCC,  hydrogen  embrittlement,  and 
liquid  metal  embrittlement  exhibit  great  similarities  and,  therefore,  a 
single  all-embracing  mechanism  must  explain  all  of  these  phenom¬ 
ena.  The  model  leads  to  an  expression  for  crack  growth  rates  in  these 
various  modes  of  failure  on  the  basis  of  the  surface  diffusion  of 
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atoms,  as  depicted  in  Figure  22,  the  equation  for  the  crack  velocity 
being: 


cv.f  [*  (2£**.)-.]  (9) 

where  Ds  -  coefficient  of  surface  self-diffusion  of  the  metal,  L  = 
diffusion  path  length  (  1  (T  8  m),  a  =  atomic  diameter,  a  -  maximum 
stress  at  the  tip  of  the  crack,  Eb  =  hydrogen-vacancy  binding  energy, 
a  -  relative  degree  of  saturation  with  hydrogen  of  a  vacancy  at  the 
tip  of  a  crack,  k  -  Boltzmann’s  constant,  and  T  =  absolute 
temperature.  There  are  problems  in  estimating  Ds  for  contaminated 
metal  surfaces,  as  will  almost  invariably  obtain  with  SCC  in  aqueous 
environments,  but  Galvele  concludes  that  a  Ds  value  of  10  50  m5  s  1 
is  a  safe  limit,  below  which  surface  diffusion  and  hence  cracking  are 
unlikely.  Such  a  Ds  value  will  be  related  to  temperature,  and  the 
implication  is  that  compounds  having  melting  points  below  1200°C, 
corresponding  to  the  value  of  Ds  quoted  above  at  room  temperature, 
will  promote  stress  corrosion;  whereas,  compounds  with  higher 
melting  points  are  protective.  This  appears  to  raise  a  difficulty  in 
relation  to,  say,  the  cracking  of  iron-base  alloys  since,  while 
predicting  that  nitrates  would  promote  cracking  because  the  melting 
point  of  iron  nitrate  is  very  low,  it  would  predict  that  Fe304  is  a 
protective  compound,  since  its  melting  point  is  1597°C.  It  has  already 
been  mentioned  that  in  many  instances  of  SCC  in  steels,  the  potential 
range  for  cracking  is  associated  with  Fe304  formation.  Galvele 
surmounts  this  problem  by  invoking  arguments  relating  to  the 
breakdown  of  the  film,  chemically  or  electrochemically,  so  that  active 
passive  transitions  and  potential  dependence,  for  example,  are 
expected  to  be  involved  in  SCC.  In  that  sense,  the  surface-mobility 
model  is  not  essentially  different  from  some  considered  earlier,  with 
the  essential  difference  being  that  the  experimental  determination  of 
relevant  electrochemical  data  is  replaced  to  some  extent  by  the 
properties  of  the  salts  involved. 
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FIGURE  22  -  Schematic  illustration  of  the  surface-mobility  crack¬ 
ing  mechanism.  Stresses  at  the  crack  tip  will  favor  the  move¬ 
ment  of  an  atom  at  A  to  position  8,  Introducing  a  vacancy  at  the 
tip  of  the  crack  and  advancing  the  crack  one  atomic  distance. 
The  rate-determining  step  will  be  the  rate  at  which  excess  atoms 
are  transported  by  surface  diffusion  from  the  tip  of  the  crack  to 
new  lattice  sites,  B-C-D  (after  Galvele).70 

Crack  coalescence.  There  is  a  particular  respect  in  which  the 
various  crack  growth  kinetics  models  referred  to  above  are  all 
deficient,  and  this  is  in  relation  to  them  ignoring  crack  coalescence. 
Measurement  ot  the  profiles  of  cracRs  suggests  that  crack  coales 
cence  occurs  Doth  at  the  microscopic  and  macroscopic  levels  and  the 
observation  of  growing  cracks  at  surfaces  shows  more  direct 
evidence  ot  cracks  merging.  Figure  23  shows  the  profiles  of  some 


small  cracks  in  a  C-Mn  steel  exposed  to  a  carbonate-bicarbonate 
solution,  while  Figure  24  shows  the  fracture  surfaces  of  a  high-pres¬ 
sure  gas  transmission  pipeline  involving  relatively  large  stress 
corrosion  cracks  and,  in  both  instances,  the  shapes  suggest  that 
crack  coalescence  occurred.  A  common  form  of  crack  coalescence 
observed  at  external  surfaces  involves  two  slightly  misaligned  cracks 
initially  propagating  beyond  one  another  and  then  their  closest  tips 
moving  towards  the  opposite  crack  and  joining  the  latter.  The 
consequence  is  that  a  small  island  of  metal  is  initially  left  within  the 
crack  but  later  may  become  detached,  Figure  25  shows  a  typical 
example.  Similar  behavior  has  been  reported  by  Kitagawa,  et  al.,80  in 
relation  to  corrosion  fatigue  crack  growth  in  a  high-strength  steel 
exposed  to  a  NaCI  solution.  They  consider  the  interactions  in  terms 
of  stress  intensity  factors  and  show  that  because  of  decreasing  K, 
and  increasing  K„  values  when  two  appropriately  spaced  cracks  pass 
one  another,  the  tips  curve  and  approach  one  another  to  achieve 
coalescence,  as  in  Figure  25. 


FIGURE  23— Typical  small  stress  corrosion  crack  profiles  from 
specimens  of  a  ferritic  steel  subjected  to  cyclic  loading  while 
exposed  to  1  NNa2CO,  +  1  NNaHC03  solution  at  75°C  and -650 
mVsce  for  one  week.®5 

If  cracks  are  to  coalesce  in  this  manner,  the  lateral  distance 
between  the  cracks  would  be  expected  to  be  important,  since  if  the 
separation  is  too  large  for  given  sized  cracks,  the  stress  fields 
associated  with  the  two  cracks  will  not  interact.  Figure  26  shows  a 
plot  of  the  conditions  under  which  cracks  in  a  ferritic  steel  exposed  to 
carbonate-bicarbonate  solution  did  or  did  not  coalesce8'  and  makes 
the  points  that,  at  lateral  separations  greater  than  about  0  75  of  half 
the  crack  lengths,  merging  is  not  likely  and  that  coalescence  is  more 
likely  after  the  nearest  tips  have  passed  one  another  (negative  values 
of  x,a)  than  before  that  situation  has  arisen.  Obviously,  the  greater 
the  lengths  of  the  merging  cracks,  the  higher  the  chances  of 
coalescence  for  a  given  lateral  spacing.  An  implication  of  such 
merging  is  that  the  lenglh.depth  ratio  should  increase  beyond  that  for 
a  single  crack  and  that  this  occurs  is  suggested  by  the  results  shown 
in  Figure  27,  where  the  longest  cracks  have  a  length.depth  ratio  of 
about  15  and  the  shortest  about  5.  (It  is  possible  that  some  of  the 
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FIGURE  24— Matching  surfaces  of  stress  corrosion  cracks  In  a  high-pressure  gas  pipeline.  (The  outside  surfaces  of  the  pipe 
have  been  placed  together.)66 


CRACK  LENGTH  mm 


FIGURE  25— Scanning  electron  micrograph  showing  crack  co¬ 
alescence  and  the  formation  of  a  metallic  island  in  a  ferritic  steel 
exposed  to  1  N  Na2C03  +  1  N  NaHC03  at  75°C  and  -650  mVSCE. 

shorter  cracks  shown  in  Figure  27  had  undergone  merging  and  the 
profiles  subsequently  changed  during  further  crack  growth  so  that 
their  shapes  reflected  those  shown  at  the  bottom  of  Figure  23;  only 
those  cracks  having  shapes  of  the  form  shown  at  the  top  of  Figure  23 
or  having  features  at  the  surface  such  as  are  shown  in  Figure  25  are 
classed  as  merged  in  Figure  27.) 


FIGURE  26— Dimensional  conditions  for  the  coalescence  of 
adjacent  stress  corrosion  cracks  at  the  surfaces  of  ferritic  steel 
specimens  exposed  to  a  C03-HC03  solution.81 


The  merging  of  cracks  appears  relevant  to  points  made  earlier 
about  the  time  dependence  of  crack  velocities  (Figure  16)  and  of  the 
numbers  of  cracks  (Figure  17).  all  of  which  have  considerable 
significance  to  service  situations  and  the  increasing  interest  in  life 
prediction  of  structures  containing  growing  cracks.  It  is  likely  that 
cracks  nucleated  at  initially  defect-free  surfaces  will  grow  at  dimin¬ 
ishing  rates  wilh  the  passage  of  time  (Figure  16),  with  probably  many 
cracks  ceasing  to  propagate,  but  others  reaching  some  low  but 
essentially  constant  velocity  when  the  crack-tip  strain  rate  roaches  a 
lower  bound  (Figure  18).  However,  new  cracks  continue  to  be 
nucleated  (Figure  17)  and  the  chances  of  such  coalescing  with 


FIGURE  27— Maximum  lengths  and  depths  of  stress  corrosion 
cracks  in  ferritic  steels  that  failed  in  service  or  in  laboratory 
tests  involving  exposure  to  C03-HC03  solution. 

previously  existing  small  cracks  (Figure  23)  will  increase  until  the 
critical  crack  size  corresponding  to  K,scc  is  reached.  The  crack 
velocity  will  then  increase  to  the  upper  bound  for  the  exposure 
conditions  involved,  with  further  coalescence  of  relatively  large 
cracks  (Figure  24)  until  the  critical  crack  size  corresponding  to  K,scc 
is  reached,  as  indicated  schematically  in  Figure  28.  It  is  possible  to 
quantify  the  behavior  shown  in  Figure  28  in  a  simple  fashion  and  to 
compare  the  predictions  with  observed  behavior.82  Comparison  with 
service  behavior  indicates  the  importance  of  crack  coalescence,  in 
the  absence  of  which  lifetimes  would  be  markedly  greater  than 
sometimes  experienced  and  a  leak  rather  than  a  rupture  would  more 
often  occur.  Such  indications  of  the  very  significant  contributions  of 
crack  coalescence  to  service  behavior  indicates  the  need  for  its 
consideration  in  laboratory  studies  and  especially  to  those  where 
kinetic  considerations  are  used  for  differentiating  between  mecha¬ 
nistic  alternatives.  Moreover,  even  in  the  context  of  the  engineering 
implications  of  SCC,  it  suggests  that  less  obsession  with  the  events 
after  KISCC  is  exceeded  and  more  consideration  of  the  circumstances 
whereby  K|SCC  is  reached  in  initially  defect-free  structures  is  justifi¬ 
able. 


fed  Irtckit 


FIGURE  28— Schematic  Illustration  of  the  effect  of  time  of 
exposure  upon  stress  corrosion  crack  velocity. 
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Conclusion 

While  statements  will  continue  to  be  made  to  the  effect  that  the 
mechanism  of  SCC  is  still  not  known  or  understood— the  definite 
article  implying  some  all  embracing  mechanism— considerable  strides 
have  been  made  over  the  last  two  or  three  decades  towards  a  better 
understanding  of  this  phenomenon.  Certainly,  predictability  of  potent 
metal-environment  combinations  is  vastly  improved,  even  if  based 
upon  experimental  methods,  but  with  the  latter  underpinned  by  a 
better  understanding  of  the  mechanistically  oriented  parameters.  The 
search  for  some  all-embracing  mechanism  to  explain  all  instances  of 
environment-sensitive  fracture  will  continue  to  attract  some  investi¬ 
gators,  despite  the  evidence  to  the  contrary.  But  the  concept  of  a 
spectrum  of  mechanisms,83  despite  its  current  limitations  in  defining 
the  ingredients  with  precision  or  where  particular  systems  fall  in  the 
spectrum,  continues  to  have  attractions,  if  only  as  a  reminder  that 
changes  in  the  environmental  conditions  for  the  exposure  of  a  given 
metal  or  change  in  the  structure  or  composition  of  an  alloy  for 
constant  exposure  conditions  may  result  in  a  change  in  the  mecha¬ 
nism  of  cracking.  Some  of  the  areas  in  which  more  reliable  and 
definitive  experimental  data  are  required  have  already  been  indicated 
but,  in  very  general  terms,  it  may  be  that  a  subject  that  was 
dominated  by  physico-metallurgical  considerations  in  its  early  years 
is  in  need  of  a  return  to  that  area  in  the  light  of  the  markedly  improved 
understanding  in  more  recent  years  of  the  environmental  and 
mechanics  overtones  to  this  mode  of  failure. 

References 

1.  J.H.  Andrew,  Trans.  Faraday  Soc.  9(1913):  p.  316. 

2.  C.E.  Stromeyer,  J.  Iron  Steel  Inst.  79(1909):  p.  404. 

3.  E.H.  Dix  Jr.,  Trans.  Inst.  Metals  Div.  AIME  137(1940):  p  11 

4.  S.W.  Parr,  F.G.  Straub,  Univ.  Illinois  Bull.  (1928):  p.  177. 

5.  J.T.  Milton,  Trans.  Inst.  Nav.  Arch.  47(1905):  p.  359. 

6.  A.A.  Griffith,  Phil.  Trans.  Roy.  Soc.  A221(1920),  p.  163. 

7.  E.B.  Wolff.  J.  Iron  Steel  Inst.  96(1917):  p.  137. 

8.  D.J.  McAdam,  Proc.  ASTM  (Philadelphia,  PA,  1931),  p.  259. 

9.  J.E.  Fletcher,  Discuss.  Faraday  Soc.  17(1921):  p.  158. 

10.  H.K.  Birnbaum,  this  proceedings. 

11.  K.  Sieradzki,  this  proceedings. 

12.  N.J.  Petch,  P.  Stables,  Nature  169(1952):  p.  842. 

13.  H.H.  Uhlig,  Fundamental  Aspects  of  Stress  Corrosion  Cracking 
(Houston,  TX:  National  Association  of  Corrosion  Engineers, 
1969),  p.  86. 

14.  R.N.  Parkins,  Stress  Corrosion  Cracking  and  Hydrogen  Em¬ 
brittlement  of  Iron  Base  Alloys  (Houston,  TX:  NACE,  1977),  p. 
601. 

15.  E.  Orowan,  Reports  on  Progress  in  Physics  12(1948-49),  p, 
185. 

16.  J.C.  Scully.  D.T.  Powell,  Corros.  Sci.  10(1973):  p.  719, 

17.  G.  Sanderson,  J.C.  Scully,  Trans.  AIME  239(1967):  p.  1883. 

18.  E.N.  Pugh,  Atomistics  of  Fracture,  ed.  R.M.  latanision,  J  R 
Pickens  (Plenum  Press,  1983),  p.  997. 

19.  H.J.  Logan,  J.  Research  NBS  48(1952):  p.  99. 

20.  C.  Edeleanu,  A.J.  Forty,  Phil.  Mag.  5(1960):  p.  1029. 

21.  K.  Sieradzki,  R.C.  Newman,  loc.  cit.  A  51(1985):  p.  95. 

22.  K,  Sieradzki,  R.C.  Newman,  J.  Phys.  and  Chem,  of  Solids, 
48(1987):  p.1101. 

23.  E.N.  Pugh,  Corrosion  41(1985):  p.  517. 

24.  A.S.  Ahluwalia,  R.N.  Parkins,  to  be  published. 

25.  J.  Yu,  N.J.H.  Holroyd,  R.N.  Parkins,  “Environment  Sensitive 
Fracture:  Evaluation  and  Comparison  of  Test  Methods,"  ASTM 
STP  821,  ed.  S.W.  Dean,  E.N.  Pugh,  G.M.  Ugianski  (1984),  p. 
288. 

26.  T.P.  Hoar,  J.G.  Hines,  J.  Iron  Steel  Inst.  182(1956):  p.  124. 

27.  T.P.  Hoar,  J.M.  West,  Proc.  Roy.  Soc.  A  268A(1962);  p.  304. 

28.  G.M.  Scammans,  P.R.  Swann,  Stress  Corrosion  Cracking  and 
Hydrogen  Embrittlement  of  Iron  Base  Alloys,  p.  166. 

29.  B.C.  Syrett,  R.N.  Parkins,  Corros.  Sci.  10(1970):  p.  197. 

30.  M.F.  Kaufman,  J.L.  Fink,  Acta  Metall.  36(1988):  p.  2213. 

31.  E.D.  Hondros,  M.P.  Seah,  Int.  Met.  Rev.  22(1977):  p.  262. 

32.  A.  Joshie,  D.F.  Stein,  Corrosion  28(1972):  p.  321. 


33.  C.  Lea,  E.D.  Hondros,  Proc.  Roy.  Soc.  377A(1981):  p.  477. 

34.  C.  Lea,  Corrosion  40,  (1984):  p.  337. 

35.  H.J.  Krautschick,  J.H.  Grabke,  W.  Diekmann,  Corros.  Sci. 
28(1988):  p.  251. 

36.  R.N.  Parkins,  J.  Iron  Steel  Inst.  172(1952):  p.  149. 

37.  H.H.  Uhlig,  J.  Sava,  Trans.  ASM  56(1963):  p.  361 . 

38.  E.  Belhimer,  R.N.  Parkins,  to  be  published. 

39.  R.B.  Mears,  R.H.  Brown, 'E.H.  Dix  Jr.,  ASTM-AIME  Symposium 
on  Stress-Corrosion  Cracking  of  Metals  (1945),  p.  323. 

40.  R.N.  Parkins,  P.W.  Slattery,  B.S.  Poulson,  Corrosion  37  (1981): 
p.  650. 

41.  J.  Flis,  Corros.  Sci.  25(1985):  p.  317. 

42.  C.J.  Cron,  J.H.  Payer,  R.W.  Staehle,  Corrosion  27, 1(1971):  p. 
1. 

43.  R.N.  Parkins,  The  Theory  of  Stress  Corrosion  Cracking  in 
Alloys,  ed.  J.C.  Scully  (Brussels,  Belgium:  NATO,  1971),  p. 
167. 

44.  J.  Yu,  R.N.  Parkins,  Y.  Xu,  G.  Thompson,  G.C.  Wood,  Corros. 
Sci.  27(1987):  p.  141. 

45.  R.N.  Parkins,  Met.  Rev.  9(1964):  p.  201. 

46.  P.R.  Swann,  Corrosion  19(1963):  p.  102t. 

47.  H.W.  Pickering,  P.R.  Swann,  loc.  cit.  19(1963):  p.  373t. 

48.  P.R.  Swann,  The  Theoiy  of  Stress  Corrosion  Cracking  in 
Alloys,  p.  113. 

49.  J.M.  Silcock,  P.R.  Swann,  Environment-Sensitive  Fracture  of 
1966  Engineering  Materials,  ed.  Z.A.  Foroulis  (Warrendale,  PA: 
TMS-AIME,  1979),  p.  133. 

50.  N.A.  Nielsen,  Second  International  Congress  on  Metallic  Cor¬ 
rosion. 

51.  W.D.  Robertson,  E.G.  Grenier,  W.H.  Davenport,  V.F.  Mole, 
Physical  Metallurgy  of  Stress-Corrosion  Fracture,  ed.  T.N. 
Rhodin  (Interscience,  1959),  p.  273. 

52.  R.N.  Parkins,  Corros.  Sci.  20(1980):  p.  147. 

53.  R.N.  Parkins,  "The  Use  of  Synthetic  Environments  for  Corro¬ 
sion  Testing,"  ASTM  STP  970,  ed.  P.E.  Francis,  T.S.  Lee, 
1988,  p.  132. 

54.  R.N.  Parkins,  N.J.H.  Holroyd,  R.R.  Fessler,  Corrosion  34 
(1978):  p.  253,  p.  173. 

55.  J.  Congleton,  T.  Shoji,  R.N.  Parkins,  Corros.  Sci.  25(1985):  p. 
633. 

56.  C.M.  Rangel,  R.N.  Parkins,  Proceedings  of  the  6th  European 
Symposium  on  Corrosion  Inhibitors  (Ferra,  Italy:  Ann.  Univ. 
1985),  p.  655. 

57.  B.F.  Brown,  The  Theory  of  Stress  Corrosion  Cracking  in  Alloys, 
p.  186. 

58.  Embrittlement  by  the  Localized  Crack  Environment,  ed.  R.P. 
Gangloff  (New  York,  NY:  AIME,  1984). 

59.  Corrosion  Chemistry  within  Pits,  Crevices  and  Cracks,  ed.  A. 
Turnbull  (London,  England:  Her  Majesty’s  Stationery  Office, 
1987). 

60.  R.N.  Parkins,  I.H.  Craig,  J.  Congleton,  Corros.  Sci.  24(1 984)-  p 
709. 

61.  R.N.  Parkins,  Y.  Liu,  J.  Congleton,  loc.  cit.  28(1988):  p.  259. 

62.  I.H.  Craig,  R.N.  Parkins,  Brit.  Corr.  J.  19(1984):  p.  3. 

63.  N.J.H.  Holroyd,  R.N.  Parkins,  Corros.  Sci.  20(1980):  p.  707. 

64.  K.  Sieradzki,  J.S.  Kim,  A.T.  Cole,  R.C.  Newman,  J.  Electro- 
chem.  Soc.  134(1987):  p.  1635. 

65.  J.  Yu,  R.N.  Parkins,  Corros.  Sci.  27(1987):  p.  159. 

66.  J.D.  Fritz,  B.W.  Parks,  H.W.  Pickering,  Scripta  Metall.  22(1 988): 
p.  1063. 

67.  P.  Lacombe,  R.N.  Parkins,  Stress  Corrosion  Cracking  and 
Hydrogen  Embrittlement  of  Iron  Base  Alloys,  p.  521. 

68.  R.N.  Parkins,  Corrosion  43(1987):  p.  130. 

69.  M.  Henthorne,  R.N.  Parkins,  Corros.  Sci.  6(1966):  p.  357. 

70.  J.A.  Beavers,  W.E.  Berry,  R.N.  Parkins,  Materials  Performance 
42,  6(1986):  p.  9. 

71.  V.S.  Garud,  T.L.  Gerber,  ASME  Conference  on  Advances  in 
Life  Prediction  Methods  (New  York,  NY:  ASME,  1983). 

72.  T.L,  Gerber,  Y.S.  Garud,  S.R.  Sharma,  Thermal  and  Environ¬ 
mental  Effects  in  Fatigue:  Research  Design  Interface,  PVP, 


16 


EICM  Proceedings 


Vol.  71  (New  York,  NY:  ASME,  1983),  p.  155. 

73.  T.L.  Gerber,  Y.S.  Garud,  S.R.  Sharma  "IGSCC  Damage  Index. 
Application  of  IGSCC  Damage  Model  to  BWR  Piping  and 
Components,"  NP-2807-LD,  Research  Project  Til  8-12,  EPRI, 
Palo  Alto,  California,  January  1983. 

74.  S.J.  Hudak  Jr.,  D.L.  Davidson,  R.A.  Page,  Embrittlement  by  the 
Localized  Crack  Environment,  ed.  R.P.  Gangloff  (New  York, 
NY:  AIME,  1983),  p.  173. 

75.  F.P.  Ford,  CORROSION/86,  paper  no.  327  (Houston,  TX. 
NACE,  1986). 

76.  A.T.  Cole,  R.C.  Newman,  K.  Sieradzki,  Corros.  Sci.  28(1988). 
p.  109. 

77.  M.G.  Alvarez,  C.  Monfridt,  M.  Giordano,  J.R.  Galvele,  loc.  cit. 
24(1984):  p.,769. 

78.  R.C.  Newman  (Ph.D.  diss.,  University  of  Cambridge,  Cam¬ 
bridge,- England,  1980). 

79.  J.R.  Galvele,  Corros.  Sci.  27(1987):  p.  1. 

80.  H.  Kitagawa,  T.  Fujita,  K.  Miyazawa,  “Corrosion  Fatigue 
Technology,”  ASTM  STP  642,  1978,  p.  98. 

81.  P.M.  Singh,  R.N.  Parkins,  to  be  published. 

82.  R.N.  Parkins,  Proceedings  of  the  Workshop  on  Mechanics  and 
Physics  of  Crack  Growth.  Application  to  Life  Prediction,  Mater. 
Sci.  Eng.,  in  press. 

83.  R.N.  Parkins,  Brit.  Corr.  J.  7(1972).  p.  15. 


Discussion 

E. N.  Pugh  (National  Institute  of  Standards  and  Technology, 
USA):  You  have  described  both  intergranular  and  transgranular 
failures  and  transitions  between  them.  Do  you  favor  the  view  that  the 
mechanisms  are  different,  or  do  you  believe  the  path  changes  with  no 
change  in  mechanism? 

R.N.  Parkins:  Where  the  conditions  of  exposure  remain  the 
same,  i.e  ,  the  crack-tip  environment,  potential,  and  strain  rate  do  not 
change  significantly  but  there  is  a  change  in  crack  path,  I  have 
difficulty  in  imagining  that  the  mechanism  of  growth  can  change  in 
any  significant  way.  However,  when  the  same  material  is  exposed  to 
different  environmental  or  stressing  conditions  and  there  are  mor¬ 
phological  differences,  the  mechanism  can  be  different  for  intergran¬ 
ular  and  transgranular  cracking. 

F. P.  Ford  (General  Electric  R&D  Center,  USA):  With  regard  to 
the  change  in  cracking  morphology  during  the  same  test,  surely  the 
crack  will  follow  the  path  by  which  it  propagates  the  fastest.  Thus  the 
changes  in  morphology  are  related  to  changes  in  rate-determining 
step  for  the  various  systems  available  at  the  crack  tip.  For  example, 
changes  in  mass  transport,  crack-tip  plasticity,  etc.,  will  change  with 
crack  depth  There  is  no  need  to  invoke  a  change  of  mechanism. 

R.N.  Parkins:  Obviously  the  crack  path  that  is  observed  will 
correspond  to  the  mechanism  that  has  the  most  favorable  kinetics,  as 
is  apparent  from  studies  of  the  effects  of  cyclic  loading  on  the 
cracking  of  carbon  manganese  steel  in  a  nitrate  solution  where 
transitions  fron  intergranular  to  transgranular  and  vice  versa  occur, 
depending  upon  the  relative  velocities  of  the  different  modes 
[Greenwell  and  Parkins  in  Fatigue  of  Engineering  Materials  and 
Structures,  vol.  5  (1982),  p.  115],  However,  that  does  not  mean  that 
a  change  in  crack  path  will  never  be  associated  with  a  change 
mechanism.  For  example,  if  a  system  displays  an  inherent  sensitivity 
to  grain  boundary  attack  in  the  absence  of  applied  stress,  and  the 
penetration  rate  is  significantly  enhanced  in  the  presence  of  an 
appropriate  stress  to  produce  intergranular  cracking,  that  sensitivity 
to  intergranular  attack  is  likely  to  be  dependent  upon  solution 
composition  and  potential.  If,  after  some  intergranular  growth,  the 
crack  tip  environment  and/or  potential  change  to  conditions  that  no 
longer  favor  intergranular  cracking,  then  growth  may  still  occur, 
following  a  transgranular  path  by  a  different  mechanism. 


H-J.  Engell  (Max  Planck  Institut  fur  Eisenforschung,  Fed¬ 
eral  Republic  of  Germany):  When  considering  the  influence  of 
alloying  elements  on  the  SCC  susceptibility  of  iron  and  steel,  I  think 
we  should  distinguish  among  the  following.  (1)  the  direct  influence  of 
dissolved  or  segregated  elements;  (2)  the  elements  influencing 
structure,  e.g.,  carbon,  (3)  elements  not  dissolving  but  reacting  with 
dissolved  elements,  e.g.,  calcium. 

R.N.  Parkins:  I  agree,  and  to  your  list  I  would  add  other  factors 
that  may  be  influenced  by  alloying,  as  indicated  in  the  text  of  the 
paper.  The  important  point  is  that  the  changes  in  alloy  composition 
can  influence,  structure  electrochemistry  and  response  to  the  appli¬ 
cation  of  stress  in  a  variety  of  ways,  and  to  ignore  one  or  more  of 
these  influences  in  preference  to  another  may  lead  to  invalid 
conclusions. 

J.R.  Galvele  (Comision  Nacional  de  Energia  Atomica,  Ar¬ 
gentina):  I  believe  that  the  transition  from  transgranular  to  intergran¬ 
ular  cracking  is  not  a  reason  for  rejecting  the  surface-mobility 
mechanism.  In  the  case  of  brass  in  nitrites,  we  found  that  the  change 
in  the  crack  morphology  was  a  result  of  a  change  in  the  environment 
composition.  In  the  presence  of  pure  sodium  nitrite  only  transgranular 
cracks  were  found,  while  intergranular  cracks  were  observed  when 
the  solutions  were  contaminated  with  ammonia  [Rebak,  Carranza, 
and  Galvele,  Corros.  Sci.  28(1988):  p.  1089).  On  the  other  hand,  with 
stainless  steels  in  magnesium  chloride,  both  types  of  crack  are 
observed  simultaneously  [Manfredi,  Meier,  and  Galvele,  Corros.  Sci. 
27(1987):  p.  887).  We  believe  that,  when  the  low  melting  point 
compound  is  distributed  on  the  whole  surface,  only  intergranular 
cracks  are  formed  (see  Duffo  and  Galvele,  this  proceedings). 
However,  when  passivity  breakdown  is  involved,  as,  for  example,  for 
brass  in  nitrite  and  stainless  steel  in  magnesium  chloride,  a  low 
melting  point  compound  is  formed  on  the  slip  steps,  where  the 
passive  film  is  fractured,  and  transgranular  cracking  starts. 

R.N.  Parkins:  I  am  not  aware  that  I  have  said  or  written  that  a 
transition  in  crack  path  is  a  reason  for  rejecting  the  surface-mobility 
mechanism.  I  reject  it  on  the  same  grounds  as  I  reject  any 
mechanism  that  attempts  to  explain  all  instances  of  environment- 
sensitive  fracture  in  some  all-embracing  hypothesis.  It  is  not  usually 
accepted  that  the  mechanisms  of  fracture,  in  the  absence  of 
environmental  influences,  by  cleavage,  fatigue,  creep,  or  ductile 
failure  are  the  same,  nor  is  it  usually  accepted  that  the  reactions  that 
result  in  different  forms  of  environment-induced  degradation  of 
materials  are  the  same.  If  those  statements  are  accepted,  then  I,  for 
one,  have  difficulty  in  imagining  that  when  materials  are  simulta¬ 
neously  exposed  to  appropriate  stresses  and  environments,  they 
suddenly  begin  to  behave  in  ways  very  different  from  those  experi¬ 
enced  when  stresses  or  environments  are  applied  separately.  The 
single-mechanism  concept,  whichever  one  is  invoked,  invariably  has 
to  ignore  so  much  reliable  phenomenological  information  that,  so  far, 
they  have  lacked  the  rigor  to  which  they  need  to  be  subjected  if  they 
are  to  be  acceptable. 

J.R.  Galvele:  While  we  supported  for  several  years  the  idea  of 
anodic  dissolution,  we  found  that  such  a  mechanism  could  not 
explain  ‘‘specificity  in  SCC.  By  “specificity,"  we  mean  not  the 
susceptibility  to  SCC,  but  the  different  crack  propagation  rates  found 
in  various  environments,  as  happens,  for  example,  when  we  com¬ 
pare  brass  in  nitrites  to  brass  in  pyrophosphates.  These  differences 
are  easily  explained  by  the  surface-mobility  mechanism. 

R.N.  Parkins.  I  have  no  difficulty  in  accepting  the  concept  of  the 
surface-mobility  mechanism  in  explaining  specific  instances  of  envi¬ 
ronment-sensitive  fracture,  as  in  the  solid-metal  embrittlement  of 
certain  materials,  where  it  has  often  been  invoked.  My  objection  is 
when  it  is  invoked  to  explain  everything  in  relation  to  environment- 
sensitive  fracture.  You  may  be  correct  in  stating  that  the  differences 
in  crack  velocities  for  brass  in  nitrites  and  pyrophosphates  are  easily 
explained  by  the  surface-mobility  mechanism,  just  as  I  am  sure  I 
could  make  the  same  statement  if  someone  else  were  to  claim  that 
such  differences  are  easily  explained  by  some  alternative  sugges¬ 
tion.  Just  because  dissolution  may  not  explain  the  different  crack 
velocities  in  brass  exposed  to  nitrites  oi  pyrophosphates  is  no  reason 
for  assuming  that  dissolution  cannot  explain  any  instances  of 
environment-sensitive  cracking. 
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R.C.  Newman  (University  of  Manchester  Institute  of  Science  and 
Technology,  UK):  I  wonder  if  one  can  address  the  intergranular- 
transgranular  transition  problem  in  terms  of  alloy  type.  Would  you 
agree  with  the  view  that  the  solid-solution  type  of  alloys  (brass, 
austenitic  stainless  steels)  show  the  most  facile  transition  with  little  or 
no  change  in  rate,  whereas  in  low-alloy  ferritic  steels,  for  example, 
the  transition  either  never  occurs  (especially  in -statically  loaded 
material)  or  involves  a  large  change  in  rate?  Maybe  this  tells  us 
something,  especially  about  transgranular  cracking,  and  maybe 
about  the  role  of  dealloying. 

R.N.  Parkins:  An  interesting  thought,  but  I  am  not  sure  that  the 
premises  on  which  it  is  based  are  valid,  i.e.,  that  single-phase  alloys 
show  little  change  in  crack  velocity  with  change  in  crack  morphology, 
whereas  ferritic  steels  show  large  changes  in  crack  growth  rate  with 
change  in  crack  path.  For  example,  slow-strain-rate  tests  on  a-brass 
in  a  formate  solution  can  show  an  order  of  magnitude  change  in  crack 
velocity  between  intergranular  and  transgranular  cracking,  the  latter 
being  slower  [Parkins  and  Holroyd,  Corrosion  34(1982):  p.  245].  On 
the  other  hand,  similar  tests  on  a  carbon-manganese  steel  exposed 
to  an  arsenic-containing  potassium  carbonate  solution  show  virtually 
no  change  in  crack  velocity  when  a  transition  from  intergranular  to 
transgranular  cracking  occurs  as  a  result  of  a  small  change  in  applied 
potential  [Parkins,  Alexandriou,  and  Majumdar,  Materials  Perfor¬ 
mance  25, 10(1986):  p.  20]. 

H.  Kaesche  (Friedrich  Alexander  University  Erlangen-Nurnburg, 
Federal  Republic  of  Germany):  Concerning  the  change  from  trans- 
to  intergranular  crack  propagation,  we  have  (Kessler  and  Kaesche, 
Werkst.  u.  Korros.  35(1984):  p.  171]  studied  the  case  of  type  304 
(UNS  S30400)  stainless  steel  in  HCI-MgCI2  solution.  Cracks  start 
from  micropits  on  repassivated  slip  steps  filled  with  brittle  chromium- 
rich  oxides  proceeding  transgranularly  into  the  material  as  long  as  the 
passage  of  dislocations  across  relatively  soft  gram  boundaries  is 
easily  possible.  Deformation  of  the  specimen  is,  however,  accompa¬ 
nied  by  hydrogen  uptake  from  local  corrosion  at  the  crack  tip,  being 
transported  by  dislocations  and  eventually  stopped  at  grain  bound¬ 
aries.  With  deformation  increasing  during  the  progress  of  cracking, 
dislocations  will  pile  up  at  hydrogen-embrittled  grain  boundaries. 
Crack  growth  then  turns  to  being  intergranular,  but  apparently  only  at 
a  relatively  late  stage  of  cracking. 

R.N.  Parkins:  This  is  an  interesting  comment  and  underlines  the 
suggestion,  made  in  the  text  of  the  paper,  that  study  of  the  localized 
deformation  characteristics  in  the  context  of  environment-sensitive 
cracking  may  well  pay  significant  dividends. 

R.L.  Jones  (Pacific  Northwest  Laboratory,  USA):  With  regard  to 
your  figure  showing  crack  velocity  vs  current  density,  how  do  you 
account  for  very  high  crack-tip  current  densities,  such  as  those 
exceeding  1  A/cm2’  Where  do  the  cations  go,  and  what  is  the  rate- 
limiting  step’  How  do  we  account  for  crack  velocities  exceeding  the 
v-i  curve  shown? 

R.N.  Parkins:  The  current  densities  in  excess  of  1  A/cm2  in  Figure  15 
of  the  paper  relate  to  the  cracking  of  C-Mn  steel  in  nitrate  solutions 
and  were  reported  (by  T.P.  Hoar)  at  the  conference  to  which 
Reference  67  refers.  In  that  particular  system,  but  involving  a 
different  nitrate  solution  from  that  used  by  Hoar  and  his  coworkers, 
average  intergranular  penetration  rates  in  the  absence  of  stress  of 
about  2  y  1(T5  mm/s  have  been  observed  (Henthorn  and  Parkins, 
Brit  Corros.  J.  2(1967).  p.  186],  and  that  requires  an  average  current 
density  of  about  0.1  A/cm2.  At  strain  rates  that  maintain  the  crack  tip 
in  an  essentially  bare  condition,  crack  velocity  increases  by  about  an 
order  of  magnitude,  and  the  current  density  measurements  quoted  by 
Hoar  also  show  an  order  of  magnitude  increase.  It  is  most  likely  that, 
in  that  particular  system,  there  is  appreciable  acidification  of  the 
environment  at  the  crack  tip,  and  so  I  see  no  particular  difficulty 
with  the  high  current  densities  required.  It  should  be  remembered  that 
the  current  requirements  are  very  small  at  the  crack  tip,  being  of  the 
order  of  10~5  A  for  a  typical  stress  corrosion  crack  in  a  slow-strain- 
rate  test  specimen  some  10~3  mm  wide  at  the  tip,  and  propagating 
on  a  1-mm  front.  The  rate-limiting  step,  in  relation  to  the  crack 
velocity,  is  probably  as  indicated  in  Figure  19,  being  the  rate  of 
dissolution  at  strain  rates  high  enough  to  keep  the  crack  tip  bare,  and 


being  the  rate  of  film  rupture  at  strain  rates  that  permit  crack-tip 
filming. 

It  is  interesting  in  relation  to  Figure  15  that  the  two  systems  that 
show  crack  velocities  consistently  and  appreciably  above  the  v-i  line 
are  for  type  304  stainless  steel  in  chloride  and  a-brass  in  ammonia, 
both  of  which  are  strong  candidates  for  a  film-induced  cleavage 
mechanism  of  crack  growth.  Obviously,  where  crack  growth  rates  are 
in  excess  of  any  maximum  current-density  measurement,  it  is  difficult 
to  conclude  other  than  that  some  purely  mechanical  component  of 
crack  growth  is  involved  in  making  at  least  a  partial  contribution  to 
growth. 

S.M.  Bruemmer  (Pacific  Northwest  Laboratory,  USA):  I  have 
a  comment  and  a  general  question.  The  two  empirical  equations  to 
estimate  elemental  effects  on  cracking  propensity  that  you  compared 
basically  address  two  different  conditions.  Seah  and  Hondros’s 
equation  can  only  be  valid  for  steels  of  a  constant  microstructure,  and 
it  indicates  potential  effects  on  grain-boundary  chemistry,  while  the 
other  deals  primarily  with  alloying  element  effects  on  bulk  and  grain¬ 
boundary  microstructures.  The  fact  that  these  two  equations  do  not 
agree  with  one  another  is  not  surprising. 

My  general  question  relates  to  our  current  understanding  of 
dissolution-controlled  intergranular  SCC.  We  commonly  refer  to 
grain-boundary  structure  and  chemistry  controlling  susceptibility  to 
intergranular  SCC,  but  most  practical  examples  link  only  chemistry  to 
cracking.  Do  you  feel  that  grain-boundary  structure  has  a  primary  or 
secondary  effect  on  intergranular  SCC? 

R.N.  Parkins:  Your  comment  is  fair,  but  tne  comparison  was 
made  to  show  that  the  claim  of  Lea  and  Hondros— that  accepting 
Figure  3  of  the  text  as  an  empirical  indication  that  can  be  used 
predictively— is  not  valid. 

Insofar  as  grain-bour.dary  structure,  as  opposed  to  grain¬ 
boundary  chemistry,  may  influence  grain-boundary  deformation  (as 
indeed  may  grain-boundary  chemistry),  then  I  think  it  may  have  a 
significant  role  to  play  in  intergranular  cracking. 

W.W.  Gerberich  (University  of  Minnesota,  USA):  A  comment 
and  a  question  on  your  observation  that  intergranular  attack  occurs 
without  stress.  If  either  chemical  reaction  products  or  chemical 
concentration  gradients  result,  very  large  self-stresses  may  be 
induced.  Have  the  magnitudes  of  these  been  measured? 

R.N.  Parkins:  Reaction  products  formed  within  cracks  as  a 
source  of  self-stresses  have  been  argued  as  occupying  an  important 
role,  for  example,  by  Nielson  [in  Physical  Metallurgy  of  Stress 
Corrosion  Fracture,  ed.  Rhodin  (New  York,  NY:  Interscience,  1959), 
p.  1 21  ]  in  relation  to  the  cracking  of  austenitic  stainless  steel,  but  I  am 
not  aware  of  any  measurements  of  such  stresses.  The  issue  is 
complicated  by  virtue  of  the  fact  that,  in  many  cases,  crack  growth  will 
be  accompanied  by  crack  opening  and,  just  as  with  cyclic  loading 
where  crack-closure  effects  associated  with  corrosion  products  are 
much  more  prevalent  with  negative  R  values,  the  wedging  open  of 
stress  corrosion  cracks  is  only  possible  if  the  corrosion  products  grow 
faster  in  the  appropriate  direction  than  the  crack-opening  displace¬ 
ment  rate. 

R.W.  Staehle  (University  of  Minnesota,  USA):  The  state  of 
affairs  at  the  crack  tips  might  be  clarified  by  considering  more 
carefully  the  real  chemistry  inside  the  crack,  i.e.,  the  saturated 
solution  with  metal  cations;  the  formation  of  compounds  from  grain- 
boundary  species;  the  rush  of  ions  into  a  saturated  solution  with 
these  previous  species. 

R.N.  Parkins:  I  agree  A  small  amount  of  work  along  these  lines 
has  been  performed  for  a  few  systems,  usually  by  varying  the  pH  of 
the  bulk  environment  to  reflect  changes  in  the  crack  enclave,  but 
much  more  needs  to  be  done. 

M.M.  Hall  Jr.  (Westlnghouse  Corporation,  USA):  An  under¬ 
standing  of  the  factors  that  determine  mode  of  cracking  (intergranular 
vs  transgranular)  is  of  engineering  importance  in  that  laboratory 
specimens  may  not  always  produce  the  mode  of  cracking  experi¬ 
enced  in  the  field.  We  find  that  slow-strain-rate  tests  reproduce  the 
transgranular  cracking  of  an  austenitic  stainless  steel  found  in  our 
application,  but  that  compact-tension  specimens  do  not.  Is  it  possible 
that  stress  state  is  important,  and  do  you  know  of  examples  in  which 
this  has  been  demonstrated? 
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R.N.  Parkins:  Clearly,  laboratory  tests  must  reproduce,  as 
closely  as  possible,  the  mode  of  failure  produced  in  a  service 
situation  that  they  purport  to  simulate.  If  they  do  not,  they  are  of  little 
value  in  that  context.  There  are  a  number  of  possible  explanations  of 
the  result  that  is  quoted,  one  obvious  one  being  that  cracking  in  that 
system  is  strain  rate  dependent  and  that  the  compact-tension 
specimens  did  not  achieve  the  minimum  strain  rate  for  cracking.  Such 
may  occur  when  specimens  are  loaded  and  not  brought  into  contact 
with  the  test  environment  before  the  crack-tip  strain  rate  has 
exhausted  to  below  the  minimum  rate  for  cracking  (see  Parkins,  in 


“Stress  Corrosion  Cracking— The  Slow  Strain  Rate  Technique,” 
ASTM  STP  665,  ed.  Ugianski  and  Payer,  1979,  p.  5).  Alternatively,  it 
is  conceivable  that  the  environmental  conditions  within  the  enclave  of 
the  compact-tension  specimens  were  not  conducive  to  cracking. 
Those  are  the  factors  that  I  would  tend  to  consider  in  explaining  the 
differences  between  the  results  from  the  two  different  tests,  rather 
than  differences  in  stress  state,  because  once  cracking  has  propa¬ 
gated  for  an  appropriate  distance  in  a  slow-strain-rate  specimen,  the 
stress  state  is  not  likely  to  be  markedly  different  from  that  in  a 
compact-tension  specimen. 
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Mechanisms  of  Hydrogen-Related  Fracture  of  Metals 

H.K.  Birnbaum* 


Introduction 

The  number  of  studies  of  hydrogen-related  fracture  in  recent  years  is 
quite  impressive  both  in  the  variety  of  systems  studied  and  in  the 
amount  of  materials  characterization  that  has  been  obtained.1'3 
Despite  this  effort,  there  is  still  incomplete  understanding  of  the 
mechanisms  by  which  the  hydrogen-related  failures  occur,  and 
hence  each  material  becomes  a  new  and  novel  problem.  The 
advantage  of  obtaining  an  adequate  understanding  of  the  failure 
mechanisms  is  that  general  rules  of  behavior  can  then  guide  the 
selection  and  application  of  new  materials  in  aggressive  environ¬ 
ments. 

In  focusing  on  the  understanding  of  the  basic  mechanisms  of 
environment-related  fracture,  it  is  important  to  distinguish  between 
those  experiments  and  effects  that  are  dependent  on  the  kinetics  of 
fracture  and  those  that  are  mechanistically  related.  Kinetic  studies 
can  be  applied  to  develop  an  understanding  of  the  factors  that 
determine  the  failure  rates  but  should  not  be  used  to  classify 
materials  with  respect  to  the  mechanisms  of  failure.  Thus,  materials 
previously  classified  as  insensitive  to  hydrogen  effects,  e.g.  Al,4 
stainless  steels  (SSs),  etc.  have  recently  been  shown  to  be  highly 
susceptible  to  “hydrogen  embrittlement"  when  exposed  to  a  suffi¬ 
ciently  high  fugacity  of  hydrogen  or  tested  at  sufficiently  low  strain 
rates  and  the  proper  temperature  range.5  6 

There  has  been  no  shortage  of  suggested  mechanisms,1 ,2,7  but 
few  have  stood  the  test  of  critical  examination,  particularly  as  new 
experimental  and  theoretical  methods  become  available.  At  present, 
several  viable  mechanisms  remain,  each  of  which  can  be  supported 
by  some  experimental  and  theoretical  evidence.  The  preponderance 
of  evidence  indicates  that  there  are  several  hydrogen-related  failure 
mechanisms  rather  than  a  single,  dominant  mechanism,  and  that 
even  within  one  material  system,  several  of  these  may  be  operative. 
In  cases  in  which  this  is  true,  the  particular  mechanism  leading  to 
failure  is  controlled  by  kinetics.  An  example  of  this  will  be  discussed 
subsequently.  In  the  present  paper,  three  mechanisms  will  be 
discussed:  (1)  embrittlement  resulting  from  hydrogen-related  phase 
changes,  (2)  hydrogen-enhanced  plasticity-related  fracture,  and  (3) 
the  decohesion  mechanism. 

Hydrogen-Related  Phase-Change  Mechanisms 

A  number  of  metallic  systems  have  demonstrated  hydrogen 
embrittlement  resulting  from  stress-induced  formation  of  hydrides  or 
other  relatively  brittle  phases  and  the  subsequent  brittle  fracture  of 
these  phases.8 13  Several  types  of  phases  may  take  part  in  this 
failure  mechanism,  e.g.  hydrides,  martensitic  phases,'4  ”  etc.  The 
basic  requirements  are  that  these  phases  be  stabilized  by  the 
presence  of  hydrogen  and  the  crack-tip  stress  field,’0 ,6 18  and  that 
the  phase  that  forms  be  brittle.1930  The  typical  system  that  exhibits 
failure  by  this  mechanism  forms  stable  hydrides  in  the  absence  of 
stress,  and  these  hydrides,  by  virtue  of  their  large  AV, are 
thermodynamically  more  stable  under  the  stress  and  hydrogen- 
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fugacity  conditions  at  the  crack  tip.18  In  some  cases,  hydrides  can  be 
shown  to  resuit  from  this  stress  stabilization  even  when  they  are  not 
formed  in  the  absence  of  the  stress.21,22  Among  systems  that  exhibit 
hydride  embrittlement  are  the  group  Vb  metals  (Nb,  V, 
and  Ta),8'13, 23-25  Zr 26,27  Ti ,28'30  and  alloys  based  on  these  metals. 

There  are  also  a  number  of  alloy  systems  that  form  “pseudo- 
hydrides"  under  high-fugacity  conditions  such  as  cathodic  charging. 
These  "pseudo-hydrides”  are  in  fact  high-concentration  solid  solu¬ 
tions  formed  in  the  presence  of  a  miscibility  gap.31,32  These  systems 
often  exhibit  embrittlement  in  the  presence  of  this  high-concentration 
solid  solution  (or  by  the  stress-induced  formation  of  this  high- 
concentration  solid  solution),  even  though  this  phase  is  not  a  true 
hydride;  i.e.,  it  lacks  the  ordering  of  the  hydrogen  in  the  interstitial 
positions.  Examples  of  these  systems  include  Ni  and  its  alloys;32  Pd 
and  its  alloys;33  the  Group  Vb  metals  Nb,  Ta,  and  V  at  elevated 
temperatures;31  and  possibly  SS,  which  forms  a  “pseudo-hydride” 
phase  at  high  hydrogen  fugacity.16 

Hydrogen  embrittlement  by  stress-induced  formation  of  hy¬ 
drides  (or  high-concentration  solid  solutions)  is  observed  under 
conditions  in  which  the  hydrides  car.  form  at  a  rate  sufficient  to 
pieclude  other  forms  of  failure.  In  these  systems,  ductile  rupture  can 
occur  if  the  strain  rate  is  increased  or  if  the  temperature  is 
decreased,34  since  both  cause  ductile  fracture  prior  to  failure  by 
hydride  formation  and  cleavage.  Similarly,  if  the  temperature  is 
increased,  the  stability  of  the  hydride  may  be  sufficiently  decreased 
so  that  it  can  no  longer  be  stress  induced,  and  hence  failure  may 
again  occur  by  ductile  processes.  The  thermodynamics  of  the 
processes  allow  prediction  of  the  conditions  under  which  hydride- 
related  embrittlement  can  be  observed.18  Establishment  of  this 
failure  mechanism  requires  direct  evidence  for  the  formation  of  a 
hydride  at  the  crack  tip  of  a  propagating  crack.11,12,23,30  In  some 
cases,  the  stress-induced  hydrides  remain  at  the  fracture  surface  and 
can  be  detected;12,35  in  others  they  disappear  when  the  stress  field 
of  the  crack  tip  is  removed23  and  must  be  observed  while  under 
stress. 

Another  condition  for  hydride  embrittlement  is  that  the  hydride 
be  a  brittle  phase  that  undergoes  "cleavage"  fracture.  In  general,  this 
is  not  a  restrictive  condition,  since  most  of  the  hydrides  exhibit  very 
limited  ductility  because  of  restricted  dislocation  mobility  resulting 
from  the  disordering  of  the  hydrogen  by  dislocation  motion 19  20 

The  embrittloment  mechanism  may  be  qualitatively  described 
as  follows.  Under  the  applied  stress,  the  chemical  potential  of  the 
solute  hydrogen  and  the  hydride  are  reduced  at  tensile  stress 
concentrations,  such  as  crack  tips  Diffusion  of  hydrogen  to  these 
elastic  singularities  and  precipitation  of  hydrides  at  the  crack  tips  then 
occur.  The  phase  change  is  accompanied  by  a  decrease  in  the 
critical  stress  intensity  for  crack  propagation  because  the  hydrides 
are  generally  brittle  phases.  The  crack  may  propagate  into  the 
hydride,  the  formation  of  which  is  accompanied  by  a  high,  compres¬ 
sive  local  stress  field  resulting  from  the  very  large  AV,oimalk)n  This 
compressive  stress  field  can  give  rise  to  "phase  transformation 
toughening."30  However,  the  greatly  decreased  allows  rapid 
crack  propagation  when  the  applied  stress  is  only  moderately 
increased,  and  the  crack  propagates  by  cleavage  until  the  hydride- 
solid  solution  boundary  is  reached.  At  this  point,  the  crack  enters  a 
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ductile  phase  with  a  high  K,c  and  the  crack  stops  until  more  hydride 
is  formed.  The  process  repeats  itself,  resulting  in  discontinuous  crack 
growth  through  the  stress-induced  hydride  phase  and  with  hydride 
formation  along  the  flanks  of  the  cracks. 

The  stress-induced  hydride  formation  and  cleavage  mechanism 
can  account  for  all  of  the  observed  characteristics  of  hydrogen 
embrittlement  in  those  system  in  which  it  is  observed. 

(1)  Hydride  embrittlement  occurs  only  over  a  limited  tempera¬ 
ture  range  with  ductile  behavior  being  observed  at  higher  and  lower 
temperatures.9 11  The  solvus  temperature  of  the  hydride-forming 
systems  depends  on  the  local  stress  at  the  crack  tip  and  the  local 
hydrogen  concentration.18  Therefore,  above  a  critical  temperature, 
the  stress-induced  increase  in  solvus  is  not  sufficient  to  cause 
hydride  formation  before  ductile  failure  intervenes.  At  the  lower 
temperatures,  previously  precipitated  hydrides  crack  under  the 
applied  stress.  However,  the  hydrogen  diffusivity  and  the  rate  of 
hydride  formation  are  too  low  to  allow  re-precipitation  of  the  hydrides, 
and  ductile  fracture  intervenes. 

(2)  The  extent  of  hydrogen  embritilement  is  decreased  as  the 
strain  rate  is  increased.34  Ductile  fracture  and  stress-induced  hydride 
formation  and  cleavage  are  competitive  failure  mechanisms.  As  the 
strain  rate  is  increased,  less  time  is  available  for  the  diffusion- 
controlled  hydride  formation  at  the  crack  tip,  and  ductile  fracture 
intervenes.  The  temperature  range  over  which  hydrogen  embrittle¬ 
ment  is  observed  is  increasingly  restricted  and  the  strain  to  failure 
increases  as  the  strain  rate  decreases.  A  clear  demonstration  that  the 
extent  of  hydride  fracture  is  dependent  on  diffusivity-controlled 
hydride  growth  rate  was  provided  by  studies  that  used  deuterium  at 
low  temperatures.34  The  deuterium  diffusivity  at  low  temperatures  is 
very  much  lower  than  that  cf  hydrogen  (the  diffusion  is  highly 
nonclassic'16),  and  the  metal-deuterium  alloy  behavior  is  correspond¬ 
ingly  much  more  ductile  during  fracture. 

(3)  Pre-existing  hydride  precipitates  do  not  necessarily  cause 
severe  embrittlement.  In  some  systems,  such  as  Zr-based  alloys, 37 
the  presence  of  massive  hydrides  does  not  necessarily  cause 
hydrogen  embrittlement.  While  these  pre-existing  hydrides  often 
crack  under  external  stresses,  the  fracture  proceeds  between  the 
hydrides  in  a  ductile  manner.  The  ioss  of  ductility  is  then  similar  to  that 
caused  by  other  brittle  phases.  The  solid  solution  in  equilibrium  with 
the  pre-existing  hydrides  is  inherently  ductile  and  fails  in  a  ductile 
manner  unless  new  hydrides  grow  at  the  tips  of  the  cracks  formed  by 
fracture  of  the  hydrides.  It  is  this  stress-stabilized  hydride  that  is 
responsible  for  the  propagation  of  brittle  cracks.  A  continued  fracture 
by  the  hydride  mechanism  may  not  occur  for  several  reasons.  The 
hydrogen  diffusivity  may  be  too  low  to  allow  significant  hydride  growth 
prior  to  ductile  failure.  Alternatively,  the  temperature  may  be  too  high 
relative  to  the  solvus  of  the  solid  solution  to  allow  stress-stabilized 
hydride  at  the  crack  tip. 

(4)  Hydrides  are  not  always  observed  at  the  fracture  surfaces. 
Brittle  fracture  by  a  crack  propagating  through  the  hydride 
phase11-1330  will  occur  on  the  habit  plane  and/or  the  cleavage  plane 
of  the  hydride.  The  presence  of  hydride  at  the  sides  of  the  cracks 
requires  that  the  hydrido  be  stable  after  removal  of  the  crack-tip 
stress  field.  In  some  cases  (e.g.,  Nb11,12  and  Ti,30),  this  is  possible 
because  of  the  large  thermal  hysteresis  between  precipitation  and 
reversion,  while  in  other  cases  (e.g„  V23),  reversion  occurs  behind 
the  crack.  In  the  case  of  Zr  alloys,  reversion  of  precipitated  hydrides 
occurs  in  front  of  the  crack  to  supply  hydrogen  to  the  crack  tip,38  and 
similar  reversion  of  the  stress-induced  hydride  behind  the  crack  may 
therefore  occur. 

(5)  Hydrogen  embrittlement  of  metal  hydrogen  alloys  is  often 
soen  at  temperatures  above  the  solvus  temperatures.  This  observa 
tion  is  a  natural  consequence  of  the  effects  of  stress  on  the  solvus  of 
the  metal-hydrogen  systems.18  The  shift  in  the  hydride  solvus  can  be 
appreciable  since  the  solvus  temperatures  published  in  the  phase 
diagrams  correspond  to  precipitation  of  hydrides  that  are  constrained 
by  the  surrounding  solid  solutions.23  In  some  cases,  embrittlement 
results  at  high  temperatures  because  the  stabilization  of  dihydrides'1® 
by  the  applied  stress. 


In  a  qualitative  sense,  all  of  the  phenomena  described  above  tor 
hydride  embrittlement  can  apply  to  the  embrittlement  caused  by 
stress-induced  formation  of  other  phases.4"  These  may  be  oxides, 
nitrides,  etc.,  or  may  be  phases  stabilized  by  the  enhanced  hydrogen 
concentration  at  the  stressed  crack  tips.  In  all  cases,  the  important 
factors  are  the  same.  (1)  the  effects  of  stress  on  the  stability  of  the 
precipitated  phases  (i.e.,  the  requirement  that  the  precipitated  phase 
have  a  significant  and  positive  AVloirnat.on),  (2)  the  kinetics  of  phase 
transition,  and  (3)  the  mechanical  properties  of  the  precipitated 
phases  One  significant  difference  between  hydride  embrittlement 
and  that  resulting  from  the  formation  of  other  phases  is  that  the 
diffusivity  of  hydrogen  is  much  greater  than  that  of  other  solutes  at 
any  particular  temperature.36 

One  important  case  of  hydrogen-related  second-phase  embrit¬ 
tlement  of  some  importance  is  the  embrittlement  of  SSs.  This  matter 
is  still  quite  controversial  and  the  mechanism(s)  unproven.  In  a 
number  of  cases,  hydrogen  embrittlement  of  metastable  SSs  [e.g., 
types  304  and  316  (UNS  S30400  and  S31600)]  have  been  associ¬ 
ated  with  hydrogen-enhanced  transformation  of  the  y-lcc  phase  to 
the  a’-bcc  and  e-hcp  martensites.14'1741'43  In  situ  transmission 
electron  microscopy  (TEM)  studies  have  shown  that  these  marten¬ 
sitic  phases  are  formed  in  front  of  the  crack  tip  and  along  the  crack 
sides 1S-17  While  the  fracture  surfaces  of  hydrogen-embrittled  SSs 
(which  show  a  quasicleavage  aspect)  are  clearly  different  from  the 
microvoid  coalescence  fracture  seen  in  the  absence  of  hydrogen,  the 
actual  structure  of  the  surface  is  a  controversial  matter.  There  are 
several  difficulties  in  making  a  definitive  association  of  hydrogen 
embrittlement  with  the  formation  of  these  martensitic  phases. 

(1)  The  very  presence  of  these  phases  along  the  hydrogen 
embrittled  fracture  surfaces  has  been  disputed.44  45  In  part,  this  may 
result  from  the  fact  that  the  martensitic  phases  occur  only  very  close 
to  the  fracture  surfaces  (within  1  |im)  and  hence  require  detection 
techniques  sensitive  to  surface  phases. 

(2)  The  martensitic  phases  are  present  near  the  fracture 
surfaces  even  in  the  absence  of  hydrogen  because  of  deformation- 
induced  martensites.  The  major  difference  is  that  the  amount  of 
transformation  and  the  stress  at  which  the  transformation  occurs  is 
much  less  in  the  presence  of  hydrogen  gas  or  hydrogen  in  solid 
solution.17 

(3)  While  few  studies  have  been  conducted,  it  does  appear  that 
the  Ms  temperatures  are  not  significantly  affected  by  the  presence  of 
hydrogen  in  solid  solution 46  but  the  Ma  temperature  is  markedly 
reduced  by  hydrogen.16 

(4)  While  the  presence  of  martensitic  phases  at  the  surface  of 
hydrogen-embrittled  metastable  SSs  has  been  established,  it  has  not 
been  shown  whether  or  not  these  phases  are  a  necessary  condition 
for  fracture  or  a  consequence  of  the  enhanced  deformation  caused 
by  hydrogen.17 

In  addition  to  the  hydrogen-enhanced  martensitic  phases,  the 
metastable  and  stable  SSs  both  exhibit  formation  of  a  “pseudo- 
hydride"  phase16-47  at  high  hydrogen  concentrations.  This  y '-phase 
has  an  expanded  fee  structure  and  has  been  suggested  to  result  from 
a  miscibility  gap  in  the  Fe-Cr-Ni  system.16  The  role  of  this  y'-phase 
in  the  fracture  of  the  alloys  is  not  known.  While  stable  SSs  generally 
do  not  exhibit  hydrogen  embrittlement,  except  possibly  in  very  high 
hydrogen  fugacilies  [embrittlement  has  been  observed  in  type  310 
SS  (UNS  S31000)48),  these  stable  steels  do  form  the  y’-phase  during 
hydrogen  charging,  and  it  is  possible  that  this  high-hydrogen- 
concentration  phase  may  be  associated  with  the  fracture. 

Hydrogen-Enhanced  Local  Plasticity  Mechanism 

In  many  cases,  the  definition  of  hydrogen-related  fracture  as  a 
“brittle  fracture"  is  based  on  loss  of  macroscopic  ductility  and/or 
relatively  low-resolution  studies  of  the  fracture  surfaces.  It  was 
Beachem  who  first  suggested,49  on  the  basis  of  vareful  fractographic 
examination,  that  hydrogen  embrittlement  of  steels  was  in  fact 
associated  with  locally  enhanced  plasticity  at  the  crack  tip.  This 
viewpoint  received  little  attention  for  many  years.  In  recent  years,  it 
has  become  evident  that  hydrogen  "embrittlement”  by  means  of 
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locally  enhanced  plasticity  is  a  viable  fracture  mechanism,  the  term 
hydrogen-enhanced  local  plasticity  (HELP)  will  be  used  as  a  descrip¬ 
tive  phrase.  While  the  concept  of  enhanced  plasticity  appears  to  be 
at  variance  with  embrittlement,  there  is  no  contradiction  when  it  is 
recalled  that  the  distribution  of  hydrogen  can  be  highly  nonuniform 
under  an  applied  stress  Thus,  locally  the  flow  stress  can  be  reduced, 
resulting  in  localized  deformation  that  leads  to  highly  localized  failure 
by  ductile  processes,  while  the  total  macroscopic  deformation 
remains  small  In  fact,  we  are  familiar  with  shear  localization  in  many 
systems, 50  52  the  HELP  mechanism  proposes  sheai  localization 
resulting  from  hydrogen.  From  a  macroscopic  vantage  point,  this  type 
of  failure  will  appear  “brittle."  Strain-to-failure  measurements  made 
over  a  macroscopic  gauge  length  will  be  greatly  reduced  despite  the 
high  degree  of  local  plasticity.  Examination  of  the  tracture  surfaces  at 
low  resolution  will  induce  a  conclusion  of  a  "brittle”  fracture  surface 
because  of  the  highly  localized  nature  of  the  ductile  failure. 

In  recent  years,  this  point  of  view  has  been  supported  by  the 
work  of  Lynch3-53  and  Birnbaum,  et  al.,30-54'64  on  a  variety  of  systems. 
Using  both  fractographic  evidence  and  in  situ  environmental  cell  TEM 
deformation  and  fracture  studies,  it  has  clearly  been  shown  that  the 
HELP  mechanism  is  a  viable  failure  mechanism  for  a  large  number 
of  systems,  both  pure  metals  and  alloys,  based  on  Ni,54-55-60  Fe  ,57’59 
In  718, 61-65  type  304, 17  A533-B  (UNS  K03005) 56  and  316  (UNS 
S3 1600) 17  SSs;  Al,64  7075  (UNS  A97075),  and  7050  Al  age- 
hardened  alloys;63  and  a-Ti  alloys.30  The  phenomenon  is  quite 
general,  having  been  observed  in  pure  metals,  solid-solution- 
strengthened  alloys,  precipitation-hardened  alloys,  and  in  bcc,  hep, 
and  fee  crystal  structures.  In  addition  to  the  direct  studies  of  fracture 
cited  above,  there  is  a  growing  body  ot  results  that  support  the 
microscopic  oDservation  that  the  addition  of  hydrogen  to  a  system 
can  decrease  the  flow  stress  ot  that  system6’  ”  and  lead  to  strain 
localization.4  ’3  All  of  these  points  will  be  discussed  below. 

While  there  is  agreement  between  Lynch  and  Birnbaum,  et  al., 
on  the  basic  thesis  that  the  presence  of  hydrogen  increases  the 
plasticity  at  the  crack  tip  and  leads  to  fracture,  there  are  significant 
differences  in  that  Lynch  views  the  phenomenon  as  a  surface  effect, 
whilo  Birnbaum,  et  al.,  consider  the  hydrogen  effect  to  occur  in  the 
volume  of  the  material  as  well  as  near  the  surface.  Since  the  views 
of  Lynch  have  recently  been  reviewed,53  the  following  will  primarily 
discuss  the  HELP  mechanism  proposed  by  Birnbaum,  et  al.  The 
systems  to  which  this  mechanism  appears  to  apply  are  principally 
those  that  do  not  form  hydrides.  The  HELP  mechanism  is  competitive 
with  the  stress-induced  hydride  mechanism,  as  shown  by  the  studies 
of « -Ti30  (and  possibly  the  metastable  SSs17;  in  which  both  failure 
mechanisms  have  been  shown  to  apply  in  different  regimes  ot  crack 
velocities. 

The  HELP  mechanism  is  operative  for  hydrogen  in  solid  solution 
and  for  gaseous  hydrogen  environments.  In  both  cases,  the  appli¬ 
cation  ot  a  stress  results  in  a  nonuniform  distribution  of  hydrogen  with 
a  high  concentration  in  front  of  an  elastic  singularity  such  as  a  crack 
or  a  precipitate.  The  nigh  local  stress  field  at  the  tip  of  a  crack  reduces 
the  chemical  potential  of  solute  hydrogen,74  and  as  a  result  of 
diffusion,  the  concentration  is  locally  increased.  The  tip  of  the  crack 
is  also  the  most  likeiy  place  for  hydrogen  entry  from  a  gaseous 
atmosphere  since  it  is  the  place  where  plastic  deformation  first 
occurs,  and  hence  any  surface  barriers  to  entry  are  minimized.  As  will 
be  discussed  shortly,  the  resistance  to  dislocation  motion,  and  thus 
the  flow  stress,  is  decreased  by  the  presence  of  hydrogen.  Thus,  in 
the  regions  of  high  hydrogen  concentration,  the  flow  stress  is 
decreased  and  slip  occurs  at  stresses  well  below  those  required  for 
plastic  defoimation  in  uthei  parts  of  the  speamori,  ..e.,  slip  localize 
tiun  occurs  m  the  vicinity  of  the  ciack  tip.  This  has  been  clearly  shown 
foi  high  purity  Al4  and  Fe  N  alloys.’7  In  aJdition  to  the  local  decrease 
in  flow  stress,  hydrogen  has  been  shown  to  result  m  serrated  yielding 
(Portevm  LeChatelier  effect)  in  the  temperature  range  in  which 
hydiugen  embrittlement  is  severe.’4  The  region  of  serrated  yielding 
is  one  cf  negativo  strain  rate  dependence  (do.’dt  0).  and  shear 
localization  is  a  consequence.76 

Continued  localization  of  shea;  is  expected  to  lead  to  fracture  by 
the  various  plastic-failure  processes,  although  the  exact  mechanism 


by  which  shear  localization  causes  fracture  is  not  known.73  In  the  in 
situ  TEM  experiments,  void  formation  is  observed  along  the  intense 
slip  bands,58'60  63  66  and  shallow  microvoids  have  been  observed 
along  the  fracture  surfaces  of  macroscopic  hydrogen-embrittled 
specimens.53  The  in  situ  TEM  experiments  show  fracture  occurs 
along  slip  planes  in  a  saw-toothed  morphology  and  3-dimensional 
analogs,  pyramidal  features  bounded  by  {111}  slip  planes,  are 
observed  on  macroscopic  fracture  surfaces.54  55  One  consequence 
of  the  HELP  mechanism  is  that  the  fracture  surface  is  predicted  to  be 
that  along  which  the  shear  localization  occurs.  In  general,  this  is  the 
slip  plane,  as  has  been  observed,53  54  but  in  cases  where  cross  slip 
is  prevalent  or  where  special  constraints  are  imposed  by  the 
stressing  mode,37778  the  fracture  plane  may  differ  from  the  slip 
plane. 

The  behavior  of  many  systems  observed  during  in  situ  environ¬ 
mental  cell  TEM  experiments  is  consistent  with  the  above  description 
of  the  HELP  mechanism.  Deformation  of  the  specimens  in  vacuum 
resulted  in  failure  by  plastic  deformation  in  front  of  the  crack  tip  with 
the  region  of  deformation  extending  in  front  of  the  crack  and  being 
relatively  broad.  In  general,  the  deformation  occurred  in  several 
positions  in  the  specimen,  and  ductile  failure  often  occurred  at 
several  different  points.  Propagation  of  these  ductile  cracks  generally 
was  preceded  by  voids  opening  in  front  of  the  crack  front  as  well  as 
appreciable  thinning  of  the  material  in  front  of  the  crack. 

The  effects  of  hydrogen  on  fracture  in  these  TEM  specimens 
were  studied  for  static  cracks  under  stress.  On  adding  hydrogen  gas 
to  the  environmental  cell,  dislocation  sources  began  to  operate  and 
dislocations  began  to  increase  their  velocities.  Removal  of  the 
hydrogen  gas  resulted  in  a  cessation  of  the  dislocation  motion,  this 
cycle  could  be  repeated  many  times.  The  effect  of  the  hydrogen  was 
to  reduce  the  stress  for  dislocation  motion.56-66  Similar  effects  were 
seen  for  dislocations  in  parts  of  the  specimen  that  were  of  uniform 
thickness  and  far  from  the  cracks  and  that  were  in  thick  (several 
hundred  nm  thicknesses)  and  thin  parts  of  the  specimen.  Enhanced 
dislocation  velocities  resulting  from  hydrogen  were  observed  for 
screw,  edge,  and  mixed  dislocations  and  for  dislocations  that  were  in 
tangles,  in  slip  bands,  and  far  from  other  dislocations.  Similar 
behavior  was  observed  for  dislocations  in  fee,  bcc,  and  hep  crystal 
structures  and  in  alloys  as  well  as  in  pure  metals.  In  the  case  of  a 
number  of  metals,  the  effects  of  hydrogen  are  enhanced  by  the 
addition  of  small  amounts  of  solutes.5758  One  of  the  remarkable 
features  of  this  phenomenon  is  its  generality,  which  suggests  that  the 
mechanism  is  not  specific  to  a  .particular  type  of  material  or 
dislocation  type  The  effects  of  hydrogen  on  fracture  result  from  these 
effects  on  dislocation  behavior.  Fracture  in  hydrogen  was  similar  to 
that  in  vacuum  but  with  several  very  important  differences.  In  the 
presence  of  hydrogen,  the  plastic  deformation  processes  and  the 
resulting  fracture  took  place  at  greatly  reduced  stresses,  and  the 
plastic  zones  were  more  limited  in  extent.  Thus,  hydrogen  caused 
enhanced  plasticity  and  local  plastic  failure  at  lower  applied  stresses, 
i.o.,  "hydrogen  embrittlement.” 

Decreases  m  the  macroscopic  flow  stresses  because  of  the 
addition  of  hydrogen  into  sol'd  solution  have  been  interpreted  as 
resulting  from  enhanced  dislocation  motion.  These  effects  have  been 
observed  for  hydiogen  introduced  by  cathodic  charging  of  pure 
iron,6’ 89  b,  plasma  charging  of  iron,”  and  by  gaseous  charging  of 
pure  nickel.’"  Very  significant  decreases  in  the  flow  stresses  were 
observed,  particularly  after  cathodic  charging  of  high-punty  iron,  and 
while  these  can  result  from  dislocations  introduced  by  hydrogen 
charging,  the  experiments  weie  conducted  carefully  to  avoid  surface 
damage.  Flow  stress  decreases  in  iron  wero  interpreted  based  on 
decreases  in  the  energy  to  nucleate  kinks  on  dislocations,  thus 
decreasing  the  Peierls-Nabarro  lattice  interactions.6’ 69  However, 
observations  of  the  phenomena  in  systems  in  which  there  are  no 
strung  dislocation  lattice  interactions  suggest  that  this  explanation  is 
not  correct.  The  generality  of  the  phenomena  suggests  that  an 
explanation  must  be  based  on  interactions  common  to  many 
systems,  such  interactions  are  the  elastic  interactions  between 
dislocations  and  hydrogen  solutes. 
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The  reasons  for  the  enhanced  dislocation  moiion  resulting  from 
hydrogen  are  not  yet  established.  One  mechanism  being  studied  is 
based  on  “elastic  shielding”  of  dislocations  and  other  elastic  singu¬ 
larities  by  hydrogen  atmospheres.79  In  this  mechanism,  the  mobility 
of  hydrogen  allows  it  to  diffuse  to  positions  of  lowest  free  energy  and 
form  high-concentration  atmospheres  around  dislocations,  solutes, 
and  precipitates.  The  binding  enthalpies  for  the  hydrogen  are 
typically  of  the  order  of  10  to  50  kJ/mo!e,80  which  allows  the 
atmospheres  to  form  and  to  move  with  the  dislocations  in  the 
temperature  ranges  where  embrittlement  is  observed.  Thus,  in 
contrast  to  other  solute  atmospheres,  when  the  dislocations  move, 
the  hydrogen  atmospheres  can  move  with  them.  The  significant 
interactions  are  therefore  between  dislocations  and  defects,  which 
include  the  respective  atmospheres.  Furthermore,  since  the  hydro¬ 
gen  remains  mobile  during  the  interaction,  the  concentrations  and 
configurations  of  the  atmospheres  respond  to  the  stress  fields  of  all 
of  the  elastic  defects  participating  in  the  interaction.  Thus,  for 
example,  as  two  dislocations  approach  each  other,  their  hydrogen 
atmospheres  reconfigure  themselves,  and  the  hydrogen  concentra¬ 
tion  at  each  point  responds  to  the  sum  of  the  stress  fields  of  both 
dislocations;  a  reconfiguration  that  reduces  the  energy  of  the  entire 
system.  Similarly,  in  calculating  the  force  one  dislocation  exerts  on  a 
second,  the  contributions  to  this  force  must  be  summed  over  both 
dislocations  and  the  hydrogen  atmospheres. 

Self-consistent  elasticity  calculations  using  finite  element  meth¬ 
ods  were  performed  to  study  the  hydrogen  atmosphere  configura¬ 
tions,  the  interaction  energies,  and  the  forces  between  elastic 
singularities.79  In  general,  the  effects  of  hydrogen  atmospheres  at 
dislocations  is  to  decrease  the  interactions  of  elastic  defects  at  short 
range  and  to  have  no  effect  at  large  distances.  This  spatial 
dependence  is  a  consequence  of  the  result  that  the  hydrogen 
atmosphere  interactions  vary  as  1/r2,  while  the  dislocation  stress 
fields  vary  as  1/r.  The  magnitude  of  this  decrease  of  the  interaction 
stress  can  be  of  the  order  of  the  dislocation  stresses  at  distances  of 
about  10  Burger’s  vectors  for  reasonable  hydrogen  concentrations. 

The  magnitude  of  the  hydrogen  effect  increases  as  the  concen¬ 
tration  of  hydrogen  in  the  atmosphere  increases,  i.e.,  as  the  lattice 
hydrogen  concentration  increases  and  as  the  temperature  de¬ 
creases.  As  a  consequence,  the  "elastic-shielding"  effects  are  small 
at  high  temperatures  in  which  the  concentration  of  hydrogen  in  the 
atmospheres  is  small.  These  effects  are  also  small  at  low  tempera¬ 
tures  in  which  the  atmospheres  are  not  mobile.  In  the  intermediate 
temperature  range  and  at  low  dislocation  velocities,  the  effects  are 
largest  because  the  atmosphere  rearrangements  can  occur  in  phase 
with  the  dislocation  motion. 

These  shielding  effects  correspond  well  to  the  macroscopic 
softening  that  has  been  observed  (e.g.,  the  softening  is  greatest  at 
temperatures  around  200°K  in  Fe67'69)  is  largest  at  low  strain  rates 
and  increases  as  the  number  of  short-range  obstacles  such  as 
solutes  are  increased.*8  59  In  nickel  and  Ni-C  alloys,  the  temperature 
range  of  hydrogen-enhanced  dislocation  motion  is  also  that  in  which 
serrated  yielding  is  seen,  indicating  that  hydrogen  atmospheres  can 
move  along  with  the  dislocations.  Direct  elastic-shielding  effects  have 
been  observed  using  the  N  anelastic  relaxation  in  iron.81 

The  general  dependence  of  hydrogen  embrittlement  on  tem¬ 
perature  and  strain  rates  is  similar  to  that  observed  for  hydrogen 
softening  of  the  resistance  for  dislocation  motion.  The  m  situ  TEM 
studies  directly  show  that  the  hydrogen-enhanced  dislocation  motion 
leads  directly  to  fracture  by  slip  localization,  opening  up  of  voids,  and 
thinning  of  the  material  along  slip  bands.  This  slip  localization  also 
leads  to  fracture  in  macroscopic  specimens,  although  the  detailed 
mechanism  Is  not  established.  A  detailed  connection  between  the 
hydrogen  effects  on  dislocation  behavior,  slip  localization,  and 
hydrogen  “embrittlement”  is  not  well  established  and  remains  a 
major  issue. 

No  distinction  was  made  between  transgranular  and  intergran¬ 
ular  fracture  in  the  above  discussion.  Many  of  the  nonhydride  forming 
systems  exhibit  primarily  “intergranular"  fracture,  as  observed  by 
relatively  low-magnification  optical  and  scanning  electron  micro¬ 
scope  (SEM)  fractography.  On  observation  with  higher-resolution 


instruments,  in  many  cases  these  “intergranular”  fractures  exhibit 
features  that  suggest  the  fracture  paths  are  not  confined  to  the  grain 
boundaries.  One  of  the  important  issues  is  whether  or  not  the 
intergranular  and  transgranular  fractures  are  in  fact  caused  by 
different  mechanisms  or  if  they  are  variants  of  the  same  fracture 
mechanism.  This  cannot  be  answered  with  great  certainty,  because 
in  many  systems  the  intergranular  fracture  in  hydrogen  environments 
is  intimately  related  to  the  segregation  of  other  solute  species  to  grain 
boundaries  and  interfaces.  The  synergistic  effects  of  solute  segre¬ 
gation  complicate  an  already  difficult  situation.  In  the  case  of  Ni  and 
Fe,  the  interaction  of  H  with  segregants  such  as  S  and  P  has  been 
studied,82'84  and  it  has  been  shown  that  segregation  of  species  such 
as  S  at  the  grain  boundaries  reduces  the  fugacity  and  amount  of  H 
required  for  intergranular  fracture. 

In  Ni,  the  causes  of  intergranular  fracture  resulting  from 
hydrogen  have  been  extensively  studied.85  88  Transgranular  fracture 
by  the  HELP  mechanism  is  observed  on  slow-rate  straining  in  a 
hydrogen  atmosphere  at  temperatures  in  the  vicinity  of  room 
temperature,  while  the  same  testing  conditions  lead  to  "intergranu¬ 
lar”  fracture  when  hydrogen  is  present  as  a  solute.55  The  basis  for 
this  difference  in  behavior  can  be  seen  in  experiments  using 
secondary  ion  mass  spectroscopy  (SIMS)  to  determine  the  distribu¬ 
tion  of  hydrogen  in  Ni89  and  in  Nb-V  alloys.90  Very  large  segregation 
of  solute  H  (D)  was  observed  at  external  surfaces  and  at  some  grain 
boundaries.  Furthermore,  studies  of  “intergranular”  fracture  using  in 
situ  TEM  straining  techniques  have  shown  that  in  the  presence  of 
hydrogen,  the  “intergranular”  fracture  was  in  fact  fracture  by  the 
HELP  mechanism  that  occurred  in  the  vicinity  of  the  grain  boundaries 
and  occasionally  along  the  grain  boundaries.9'  Furthermore,  this 
hydrogen  segregation  occurred  over  appreciable  regions  (about  100 
nm  thick)  adjacent  to  the  surfaces  and  grain  boundaries.  Sulfur 
segregation  at  external  surfaces  had  the  effect  of  increasing  the 
amount  of  hydrogen  segregation  in  the  vicinity  of  these  surfaces. 

These  results  are  consistent  with  the  view  that  in  Ni,  and 
perhaps  in  other  systems,  hydrogen-enhanced  "intergranular"  frac¬ 
ture  is  in  fact  transgranular  fracture  by  the  HELP  mechanism  that 
occurs  in  the  vicinity  of  the  grain  boundaries.  Localization  of  the 
enhanced  dislocation  mobility  to  regions  near  the  grain  boundaries 
and  therefore  localization  of  the  fracture  resulting  from  this  enhanced 
dislocation  mobility  is  a  consequence  of  the  hydrogen  segregation  in 
the  vicinity  of  the  boundaries.  Fracture  occurs  near  the  grain 
boundaries  because  that  is  where  the  greatest  extent  of  hydrogen 
softening  occurs  Under  relatively  low  magnification,  these  appear  as 
intergranular  fracture,  but  with  higher  resolution  examination,  frac¬ 
tures  on  the  fracture  surfaces  that  are  consistent  with  plastic  failure 
adjacent  to  the  grain  boundaries  are  observed. 

The  importance  of  H  segregation  to  grain  boundaries  was 
clearly  shown  in  a  study  of  the  fracture  of  Ni-H  alloys  at  77°K.85  88 
Ni-H  alloys  in  which  segregation  of  the  H  to  grain  boundaries  did  not 
occur  were  completely  ductile,  As  the  extent  of  segregation  in¬ 
creased,  the  amount  of  intergranular  fracture  increased  until  the 
specimens  exhibited  completely  intergranular  fracture  at  a  critical 
grain-boundary  hydrogen  concentration.  It  was  the  achievement  of 
this  critical  concentration  that  controlled  the  fracture  at  the  grain 
boundaries  rather  than  the  overall  concentration  in  the  lattice. 
Achievement  of  this  critical  grain-boundary  concentration  was  con¬ 
trolled  by  diffusion  of  H  to  the  grain  boundaries  either  before  or  during 
the  tensile  tests  (if  they  wore  performed  at  temperatures  at  which  H 
could  diffuse)  At  any  segregation  temperature,  the  lattice  H  concen¬ 
tration  determined  whether  or  not  this  critical  grain-boundary  hydro¬ 
gen  concentration  could  be  achieved  by  segregation.  Synergistic 
effects  of  S  and  H  segregation  were  observed  similar  to  those 
observed  by  cathodic  charging.82  83  In  the  presence  of  S  segregation, 
the  amount  of  solute  hydrogen  required  to  achieve  the  critical 
grain-boundary  concentration  for  fracture  was  greatly  decreased.87 

Hydrogen  Effects  on  the  Cohesive  Energy 

One  of  the  oldest  and  most  commonly  referred  to  mechanisms 
of  hydrogen  embrittlement  is  the  "decohesion"  mechanism.92'94  In 
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general  outline,  decohesion  associates  hydrogen  embrittlement  with 
a  decrease  in  the  atomic  bond  strength  resulting  from  the  local 
concentration  of  hydrogen.  Thus,  the  fracture  is  cleavage,  which 
occurs  when-the  applied  stress  exceeds  the  “cohesive  stress,"  a 
material  parameter  that  is  assumed  to  be  decreased  by  the  presence 
of  hydrogen  in  solid  solution.  This  cleavage  fracture  is  generally 
accompanied  by  plastic  deformation,95  which  greatly  increases  the 
total  energy  of  fracture  and  hence  the  macroscopic  Klc.  In  the 
systems  in  which  fracture  occurs  transgranularly,  failure  is  expected 
to  be  along  the  cleavage  planes  and  to  exhibit  the  fractography  of 
cleavage,  while  intergranular  fracture  should  occur  directly  along  the 
grain-boundary  surfaces.  In  intergranular  fracture,  the  relevant 
parameters  are  the  cohesive  energy  and  cohesive  force  of  the  grain 
boundary,  which  are  also  postulated  to  be  decreased  by  the 
presence  of  hydrogen  as  well  as  the  segregation  of  many  other 
solutes. 

There  are  a  number  of  “open  issues"  relating  to  the  observa¬ 
tional  base  on  which  the  decohesion  mechanism  is  founded. 
Intergranular  fracture  by  decohesion  resulting  from  hydrogen  implies 
that  the  fractography  should  reveal  the  morphology  of  the  grain 
interfaces,  whereas  most  high-resolution  fractography  shows  a  great 
deal  more  structure  on  the  hydrogen-embrittled  intergranular  fracture 
surfaces  than  is  expected  from  brittle  fracture  along  the  grain 
boundaries.  In  situ  TEM  observations  of  the  hydrogen-related 
intergranular  fracture  of  a  number  of  systems91  show  that  the  fractu  re 
occurs  mostly  along  slip  planes  in  the  vicinity  of  the  gram  boundaries, 
often  crossing  the  grain  boundary  to  follow  slip  planes  in  the  adjacent 
grains.  In  contrast  to  this  behavior  associated  with  hydrogen-assisted 
fracture,  hydrogen-assisted  failure  in  the  Ni-S  system  with  S  segre¬ 
gated  at  the  gram  boundary  does  occur  by  crack  propagation  along 
the  gram  boundary,  albeit  accompanied  by  significant  plasticity  on 
both  sides  of  the  boundary  .87,96 

The  fractography  of  transgranular  fracture  resulting  from  deco¬ 
hesion  should  be  cleavage  fracture,  whereas  most  observations  can 
be  classified  as  “quasicleavage.”  This  term,  whose  meaning  is 
somewhat  elusive,  generally  describes  a  fracture  surface  that  shows 
evidence  of  significant  local  plasticity  and  fracture  features  that 
resemble  those  on  cleavage  fracture  surfaces  but  that  are  consid¬ 
erably  less  crystallographic.  The  differences  in  true  cleavage  sur 
faces  are  often  ascribed  to  plastic  deformation,  this  explanation  is 
somewnat  specious,  since  plastic  deformation  is  crystallographically 
conservative,  at  least  on  a  local  scale.  Thus  cleavage  of  a  prede- 
tormed  material  should  show  similar  crystallographic  features  to 
those  seen  in  an  undeformed  specimen  This  is  not  generally  true  of 
the  fractures  cited  as  evidence  for  the  decohesion  mechanism  The 
other  obseivation  cited  as  evidence  for  decohesion  is  that  the 
fracture  surface  corresponds  to  what  is  believed  to  be  the  cleavage 
plane  of  the  system  rather  than  the  slip  plane.  However,  the  actual 
macroscopic  plane  will  reflect  the  nature  of  the  macroscopic  stress 
tensor  and  may  reflect  fracture  on  a  combination  of  slip  planes  on  a 
fine  scale  that  sum  to  an  overall  fracture  plane  corresponding  to  the 
supposed  cleavage  plane.  This  can  only  be  determined  by  careful 
high-resolution  fractography,  which  generally  has  not  been  con¬ 
ducted. 

The  principal  issue  in  determining  whether  or  not  the  decohe¬ 
sion  mechanism  has  any  validity  is  whether  or  not  hydrogen 
decreases  the  "cohesive  energy"  or  the  "cohesive  stress."  Evidence 
for  a  hydrogen-related  decrease  in  the  “cohesive  energy”  may  be 
sought  in  the  elastic  constants,  atomic  force  constants  derived  from 
phonon  dispersion  curves,  surface-energy  measurements,  fracture- 
surface  energies,  and  theory.  Direct  support  for  this  postulated 
decrease  does  not  exist  except  in  the  realm  of  theoretical 
calculations.87  The  elastic  constants  of  Group  Vb  metals  with 
hydrogen  have  been  extensively  determined,98  100  in  the  case  of  Nb, 
up  to  compositions  of  the  order  of  H/Nb  =  0.8.  The  general  result  is 
that  significant  increases  in  C,,  and  the  bulk  modulus  B  and 
decreases  in  the  shear  modulus  C  are  observed.  For  the  same  metal, 
the  phonon  frequencies  and  the  corresponding  atomic  force  con¬ 
stants  are  all  increased  by  the  addition  of  H  to  solid  solution.101  These 
increases  in  the  elastic  constants  and  phonon  frequencies  are  all  the 


more  remarkable  because  they  occur  despite  the  very  large  volume 
increases  that  accompany  H  in  solid  solution;  these  volume  in¬ 
creases  normally  cause  decreases  in  the  elastic  and  atomic  force 
constants  (as  observed  in  the  fee  metals).  Both  the  elastic  constants 
and  the  phonon  frequencies  correspond  to  “small-strain"  parameters 
and  describe  the  effect  of  hydrogen  on  the  part  of  the  lattice  potential 
curve  close  to  the  equilibrium  positions.  Despite  this  limitation,  the 
dependencies  of  these  parameters  on  H  concentration  in  bcc  metals 
are  not  consistent  with  hydrogen-related  decreases  in  the  cohesive 
energy  or  the  cohesive  force.  In  fee  metals,  the  situation  is  somewhat 
different  in  that  hydrogen  decreases  the  elastic  parameters,101 
principally  as  a  result  of  the  volume  increase  on  adding  H  to  solid 
solution. 

Since  the  elastic  and  atomic  force  constants  pertain  to  the  initial 
part  of  the  atomic  force-displacement  curves,  an  increase  in  these 
parameters  does  not  necessarily  imply  an  increase  in  the  cohesive 
force,  i.e.,  the  maximum  of  the  force-displacement  cun/e.  A  direct 
measurement  of  this  parameter  is  not  yet  possible.  The  area  under 
the  atomic  force  displacement  curve  is  27,  where  7,  is  the  fracture 
surface  energy.  This  parameter  has  been  measured  in  the  brittle  (J 
NbH08  hydride  phase19  and  shown  to  be  equal  to  the  equilibrium 
surface  energy  of  Nb.  Thus,  even  at  H/Nb  =  0.8,  there  was  no 
significant  decrease  in  the  surface  energy  because  of  hydrogen  A 
similar  conclusion  was  drawn  from  measurements  of  the  equilibrium 
surface  free  energy  of  Ni  +  300  appm  H.102 

Recent  theoretical  discussions  of  this  problem  have  suggested 
that  H  causes  a  significant  decrease  in  the  bonding  of  atoms,  i  e ,  a 
decohesion  during  stressing.  While  these  calculations,  based  on  a 
cluster  variational  method103  and  on  the  embedded-atom  method, 97 
support  the  decohesion  mechanism,  they  remain  the  only  support  for 
it  in  the  absence  of  direct  experimental  measurements.  What  is 
required  is  a  sounder  basis  for  this  fracture  mechanism  before  it  is 
accepted  as  a  viable  embrittlement  mechanism. 

Conclusion 

Several  theories  of  hydrogen-related  fracture  nave  been  dis¬ 
cussed  in  the  context  of  critical  experimental  measurements.  While 
the  discussion  of  the  voluminous  literature  was  limited  to  those 
experiments  designed  to  challenge  and  test  the  theoretical  concepts, 
the  evidence  presented  clearly  shows  support  for  two  mechanisms  of 
hydrogen  embrittlement,''  "stress-induced  hydride  formation  and 
cleavage,"  and  "hydrogen-enhanced  localized  plasticity."  A  third 
mechanism,  "hydrogen-induced  decohesion,"  remains  a  possible 
failure  mechanism,  since  no  definitive  support  can  be  mustered  nor 
can  completely  convincing  counter  evidence  be  adduced. 

The  existence  of  several  “hydrogen-embrittlement"  mecha¬ 
nisms  is  clearly  established.  In  a  sense,  these  are  competitive  with 
each  other  and  with  ductile  (nonhydrogen-related)  fracture.  Several 
mechanisms  may  even  operate  in  a  single  system.  The  observed 
tracture  mechanism  is  controlled  by  the  thermodynamics  and  kinetics 
of  the  various  fracture  processes. 

All  of  the  observed  environmental  fracture  characteristics  can 
be  accounted  for  on  the  basis  of  the  above  three  fracture  mecha¬ 
nisms. 

Acknowledgment 

The  above  discussion  summarizes  the  efforts  of  many  of  my 
students  and  research  associates  over  the  past  years  I  am  extremely 
grateful  for  the  privilege  of  working  with  them.  I  would  like  to 
particularly  acknowledge  my  interactions  with  Professor  Ian  Robert¬ 
son.  Particular  thanks  are  due  to  the  staff  of  the  Argonne  National 
Laboratory  Center  for  High  Voltage  Electron  Microscopy  and  of  the 
Illinois  Center  for  the  Microanalysis  of  Materials,  at  which  much  of  the 
experimental  work  was  carried  out.  I  am  particularly  grateful  for  the 
patience  and  understanding  of  the  staffs  of  the  Department  of 
Energy,  Division  of  Materials  Research,  of  the  National  Science 
Foundation,  Division  of  Materials  Research  and  of  the  Office  of  Naval 
Research,  all  of  which  supported  various  parts  of  the  research 
summarized  above. 


EICM  Proceedings 


25 


References 

1.  H.K.  Birnbaum,  M.  Grossbeck,  S.  Gahr,  Hydrogen  in  Metals, 
ed.  I.M.  Bernstein,  A.  Thompson  (Metals  Park,  OH:  ASM 
International,  1973),  p.  303. 

2.  H.K.  Birnbaum,  Environmentally  Sensitive -Fracture  of  Engi¬ 
neering  Materials,  ed.  2.A.  Foroulis  (Warrendale,  PA:  The 
Metallurgical  Society  of  the  American  Institute  of  Mining, 
Metallurgical,  and  Petroleum  Engineers,  1979),  p.  326. 

3.  S.P.  Lynch,  Acta  Metall.  36(1988):  p.  2639. 

4.  F.  Zeides,  H.K.  Birnbaum,  to  be  published;  F.  Zeides  (Ph.D. 
diss.,  University  of  Illinois,  1986). 

5.  R.  Liu,  N.  Narita,  C.J.  Altstetter,  H.K.  Birnbaum,  E.N.  Pugh, 
Metall.  Trans.  11A(1980):  p.  1563. 

6.  C.L.  Briant,  Hydrogen  Effects  in  Metals,  ed.  I.M.  Bernstein, 
A.W.  Thompson  (Warrendale,  PA:  TMS-AIME,  1981),  p.  527. 

7.  H.K.  Birnbaum,  Atomistics  of  Fracture,  ed.  R.M.  Latanision, 
J.R.  Pickens  (New  York,  NY:  Plenum  Press,  1981),  p.  733. 

8.  D.H.  Sherman,  C.V.  Owen,  T.E.  Scott,  Trans.  AIME  242(1968): 
p.  1775. 

9.  C.V.  Owen,  T.E.  Scott,  Metall.  Trans.  3(1972):  p.  1715. 

10.  D.G.  Westlake,  Trans.  ASM  62(1969):  p.  1000. 

11.  S.  Gahr,  M.L.  Grossbeck,  H.K.  Birnbaum,  Acta  Metall.  25(1977): 
p.  135. 

12  M.L  Grossbeck,  H.K.  Birnbaum,  Acta  Metall.  25(1977):  p.  125. 

13.  D.  Hardie,  P.  McIntyre,  Metall.  Trans.  4(1973):  p.  1247. 

1 4.  R.B.  Benson,  R.K.  Dann,  L.W.  Roberts.  Trans.  ASM  242(1 968): 
p.  2199. 

15.  N.  Narita,  H.K.  Birnbaum,  Scripta  Metall.  14(1980):  p.  1355. 

16.  N.  Narita,  C.  Altstetter,  H.K.  Birnbaum,  Metall.  Trans.  A 
13A(1982):  p.  135. 

17.  P.  Rozenak.  I.M.  Robertson,  H.K.  Birnbaum,  Metall.  Trans.  A, 
in  press  1989. 

18.  T.B.  Flannagan,  N.B.  Mason,  H.K.  Birnbaum,  Scripta  Metall. 
15(1981):  p.  109. 

19.  S.  Gahr,  H.K.  Birnbaum,  Acta  Metall.  28(1980):  p.  1207. 

20.  H.K.  Birnbaum,  J.  of  Less  Common  Metals  103(1984):  p.  31 

21.  B.  Makenas,  H.K.  Birnbaum.  Acta  Metall.  28(1980):  p.  979. 

22.  M.L.  Grossbeck.  M.  Amano,  H.K.  Birnbaum,  J.  Less  Common 
Metals  49(1976):  p.  357. 

23.  S.  Takano,  T.  Suzuki,  Acta  Metall.  22(1974):  p.  265. 

24.  T.W.  Wood,  R.D.  Daniels,  Trans.  AIME  233(1965):  p.  898. 

25.  A.L.  Eustice,  O.N.  Calson,  Trans.  ASM  53(1961):  p.  501. 

26.  D  O.  Northrup,  Environr  entally  Sensitive  Fracture  of  Engineer¬ 
ing  Material,  p.  451. 

27.  K  Nuttall,  Effects  of  Hydrogen  on  the  Behavior  of  Materials,  ed. 
A.W.  Thompson,  I.M.  Bernstein  (Warrendale,  PA:  TMS-AIME, 
1975),  p.  441. 

28.  N.E.  Paton,  J.C.  Williams,  Hydrogen  in  Metals,  p.  409. 

29  H  G.  Nelson,  D.P.  Williams,  J.E.  Stein,  Metall.  Trans.  3(1972): 
p.  469. 

30  D  Shih,  I.M.  Robertson,  H.K.  Birnbaum,  Acta  Metall.  36(1988): 
p.  111. 

3  T.  Schober,  H.  Wenzl,  Hydrogen  in  Metals  II,  ed,  G.  Alefeld,  J. 
'kl  (Berlin,  Federal  Republic  of  Germany:  Springer-Verlag, 
1978),  p.  11. 

32.  B.  Baranowski,  Hydrogen  in  Metals  II.  p.  157. 

33.  E.  Wicke,  H.  Brodowsky,  Hydrogen  in  Metals  II,  p.  73. 

34.  S.  Gahr,  H.K.  Birnbaum,  Scripta  Metall.  10(1976):  p.  635. 

35.  M.L.  Grossbeck,  P.C.  Williams,  C.A.  Evans  Jr.,  H.K.  Birnbaum, 
P.hysica  Status  Solidi  (a)  34(1976):  p.  K97. 

36.  J.  Volkl,  G.  Alefeld,  Hydrogen  in  Metals  I,  ed.  G.  Alefeld,  J.  Volkl 
(Berlin,  Federal  Republic  of  Germany:  Springer-Verlag,  1978), 
p.  321. 

37.  C.J.  Beevers,  D.V.  Edmonds,  J.  Nucl.  Mater.  33(1969):  p.  107. 

38.  R.  Dutton,  K.  Nuttall,  M.P.  Puls,  L.A.  Simpson,  Metall.  Trans.  A 
8A(19?7):  p.  1553. 

39.  S.  Gahr,  H.K.  Birnbaum,  Acta  Metall.  26(1978):  p.  1781. 

40.  H.K.  Birnbaum,  Scripta  Metall.  10(1976):  p.  747. 


41.  D.  Eliezer,  D.  Chakrapani,  C.  Atstetter,  E.N.  Pugh,  Metall. 
Trans.  A  10A(1979):  p.  975. 

42.  M.R.  Louthan  Jr.,  J.A.  Donovan,  D.E.  Raw!  Jr.,  Corrosion 
29(1973):  p.  108. 

43.  C.L.  Briant,  Metall.  Trans.  A  10A(1979):  p.  181 . 

44.  H.  Hanninen,  T.  Hakarainen,  Corrosion  36(1980):  p.  47. 

45.  M.B.  Whiteman,  A.R.  Troiano,  Corrosion  21(1965):  p.  53. 

46.  A.  Thompson,  O.  Buck,  Metall.  Trans.  A  7A(1976):  p.  329. 

47.  P.  Maulik,  J.  Burke,  Scripta  Metall.  9(1975):  p.  17. 

48.  A.W.  Thompson,  Mater.  Sci.  Eng.  14(1974):  p.  253. 

49.  C.D.  Beachem,  Metall.  Trans.  3(1972):  p.  437. 

50.  H.E.  Deve,  S.V.  Haren,  C.  McCullough,  R.J.  Asaro,  Acta  Metall. 
36(1988):  p.  341. 

51.  R.J.  Asaro,  Adv.  in  Appl.  Mechanics  23(1983):  p.  1. 

52.  R.J.  Asaro,  A.  Needleman,  Scripta  Metall.  18(1984):  p.  429. 

53.  S.P.  Lynch,  J.  Mater.  Sci.  21  (1986):  p.  692. 

54.  T.  Matsumoto,  H.K.  Birnbaum,  Trans.  Japan  Inst,  of  Metals 
21(1980):  p.  493. 

55.  J.  Eastman,  T.  Matsumoto,  N.  Narita,  F.  Heubaum,  H.K. 
Birnbaum,  Hydrogen  in  Metals,  p.  397. 

56.  T.  Matsumoto,  J.  Eastman,  H.K.  Birnbaum,  Scripta  Metall. 
15(1981):  p.  1033. 

57.  T.  Tabata,  H.K.  Birnbaum,  Scripta  Metall.  17(1983):  p.  947. 

58  T  Tabata,  HK  Birnbaum,  Scripta  Metall.  18(1984):  p.  231. 

59  T  Tabata,  H.K.  Birnbaum,  Japan  Inst,  of  Metals  24(1985);  p. 
485. 

60.  I.M.  Robertson,  H.K.  Birnbaum,  Acta  Metall.  3(1986):  p.  353. 

61 .  D  Shih,  H  K  Birnbaum,  Modeling  Environmental  Effects  on 
Crack  Growth  Processes,  ed.  R.H.  Jones,  W.  Gerberich 
(Philadelphia,  PA:  ASTM,  1986),  p.  355. 

62.  H.K.  Birnbaum,  I.M.  Robertson,  G.  Bond,  D.  Shih,  Proceedings 
of  the  11th  International  Congress  on  Electron  Microscopy 
(Tokyo,  Japan:  Japan  Society  of  Electron  Mic.,  1986),  p.  971. 

63.  Japan  Soc.  of  Electron  Mic.,  Tokyo,  Japan,  G.  Bond,  I.M. 
Robertson,  H.K.  Birnbaum,  Acta  Metall.  35(1987):  p.  2289. 

64.  G.  Bond,  I.M.  Robertson,  H.K.  Birnbaum,  Acta  Metall.  36(1 988): 
p.  2193. 

65.  I.M.  Robertson,  H.K.  Birnbaum,  to  be  published. 

66.  I.M.  Robertson,  H.  Hanninen,  H.K.  Birnbaum,  to  be  published. 

67.  H.  Matsui,  H.  Kimura,  S.  Moriya,  Mater.  Sci.  Eng.  40(1979):  p. 
207. 

68.  S.  Moriya,  H.  Matsui,  H.  Kimura,  Mater.  Sci.  Eng.  40(1979):  p. 
217. 

69  H.  Matsui,  H.  Kimura,  A.  Kimura,  Mater.  Sci.  Eng.  40(1979):  p. 
227. 

70  J,  Eastman,  F.  Heubaum,  T.  Matsumoto,  H.K.  Birnbaum,  Acta 
Metall.  30(1982):  p.  1579. 

71.  A.  Kimura,  H.K.  Birnbaum,  Scripta  Metall.  21(1987):  p.  53. 

72.  A.  Kimura,  H.K.  Birnbaum,  Acta  Metall.  35(1987):  p.  1077. 

73  HE  Deve,  R.J.  Aaro,  N.R.  Moody,  Scripta  Metall.  23(1989):  p. 
389. 

74  J.C.M  Li,  R.A.  Oriani,  L.S.  Darken,  Zeits.  Physik.  Chemie. 
NeueFolge  49(1966):  p.  271. 

75  A,  Kimura,  H.K.  Birnbaum,  Acta  Metall.  (submitted). 

76.  P.G,  McCormick,  Acta  Metall.  36(1988):  p.  3061. 

77.  H.  Vehoff,  W.  Rothe,  Acta  Metall.  31(1983):  p.  1781. 

78.  H.  Vehoff,  C.  Laird,  D.J.  Duquette,  Acta  Metall.  35(1987):  p. 
2877. 

79  H  K  Birnbaum,  P,  Sofronis,  R.  McMeeking,  to  be  published. 

80.  J.P.  Hirth,  Metall.  Trans.  A  1 1  (1 980):  p.  861 . 

81.  J.J.  Au,  H.K.  Birnbaum,  Scripta  Melall.  12(1978):  p.  457. 

82.  R.H.  Jones,  S.M.  Breummer,  M.T.  Thomas,  D.R.  Baer,  Metall. 
Trans.  A  14A(1983):  p.  1729. 

83.  S.M.  Breummer,  R.H.  Jones,  M.T.  Thomas,  D.R.  Baer,  Metall. 
Trans.  A,  14A(1983):  p.  223. 

84.  K.S.  Shin,  M.  Meshii,  Acta  Metall.  31(1983):  p.  1559. 

85.  D.  Lassila,  H.K.  Birnbaum,  Modeling  of  Environmental  Effects 
on  Crack  Growth  Processes,  ed.  R.H.  Jones,  W.W.  Gerberich 
(Warrendale,  PA:  TMS-AIME,  1986),  p.  259. 

86.  D.  Lassila,  H.K.  Birnbaum,  Acla  Metall.  34(1986):  p.  1237. 


26 


EICM  Proceedings 


37.  D.  Lassila,  H.K.  Birnbaum,  Acta  Metall.  35(1987):  p.  1815. 

88.  D.  Lassila,  H.K.  Birnbaum,  Acta  Metall.  36(1988):  p.  2821. 

89.  H.  Fukushima,  H.K.  Birnbaum,  Acta  Metall.  3(1984):  p.  851. 

90.  B.  Ladna,  C.  Loxton,  H.K.  Birnbaum,  Acta  Metall.  34(1986):  p. 
988. 

91.  I.M.  Robertson,  T.  Tabata,  W.  Wei,  F.  Heubaum,  H.K.  Birn¬ 
baum,  Scripta  Metall.  18(1984):  p.  841. 

92.  E.A.  Steigerwald,  F.W.  Schaller,  A.R.  Troiano,  Trans.  TMS- 
AIME  218(1960):  p.  832. 

93.  R.A.  Oriani,  P.H.  Josephic,  Acta  Metall.  22(1974):  p.  1065. 

94.  R.A.  Oriani,  P.H.  Josephic,  Acta  Metall.  25(1977):  p.  979. 

95.  C.J.  McMahon  Jr.,  V.  Vitek,  Acta  Metall.  27(1979):  p.  507. 

96.  T.C.  Lee,  I.M.  Robertson,  H.K.  Birnbaum,  Acta  Metall.  37(1 989): 
p.  407. 

97.  S.M.  Folles,  M.l.  Baskes,  M.S.  Daw,  Phys.  Rev.  B  33(1986):  p. 
7983. 

98.  F.M.  Mazzolai,  H.K.  Birnbaum,  J.  Phys  r  15(1985):  p.  507. 

99.  F.M.  Mazzolai,  H.K.  Birnbaum,  J.  Phys.  F.  15(1985):  p.  525. 
100  A.  Mageri,  B  Bere,  G.  Alefeld,  Phys.  Stat.  Sol.  (a)  28(1975):  p. 

591. 

101.  T.  Springer,  Hydrogen  in  Metals  I,  p.  75. 

102.  E.A.  Clark,  R.  Yeske,  H.K.  Rirnbaum,  Metall.  Trans.  A 1 1  A{1980): 
p.  1903. 

103.  C.L  Briant,  R.P.  Messmer,  Phil.  Mag.  42(1980):  p.  569. 

Discussion 

B.  Cox  (Atomic  Energy  of  Canada  Ltd.,  Canada):  The 
stress  induced  hydride  precipitation  mechanism  for  cracking  of 
hexagonal  metals  is  interesting  because  4  is  dnectly  testable  after  the 
event  by  fractography.  If  this  mechanism  is  operating,  then  the 
fracture  surface  must  satisfy  the  crystallography  ot  the  hydride  phase 
(tetragonal  or  cubic)  and  not  the  matrix  (hexagonal).  I  have  not  seen 
any  fractography  for  stress  corrosion  cracking  (SCC)  of  a-Ti  that  is 
other  than  hexagonal  -  suggesting  this  hydride  cracking  mechanism 
is  not  operating  in  SCC  Have  you  seen  any  such  SCC  fractures  (i.e., 
with  cubic  or  tetragonal  symmetry)? 

H.K.  Birnbaum:  Evidence  for  hydride  on  the  fracture  surface 
has  been  obtained  in  the  Nb  H  system  where  there  is  a  large  thermal 
hysteresis  between  the  hydride  formation  and  reversion.  This  thermal 
hysteresis  depends  on  the  volume  change  on  forming  the  hydride 
and  on  the  extent  of  plastic  accommodation.  It  should  be  large  in  Ti 
and  Zr  alloys,  and  therefore  hydride  should  remain  at  the  fracture 
surface  if  care  is  taken  to  prevent  loss  of  hydrogen  after  the  fracture. 
Hydride  at  the  fracture  surface  of  macroscopic  specimens  has  been 
reported  by  Paton,  et  at.,  and  of  course  we  have  seen  it  in  the 
transmission  electron  microscope  for  embrittlement  of  alpha-tita¬ 
nium  The  hydride  layer  may  be  rather  thin  because  the  hydride 
plates  are  thin  I  would  look  for  its  presence  with  electron  or  x-ray 
diffraction  on  the  fracture  surface.  I  am  not  sure  that  it  would  be 
expected  to  be  seen  with  fractography  The  epitaxial  relationship 
between  the  hydride  and  the  alpha-solid  solution  is  such  that  the 
fracture  plane  would  have  symmetry  close  to  the  hep  alpha-phase. 
Hence,  it  is  not  clear  that  examination  of  fractographic  evidence 
would  distinguish  the  hydride  from  the  matrix. 

D  Hardie  (University  of  Newcastle  upon  Tyne,  UK):  You 
showed  an  electron  micrograph  of  a  crack  passing  through  stress- 
induced  hydride  precipitate  in  alpha-titanium.  Re-solution  of  such 
precipitate  after  passage  of  a  crack  has  been  reported,  and  I  wonder 
whether  you  have  observed  such  a  phenomenon.  Whether  or  not 
such  solution  occurs  is  very  relevant  to  the  comment  made  by  Brian 
Cox. 

H.K.  Birnbaum:  In  our  case,  the  hydride  is  formed  in  a 
hydrogen  atmosphere  and  is  thermodynamically  stable.  Reversion  of 
the  hydride  occurs  in  vacuum  but  rather  slowly,  because  it  depends 
on  the  loss  of  hydrogen  through  the  surface. 

D.  Hardie:  I  would  certainly  support  your  contention  that 
hydrogen  produces  localization  of  strain  in  materials  such  as 
aluminum  alloys  and  steel,  bi  1 1  was  surprised  by  your  statement  that 
an  overall  increase  in  hydrogen  content  (as  opposed  to  a  localized 


enrichment)  would  also  give  rise  to.a  decrease  in  the  macroscopic 
yield  stress.  We  have  certainly  found  that  thermally  charging 
stainless  steel  with  about  50  wppm  hydrogen  results  in  a  few  percent 
increase  in  flow  stress. 

H.K.  Birnbaum:  Increases  in  flow  stress  of  steels  containing 
hydrogen  have  also  been  reported  by  C.  Altstetter,  in  agreement  with 
your  result.  Both  decreases  and  increases  in  flow  stress  due  to 
internal  hydrogen  have  been  reported,  and  we  have  observed  both  in 
a  number  of  systems.  Our  view  of  the  situation  is  that  decreases  in 
flow  stress  are  observed  at  temperatures  and  strain  rates  (10*6  s'1) 
where  the  hydrogen  atmospheres  exist  and  can  move  with  the 
dislocations.  Softening  has  been  observed  in  iron,  nickel,  and 
aluminum  by  various  groups,  as  well  as  our  group.  In  addition  to  low 
strain  rates  (the  range  of  strain  rates  depends  on  the  hydrogen 
diffusivity)  softening  requires  that  the  process  of  hydrogen  introduc¬ 
tion  not  introduce  any  stresses,  dislocations,  or  second  phases.  (As 
an  example,  cathodic  charging  often  causes  high  surface  stresses, 
dislocation  generation,  etc.)  In  stainless  steel,  I  would  be  concerned 
about  the  possibility  of  hydrogen-related  phase  transitions,  which 
might  harden  the  material. 

D.  Hardie:  I  would  advocate  caution  in  extrapolating  observa¬ 
tions  from  thin  foils  in  the  electron  microscope  (under  plane-stress 
conditions)  to  the  behavior  of  thicker  sections.  It  is  one  thing  to 
observe  voids  forming  ahead  of  the  crack  in  a  thin  foil  in  the  presence 
of  hydrogen,  but  quite  another  to  have  void  coalescence  in  the  plane- 
strain  region  of  a  fracture. 

H.K.  Birnbaum:  I  agree  caution  is  necessary.  We  try  to 
correlate  our  observations  with  careful  fractography  of  macroscopic 
specimens  and  with  mechanical  property  tests.  As  described  in  the 
paper,  we  observe  features  on  the  fracture  surface  that  can  be 
directly  correlated  with  the  electron  microscope  observations. 

R.A.  Oriani  (University  of  Minnesota,  USA):  I  believe  that  the 
effects  of  hydrogen  or.  the  phonon  frequencies  and  the  elastic 
constants  of  the  host  metal  are  irrelevant  to  a  discussion  of  the 
validity  of  the  decohesion  model.  This  is  because  the  decohesion 
mode!  addresses  how  hydrogen  affects  Fm,  the  maximum  cohesive 
force  in  the  cohesive  force-separation  curve,  but  there  is  no 
necessary,  or  even  probable,  relation  between  Fm  and  the  initial 
slope  of  the  curve. 

H.K.  Birnbaum:  If  you  believe  in  continuity  in  the  lattice 
potential,  then  one  can  expect  a  relationship  between  changes  in  the 
maximum  cohesive  force  and  the  initial  slope  as  measured  by 
phonon  frequencies  and  elastic  constants.  I  agree  that  the  form  of 
this  relationship  is  not  known.  However,  for  most  commonly  used 
lattice  potentials,  a  decrease  in  the  initial  slope  of  the  cohesive 
force-separation  cun/e  requires  a  decrease  in  the  maximum  cohe¬ 
sive  force.  However,  I  also  agree  that  we  are  badly  in  need  of  more 
measurements  of  the  cohesive  force-separation  curve,  even  one 
measurement  would  be  welcome. 

R.A.  Oriani:  There  may  be  another  source  of  mechanical  stress 
involved  in  the  in  situ  electron  microscope  experiments  that  show  that 
introduction  of  gaseous  hydrogen  enhances  dislocation  of  activity. 
This  source  is  that  a  hydrogen  concentration  gradient  arising  from  the 
hydrogen  injection  can  produce  large  stresses  that  can  generate 
dislocations.  Because  the  dislocations  serve  as  sinks  for  the  injected 
hydrogen,  it  is  possible  that  concentration  gradient,  and  therefore  the 
stresses,  are  maintained  beyond  the  initial  time  of  hydrogen  presen¬ 
tation. 

H.K.  Birnbaum:  Concentration  gradients  certainly  exist  when 
hydrogen  is  added  to  the  environmental  cell.  However,  for  the 
specimen  thickness  used  and  for  the  separation  of  dislocations,  a 
steady-state  hydrogen  distribution  is  achieved  in  one  second  or  less. 
The  enhanced  dislocation  velocity  continues  for  rather  long  times 
(depending  on  stress  relaxation)  compared  to  a  second.  Hence,  I  do 
not  believe  that  the  stress  due  to  concentration  gradients  has  any 
significant  effect. 

R.W.  Staehle  (University  of  Minnesota):  To  what  extent  can 
your  ideas  be  generalized  to  other  environmental  species  such  as 
oxygen,  chloride,  fluorine,  etc.? 
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H.K.  Birnbaum:  Many  of  the  concepts  developed  for  hydrogen- 
related  fracture  can  be  extended  to  other  species  such  as  oxygen, 
chlorine,  fluorine.  The  major  difference  is  that  hydrogen  has  a  much 
higher  diffusivity.  Stress-induced  oxide  formation  and  cracking  should 
be  observable,  and  I  believe  it  has  been  observed  in  vanadium,  as  an 
example. 

R.W.  Staehle:  Would  you  comment  on  Magnani's  work  [Ad¬ 
vances  in  Corrosion  Science,  Vol.  6  (New  York,  NY:  Plenum  Press, 
1976)]  on  uranium,  which  shows  that  cracks  will  propagate  in 
precracked  specimens  without  stress  being  applied? 

H.K.  Birnbaum:  I  am  not  familiar  with  that  particular  work. 
However,  hydride  precipitation  results  in  high  localized  stresses  as 
the  hydride  plates  act  as  wedge-opening-load  notches,  and  it  is 
possible  that  as  the  hydrides  form  in  uranium  their  stress  fields  will 
cause  cracking  in  front  of  the  hydride  plates. 

W.W.  Gerberich  (University  of  Minnesota,  USA):  You  have 
admonished  us  to  look  for  microplasticity  in  the  SEM  at  lO.OOOX, 
much  as  Lynch  has  in  the  past,  to  see  if  hydrogen-induced  cracking 
is  really  brittle.  I  would  equally  caution  that,  in  those  processes  that 
we  think  are  ductile,  we  should  look  for  cleavage  or  some  other  brittle 
process.  In  {100}  cleavage  of  Fe-Si  single  crystals,  external  hydro¬ 
gen  produces  a  ductile/  brittle  switching  when  the  crack  is  growing 
with  many  ductile  ligaments  and  a  small  amount  of  cleavage  to 
almost  pure  cleavage.  This  switches  back  and  forth  in  dead-weight 
loaded  sustained-load  growth.  I  believe  that  both  of  these  processes 
are  controlled  by  the  cleavage  process  as  the  extensive  ductile 
ligaments  fracture  after  microcleavage  Do  you  have  evidence  in  bulk 
samples  where  cracking  on  the  cleavage  plane  is  in  fact  led  by 
microscopic  ductile  fracture? 

H.K.  Birnbaum:  Yes,  to  the  extent  that  you  would  accept  in  situ 
scanning  electron  microscope  tensile  observations  as  macroscopic 
experiments.  In  nickel  (and  in  other  observations  on  aluminum),  we 
have  seen  hydrogen-localized  deformation  preceding  the  fracture 
Your  observations,  the  details  with  which  I  am  not  familiar,  may 
suggest  that  both  localized  plasticity  and  decohesion  are  viable 
mechanisms  in  your  experimental  conditions  and  that  they  are 
chosen  according  to  the  detailed  crack-tip  conditions  I  certainly  do 
not  argue  for  the  existence  of  a  single  failure  mechanism  and 
certainly  agree  that  an  open  mind  is  required  when  viewing  fracto- 
graphic  observations. 

R.P.  Gangloff  (University  of  Virginia,  USA):  Acknowledging 
the  experimental  difficulties,  have  you  obtained  in  situ  transmission 
electron  microscopy  evidence  for  interactions  between  initially  uni¬ 
formly  dissolved  hydrogen  and  crack-tip  dislocations?  I  ask  this 
question  in  order  to  pose  the  scenario  in  which  external,  high-fugacity 
hydrogen  "reduces"  surface  films  and  adsorbates  (oxides,  vacuum 
system  carbon)  that  would  otherwise  impede  dislocation  motion 
Would  you  comment  on  this  concern? 

Secondly,  do  hydrogen-dislocation  interactions  result  in  unique 
crack-wako,  near-surface  dislocation  morphologies? 

H.K.  Birnbaum:  Transmission  electron  microscopy  studies  of 
systems  with  internal  (solute)  hydrogen  are  possible  only  In  systems 
having  oxide  films  that  provent  loss  o(  hydrogen  to  the  vacuum  (e.g., 
Nb,  V,  Ta).  The  hydride  fracture  mechanism  has  been  studied  in 
these  systems  in  tho  transmission  electron  microscope.  Since  we 
cannot  measure  tho  stresses  in  transmission  electror.  microscope 
specimens,  the  hydrogen-dislocation  interactions  must  bo  studied  by 
"differential  experiments  in  which  H2  is  added  or  removed  and  the 
response  of  dislocations  at  constant  stress  Is  observed. 

Wo  do  not  believe  that  these  experiments  are  controlled  by  H2 
effects  on  surface  films  as  qualitatively  similar  behavior  is  observed 
tn  a  wide  range  of  systems,  viz..  At  and  Ti  with  stable  oxides,  Ni  and 
Fe  with  less  stable  alloys,  etc.  The  hydrogen  effects  are  also 
observed  for  dislocations  that  are  completely  contained  in  the  volume 
of  the  foil,  e.g.,  Frank-Read  sources. 

Our  work  suggests  that  a  very  high  dislocation  density  should 
exist  below  tho  fracture  surface  duo  to  hydrogen-enhanced  plasticity. 
It  is  difficult  to  distinguish  this  from  the  dislocation  distribution  that 
accompanies  a  crack  in  the  absence  of  hydrogen. 


T.  Murata  (Nippon  Steel  Corporation,  Japan):  My  question  is 
associated  with  cracking  of  bright  annealed  (annealed  in  N2  +  3H2) 
304  (UNS  S30400)  stainless  steels.  We  have  noticed  the  effect  of 
either  gas  (air,  hydrogen,  hydrogen  sulfide)  or  nonaqueous  solutions 
(oils  of  various  nature)  on  the  propagation  of  cracks  related  to 
phase-transformation-related  hydrogen  cracking.  I  wonder  if  we  have 
to  consider  the  role  of  surface  tension  or  energy  in  explaining  the 
cracking  mechanism,  since  environmental  effects  cannot  be  ex¬ 
plained  only  by  the  role  of  hydrogen  entry. 

H.K.  Birnbaum:  These  results  are  interesting  and  require  more 
consideration  than  I  can  give  them  at  the  moment.  I  do  not  believe 
that  changes  of  surface  energy  are  important  for  several  arguments. 
For  example,  the  observation  that  other  elements  that  cause  larger 
decreases  in  surface  energies  do  not  cause  embrittlement. 

E.  Ryan  (Rocketdyne,  USA):  I  would  like  some  elaboration  on 
the  subject  of  hydrogen-enhanced  local  plasticity.  While  the  stress 
field  around  a  dislocation  can  be  reduced  by  an  atmosphere,  the 
more  effective  an  atmosphere  in  stress  relief,  the  more  effective  it 
should  be  in  stabilizing  the  dislocation.  If  diffusivity  is  high  enough  for 
the  atmosphere  to  follow  the  dislocation,  would  not  the  drag  of  the 
atmosphere  dominate  the  “shielding"  effect?  Has  this  point  been 
addressed  quantitatively? 

H.K.  Birnbaum:  Both  qualitative  and  quantitative  consider¬ 
ations  support  the  "elastic-shielding"  effect  on  dislocation  interac¬ 
tions  with  other  stress  centers.  As  long  as  the  atmosphere  solutes 
have  sufficient  mobility  to  move  with  the  dislocations  and  to  rearrange 
to  a  minimum  energy  configuration,  the  stress  field  of  the  dislocation 
and  the  solute  atmosphere  must  be  considered  in  calculating  elastic 
interactions.  At  lower  temperature  where  the  atmospheres  lag  behind 
moving  dislocations,  hardening  (or  increases  in  flow  stresses)  is 
observed. 

M.M.  Hall  (Westinghouse  Electric  Corporation,  USA):  In 
your  discussion  you  illustrated  hydride  precipitation  ai  the  macro¬ 
crack  tip  and  concluded  that  crack  extension  occurs  when  the  "local" 
stress-intensity  factor  exceeds  the  hydride  toughness,  K,c.  In  our 
delayed  hydride  cracking  studies  on  zirconium  alloys,  we  find  that  (1) 
hydrides  precipitate  at  a  distance  from  the  crack  tip  and  (2)  ductile 
shear  ol  the  ligament  between  the  hydride  and  macrocrack  tip  is 
required  for  crack  advance.  When  we  account  for  the  additional  strain 
energy  required  to  shear  this  ligament,  better  correspondence  with 
the  observed  threshold  stress-intensity  factor  is  obtained.  Have  you 
ever  observed  in  the  microscope  this  two-step  process  for  crack 
extension,  and  if  not,  is  it  possible  that  plane-strain  conditions  may  be 
a  necessary  requirement  for  this  latter  mechanism  of  hydride 
assisted  fracture? 

As  an  added  note,  our  observations,  which  were  obtained  in 
room-temperature  tests  of  precracked  compact  tension  specimens, 
suggested  to  us  that  we  should  be  able  to  measure  significantly  large 
deformation  rates  in  room-temperature  constant-load  tests  of  tensile 
specimens.  We  were  able,  in  fact,  to  obtain  sustained  load  ductile 
stress  rupture  of  Zircaloy’  tensile  specimens  in  less  than  24  h  for 
stresses  slightly  greater  than  the  engineering  yield  stress  Thermal 
creep  rates  extrapolated  to  room  temperature  cannot  account  for  this 
observation.  Is  it  possible  that  hydrogen  enhanced  plasticity  can 
account  for  our  observations? 

H.K.  Birnbaum:  Since  the  hydride  formation  depends  on  the 
local  stress  conditions,  it  will  differ  in  detail  between  plane  stress  (as 
in  the  transmission  electron  microscope)  and  plane  strain  conditions 
The  hydride  is  expected  to  form  at  the  region  of  maximum  triaxiality 
that  is  in  advance  of  the  crack  tip  In  a  plane-strain  specimen  We 
observe  a  "field"  of  hydrides,  some  of  which  are  separated  from  the 
crack  tip  by  a  volume  of  solid  solution  We  have  not  observed 
ligament  fracture  between  the  crack  tip  and  the  hydride,  but  it  seems 
to  be  perfectly  reasonable. 

I  would  expect  to  see  hydrogen-enhanced  plasticity  in  Zircaloy 
but  we  have  not  examined  the  zirconium-based  systems. 

S.M.  Bruemmer  (Battelle  Pacific  Northwest  Laboratories, 
USA):  Considerable  work  has  been  done  in  recent  years  on 

’Trade  name. 


28 


EICM  Proceedings 


dislocation  activity  within  grain  boundaries  and  dislocation  interac¬ 
tions  with  grain  boundaries.  What  do  we  currently  know  concerning 
hydrogen  effects  on  this  behavior?  Does  hydrogen  enhance  dislo¬ 
cation  movement  in,  emission  from,  and/or  transmission  through 
grain  boundaries? 

H.K.  Birnbaum:  We  are  currently  studying  just  these  effects, 
and  it  is  clear  that  no  simple  answer  can  be  given.  In  general, 
hydrogen  increases  dislocation  activity  near  the  grain  boundaries  as 
well  as  in  the  grain  interior.  The  situation  is  complicated  by  hydrogen 
segregation  in  the  vicinity  of  the  grain  boundaries,  which  has  been 
shown  using  secondary  ion  mass  spectrometry.  In  a  number  of 
systems  we  have  seen  hydrogen-related  fracture  by  enhanced 
plasticity  in  the  vicinity  of  the  boundaries  (within  several  hundred 
Angstroms)  rather  than  in  the  grain-boundary  plane  itself  This 
suggests  that  many  hydrogen-related  intergranular  fractures  are  in 
fact  predominantly  transgranular  fractures  that  parallel  grain  bound¬ 
aries  because  of  the  enhanced  hydrogen  concentrations  near  the 
grain  boundaries. 

We  have  seen  cases  of  true  intergranular  fracture  associated 
with  hydrogen  m  certain  systems,  e.g.,  Ni  with  S  segregated  at  grain 
boundaries,  Ni3AI,  and  a  few  others. 

R.H.  Jones  (Pacific  Northwest  Laboratories,  USA):  You 
illustrated  the  effect  of  stress  on  the  alpha  +  hydride  solvus  that 
results  from  hydrostatic  stress  accommodating  the  volume  expan¬ 
sion  of  the  hydride.  However,  you  proceeded  to  show  hydrides  in 
transmission  electron  microscope  foils  where  the  hydrostatic  com¬ 
ponent  was  virtually  zero.  Were  these  results  of  high  fugacity  where 
the  hydride  was  stable  or  is  something  else  occurring  in  these  tests? 

H.K.  Birnbaum:  The  interaction  between  a  stress  field  and  a 
hydride  is  with  the  hydrostatic  stresses  as  well  as  with  the  deviatoric 
components: 


In  a  thin  film,  the  stress  component  will  dominate  the  interaction 
but  there  will  also  be  shear  stress  contributions  The  transmission 
electron  microscope  experiments  we  conducted  on  alpha-titanium 
were  at  high  enough  hydrogen  fugacities  to  form  hydrides 

A.  Atrens  (University  of  Queensland,  Australia):  In  the  case 
of  cracking  due  to  hydrides,  do  the  cracks  stop  at  the  hydride/matrix 
interface  or  do  they  propagate  into  the  ductile  matrix  ahead  of  the 
hydrides?  That  is,  have  you  seen  any  evidence  of  brittle  cracks 
propagating  into  the  ductile  matrix  ahead  of  the  cracked  hydride? 

H.K.  Birnbaum:  We  see  the  cracks  stopping  in  the  hydride  or 
at  the  hydride  interface.  However,  recall  that  we  can  only  study 
relatively  slow-moving  cracks  with  our  technique  because  these  are 
the  only  ones  we  can  follow  and  record. 

A.  Atrens:  Would  you  like  to  comment/speculate  what  condi¬ 
tions  produce  hydrogen-induced  plasticity  in  iron  and  iron  alloys’ 
That  is,  what  are  the  controlling  parameters/magnitudes’ 

H.K.  Birnbaum:  This  question  deserves  more  attention  than 
can  be  provided  in  a  short  answer.  We  will  be  publishing  our  views 
on  the  subject  shortly.  Briefly,  we  believe  the  hydrogen-enhanced 
plasticity  results  from  elastic  shielding  of  the  dislocation  interactions 
with  other  stress  centers  such  as  other  dislocations,  solute  atoms,  or 
precipitates.  The  hydrogen  atmospheres  rearrange  dynamically  to 
minimize  the  energy  of  the  system,  and  this  rearrangement  results  in 
a  decrease  of  the  pinning  of  the  dislocations.  These  effects  will  occur 
as  long  as  the  hydrogen  mobility  is  high  enough  to  allow  the  dynamic 
rearrangement  of  the  hydrogen  atmospheres  at  stress  singularities. 
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Metal-Induced  Fracture 


N.S.  Stoloff* 

Abstract 

Metal-induced  embrittlement  encompasses  a  variety  of  phenomena,  induced  by  both  liquid  and  solid 
environments.  Long-range  diffusion  is  sometimes  involved,  but  it  is  rarely  necessary  to  cause  fracture. 
Similarly,  grain  boundaries  are  sometimes  the  preferred  sites  for  embrittlement,  but  they  are  clearly  not 
necessary  for  embrittlement  to  occur.  In  view  of  the  number  and  complexity  of  embrittlement 
phenomena,  the  scope  of  this  paper  is  limited  to  a  discussion  of  “classic"  embrittlement,  in  which 
corrosion  and/or  long-range  mass  transfer  are  not  involved.  Also,  effects  limited  to  selective  dissolution 
of  grain-boundary  precipitates  (e.g.,  lithium  interaction  with  carbides  in  steels)  or  to  rapid  grain-boundary 
penetration  (liquid  gallium  on  aluminum)  are  excluded.  However,  treatment  of  cases  involving 
short-range  diffusion  are  included.  The  primary  thrust  of  the  paper  is  to  summarize  developments  in  the 
field  since  the  last  international  conference  on  the  subject  (1982),  and  to  assess  the  work  that  needs 
to  be  done  to  further  enhance  understanding  of  mechanisms. 


Introduction 

Liquid  metal  embrittlement  (LME)  was  first  reported  in  the  literature 
in  1874.'  However,  it  was  not  until  the  late  1950s  that  experiments 
were  reported  that  suggested  that  solid  films  (or  inclusions)  could 
also  lead  to  embrittlement.2-3  Neither  author  commented  upon  the 
possibility  of  solid  metal-induced  embrittlement;  instead,  Tiner4  was 
the  first  to  actually  discuss  the  role  of  solid  environments  (mercury  on 
copper  and  brass)  in  embrittlement.  There  are  now  numerous  cases 
of  solid  or  liquid  metal-induced  failures  reported  in  research  and  from 
industry,  so  that  metal-induced  embrittlement  is  far  from  being  a 
laboratory  curiosity. 

Further,  the  resemblance  of  many  cases  of  metal-induced 
embrittlement  to  hydrogen-induced  cracking  has  suggested  to  many 
researchers  a  commonality  of  mechanisms  for  both  phenomena.1-5''0 
The  principal  features  of  “classic”  metal-induced  embrittlement  have 
been  summarized  in  several  recent  reviews,6-9  and  a  brief  synopsis 
of  these  findings  follows. 

(1)  Embrittlement  of  crystalline  metals  requires  the  simultaneous 
application  of  tensile  stresses  (including  residual  stresses)  and 
intimate  contact  between  environment  and  substrate.  The  latter 
condition  is  obtained  only  when  wetting  is  achieved;  wettability 
is  itself  a  function  of  the  atmosphere  around  the  embrittler." 

(2)  Amorphous  metals  are  severely  embrittled  by  several  low- 
melting  liquid  metals;  for  these  materials,  compressive  stresses 
may  be  sufficient  for  embrittlement  to  occur.'2 

(3)  Test  conditions,  particularly  temperature,  strain  rate,  the  pres¬ 
ence  or  absence  of  notches  and  embrittler  composition,  drasti¬ 
cally  alter  susceptibility.  The  role  of  temperature  is  shown 
schematically  in  Figure  I,'3  while  data  for  varying  embrittler 
compositions  on  type  4140  steel  (UNS  G43400)  are  shown  in 
Figure  2.'4 

(4)  Microstructure  exerts  a  substantial  influence  on  environmental 
susceptibility.  Most  notable  factors  are  grain  size  (large  grains 
are  usually,  but  not  always,  detrimental,  (Figure  3)'°],  slip 
character,  cold  work,  and  precipitate  size  and  spacing. 

(5)  Solid  metal  embrittlement  is  rarely  observed  at  absolute  tem- 
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peratures  of  less  than  75%  of  the  melting  temperature  of  the 
embrittler.  However,  in  at  least  one  case  (silver  or  gold  on 
titanium  alloys),  embrittlement  occurred  at  0.38  melting 
temperature.'5 

(6)  Embrittlement  may  occur  even  when  intermetallics  or  solid 
solutions  are  formed  between  substrate  and  metal  film  (e  g  ,  zinc 
or  tin  on  steels’6-'7),  contrary  to  earlier  suggestions. 

(7)  The  enormous  diversity  in  susceptibility  caused  by  microstruc- 
tural  changes  or  altered  test  conditions  requires  very  careful 
testing  over  a  wide  range  of  test  conditions  before  it  may  be 
concluded  that  a  particular  environment  does  not  embrittle  a 
given  substrate.  Accordingly,  the  list  of  embrittlement  couples  is 
constantly  expanding.  Table  1  summarizes  some  recent  addi¬ 
tions  to  the  list.'8  23 

(8)  No  single  mechanism  is  generally  accepted  for  metal-induced 
embrittlement.  However,  most  cases  of  classic  embrittlement 
may  be  explained  either  by  a  decohesion  model24,25  or  by  the 
mechanism  of  enhanced  shear.7-26  These  are  also  the  most 
widely  accepted  models  for  hydrogen-induced  cracking  A  third 
mechanism,  based  upon  short-range  diffusion  of  embrittler 
atoms  along  grain  boundaries,  resulting  in  the  formation  of  a 
zone  of  high  dislocation  density,27  is  also  capable  of  explaining 
some  cases  of  embrittlement,  particularly  those  involving  de¬ 
layed  failure  or  solid  metal  environments.  However,  while  this 
mechanism  may  be  applicable  to  crack  nucleation,  it  must  be 
modified  to  account  for  crack  propagation.20 


Historical  Review 

Amalgamated  zinc  and  zinc-coated  iron  were  the  first  reported 
embrittlement  couples  (cited  by  Johnson'  in  1874).  During  the  early 
part  of  this  century,  mercury  embrittlement  of  alpha-brass29-3'  and 
the  embrittlement  of  plain  carbon  and  alloy  steels  by  various  lower 
melting  metals  were  reported.32'35  In  fact,  by  1936  Austin35  had 
concluded  that  virtually  all  steels  used  for  general  engineering 
purposes  were  susceptible  to  “penetration  embrittlement"  when 
immersed  in  solder.  Van  Ewyk36  went  so  far  as  to  suggest  that 
soldering  be  avoided  in  assembling  structural  components.  By  the 
late  1950s,  the  literature  on  LME  was  extensive  enough  to  warrant  a 
comprehensive  monograph  on  the  subject,  the  classic  book  by 
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FIGURE  1— Effect  of  temperature  on  metal-induced 
embrittlement.13 
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FIGURE  2— Influence  of  zinc  additions  to  lead  on  embrittlement 
of  type  4140  steel.14 

Rostoker,  McCaughey,  and  Markus.37  This  period  coincided  with 
great  activity  in  the  Soviet  Union  on  LME,  with  numerous  publications 
by  the  "Rebinder  school."38-39 

Studies  of  embrittlement  under  cyclic  loading  apparently  were 
first  reported  in  1956.40  To  date,  relatively  little  attention  has  been 
directed  to  fatigue  phenomena  in  the  presence  of  liquid  metals, 
perhaps  because  there  seems  to  be  no  significant  difference  in 
susceptibility  under  either  cyclic  or  monotonic  loading.  A  summary  of 
fatigue  data  reported  prior  to  1979  appears  in  Reference  9. 

Since  the  book  by  Rostoker,  et  al,.37  was  published,  many 
examples  of  solid  metal-induced  embrittlement,  noted  mostly  in  the 
laboratory,  were  recorded;  these  have  been  admirably  summarized 
(to  1982)  in  a  review  by  Oruschitz  and  Gordon.41  Remarkably  little 


FIGURE  3— Influence  of  grain  size  on  tensile  strength  of  Monel 
400  (UNS  N04400)  in  mercury  and  in  hydrogen.10 

attention  seems  to  have  been  focused  upon  metal-induced  embritt¬ 
lement  as  an  important  industrial  problem  until  the  Flixborough 
disaster  in  England  in  1975  [which  resulted  in  28  deaths  and  was 
linked  to  cracking  of  stainless  steel  (SS)  by  zinc42]  and  the  obser¬ 
vation  of  reduced  toughness  in  aircraft  forgings  containing  lead 
impurities  and  in  intentionally  leaded  steels43  (to  imp- we  machina- 
bility). 

Surprisingly,  the  nuclear  fission  and  fusion  industries,  although 
dealing  with  alkali  metal  coolants  in  a  number  of  reactor  designs 
(including  the  fast  breeder  reactor),  seem  to  have  found  few  cases  of 
classic  embrittlement  from  these  coolants.  Apparently,  alkali  metals, 
with  a  few  notable  exceptions,  do  not  cause  such  embrittlement  at 
normal  coolant  temperatures.  Nevertheless,  alkali  metals  clearly  do 
cause  embrittlement  of  a  number  of  metals  and  alloys.  One  may  cite 
the  recently  noted  cleavage  of  aluminum  alloys  in  the  presence  of 
sodium44-45  and  the  embrittlement  of  magnesium  by  sodium.22  Nickel 
is  severely  embrittled  by  lithium46-47  and  moderately  embrittled  by 
sodium.47  Also,  the  nuclear  industry  has  had  to  deal  with  numerous 
examples  of  solid  and  LME  of  zirconium  alloy  fuel  element  cladding 
by  cadmium48-49  and  cesium-cadmium48  and  type  316  SS  (UNS 
S31600)  by  tellurium50  environments.  Solid  cadmium  embrittlement 
of  Zircaloy1  2  is  so  severe  that  cracking  can  occur  at  stresses  below 
the  nominal  yield  strength  of  the  alloy.49  The  most  complete,  recent 
review  of  specific  embrittlement  couples  is  by  Nicholas.51 

The  importance  of  wetting  as  a  precursor  to  embrittlement 
cannot  be  overemphasized.  While  most  studies  of  embrittlement  are 
conducted  with  the  specimen  and  metal  environment  in  air,  several 
studies  of  embrittlement  of  iron  by  lead  in  vacuum  have  been 
reported  in  the  Soviet  literature.52,77  The  results  show  that  although 
lead-iron  is  an  immiscible  system,  when  a  vacuum  surrounding  iron 
permits  good  wetting  by  mercury,  embrittlement  is  readily  observed. 
On  the  other  hand,  in  air,  wetting  of  iron  and  steels  by  lead  is  very 
difficult,  and  embrittlement  is  usually  observed  only  in  medium-  to 
high-strength  steels,  e.g„  types  434020  (UNS  G43400)  and  4140.17 
Tho  susceptibility  of  steels  to  lead  is  a  function  of  both  strength-level 
and  presence  or  absence  of  a  precrack.  Kamdar20  has  shown  that 
precracking  is  necessary  to  see  embrittlement  at  the  700  MPa  level 
in  a  Cr-Mo  steel,  as  described  in  more  detail  below. 

An  alternative  to  manipulating  the  gaseous  environment  to 
improve  wetting  is  to  use  an  intermediate  layer  between  substrate 
and  embrittler.  For  example,  wetting  of  alloy  steels  by  liquid  lead  is 
facilitated  by  precoating  them  with  tin  Unfortunately,  embrittlemem 
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TABLE  1 

Recently  Reported  Embrittlement  Couples 


Substrate 

Environment 

Temperature  (°C) 

Test  Conditions 

References 

Niobium 

Sn 

250 

tension,  drilling 

Polukarova,  et  al.18 

Al-Li 

Na 

RT 

Charpy 

Webster'9 

Al-Li 

K 

RT 

Charpy 

Webster'9 

Type  4340 

Pb 

350 

tension,  fatigue<A) 

Kamdar20 

IN718(B) 

Hg 

RT 

HCF 

Price  and  Good21 

Cr-Mo  steel 

Pb 

350 

HCF 

Kamdar20 

Mg 

Na 

120 

bend,  tension 

Trevena  and  Lynch22 

A-286 

Ag 

500-600 

delayed  failure 

Assayama23 

Fe-Si 

Li 

210 

tension 

Trevena  and  Lynch22 

70I7-T651 

In 

10-150  (solid) 

da 

dt 

Trevena  and  Lynch22 

<A)Static  and  HCF. 

(D)One  of  ten  different  Ni-base  alloys. 


revealed  in  subsequent  tensile  tests  is  not  readily  interpreted,  since 
tin  is  itself  an  embrittler.  Furthermore,  many  cases  of  grain-boundary 
penetration  of  steels  by  lead  and  lead-tin  alloys  have  been 
reported3536  The  influence  of  several  lead-tin  environments  on  a 
commercial  low-alloy  steel  (ASTM  A543)  has  been  studied  by 
Balaguer,  et  al  ,53  at  two  strain  rates,  and  temperatures  in  the  range 
22  to  343°C  Tensile  tests  in  lead  tin  at  343°C  resulted  in  severe 
embrittlement  as  measured  by  strain-to-fracture  and  true  fracture 
stress.  However,  contrary  to  most  observations  on  metal-induced 
embrittlement,  increasing  strain  rate  by  25  times  decreased  the 
degree  of  embrittlement  Metallographic  studies  revealed  grain¬ 
boundary  penetration  and  secondary  cracking  in  embrittled  samples. 
Taken  together  with  the  anomalous  strain-rate  dependence,  these 
results  suggest  a  time  dependent  mechanism  of  intergranular  crack 
ing,  perhaps  akin  to  the  solder  induced  embrittlement  of  steels 
reported  by  Austin35  or  to  the  Khristal27  mechanism  of  grain¬ 
boundary  penetration  favored  (with  modifications)  by  Gordon  and 
An.28  An  inverse  embrittlement-strain  rate  relation  has  also  been 
reported  by  Adamson,  et  al.,50  for  neutron-irradiated,  cold-worked 
type  316  SS  tested  at  625°C  in  liquid  cesium-tellurium  in  fatigue  and 
by  Price  and  Fredell'0  for  Monel*  400  (UNS  N04400)  tested  in 
mercury  (Figure  4).  These  may  be  additional  examples  of  grain¬ 
boundary  penetration. 
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FIGURE  4— Effect  of  strain  rate  on  fracture  stress  of  Monel  400 
(UNS  N04400)  In  mercury  and  hydrogen.10 
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Fractography 

Fractography  has  played  a  central  role  in  efforts  to  establish 
mechanisms  of  metal-induced  embrittlement.  Lynch, 7  26,64  in  partic¬ 
ular,  has  offered  extensive  fractographic  evidence  for  an  enhanced 
shear  model  of  embrittlement  (Figure  5)  for  both  hydrogen  and 
metal-induced  failures.  This  point  of  view  is  based  upon  Beachem  s55 
proposal  that  dissolved  hydrogen  facilitates  dislocation  motion  in  the 
plastic  zone  at  crack  tips,  causing  fracture  by  localized  deformation 
to  occur  more  readily.  Birnbaum  and  coworkers56  have  shown  direct 
evidence  for  enhanced  dislocation  activity  in  nickel  and  nickel  alloys 
as  well  as  several  other  alloys  in  the  presence  of  hydrogen  gas, 
therefore,  no  reason  exists  to  doubt  the  basic  premise  that  environ¬ 
mentally  induced  plasticity  can  cause  fracture  at  reduced  macro¬ 
scopic  strains.  Specifically,  Lynch26  suggests  that  adsorption  facili¬ 
tates  the  injection  of  dislocations  from  crack  tips,  thereby  promoting 
link  up  of  cracks  with  voids  ahead  of  cracks. 


FIGURE  5— Schematic  of  adsorption-induced  embrittlement, 
showing  role  of  dislocations.63 


Fractographic  observations  to  support  Lynch's  dislocation  in¬ 
jection  mechanism  in  the  presence  of  liquid  metals  (as  well  as 
aqueous  and/or  hydrogen  environments)  have  been  reported  for  the 
following  substrates:7-22-26-57,64 


(1)  Aluminum  and  Al-Zn-Mg  single  crystals 

(2)  D6ac  steel 

(3)  a-titanium  alloys 

(4)  Pure  magnesium 

(5)  p-brass  single  crystals 

(6)  Cadmium 

(7)  Nickel  single  crystals 

(8)  Iron-silicon  single  crystals 
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The  principal  components  of  the  fractographic  and  metallogra 
phic  evidence  are  as  follows: 

(1 )  Cleavage-like  (1 00]  cracks  with  fronts  parallel  to  .  1 1 0.  slip 
directions  in  aluminum  and  nickel  single  crystals,  as  shown  in  Figure 
6, 54  110  crack  fronts  also  were  noted  in  (3-brass, 26  although  the 
usual  slip  vector  in  this  alloy  is  of  type  001  .  This  discrepancy  has 
not  been  explained, 

(2)  Shallow  dimples  or  tear  ridges  on  fracture  surfaces  of 
embrittled  D6ac,  steel,  iron-silicon,  aluminum,  cadmium,  and 
nickel 22  63  64  For  magnesium,  fluted  fracture  surfaces  parallel  to 
pyramidal  planes  and  cleavage-like  basal  facets  were  produced  by 
liquid  cesium,  as  shown  in  Figure  7  2223  Similar  fracture  surfaces 
have  been  noted  in  u-titanium  alloys  embrittled  by  liquid  mercury.22 

(3)  Observations  of  large  crack-tip  opening  displacements  and 
enhanced  dislocation  activity  in  metal-coated  aluminum  and  nickel 
single  crystals.26 

(4)  Large  shear  band  offsets  with  no  major  change  in  fracture 
appearance  relative  to  air  for  amorphous  metals  tested  in  various 
liquid  metals  (Figure  8).12 


FIGURE  6-Cleavage  crack  on  {100}  In  aluminum  single  crys¬ 
tals  cycled  In  liquid  gallium.7 

Soviet  research  on  metal-induced  embrittloment  also  provides 
some  supporting  evidence  for  the  concept  of  enhanced  shear. 
Popovich52  77  has  summarized  a  series  of  observations  on  adsorption- 
induced  plasticity  as  follows:  Shallow  hardness  measurements  of 
steels  In  molten  lithium  and  in  vacuum  as  well  as  tensile  tests  in 
cadmium-coated  Armco*  iron  indicate  that  plasticity  is  first  facilitated 
by  the  environment,  but  that  an  increased  work-hardening  rate 
rapidly  increases  the  flow  stress  in  the  medium  to  higher  levels  than 
that  in  vacuum,  as  shown  schematically  in  Figure  9.sz  Although 
Popovich  and  Lynch  agree,  therefore,  that  dislocation  activity  is 
stimulated  in  the  presence  of  an  active  medium,  they  differ  in  their 
conclusions  as  to  the  result.  Popovich  and  coworkers"  52  58  77 
conclude  that  rapid  hardening  in  surface  layers  after  the  initiation  of 
plastic  deformation  leads  to  microcrack  formation.  These  cracks  are 
then  proposed  to  propagate  in  bursts  to  the  depth  ol  the  layer,  crack 
origins  formed  in  Armco  iron  samples  of  differing  grain  size  were 
reported  to  correspond  to  the  average  grain  sizo.  Furthermore, 
serrated  stress-strain  curves  of  embrittled  Armco  iron,  fractographic 
evidence  of  intermittent  crack  growth  of  zinc  crystals  in  mercury  and 
gallium,  and  acoustic  emission  measurements  during  crack  growth  in 
embrittled  metals  support  the  concept  of  repeated  formation  and 
fracture  of  hardened  surface  layers.  Dmukhovskaya  and  Popovich" 
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point  out  that  the  hardened  layer  concept  is  capable  of  explaining 
solid  metal  embrittlement,  while  the  dislocation  injection  model, 
which  requires  molten  metal  to  be  present  at  the  crack  tip  throughout 
crack  propagation,  does  not.  Also,  this  concept  predicts  a  size  effect 
on  fracture,  which  was  indeed  noted."  However,  the  principal 
weakness  of  the  Popovich  mechanism,  noted  by  Pickens  and 
Westwood,59  is  the  lack  of  metallographic  and  fractographic  evi¬ 
dence  to  support  the  model. 

Several  recent  fractographic  studies  of  metal-induced  embritt¬ 
lement  also  support  the  decohesion  model.  For  example,  overaging 
7075-T651  aluminum  results  in  reduced  susceptibility  to  embrittle¬ 
ment  by  mercury  (Figure  10),60  but  in  all  heat-treatment  conditions, 
a  flat,  cleavage-like  fracture  surface  was  observed.  No  dimples  could 
be  observed  even  at  high  magnification.  Since  the  decreased 
strength  is  expected  to  enhance  dislocation  activity  at  any  given 
stress-intensity  level,  the  decreasing  susceptibility  to  embrittlement 
with  decreasing  stress  levels  appears  to  offer  support  for  the 
decohesion  model. 

Several  investigators  have  reported  the  incidence  of  {001} 
fracture  in  mercury-embrittled  aluminum  single  crystals6162  and 
polycrystals.44,45  Recently,  Fager,  et  al.,44  have  shown  that  cleavage 
along  {001}  and  {110}  of  Al-Li  alloys  can  be  induced  by  sodium 
impurities.  Furthermore,  cleavage  was  produced  in  an  At-Li-Cu-Zr 
alloy  and  in  type  2024  (UNS  A92024)  aluminum  by  placing  liquid 
Na-K  eutectic  next  to  a  propagating  crack.  Miller,  et  al.,45  extended 
the  observation  of  sodium-induced  cleavage  to  a  type  7075  alloy,  as 
well  as  confirming  the  effect  in  an  alloy  similar  in  composition  to  that 
used  by  Fager,  et  al.  Sodium  was  directly  identified  on  the  surfaces 
of  the  cleavage  facets.  These  results  also  tend  to  support  the 
decohesion  model,  since  no  dimples  were  observed  on  the  fracture 
surfaces,  although  one  could  argue  that  the  fractographic  studies 
were  not  conducted  with  the  sophistication  of  Lynch's  work. 

Finally,  Lynch63  has  shown  that  the  hardness  (varied  by 
tempering)  of  a  D6ac  steel  hatja  profound  influence  on  the  proportion 
of  intergranular  (IG)  failure  noted  in  mercury  or  hydrogen  environ¬ 
ments  (Figure  11).  For  tempering  temperatures  above  300”C,  the 
proportion  of  IG  fracture  was  nearly  identical  in  both  environments. 
For  as-quenched  material,  transgranular  (TG)  fracture  in  both 
environments  was  mixed  mode,  with  dimpled  regions,  quasi-cleavage 
facets,  and  martenite-lath  boundary  facets  [Figure  12(a)],  For  other 
heat-treatment  conditions,  TG  facets  were  predominantly  dimpled 
[Figure  12(b)).  Predominantly  IG  failure  at  tempering  temperatures  in 
the  range  345  to  650 "C  was  attributed  to  segregation  of  impurities  to 
prior  austenite  grain  boundaries.  For  nondimpled  fracture  modes, 
Lynch63  concluded  that  crack  growth  occurred  by  either  localized  slip 
or  a  mixture  of  slip  and  decohesion.  Lynch64  also  has  attributed 
cracking  of  zinc  in  mercury  to  decohesion. 

Cyclic  Behavior 

In  most  cases,  metal-induced  embrittlement  can  be  observed 
under  monotonic,  cyclic,  or  static  conditions  in  a  susceptible  sub¬ 
strate/environment  system.  However,  a  sharp  fatigue  crack  often 
provides  the  most  severe  condition  for  embrittlement,  as  Kamdar20 
noted  for  a  Cr-Mo  steel  in  lead  and  Price  and  Good21  noted  for 
several  nickel  aUoys  tested  in  liquid  mercury.  A  machined  notch  did 
not  provide  sufficient  stress  concentration  to  cause  embrittlement  of 
the  steel  by  lead,  yet  a  fatigue-precracked  sample  readily  displayed 
embrittlement.20  Similarly,  1000107*  800  and  825  (UNS  N08800  and 
NC8825)  were  not  embrittled  by  mercury  in  tensile  tests,  but 
displayed  considerable  reduction  in  life  when  cycled  in  mercury.21 
Price  and  Good21 65  observed  that  ten  widely  differing  nickel  alloys 
were  all  susceptible  under  certain  conditions  (tension,  fatigue, 
notched,  unnotched)  to  embrittlement  by  mercury.  Therefore,  they 
concluded  that  similar  effects  would  be  found  in  most  other  nickel- 
base  alloys. 

Fatigue  resistance  in  the  presence  of  metal  environments  has 
usually  been  evaluated  under  high  cycle  conditions,  with  life  mea¬ 
surements  recorded  rather  than  tho  rate  of  crack  growth.  Kapp,  et 
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FIGURE  8— Fracture  along  shear  bands  In  amorphous 
Fe4oNl3jB,8Mo4  tested  In  bending  In  lithium  at  200'C.12 

al..66  have  reported  such  measurements  on  three  aluminum  alloys: 
types  1100-0, 6062-T651 ,  and  7075-T651 ,  and  compared  the  results 
with  those  from  static  loading  under  fixed  loads  or  fixed  displace¬ 
ments.  Typical  fatigue  crack,  results  are  shown  in  Figure  13  for  the 
1 100  0  alloy,  tests  were  performed  at  5  or  30  Hz  at  a  constant  R  ratio 
(R  -  Kfnln*KnyM)  of  0.1.  Note  that  more  rapid  cracking  was  noted  in 
mercury,  but  only  at  high  AK  levels.  Identical  behavior  was  noted  in 
type  6061-T651.  However,  limited  data  for  typo  7075-T651  revealed 
severe  embrittlement  at  all  AK  levels.  The  data  for  the  first  two  alloys 
resembled  the  behavior  of  hydrogen-embrittled  steel67  in  that,  below 
a  certain  minimum  AK,  the  environment  had  no  effect  on  crack 
growth.  Once  this  level  was  exceeded,  the  crack  growth  rate  rose 
rapidly  with  AK,  however,  at  higher  AK,  the  growth  rate  increased 
very  little.  Decreasing  the  frequency  from  30  Hz  to  5  Hz  produced  up 
to  100  times  greater  growth  rates  in  typo  7075  and  50  times  greater 
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FIGURE  9— Popovich  mechanism  of  enchanced  shear  coupled 
with  rapid  work  hardening.11 

growth  rates  in  type  6061.  Interestingly,  the  crack  growth  thresholds 
were  nearly  the  same  in  both  cyclic  and  static  loading,  with  type  7075 
embrittled  the  most  and  type  6061  embrittled  the  least  by  mercury. 
Fracture  surface  appearance  did  not  change  with  the  loading 
condition. 

Critical  Issues 

A  cential  feature  of  many  early  works  on  metal  induced 
embrittlement  was  concern  for  specificity,''  that  is,  whether  only 
certain  combinations  of  substrates  and  environments  constituted 
embuttlement  couples.  There  is  now  little  doubt  that  virtually  all  solid 
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FIGURE  10— Influence  of  aging  to  alter  strength  on  embrittle¬ 
ment  of  type  7075-T651  in  mercury.60 
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FIGURE  11 -Influence  of  tempering  temperature  on  hardness 
and  crack  path  In  D6ac  steel  In  mercury  and  hydrogen,63 


metals  can  be  embrittled  by  some,  if  not  most,  lower  melting  point 
environments,  provided  that  the  experimental  conditions  are  opti¬ 
mized.  This  point  of  view  has  also  been  adopted  by  others.5’  A  list  of 
recently  discovered  embrittlement  couples  is  shown  in  Table  1 ;  the 
list  is  constantly  expanding.  The  most  favorable  conditions  for  classic 
embrittlement  have  been  enumerated  in  the  introduction  and  need 
no!  be  repeated  here.  However,  it  is  important  to  remind  the  reader 
that  susceptibility  to  embrittlement  of  any  given  substrate  can  only  be 
evaluated  when  a  large  number  of  experimental  conditions  have 
been  examined.  The  mechanism  of  embrittlement  in  any  given 
situation  may  then  bo  deduced  based  upon  the  effects  of  critical 
variables  such  as  strain  rate  and  grain  size  on  fractographic  features. 
Furthermore,  the  strength  level  of  the  substrate  can  have  a  pro¬ 
nounced  effect  on  susceptibility.  For  example,  with  type  7075-T651, 
increasing  strength  levels  resulting  from  heat  treatment  cause  a  large 
decrease  in  the  cracking  threshold,  accompanied  by  more  rapid 
cracking  at  all  stress  intensity  levels,  as  is  shown  in  Figure  lO.60 
Dislocation  mobility  is  enhanced  in  low-strength  alloys,  so  that 
correlations  of  degree  of  embrittlement  with  strength  level  can  reveal 
the  mechanism  of  fracture. 


RGURE 12- Fractographic  features  in  D6ac  steel:*3  (a)  Hg,  (b) 
Hj  (c)  H2,  and  (d)  H2. 


FIGURE  13— Effect  of  frequency  on  crack  growth  rates  In  1100-0 
aluminum,  cycled  In  mercury. 66 
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The  second  issue  to  be  dealt  with  is  the  role  of  grain  boundaries. 
Grain  boundaries  are  not  necessary  for  embrittlement  to  occur. 
Numerous  single  crystals  and  amorphous  films  have  been  embrittled 
by  a  variety  of  metals.9,6®  Furthermore,  even  face-centered  cubic 
(fee)  metals,  which  usually  fail  mtergranularly,  are  now  known  to 
display  TG  cracking  in  many  instances  (e.g.,  aluminum  single 
crystals  in  sodium  and  nickel  polycrystals  fatigued  in  mercury  or 
tensile  tested  in  sodium).  However,  since  grain  boundaries  are 
present  in  virtually  all  service  applications,  factors  such  as  impurity 
segregation  to  gram  boundaries,  time  of  pre-exposure,  and  strain- 
rate  changes  can  strikingly  alter  the  degree  of  embrittlement  ob¬ 
served.  For  example,  internal  lead-induced  IG  cracking  of  Al-Mg-Si 
alloys  is  observed  only  in  slow-strain-rate  tensile  tests  (4  s  10_6s~’) 
or  in  constant  load  tests  (Figure  14),  and  only  at  temperatures  high 
enough  to  permit  transport  of  lead.69  Embrittlement  was  not  observed 
at  high  strain  rates  at  room  temperature  or  in  slow-strain-rate  tests  at 
-196°C  at  any  lead  level.  However,  embrittlement  was  noted  at 
temperatures  as  low  as  -4°C.69  Thus,  there  is  a  complex  interaction 
among  test  temperature,  strain  rate,  embrittler  composition,  and 
substrate  impurities  that  can  change  what  appears  to  be  a  non- 
susceptible  system  to  one  in  which  severe  embrittlement  occurs. 
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FIGURE  14— Crack  growth  rates  of  AI-Mg-SI  alloys  at  various 
lead  levels,89 


The  third  issue  of  concern  is  the  influence  of  metallic  environ¬ 
ments  on  surface  plasticity  and  the  relationship,  if  any,  between 
hydrogen-  and  metal-induced  embrittlement,  In  situ  transmission 
electron  microscopy  (TEM)  experiments  by  Birnbaum  and  coworkers50 
have  unequivocally  demonstrated  that  hydrogen  facilitates  disloca¬ 
tion  motion  in  nickel.  Similarly,  Kimura  and  Mitsui70  have  confirmed 
Beachom’s55  conclusions  that  hydrogen  enhances  plasticity  in  fer¬ 
rous  materials  under  certain  specified  conditions.  However,  while 
many  similarities  exist  between  metal-  and  hydrogen-induced  em- 
brittlemont,  significant  differences  have  also  been  recorded,  espe¬ 
cially  in  the  response  of  high-strength  steels  to  mercury  and 
hydrogen.63,73  Much  higher  crack  velocities  and  a  greater  proportion 
of  IG  cracking  were  noted  in  D6ac  steel  in  mercury,83  On  the  contrary, 
Price  and  Norman73  found  that  on  smooth  samples  of  type  4142 
steel,  embrittlement  by  mercury  was  much  less  severe  than  hydro¬ 
gen  embrittlement,  perhaps  because  of  incomplete  wetting  by 
mercury.  The  degree  of  embrittlement  was  also  a  function  of 


hardness,  with  increasing  hardness  leading  to  sharply  reduced 
fracture  stresses  in  hydrogen  and  relatively  smaller  effects  in 
mercury  (Figure  1 5).73  A  tenfold  increase  in  strain  rate  had  little  effect 
on  the  flow  curves  in  air  or  mercury,  but  it  appreciably  reduced  the 
degree  of  embrittlement  (in  terms  of  fracture  stress)  in  hydrogen 
With  both  D6ac  steel  and  nickel  alloys,  cracks  initiated  more  readily 
in  hydrogen  but  propagated  more  easily  in  mercury  Another  differ¬ 
ence  between  the  two  environments  is  that  only  IG  cracking  of  the 
steel  occurred  in  mercury,  but  a  brittle  TG  fracture  mode  was  also 
noted  under  dynamic  charging  with  hydrogen.  It  was  postulated  that 
hydrogen  could  diffuse  inward  from  the  surface  and  promote 
subsurface  dislocation  nucleation  and  motion  while  the  influence  of 
mercury  was -limited  to  the  surface.63  Also  note  the  difference  in 
embrittlement  with  grain  size  for  Monel  400  in  mercury  and  hydrogen 
gas  (Figure  3). 10  On  the  basis  of  these  and  other  studies,  it  may  be 
concluded  that  wetting  problems,  differing  modes  of  embrittler 
transport,  and  different  substrate  strength  levels  can  give  rise  to 
substantial  differences  in  the  response  of  metals  to  a  given  environ¬ 
ment,  and  may  lead  to  situations  where  hydrogen  and  a  liquid  metal 
cause  strikingly  different  experimental  results.  Indirect  evidence  for 
enhanced  plasticity  in  the  presence  of  liquid  or  solid  metals  has 
primarily  come  from  the  Soviet  literature."'52,68,77  Tensile  and 
superficial  hardness  tests  indicate  lower  critical  flow  stresses  be¬ 
cause  of  active  environments,  but  rapid  hardening  is  then  observed. 
No  such  reports  appear  in  the  Western  literature.  Metallographic  and 
scanning  electron  microscopy  (SEM)  studies  on  amorphous  metals 
in  our  own  laboratory  also  indicate  that  shear  is  facilitated  by  liquid 
metals,  although  no  effect  on  macroscopic  yield  stresses  was 
observed.12  This  may  be  a  consequence  of  insensitivity  of  the  tensile 
machine  to  changes  in  plasticity  in  the  micro-yield  region,  although 
changes  in  flow  stresses  in  the  presence  of  hydrogen  are  very  readily 
observed.70  Clearly,  more  work  is  needed  on  direct  measurements  of 
flow  stress  in  high  surface/volume  specimens  to  reconcile  Soviet 
observations  and  negative  results  reported  elsewhere. 


FIGURE  15— Influence  of  hardness  on  fracture  strain  of  type 
4142  stool  In  hydrogen  and  In  mercury.73 

Since  the  stress  state  at  the  tip  of  a  crack  is  bound  to  influence 
susceptibility  to  metallic  environments,  tests  under  compression  or 
torsion,  as  well  as  the  almost  universally  used  tensile  tests,  are 
necessary.  Kapp7'  has  used  torsion  tests  (Mode  III)  on  70/30  brass 
in  mercury  to  attempt  to  distinguish  between  shear-  and  tensile- 
dominated  fracture  modes.  Unfortunately,  the  results  shown  in  Figure 
16  were  inconclusive,  since  enhanced  shear  appeared  to  facilitate 
crack  Initiation,  while  crack  propagation  occurred  along  planes  of 
maximum  tensile  stress,  suggesting  a  decohesion  mechanism. 

Finally,  with  respect  to  the  impact  of  metallic  environments  in 
industry,  alloy  steels  present  a  series  of  problems  with  respect  to 
basic  understanding  of  embrittlement  mechanisms.  Attempts  to 
correlate  the  embrittling  effects  of  various  low-melting  liquid  metals 
on  steels  with  either  composition,  melting  point,  or  vapor  pressure  of 
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the  embrittler  have  not  been  successful.14  '7-72  For  example,  impu¬ 
rities  or  solutes  in  lead  can  drastically  alter  susceptibility  to  cracking, 
with  zinc  exhibiting  the  greatest  effect  (Figure  2)  followed  by 
antimony,  tin,  and  bismuth.14  The  major  influence  of  these  solutes  is 
on  the  recovery  temperature  (TR)  at  which  embrittlement  is  no  longer 
observed  (Figure  17).14  It  is  highly  unlikely  that  the  properties  of  the 
substrate  control  this  recovery;  instead,  the  degree  of  wetting,  of 
adsorption,  or  rate  of  surface  diffusion  more  likely  controls  this 
transition.  Of  course,  impurities  in  the  substrate  also  can  substantially 
alter  fracture  behavior.  For  example,  small  additions  of  sodium  or 
potassium  to  Al-Li  alloys  reduce  their  impact  toughness  and  ductility 
by  forming  discrete  grain-boundary  particles  that  are  liquid  at  room 
temperature.19  Careful  control  of  both  substrate  and  environment 
composition,  as  well  as  the  gas  surrounding  the  embrittler,  is  clearly 
required  to  accurately  assess  susceptibility  to  embrittlement. 


Angle  of  Twist  (degrees) 

FIGURE  16— Torque-twist  diagrams  of  70/30  brass  in  air  and 
mercury.71 
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FIGURE  17— Inlluence  of  solutes  In  lead  on  recovery  tempera¬ 
ture  (Tn)  of  ductility  of  type  4145  steel.14 

Suggestions  for  Future  Research 

Table  1  illustrates  the  rapid  expansion  of  observed  embrittle¬ 
ment  phenomena  to  new  substrate/embrittler  combinations.  Data 
from  those  and  earlier  investigations  have  established  those  factors 
that  tend  to  support  each  of  the  proposed  theories  of  embrittlement 
(Table  2).  Systems  that  have  been  identified  with  each  ol  these 
mechanisms  are  summarized  In  Table  3.  Most  investigators  continue 
to  use  polycrystalline  substrates  to  examine  new  systems.  For  those 
substrates  that  usually  fail  intergranularly  in  the  presence  of  metal 
environments,  grain  boundary  chemistry  is  bound  to  play  a  significant 
role,  as  previously  cited.74-79  Therefore,  mechanistic  studies  are  best 
conducted  either  on  systems  exhibiting  TG  failure  in  polycrystals 
(listed  in  Table  4),73  or  on  single  crystals  or  bicrystals  in  which  both 


orientation  and  chemistry  of  grain  boundaries  are  carefully  controlled. 
(Watanabe,  et  al.,  have  already  performed  studies  on  well-charac¬ 
terized  bicrystals  and  polycrystals,  but  they  did  not  address  the 
atomic  mechanisms  of  fracture74-76).  With  such  materials  and 
suitable  environments,  the  following  experiments  (some  of  which 
have  been  proposed  earlier68-76)  are  suggested: 

(1)  Determine  influence  of  surface/volume  ratio  (i.e.,  specimen 
size,  cross  section)  upon  cracking  susceptibility.  These  experiments 
should  be  combined  with  examination  for  near-surface  microcracks, 
as  suggested  in  the  Soviet  literature.11-77 

(2)  Measure  crack  growth  rates  under  cyclic  and  static  condi¬ 
tions,  and  correlate  these  with  diffusivities  associated  with  likely 
transport  mechanisms. 

(3)  Carry  out  experiments  with  metal  environments  applied  in 
vacuum  as  well  as  in  air  to  minimize  spurious  results  due  to 
inadequate  wetting  in  air. 

(4)  Study  response  to  cyclic  loading  with  varying  mean  stresses; 

for  a  given  stress  intensity  range  (AK),  enhancement  of  embrittle¬ 
ment  at  high  R  ratios  should  be  observed  if  decohesion 

is  responsible. 

(5)  Study  crack  initiation  in  single  crystals  or  bicrystals  tested  in 
compression,  torsion,  or  bending;  if  enhanced  shear  is  responsible 
for  embrittlement,  crack  nuclei  should  be  seen  in  compression  or 
torsion  as  well  as  in  tension.  (Note,  however,  ambiguities  in  Kapp’s 
results.71) 

(6)  If  possible,  all  sets  of  experiments  should  use  strain  rate  as 
a  variable  to  aid  in  distinguishing  diffusion-controlled  from  adsorption- 
controlled  embrittlement  processes. 

(7)  Work  should  concentrate  on  a  single  substrate  in  each  of  a 
group  of  related  potential  embrittlers,  so  that  differences  in  effective¬ 
ness  of  embrittlement  might  be  correlated  with  physical  or  chemical 
characteristics  of  the  environments.  For  example,  nickel  is  severely 
embrittled  by  lithium,  less  so  by  sodium,  and  apparently  unaffected 
by  potassium,  rubidium,  or  cesium.  Nicholas  and  Fernback47  have 
indicated  that  the  nickel-lithium  system  is  attractive  for  further  study 
because  it  is  relatively  simple  and  able  to  be  characterized;  wetting 
characteristics  and  surface  energies  are  well  known. 

TABLE  2 

Mechanisms  and  Critical  Factors  for  Embrittlement 


Decohesion 

Enhanced 

Penetration 

Shear 

instantaneous 

instantaneous 

incubation  time 

uF  a  d'1/2 

<rF  a  d~,/z 

<jp  a  d1/2 

continuous 

continuous 

discontinuous 

cleavage 

dimples 

intergranular 

or 

intergranular 
cF,(rF  o  e~n 

tp.up  n  4~n 

€p,(Tp  Ct  i 

shear  stresses 

tension  only 

tension  only 
o-p  a  Uy,--6 

up  n  (ry,b 

<7p  a  Oy5'b 

TABLE  3 

Mechanisms  Identified 


Decohesion 

Enhanced  Shear 

Penetration 

Zn/Hg29 

Ni/Hg29 

Monel  400/Hg(A>-10 

DBac/Hg63 

FeCBSi/Hg12 

DBac/Hg63 

4140/ln-Sn41 

a-brass/Hg  (prop.)71 

7075/Hg60 

Al-Zn-Mg/Hg7 
a-brass/Hg  (init.)71 

(A,Conirary  to  authors*  suggestions. 
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TABLE  4 

Transgranular  Embrittlement  Couples 26 


Material  Liquid-Metal  Environment 


Hg 

Ga 

In 

Sn 

Li 

Na 

K 

Rb 

Cs 

(-39)<A> 

(30) 

(156) 

(232) 

(179) 

(98) 

(63) 

(39) 

(28) 

Ni 

E 

N 

N 

N 

E<a> 

E 

N 

N 

N 

Al 

E 

E 

E 

E 

Cu/a-brass 

N<°> 

N<b> 

N 

N 

p-brass 

E 

E 

Fe-Si 

E 

E 

E 

E 

Mg 

N 

N 

E 

E 

E 

E 

Ti  E  N 


<A)Mixed  mode,  predominantly  IG.22 

(B,lntercrystalline  IME  occurs  in  these  and  possibly  other  systems  listed  as  not  embrittled. 


(8)  In  situ  experiments  in  the  TEM  to  observe  the  influence  of 
metal  environments  on  dislocation  mobility  would  be  very  helpful  in 
clarifying  the  role  of  enhanced  shear.  However,  much  care  would  be 
needed  to  avoid  contamination  of  the  microscope  chamber. 

In  all  experiments  such  as  those  described  above,  distinctions 
must  be  made  between  the  mechanism  of  fracture  and  the  rate- 
controlling  steps  in  bringing  metal  embrittler  atoms  to  the  crack  tip. 
Druschitz  and  Gordon41  have  pointed  out  that  the  local  atomic 
mechanism  of  fracture  at  a  crack  tip  may  be  either  by  tensile 
decohesion  or  enhanced  shear.  However,  for  crack  nucleation,  the 
rate-controlling  steps  will  be  grain-boundary  diffusion  (or  other  rapid 
diffusion  paths  in  single  crystals),  and  for  crack  propagation,  trans¬ 
port  of  the  environment  to  the  crack  tip,  perhaps  by  surface  diffusion. 
Lynch79  has  recently  compared  surface-diffusion  coefficients  ob¬ 
tained  from  solid-metal-induced  embrittlement  couples  with  value  of 
surface  self-diffusion  coefficients  obtained  from  other  experiments 
and  finds  agreement  within  one  order  of  magnitude.  Nevertheless, 
the  concept  of  a  hardened  layer  susceptible  to  cracking  at  the 
surface"  17  or  along  grain  boundaries27  as  a  precursor  to  embrittle¬ 
ment  may  be  considered  a  distinct  additional  mechanism. 

Summary 

A  brief  history  of  metal-induced  embrittlement  has  been  pre¬ 
sented.  It  is  quite  likely  that  virtually  all  higher  melting  solid  metals  can 
bo  embrittled  by  lower  melting  metals,  provided  that  the  microstruc- 
tural  and  environmental  conditions  are  favorable.  However,  there  are 
at  least  three  mechanisms  of  crack  nucleation  that  have  received 
support  in  the  literature,  at  least  one  of  which  requires  time- 
dependent,  short-range  diffusion.  (Lynch70  points  out  the  importance 
of  surface  diffusion  in  solid-metal-induced  embrittlement;  Khristal’s 
mechanism27  requires  grain-boundary  diffusion.)  Ways  of  distinguish¬ 
ing  between  the  mechanisms  on  the  basis  of  experimental  data  are 
described.  Finally,  several  critical  experiments  to  elucidate  further  the 
characteristics  and  mechanisms  of  embrittlement  are  suggested 
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Discussion 

B.  Cox  (Atomic  Energy  of  Canada  Ltd.,  Canada):  In  your 
classification  of  mechanisms  for  metal  embrittlement,  I  would  like  to 
point  out  that  for  HCP  metals,  the  decohesion  and  perhaps  the 
enhanced  shear  mechanisms  can  lead  to  discontinuous  propagation 
because  pseudo-cleavage  occurs  only  on  (or  near)  the  basai  plane, 
and  crack  propagation  must  then  wait  for  slip  on  the  prism  planes  to 
break  those  grains  not  oriented  for  cleavage.  In  practice  (e.g., 
Zircaloy  in  mercury),  discontinuous  acoustic  emission  is  observed 
and  fracture  surfaces  consist  only  of  basal  pseudo-cleavage  and 
prismatic  slip  (there  is  little  or  no  evidence  for  pyramidal  slip). 

N.S.  Stoloff:  In  all  HCP  metals,  slip  systems  are  fewer  in 
number  than  in  cubic  metals.  Nevertheless,  the  extensive  literature 
on  metal-induced  embrittlement  of  zinc  and  cadmium,  as  well  as 
recent  unpublished  work  on  embrittlement  of  magnesium,  have  not 
provided  evidence  for  discontinuous  crack  growth.  Similarly,  cracking 
of  cubic  metals  in  liquid  metal  environments  appears  to  be  continu¬ 
ous.  For  these  reasons,  I  listed  adsorption-induced  cleavage  or 
enhanced  shear  as  continuous  processes.  The  case  you  cite  seems 
not  to  be  inherent  in  the  embrittlement  process,  but  I  would  need  to 
know  more  about  the  experimental  conditions  in  the  Zircaloy/mercuty 
experiments  to  provide  a  more  complete  answer. 

B.  Cox:  The  specimens  were  self-stressed  double-cantilever 
beams  from  a  Zircaloy-2  slab  with  mercury  contained  in  the  top  of  the 
specimen.  Acoustic  emission  was  massive  over  the  plateau  region  of 
the  V  vs  K  curve  but  appeared  to  be  discontinuous  as  the  crack 
slowed  down  as  K,  (LME)  was  approached.  Signals  might  have  been 
discontinuous  at  higher  velocities  but  could  not  be  resolved  by  our 
acoustic  emission  system. 

N.S.  Stoloff:  I  reiterate  that  for  most  HCP  single-phase  metals, 
there  is  no  evidence  for  discontinuous  crack  growth. 

R.A.  Oriani  (University  of  Minnesota,  USA):  I  would  like  to 
suggest  that  it  would  be  valuable  for  the  development  of  understand¬ 
ing  of  metal-induced  fracture  to  establish  experimentally  whether  or 
not  there  exists  an  equilibrium  functionality  between  K  and  the  activity 
of  an  embrittling  species.  This  could  be  done  by  using  various 
concentrations  of  embrittling  species  in  an  inert  metal  solvent.  The 
old  work  by  Westwood,  et  al„  is  a  step  in  the  right  direction,  but  it  is 
necessary  to  show  that  the  K-a  curve  is  not  kinetically  determined. 

N.S.  Stoloff:  I  agree  with  the  desirability  of  such  a  set  of 
experiments.  However,  it  may  be  difficult  to  find  an  "inert"  metal 
carrier  to  which  an  active  species  could  be  added.  This  is  because 
many  metals  previously  thought  to  be  nonembrittling  to  a  given 
substrate  turn  out  to  be  susceptible  under  certain  conditions. 
Therefore,  considerable  care  would  have  to  be  taken  to  avoid  a 
contribution  to  embrittlement  from  the  carrier. 

J.R.  Galvele  (Comlslon  Nacional  de  Energla  Atomlca,  Ar¬ 
gentina):  I  would  like  to  call  your  attention  to  some  work  we 
published  in  Corrosion  Science  (27(1987):  p.  1j  where  we  explained 
environment  embrittlement  by  a  surface  mobility  mechanism.  The 
crack  velocities  calculated,  for  example,  for  aluminum  in  mercury, 
were  very  close  to  those  published  by  Speidel.  The  same  happened 
with  crack  velocities  measured  by  Verns  and  Staehle  for  high- 
strength  steels  in  chlorine. 

N.S.  Stoloff:  I  thank  you  for  calling  my  attention  to  this  work.  Is 
it  possible  that  your  mechanism  relates  more  to  the  kinetics  of 
transport  of  the  embrittling  species  than  to  the  actual  bond-breaking 
process  that  causes  fracture?  Note  also  that  Figure  10  of  my  paper, 
showing  the  influence  of  aging  of  7075  Al  on  crack  velocity  in  mercury 
in  both  Stage  I  and  Stage  II,  seems  to  be  at  variance  with  a  surface 
mobility  model. 
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R.  Pelloux  (Massachusetts  Institute  of  Technology,  USA): 
One  of  the  examples  you  referred  to  was  an  Al-Mg-Si  alloy  embrittled 
by  lead.  The  da/dt  vs  K  data  for  this  alloy  suggest  that  it  is  a  case  of 
“creep  crack  growth"  strongly  dependent  upon  the  amount  (ppm)  of 
lead  at  the  grain  boundaries.  Could  this  be  the  case  for  many  of  the 
examples  cited? 

N.S.  Stoloff:  The  v/ork  you  refer  to  is  shown  in  Figure  16  of  my 
paper.  It  should  be  possible  to  distinguish  between  creep  crack 
growth  and  metal-induced  embrittlement  by  fractography  and  surface 
analytical  techniques  Although  creep  crack  growth  is  possible  at 
room  temperature  in  aluminum  alloys,  the  authors  of  that  study 
provided  substantial  evidence  in  favor  of  lead-induced  embrittlement. 
However,  your  point  is  well  taken  that  creep  crack  growth  and  metal- 
induced  embrittlement  may  occur  in  the  same  temperature  range. 
Therefore,  careful  analysis  of  test  data,  especially  as  a  function  of 
temperature  and  including  detailed  fractographic  analysis,  is  neces¬ 
sary  to  distinguish  between  the  two  cracking  mechanisms. 


K.  Sieradzki  (The  Johns  Hopkins  University,  USA):  Over 
recent  years,  considerable  theoretical  modeling  has  suggested  that 
surface  energy  reductions  resulting  from  adsorption  tend  to  favor  or 
enhance  cleavage  processes  over  shear.  What  is  your  current 
thinking  regarding  mechanism(s)  of  enhanced  shear  processes 
resulting  from  pure  surface  effects? 

N.S.  Stoloff:  Experimental  evidence  (metallographic,  fractogra¬ 
phic,  and  in  situ  transmission  electron  microscopy)  for  enhanced 
shear  is  quite  convincing,  both  with  respect  to  hydrogen  and  metal 
environments.  The  theoretical  basis  for  enhanced  shear  is  not  weil 
established.  The  interaction  of  hydrogen  with  dislocation  cores  very 
near  the  surface  is  probably  more  amenable  to  theoretical  analysis 
than  is  similar  interaction  between  metal  environments  and  disloca¬ 
tion  cores.  I  would  welcome  the  attention  of  theoreticians  to  this 
problem. 


EICM  Proceedings 


41 


SECTION  I! 


Corrosion  Fatigue  and  High-Temperature  Effects 

Co-Chairmen’s  Introduction 


K.  Komai 
Kyoto  University 
Kyoto,  Japan 

R.  Pelloux 

Massachusetts  Institute  of  Technology 
Cambridge,  Massachusetts,  USA 


The  first  two  papers  of  this  session  are  concerned  with  the  mechanisms  of  crack  initiation 
and  crack  propagation  in  corrosion  fatigue.  The  last  paper  deals  with  the  role  of  oxidation  in 
high-temperature  fatigue. 

In  the  paper  by  D.J.  Duquette,  he  discusses  the  effects  of  corrosion  on  the  density  and 
distribution  of  persistent  slip  bands  during  fatigue  of  copper  single  crystals.  He  shows  that 
there  is  always  a  corrosion  current  generated  by  cyclic  plastic  strains.  The  persistent  slip 
bands  show  preferential  attack  and  grooving.  In  polycrystalline  copper,  corrosion  fatigue 
cracking  proceeds  along  the  grain  boundaries.  It  is  shown  that  the  near -surface  dislocation 
density  is  usually  dependent  upon  the  corrosion  rate.  Duquette  concludes  by  giving  a  list  of 
research  problems  related  to  corrosion  fatigue  crack  initiation, 

R.P.  Gangloff  first  reviews  the  applicability  of  linear  elastic  fracture  mechanics  (LEFM) 
to  report  the  fatigue  crack  growth  data  (dadn)  for  long  cracks  in  relatively  inert  environments. 
He  then  shows  the  sharp  Increase  in  the  rates  of  crack  growth  that  occurs  in  the  presence 
of  a  corrosive  environment  with  a  strong  effect  of  cyclic  frequency.  The  roles  of  crack  tip 
chemistry  and  crack  closure  are  discussed.  It  is  found  that  the  principles  of  similitude, 
generally  used  in  LEFM,  do  not  work  in  the  case  of  short  cracks,  where  accelerated  crack 
growth  rates  may  lead  tu  unconservatwe  life  prediction.  Different  models  of  corrosion  fatigue 
crack  growth  based  on  hydrogen  diffusion  at  the  crack  tip  are  available  for  steels.  It  is 
concluded  that  corrosion  fatigue  crack  growth  has  a  good  database  that  needs  better 
theoretical  modeling. 

The  review  by  A.  Pineau  presents  the  mechanisms  of  creep  fatigue-environment 
interactions  in  stainless  steels  and  in  nickel-base  superalloys.  He  demonstrates  the  strong 
effects  of  loading  hold  times  on  the  rates  of  fatigue  crack  growth  as  a  result  of  oxidation 
embrittlement.  The  oxide  layer  can  be  either  a  spinel  Fe(NiO)  or  Cr203.  The  latter  oxide  offers 
better  resistance  to  grain-boundary  embrittlement  by  oxygen. 

T wo  types  of  oxidation  damage  are  presented.  Type  A  consists  of  an  oxide  film  wedging 
the  crack  tip,  Type  B  is  related  to  diffusion  of  oxygen  at  gram  boundaries  ahead  of  the  crack 
tip.  The  detrimental  effect  of  oxidation  is  due  to  a  reduction  of  fracture  ductility  at  the  tip  of  the 
fatigue  crack.  The  acceleration  of  the  crack  growth  rate  because  of  oxidation  can  be  modeled 
by  including  the  oxidation  effects  in  a  damage  rate  equation.  A  large  amount  of  detailed 
research  work  remains  to  be  done  to  achieve  a  better  understanding  of  the  role  of  oxidation 
on  fatigue  crack  growth  rates. 

In  summary,  there  is  a  strong  detrimental  effect  of  corrosion  and  oxidation  on  fatigue 
crack  initiation  and  growth.  The  corrosion  and  oxidation  rates  of  freshly  exposed  microsteps 
at  a  free  surface  or  at  a  crack  tip  are  poorly  understood  and  not  quantified.  Further  research 
work  on  the  micromechamsms  of  corrosion  and  oxidation  is  needed  in  order  to  derive  sound 
life-prediction  models. 

These  papers  complete  the  overview  of  the  phenomena  of  environment-induced 
cracking  covered  in  the  first  phase  of  the  conference. 


Corrosion  Fatigue  Crack  Initiation  Processes: 
A  State-of-the-Art  Review 

D.J.  Duquette * 


Abstract 

This  review  attempts  to  define  the  areas  of  aqueous  corrosion  fatigue  deformation  processes  that  lead 
to  crack  initiation.  It  is  apparent  that  there  are  three  distinct  corrosion  situations  under  which  cyclic 
deformation  and  crack  initiation  are  affected.  These  situations  are  (1)  under  active  dissolution 
conditions,  (2)  under  electrochemically  passive  conditions,  and  (3)  when  bulk  surface  films,  such  as 
three-dimensional  oxides,  are  formed  on  the  surface.  In  the  first  instance,  emerging  persistent  slip 
bands  (PSBs)  are  preferentially  attacked  by  dissolution.  This  preferential  attack  leads  to  enhanced 
mechanical  instability  of  the  free  surface  of  a  metal  or  alloy,  and  the  generation  of  new  and  larger  PSBs, 
which,  in  turn,  lead  to  a  localization  of  corrosion  attack  and,  accordingly,  crack  initiation. 

Under  passive  conditions,  the  relative  rates  of  periodic  rupture  and  reformation  of  the  passive  film 
appear  to  be  the  important  phenomena  that  determine  the  extent  to  which  fatigue  resistance  is  lowered 
by  the  environment.  Less  is  known  about  the  surface  deformation  characteristics  that  are  associated 
with  passive  metals  or  alloys,  although  it  is  known  that  changes  in  slip  character  have  marked  effects 
on  the  corrosion  fatigue  response. 

When  bulk  oxide  films  are  present  on  a  surface,  rupture  of  the  film  by  PSBs  leads  to  preferential 
dissolution  of  the  fresh  metal  that  is  produced.  However,  little  is  known  concerning  the  effects  of  such 
variables  as  film  growth  kinetics,  film  thicknesses,  film  plasticity,  etc. 

It  is  obvious  that  while  a  better  understanding  of  corrosion  fatigue  deformation  and  crack  initiation 
processes  is  being  gained,  there  are  still  many  areas  that  remain  undefined. 


Introduction 

Fatigue  processes  can  be  divided  into  three  principal  mechanistic 
processes:  (1)  precrack  deformation,  (2)  crack  initiation,  and  (3) 
crack  propagation.  It  should  bo  noted  that  these  divisions  are 
essentially  arbitrary  and  are  only  a  convenience  used  in  describing 
the  phenomena,  and  that  there  is  a  continuity  in  behavior  from  one 
process  to  the  next. 

When  metals  or  alloys  are  exposed  to  aqueous  environments, 
it  has  been  observed  that  each  of  these  processes  may  be  profoundly 
affected.  The  effects  that  are  observed  Include  changes  both  in 
microstructural  development  and  electrochemical  response.  It  Is 
interesting  to  note  that  many  of  these  changes  have  been  observed 
for  pure  metals  as  well  as  for  more  complex  alloys  where  second 
phases,  grain  boundaries,  impurities,  etc.,  can  bo  expected  to 
produce  electrochemically  inhomogeneous  surfaces.  Those  differ¬ 
ences  In  microstructural  evolution  and  electrochemical  response  that 
occur  during  fatigue  in  aqueous  environments  are  observed  under 
conditions  of  active  dissolution  or  when  a  metal  or  alloy  surface  is  In 
the  passive  state. 

The  purpose  of  this  review  is  to  examine  the  current  state  of 
understanding  of  precrack  and  crack  Initiation  processes  where 
"true"  corrosion  fatigue  (CF)  occurs.  In  this  context,  CF  refers  to  the 
phenomena  whero  surfaco  dissolution  or  cyclic  disruption  of  passive 
films  results  In  an  intrinsic  sensible  alteration  in  the  conventional 
fatigue  processes.  Thus,  corrosion-related  phenomena  such  as 
hydrogen  evolution  or  dissolution  and  their  effect  on  fatigue  behavior 
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will  not  be  discussed.  Other  effects  such  as  precorrosion,  which  may 
result  in  surface  roughening  or  pitting  (and  accordingly  stress 
concentrations),  will  only  be  discussed  in  a  historical  context. 
Similarly,  except  where  appropriate,  the  roles  of  metallurgical  phase 
transformations,  such  as  grain-boundary  precipitation  of  carbides  or 
other  second-phase  particles,  which  are  known  to  have  profound 
effects  on  localized  corrosion  resistance,  will  only  be  discussed  in  the 
context  of  crack  initiation  site  preferences. 

Prior  to  discussing  the  recent  history  of  research  on  CF  damage 
and  crack  initiation,  it  is  interesting  to  note  that,  in  contrast  to  some 
conventional  fatigue  processes,  only  a  very  small  group  of  research¬ 
ers  is  presently  engaged  in  pursuing  a  basic  understanding  of  CF 
crack  initiation  processes.  This  is  in  marked  contrast  to  studies  of  CF 
crack  propagation  processes,  which  have  been  and  aro  the  subjects 
of  numerous  investigations.  A  review  of  that  subject  is  included  in  the 
proceedings  of  this  conference.' 

The  last  comprehensive  review  of  fatigue  crack  initiation  pro¬ 
cesses  that  included  CF  processes  was  published  in  1971. 2  Since 
then,  several  reviews  of  various  aspects  of  CF  have  been  pub¬ 
lished,3’7  with  the  latest  being  published  as  part  of  a  conference 
devoted  to  the  chemistry  and  the  physics  of  fracture,  held  in  Bad 
Reichenhall,  West  Germany,  in  1986.®  In  view  of  the  number  of 
reviews  that  has  been  published  in  the  last  few  years,  the  purpose  of 
this  particular  review  will  bo  to  present  a  broad  overview  of  the  current 
state  of  understanding,  to  discuss  somo  of  the  issues  that  remain 
unresolved,  and  to  make  suggestions  for  future  work. 
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Background 

General  fatigue  behavior 
The  development  of  fatigue  deformation,  leading  to  crack 
initiation,  particularly  for  pure  metals,  in  the  absence  of  aggressive 
environments  has  been  extensively  studied.  (For  more  detailed 
discussions  of  the  state  of  the  art  regarding  general  fatigue  pro¬ 
cesses,  see  References  9  through  14.)  It  has  been  shown  that  the 
resultant  deformation  substructure  that  develops  is  a  direct  function 
of  the  microdeformational  behavior  of  the  specific  metal  or  alloy.  For 
example,  single-phase,  wavy  slip  metals  or  alloys,  such  as  copper, 
copper-nickel,  etc.,  form  dense  veins  of  dislocation  tangles  early  in 
the  fatigue  life  of  the  material.  During  the  formation  of  these 
dislocation  tangles,  the  metals  or  alloy  cyclically  harden  until  a 
saturation  stress  (under  constant  cyclic  strain  conditions)  or  strain 
(under  constant  cyclic  stress  conditions)  is  reached.  At  this  time,  the 
relatively  uniform,  veined  dislocation  structure  begins  to  become 
unstable  and  bands  of  dislocation  ladders  and/or  cells  (ladders  at  low 
strains  and  cells  at  high  strains)  occur  within  the  structure  with 
specific  crystallographic  orientations  (Figure  1).,s  These  bands  are 
generally  alissile  and  their  reverse  slip  action  supports  most  of  the 
cyclic  plastic  strain  in  the  alloy.  For  many  materials,  the  traces  of 
these  bands  are  readily  observed  at  the  external  surface  and  are 
called  persistent  slip  bands  (PSBs).  They  were  so  named  because 
it  was  observed  that  when  certain  metals  were  cyclically  re-strained, 
after  eliminating  the  visible  slip  bands  by  electropolishing,  the  glissile 
bands  reappeared;  whereas,  monotonically  induced  slip  bands, 
which  were  observed  in  the  first  quarter  cycle  of  deformation,  did  not 
reappear.  It  is  in  these  bands  that  fatigue  crack  initiation  and  early 
crystallographic  crack  growth  occur. 


FIGURE  1— Dislocation  structures  In  Cu  single  crystals:  (a) 
ladder  structure  (PSB)  and  (b)  cell  structure.15 


Planar  slip  alloys  such  as  Cu-AI  or  Ni-Co  and  many  precipitation- 
hardened  alloys  do  not  exhibit  veinous  or  cellular  dislocation  struc¬ 
tures,  but  rather  retain  their  planar  slip  character.  However,  from  a 
macroscopic  point  of  view,  they  behave  in  a  similar  manner  to  wavy 
slip  alloys  in  that  they  exhibit  cyclic  hardening,  reach  a  saturation 
stress,  and  also  generally  exhibit  PSBs. 

Certain  metals  and  alloys  also  exhibit  a  characteristic  surface 
morphology  known  as  extrusions,  while  still  others  exhibit  both 
extrusions  and  intrusions.  These  surface-related  substructures  are 
clusters  of  slip  bands  that  either  erupt  from  the  free  surface 
(extrusions)  or  form  notches  in  the  surface  (intrusions).  While  crack 
initiation  is  often  associated  with  these  structural  discontinuities,  they 
are  by  no  means  general,  and  many  metals  and  alloys  do  not  form 
either  extrusions  or  intrusions;  crack  initiation  being  associated  with 
either  PSBs  or,  in  the  case  of  many  engineering  alloys,  with 
second-phase  particles  that  intersect  the  surface.  Crack  initiation, 
however,  is  virtually  always  a  surface-related  phenomena  (barring 
large  subsurface  defects). 

As  has  been  stated,  for  most  metals  and  alloys,  crack  initiation 
occurs  as  a  crystallographic  event,  generally  related  to  PSBs  and/or 
to  intrusion  or  extrusions.  These  initiated  cracks  are  referred  to  as 
Stage  I  cracks  and,  for  highly  planar  slip  alloy,  may  progress  for  very 
large  distances  into  the  alloy;  although  for  wavy  slip  materials,  they 
may  only  progress  for  one  or  two  grains.  For  most  polycrystalline 
materials,  the  Stage  I  cracks  eventually  become  approximately 
normal  to  the  applied  stress  or  strain  direction,  where  they  are 
referred  to  as  Stage  II  cracks.  It  is  at  this  juncture  that  fatigue  crack 
propagation  properly  enters  the  realm  of  the  fracture  mechanician. 

Corrosion  fatigue  behavior 

Traditionally,  CF  crack  initiation  has  been  associated  with 
pitting16  13  or,  alternatively,  with  enhanced  electrochemical  dissolu 
tion  resulting  from  deformation.20  There  have  also  been  some 
suggestions  that  the  environment  may  lower  the  surface  energy  of  a 
metal  or  alloy  (the  so-called  Rebinder  effect"),  resulting  in  enhanced 
deformation  and  possibly  easy  crack  initiation.21 22  When  films  are 
involved,  rupture  of  the  protective  films  by  fatigue-generated  defor 
mation  has  also  been  implicated  in  crack  initiation.2'1 24  The  general 
subject  of  CF  was  extensively  studied  in  the  1930s  and  early  1940s, 
and  then  lay  relatively  dormant  until  the  late  1960s  when  new 
scientific  concepts  related  to  fatigue  processes  as  well  as  to 
electrochemical  processes  were  evolving.  There  has  been  a  marked 
acceleration  of  interest  in  the  problem,  beginning  in  the  mid-1970s 
and  extending  to  the  present,  particularly  with  the  massive  efforts  that 
have  coupled  fracture  mechanics  principles  to  fatigue  and  environ 
mentally  assisted  fatigue  problems.  In  the  area  of  corrosion-related 
fatigue  deformation  and  crack  initiation,  however,  only  a  small 
number  of  research  efforts  have  been  undertaken.  These  newer 
research  efforts  have  begun  to  successfully  couple  modern  fatigue 
concepts  with  electrochemical  analytical  techniques.  In  addition  to 
the  author's  research  efforts,  significant  advances  have  been  achieved 
by  Laird  and  his  coworkers  at  the  University  of  Pennsylvania,31 33  by 
Magnin  and  his  coworkers  in  France,38  42  and  somewhat  earlier  by 
Pyle  and  Robbins  in  the  United  Kingdom.35  37  Much  of  the  work  of  the 
latter  two  groups  has  been  related  to  CF  of  passive  alloys  such  as  the 
stainless  steels,  whereas,  the  work  of  the  former  two  groups  has 
been  primarily  (but  not  exclusively)  related  to  CF  processes  involving 
actively  dissolving  metals  and  have  focused  primarily  on  pure  metals 
such  as  copper  and  nickel,  although  a  considerable  effort  has  also 
addressed  aluminum,  copper,  and  iron-based  alloys. 

Among  other  observations,  it  has  been  shown  that  controlled 
dissolution  of  a  polycrystalline  copper  surface  during  cyclic  deforma¬ 
tion  (under  load  control),  results  in  broadening  of  the  PSBs  as  well  as 
enhanced  growth  of  both  the  number  and  the  height  PSBs  when 
compared  to  specimens  cyclically  deformed  in  laboratory  air.  In 
polycrystals,  however,  crack  initiation  and  early  propagation  were,  in 
general,  primarily  confined  to  grain  boundaries  (Figures  2  and  3) 24  25 
When  single  crystals  were  tested,  PSB  formation  was  also  en¬ 
hanced,  although  the  broadening  of  the  PSBs  (Figure  4)  resulted  in 
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a  delay  in  crack  initiation  and  fatigue  lives  that  were  even  longer  than 
for  those  observed  in  air.26  These  early  experiments  demonstrated 
that  there  is  a  significant  interaction  between  the  development  and 
growth  of  PSBs  and  corrosion.  PSB  formation  also  resulted  in 
marked  electrochemical  perturbations  of  the  free  surface.  For  exam¬ 
ple,  it  was  shown  that  the  dislocation-free  zone,  which  occurs  at  the 
free  surface  in  copper,  was  effectively  removed  (Figure  5)  and  that 
the  PSBs  are  preferential  sites  forenhanced  corrosion  (Figures  6  and 
7).  Also,  it  was  noted  that  the  application  of  a  cyclic  load  resulted  in 
an  almost  reversible  increase  in  current  density  when  the  potential  of 
the  copper  was  fixed  (Figure  8).27  The  generality  of  these  results  was 
confirmed  by  a  series  of  experiments  conducted  by  Garcia  and 
Duquette  on  polycrystals  and  on  monocrystals  of  nickel.28'30  These 
experiments  were  performed  at  constant  strain  amplitudes,  almost 
exclusively  with  controlled  electrochemical  potentials.  In  these  stud¬ 
ies,  it  was  shown  that  anodic  dissolution  of  nickel  surfaces  resulted 
in  a  considerable  redistribution  and  multiplication  of  PSBs  when 
compared  with  the  PSB  morphologies  obtained  under  cyclic  defor¬ 
mation  in  air.  The  growth  of  the  PSBs  was,  of  necessity,  inhibited 
since  a  larger  number  of  PSBs  accommodated  the  plastic  strain  of 
the  metal.  It  was  also  noted  that  the  rate  of  cyclic  hardening  appeared 
to  be  more  rapid  under  corrosive  conditions,  although  since  the 
specimens  were  not  cycled  into  saturation,  there  is  still  some 
question  concerning  the  accuracy  of  this  observation.31  In  fact,  Laird 
and  his  coworkers  have  performed  experiments  on  single  crystals  of 
copper,  both  unfilmed  (actively  dissolving)  and  filmed  (corrosion 
resulting  in  a  bulk  oxide  film).32,33  For  unfilmed  specimens  (active 
corrosion),  an  increase  in  the  number  of  PSBs  was  reported,  and  the 
spacing  of  the  PSBs  was  decreased  and  preferential  dissolution  of 
the  PSBs  was  observed,  which  is  in  agreement  with  the  results  of 
Duquette  and  coworkers.24'20  It  was  also  reported,  however,  that  an 
increase  was  noted  in  the  maximum  slip  offset  gradient,  which  is 
somewhat  in  disagreement  and  may  be  very  significant  for  crack 
initiation  processes. 


FIGURE  2— Surface  characteristics  of  polycrystalline  copper 
after  10*  cycles  of  fatigue  In25  (a)  air,  (b)  0.5  N  NaCI  under  free 
corrosion  conditions,  and  (c)  0.5  N  NaCI  solution  with  an  applied 
anodic  current  of  100  pA/cm2. 


(b) 


FIGURE  3— Cross  sections  through  copper  polycrystals  (a) 
fatigued  in  air  and  (b)  in  0.5  N  NaCI  solution  with  an  applied 
current  density  of  100  pA/cm2.  In  air,  the  initiated  crack  is 
entirely  transgranular  while  under  anodic  dissolution  condi¬ 
tions  the  primary  failure  crack  is  Intergranular,  although  there  is 
some  transgranular  initiation.24  Enhanced  deformation  can  also 
be  observed  at  the  specimen-free  surface. 


(b) 


FIGURE  4— Surface  slip  characteristics  of  copper  single  crys¬ 
tals  at  105  cycles  (10%  of  Nf)  In  (a)  air  and  (b)  0.5  N  NaCI  solution 
with  an  anodic  current  of  100  pA/cm2.26 
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FIGURE  5— TEM  micrographs  of  the  fatigued  surfaces  of  copper 
single  crystals  in  (a)  air  and  (b)  0.5  N  NaCI  solution  with  an 
applied  anodic  current  of  100  pA/cm2.  P  indicates  deposited 
plate  and  S  indicates  specimen.  Note  that  the  surface-related 
dislocation  free  zone  in  (a)  is  not  observed  in  (b).2G 
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FIGURE  7-Cross  sections  of  similarly  oriented  single  crystals 
of  copper  in  (a)  air  and  (b)  0.5  N  NaCI  solution  with  an  applied 
anodic  current  of  100  pA/cm2.  P  Indicates  deposited  plate  and  S 
Indicates  specimen.  An  extrusion  and  an  associated  Stage  1 
crack  are  shown  In  (a),  while  the  crystallographic  orientation  of 
corrosion  in  the  same  direction  as  the  Stage  I  crack  is  shown  In 
(b).26 


<b) 


FIGURE  6— Surface  deformation  characteristics  of  similarly 
oriented  single  crystals  of  copper  In  (a)  air  and  (b)  0.5  N  NaCI 
solution  with  an  applied  anodic  current  of  100  pA/cm2.  The 
preferential  corrosion  attack  of  the  PSBs  Is  clearly  shown.28 
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FIGURE  8-Measured  current  density  as  a  function  of  applied 
cyclic  stress  for  a  copper  single  crystal  held  at  a  potential  of 
-0.125  V  vs  SCE  In  0.5  N  NaCI  solution.27 

However,  the  work  performed  under  oxidizing  (but  presumably 
not  filmed)  conditions  showed  no'effect  on  the  rapid  hardening  rate 
or  on  the  cyclic  stress-strain  curve.32  Results  obtained  on  filmod 
specimens,  on  the  other  hand,  showed  some  effect  in  that  the 
hardening  rate  increased  with  a  small  "overshoot"  in  the  stress  prior 
to  saturation,  but  no  effect  on  the  saturation  stress  itself.31  The 
generality  of  these  results  remains  to  be  determined. 

In  another  study  of  the  CF  behavior  of  copper,  Yan  and  Laird 
also  demonstrated  that  there  are  strong  interactions  between  simul¬ 
taneous  corrosion  and  cyclic  straining  in  that  enhanced  corrosion 
was  observed.3233  They  confirmed  the  results  of  Duquette,  et 
al.,2429  that  enhanced  dissolution  is  caused  by  the  emergence  of 
mobile  dislocations,  specifically,  enhanced  dissolution  of  metal 
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atoms  associated  with  those  dislocations  that  form  the  PSBs.  This 
study  also  concluded  that  below  a  critical  preferential  corrosion  rate, 
corrosion  has  no  appreciable  effect  on  fatigue  resistance.32  A  similar 
result  had  been  reported  for  carbon  steels,34  although  Yan  and  Laird 
indicated  that  the  critical  corrosion  rate  was  specific  to  PSBs  rather 
than  a  general  corrosion  rate. 

For  filmed  surfaces,  Ortner31  has  reported  that  even  thin  films 
impede  dislocation  egress  and  increase  the  rate  of  rapid  hardening. 
This  makes  PSB  formation  more  difficult  than  in  air  and  impedes 
intrusion/extrusion  formation.31  Upon  penetration  of  the  film  by  PSBs, 
the  corrosion  rate  of  the  copper  suddenly  increases.  This  is  in 
accordance  with  the  results  reported  by  Hahn.27  A  decrease  in  the 
rest  potential  was  also  observed  by  both  investigators,  and  Hahn 
determined  that  it  was  virtually  reversible;  i.e.,  when  cyclic  loading  of 
the  metal  was  interrupted,  the  corrosion  potential  returned  to  the 
original  rest  potential  (Figure  9).  Thus,  there  is  an  implication  that 
dynamic  straining  shifts  the  potential  of  anodic  regions  on  the  surface 
in  the  active  direction.  Whether  this  results  from  a  physical  shift  in  the 
reversible  potential  because  of  the  strain  energy  or  to  a  decrease  in 
the  anodic  reaction  kinetics  because  of  the  ease  in  removing 
unstable  atoms  (resulting  from  local  strains)  by  electrochemical 
dissolution  is  not  yet  known. 


FIGURE  9-Measured  potential  as  a  function  of  applied  cyclic 
stress  for  a  copper  single  crystal  under  free  corrosion  condi¬ 
tions  In  0.5  N  NaCI  solution.27 

With  reference  to  surfaces  covered  with  ultra-thin  films  (pas¬ 
sive),  Rollins,  Patel,  and  Pyle  have  pioneered  some  electrochemical 
studies  relating  cyclic  deformation  to  current  transients  under  elec¬ 
trochemical  potential  control.35-37  By  examining  a  diverse  group  of 
alloys,  including  mild  steel,  stainless  steels,  and  aluminum  alloys, 
they  have  demonstrated  that  there  are  significant  current  transients 
associated  with  each  cycle  of  plastic  strain.  In  general,  current  spikes 
associated  with  more  or  loss  rapid  decays  were  obsorved  in  both 
tension  and  compression  when  the  peak  currents  increased  with 
increasing  cycles,  CF  resulted;  wheroas,  if  peak  currents  decreased 
with  increasing  numbers  of  cycles,  cracks  were  not  initiated  (Figure 
10).  Those  results  suggested  a  definito  relationship  between  cyclic 
plastic  strain,  ropassivation  rates  after  passive  film  rupture,  and  CF 
failures. 

This  type  of  experimentation  nas  been  considerably  refined  by 
Magnin  and  his  coworkers.38'42  In  their  work,  the  saturation  peak 
stress  for  a  26Cr-1  Mo  stainless  steel  was  shown  to  be  identical  in  air 
and  in  aggressive  solutions,  confirming  the  generality  of  the  result 
that  had  been  reported  (or  copper.  It  was  also  noted  that  the  free 
corrosion  potential  decreased  (moved  in  the  active  direction)  during 
rapid  hardening,  increased  at  saturation,  and  decreased  again  at 
crack  initiation.  This  suggests  that  nowly  exposed  metal,  resulting 
from  cyclic  slip-band  generation,  prior  to  crack  nuc'eation,  locally 
destroys  the  passive  film.  The  film  then  attempts  to  repair  itself  when 
the  stress  level  is  constant  (at  saturation),  shifting  the  potential  In  the 
noble  direction,  and  is  broken  again  at  crack  initiation.  Thus,  it 
appears  that  the  rapid  hardening  portion  of  the  cyclic  stress-strain 
curve  is  very  important  *o  localized  passivation  and  repassivation.  It 


was  also  observed  that  the  free  corrosion  potential  cycled  in  parallel 
with  the  strain,  reaching  the  largest  negative  potential  at  the 
maximum  tensile  applied  strain.  All  of  these  effects  were  observed  to 
be  functions  of  the  strain  rate,  with  high  strain  rates  leading  to  more 
intense  local  depassivation  and  dissolution  (Figure  11).  This  is  an 
interesting  result  since  it  had  been  widely  believed  that  CF  is  not 
expected  to  be  a  problem  at  high  frequencies.  Obviously,  frequency 
effects  (and  associated  strain  rates)  are  important  parameters,  and 
the  amount  of  corrosion  that  occurs  in  each  cycle  must  be  compared 
with  the  repassivation  rate  (for  alloys  that  show  active-passive 
transitions).  Table  1  indicates  the  effects  of  strain  rate  on  the  surface 
damage  characteristics  of  26Cr-1Mo  stainless  steels,  at  different 
levels  of  strain,  and  indicates  the  role  of  the  deformation  mode  on  the 
crack  initiation  mode  in  air  and  in  3.5%  NaCI  solution.39 


FIGURE  10— (a)  Typical  dissolution  transients  for  mild  steel 
fatigued  In  3.5%  NaCI  solutions,  (b)  Variations  of  peak  current 
densities  associated  with  current  transients  and  cyclic  strains 
as  a  function  cf  a  number  of  applied  strain  cycles  for  mild  steel 
In  3.5%  NnC>  All  pHs  except  pH  12  resulted  In  reductions  In 
fatigue  resistance  when  compared  to  laboratory  air.37 

Additionally,  also  using  26Cr-1Mo  stainless  steels,  current 
transients  under  electrochemical  potential  control  were  observed.  An 
example  of  these  results  is  shown  in  Figure  12  where  it  is  noted  that 
in  accordance  with  the  work  of  Patel,  Pyle,  and  Rollins,  current 
transients  are  larger  in  tension  than  in  compression.  The  total  amount 
of  metal  that  is  dissolved  is  related  to  the  area  under  the  curve. 
However,  the  shapes  of  the  current  transient  curves  cannot  be  readily 
explained  by  single  events  rupturing  the  passive  film.  Rather,  it  is 
imagined  that  the  cun/e  is  actually  the  sum  of  consecutive  film 
ruptures  by  individual  or  groups  of  slip  bands  that  are  activated  at 
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different  stress  or  strain  levels.  A  schematic  diagram  showing  this 
sequence  is  shown  in  Figure  13. 

Thus,  it  is  apparent  that  there  are  at  least  three  major 
electrochemical  and/or  environmentally  related  conditions  that  affect 
CF  precrack  deformation  and  crack  initiation.  These  are  under 
conditions  of  (1)  active  dissolution  (unfilmed),  (2)  passivity  (ultra-thin 
films),  and  (3)  where  a  bulk  oxide  film  either  pre-exists  or  is  formed 
during  exposure  to  fatigue,  on  the  surface. 
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FIGURE  11— Influence  of  strain  rate  on  the  cyclic  evolution  of 
potential  as  a  function  of  straining  for  an  Fe-26Cr-1  Mo  alloy.  The 
higher  strain  rate  exhibits  larger  potential  swings  an  assymetry 
In  tension  vs  compression  and  more  active  potential  shifts.38 


FIGURE  12-Current  transient  characteristics  at  constant  elec¬ 
trochemical  potential  for  Fe-26Cr-1Mo  In  3.5%  NaCI  solution.39 


In  the  first  case,  there  is  strong  evidence  that  there  is  a  definitive 
interactive  reaction  between  the  deformation  induced  by  cyclic 
stresses  or  strains  and  the  corrosive  environment.  This  interaction  is 
supported  by  the  observation  that  the  PSB  distribution  is  altered  by 
active  dissolution  of  the  surface,  and  by  the  observation  that  the 
geometry  of  the  PSBs  is  also  altered  by  the  dissolution  process. 
These  observations  have  now  been  made  on  polycrystalline  and 
monocrystalline  pure  copper  as  well  as  nickel,  on  high-purity 
polycrystalline  Cu-AI  alloys,43  and  on  a  commercial  Cu-Ni-Cr-Fe  alloy, 
both  in  the  solutionized  and  in  the  aged  heat-treatment  condition.25 
There  is  also  a  strong  implication  that  a  similar  rearrangement  of 
intrusions  and  extrusions  occurs  in  low-carbon  steels.34-44 


FIGURE  13-Schematlc  representation  of  the  current  transients 
at  an  applied  electrochemical  potential.  The  total  current  is 
made  up  of  the  sum  of  individual  film-rupture  events,  the 
number  of  which  is  a  function  of  the  applied  strain.39 


It  is  the  current  belief  of  this  investigator  that  the  rearrangement 
of  the  surface  deformation  morphology  occurs  because  of  enhanced 
corrosion  reactions  of  metal  atoms  that  surround  mobile  dislocations 
and  that  are  associated  with  the  cyclic  surface  slip  processes  as  they 
interact  with  the  free  surface.  While  it  has  been  demonstrated  that 
PSBs  may  form  within  a  crystal  when  fatigue  deformation  occurs  in 
air  (in  contrast  to  being  observed  only  at  the  surface), ,3,45,46  it  is  quite 
probable  that  the  PSBs  observed  under  active  dissolution  conditions 
are  virtually  all  surface  initiated.  When  fatigue  occurs  in  nonaggres- 
sive  environments,  some  slip  bands  become  sessile  (or  nonper- 
slstent)  after  the  first  one  or  at  most  few  cycles,  while  others  remain 
glissile  and  eventually  become  PSBs.  When  surface  dissolution 
occurs,  however,  back  stresses  that  may  be  generated  because  of 
surface-dislocation  interactions  are  relieved,3’  and  more  slip  bands 
become  mobile,  resulting  in  a  higher  density  as  well  as  a  more 
uniform  distribution  of  PSBs.  This  hypothesis  is  supported  by  the 
observation  that  the  dislocation-free  zone  associated  with  the  freo 
surfaces  of  fatigued  copper  is  eliminated  under  conditions  of  even 
mild  dissolution.'5-20  Under  strain  control,  the  requirement  for  strain 
compatibility  requires  that  if  there  are  more  PSBs,  then  the  average 
slip  offset  height  must,  In  general,  be  less,  as  is  observed.  Under  load 
control,  on  the  other  hand,  a  form  of  low-temperature  creep  may 
actually  occur,  where  more  PSBs  are  generated  and  the  removal  of 
back  stresses  in  the  PSBs,  by  surface  dissolution  results  in  enhanced 
surface  slip  offsets,  as  well  as  a  more  uniform  distribution  of  the 
PSBs.  In  this  case,  a  saturation  strain  may  not  be  observed  for 
constant-load  applications.  While  there  is  some  limited  evidence  for 
such  a  phenomenon,  further  research  must  be  conducted  to  verify 
this  hypothesis. 
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TABLE  1 

Influence  of  Strain  Rate  on  the  Crack  Initiation  Processes39 


c  (S-) 

<V2 

Surface  Damage 

N,(=5%) 

Crack  Initiation  Mode 

In  air 

In  3.5%  NaCI 

In  Air 

In  3.5%  NaCI 

5x10"5 

4x10-3 

Persistent  slip  bands 

1200 

1150  (pH6) 

Transgranular 
in  persistent 
slip  bands 

At  persistent 
slip  band-grain 
boundary 
intersections 

IO*3 

4X10  3 

Strain  localization  at 
grain  boundaries 

1400 

700  (pH6) 

350  (pH2) 

Intergranular 

Intergranu'ar 

mixed 

io-2 

4X10-3 

Strain  localization  at 
grain  boundaries 

1600 

1200  (pH6) 

Intergranular 

Intergranular 

10“2 

4x10~* 

Glide  of  edge 
dislocations 

17,000 

13,000  (pH6) 

Transgranular 

Transgranular 

10-2 

IO-4 

Glide  of  edge 
dislocations 

95,000 

60,000  (pH6) 

Transgranular 

Transgranular 

With  reference  to  the  electrochemistry  of  the  PSB/matrix  couple 
when  active  corrosion  is  occurring,  it  appears  that  there  is  a 
partitioning  of  electrochemical  potentials  under  open  circuit  (or  free 
corrosion)  conditions  since  there  is  a  shift  in  the  corrosion  potential 
in  the  active  direction.2’  v  This  may  result  from  an  alteration  in  the 
reversible  potential  of  anodic  areas  (the  PSBs)  or  to  a  reduction  in  the 
activation  energy  for  dissolution  of  the  metal  associated  with  the 
emerging  PSBs.  The  latter  suggestion  is  more  likely  since  it  has  been 
shown  that  there  is  only  a  minuscule  shift  in  the  reversible  potential 
even  when  a  metal  is  heavily  cold  worked.4’  whereas,  the  shift  in  the 
corrosion  potential  for  copper  during  cyclic  loading  is  on  the  order  of 
10  mV  in  NaCI2’  and  on  the  order  of  100  mV  in  a  strong  oxidizing 
environment,  NaCI04,  where  a  bulk  film  is  formed  on  the  surface.” 
In  this  case,  the  shift  in  potential  also  may  be  a  measuie  of  an 
alteration  in  reversible  potential  because  of  local  destruction  of  the 
oxide  film  and  the  consequent  exposure  of  bare,  or  unfilmed,  metal. 
It  is  important  to  note  that  under  active  dissolution  conditions, 
interruption  of  cyclic  stressing  causes  the  rest  potential  to  return  to 
the  stable,  more  noble  potential,  which  is  measured  prior  to  applying 
the  cyclic  load.  Thus,  the  electrochemical  shift  in  the  rest  potential 
upon  cyclic  loading  must  bo  associated  with  the  emergence  of  fresh 
metal  that  is  provided  to  the  environment  by  the  continued  to-and-fro 
motion  of  the  PSBs.  It  is  fudher  suggested  that  atoms  associated  with 
mobile  dislocations  in  the  PSBs  are  dissolved  more  readily  than 
atoms  that  are  only  in  the  matrix.  This  is  indicated  by  the  prefeiential 
dissolution  of  the  PSBs  and,  in  particular  of  PSB<matrix  interfaces 
under  constant  applied  current  conditions.76  Under  constant  applied 
potentials,  there  is  a  partitioning  of  current  between  the  matrix  and 
the  PSBs,  which  results  in  higher  anodic  current  densities  at  the 
PSBs  and,  accordingly,  preferential  corrosion  of  the  PSBs.  This 
preferential  corrosion  accelerates  further  development  of  the  PSBs 
or,  il  constant  strain  is  imposed,  results  in  the  initiation  of  new  PSBs. 
For  very  ductile  single  crystals,  this  sometimes  results  in  a  delay  in 
the  crack  initiation  process,  Howevei,  for  polycrystals,  the  enhanced 
deformation  associated  with  grain  boundaries  results  m  preferential 
dissolution  ol  metei  associated  with  the  PSBs  that  are  generated  by 
strain  interactions  with  the  boundaries.  This,  in  turn,  intensifies  slip  at 
the  boundaries,  with  the  result  being  total  grain-boundary  separation 
under  CF  conditions,  whereas,  transgranular  crack  initiation  and 
propagation  are  generally  observed  in  less  aggressive  media. 
Interestingly,  a  similar  shift  in  the  crack  initiation  site  is  also  observed 
when  largo  cyclic  strains  are  applied  to  metal  poly- 
crystais.48  ,J°  Thus,  the  effect  ol  surface  dissolution  may  be  equiva¬ 
lent  to  the  local  application  of  large  strains.  Accordingly,  intergranular 
crack  initiation  is  pnmarily  observed  in  pure  metals,  where  very 


significant  slip  processes  are  required  to  initiate  fatigue  cracks  For 
engineering  alloys,  enhanced  slip  associated  with  second  phase 
particles,  or  with  nonmetallic  inclusions,  probably  has  an  equivalent 
result  except  that  transgranular  CF  cracking  occurs.  In  every  case, 
however,  enhanced  plasticity  interacts  with  corrosion  processes  to 
further  enhance  local  plasticity  and  accordingly  affect  fatigue  crack 
initiation. 


The  observations  that  dissolution  promotes  surface  plasticity, 
which,  in  turn,  favors  dissolution  of  the  plastically  deformed  regions 
of  a  metal  or  alloy  surface,  also  has  important  implications  for  both 
Stage  I  and  II  crack  growths.  The  concept  of  environmentally  affected 
plasticity  has  been  suggested  by  the  creep  experiments  of  Revie  and 
Uhlig,6’  ”  and  Lynch  has  suggested  that  aqueous  environments 
may  affect  dislocation  initiation  processes  at  growing  crack  tips, 
resulting  in  crack  surfaces  that  appear  more  "brittle. "50  6G  In  the  first 
case,  enhanced  room  temperature  creep  of  copper  was  associated 
with  divacancy  injection  into  the  metal  surface  by  anodic  dissolution 
of  copper  atoms,  with  the  result  that  dislocation  climb  was  believed 
to  be  enhanced.  In  the  second  case,  chemisorption  on  the  metal  or 
alloy  crack  surface  is  believed  to  enhance  dislocation  generation 
(source  activation)  and  accordingly  increase  the  amount  of  shear 
associated  with  crack  propagation.  It  is  well  known  that  fatigue 
mtunsically  generates  large  concentrations  of  vacancies,67  and  it  is 
likely  that  this  excess  of  vacancies  is  primarily  concentrated  in  the 
PSBs  or  at  least  at  the  PSB/matrix  interfaces  resulting  from  the 
dislocation  dipoles  in  that  interface.'-'  Thus,  it  is  unlikely  that  a  small 
number  of  divacancies  generated  by  surface  d.ssolution  could 
significantly  alter  the  extent  of  surface  slip.  In  the  second  case, 
chemisorption  is  credited  with  reducing  the  plastic  zone  size  at  a 
growing  crack  tip,  rather  than  with  an  increase  in  plasticity  The 
results  cited  here,  however,  indicate  a  marked  increase  in  local 
plasticity  resulting  from  dissolution  processes,  and  it  is  believed  that 
this  occurs  because  dislocation  locking  processes,  i  e ,  tangles, 
sessile  slip  bands,  etc.,  are  effectively  removed  by  dissolution,  thus 
leading  to  Surface  destabilization.  Accordingly,  if  surface  plasticity  is 
directly  affected  by  active  dissolution  during  cyclic  stressing  or 
straining,  it  is  reasonable  to  assume  that  plasticity  at  a  nucleated  or 
growing  crack  (either  Stage  I  or  II)  will  be  similarly  affected  Thus,  the 
enhanced  growth  rate  often  associated  with  CF  (and  sometimes 
modeled  by  superposition  equations,  which  simply  add  fatigue  crack 
growth  rates  to  corrosion  rates)  may,  in  fact,  be  more  rapid  because 
of  both  enhanced  plasticity  and  enhanced  corrosion  acting  in  concert 
This  is  obviously  a  very  interesting  area  for  further  research. 
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Effects  of  passive  films 

With  respect  to  CF  crack  initiation  under  conditions  ot  electro¬ 
chemical  passivity,  the  bulk  of  the  work  to  date  has  been  associated 
with  local  breakdown  and  reformation  of  the  passive  films  and  has 
been  primarily  electrochemically  related.  As  has  been  suggested  for 
stress  corrosion  cracking,  the  rate  of  repair  of  the  passive  film  relative 
to  the  rate  of  generation  of  fresh  surface  by  deformation  processes 
is  apparently  the  key  factor  controlling  precrack  deformation  and 
localized  attack,  leading  to  crack  initiation.  Interestingly,  if  this  is 
correct,  higher  frequencies,  or  at  least  intermediate  frequencies,  may 
be  more  damaging  than  lower  frequencies  since  repassivation  is  time 
dependent,  and,  in  the  absence  of  repassivation,  active  local  attack 
of  a  fresh  surface  may  dominate.  There  is  some  evidence  for  this 
behavior  in  the  work  of  Magnin  and  coworkers,  although  they  have 
attributed  the  decrease  in  crack  initiation  time  to  a  change  in  the  slip 
character  for  the  alloy  they  have  studied  most  extensively  (a  ferritic 
stainless  steel).  The  roles  of  passivity  and  the  cyclic,  mechanical 
breakdown  of  passivity  appear  to  be  among  the  most  fruitful  areas  for 
future  study.  In  particular,  it  may  be  important  to  vary  the  amount  of 
fresh  metal  provided  to  the  environment  by  varying  the  strain  levels 
in  order  to  monitor  the  current  transients  as  a  function  of  such 
variables  as  the  oxidizing  power  of  the  environment,  the  strain  rate, 
strain  orientation,  frequency  effects,  and  wave  shape  effects. 

Effects  of  bulk  oxide  films 

Surfaces  covered  with  bulk  oxide  films  appear  to  be  an 
extension  of  the  passive  film  situation  with  the  added  complication  of 
the  physically  significant  (and  measurable)  back  stresses  provided 
by  the  oxide.  Ortner,  for  example,  has  shown  that  these  back 
stresses  can  be  a  significant  factor  in  reaching  the  saturation 
stress.3'  Thus,  the  rate  of  reformation  of  the  oxide  once  it  is  ruptured 
by  emerging  slip  bands  is  an  important  variable  in  determining  CF 
deformation  and  crack  initiation.  Likewise,  the  nucleation  of  a  bulk 
oxide  on  emerging  slip  steps  may  be  very  important  to  slip  reversi¬ 
bility  and  thus  may  increase  the  rate  of  formation  of  PSBs,  The 
physical  and  mechanical  properties  of  bulk  films  formed  during 
fatigue  processes  may  also  have  profound  effects  on  CF  behavior. 
As  with  the  effects  of  passivity,  the  roles  of  bulk  oxide  films  on  CF 
deformation  and  crack  nucleation  have  only  been  cursorily  exam¬ 
ined. 


Summary 

To  summarize  the  areas  of  research  that  could  be  fruitfully 
addressed  in  the  future,  it  appears  that  reasonable  concepts  have 
been  developed  concerning  CF  behavior  under  actively  corroding 
conditions,  at  least  for  pure  metals  and  possibly  for  single-phase 
alloys.  A  great  deal  of  work  remains  to  be  performed  to  refine  the 
details  of  the  models  that  have  been  proposed  and  to  extend  the 
models  to  alloy  systems.  The  roles  of  passivity  and  of  bulk  oxide  films 
are  loss  well  understood  and  should  be  addressed  in  the  near  future. 

It  should  be  noted  that  many  other  effects  of  environment  on 
fatigue  deformation  and  crack  initiation  have  not  been  addressed  in 
this  brief  discussion  For  oxample,  the  effects  of  hydrogen  have  been 
shown  to  be  very  important  to  fatigue  resistance,  and  since  hydrogen 
is  readily  dissolved  by  many  metals  and  alloys,  it  can  be  expected  to 
have  significant  effects  on  fatigue  deformation  and  crack  initiation. 
Likewise,  elevated-temperature  environmental  interactions  have  also 
not  been  considered  here,  although  they  are  certainly  important  in 
fatigue  processes,  and  while  some  of  the  aspects  of  each  of  these 
cases  have  been  addressed,  particularly  related  to  fatigue  crack 
growth  processes,  there  is  even  less  known  concerning  their  effects 
on  fatigue  deformation  and  crack  initiation  than  there  is  in  the  area  of 
aqueous  CF. 
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Corrosion  Fatigue  Crack  Propagation 

in  Metals 

R.P.  Gangloff* 

Abstract:  Conclusions  of  the  Review 

The  objective  of  this  paper  is  to  critically  compile  and  evaluate  experimental  results  and  mechanistic 
models  for  corrosion  fatigue  (CF)  crack  propagation  in  structural  alloys  exposed  to  ambient  temperature 
gases  and  electrolytes.  Data  and  models  are  based  on  continuum  fracture  mechanics  descriptions  of 
crack-tip  stress  and  strain  fields,  coupled  with  continuum  modeling  of  occluded  crack  mass  transport 
and  chemical  reactions.  The  aim  is  to  inform  the  person  seeking  to  broadly  understand  environmental 
effects  on  fatigue,  to  provide  an  experimental  basis  for  life-prediction  analyses  and  evaluations  of 
mechanistic  models  relevant  to  specialists,  and  to  define  current  uncertainties  and  worthwhile  directions 
for  CF  research. 

The  second  section  (“Introduction")  provides  an  introduction  to  CF  crack  propagation.  The  state  of  the 
art  that  emanated  from  the  Storrs  and  Firminy  conferences  is  summarized.  Qualitative  mechanisms  for 
cracking  are  presented. 

The  third  section  ("The  Fracture  Mechanics  Approach")  assesses  the  fracture  mechanics  approach  to 
CF,  while  the  fourth  section  ("Experimental  Procedures")  considers  experimental  methods.  The 
following  conclusions  are  established: 

(1)  Fracture  mechanics  descriptions  of  CF  crack  propagation,  viz.,  growth  rate  as  a  function  of 
stress-intensity  factor,  provide  an  established  and  physically  meaningful  basis  that  couples  alloy 
performance,  damage  mechanisms,  and  life-prediction  studies  through  the  concept  of  growth-rate 
similitude.  Extensive  databases  have  been  developed  for  structural  alloys  over  the  past  three 
decades. 

(2)  Experimental  methods  are  developed  for  determinations  of  average  crack  growth  rate  as  a 
function  of  continuum  fracture  mechanics  crack-tip  parameters,  particularly  AK.  Nonsteady-state 
crack  growth,  unique  to  CF,  and  crack  closure  are  not  understood.  Future  procedures  will 
incorporate  precision  crack-length  measurement  and  computer  control  of  stress  intensity  to 
develop  quantitative  and  novel  CF  crack  growth  rate  data,  particularly  near  threshold.  Advances 
have  been  recorded  in  measurements  of  small  crack  growth  kinetics;  however,  such  approaches 
are  not  easily  adapted  to  controlled  environments.  The  fundamental  experimental  problem  is  the 
lack  of  methods  to  probe  mechanical  and  chemical  damage  processes  local  to  the  CF  crack  tip. 

The  fifth  section  (“Effects  of  Critical  Variables")  illustrates  important  variables  that  affect  CF  crack 
growth.  The  following  is  concluded: 

(3)  A  plethora  of  interactive  variables  influences  the  CF  crack  growth  rate-stress  intensity 
relationship.  The  offects  of  chemical,  metallurgical,  and  mechanical  variables  are  well  character¬ 
ized  and  reasonably  explained  by  qualitative  arguments.  Growth  rates  are  affected  by  environ¬ 
ment  chemistry  variables  (viz.,  temperature;  gas  pressure  and  impurity  content;  electrolyte  pH, 
potential,  conductivity,  and  halogen  or  sulfide  ion  content);  by  mechanical  variables  such  as  AK, 
mean  stress,  frequency,  waveform,  and  overloads;  and  by  metallurgical  variables  including 
impurity  composition,  microstructure,  and  cyclic-deformation  mode.  Time,  or  loading  frequency,  is 
critical,  complicating  long-lifo  component  performance  predictions  based  on  shorter-term  labora¬ 
tory  data.  Limited  studies  show  that  yield  strength  Is  not  a  critical  variable  in  cycle-time-dependent 
CF.  Fractographic  analyses  ol  microscopic  crack  paths  provido  a  basis  for  failure  analyses  and 
input  to  mechanistic  studies. 

The  sixth  section  ("Quantitative  Models  of  Corrosion  Fatigue  Crack  Propagation")  develops  the 
mechanical  crack-tip  field  and  chemical  mass  transport  and  reaction  components  that  are  central  to 
quantitative  models  of  CF  crack  growth  rates.  Current  predictions  of  crack  growth  rate,  from  both  the 
hydrogen  embrittlement  and  dissolution/film-rupturo  perspectives,  are  discussed. 
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(4)  Micromechanical-chemical  models  of  crack-tip  driving  forces  and  process-zone  CF  damage 
provide  a  sensible  means  to  predict  and  extrapolate  the  effects  of  variables  and  to  modify  the 
fracture  mechanics  approach  to  account  for  compromises  in  similitude.  Models  have  been 
formulated  based  on  hydrogen  embrittlement  and  film  rupture/transient  dissolution/repassivation. 
Fatigue  damage  due  to  crack  surface  films  has  not  been  considered  quantitatively.  Models 
successfully  predict  the  time  (frequency)  dependence  of  CF  and  the  effects  of  electrode  potential, 
solution  composition,  and  gas  activity.  All  are,  however,  hindered  by  uncertainties  associated  with 
crack-tip  processes  and  the  fundamental  mechanisms  of  environmental  embrittlement.  A 
process-zone  model  has  not  been  developed  for  CF;  as  such,  stress-intensity,  yield-strength,  and 
microstructure  effects  are  not  predictable.  Furthermore,  absolute  rates  of  hydrogen-assisted  crack 
growth  are  not  predictable,  and  the  film-rupture  formulation  is  being  debated.  Successes  to  date 
indicate  that  a  new  level  of  mechanistic  understanding  is  achievable. 

The  seventh  section  ("Complications  and  Compromises  of  Fracture  Mechanics”)  reviews  processes 

that  compromise  the  fracture  mechanics  approach  to  CF. 

(5)  Fracture  mechanics  descriptions  of  CF  and  the  similitude  concept  are  complicated  by  the  inability 
of  stress  intensity  to  describe  the  controlling  crack-tip  mechanical  and  chemical  driving  forces.  The 
so-called  closure,  small  crack,  and  high-strain  problems  in  mechanical  fatigue  are  relevant  to  CF. 
Data  and  analyses  demonstrate  that  the  unique  relationship  between  da/dN  and  AK  is 
compromised  by  mechanisms,  including  (a)  premature  crack-wake  surface  contact,  (b)  deflected, 
branched,  and  multiple  cracking,  and  (c)  time-  and  geometry-dependent  occluded  crack 
chemistry.  Stress-intensity  descriptions  of  elastic-plastic  stresses,  strains,  and  strain  rates  in  the 
crack-tip  plastic  zone  are  uncertain  within  about  5  pm  of  the  crack  tip,  within  single  grains  that  are 
not  well  described  by  the  constitutive  behavior  of  the  polycrystal,  and  when  deformation  is  time 
or  environment  sensitive.  These  limitations  do  not  preclude  the  only  quantitative  approach 
developed  to  date  to  characterize  subcritical  crack  propagation.  Rather,  they  indicate  the  need  for 
crack-tip  modeling. 

The  eighth  section  (“Necessary  Research”)  suggests  necessary  directions  for  future  research  in  CF. 

(6)  Opportunities  exist  for  research  on  CF:  (a)  to  broaden  phenomenological  understanding, 
particularly  near  threshold,  (b)  to  develop  integrated  and  quantitative  microchemical-mechanics 
models,  (c)  to  develop  experimental  methods  to  probe  crack-tip  damage  and  to  measure 
near-threshold  cycle-time-dependent  crack  growth,  (d)  to  characterize  the  behavior  of  advanced 
monolithic  and  composite  alloys,  and  (e)  to  develop  damage-tolerant  life-prediction  methods  and 
in  situ  sensors  for  environment  chemistry  and  crack  growth. 

A  table  of  contents  is  provided  in  Appendix  A. 

Introduction 

Corrosion  fatigue  (CF)  is  defined  as  the  deleterious  effect  of  an 
external  chemical  environment  on  one  or  more  of  the  progressive 
stages  ot  damage  accumulation  that  constitute  fatigue  failure  of 
metals,  compared  to  behavior  in  inert  surroundings.  Damage  results 
from  the  synergistic  interaction  ot  cyclic  plastic  deformation  and  local 
chemical  or  electrochemical  reactions. 

The  cumulative  damage  processes  for  environmentally  assisted 
fatigue  are  subdivided  into  four  sequential  categories:  (1)  cyclic 
plastic  deformation,  (2)  microcrack  initiation,  (3)  small  crack  growth  to 
linkup  and  coalescence  into  a  single  short  crack,  and  (4)  macrocrack 
propagation.  The  mechanisms  for  these  processes  are  in  part 
common. 

A  goal  of  fatlguo  resoarch  is  the  development  of  an  Integrated 
mechanistic  description  of  whole  life.  A  sensible  means  to  this  end  is 
to  isolate  and  to  characterize  quantitatively  each  of  the  foui  regimes 
of  fatigue  damage.  This  approach  is  advocated  because  (1)  tho 
experimental  and  analytical  mothods  necessary  to  study  each  regime 
are  different.  (2)  variables  may  affect  each  regime  uniquely,  and  (3) 
many  applications  are  dominated  by  one  of  the  fatigue  regimes,  for 
example,  the  behavior  of  crack  like  defected  components  in  largo 
structures.  Environmental  effects  on  cyclic  deformation  and  micro 
crack  initiation  are  considered  separately  in  this  volume  by  Duquette.’ 

This  paper  reviews  CF  crack  propagation;  regimes  3  and  4  in  tho 
above  hierarchy. 

The  development  of  an  integrated  and  basic  understanding  of 
CF  is  hindered  by  several  factors  that  are  recuirent  thruughuut 
studios  of  initiation  and  propagation,  CF  is  influenced  by  a  wide 
variety  of  mechanical,  chomical,  and  microstructutal  variables  that 
interact.  It  is  necessary  to  investigate  very  sluw  late  deformation  and 
cracking  phenomena  in  a  finite  and  realistic  time.  Model  system 
studies  on  deformation  and  crack  initiation  have  been  conducted  on 


relatively  pure  materials,  often  monocrystalline,  while  crack  propa¬ 
gation  studies  are  typically  performed  on  complex  structural  materi 
als,  including  steels  and  precipitation  hardened  aluminum  or  nickel 
based  alloys.  CF  damage  is  highly  localized  at  slip  substructure  and 
near  the  crack  tip,  direct  experimental  observations  are  not  available, 
and  behavioral  interpretations  must  be  based  on  indirect,  averaged 
measurements.  As  the  case  for  stress  corrosion,  CF  is  likely 
controlled  by  hydrogen-based,  cleavage,  and  dissolution/passivation 
mechanisms,  the  atomistics  of  which  are  not  known. 

Scope  of  the  review 

The  objective  ot  this  review  is  to  critically  summarize  the 
phenomenology  and  mechanistic  models  of  CF  crack  propagation 
and  to  identify  current  understanding  and  uncertainties  that  are 
principal  to  control  of  this  failure  mode  in  structural  alloys.  Results  are 
emphasized  that  satisfy  technological  needs,  including  quantita¬ 
tive  mechanism-based  predictions  ol  long-term  component  life, 
derived  frum  short-term  laboratory  data  and  describing  the  ellects  ot 
interactive  variables,  high-performance  CF-resistant  monolithic 
and  composited  alloys  and  chemically  inhibited  environments,  and 
^3;  a  basis  tor  nondestructive  inspection  procedures  and  sensors  ot 
environment  chemistry  and  CF  cracking  damage. 

In  scope,  this  review  emphasizes  cycle-time-dependent  CF 
crack  propagation.  Understanding  ot  time-dependent  tatigue  above 
tho  threshold  stress  intensity  (K,scc)  for  monotonic  load  stress 
corrosion  cracking  tfiCC)  follows  from  work  summarized  by  Parkins.7 
Structural  materials  are  discussed,  including  low  carbon  high  strength 
low  alloy  <HSLA)  and  heat  treated  alloy  steels,  austenitic  stainless 
steels,  and  precipitation  hardened  aluminum  alloys  <n  vauuus  em 
buttling  gaseous  and  electrolytic  environments  foi  temperatures  neat 
300  K.  Spaehn  discusses  CF  in  ferritic  and  martensitic  stainless 
steels,  while  Pmeau  reviews  elevated  temperature  fatigue  and. 
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creep-fatigue  interactions  elsewhere  in  this  volume.3,4  There  are 
similarities  between  low-temperature  electrolytes  and  elevated-tem¬ 
perature  gas  environments.5 

Despite  important  and  controversial  uncertainties,  the  fracture 
mechanics  approach  provides  the  foundation  for  this  review  of  CF 
crack  propagation  data  and  predictive  models.  The  issue  considered 
here  is  the  extent  to  which  crack-tip  modeling  can  extend  the  applied 
stress  intensity  and  bulk-environment-based  approach  to  CF. 

State  of  the  art:  Storrs  and  Firminy  Conferences 

CF  crack  propagation  has  been  the  focal  point  for  many 
international  conferences6'24  and  major  review  papers.5-25'39  Fatigue 
is  described  in  a  massive  literature,  with  important  symposia  includ¬ 
ing  discussions  on  environmental  effects.40'48  A  foundation  for  the 
current  review  is  provided  by  the  proceedings  of  the  seminal 
conferences  held  at  Storrs,  Connecticut,  in  1971  and  in  Firminy, 
France,  in  1973.6-7  Several  points  emerged  from  these  meetings. 

Fracture  mechanics  characterization.  The  fracture  mechan¬ 
ics  description  of  CF  crack  propagation,  presented  as  average  crack 
propagation  rate  (da/dN)  as  a  function  of  applied  stress-intensity 
range  (AK  =  Kmax  -  Kmin),  was  embraced  by  many  researchers.  The 
schematics  in  Figure  1  indicate  a  variety  of  crack  growth  responses 
for  embrittling  environments,  in  sharp  contrast  to  the  power-law 
(Paris  regime)  relation  between  da/dN  and  AK  coupled  with  a  single 
crack  growth  threshold  (AKlh)  observed  for  alloys  in  vacuum  and 
moist  air.25■(,,  The  magnitude  and  pattern  of  CF  cracking  depend  on 
SCC  above  KISCC,  and  a  synergistic  fatigue-corrosion  interaction  at 
lower  stress  intensities.  The  proportions  of  these  events  depend 
upon  material  and  environment. 


Typt  A 


T|pt  8  Type  C 


FIGURE  1 -Schematic  representations  of  corrosion  fatigue 
crack  propagation  rate  behavior;  after  McEvily  and  Wei.25 


Classes  of  corrosion  fatigue  crack  growth.  Purely  time 
dependent  CF  crack  propagation  is  observed  for  materials  and 
environments  in  which  monotomc  loading  SCC  occurs  over  a  portion 
of  the  cyclic  stress  intensity  loading  wave  (Type  B  in  Figure  1).  The 
cyclic  character  of  loading  and  local  plastic  straining  are  not 
important.  The  fracture  mechanics  approach  was  launched  by 
studios  of  subcritica!  fatigue  crack  propagation  in  high  strength 
materials  exposed  to  environments  that  readily  induce  stress  corro 
sion  crack  growth.  Type  B  behavior  is  pievalent  foi  these  systems,  as 
is  illustrated  by  data  for  high  strength  type  4340  vUNS  G43400/  steel 
in  water  vapor  and  argon  (Figure  2).49 


"“The  older  representation  in  Figure  1,  based  on  K^,  is  equivalent 
to  current  growth  rate  data  based  on  AK  for  fixed  mean  stress 
intensity . T  .  of  these  three  parameters  are  independent  variables 
in  CF. 


FIGURE  2— Time-dependent  corrosion  fatigue  above  K|SCC  for 
high-strength  type  4340  (UNS  G43400)  steel  In  water  vapor, 
modeled  by  linear  superposition;  after  Wei,  et  al.49,50  (1  ln./cycle 
=  25.4  mm/cycle;  1  kslVinT  =  1.098  MPaVm) 


The  solid  line  in  Figure  2  demonstrates  that  time-dependent  CF 
crack  growth  rates  are  accurately  predicted  by  linear  superposition  of 
stress  corrosion  crack  growth  rates  (da/dt)  integrated  over  the 
load-time  function  for  fatigue.50  Equivalent  CF  behavior  is  predicted 
and  observed  for  sinusoidal,  square,  and  asymmetric  triangular 
load-time  functions.  Linear  superposition  modeling  also  predicts  the 
effect  ol  stress  ratio. 

A  second  class  of  CF  behavior  is  based  on  synergistic  interac¬ 
tion  between  cyclic  plastic  deformation  and  environment,  which 
produces  cycle-  and  time-dependent  crack  growth  rates  (Type  A  in 
Figure  1j.  Here,  the  environment  accelerates  fatigue  crack  growth 
below  KISCC,  a  common  scenario  for  low-  to  moderate-strength  alloys 
that  are  either  immune  to  SCC  or  exhibit  high  K,scc  and  low  da/dt. 
This  class  of  behavior  was  discussed  by  Barsorn,  based  on  data  in 
Figure  3  for  a  maragmg  steel  exposed  to  3%  NaCI.5’ 52  Note  the 
substantial  CF  effect  below  the  static  load  threshold,  but  only  for 
those  loading  waveforms  that  include  a  sluw  deformation  rate  to 
maximum  stress  intensity. 

At  the  time  of  the  Storrs  and  Firminy  conferences,  there  were 
only  limited  data  that  showed  an  environment-induced  reduction  in 
AKm,  threshold  measurements  and  concepts  were  in  an  infant  state. 
Cycle-time-dependent  CF  below  K,scc  was  further  categonzed 
based  on  observed  frequency  dependencies. 
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FIGURE  3— Cycle-time-dependent  corrosion  fatigue  crack  prop¬ 
agation  below  KISCc  for  12NI  maraglng  steel  In  aqueous  3% 
NaCI;  after  Barsom.  ,52  (1  ln./cycle  =  25.4  mm/cycle,  1  ksiVIn. 
=  1.098  MPaVm) 


those  instances  when  da/dN  calculated  from  da/dt  and  the  vacuum 
rate  sum  to  a  value  less  than  that  measured  for  the  environment. 
Speidel  and  others  suggest  that  this  behavior  is  best  described  as 
“cyclic  SCC,"  where  cyclic  deformation  lowers  the  susceptibility  of 
the  material  to  environmental  cracking  or  “SCC.”  For  the  current 
review,  all  forms  of  CF  below  KISCC  are  viewed  as  cycle-time- 
dependent  behavior. 


Frequency  effects.  Wei,  Barsom,  and  Speidel  independently 
emphasized  the  principal  importance  of  loading  frequency  (f)  for  each 
class  of  CF,  as  typified  by  Figure  4  for  aluminum  alloy  7079  in 
aqueous  sodium  chloride  and  Inconel1  600  (UNS  N06600)  in  hot 
sodium  hydroxide  solutions.25  26'''5'55  For  time-dependent  CF,  da/dN 
due  to  environment  is  inversely  proportional  to  f  if  the  stress  corrosion 
growth  rate  is  constant  with  K,  based  on  the  assumptions  that  da/dN 
=  (da/dt)  x  (1/f)  and  crack  growth  occurs  throughout  the  loading  and 
unloading  portions  of  the  fatigue  cycle.  This  behavior  is  illustrated  by 
the  inclined  dashed  lines  on  the  logarithmic  plots  in  Figure  4. 
Superposition  modeling  (Figure  2  and  Reference  50)  predicts  the 
effect  of  cyclic  load  period  on  time-depandent  CF. 

The  frequency  dependence  of  cycle-time-dependent  CF  is 
more  complex.  At  low  stress  intensities,  Speidel  reported  CF 
accelerations  of  da/dN  for  steels  and  nicxel-based  alloys  that  were 
independent  of  frequency.5,20  This  behavior  was  defined  as  "true"  or 
cycle-dependent  CF  and  is  illustrated  by  horizontal  lines  in  Figure  4 
for  air  or  the  environments.  A  second  behavior,  that  in  which 
sub-K,scc  CF  growth  rates  increase  with  decreasing  frequency, 
reflects  the  more  general  case  of  synergistic  mechanically  and 
chemically  driven  fatigue.  This  result  is  shown  as  the  connecting 
region  between  time-  and  cycle-dependent  da/dN  in  Figure  4  for 

’Trade  name. 


FIGURE  4— Frequency  dependence  of  corrosion  fatigue  crack 
propagation  illustrating  time-dependent,  cycle-dependent,  and 
cycle-time-dependent  behavior  for  (a)  aluminum  alloys  in  NaCI 
and  (b)  Inconel  600  (UNS  N06600)  in  hot  NaOH;  after  Speidel.26'53 


From  this  discussion,  the  most  general  form  of  CF  (Type  C  in 
Figure  1)  involves  cycle-time-dependent  accelerations  in  da/dN 
below  Klscc,  combined  with  time-dependent  cracking  (SCC)  above 
the  threshold,  AKIh  may  or  may  not  be  environment  sensitive. 

Principal  variables.  Extensive  crack  growth  rate  data  pre¬ 
sented  at  Storrs  and  Firminy  demonstrate  that  mechanical,  chemical, 
and  metallurgical  variables  affect  CF.  The  effects  of  AK,  loading 
waveform,  and  loading  frequency  are  illustrated  in  Figures  1  through 
4.  These  conferences  further  established  the  important  effects  of 
environment  chemistry,  viz.,  temperature,  gas  pressure,  electrolyte 
pH,  electrode  potential,  dissolved  oxygen,  and  environment  compo¬ 
sition.  The  effect  of  applied  electrode  potential  on  CF  of  a  high- 
strength  aluminum  alloy  in  an  aqueous  halogen  solution  is  shown  in 
Figure  5.5  The  deleterious  effect  of  low-pressure  gaseous  hydrogen 
and  the  associated  beneficial  poisoning  effect  of  small  02  additions 
on  sub-K,scc  CF  in  4340  steel  (<rys  =  1 240  MPa)  are  shown  in  Figure 
6.M  Note  the  mild  frequency  effect  for  pure  hydrogen,  consistent  with 
cracking  below  K|SCC  and  cycle-time-dependent  embrittlement. 
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Potential  (Volts  vs.  Eh2/H*) 

FIGURE  5— Effect  of  applied  electrode  potential  on  corrosion 
fatigue  crack  propagation  in  an  aluminum  alloy  in  aqueous 
potassium  iodide;  after  Speidel,  et  al.s 


FIGURE  6— Effect  of  gaseous  hydrogen  and  H2  +  02  mixtures 
on  corrosion  fatigue  crack  propagation  in  type  4340  (UNS 
G43400)  steel  (ay,  -  1 240  MPa);  after  Johnson.5'*  (1  ^In./cycle  - 
0.0254  ^ m/cycle,  1  ksivIrT  =  1.098  MPa\ni) 


Mechanisms  for  corrosion  fatigue  crack  propagation 

Qualitative  descriptions  of  the  mechanisms  for  CF  crack  prop¬ 
agation  provide  a  second  foundation  for  this  review.  These  mecha¬ 
nisms  are  the  basis  for  understanding  the  CF  crack  propagation  data 
presented  in  the  third  section,  the  necessary  measurement  methods 
discussed  in  the  fourth  section,  the  effects  of  critical  variables  in  the 
fifth  section,  and  quantitative  models  of  CF  cracking  kinetics  in  the 
sixth  section. 

While  debate  continues  on  the  microscopic  and  atomistic  details 
of  CF  and  while  mechanisms  are  often  specific  to  each  material-en¬ 
vironment  system,  several  common  concepts  have  been  developed 
over  the  past  25  years.  CF  involves  the  synergistic  interaction  of 
cyclically  reversed  plastic  deformation  and  local  chemical  or  electro¬ 
chemical  reactions.  Models  differ  based  on  the  chemical  damage 
mechanism. 

Hydrogen  environment  embrittlement.  Since  hydrogen  em¬ 
brittles  many  alloys  under  static  and  dynamic  monotonic  loading,65,56 
this  mechanism  is  invoked  to  explain  CF  crack  propagation  in  a 
variety  of  alloy-gaseous  or  aqueous  environment  systems.  Apart 
from  occurring  for  many  structural  alloys  in  hydrogen  gas,  hydrogen 
embrittlement  (HE)  is  proposed  as  the  dominant  mechanism 
for  CF  crack  propagation  of  C-Mn  and  alloy  steels  in  various  electro¬ 
lytes, 30'33:54’37’49'S1-57'S9  aluminum  alloys  in  water  vapor 37,49,60,63 
and  titanium  alloys  in  aqueous  chloride.37  64  While  controversial,  CF 
of  aluminum  alloys  in  aqueous  chloride  solutions  has  been  ascribed 
to  HE  S'62'63'65’66 

In  this  view,  atomic  hydrogen  chemically  adsorbs  on  clean 
crack-tip  surfaces  as  the  result  of  dissociative  gaseous  H2-metal 
reactions,  of  gas  molecule  (e.g.,  H20  or  H2S)  surface  chemical 
reactions,  or  of  electrochemical  cathodic  reduction  reactions  involv¬ 
ing  hydrogen  ions  or  water.  These  reactions  are  catalyzed  by  clean 
metal  surfaces  and  proceed  to  near  completion  in  short  times  near 
room  temperature.  At  higher  temperatures,  recombination  of  H  to 
evolving  H2  greatly  reduces  HE. 

Hydrogen  production  on  crack  surfaces  follows  environment 
mass  transport  within  the  crack  and  precedes  hydrogen  diffusion  in 
the  crack-tip  plastic  zone  to  the  points  of  fatiguo  damage.  Hydrogen 
atoms  are  often  segregated  or  “trapped"  at  grain  boundaries, 
precipitate  interfaces,  and  dislocation  cores.  Trapping  is  detrimental 
if  cracking  occurs  at  such  sites,  but  is  beneficial  if  broadly  distributed 
trapping  reduces  hydrogen  transport  kinetics  and  accumulation  at 
fracture  sites.  Crack  growth  rates  are  likely  to  depend  on  the  amount 
of  adsorbed  hydrogen  produced  per  loading  cycle  by  an  environ¬ 
ment.  Crack  growth  will  be  rate  limited  by  one  or  more  of  the  slow 
steps  in  the  crack  environment  mass  transport,  crack  surface 
reaction,  and  plastic-zone  hydrogen-diffusion  sequence. 

Major  uncertainties  exist.  The  location  of  hydrogen-enhanced 
crack-tip  fatigue  damage  is  not  known.  The  atomistic  processes  by 
which  hydrogen  embrittles  the  metal,  including  bond  decohesion  and 
hydrogen-enhanced  localized  plasticity,  are  debated,  as  discussed  in 
this  volume  by  Oriani  and  Birnbaum,  and  elsewhere  by  Lynch.67'69 
The  occurrence  of  HE  for  a  given  CF  system  is  inferred  based  on 
circumstantial  evidence,  as  discussed  in  the  section  “Justification  for 
Hydrogen  Embrittlement.” 

Quantitative  HE  models  are  discussed  in  the  section  "Corrosion 
Fatigue  by  Hydrogen  Embrittlement." 

Film  rupture  and  anodic  dissolution.  Chemical  damage 
based  on  film  rupture,  transient  electrochemical  anodic  dissolution; 
and  film  reformation  is  invoked  for  several  important  CF  problems, 
including  carbon  and  stainless  steels  exposed  to  high-temperature 
water  environments.34’39,70,71  This  mechanism  was  originally  devel¬ 
oped  for  SCC  and  was  extended  to  CF  based  on  the  common  role  of 
crack-tip  strain  rate.70  While  controversial,  film-rupture  models  have 
been  applied  to  the  aluminum-aqueous  chloride  system.62,72 

In  this  view,  localized  plastic  straining  ruptures  otherwise 
protective  films  at  the  crack  tip.  Crack  advance  occurs  during 
transient  anodic  dissolution  of  metal  at  the  breached  film  and  while 
the  surface  repassivates.  The  amount  of  CF  crack  growth  per  fatigue 
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cycle  depends  faradaicaliy  on  the  amount  of  anodic  current  that  flows 
and  therefore  on  the  kinetics  of  .dean  surface  reaction  (charge 
transfer)  and  on  the  time  between  film  ruptures  given  by  the  crack-tip 
strain  rate  and  film  ductility  The  balance  between  sharp  crack 
extension  and  crack  broadening  or  blunting  by  general  corrosion  is 
important  Quantitative  film-rupture  models  are  discussed  in  the 
section  "Corrosion  Fatigue  by  Film  Rupture  and  Transient  Dissolu¬ 
tion.” 

Surface  films.  Early  studies  of  CF,  predominantly  smooth- 
specimen  whole  life  and  crack  initiation  in  gases,  focused  on  the 
effects  of  environmentally  produced  thin  surface  films  on  slip-based 
damage  processes.  This  work  was  reviewed  by  Duquette,2973 
Marcus,  et  al.,74  and  Sudarshan  and  Louthan.38  Over  the  past  20 
years,  these  concepts  have  been  advanced  for  CF  crack  initiation  in 
electrolytes.1 36  Film-based  mechanisms  have  not  been  developed 
for  crack  propagation,  hov/ever,  recent  advances  in  this  regard  were 
reviewed  by  Grinberg  for  moist  air  compared  to  vacuum.75 

Films  may  affect  crack  extension  by  one  or  more  processes, 
viz,  (1)  interference  with  reversible  slip,  (2)  localization  of  the 
distribution  and  morphology  of  persistent  siip  bands  and  resultant 
crack  damage,  (3)  reduction  of  near-surface  plasticity  and  thus  either 
reduced  or  enhanced  fatigue  crack  growth  rates,  depending  on  the 
cracking  mechanism,  and  (4)  localization  of  near-surface 
dislocation  debris  and  voids  and  thus  enhanced  fatigue  crack 
growth.1,29'36-38-73'76  These  mechanisms  have  not  been  quantita¬ 
tively  developed  nor  experimentally  tested. 

Film  effects  on  CF  crack  propagation  are  often  speculatively 
considered.  For  example,  Stoltz  and  Pelloux  argue  that  crack-tip 
surface  films  minimize  plasticity  for  aluminum  alloys  in  aqueous 
NaCI,  and  thereby  trigger  local  cleavage  at  high  resulting  stresses.” 
Others  argue  that  crack-tip  surface  films  reduce  slip  reversibility  and 
thus  increase  damage  and  fatigue  crack  growth  rates,  at  least  for 
planar  slip  alloys.78-79  A  classic  system  here  is  aluminum  alloys  in 
vacuum  compared  to  moist  air.  Faster  crack  growth  in  the  latter 
occurs  (hypothetically)  by  irreversible  slip  and  crack  blunting,  which 
produces  striations.  Flat  striation-free  surfaces  are  observed  for 
slowed  crack  propagation  in  vacuum,  leading  to  the  inference  that 
slip  is  reversible  because  of  the  lack  of  an  oxide  film.75-80-81  Others 
argue  that  crack-tip  surface  films  minimize  slip  localization  by 
preventing  the  emergence  of  slip  bands,  and  thus  homogenizing 
plastic  deformation  and  decreasing  da/dN  relative  to  film-free  envi¬ 
ronments  such  as  vacuum.61  Still  others  argue  that  crack-tip  slip  is 
homogenized,  plastic-zone  size  at  constant  AK  is  increased,  and 
fatigue  damage  is  least  in  vacuum  compared  to  air.75 

Sleradzki  and  coworkers  recently  proposed  that  tens  of  Ang¬ 
stroms  thick,  environmentally  produced  crack-tip  films  fracture  to 
promote  cleavage  in  the  adjacent  alloy  substrate,  over  a  distance 
considerably  larger  than  tho  film  thickness.82  The  Implications  of  this 
model  to  CF  are  important  but  have  not  been  systematically 
considered. 

The  wide  variety  of  film-based  explanations  for  CF  is  possible 
because  of  a  lack  of  direct  observations  of  crack-tip  damage 
processes  and  quantitative  formulations  of  film  effects.  Controlled 
experiments  in  helium  and  film-forming  gaseous  environments  such 
as  02  are  lacking;  rather,  effects  of  films  are  argued  for  complex 
electrochemical  systems  or  for  moist  air  in  which  several  damage 
processes  may  be  operative.  This  view  is  amplified  in  the  section 
"Corrosion  Fatiguo  by  Surface  Film  Effects." 

Adsorbed  atoms.  Adsorbed  atoms  may  affect  fatigue  defor¬ 
mation  and  fracture  by  mechanisms  similar  to  those  of  surface  films, 
as  reviewed  by  Marcus,  ot  al,,74  and  Duquette.29-73  A  variety  of 
processes  are  possible;  however,  none  are  modeled  in  detail  for  CF. 
For  example,  oxygen  from  the  gas  phase  or  a  reduced  cation  from  an 
electrolyte  could  adsorb  on  persistent  slip  sites  at  the  crack  tip,  bind 
with  dislocations,  and  reduce  slip  reversibility.  Alternately,  such 
species  could  form  on  slip-plane  material  to  prevent  rewelding  on 
unloading.  Presumably,  these  processes  could  lead  to  enhanced 
fatigue  damage. 


Reductions  in  surface  energy  by  adsorption  of  an  atom  from  the 
gas  or  liquid  have  long  been  proposed  to  reduce  the  associated  work 
of  fracture.  For  HE  in  gases  or  electrolytes,  this  mechanism  is  not 
viewed  as  sufficient.67  For  fatigue  of  aluminum  alloys  in  02,  this 
mechanism  has  been  proposed  but  not  proven  convincingly.74 
Alternately,  the  chloride  ion,  oxidized  irom  solution  onto  clean  metal 
surfaces  above  a  critical  electrode  potential,  is  held  to  embrittle 
austenitic  stainless  steels  during  SCC.83  This  concept  has  not  been 
developed  for  CF. 

Anodic  dissolution  and  plasticity.  CF  crack  propagation  by 
localized  anodic  dissolution,  the  electrochemical  knife,  is  generally 
not  proposed  Rather,  Uhlig  and  coworkers84  86  and  more  recently 
Jones87  argue  that  anodic  corrosion  eliminates  work-hardened 
material  and  simulates  localized  plastic  deformation  to  produce  CF 
damage  This  model  is  based  on  the  observation  that  smooth- 
specimen  CF  life  is  only  degraded  for  electrode  potentials  that  are 
noble  to  a  critical  value.84  The  idea  is  that  CF  crack  initiation  requires 
a  critical  anodic  current  to  progress. 

Anodic  dissolution-plastic  deformation  processes  have  not 
been  quantitatively  modeled,  particularly  for  CF  crack  propagation. 

The  Fracture  Mechanics  Approach 

Conclusion 

Fracture  mechanics  descriptions  of  CF  crack  propagation,  viz., 
growth  rate  as  a  function  of  stress-intensity  factor,  provide  an 
established  and  physically  meaningful  basis  that  couples  alloy 
performance,  damage  mechanisms,  and  life-prediction  studies  through 
the  concept  of  growth  rate  similitude.  Extensive  databases  have 
been  developed  for  structural  alloys  over  the  past  three  decades. 

Stress-intensity  similitude: 
inert  environments 

The  fracture  mechanics  description  of  fatigue  crack  propagation 
illustrated  in  Figure  7  is  traceable  to  the  seminal  work  of  Paris  and 
coworkers  for  the  case  of  moist  air  environments.68  This  evolution  is 
chronicled  by  Hertzberg.89 
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FIGURE  7— Fracture  mechanics  approach  to  corrosion  fatigue- 
crack  propagation  characterization  and  component  life  predic¬ 
tion. 
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Subcritical  fatigue  crack  propagation  is  measured  in  precracked 
laboratory  specimens  according  to  standardized  methods.  Cyclic 
crack  length  data  are  analyzed  to  yield  a  material  property  averaged 
fatigue  crack  growth  rate  (da/dN)  as  a  function  of  the  applied  stress- 
intensity  range  (AK).  AK  is  the  difference  between  maximum  and 
minimum  stress-intensity  values  during  any  load  cycle. 

Paris  experimentally  demonstrated  the  principle  of  similitude; 
that  is,  equal  fatigue  crack  growth  rates  are  produced  for  equal 
applied  stress-intensity  factors,  independent  of  load,  crack  size,  and 
component  or  specimen  geometry.  This  da/dN-AK  behavior  is 
explained  based  on  the  fact  that  AK  uniquely  describes  the  magni¬ 
tude  and  distribution  of  (1)  elastic  stresses,  (2)  elastic-plastic 
stresses,  (3)  plastic  strains,  and  (4)  plastic-zone  and  fracture 
process-zone  sizes,  all  local  to  the  crack  tip  (See  the  section 
"Models  of  Crack-Tip  Mechanics  .")  The  similitude  principle 
enables  an  integration  of  laboratory  da/dN-AK  data  to  predict 
component  fatigue  behavior,  in  terms  of  either  applied  stress 
range-total  life  or  crack  length-load  cycles,  for  any  initial  defect  size. 

Fatigue  crack  propagation  rates  for  inert  environments  are 
reasonably  approximated  by  a  single  function  of  applied  stress- 
intensity  range,  normalized  by  the  modulus  of  elasticity,  for  a  variety 
ot  engineering  alloys  and  microstructures  tested  in  vacuum  (Figure 
8).26  This  result  provides  a  basis  for  comparisons  of  environmental 
eftects.  Caution  is,  however,  required.  Crack  propagation  rates  in 
vacuum  may  be  influenced  by  surface  welding  during  unloading,  a 
more  meaningful  reference  may  be  provided  by  ultra-high-purity 
neiium  cr  argon  gas,  where  physically  adsorbed  molecules  minimize 
surface  welding.’4  Second,  data  in  Figure  8  were  obtained  for 
near-zero  stress-intensity  ratio  (R  -  K^n/K^),  where  extrinsic 
crack  closure  can  complicate  the  interpretation  of  mechanical  crack¬ 
ing  as  discussed  in  the  section  Crack  Closure."  Data  in  Figure  8  are 
a  useful  guide,  however,  inert  environment  experimentation  is  a 
requirement  for  specific  CF  studies. 


FIGURE  8— Inert  environment  fatigue  crack  propagation  rate  as 
a  function  of  modulus  normalized  stress-intensity  range  for  a 
variety  of  engineering  alloys;  after  Speldel.*4 


Stress-intensity  similitude: 
reactive  environments 

The  application  of  fracture  mechanics  to  subcritical  stress 
corrosion  and  CF  crack  propagation  progressed  dramatically  and  in 
several  periods  over  the  past  25  years,  as  reviewed  by  Wei  and 
Gangloff.37 

The  beginning:  1965-1971.  Extension  of  the  fracture  mechan¬ 
ics  method  to  stress  corrosion  and  CF  crack  propagation  was 
pioneered  by  Brown  and  by  Wei90  91  and  was  exploited  by  early 
experimentalists.92  94  A  highlight  of  this  effort  was  the  demonstration, 
following  from  the  work  of  Paris  on  ‘‘K-increasing”  remotely  loaded 
and  “K-decreasing"  crack-surface-loaded  specimens,  that  similitude 
is  obeyed  for  CF  crack  growth.  As  shown  in  Figure  9(a),  equal  rates 
of  CF  crack  growth  are  produced  for  equal  AK,  but  for  both  increasing 
and  decreasing  net  section  stress  specimens,  demonstrating  stress- 
intensity  control.95 

Phenomenological  characterizations:  1970-1984.  The  frac¬ 
ture  mechanics  approach  was  broadly  applied  following  these  initial 
successes.  High-strength  materials  were  investigated  in  the  early 
stages  of  work  (1970-1976),  while  more  recently  (1976-1984), 
low-strength  stress-corrosion  resistant  alloys  were  characterized 

During  this  later  period,  concepts  of  premature  crack  surface 
closure  were  developed,  significant  understanding  of  near-threshold 
fatigue  crack  propagation  emerged,  and  the  small  crack  problem  was 
intensively  investigated,  largely  for  benign  environments  4,-47  Work 
on  the  implications  of  these  problems  to  CF  indicated  cases  in  which 
the  similitude  concept  was  compromised.  Data  in  Figure  9(b)  show  a 
wide  range  of  CF  crack  growth  rates  for  any  constant  AK  for 
high-strength  type  4130  (UNS  G41300)  steel  in  aqueous  3% 
NaCI.9697  Here,  da/dN  depends  on  varying  short  crack  size  and 
applied  stress  for  the  aqueous  environment  but  is  uniquely  AK- 
controlled  for  benign  moist  air  and  vacuum.  The  origin  of  this  effect 
is  crack-size-dependent  crack-tip  electrochemistry,  as  detailed  in  the 
section  "Crack-Geometry-Dependent  Occluded  Environment  Chem¬ 
istry.” 

Scientific  studies:  1973-1987.  Work  during  this  period  dem¬ 
onstrated  that  crack  growth  kinetics  provide  a  basis  for  formulation 
and  evaluation  of  CF  crack  propagation  models.303334,36’39'49'98 
Concepts  of  mass  transport,  chemical  reaction  rate,  and  diffusion 
control  of  da/dN  were  developed  for  gaseous  and  aqueous  environ¬ 
ments.  Work  in  this  period  emphasized  the  complex  cycle-time- 
dependent  class  of  CF  problems  for  the  moderate  AK  regime  but  with 
limited  studies  on  near-threshold  phenomena.  These  models  are 
discussed  in  the  section,  “Quantitative  Models  of  CF  Crack  Propa¬ 
gation." 

Applications  to  corrosion  fatigue  life  prediction 

Synthesis  of  life-prediction  methods:  1983-1987.  The  frac¬ 
ture  mechanics  life-prediction  method  illustrated  in  Figure  7  was 
developed  for  complex  structural  applications  in  the  energy,  petro¬ 
chemical,  and  transportation  sectors  as  reviewed  by  Andresen  and 
coworkers,85  Tompkins  and  Scott, ,00',0,  and  Novak  and  Barsom.'02 
Vosikovsky  and  Cooke  provide  an  example  analysis  for  CF  crack 
propagation  in  a  welded  carbon  steel  pipeline  carrying  H2S-contam- 
inated  oil.'03 

As  a  further  example,  the  damage-tolerant  approach  has  been 
extensively  investigated  for  welded  carbon  steel  tubular  components 
of  oil  and  gas  platforms  operating  in  aggressive  marine 
environments.10*-107  Here,  classic  design  rules,  based  on  smooth- 
specimen  fatigue  data  and  modified  to  account  for  complex  time- 
dependent  CF,108  are  being  challenged  by  damage  tolerant  crack 
growth  procedures.99''01,109-"1 

An  example  of  the  fracture  mechanics  framework  and  compo¬ 
nent  life  predictions  are  shown  in  Rgure  10.  An  integrated  approach 
includes  fracture  mechanics  laboratory  data,  mechanism-based 
models  to  extrapolate  the  database,  and  stress/stress-intensity 
analyses  of  the  component  to  predict  cyclic  life  as  a  function  of 
applied  stress.57,99  Such  a  prediction  is  represented  by  the  band  in 
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Figure  10.111  Additionally,  full-scale  component  tests  are  needed  to 
verify  the  fracture  mechanics  analysis,  the  data  points  in  Figure  10 
resulted  from  extensive  (and  expensive)  fatigue  experiments  with 
0.5-m  diameter,  1 .6-cm  wall  thickness,  welded  carbon  steel  tubulars. 
Agreement  is  excellent.  Note  that  the  comparison  in  Figure  10  is  for 
moist  air.  Predictions  and  tests  are  in  progress  for  tubulars  fatigued 
in  actual  sea  environments  with  applied  cathodic  polarization.’04 ,0'’ 
The  state  of  this  development  is,  however,  less  than  that  represented 
for  air. 

Active  sensors  of  environment  chemistry  and  CF  crack  growth 
are  important  aspects  of  a  life-prediction  approach.  Such  devices 
have  been  successfully  used  in  commercial  nuclear  power  plants, 
piping  systems,  and  offshore  structures.99112'114 

Corrosion  fatigue  crack  propagation  databases 

Extensive  fracture-mechanics-based  CF  crack  propagation  da¬ 
tabases  were  developed  over  the  past  two  decades  Examples  are 
presented  in  Figures  11  through  15. 

Carbon  steels  in  hydrogen-producing  environments.  CF  is 
significant  for  low-strength  carbon-manganese  steels  of  normalized 
ferrite-pearlite  microstructures,  stressed  in  a  variety  of  gaseous  and 
aqueous  manne  environments.  Extensive  data  are  represented  in 
Figure  11. 115  Here,  K,scc  is  well  above  100  MPavm;  CF  is 
cycle-time-dependent. 

HE  is  implicated  for  these  systems,  as  demonstrated  by  the  two 
to  three  order  of  magnitude  increase  in  da/dN  for  X42  steel  in 
high-pressure,  purified  hydrogen  gas  (Curve  2). 117  Nelson  reported 
similar  results  for  gaseous  HE  of  low-strength  1020  (UNS  G10200) 
steei.118  Considering  aqueous  environments,  seawater  produces 
enhanced  fatigue  crack  growth  relative  to  vacuum  and  moist  air,  with 
the  magnitude  of  the  effect  increasing  from  free  corrosion  (Curve  4) 
to  cathodic  polarization  (Curve  3)  to  H2S  additions  at  free  corrosion 
(Cl  ve  1 ).  The  strong  effect  of  H2S  is  further  evidence  for  HE  and  is 
important  to  marine  applications  where  biological  reactions  produce 
ionic  sulfur-bearing  products.116-122 

The  power-law  regime  of  fatigue  cracking  observed  for  moist  air 
and  vacuum  is  altered  by  aqueous  environments.  A  two-slope 
behavior  is  shown  in  Figure  11,  where  a  strong  AK  dependence  of 
rate  at  lower  stress  intensities  transforms  to  a  milder  dependence  at 
higher  AK.  For  cathodic  polarization,  da/dN  values  within  the  latter 
regime  are  nearly  independent  of  increasing  AK:  a  plateau  is 
sometimes  observed.  Environmental  effects  on  near-threshold  crack 
growth  are  less  well  characterized.  For  free  corrosion,  AKm  is 
reduced  by  seawater  exposure,  with  the  effect  of  stress  ratio 
paralleling  that  reported  for  crack  growth  in  benign  environments.  For 
cathodic  polarization,  high  R  thresholds  are  probably  similar  to  those 
reported  for  free  corrosion,  but  notably,  very  high  AKm  values  are 
reported  for  low  R  loading  (Curve  5).  Cathodic  polarization  produces 
calcium  and  magnesium  hydroxide  precipitates  within  the  fatigue 
crack,  causing  corrosion  product  induced  crack  surface  closure  con 
tact  and  Increased  AKm.  (See  the  section  "Crack  Closure  in 
Aggressive  Environments.") 

The  carbon  steel-hydrogen  environment  system  was  reviewed 
in  detail  by  Krishnamurthy,  Marzinsky,  and  Gangloff 1 15  and  by  Jaske, 
et  al.32 

Precipitation-hardened  aluminum  alloys  In  aqueous  chlo¬ 
ride  and  water  vapor  environments.  Extensive  CF  data  have  been 
produced  for  high-strength  2000  and  7000  series  aluminum  alloys  in 
aqueous  chloride  and  purified  water  vapor  environments.  Several 
conclusions  are  drawn  from  a  tabulation  of  typical  results  (Figure 

■|2)  5.60,81, 65, 79,95,12S-I3r 

Both  gaseous  and  aqueous  environments  produce  significant 
CF  crack  propagation  in  aluminum  alloys,  relative  to  helium  or 
vacuum  for  a  wide  range  of  stress  intensities.  Hyorogen  production 
and  embrittlement  are  implicated  for  these  systems;  however,  the 


concurrent  actions  of  anod.u  dissol  jtion,  passive  film  formation,  and 
hydrogen  production  obscure  the  dominant  mechanism. 

For  3%  NaCI,  the  large  amount  of  data  at  moderate  AK  and  low 
R  generally  describes  CF  below  K,scc  Here,  aqueous  chloride  at 
typical  free-corrosion  potentials  (about  8C0  mVSCE.)  increases 
da/dN  by  between  4-  and  100-fold  relative  to  helium  Distilled  water 
also  induces  CF,  Cl  exacerbates  but  is  not  a  requisite  for  cracking 
Moist  air  is  an  embrittling  environment  compared  to  helium,  particu¬ 
larly  for  the  7000  series  alloys.  Wei  and  colleagues  conducted 
extensive  studies  of  the  deleterious  effect  of  pure  water  vapor  on 
7000  and  2000  series  alloys  at  moderate  stress-intensity  levels.61 129 
The  range  of  rates  varies  between  an  upper  bound  provided  by  moist 
air  and  a  lower  bound  for  inert  gas.  7000  series  aluminum  alloys 
containing  Zn,  Mg,  and  Cu  are  more  susceptible  to  CF  compared  to 
2000  series  alloys  in  the  Mg-Cu  and  Li-Cu  classes. 

Only  limited  data  have  been  obtained  to  describe  near-threshold 
CF  crack  propagation  in  aluminum  alloys.60-125-126  132  Here,  only  high 
stress  ratio  results  are  reasonably  interpreted,  because  the  compli¬ 
cating  extrinsic  effects  of  crack  closure  are  minimal.  (See  the  section 
"Crack  Closure.")  As  shown  in  Figure  1 2,  water  vapor,  moist  air,  and 
aqueous  chloride  (either  free  corrosion  or  cathodically  polarized)  are 
embrittling  relative  to  helium.  The  mechanism  for  this  effect  is 
speculative,  with  both  HE  and  film-rupture/dissolution  processes 
being  possible.  Notably,  similar  da/dN  are  reported  for  helium  and 
oxygen,  suggesting  a  minimal  effect  of  surface  oxide  films.  The  7000 
alloy  is  more  prone  to  CF  compared  to  2090,  an  advanced  Al-Li-Cu 
alloy. 

The  transgranular  CF  sensitivity  of  7000  series  alloys  (Figure 
12)  parallels  the  well-known  difterences  in  intergranular  SCC  resis 
tance  foi  these  alloy  classes,133  the  fundamental  mechanism  for  the 
effect  ol  alloy  composition  is,  however,  unclear.  That  a  similar  ranking 
is  observed  for  aqueous  chloride,  moist  air,  and  water  vapor  suggests 
that  HE  is  central  to  the  explanation.  The  systems  represented  in 
Figure  12  were  reviewed  by  Speidel  and  Duquette.5-62 

C-Mn  and  austenitic  stainless  steels  In  hlgh-temperature 
water  environments.  An  extensive  database  describes  the  stress 
corrosion  and  CF  crack  propagation  kinetics  for  austenitic  stainless 
and  C-Mn  pressure  vessel  steels  in  elevated-temperature,  pressur¬ 
ized  water  environments.134-135  Such  data  resulted  from  work  over 
the  past  two  decades  aimed  at  guaranteeing  the  structural  integrity  of 
light  water  nuclear  reactor  plant  materials  and  organized  under  the 
auspices  of  the  International  Cyclic  Crack  Growth  Rate  Group.134-135 
These  fracture  mechanics  data,  the  hypothesized  film-rupture  mech¬ 
anism,  component  life-prediction  procedures,  and  new  environment 
chemistry  and  crack  growth  damage  sensors  were  reviewed  by  Ford. 
Andresen,  and  coworkers39-70-71  09-136  138  and  by  Scott  and 
Tompkins.34-100-101 

CF  ciaok  propagation  in  nucleai  reactor  materials  and  environ¬ 
ments  is  complex  because  of  the  interactive  effects  of  many 
variables.39  Typical  data  are  presented  in  Figures  13  and  14.  Da/dN 
vs  AK  data  for  normalized  C-Mn  steel  in  288“C  low-oxygen  water 
(Figure  13)  show  a  strong  environmental  effect  rolative  to  inert 
environment  behavior.39-136  Note  the  low  loading  frequency  (0.017 
Hz)  and  high  mean  stress  (R  =  0.7)  conditions.  Environmental 
cracking  can  exceed  ASME  Section  XI  criteria,  such  empirical 
guidelines  have  been  increased  as  new  results  and  heightened 
concerns  ori  CF  emerged  from  laboratory  experimentation.100 138 

The  significant  variability  shown  in  Figure  13.  further  empha¬ 
sized  if  a  larger  population  of  results  are  considered,139  is  traceable 
to  a  complex  interaction  between  the  MnS  inclusions  in  the  steel,  the 
flow  conditions  of  solution  surrounding  the  fractuis  mechanics 
specimen  m  the  autoclave,  and  the  electrode  potential  of  the 
specimen,  largely  established  by  the  dissolved  oxygen  content  of  the 
solution.39-139 
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(a)  Maximum  stress  intensity.  MPaVm  (b)  STRESS  INTENSITY  RANGE  (MPd*m,/2) 


FIGURE  9-Effect  of  specimen  geometry  on  corrosion  fatigue  crack  growth  demonstrating  (a)  similitude  for  remote  and 
crack-surface  loading;  after  Feeney,  McMillan,  and  Wei;95  and  (b)  a  breakdown  In  similitude  for  short  edge  and  surface  cracks 
in  aqueous  3%  NaCI;  after  Gangloff.96,97 
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FIGURE  10-lntegrated  fracture  mechanics  method  for  fatigue  life  prediction;  after  Andresen,  ot  al. 99  with  a  comparison 
between  predicted  and  measured  cyclic  life  for  welded  carbon  steel  tubular  joints  fatigued  in  moist  air;  after  Hudak,  Burnside, 
and  Chan.111 
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STRESS  INTENSITY  RANGE  (MPa  Vm) 

FIGURE  1 1  —Corrosion  fatigue  crack  propagation  in  low-strength, 
normalized  carbon-manganese  steels  in  hydrogen-producing 
environments:  (1)  seawater  contaminated  by  H2S;118  (2)  High- 
pressure  H2;117  (3)  seawater  with  cathodic  polarization;”9''22  (4) 
seawater  at  free  corrosion;”9'123  and  (5)  seawater  with  cathodic 
polarization  at  low  R;121  moist  air,  and  vacuum.58-115-124 

The  strong  effect  of  cyclic  loading  frequency  is  illustrated  in 
Figure  14  by  da/dN- AK  data  for  sensitized  type  304  (UNS  S30400) 
stainless  steel  in  oxygenated,  high-temperature,  pressurized  water.’37 
As  typically  observed,  CF  crack  propagation  rates  increase  with 
declining  frequency,  certainly  for  moderate  levels  of  AK,  with  the 
near -threshold  response  unclear.  Film-rupture  models,  including 
detailed  treatments  of  crack  electrochemistry,  explain  the  distributed 
results  shown  in  Figure  13  and  predict  the  effects  of  a  broad  range 
of  variables,  including  frequency.39  71 69  138  138  Comparison  between 
measured  and  predicted  da/dN  (Figure  14)  provides  an  example  of 
this  predictive  power. 

Titanium  alloys  In  aqueous  electrolytes.  Since  the  pioneer 
ing  SCC  work  of  Brown,  which  showed  the  sensitivity  of  precracked 
titanium  alloys  to  aqueous  chloride  solutions,’40  many  studies  have 
investigated  the  CF  behavior  of  this  structural  material 5  Typical  data 
are  presented  In  Figure  15.  Here  CF  crack  growth  rates  are 
enhanced  up  to  tenfold  by  cyclic  loading  in  several  halogen  bearing 
solutions  at  the  freo-corrosion  potential.  A  wide  range  of  da/dN  is 
likely,  depending  on  solution  electrochemistry,  AK,  frequency,  and 
titanium  alloy  mlcrostructure.65-141-148 

Experimental  Procedures 
Conclusion 

Experimental  methods  are  developed  for  determinations  of 
average  crack  growth  rate  as  a  function  of  continuum  fracture 
mechanics  crack-tip  parameters,  particularly  AK  Nonsteady-state 
crack  growth,  unique  to  CF,  and  crack  closure  are  not  understood 
Future  procedures  will  incorporate  precision  crack-length  measure¬ 
ment  and  computer  control  of  stress  intensity  to  develop  quantitative 
and  novel  CF  crack  growth  rate  data,  particularly  near  threshold. 
Advances  have  been  recorded  in  measurements  of  small  crack 


growth  kinetics,  however,  such  approaches  are  not  easily  adapted  to 
controlled  environments.  The  fundamental  experimental  problem  is 
the  lack  of  methods  to  probe  mechanical  and  chemical  damage 
processes  local  to  the  CF  crack  tip. 

Fracture  mechanics  methods 

Following  from  Figure  7,  the  procedure  for  laboratory  measure¬ 
ment  of  fatigue  crack  growth  rate  as  a  function  of  AK  is  standardized 
by  ASTM  Committee  E24  on  Fracture  Mechanics.143  Additional 
details,  specific  to  moist  air,  are  provided  by  a  summary  chapter  in  the 
Metals  Handbook  and  by  user  experiences.144'145  Two  aspects, 
environment  control  and  crack-length  measurement,  are  uniquely 
important  to  CF,  as  indicated  by  an  annex  to  the  ASTM  standard  and 
a  U.S.  Navy  procedure  for  seawater.143,146 

Control  and  characterization  of  the  gaseous  or  aqueous  envi¬ 
ronment  that  surrounds  the  specimen  is  of  paramount  importance  to 
CF  experiments.  Particular  emphasis  must  be  placed  on  control  and 
measurement  of  variables  such  as  electrode  potential,  environment 
ionic  and  dissolved  oxygen  compositions,  purity,  flow  rate,  and 
temperature.  Successful  approaches  have  been  reported  for  most 
environments,  as  reviewed  by  Gangloff,  et  al.147  Detailed  procedures 
are  often  complex,  as  illustrated  by  work  on  fatigue  in  high- 
temperature,  pressurized  water  environments.  Owing  to  the  impor¬ 
tance  of  slow  loading  frequency  in  exacerbating  CF,  experiments 
must  often  be  maintained  for  weeks  or  months. 

A  wide  range  of  crack-length  monitoring  methods  are  used  in 
fracture  mechanics  studies  of  fatigue,  as  illustrated  in  Figure  16  after 
Marsh  and  Smith.148  The  indirect  or  remote  methods  are  required  for 
CF  because  the  fracture  mechanics  specimen  is  immersed  in  an 
environmental  chamber.  Periodic  interruption  of  loading  or  chemical 
exposure  may  introduce  transient  cracking.  To  date,  successful 
applications  have  been  reported  for  the  compliance  and  electrical 
potential-difference  methods.  Procedures  for  each  approach  are 
reviewed  in  two  volumes  edited  by  Beevers.149 150 

The  electrical  potential  method  has  been  widely  applied  to 
studies  of  CF  (for  example.  References  50,61,97, 121,151)  because 
of  the  simplicity  of  using  simple  wire  probes  in  aggressive  environ¬ 
ments,  and  because  the  approach  is  applicable  to  through-thickness 
and  surface-crack  geometries.  Typical  data  are  presented  in  Figure 
17,  where  computer  acquisition  and  high  gain  stable  amplification 
produced  hundreds  of  measured  data  points  that  merge  to  a 
continuous  line.  Hero  crack  growth  occurred  at  constant  AK,  with  a 
single  rate  observed  for  an  but  not  the  aqueous  chloride  enviror .:  ,ent. 
The  averaged  resolution  ot  the  potential-difference  approach  varies 
between  2  and  30  pm,  depending  on  circuitry  and  specimen 
geometry. 

In  all  cases  reported,  the  application  of  high  (1  to  50  amperes) 
direct  or  alternating  current  has  no  effect  on  CF  for  gases  or 
electrolytes.  Presumably,  the  conductivity  of  the  specimen  is  orders 
of  magnitude  higher  than  that  cf  electrolytes,  including  conductive 
chloride,  current  leakage  into  solution  at  the  crack  tip  is  not 
significant.  Possible  drawbacks  of  the  potential-difference  method 
include  specimen  heating,  crack-surface  electrical  contact  (or  short 
ing>  when  the  crack  surfaces  are  maintained  clean  and  conductive, 
and  a  lack  of  information  on  crack-surface  contact  and  mechanical 
load  transfer. 

Compliance  measurements  yield  accurate  determinations  of 
crack  length  and  provide  an  approximate  indication  of  the  extent  of 
crack  closure.  (See  the  section  "Crack  Closure.")  Crack-length 
resolution  is  on  the  order  of  25  pm  for  typical  long  (25  mm)  crack 
specimens.  While  the  use  of  crack-mouth  or  back-face  displacement 
gauges  in  gases  and  liquids  is  complex,  the  problems  are  not 
insurmountable,  as  indicated  by  specific  applica- 

lions.60,123,130,138-139-142,152’153  The  main  issue  associated  with  the 
compliance  approach  is  the  arbitrary  character  of  the  determination 
of  an  "effective"  stress  intensity  to  describe  growth  rates  indepen¬ 
dent  of  crack  closure.  In  this  regard,  the  usefulness  of  crack-mouth 
opening  and  back  face  compliance  measurements  is  currently  de 
bated. 
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FIGURE  12— Corrosion  fatigue  crack  propagation  In  high-strength  2000  and  7000  aluminum 
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FIGURE  13— Corrosion  fatigue  crack  propagation  data  for  nor¬ 
malized  C-Mn  steel  In  elevated-temperature  (283°C)  pressurized 
water  at  low  cyclic  frequency  and  high  R;  after  Jones.30-136 


AK  (MNm"3/2) 

FIGURE  14-Corroslon  fatigue  crack  propagation  data  for  sen¬ 
sitized  stainless  steel  In  oxygenated,  hlgh-temperature  water 
showing  the  deleterious  effect  of  slow  cyclic-loading  frequency; 
after  Ford,  et  al.137 
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FIGURE  15— Corrosion  fatigue  crack  propagation  data  for  a 
high-strength  titanium  alloy  in  aqueous  halide  solutions,  after 
Speidel,  et  al.5  (1  ksiVhT  =  1.098  MPaVni) 


It  is  critical  to  differentiate  experimentally  transient  and  steady- 
state  CF  crack  growth  rates,  with  the  former  dependent  on  time  or 
equivalently  loading  cycles  at  constant  applied  stress  intensity,  as 
discussed  by  Hudak  and  Wei.154  Crack  geometries,  programmed 
loading  histories,  and  test  interruptions,  which  are  allowable  under 
the  ASTM  standard  and  do  not  influence  benign  environment  fatigue, 
can  significantly  influence  CF  crack  propagation.'43  This  complicat¬ 
ing  phenomena  is  attributed  to  time-dependent  chemical  contribu 
tions  to  fatigue  damage.  (See  the  section  "Crack-Geometry-De- 
pendent  Occluded  Environment  Chemistry.") 

New  procedures 

The  data  presented  in  Figures  1 1  through  15  were  obtained  by 
constant  load,  increasing  AK,  or  by  programmed,  continuously 
decreasing  AK  methods.155  That  such  rates  represent  steady-state 
conditions  governed  solely  by  AK  is,  however,  generally  not  proven, 
and  the  effects  of  loading  history  and  crack  size  are  not  understood. 

The  coupling  of  recent  advances  in  remote  crack-length  mea¬ 
surement  with  the  computer-controlled  servohydraulic  test  machine 
enables  meaningful  characterizations  of  CF  crack  propagation  rates. 
A  useful  procedure  to  supplement  constant  load  or  continuously 
decreasing  AK  cracking  is  represented  in  Figure  18  for  the  case  of 
ferritic  steel  in  aqueous  chloride.  Here,  AK  is  maintained  constant  at 
selected  levels  labeled  1  through  7,  and  by  either  compliance  or 
electrical  potential  measurements  of  crack  length  and  computer- 
controlled  load  reductions.  Steady-state  crack  growth  and  transient 
behavior  will  be  indicated  by  the  character  of  the  crack  length  vs 
loading  cycles  data;  viz.,  linear  for  the  former  and  nonlinear  for  the 
transient  case. 

As  a  second  sophistication,  two  regimes  of  crack  growth  can  be 
probed  by  a  procedure  recently  discussed  by  Hertzberg  and 
coworkers.'58  For  high  AK  and  low  R  (points  1  to  3),  stress  ratio  is 
maintained  constant  as  increasing  levels  of  constant  AK  are  pro¬ 
grammed.  Subsequent  tosts  are  conducted  at  constant  Kma<  and 


several  levels  of  constant  AK  selected  to  decrease  with  increasing  R 
(Points  3  and  4  through  7).  In  this  way,  near-threshold  CF  crack 
propagation  is  characterized  without  the  complicating  effects  of  delay 
retardation  or  crack  closure.  The  possibility  of  closure  effects  at  any 
combination  of  AK  and  R  can  be  assessed  by  the  linearity  of  cyclic 
crack-length  data  and  by  compliance  measurements  coupled  with 
variations  in  Kmin  below  the  indicated  crack-opening  load. 

The  approach  in  Figure  18  has  several  advantages  in  addition 
to  demonstrably  steady-state  kinetics.  With  constant  AK  and  preci¬ 
sion  measurements  of  crack  length,  low  values  of  da/dN  can  be 
obtained  for  low-frequency  loading  over  a  reasonable  test  time, 
because  the  crack  growth  increment  for  a  meaningful  rate  determi¬ 
nation  is  small.  Secondly,  environmental  and  loading-frequency 
variable  effects  are  readily  determined  to  within  about  ±  20% 
uncertainty,  based  on  changing  cyclic  crack  growth  rate  response  at 
constant  AK  and  R.  Finally,  the  procedure  in  Figure  18  probes  two 
important  regimes  of  fatigue  crack  propagation,  including  conven¬ 
tional  high-AK  low  R  and  high  R  near-threshold  or  “ripple”  loading. 
This  approach  was  successfully  applied  in  an  investigation  of  CF 
crack  propagation  in  an  aluminum-lithium  alloy.125''26 

The  methods  discussed  above  are  based  on  small-scale 
yielding  throughout  the  precracked  specimen.  Dowling  extended  this 
linear-elastic  approach  to  describe  fatigue  crack  propagation  during 
large-scale  yielding  based  on  the  J-integral  characterization  of  the 
crack-tip  stress  and  strain  fields.157  While  established  for  moist  air, 
this  approach  has  not  been  applied  to  CF. 


Novel  measurements  of  corrosion  fatigue  cracking 

The  fracture  mechanics  approach  is  based  on  measurements  of 
average  crack  growth  rate  and  applied  stress  intensity  for  specimens 
containing  single,  large  (;>  25  mm)  cracks.  A  second  level  of 
measurement  probes  mechanical  and  chemical  damage  processes 
local  to  the  crack  tip.  Only  limited  successes  have  been  recorded. 

Electrical  potential  measurements  can  be  used  to  monitor 
continuously  the  growth  of  single,  defect-nucleated  fatigue  cracks 
sized  above  about  50  pm.158  This  method  is  applicable  to  aqueous 
(for  example.  Figure  17)  and  high-purity  gaseous  environments,  and 
has  been  successfully  used  to  monitor  the  growth  of  CF  cracks  in 
single,  albeit  large,  grains  of  steels,  nickel-based,  and  aluminum 
alloys.97  '25  '26'158  Despito  these  successes,  this  method  does  not 
directly  probe  crack-tip  damage  processes. 

Plastic-tape  replication  measurements  are  used  to  monitor  the 
surface  growth  of  small  fatigue  cracks  in  moist  air.157  This  method 
requires  periodic  loading  interruptions  that  may  affect  CF,  it  does  not 
directly  probe  crack-tip  damage,  and  it  does  not  provide  information 
on  the  crack  perimeter.  The  only  benefit  over  electrical  potential 
monitoring  is  that  replication  methods  characterize  fatigue  crack 
nucleation  at  natural  microstructural  features  and  defects  such  as 
inclusions. 

Papers  within  this  volume  do  not  discuss  experimental  charac¬ 
terizations  of  crack-tip  chemical  and  mechanical  damage.  This 
omission  is  traceable  to  the  complexity  of  such  endeavors.  Gerb- 
erich,  Davidson,  and  Lankford  reviewed  various  microscopic  tech¬ 
niques  directed  at  crack-tip  fracture  observations.'60-'8'  The  follow¬ 
ing  methods  yielded  insights  on  fatigue  crack  propagation  for  vacuum 
and  moist  air: 

(1)  In  situ  scanning  electron  microscopy  of  a  cyclically  loaded 

specimen;  stereoimaging  analysis, 

(2)  Electron  channeling  pattern  techniques; 

(3)  High-voltage  transmission  electron  microscopy, 

(4)  X-ray  diffraction  and  topographic  techniques; 

(5)  TEM  analysis  of  crack  wake  dislocation  morphologies,  and 

(6)  In  situ  Auger  cracking  and  chemical  analysis. 

These  methods  have  not  been  widely  applied  to  CF. 
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FIGURE  16— Methods  for  measurement  of  fatigue  crack  length;  after  Marsh  and  Smith.148 


Cycles  (xIOOO) 

FIGURE  17— Cyclic  crack-length  data  from  automated  do  electrical  potential  measurements  of 
cracks  In  API-2H  steel  In  moist  air  or  aqueous  NaCI  with  cathodic  polarization  and  at  constant 
AK;  after  Gangloff.158 


FIGURE  18— Programmed  stress-intensity  characterization  of 
corrosion  fatigue  crack  propagation  for  steel  in  chloride,  based 
on  constant  AK  segments  at  constant  and  varying  R. 


As  an  example,  Davidson  and  Lankford  used  stereoimaging  to 
show  that  environment  affects  crack-tip  plasticity  and  crack  growth 
mode.'62''64  For  constant  applied  AK,  near-crack-tip-opening  strain 
decreased  for  embrittling  compared  to  inert  environments.  These 
studies  were  conducted  with  1020  steel  and  7075-T651  aluminum 
specimens  that  were  loaded  cyclically  and  observed  in  the  SEM 
vacuum  after  prior  fatigue  cracking  in  either  moist  air  or  dry  N2. 
Additional  work  involved  SEM  analysis  of  crack-wake  subboundaries 
formed  by  prior  fatigue  in  moist  air  or  dry  N2.  In  situ  environmental 
cracking  was  not  attempted.  The  mechanistic  implications  of  this 
work  are  discussed  in  the  section  "Environment-Sensitive  Micro¬ 
scopic  Deformation.” 

Wei  and  coworkers  used  Auger  spectroscopy  to  measure  rates 
of  water  vapor  and  H2S  roactions  with  both  polished  and  In  situ 
fractured  alloy  surfaces.37-68-'29  These  chemical  kinetics  were  Used 
to  model  rates  of  CF  crack  propagation. 

Since  the  early  work  of  Brown,165  researchers  have  used 
electrochemical  probes  to  define  the  crack  environment.  CF  of  a 
carbon-manganese  steel  in  seawater  has  been  extensively  investi¬ 
gated  by  this  approach.166''66  Near-crack-tip  pH,  potential,  and 
chloride  ion  concentration  were  measured  for  comparisons  with 
mass  transport  and  reaction  model  predictions.  Detailed  reviews  of 
these  experimental  measurements  are  presented  elsewhere.138-'69 
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Effects  of  Critical  Variables 

Conclusion 

A  plethora  of  interactive  variables  influences  the  CF  crack 
growth  rate-stress  intensity  relationship.  The  effects  of  chemical, 
metallurgical,  and  mechanical  variables  are  well  characterized  and 
reasonably  explained  by  qualitative  arguments.  Growth  rates  are 
affected  by  environment  chemistry  variables  (viz.,  temperature;  gas 
pressure  and  impurity  content;  electrolyte  pH,  potential,  conductivity, 
and  halogen  or  sulfide  ion  content);  by  mechanical  variables  such  as 
AK,  mean  stress,  frequency,  waveform,  and  overloads;  and  by 
metallurgical  variables  including  impurity  composition,  microstruc¬ 
ture,  and  cyclic  deformation  mode  Time,  or  loading  frequency,  is 
critical,  complicating  long-life  component  performance  predictions 
based  on  shorter-term  laboratory  data.  Limited  studies  show  that 
yield  strength  is  not  a  critical  variable  in  cycle-time-dependent  CF. 
Fractographic  analyses  of  microscopic  crack  paths  provide  a  basis 
for  failure  analyses  and  input  to  mechanistic  studies. 

Introduction 

Alloy  development  and  life-prediction  approaches  to  control  CF 
are  confounded  by  the  many  interactive  variables  that  affect  crack 
propagation  beyond  that  expected  based  on  benign  environment 
fatigue  Table  1  lists  these  variables  for  steels  in  marine  environ¬ 
ments  The  goal  in  CF  is  to  develop  da/dN-AK  relationships,  which 
include  the  effects  of  all  such  variables. 

The  variables  in  Table  1  influence  fatigue  crack  propagation  in 
most  alloy  systems  Detailed  analysis  of  each  effect  is  not  possible. 
Rather,  the  following  discussion  illustrates  typical  effects  of  the  more 
important  variables  for  ferrous,  aluminum,  and  titanium  alloys. 
Qualitative  explanations  for  the  experimental  trends  are  provided. 
Quantitative  models  of  fatigue  crack  growth  rate  response  are 
outlined  in  the  section  "Quantitative  Models  of  Corrosion  Fatigue 
Crack  Propagation." 

Mechanical  loading  variables 

Stress-Intensity  factor  range.  Figure  1  illustrates  that  applied 
stress-intensity  range  affects  rates  of  CF  crack  propagation  in  a 
complex  fashion  compared  to  inert  environments.  Specific  data  are 
presented  in  Figures  3, 6,  9, 11, 13, 15,  and  19. 

TABLE  1 

Mechanical,  Environment  Chemistry,  and 
Metallurgical  Variables  Affecting  Corrosion  Fatigue 
in  Marine  Environments 


Stress-intensity  range 
Crack  size  and  geometry 
Loading  waveform  and  sequence 
Solution  CriH+,02.Mg'*.Ca’  * 
Hydrogen  uptako  promoters,  S" 
Calcareous  deposit  formation 
Steel  yield  strength 
Steel  composition  and  microstructure 


Mean  stress 
Residual  stress 
Loading  frequency 
Electrode  potential 
Solution  flow 
Exposure  time 
Specimen  thickness 


While  a  simple  power-law  response  Is  typical  for  a  limited  range 
of  AK  (Figures  3. 6,  and  11).  the  more  general  behavior  Is  Indicated 
in  Figure  1 9  for  TI-6AI-4  V;  X65  controlled,  rolled,  microalloyed  ferritic 
steel;  and  precipitation-hardened  aluminum  alloy  7017-T651 ,  each  In 
aqueous  chloride  (see  also  Figures  9, 13,  and  15).34  <M,,4,-,7°  Such 
results  are  expected  because  Inert  environment  fatigue  Is  driven  by 
crack-tip  plasticity,  which  is  simply  related  to  AK,  and  compared  to 
the  conjoint  plastic  strain  and  chemical  processes  involved  In  CF. 

At  present,  there  are  only  limited  analytical  predictions  of  the 
stress-intensity  dependence  of  CF  crack  propagation  rates.  Micro¬ 
mechanical-chemical  models  exist,  as  discussed  In  the  section 
"Quantitative  Models  of  Corrosion  Fatigue  Crack  Propagation"; 
however,  most  are  based  on  simplifying  assumptions.  It  is  useful  to 


consider  that  three  regimes  of  CF  crack  growth  are  possible,  as 
represented  schematically  in  Figure  1  for  Type  A  cycle-time- 
dependent  behavior. 

Near-threshold  (da/dN  <  1CT6  mm/cycle)  environmental  effects 
may  reduce  AKm  and  increase  da/dN  paralleling  benign  environment 
behavior.  In  Figure  1 9,  rates  for  the  titanium  alloy  are  well  above  1 0  G 
mm/cycle,  however,  imaginative  extrapolation  suggests  that  the 
environment  could  lower  AKm  and  raise  growth  rates  relative  to  moist 
air.  For  steels,  indications  of  this  effect  were  reported  by  Booth,  et 
at.,’23  and  by  Bardal;119  however,  little  difference  is  seen  for 
near-threshold  cracking  in  chloride  vs  moist  air  in  Figure  19.  In  fact, 
near-threshold  rates  for  the  former  are  less  than  moist  air  kinetics  and 
perhaps  approach  vacuum  behavior.  Near-threshold  CF  in  aluminum 
alloys  is  largely  unexplored,  limited  data  are  shown  in  Figure  12.'26 

Measurements  of  crack  growth  in  the  near-threshold  regime  are 
prohibitively  time  consuming  owing  to  the  low  loading  frequencies 
relevant  to  CF.120171  As  such,  environmental  effects  are  poorly 
understood,  as  illustrated  by  models  that  predict  HE  may  reduce 
AKm,  while  corrosion  blunting  of  the  crack-tip  may  increase  the 
threshold  relative  to  an  inert  reference  environment.39,172  The 
experimental  procedure  outlined  in  Figure  18  provides  a  means  of 
characterizing  low-growth-rate  CF. 

A  second  regime  of  CF  crack  propagation  is  often  observed  for 
stress-intensity  levels  above  the  fatigue  threshold.  Here  CF  da/dN 
values  increase  rapidly  relative  to  the  reference  environment  and 
with  a  significantly  stronger  power-law  dependence.  This  behavior  is 
shown  for  each  alloy  in  Figure  19  and  may  be  interpreted  as  the 
intervention  of  cyclic-deformation-stimulated  "SCC."34•59•''”  The 
steep  slope  is  interpreted  as  evidence  of  mechanically  rate-limited 
crack  propagation  in  the  presence  of  fast  and  sufficiently  completed 
chemical  reactions  and  mass  transport. 

A  third  regime  of  CF  response  at  higher  AK  is  typified  by  so- 
called  plateau  (nearly)  K-independent  behavior,  or  more  generally, 
by  a  reduction  in  the  slope  of  the  da/dN-AK  dependence.  This  former 
behavior  is  indicated  for  the  steel-NaCI  system  in  Figures  1 1  and  19, 
while  a  reduced  power-law  relationship  is  observed  for  the  titanium 
and  aluminum  alloys.  The  reduced  dependence  on  AK  is  interpreted 
to  result  from  a  constant,  K-independent,  transport-limited  "cyclic 
SCC"  rate  superimposed  on  a  AK-dependent  mechanical  fatigue 
process.  Stated  equivalently,  plateau  behavior  may  be  a  result  of 
chemically  rate-limited  environmental  cracking  that  cannot  respond 
to  increasing  mechanical  driving  force. 

CF  crack  growth  rates  intersect  and  equal  benign  environment 
values  at  very  high  AK  approaching  K,c.  This  regime  is  of  little 
significance  owing  to  the  high  levels  of  AK  and  fast  crack  growth  rates 
involved. 

The  stress-intensity  dependence  of  CF  is  typically  characterized 
by  a  simple  constant-load,  increasing  AK  experiment.  The  data  in 
Figure  19  wore  determined  by  this  method.  To  date  there  have  been 
no  extensive  studies  of  the  load  and  crack-length  history  dependence 
of  the  da/dN-AK  relationship  for  CF.  That  the  results  in  Figure  19  are 
true  material  property  laws  that  are  independent  of  loading  and 
geometry  factors  remains  to  be  proven.  This  issue  is  particularly 
important  when  small  crack  and  crack-closure  processes  occur,  as 
discussed  in  the  section  "Complications  and  Compromises  of 
Fracture  Mechanics." 

When  characterizing  the  effects  of  variables  on  CF  crack 
propagation  and  when  developing  models,  it  is  important  to  recog¬ 
nize  the  various  AK  regimes. 

Moan  stress.  Increasing  mean  stress  Intensity,  as  character¬ 
ized  by  the  "stross  ratio"  (R  =  generally  increases  rates 

of  fatigue  crack  propagation,  particularly  for  low  growth  rates  1 0  5 
mm/cycle)  and  inert  or  aggressive  environments.  For  the  former  case 
and  at  temperatures  where  time-dependent  plastic  deformation  is 
minimal,  the  casual  mechanism  is  universally  crack  closure;  see  the 
section  “Crack  Mechanics."’53  Effects  of  increasing  K^,,  the 
monotonic  plastic-zone  sizo,  and  crack-tip  mean  strain  on  the 
da/dN-AK  applied  relationship  are  not  well  defined  for  intrinsic 
mechanical  fatigue  crack  propagation. 


68 


EICM  Proceedings 


FIGURE  1 9- Effect  of  AK  on  corrosion  fatigue  crock  growth  rale 
at  sevoral  frequencies  for  (a)  TI-6AI-4V  In  0.6  M  NaCI  (after 
Dawson  and  Pelloux14');  (b)  X65  C-Mn  steel  In  3.5%  NaCI  with 
cathodic  polarization  (after  Voslkovsky54 ,7°J,  and  (c)  7071-T651 
aluminum  alloy  in  seawater  (after  Holroyd  and  Hardlo*5).  (1 
Inicyclo  =  25.4  mm/cycle,  1  ksl\  In.  =  1.098  MPaVm) 


For  cycle-time-dependont  CF.  closure  certainly  contributes  to 
the  R-value  effect;  however,  the  magnitude  of  the  maximum  stress 
Intensity  could  influence  the  cracking  mechanism,  as  for  example  in 
HE.  The  relative  contributions  of  crack  closure  and  intrinsic  mean 
stress  effects  have  not  been  modeled.  Dramatic  stress  ratio  effects 
on  CF  above  KiSCC  aro  well  described  by  linear  superposition 
modeling.50 

Vosikovsky  and  coworkers  demonstrated  the  deleterious  effect 
of  stress  ratio  on  CF  in  carbon  and  heat-treated  alloy  steels  exposed 
to  NaCI.173,174  For  a  specific  frequency,  single-crack  growth  rate  laws 
of  the  typo  shown  In  Figure  19  were  produced  for  air  and  for  NaCI 
when  AK  was  replaced  by  a  function  including  tho  stress  ratio;  viz., 
(AK  +  4R)  for  X70  C-Mn  steel  and  (AK  +  3R)  for  HY130  steel.  The 
relative  contributions  of  crack  closure  and  R-sonsitive  environmental 
cracking  were  not  defined.  Given  that  tho  (AK  +  R)  function  equally 
correlates  da/dN  data  for  air  and  aqueous  chloride  and  based  on  the 
relatively  small  effect  of  R  on  CF,  it  is  likely  that  mean  stress 
predominantly  affected  crack  closure  for  this  system.  Indoed,  Ewalds 
argued  that  those  fatigue  data  aro  equally  woll  correlated  with  an 
"effective  AK"  equal  to  (0.6  +  0.3R)  x  AK  and  basod  on  Elber’s 
physical  notion  of  plasticity-induced  crack  closure.175 

The  need  in  this  area  is  to  define  the  effect  of  stross  ratio  on 
intrinsic  CF  crack  propagation  independent  of  crack  closure.  This  aim 
is  hindered  by  the  complexity  of  measuring  displacement  in  aggres¬ 
sive  environments  and  by  tho  lack  of  understanding  of  tho  relation¬ 
ship  between  such  measurements,  physical  load  transfer,  and  the 
relevant  stress-intensity  range. 

Loading  waveform  and  loading  sequence.  Two  factors, 
constant  amplitude  loading  wave  shape  and  loading  spectra,  can 
influence  CF  crack  propagation.  Tho  data  presented  in  this  review 
were  obtained  for  constant  amplitude,  sinusoidal  loading.  Results  on 
waveform  and  load-interaction  effects  in  CF  are  limited. 
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Rates  of  CF  crack  propagation  are  well  correlated  by  the 
root-mean  square  of  the  applied  stress-intensity  distribution  for  the 
steel-NaCI  system  under  narrow-band  random  loading.’10 172  176 177 
Complex  overload  and  associated  delay  retardation  effects  in  CF  are 
beginning  to  be  examined,  for  example,  Reference  131.  Hertzberg 
outlines  a  basis  for  such  studies  in  benign  environments.89 

Several  studies  show  that  cycle-time-dependent  CF  crack 
growth  rates  are  increased  by  waveforms  that  involve  slow-rising 
load,  compared  to  fast-rising-slow-falling  or  fast-rise-prolonged  Kmax 
hold  periods  for  constant  cyclic  frequency.  This  trend  was  demon¬ 
strated  by  Pelloux  and  Selines  for  a  type  7075  (UNS  A97075) 
aluminum  alloy,128  by  Barsom51  for  high-strength  steel,  and  by 
Vosikovsky170  for  low-strength  C-Mn  steel,  all  exposed  to  aqueous 
NaCI.  A  typical  example  is  presented  in  Figure  3.81 82  Scott,  et  al., 
observed  a  modest  reduction  in  da/dN  for  the  low-strength  carbon 
steel-seawater  system  when  subjected  to  a  fast-rise  sawtoothed 
waveform  and  compared  to  equal  CF  for  sinusoidal,  triangular,  and 
slow-rise  sawtoothed  loadings  at  constant  frequency.88  In  contrast, 
Wei  and  Hudak  reported  that  varying  rise  time  had  no  effect  on  CF 
of  7075-T651  in  distilled  water  (in  Reference  51). 

It  is  reasonable  to  expect  that  environmental  effects  are 
stimulated  by  slow  strain  and  surface  creation  rates  during  rising 
loading.  Nonetheless,  the  effect  of  waveform  depends  on  the 
rate-controlling  mechanism  and  will  be  material-environment  spe¬ 
cific.  Changing  rate  of  loading  may  have  little  effect  on  CF  governed 
by  fast  surface  reactions  but  a  large  effect  on  systems  where 
hydrogen  diffusion  in  the  crack-tip  plastic  zone  is  rate  limiting.  The 
microscopic  processes  of  surface  creation  on  loading  and  of  crack-tip 
shape  change  on  unloading  with  varying  convective  mixing  may  also 
affect  the  waveform  dependence. 

Loading  waveform  effects  on  CF  crack  propagation  above  K,scc 
are  well  described  by  the  integrated  load-time  history  for  each 
cycle.50  Results  suggest  that  crack  growth  only  occurs  on  the  loading 
portion  of  the  cycle.26 

Cyclic  loading  frequency 

The  time  dependence  of  CF  is  arguably  the  most  important 
aspect  of  this  fracture  mode.  The  general  notion  is  that  CF  crack 
growth  rates  increase  with  decreasing  cyclic  loading  frequency  (f) 
because  of  increasing  time  per  cycle  available  for  increased  chemical 
reaction  and  mass  transport.  This  trend  may  be  altered  for  cases  in 
which  increased  frequency  increases  the  rate  of  environmental 
cracking  because  of  (1)  enhanced  mass  transport  by  convective 
mixing,  (2)  enhanced  crack-tip  strain  and  surface  creation  rates,  and 
(3)  reduced  crack-tip  blunting  by  dissolution  The  frequency  depen 
donee  of  cycle-time-depondent  CF  is  accordingly  complex. 

To  understand  frequency  effects,  it  Is  of  paramount  importance 
to  identify  the  rate  limiting  step  in  the  transport,  chu.mcal  reaction  and 
fracture  sequence  for  CF  crack  growth.0013'57 98  Additionally,  the 
effect  of  stress  Intensity  must  be  considered,  the  frequency  depen 
dence  may  be  specific  to  each  of  the  three  AK  regimes. 

AKlh  and  near-threshold  roglmes.  Two  uniquo  frequency 
dependencies  are  reported  for  near  threshold  CF  crack  propagation. 
da/dN  is  constant  with  increasing  f,  or  alternately,  d&dN  increases 
with  Increasing  f.  No  data  are  available  that  show  increasing 
near  threshold  CF  crack  growth  ratos  with  decreasing  frequency. 
More  research  is  required,  particularly  at  slow  loading  frequencies 
whore  test  times  aro  prolonged. 

Frequency-Independent  CF  crack  growth  was  reported  by 
Speidol  for  steels  and  nickel  based  alloys.26  This  "true"  or  cyclo 
dependent  CF  behavior  is  illustrated  by  the  hunzontal  dashed  lines  in 
Figure  4  for  both  moist  air  and  NaOH.  A  similar  frequency  indepon 
dence  of  near  threshold  da’dN  was  reported  by  Moyn  foi  Ti  8A1 1  Mu 
IV  in  3.5%  NaCI55  and  by  Piascik  and  Gangloff  for  an  aluminum 
lithium  copper  alloy  exposed  to  1%  NaCI  with  anodic  polarization.’26 

Frequency  independent  near  threshold  cracking  is  well  estab 
lished  for  the  steel  aqueous  chloride  system.  Vosikovsky  repurted 
da/dN  independent  of  f  for  X65  and  HY130  steels  at  low  AK  levels 


(Figure  19).170  174  This  effect  was  also  observed  by  Gangloff  for 
carbon  and  heat-treated  alloy  steels  in  3%  NaCI  with  cathodic 
polarization.178  Specific  data  in  Figure  20  were  obtained  for  constant 
AK  at  a  level  within  the  steeply  rising  portion  of  the  da/dN-AK 
dependence  for  each  frequency.  Note  that  crack  growth  rates  in  NaCI 
are  independent  of  loading  frequency,  are  about  3-  to  4-fold  greater 
than  the  value  for  moist  air,  and  are  20  times  tlie  da/dN  for  vacuum. 
At  very  low  AK,  frequency-independent  crack  growth  rates  in 
aqueous  chloride  and  moist  air  merge,  as  suggested  in  Figure  19. 

In  selected  instances,  low  AK  CF  crack  growth  rates  increase 
with  increasing  frequency.  Specific  examples  were  reported  by 
Dawson  and  Pelloux  for  Ti-6AI-4V  in  NaCI  (Figure  1 9)141  and  by  Ford 
for  an  AI-7°/oMg  alloy  loaded  cyclically  in  1  N  Na2S04  with  cathodic 
polarization.72  In  the  latter  case,  crack  growth  rates  increased  by  an 
order  of  magnitude  as  f  increased  from  3  to  33  Hz,  all  rates  were 
significantly  faster  than  reference  values  for  dry  argon.  This  behavior 
was  explained  based  on  the  film-rupture,  repassivation  model  and  the 
idea  that  environmental  crack  extension  per  unit  time  increases 
strongly  with  increasing  crack-tip  strain  rate,  equivalently  increasing 
f,  as  discussed  in  the  section  “Corrosion  Fatigue  by  Film  Rupture/ 
Transient  Dissolution."72 
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FIGURE  20— Effect  of  frequency  on  low-growth-rate  corrosion 
fatigue  crack  propagation  In  the  steel-aqucuus  chloride  sys¬ 
tem;  after  Gangloff.578 

Moderate  AK  “plateau"  regime.  For  AK  levels  where  the 
power-law  dependence  of  da/dN  is  reduced  and  approaching  plateau 
behavior,  sub-K|SCC  CF  growth  rates  generally  increase  with  de¬ 
creasing  frequency.  A  saturation  crack  growth  rate  is  often  observed 
for  low  frequencies.  Extensive  data  supporting  those  trends  were 
reported  by  Vosikovsky  [Figure  19(b)),170  174  Scotr,  et  al.,88121 
Gallagher,'74  Gangloff,37  09 180  and  Hinton  and  Proctei tor  steels 
in  aqueous  chloride,  by  Wei  and  Shim37  182  for  steels  in  distilled  water 
and  water  vapor,  by  Brazil),  et  al.,181  for  an  alloy  steel  m  gaseous 
H2S,  by  Holroyd  and  Hardie,64  for  7000  senes  aluminum  alloys  in 
seawater  [Figure  19(C)),  by  Wei  and  coworkers61  129  183  and  Dicus184 
fur  2000  and  7000  series  aluminum  alloys  in  purified  watei  vapor,  by 
Chiou  and  Wei185  and  Dawson  and  Pelloux  [Figure  19iaj]141  lor 
Ti-6AI-4V  in  aqueous  NaCI,  and  by  Ford  and  Andresen  (Figure 
14)39"37  for  austenitic  stainless  steels  in  hiyh  temperature  perilled 
water.  Three  cases  are  discussed,  steal  in  aqueous  ohluride, 
aluminum  alloys  in  water  vapor,  and  stalnloss/ferritic  C-Mn  steels  in 
high-temperature  water. 

Steels  in  aqueous  Monde  -  The  frequency  dependence  of  the 
CF  crack  propagation  rate  in  APi  2H  C-Mn  steel  exposed  to  3.o  NaCl 
with  uathodic  polarization  is  shown  in  Figure  21. 180  These  results 
were  obtained  by  constant  stress-intensity  experimentation,  with  the 
specific  AK  level  of  23  MPav  m  selected  to  be  within  the  plateau 
region  of  CF  cracking  for  this  steel  (see  Figure  32).  The  logarithmic 
plot  of  environmental  crack  growth  rate  vs  reciprocal  frequency  is 
suggested  by  mechanistic  modeling,  discussed  in  an  ensuing  sec¬ 
tion. 
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At  frequencies  above  about  20  Hz,  equal  rates  of  fatigue  crack 
propagation  are  observed  for  aqueous  chloride  and  moist  air,  this 
value  is  about  three  times  faster  than  cr  ick  growth  in  vacuum.  Three 
regimes  of  behavior  are  observed  with  decreasing  frequency.  Ini¬ 
tially,  da/dN  increases  mildly,  followed  by  a  strong  acceleration  of  CF 
for  frequencies  between  4  and  0.1  Hz,  and  leading  to  a  third  regime 
where  da/dN  is  constant  or  mildly  increasing  as  frequency  declines  to 
very  small  values.<2) 

The  trend  shown  in  Figure  21  is  general,  as  is  indicated 
by  the  behavior  of  a  variety  of  additional  steels  of  varying  yield 
strength  but  similar  AK,  R,  and  electrochemical  condi- 
tion s ,37-S8-1  a i . ’  7o. ' 74 . i y»- 1 S2. t  so  Results  indicate  similar  behavior  for 
the  first  two  stages  of  the  frequency  response.  Interestingly,  the 
saturation  behavior  seems  to  be  observed  for  the  high-strength 
quenched  and  tempered  steels  (viz.,  API-2H  and  HY130  with  crys  = 
760  and  900  MPa,  respectively)  but  nr*  for  lower-strength  ferrite- 
pearlite  BS4360  and  X65  steels  \-ys  =  450  MPa).  Additional 
experiments  are  required  to  exp  jre  this  point. 


Frequency  (Hr) 


FIGURE  21 -Effect  of  frequency  on  corrosion  fatigue  crack 
propagation  In  the  “plateau"  regime  of  AK  for  API-2H  steel  in  3% 
NaCI  with  cathodic  polarization;  after  Gangloff.180  Literature 
data:  +  .X.0  X65,  A,  <§>  HY130,  (/)BS436O:5OD.5O,,7O,,74,,0,,1M 

The  frequency  dependence  in  Figure  21  is  explained  by  HE 
modeling  reviewed  in  the  section  "Corrosion  Fatigue  by  Hydrogen 
Embrittlement."  The  slope  of  the  second  regime  is  suggestive  of  the 
mechanism  that  controls  CF,  be  it  1/2,  indicating  hydrogen  diffusion 
control,  or  some  other  value,  indicating  hydrogen  production  (by 
surface  reaction)  rato  control.  The  saturation  behavior  observed  for 
the  higher  strength  steels  at  the  lower  frequencies  Is  also  mecha 
nistically  significant.  Similar  results  were  reported  for  an  aluminum 
alloy  in  seawater  as  indicated  in  Figure  19(c) 84 

Aluminum  slloys  in  water  vapor  While  no  one  study  has 
examined  the  frequency  dependence  of  CF  crack  propagation  in  the 
high  strength  aluminum  alloy  pure  water  vapor  system,  in  toto, 
sovoral  investigations  Indicate  that  growth  rates  depend  uniquely  on 
environmental  oxposuro.  which  is  given  by  the  product  of  load  cyclo 
period  and  water  vapor  pressuro  (PHj0)  (viz..  Pujo^oading 
frequency).37  61  129  Data  are  presented  in  Figures  22  and  23  for  two 


,?'For  perspective,  tho  data  point  at  a  cyclic  loading  frequency  of 
0.0002  Hz  required  12  days  to  produce  a  crack  length  interval  of 
0.10  mm  during  250  load  cycles. 

'’’Environmental  cracK  growth  rate  data  are  plotted  for  several 
constant  stress-intensity  ranges  in  Figures  22  and  23;  howover, 
expenments  were  conducted  under  constant  load-increasing  AK 
with  several  specimens  cracked  at  a  variety  of  frequencies  or  water 
vapor  pressures.  Data  were  cross  plotted  from  complete  da/dN- AK 
relations.  Constant  AK  was  generally  not  maintained  over  an 
interval  of  utatk  extension,  in  contrast  to  the  results  presented  in 
Figures  20  and  21. 


aluminum  alloys,  2219-T851  and  7075-T651,  in  terms  of  environ¬ 
mental  crack  growth  rate  vs  PH20/2f  or  PH2Q.  Several  constant 
stress-intensity  range  levels  are  represented  for  a  single  frequency  of 
5  Hz  and  variable  PHi0.<3) 


PRESSURE /2 i FREQUENCY (Po-t) 


FIGURE  22— Effect  of  environmental  exposure  (water  vapor 
partial  pressure/frequency)  on  corrosion  fatigue  crack  propa¬ 
gation  in  a  precipitation-hardened  aluminum  alloy;  after  Wei,  et 
al.1S9 


The  effect  of  frequency  (water  vapor  pressure)  on  CF  crack 
growth  rates  in  the  aluminum-water  vapor  system  is  similar  to  that 
exhibited  by  steel  in  aqueous  chloride.  Rates  at  high  frequencies  with 
water  vapor  are  equal  to  values  for  inert  environments.  As  frequency 
declines  tor  PHj0  increases),  da'dN  values  increase  sharply  to  a 
saturation  level.  Some  alloys  such  as  7075-T651  exhibit  a  second 
rate  increase  and  saturation  level. 

Since  frequency  was  not  varied,  the  data  in  Figures  22  and  23 
do  not  unequivocally  establish  the  interchangeable  influences  of 
PHj0  and  frequency.  The  role  of  exposure  to  describe  both  frequency 
and  water  vapor  pressure  effects  on  crack  propagation  is  better 
established  when  several  studies  are  considered.  Bradshaw  and 
Wheeler  examined  an  Al-Cu-Mg  alloy  (DTA  5070A)  in  water  vapor  at 
two  frequencies  fl  and  100  Hz)  and  a  range  of  PH20.'87  The  pressure 
dependence  at  each  frequency  was  equivalent  to  that  shown  in 
Figures  22  and  23,  the  levels  of  PHj0  required  to  produce  a  given 
crack  growth  rate  scaled  with  inverse  frequency.  Dicus  concluded 
that  frequencies  between  1  and  10  Hz  had  no  influence  on  CF  rates 
lor  7475-T651 ,  only  water  vapor  pressure  controlled  da/dN.164  These 
results  are  consistent  with  the  saturation  behavior  hi  Figures  22  and 
23,  at  least  for  water  vapor  pressures  up  to  the  point  of  the  second 
rise.  Dicus  found  that  this  second  rate  transition  occurred  at  a 
constant  pressure  for  the  two  frequencies. 

Theoretical  modeling  described  in  the  sections  "Gaseous 
Environments"  and  "Quantitative  Hydrogen  Embrittlement  Models" 
supports  the  governing  influence  of  the  exposure  parameter.  None¬ 
theless,  a  complete  characterization  of  the  frequency  dependence  for 
selected  constant  PMj0  levels  would  confirm  this  relationship. 

The  frequency  dependence  of  CF  In  the  aluminum-water  vapor 
system  has  not  been  determined  for  near-threshold  crack  growth. 
Recent  results  for  an  Al-l!  alloy  suggest  that  the  trends  presented  in 
Figures  22  and  23  are  obeyed  near  AKm.'25  Limited  data  by  Niegel 
and  coworkers  show  that  AKm  for  the  onset  of  environmental  fatigue 
cracking  along  high-angle  grain  boundaries  in  an  Al-Zn-Mg  alloy  is 
reduced  from  the  level  for  inert  environment  Stage  II  transgranular 
crack  growth  according  to  the  reciprocal  square  root  of  PH2o.132 
Presumably,  the  exposure  parameter  would  describe  the  effect  of 
pressure  and  frequency. 
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FIGURE  23— Effect  of  water  vapor  pressure  on  corrosion  fatigue  crack  propagation  in 
high-strength  7075-T651  at  constant  frequency;  after  Gao,  et  al.61 


Mass  transport  and  reaction  rate  modeling,  hydrogen  embritt 
lement-The  essence  of  the  mechanistic  explanations  for  the  aque¬ 
ous  and  gaseous  environment  results  contained  in  Figures  21  to  23 
is  equivalent.  Crack  growth  per  cycle  is  assumed  to  be  proportional 
to  the  amount  of  hydrogen  generated  at  the  crack  tip  by  chemical  or 
electrochemical  reactions.  The  frequency  dependence  is  determined 
by  the  slow  rate-limiting  transport  or  reaction  process,  coupled  with 
other  fast  steps  in  the  CF  sequence.  This  subject  has  been 
extensively  investigated  by  Wei  and  coworkers.37  For  steel  in 
aqueous  chloride,  hydrogen  is  produced  by  electrochemical  reaction 
at  the  straining  crack  tip  and  in  an  amount  proportional  to  the  total 
charge  passed  per  cycle.  Electrochemical  reaction  on  the  clean  crack 
surface  is  rate  limiting.  Measurements  of  the  kinetics  of  these 
reactions  demonstrate  that  the  rise  in  the  frequency  response  in 
Figure  21  is  controlled  by  this  slow  surface-reaction  step;  lower 
frequencies  result  in  longer  exposure  time  per  cycle,  increased 
charge  passed,  and  hydrogen  produced. 37-'02-1!J8  At  sufficiently  low 
frequencies,  the  surface  reaction  per  cycle  is  complete,  with  little 
additional  hydrogen  produced  with  further  decreases  in  time;  da/dN 
is  constant.  An  alternate  explanation  based  on  hydrogen  diffusion  is 
described  in  the  section  “Corrosion  Fatigue  by  Hydrogen  Embrittle¬ 
ment.” 

For  the  aluminum-water  vapor  system,  hydrogen  is  produced 
by  water  vapor  oxidation  of  aluminum.  This  reaction  is  fast  and  not 
rate  limiting  Rather,  the  first  rise  to  saturation  in  Figures  22  and  23 
is  due  to  slow  water  molecule  transport  along  the  crack,  the 
rate-limiting  process,  and  as  influenced  by  crack  wall-molecule 
interactions  or  impeded  Knudsen  flow.  Da/dN  increases  with  de¬ 
creasing  frequency  because  the  amount  of  fast  reaction  at  the  crack 
tip  is  increased  by  increased  transport  supply  and  crack-tip 
pressure  61-129  Above  a  specific  exposure,  rates  are  insensitive  to 
frequency  (and  pressure)  because  mass  transport  is  sufficient  for  the 
surface  reaction  to  reach  completion;  da/dN  is  constant.  The  second 


rise  in  Figure  23  is  ascribed  to  slow  chemical  reaction  between  water 
vapor  and  magnesium  that  is  segregated  to  gram  boundaries  in 
aluminum  alloys.183 

For  both  systems,  the  transport  and  reaction  processes  have 
been  modeled  as  discussed  in  the  section  “Quantitative  Models  of 
Corrosion  Fatigue  Crack  Propagation.”3761  129,82 188  if  the  satura¬ 
tion  growth  rate  is  taken  as  an  adjustable  parameter,  then  the 
frequency  dependencies  shown  in  Figures  21,  22,  and  23  are 
predicted  A  specific  example  is  shown  by  the  solid  lines  in  Figures 
22  and  23;  these  are  model  predictions.61 129 

Steels  in  high-temperature  water:  film-rupture  modeling -IUq 
strong  effect  of  frequency  on  CF  crack  growth  in  "film-rupture" 
systems  is  illustrated  by  the  behavior  of  stainless  and  ferritic  C-Mn 
steels  in  elevated-temperature  water.39-71-130  Specific  data  and 
modeling  predictions  are  shown  in  Figures  14  and  24.  Here, 
moderate  AK  CF  crack  growth  rates  increase  with  decreasing 
frequency.  Notably,  however,  AKth  decreases  with  increasing  fre¬ 
quency,  as  seen  in  Figure  24(b).  Film-rupture  modeling,  summarized 
in  the  section  “Corrosion  Fatigue  by  Film  Rupture/Transient  Disso¬ 
lution."  predicts  that  da/dN  increases  with  decreasing  frequency,  as 
indicated  by  the  predicted  sets  of  power-law  lines  in  Figures  14  and 
24(a). 

For  a  given  crack-tip  strain  rate  (equivalently,  AK),  a  frequency 
exists  below  which  brittle  crack  growth  is  replaced  by  crack-tip 
blunting  by  corrosion.  This  behavior  is  approximated  by  the  shaded 
band  in  Figure  24(a).  Crack  growth  rates  cannot  be  sustained  above 
this  band,  a  threshold  stress-intensity  range  is  defined  by  the 
intersection  of  the  blunting  line  and  the  film-rupture  crack  growth  rate 
prediction.  As  shown  in  Figure  24(b),  AK:h,  defined  in  this  manner,  is 
predicted  to  decrease  with  increasing  frequency,  that  is,  with 
decreasing  time  for  blunting. 
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FIGURE  24— Effect  of  frequency  on  corrosion  fatigue  crack 
propagation  in  ASTM  A508/A533-type  steels  in  deoxygenated 
water  at  288°C:  (a)  predictions  of  the  film-rupture  model  and  (b) 
predicted  and  measured  threshold  stress-intensity  values;  after 
Ford.39 


Environment  chemical  activity 
Environment  chemistry  variables  including  temperature;  gas 
pressure  and  purity;  and  electrolyte  pH,  potential,  flow  rate,  and 
halogen  or  sulfur  ion  content  strongly  affect  rates  of  CF  crack 
propagation.  Understanding  of  these  effects  requires  that  a  specific 
chemical  variable  be  considered:  (1)  within  each  of  the  regimes  of 
stress-intensity  behavior,  (2)  as  a  function  of  loading  frequency;  and 
(3)  uniquely  for  cyclic  deformation,  crack  initiation,  microcrack 
propagation  and  long  crack  grov.-th.  This  task  is  formidable. 


Three  environment  chemistry  variables  have  been  extensively 
investigated:  (1)  water  vapor  pressure  for  aluminum  alloys,  as 
discussed  in  the  section  "Aluminum  Alloys  in  Water  Vapor,”  (2) 
solution  composition  for  stainless  or  carbon-manganese  steels  in 
high-temperature  water,  and  (3)  electrode  potential  for  steels  and 
aluminum  alloys  in  aqueous  chloride  environments.  A  fourth  case, 
gaseous  hydrogen  pressure  and  temperature  effects  on  CF  in  steels, 
is  not  well  understood. 

Stainless  and  C-Mn  ferritic  steels  in  high-temperature 
water.  Ford  and  Andresen  broadly  investigated  the  effects  of 
electrolyte  composition,  oxygen  concentration,  solution  flow,  and 
electrode  potential  on  stress  corrosion  and  CF  crack  propagation  in 
stainless  and  C-Mn  ferritic  steels  exposed  to  high-temperature  water 
environments  typical  of  nuclear  reactor  and  piping 
applications.39,70,71,136-137  Many  of  these  effects  are  explained  by 
mass  transport  and  electrochemical  analyses  of  crack  chemistry  and 
transient  repassivation  reactions,  coupled  with  the  film-rupture  model, 
as  reviewed  by  Ford.138 

Steels  and  aluminum  in  aqueous  chloride:  effect  of  elec¬ 
trode  potential.  Studies  have  been  conducted  on  the  effect  of 
electrode  potential  on  aqueous  chloride  CF  crack  initiation  and 
propagation  in  low-strength  C-Mn  and  heat-treated  alloy  steels  and  to 
a  lesser  extent  in  precipitation-hardened  aluminum  alloys. 

C-Mn  ferritic  sfee/s-For  steels  of  yield  strength  below  about 
1000  MPa,  fracture  mechanics  crack  propagation  experiments  have 
emphasized  the  moderate  AK  "plateau”  regime  (>  18  MPaVm, 
Figure  11)  and  frequencies  generally  within  the  saturation  range 
(<0.2  Hz,  Figure  21).  CF  in  this  AK-f  regime  is  cycle-time- 
dependent  below  K,scc. 

Results  from  several  laboratories  demonstrate  that  CF  crack 
growth  rates  generally  increase  with  increasing  cathodic 
polarization.58,115,122,170,173,174,178,189  Specific  data  in  Figure  25 
illustrate  this  trend  for  two  carbon-manganese  steels.  Note,  however, 
that  “plateau  AK"  crack  growth  rates  exhibit  a  minimum  at  about  200 
mV  cathodic  to  the  free-corrosion  potential. 


-600  -000  -1000  -1200 
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FIGURE  25-Effect  of  applied  cathodic  potential  on  corrosion 
fatigue  crack  propagation  In  C-Mn  steel/aqueous  chloride 
system,115  BS4360:50D  In  3%  NaCI122  or  in  seawater,58  API-2H  In 
3%  NaCI.176 
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The  behavior  shown  in  Figure  25  is  explained  based  on  HE  and 
analytical  modeling  of  crack  chemistry.  The  notion  is  that  aa/dN 
increases  with  increasing  crack-tip  hydrogen  production,  as  dis¬ 
cussed  in  the  sections  "Models  of  Occluded  Crack  Chemistry  and 
Transient  Reactions"  and  “Corrosion  Fatigue  by  Hydrogen  Embritt¬ 
lement.”  The  minima  is  explained  because  crack-tip  hydrogen  is 
produced  by  both  proton  and  water  reduction;  the  former  decreases 
with  increasing  cathodic  polarization,  while  the  latter  increases  in 
importance  for  potentials  below  about  -800  mVSCE.190-’9’ 

The  correlation  of  CF  crack  growth  rate  with  the  amount  of 
hydrogen  produced  at  the  crack  tip  and  on  surfaces  exposed  to  bulk 
electrolyte  is  suggested  by  static-load  HE  models.’92  Turnbull 
developed  analytical  predictions  of  specimen  surface  and  crack-tip 
hydrogen  production  as  a  function  of  bulk  solution  pH  and  applied 
electrode  potential.,90•'9,■193  Gangloff  correlated  K,scc  with  hydro¬ 
gen  uptak-’  from  electrolytes  and  gases  for  static  load  cracking  of 
high-strength  steels.'94-195  Such  information,  coupled  with  in  situ 
permeation  measurements  of  hydrogen  uptake  in  a  component, 
provide  a  meaningful  approach  to  control  of  cracking.57-"3  Yama- 
kawa  and  coworkers  and  DeLuccia  and  Berman  developed  hydrogen 
permeation  sensors."3-"4  Unfortunately,  this  integrated  sensor, 
crack  chemistry,  and  micromechanical  cracking  analysis  has  not 
been  applied  to  CF. 

Studies  of  the  effect  of  electrode  potential  on  CF  illustrate  an 
important  distinction  between  crack  initiation  and  propagation.  Uhlig 
and  coworkers  reported  that  CF  of  polished  specimens  of  types  1 020 
(UNS  G10200)  and  4140  steels,  exposed  to  NaCI  during  high- 
frequency  rotating-bending  "S-N"  conditions,  only  occurred  if  a 
critical  anodic  corrosion  current  was  exceeded.84'86  Typical  data  are 
presented  in  Figure  26  for  4140  steel  in  3%  NaCI  at  varying  electrode 
potentials  and  loaded  at  stress  levels  above  and  below  the  moist  air 
endurance  limit  of  379  MPa  (55  ksi).86  Mild  cathodic  polarization 
restores  this  air  endurance  limit  and  the  number  of  cycles  (4  x  105 
for  dry  air)  for  fatigue  failure  at  448  MPa.  Polarization  noble  to  a 
critical  value  degrades  both  of  these  fatigue  properties.  A  similar 
beneficial  effect  of  cathodic  polarization  was  reported  by  Rajpathak 
and  Hartt  based  on  measurements  of  CF  crack  initiation  and  early 
growth  to  a  1-mm  depth  at  the  root  of  a  notch  (see  Figure  54).'98 


FIGURE  26- Effect  of  applied  electrode  potential  on  corrosion 
fa'lguo  of  smooth,  rotating  bend  specimens  of  4140  (UNS)  steel 
(hardness  =  Rc  20)  In  3%  NaCI  (free-corroslon  potential  =  -610 
mVSCE).  Tho  dry  air  endurance  limit  is  55  ksl  and  cycles  to  (allure 
in  moist  air  at  65  ksl  equal  4  x  io5.  (1  ksl  =  6.89  MPa);  after  Leo 
and  Uhlig.88 


The  opposite  effects  of  cathodic  polarization  on  smooth  speci¬ 
men  life  and  crack  propagation  are  readily  understood.  Presumably, 
anodic  corrosion  leading  to  either  enhanced  plastic  deformation  or 
localized  pitting  is  required  for  CF  crack  initiation.1-29-36-87  Here, 
hydrogen  plays  a  secondary  role,  particularly  for  the  moderate 
potentials,  fast-loading  frequencies  and  near-threshold  stress  inten¬ 
sities  typical  of  the  smooth-specimen  studies.  Anodic  dissolution 
should  similarly  affect  near-threshold  crack  propagation  in  steels; 
however,  evidence  in  this  regard  is  lacking.  Cathodic  polarization 
enhances  moderate  AK  rates  of  CF  crack  propagation  by  the  HE 
mechanism.  Slow-loading  frequencies,  significant  plastic  straining 
and  concentrated  hydrogen  production  within  the  occluded  crack 
provide  the  basis  for  HE  as  dissolution  becomes  less  important. 

Electrode  potential  effects  on  CF  of  steels  in  marine  environ¬ 
ments  are  critical  because  of  the  requirement  to  cathodically  protect 
structures  against  general  corrosion.  Designers  have  debated  the 
effects  of  cathodic  potential  on  fatigue  cracking.’04'’07  From  the 
above  discussion  and  based  on  experiments  with  large-scale  struc¬ 
tural  components,  it  is  concluded  that  cathodic  polarization  can  be 
either  beneficial  or  deleterious  to  the  CF  resistance  of  a 
component.99-100-"0  The  specific  effect  depends  on  the  level  of 
applied  cathodic  current,  and  the  regime  of  fatigue  that  dominates 
component  life,  be  it  initiation  or  propagation. 

Precipitation-hardened  aluminum  alloys- Applied  electrode  po¬ 
tential  significantly  affects  CF  crack  propagation  u.  precipitation- 
hardened  aluminum  alloys  in  aqueous  chloride.  In  general,  CF 
cracking  occurs  at  the  free-corrosion  potential,  is  exacerbated  by 
either  anodic  polarization  or  large  cathodic  polarization,  and  is 
mitigated  by  mild  cathodic  polarization.  Mechanistic  explanations  are 
lacking. 

As  reviewed  by  Speidel  and  later  Holroyd  and  Seamans, 
fracture  mechanics  stress  corrosion  crack  growth  rates  and  slow- 
strain-rate  tensile  ductility  both  indicate  a  maximum  resistance  to 
cracking  at  potentials  that  are  mildly  cathodic  to  tho  free-corrosion 
potential  for  7000  series  aluminum  alloys  in  halogen-bearing 
solutions.66  ’97  Data  are  limited  for  2000  series  alloys;  however, 
anodic  polarization  appears  to  enhance  SCC.’97  A  similar  trend  could 
be  expected  for  CF  crack  propagation  above  KISCC;  data  in  Figure  5 
for  alloy  7079-T651  confirm  this  result.5 

Two  studies  of  cycle-time-dependent  CF  crack  propagation 
indicate  the  detrimental  effect  of  anodic  polarization  and  the  benefi¬ 
cial  effect  of  mildly  cathodic  potentials.77-126  Specific  data  are 
presented  in  Figure  27  for  an  advanced  Al-Li-Cu  alloy  (2090).’26 
Here,  CF  crack  propagation  is  enhanced  by  loading  in  1%  NaCI  with 
anodic  polarization  compared  to  growth  rates  for  either  moist  air  or 
high-purity  helium.  Cathodic  polarization  reduces  crack  growth  rates 
to  levels  typical  of  moist  air  or  lower.  Similar  results  were  reported  for 
AA  7075  by  Stoltz  and  Pelloux.77  For  the  Al-Li  alloy,  the  environ¬ 
mental  effect  Is  pronounced  near  AK,h;  here,  cracks  growing  at 
constant  AK  and  R  under  anodic  polarization  were  arrested  by 
application  of  a  cathodic  potential.  Prolonged  cycling  was  required  to 
reinitiate  crack  propagation  upon  a  second  application  of  the  anodic 
potential.’26 

Duquette  and  coworkers  reported  that  the  fatigue  lives  of 
smooth  specimens  of  AI-4Mg-2Li  and  7075  aluminum  alloys  in  NaCI 
were  maximum  at  potentials  mildly  cathodic  relative  to  free 
corrosion.62  ’98  Anodic  and  high  cathodic  polarizations  degraded  CF 
life,  much  like  the  behavior  of  4140  steel.66 

The  mechanism  for  the  effect  of  electrode  potential  on  CF  in  tho 
aluminum  alloy-chloride  system  is  complex  and  unclear.  Results  can 
be  speculatively  interpreted  in  terms  of  anodic  dissolution,  HE, 
crack-tip  blunting  by  corrosion,  surface  (ilm/dislocation  interactions, 
and  surface  film/reaction  kinetics.62  77 126  198  The  problem  in 
identifying  the  dominant  mechanism  is  that  both  dissolution  and 
hydrogen  evolution  occur  on  aluminum  over  a  broad  range  ot 
electrode  potentials.  Furthermore,  the  localized  crack  chemistry  (viz., 
pH,  potential,  and  ionic  composition)  changer,  with  varying  applied 
potential.  These  effects  have  not  been  separated  and  quantified;  as 
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such,  imaginative  arguments  can  be  constructed  from  each  of  the 
above  perspectives.  There  is  a  strong  likelihood  that  HE  contributes 
to  the  behavior  shown  in  Figure  27.’26 


FIGURE  27— Effect  of  electrode  potential  on  corrosion  fatigue 
crack  propagation  in  Al-Li  alloy  2090  in  aqueous  chloride  at 
constant  AK  and  high  mean  stress;  after  Piascik  and  Gangloff.126 


Corrosion  fatigue  of  steels  in  gaseous  hydrogen.  Nelson 
and  others  demonstrated  that  purified  gaseous  hydrogen  produces 
cycle-time-dependent  CF  crack  propagation  in  low  to  moderate- 
strength  steels  well  below  K,scc."’ 1 18  T ypical  data  are  shown  in 
Figure  It.  Ritchie  and  coworkers  demonstrated  that  H2  accelerated 
fatigue  crack  propagation  in  moderate-strength  2  1,'4Cr  IMo  and  in 
high-strength  300M  steels  for  stress  intensity  ranges  within  the  Paris 
regime.200  202  While  generally  below  K,scc,  CF  crack  growth  rates  in 
this  regime  increased  with  decreasing  loading  frequency  and  with 
increasing  R.  A  typical  example  is  reproduced  in  Figure  28.20' 

Extensive  data  were  reported  mr  gaseous  hydrogen  effects  on 
near-threshold  CF  crack  propagation  in  steels.200 20T  As  illustrated  in 
Figure  28,  AKm  is  decreased  and  growth  rates  are  increased  by 
hydrogen,  relative  to  cracking  in  moist  air,  for  low-  to  moderate- 
strength  steels,  particularly  2  IMCr-IMo.200  202,204,205  Similar  crack 
growth  rates  were  reported  for  hydrogen  arid  helium,  and  the 
environmental  effect  diminished  (or  high  mean  stress  loading, 
leading  Ritchie,  et  al„  to  conclude  that  oxide-induced  crack  closure 
dominated  fatigue.  (See  "Crack  Closure.")  In  these  experiments,  H2 
pressure  was  low  and  loading  frequency  was  high,  the  possibility  for 
HE  apart  from  reduced  closure  was  not  explored 

An  opposito  hydrogen  environment  effect  on  AK,n  was  observed 
for  high-strength  steels;  near-threshold  growth  rates  in  H2  were 
decreased  and  AKU,  was  increased  relative  to  moist  air.200  203’200,207 
Hydrogen  caused  moderate  embrittlement  relative  to  inert  environ¬ 
ments.  The  mechanism  for  this  effect  Is  unclear,  but  may  involve 
embrittler  .ent  In  moist  air  because  of  a  crack  surface  oxide  film  (see 
“Corrosion  Fatigue  by  Surface  Film  Effects")  or  high-activity  hydro¬ 
gen  production  by  oxidation  and  perhaps  capillary  condensation  of 
water  in  moist  air.  Alternately,  hydrogen  could  produce  enhanced 
crack-tip  plasticity  and  surface  roughness,  leading  to  a  beneficial 
effect  of  crack  closure,  which  dominates  a  chemical  embrittlement 
effect. 

There  is  a  notable  lack  of  data  for  moderate-strength  steels 
below  K|SCC  and  that  omphasize  the  effects  of  H2  pressure,  temper¬ 
ature.  and  environment  impunties  on  CF.  Such  experiments  and 
associated  comparisons  with  surface  reaction  kinetics  could  lead  to 
better  understanding  of  tho  mechanisms  for  hydrogen  effects  in 
CF.37 


Brazill  and  coworkers  characterized  the  effect  of  hydrogen 
sulfide  pressure  (PHjS)  on  CF  crack  propagation  in  2 1/4Cr-1  Mo  steel 
at  room  temperature  for  several  relatively  high-stress-intensity  range 
levels.151  Growth  rates  increased  with  increasing  PHjS  and  reached 
a  saturation  plateau,  analogous  to  that  illustrated  in  Figure  23  for 
high-strength  aluminum  alloys  in  water  vapor.  The  relationship 
between  da/dN  and  pressure  was  predicted  quantitatively  based  on 
a  model  of  fast  surface  reaction-gas  transport  control  at  low  PHi.s  and 
of  fast  transport-slow  “second  step”  surface  reaction  control  at  high 
pressures  of  hydrogen  sulfide.151 

Several  studies  have  shown  that  hydrogen,  environment  com¬ 
position  critically  affects  rates  of  CF  crack  propagation  in  steels. 
Molecules  such  as  CO  or  02  preferentially  adsorb  on  clean  crack 
surfaces,  block  or  "poison”  dissociative  chemisorption  of  H2,  and 
accordingly  reduce  rates  of  CF  crack  propagation.  This  effect  was 
demonstrated  by  the  pioneering  work  of  Johnson  on  4340  steel  (see 
Figure  6s4)  and  later  by  Nelson115  and  Cialone,  et  al., 117,199  for 
carbon-manganese  steels. 

Gangloff  established  that  certain  hydrocarbon  molecules  miti¬ 
gate  CF  crack  propagation  in  steels  exposed  to  otherwise  pure  H^208 
Data  are  shown  in  Figure  29.  Relative  to  helium,  low-pressure 
gaseous  hydrogen  accelerates  fatigue  crack  propagation  in  moderate- 
strength  (<xys  =  1 030  MPa,  Rc  36)  type  4340  steel  at  constant  AK  and 
1  Hz.  The  addition  of  equal  partial  pressures  of  saturated  hydrocar¬ 
bons  such  as  methane  (CH4)  and  ethane  (C2H6)  had  no  effect  on 
hydrogen-enhanced  fatigue  cracking  rates.  In  contrast,  ethylene 
(C2H4)  with  unsaturated  double  carbon  bonding  inhibited  ^-en¬ 
hanced  crack  growth,  albeit  not  completely  relative  to  pure  helium. 
Frandsen  and  Marcus  reported  a  beneficial  effect  of  acetylene  (C2H2) 
on  hydrogen  enhanced  fatigue  of  a  high-strength  steel.209 

The  mechanism  for  the  beneficial  effect  of  hydrocarbons  on 
hydrogen  cracking  involves  surface  reaction  between  ethylene  or 
acetylene  and  adsorbed  hydrogen,  where  the  concentration  of  the 
latter  is  reduced  by  the  formation  of  inert  methane  The  prerequisite 
for  reactive  gettering"  of  otherwise  embrittling  hydrogen  is  double  or 
triple  carbon-carbon  bonds  in  the  hydrocarbon  that  are  catalytically 
split  to  combine  with  adsorbed  hydrogen,  a  process  likely  for  ethylene 
and  acetylene  at  300“K.  Molecules  such  as  methane  or  ethane  have 
single  vor  saturated)  carbon  bonding  and  do  not  react  with  atomic 
hydrogen.  Hydrocarbon  molecules  could  also  competitively  chemi 
sorb  and  reduce  hydrogen  uptake  by  a  blocking  mechanism 

Data  in  Figure  29  show  that  pure  environments  embrittle  steel 
according  to  the  declining  order  of  effect  on  da/dN: 


H2  >  C2H4  >  C2H6  >  CH4  »  He 


The  embrittling  potency  of  these  gases  is  understood  qualitatively 
based  on  the  ease  with  which  the  molecule  will  dissociatively 
chemisorb  to  produce  embrittling  atomic  hydrogen  on  the  clean  crack 
surface. 


Yield  strength 

To  date,  no  systematic  fracture  mechanics  data  have  been 
reported  to  demonstrate  an  effect  of  yield  strength,  either  monotonic 
or  cyclic,  on  CF  crack  propagation  below  K|SCC.  This  variable  is  not 
well  understood. 

For  benign  environmental  conditions  including  moist  air,  exper¬ 
imental  measurements  indicate  that  yield  strength  has  little  offect  on 
rates  of  fatigue  crack  propagation  within  the  Paris  regime.  Threshold 
stress  intensity  is  either  constant  or  mildly  decreases  with  increasing 
yield  strength  for  high  mean  stress-intensity  loading  where  crack- 
closure  effects  are  minimal.200,202  At  low  R,  AKm  decreases  strongly 
with  increasing  strength,  largely  because  of  strength  effects  on  crack 
closure.201 
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AK  (kti./In) 


ALTERNATING  STRESS  INTENSITY  (MPov'm) 


FIGURE  28— Corrosion  fatigue  crack  propagation  in  2 1/4Cr-1Mo  steel  in  low-pressure  gaseous 
hydrogen  at  room  temperature;  after  Suresh  and  Ritchie.201203 


STRESS  INTENSITY  RANGE  (MPo*m,/J) 


FIGURE  29— Fatlguo  crack  propagation  rate  data  for  high- 
strength  4340  (UNS  G43400)  steel  (Rc  36)  In  hydrogen-hydro- 
carbon  gases  at  constant  AK  and  frequency;  after  Gangloff,508 


Micromechanical  modeling  (see  ‘‘Models  of  Crack-Tip  Mech¬ 
anics  . . .”)  indicates  that  the  process-zone  size  and  the  cyclic  plastic 
strain  distribution  within  the  crack-tip  plastic  zone  decrease  with 
increasing  yield  strength;  fatigue  crack  extension  by  damage  accu¬ 
mulation  accordingly  decreases  and  AKth  increases  with  increasing 
strength.2'0,211  These  effects  are  predicted  to  be  small  and  may  be 
dominated  by  microstructural  changes  (e.g.,  grain  size),  which  are 
used  to  vary  strength. 

Yield  strength  is  a  primary  variable  that  influences  environmen¬ 
tal  cracking  lor  monotonic  loading.  For  many  material-environment 
systems,  for  example,  ferritic  steels  in  hydrogen-producing  gases 
and  electrolytes,  K,scc  decreases  and  da/dt  values  increase  with 
increasing  strength.195  CF  crack  propagation  above  K,scc  will  be 
accordingly  exacerbated  by  increasing  yield  strength,  as  predicted  by 
linear  superposition. 

A  striking  example  ol  the  lack  of  a  strong  yield  strength  effect  on 
cycle-time-dependent  CF  crack  propagation  is  shown  in  Figures  30 
and  31  for  ferritic  steels  In  aqueous  chloride  with  applied  cathodic 
polarization  and  at  low  loading  frequency.  (The  effects  of  these 
parameters  are  shown  in  Figures  21  and  25.)  Since  CF  is  attributed 
(o  HE,  a  yield  strength  effect  could  be  expected.  Rather,  data  in 
Figure  30  show  an  essentially  constant  environmental  effect  for 
steels  that  vary  in  monotonic  yield  strength  from  390  MPa 
(BS4360:50D)  to  1080  MPa  (Ni-Cr-Mo).115  Crack  growth  rates  at  a 
"plateau"  stress-intensity  range  of  23  MPaVm  are  plotted  in  Figure 
31  for  each  steel  in  Figure  30.  CF  crack  growth  rates  are  five  to  eight 
times  faster  than  the  yield-strength-independent  value  for  moist  air; 
however,  no  trend  is  observed  for  cyclic  yield  strengths  from  190  to 
870  MPa.  The  data  in  Figures  30  and  31  were  collected  from  the 
results  of  eight  laboratories;  differences  in  da/dN  are  reasonably 
attributed  to  interlaboratory  variability.  (Note  the  cross-hatched 
region  for  API-2H,  which  shows  the  range  ol  CF  crack  growth  rates 
determined  by  a  single  laboratory  on  five  separate  specimens. 
Similar  replicate  data  are  shown  for  X65.  This  variability  is  of  the 
same  order  as  the  strength  effect  in  Figure  31.) 

While  the  data  in  Figures  30  and  31  suggest  that  yield  strength 
is  not  a  critical  variable  in  CF,  much  work  remains.  For  steels  in 
chloride,  no  single  study  has  been  reported  in  which  yield  strength  is 
systematically  varied  and  CF  characterized  for  constant  chemical 
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and  loading  conditions  within  the  threshold  and  “plateau”  AK  regions 
and  as  a  function  of  frequency.  Other  alloy-environment  systems 
must  be  investigated  to  examine  strength  effects  for  dissolution  and 
film-rupture-based  CF.  A  micromechanical  damage  model  must  be 
developed  to  predict  the  effect  of  yield  strength  and  work-hardening 
behavior  on  CF  crack  growth  rate.  Finally,  studies  of  yield  strength 
effects  must  cope  with  concomitant  variations  in  microstructure.  For 
the  steels  in  Figure  31,  significant  microstructural  variations  were 
necessary  to  develop  the  yield  strength  differences.  Yield  strength 
and  microstructure  effects  on  CF  must  be  separated,  to  the  extent 
possible. 


FIGURE  30— Corrosion  fatigue  crack  propagation  In  steels  of 
varying  yield  strength  and  mlcrostructuro  In  3.5%  NaCI  at 
constant  cathodic  potential  and  low  loading  frequency;  after 
Krlshnamurthy,  et  al.,,s 


Microstructure 

Similar  to  yield  strength,  microstructural  effects  on  CF  crack 
propagation  have  received  limited  attention.  Several  examples  are 
discussed,  Including  steels  In  aqueous  chloride  and  Hz,  aluminum 
alloys  in  aqueous  chloride,  and  stainless  and  carbon  steels  in  high- 
temperature  water. 

Ferritic  steels  In  aqueous  chloride  and  gaseous  hydrogen. 
For  ferritic  C-Mn  and  heat-treated  alloy  steels  in  aqueous  chloride 
with  cathodic  polarization,  data  in  Figure  31  indicate  no  systematic 
effect  of  microstructure  on  CF  crack  propagation.  This  conclusion  is 
confirmed  by  an  investigation  summarized  in  Figure  32.178  A  C-Mn 
steel  was  heat  treated  to  produce,  in  order  of  heat  treatment  on  the 
figure,  tempered  martensite  of  two  prior  austenite  grain  sizes,  upper 
and  lower  bainite,  and  dual-phase  ferrite  +  martensite  with  two 
martensite  volume  fractions  These  heat  treatments  produced  a 
constant  monotonic  yield  strength  of  760  MPa,  based  on  measured 


hardness  of  Rc  27  ±  2.  These  variations  in  microstructure  have  no 
effect  on  CF  crack  propagation  for  constant  applied  cathodic 
potential  and  low  loading  frequency.  CF  crack  growth  rates  for  these 
API-2H  microstructures  are  in  good  agreement  with  the  behavior  of 
normalized  BS4360:50D  C-Mn  steel  of  ferrite-pearlite  microstructure. 
(The  shaded  band  in  Figure  32  represents  CF  in  BS4360:50D 
reproduced  from  Figure  11.) 

Jones  reported  that  two  quenched  and  tempered  steels  exhibit 
reduced  CF  crack  growth  rates  compared  to  lower-strength  normal¬ 
ized  microstructures  for  seawater  at  the  free-corrosion  potential  of 
-650  mVSCE.186  Literature  results  support  this  conclusion  as  shown 
in  Figure  33.1 15,186  Here,  quenched  and  tempered  HY130,  EN5,  and 
Q1 N  show  CF  at  reduced  rates  compared  to  normalized  or  controlled 
rolled  (ferrite-pearlite)  EN5  and  X65.  Since  the  yield  strengths  of  the 
ferrite-pearlite  steels  vary  between  300  and  450  MPa,  while  the 
tempered  martensitic  steels  are  of  strengths  between  600  and  950 
MPa,  the  contributions  of  yield  strength  and  microstructure  in  Figure 
33  are  not  understood. 

Similar  to  aqueous  chloride,  only  limited  studies  have  been 
conducted  on  fatigue  crack  propagation  in  carbon  or  alloy  steels 
exposed  to  gaseous  hydrogen.  Wachob  and  Nelson  observed  that 
AK,h  increases  with  increasing  yield  strength  and  grain  size  for  A516 
steel  in  both  moist  air  and  high-pressure  hydrogen.212  These  results 
may  be  explained  based  on  extrinsic  crack-closure  effects  (see 
“Crack  Mechanics”)  and  do  not  clearly  indicate  an  effect  of  strength 
or  microstructure  on  intrinsic  HE.  Cialone,  et  al„  showed  that  CF 
da/dN  in  gaseous  hydrogen  decreases  dramatically  for  high-carbon 
steels  containing  pearlitic  carbide  and  compared  to  pure  iron  or 
low-carbon  steel.199  The  authors  speculated  that  carbide  hinders 
hydrogen  uptake,  similar  to  the  poisoning  effect  of  CO  discussed  in 
the  section  “Corrosion  Fatigue  of  Steels  in  Gaseous  Hydrogen.” 

Temper  embrittlement  in  steels,  involving  metalloid  impurities 
segregated  at  prior  austenite  grain  boundaries,  is  a  well-known 
promoter  of  gaseous  and  aqueous  environment  HE  for  static 
loading.213  Hippsley  demonstrated  a  similar  deleterious  effect  of  this 
metallurgical  variable  for  cyclic  loading  of  2  1/4Cr-1Mo  steel  in 
gaseous  hydrogen.214  Results  in  Figure  34  show  that  quenched  and 
tempered  steel  with  little  or  no  impurity  segregation  (Material  L; 
austenitized  at  960’C,  quenched,  tempered  at  600°C;  monotonic 
yield  strength  of  510  MPa)  exhibits  a  hydrogen  environment  effect 
compared  to  vacuum,  particularly  at  higher  AK.  CF  crack  growth  was 
along  prior  austenite  grain  boundaries.  Notably,  so-called  reversible 
temper  embrittlement  due  to  1000-h  heating  at  500°C  of  Material  L 
(Material  LE;  monotonic  yield  strength  of  530  MPa)  caused  a  further 
increase  in  CF  crack  propagation  rates,  particularly  near  AKm  and  for 
moderate  Paris  regime  stress  intensities.  Temper  embrittlement  also 
affects  fatigue  crack  propagation  in  moist  air,  with  equivalent  growth 
rates  observed  for  each  heat  treatment  stressed  cyclically  in  vacuum. 
The  magnitude  of  the  hydrogen  effect  in  CF  was  correlated  with 
increased  percentages  of  intergranular  fracture  and  increased  phos¬ 
phorus  segregation  to  prior  austenito  grain  boundaries. 

Hippsley  also  reported  a  strong  deleterious  effect  of  so-called 
one-step  temper  embrittlement,  caused  by  low-temperature  temper¬ 
ing  at  300  to  500'Cnf  material  austenitized  at  960°C  and  quenched.214 
H2  increased  rates  of  CF  for  as-quenched  steel  (yield  strength  of  960 
MPa),  but  substantially  higher  rates  of  crack  propagation  were 
reported  for  the  tempered  steel  (yield  strength  of  890  to  1000  MPa). 
Crack  growth  was  transgranular  anc  associated  with  precipitate 
effects  on  crack-tip  plasticity  and  fracture. 

This  study  of  the  H2-temper  embrittlement  Interaction  during 
fatiguo  was  limited  to  a  single  loading  frequency  (10  Hz),  hydrogen 
pressure,  and  mean  stress.  Additional  work  is  required  to  explore  this 
metallurgical  effect  for  slower  frequencies  that  allow  increased  time 
for  chemical  effects,  for  higher  hydrogen  environment  activities,  and 
for  higher  stress  ratios  that  eliminate  the  complicating  effect  of  crack 
closure. 
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FIGURE  31— Effect  of  steel  yield  strength  and  microstructure  on  corrosion  fatigue  crack 
propagation  rate  at  constant  cathodic  potential,  AK,  and  frequency,  from  Figure  30;  after 
Krlshnamurthy,  et  al.115 


STRESS  INTENSITY  RANGE  (MPaVrri) 


?IGURE  32— Effect  of  microstructure  on  corrosion  fatigue  in 
C-Mn  steoi  heat  treated  for  constant  yield  strength  {760  MPa) 
and  stressed  at  either  constant  AK  or  constant  load  In  aqueous 
3%  NaCI  with  cathodic  polarization;  after  Gangioff,  Koo,  and 
Marzlnsky.178 


FIGURE  33— Effect  of  microstructure  and  yield  strength  on 
corrosion  fatigue  crack  propagation  In  C-Mn  and  alloy  steels  In 
seawater,  freely  corroding  at  -675  mVSCE;  after  Jones.188 
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FIGURE  34— Effect  of  temper  embrittlement  on  H2-enhanced 
fatigue  crack  propagation  in  2  1/4Cr-1Mo  steel.  Material  L  is  not 
temper  embrittled,  while  LE  was  heat  treated  for  reversible 
temper  embrittlement  (10  Hz,  R  =  0.30);  after  Hippsley.2’4 

Aluminum  alloys  in  aqueous  chloride.  Despite  extensive 
work  on  microstructural  effects  on  SCC  in  precipitation-hardened 
aluminum  alloys,66  microstructure-CF  properties  relations  have 
received  limited  attention.  Lin  and  Starke  demonstrated  the  effect  of 
alloy  copper  content  on  CF  crack  propagation  in  four  AI-6Zn-2Mg-Cu 
alloys,  hea>  treated  to  either  peak  yield  strength  (T651 . 480  to  550 
MPa)  or  overaged  )T7351 . 400  to  460  MPa).215  CF  experiments  were 
conducted  in  distilled  water  at  a  frequency  of  10  Hz  and  R  -  0.10. 
As  shown  in  Figure  35,  normalized  CF  growth  rate  decreased  with 
increasing  copper  content,  predominantly  for  the  peak  age  condition 
and  intermediate  AK.  These  results  were  explained  based  on  the 
damaging  interaction  between  absorbed  hydrogen  and  localized 
planar  slip  within  the  crack  tip  cyclic  plastic  zone.  Planar  slip  is 
eliminated  by  increased  copper  and  by  overaging,  factors  that  both 
reduce  precipitate  coherency  and  increase  precipitate  looping  by 
dislocations  to  homogenize  plastic  deformation.  These  authors  did 
not  consider  the  effects  of  copper  and  precipitate/precipitate-free 
zone  sizes  on  the  electrochemical  activity  of  precipitates  (presuming 
that  distilled  water  is  sufficiently  impure  to  be  an  electrolyte),  on  crack 
chemistry,  and  on  hydrogen  uptake.  Nonetheless,  this  work  provides 
a  hypothesis  (or  the  superior  CF  resistance  of  copper-bearing  2000 
aluminum  alloys  compared  to  7000  series  materials  (see  Figure  12). 


FIGURE  35- Effect  of  copper  content  and  aging  treatment  on 
corrosion  fatigue  crack  propagation  In  AI-6Zn-2Mg  exposed  to 
distilled  water  (10  Hz,  R  =  0.10);  after  Lin  and  Starke.215 


Steels  in  hlgh-temperature  water.  Two  metallurgical  variables 
are  pertinent  to  CF  crack  propagation  in  ferrous  alloys  exposed  to 
elevated-temperature  pressurized  water.  Sensitization,  that  is,  near¬ 
grain-boundary  chromium  depletion  because  of  carbide  precipitation, 
induces  intergranular  SCC  in  austenitic  stainless  steels.  Sulfide 
inclusions  affect  environmental  cracking  of  C-Mn  ferritic  steels. 

For  304-type  stainless  steels,  data  and  modeling  show  that  CF 
crack  growth  rates  are  increased  by  sensitization.  The  da/dN-AK 
relationships  in  Figure  14  are  reduced  by  up  to  a  factor  of  five  for 
annealed  and  quenched  (EPR  <  1  C-cm-2)  compared  to  sensitized 
(EPR  =  15  C  cm-2)  stainless  steel.137  Other  results  show  that 
sensitization  enhances  crack  growth  kinetics  by  up  to  20  to  30  times 
for  lower  strain  rates  and  more  aggressive  environmental 
conditions.216 

High  da/dN  levels  resulting  from  sensitization  and  aggressive 
environmental  or  mechanical  conditions  correlate  with  intergranular 
CF  crack  propagation.  Slower  growth  rates  for  nonsensitized  stain¬ 
less  steel  correlate  with  transgranular  cracking.  If  the  environment  is 
mildly  embrittling,  transgranular  crack  growth  occurs  independent  of 
the  degree  of  sensitization.  Andresen  and  coworkers  argue  that 
these  differences  are  predictable  based  on  the  decreased  rates  of 
transient  repassivation  and  enhanced  anodic  dissolution  for  chromium- 
depleted  regions  of  sensitized  steels. 

The  sulfur  content  of  ferritic  pressure  vessel  steels  is  a  critical 
metallurgical  variable  that  influences  CF  crack  initiation  and 
propagation.39  Data  presented  in  Figure  36  demonstrate  that  high- 
sulfur  content  A533B  or  A508  steels  crack  in  CF  at  over  an  order  of 
magnitude  faster  rates  than  low-sulfur  heats  for  stagnant,  low- 
oxygen,  pressurized  water  at  288”C.  The  mechanism  for  the  delete¬ 
rious  effect  of  sulfur  is  based  on  dissolution  of  MnS  inclusions 
intersected  by  the  growing  CF  crack.  Sulfur  ions  are  introduced  into 
the  occluded  crack  solution  and  increase  the  amount  of  anodic 
current  passed  during  repassivation  of  crack  tip  surfaces.  By  the  film- 
rupture  concept,  this  chemical  action  increases  rates  of  CF  cracking.39 
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FIGURE  36- Effect  of  steel  sulfur  content  on  corrosion  fatigue 
crack  propagation  In  A533B  and  A508  in  hlgh-temperature, 
pressurized  stagnant  water  with  low  dissolved  oxygen  (R  = 
0.20);  after  Ford.39 
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The  deleterious  effect  of  MnS  inclusions  is  only  observed  for 
certain  bulk  environment  chemistries  that  favor  high  levels  of 
dissolved  S-2  at  the  crack  tip.’39  Ford  argues  that  such  conditions 
include  either  turbulent  high  dissolved  oxygen  water  (BWR)  or 
stagnant  solutions  of  any  02  level.39  Sulfur  ions  are  also  concen¬ 
trated  at  crack  tips  in  low-sulfur  steels  exposed  to  stagnant,  high-02 
water  but  not  to  stagnant  low-02  water.  These  relationships  illustrate 
the  complexities  associated  with  unambiguous  definitions  of  metal¬ 
lurgical  effects  on  CF  crack  propagation. 

Microscopic  corrosion  fatigue  crack  path.  Determinations  of 
CF  crack  paths  through  microstructures  and  associated  surface 
features  are  critical  to  understanding  cracking  mechanisms  and 
metallurgical  effects.  An  example  of  this  approach  for  the  steel-moist 
air  system  was  provided  by  Roven.210  Such  detailed  study  has  not 
been  applied  to  the  CF  problem.  Nonetheless,  two  CF  cases  have 
been  investigated:  aluminum  alloys  in  chloride  or  water  vapor,  and 
ferritic  steels  in  aqueous  chloride. 

Aluminum  alloys  in  water  vapor  and  aqueous  chloride  - 
Fatigue-environment  interactions  produce  a  variety  of  complex 
fracture  surface  morphologies  in  aluminum  alloys.  Gudladt  and 
coworkers  demonstrated  that  hydrogen  from  water  vapor-aluminum 
reaction  causes  intergranular  cracking  and  promotes  rates  of  Stage 
I  fatigue  crack  growth  along  persistent  slip  bands  and  transgranular 
Stage  II  crack  growth.2'7'2'9  Since  these  studies  were  conducted  on 
single  and  bicrystals  of  high-purity  Al-Zn-Mg,  the  proportions  and 
absolute  rates  of  each  fracture  process  were  determined  and 
demonstrated  to  depend  on  applied  AK,  water  vapor  pressure, 
grain-boundary  orientation,  and  slip  mode  controlled  by  the  extent  of 
aging. 

For  sub-K|SCC  transgranular  fatigue  cracking  in  7000  series 
aluminum  alloys,  Stoltz  and  Pelloux  demonstrated  the  occurrence  of 
"ductile"  striations  typical  of  crack  propagation  in  inert  dry  air  and 
certain  benign  aqueous  environments,  and  “brittle"  striations  for 
fatigue  in  NaCI  with  anodic  polarization,  as  first  reported  by 
Forsyth.77,220  Ductile  striations  are  attributed  to  crack  advance  by 
multiple  shear  and  tip  blunting,  particularly  in  microstructures  where 
planar  slip  was  not  localized.  Brittle  striations  are  attributed  to 
environment-induced  cleavage  along  {100}  planes  in  the  fee  alumi¬ 
num  lattice.  Similar  results  were  reported  by  Feeney,  et  al.,  for 
7075-T6;  intergranular  CF  cracking  in  2024-T3  was  also  reported.95 

Gao,  Pao,  and  Wei  reported  crystallographic  CF  cracking 
parallel  to  {100}  planes  in  7075-T651  aluminum  exposed  to  water 
vapor.6'  Brittle  crack  facets  contained  fine  striations  that  were 
parallel  to  either  <100>  or  <11 0>  directions.  This  finding  was 
correlated  with  the  rate-limited  and  saturation  regimes  of  the  expo¬ 
sure  parameter  (Figure  23).  At  lower  pressures  of  H20  or  for  crack 
growth  in  gaseous  oxygen,  the  fracture  surface  features  were  not 
crystallographic,  but  rather  were  flat  and  featureless  with  evidence  of 
ductile  tearing. 

CF  crack  propagation  in  advanced  Al  Li  alloys  (e.g  .  Figure  27) 
proceeds  by  a  variety  of  microscopic  mechanisms,  as  outlined  by 
Piascik.22'  Crack  growth  In  vacuum,  helium,  and  oxygen  occurs 
entirely  by  slip-plane  cracking  producing  large  facets  parallel  to  (1 1 1} 
pianos.  For  moist  air,  pure  water  vapor,  and  aqueous  chloride,  CF  at 
moderate  AK  involves  slip  band  cracking  and  inter  subgrain-boundary 
fracture.  At  low  AK  near  threshold,  CF  is  predominantly  by  cleavage 
along  {100}  planes.  The  change  in  environmental  fracture  mocha 
msm  with  decreasing  AK  is  attributed  to  reduced  cyclic  plastic  zone 
size,  cleavage  is  promoted  when  plasticity  is  contained  within  a  single 
subgrain,  while  subboundary  fracture  occurs  when  defoimation  is 
distributed  over  several  grains. 

Ferritic  steels  in  aqueous  chloride  -  Procter  and  coworxers 
conducted  quantitative  fractographic  analyses  ol  CF  in  X65  steel 
exposed  to  3.5%  NaCI  with  cathodic  polarization.119  Crack  growth  rate 
data  for  this  steel  are  equivalent  to  the  results  for  API-2H  steel  in 
Figure  32  and  BS<1360,50D  in  Figure  11.  Environmental  cracking  is 
characterized  by  a  vanety  of  microscopic  processes,  including 
intergranular  separation,  transgranular  cleavage,  brittle  and  ductile 
striation  formation,  and  ductile  tearing.  The  proportions  of  these 
features  depend  on  AK  and  frequency  (Figure  37). 
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FIGURE  37- Quantitative  fractographic  results  for  corrosion 
fatigue  In  controlled  rolled  X65  steel  In  3%  NaCI  (-1000  mVECE; 
R  =  0.15).  (a)  Intergranular  cracking  along  ferrite  grain  bound¬ 
aries,  air  and  chloride,  and  (b)  transgranular  cleavage  with 
brittle  striations;  after  Hinton  and  Procter.59 

Intergranular  cracking  along  ferrite  grains  dominates  CF  in  the 
low  AK,  steeply  rising  portion  of  the  da,dN  AK  relationship.  Fatigue 
crack  propagation  in  moist  air  produces  a  reduced  amount  of 
intergranular  separation  at  low  AK.  Crack  growth  in  the  plateau 
regime  is  largely  by  cleavage  of  uncertain  crystallography  but 
produces  a  facet  about  equal  to  the  ferrite  gram  size.  The  proportion 
of  cleavage  increases  with  decreasing  frequency  and  parallels 
increases  in  CF  crack  growth  rate.  Brittle  striations  are  present  on 
cleavage  facets,  indicating  discontinuous  crack  propagation.  Fatigue 
in  a, r  at  plateau  AK  levels  produces  ductile  transgranular  striated 
fracture  surfaces.  Ductile  fracture  processes  dominate  at  high  AK 
lovels. 

Apart  from  usage  in  failure  analyses,  fractogiaphic  results  of  the 
type  shown  in  Figure  37  provide  important  indications  on  the 
mechanisms  foi  CF.  For  the  steel  -aqueous  chloride  system,  inter 
granular  and  cleavage  Clacking  were  interpreted  as  a  result  of  the 
entry  of  cathodically  evolved  hydrogen.59  The  AK  induced  transition 
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from  intergranular  to  cleavage  cracking  may  depend  on  increasing 
plastic-zone  size  beyond  the  ferrite  grain  size  and  on  increasing 
deformation-based  hydrogen  production  and  transport.  Alternately, 
intergranular  cracking  appears  to  dominate  when  sufficient  hydrogen 
is  available  at  the  crack  tip,  while  transgranular  cleavage  occurs  for 
those  AK  and  frequency  conditions  where  da/dN  is  limited  by  the 
electrochemical  production  and  mass  transport  of  atomic  hydrogen. 


Miscellaneous 

Additional  variables  often  unexpectedly  affect  CF  crack  propa¬ 
gation.  As  suggested  by  Staehle,  a  material-environment  system 
should  be  assumed  prone  to  environmental  fracture  until  proven 
otherwise.222 

Temperature.  Elevated-temperature  environments  are  likely  to 
promote  rates  of  fatigue  crack  propagation  by  various  oxidation  and 
hot  corrosion  processes  and  by  time-dependent  plastic  deformation. 
This  important  class  of  CF  problems  is  reviewed  by  Pineau.4 
Moderate-temperature  effects  on  aqueous  or  gaseous  CF  are 
considered  here.  Temperature  should  influence  CF  crack  propaga¬ 
tion  through  effects  on  mass  transport  and  electrochemical  or 
chemical  reaction  kinetics.  It  is  surprising  that  the  effect  of  temper¬ 
ature  has  received  limited  attention. 

Marcus  and  coworkers  demonstrated  that  fatigue  crack  growth 
rates  in  a  high-strength  steel  and  Nickel-200  exposed  to  low- 
pressure  gaseous  hydrogen  increase  with  increasing  temperature, 
exhibit  a  maximum  near  300°K,  and  then  decline  at  higher 
temperatures.74,209  Specific  data  for  steel  are  shown  in  Figure  38. 
This  behavior  is  consistent  with  temperature-hydrogen-pressure 
effects  on  monotonic  load  crack  growth  rates  for  high-strength  steels 
in  Hj223  and  with  the  general  maximum  in  a  variety  of  hydrogen 
environment  embrittlement  phenomena  near  ambient  temperature.195 

The  results  in  Figure  38  indicate  that  hydrogen  uptake  and 
transport  through  the  plastic  zone  are  maximized  at  a  specific 
temperature.  At  very  low  temperatures,  dissociative  chemical  ad¬ 
sorption  to  produce  hydrogen  atoms  is  rate  limiting  and  is  thermally 
activated.  At  higher  temperatures,  hydrogen  entry  may  be  reduced 
by  enhanced  recombination  of  hydrogen  atoms  to  form  desorbed  H2, 
by  elimination  of  an  adsorbed  precursor  to  chemisorption  of  H,  by  a 
surface  phase  transformation,  or  by  thermal  detrapping  of  dissolved 
hydrogen.223  While  these  processes  are  debated  for  monotonic 
loading,  no  substantial  studies  of  the  gaseous  hydrogen  fatigue  crack 
propagation  case  have  been  reported. 

Vosikovsky  and  coworkers  reported  that  reduced  temperature 
between  300  and  273°K  resulted  in  up  to  a  fourfold  increase  in  CF 
crack  growth  rates  for  the  ferritic  steel-seawater  system  illustrated  in 
Figure  1 1 .224  Nakai,  et  al.,  showed  that  CF  crack  growth  rates  for  the 
Ni-Cr-Mo-V  steel-0.3  N  Na2S04  system  increased  with  increasing 
temperature.'88  This  effect  was  explained  based  on  temperature- 
enhanced  rates  of  electrochemical  reaction  on  clean  crack  surfaces 
to  produce  embrittling  hydrogen. 

Biologically  induced  corrosion.  Biologically  generated  sulfur 
ions  promote  CF  of  steels  m  aqueous  electrolytes.  This  result  is 
consistent  with  a  large  body  ol  liteiature  that  demonstrates  the 
deleterious  effect  of  sulfur  bearing  environments  on  HE  systems. 

Sulfur  species  enhance  hydrogen  uptake  from  electrolytes  by 
adouibiriy  on  metal  surfaces  to  retaid  the  recombination  of  hydrogen 
atoms  to  loim  molecules  that  would  otherwise  leave  the  surface.  As 
a  result,  the  proportion  of  cathodically  produced  hydrogen  atoms  that 
enters  the  metal  increases.  SCC  of  steels  is  exacerbated  by  sulfut 
ions  in  electrolytes  and  by  H2S  additions  to  gaseous  environments.’9' 
H2S  dissolved  in  seawater  enhances  CF  crack  propagation  in  steel, 
as  shown  in  Figure  1 1.""  A  similar  effect  was  demonstrated  for  H2S 
dissolved  in  crude  oil.’9372'  H2S  gas  is  a  potent  embrittler  of 
low-strength  alloy  steels  for  fatigue  loading.151 

Biologically  onhanced  CF  of  C  Mn  steels  in  seawater  was 
recently  demonstrated  by  Thomas  and  coworkers  and  by  Cowling 
and  Appleton.’72  226  227  Typical  data  are  presented  in  Figure  39.  The 


steel,  RQT  501  (oys  =  470  MPa,  Fe-0.18C-1.5Mn),  exhibits  en¬ 
hanced  rates  of  fatigue  crack  propagation  in  seawater  containing 
between  75  and  450  wt  ppm  of  H2S  formed  by  bacterially  stimulated 
decomposition  of  marine  algae.228  These  results  are  indicated  by  the 
data  points  for  fatigue  loading  at  R  =  0.7  and  0.167  Hz.  The  solid  line 
represents  crack  growth  in  natural  seawater,  while  the  dashed  line 
gives  dadN-AK  for  H2S  gas-saturated  (520  wt  ppm)  seawater,  see 
Figure  1 1 .  Cowling  and  Appleton  reported  similarly  high  levels  of  CF 
crack  growth  for  BS4360:50D  C-Mn  steel  in  anaerobic  artificial 
seawater  containing  a  culture  of  sulfate-reducing  bacteria  harvested 
from  the  Lower  Clyde  Estuary  in  England.122 


TEMPERATURE  °F 


FIGURE  38— Temperature  dependence  of  H2-asslsted  fatigue 
crack  propagation  In  high-strength  HP-9-4-20  steel  at  constant 
AK  and  frequency;  after  Frandsen  and  Marcus.209 

The  effect  of  biologically  generated  H2S  should  be  quantitatively 
modeled  based  on  hydrogen  uptake  characterized  by  permeation 
experiments.  Dissolved  hydrogen  should  be  related  to  CF  crack 
propagation  rate  and  independent  of  the  chemical  or  electrode 
potential  stimulation  of  atomic  hydrogen  production.  This  approach 
will  Do  complicated  by  crack  chemistry  effects  of  the  type  discussed 
in  the  Aqueous  Electrolytes.  Active  Steels  in  Chloride-Crack 
Chemistry  Modeling  section  and  by  biological  effects  on  crack  tip 
anodic  dissolution  and  hydrogen  recombination  reactions.  This  pos 
sibility  is  indicated  by  the  fact  that  higher  crack  growth  rates  are 
observed  for  H2S  gas  saturated  chloride  compared  to  biologically 
active  solution  at  the  same  dissolved  sulfide  ion  concentration.’22  228 

Biologically  enhanced  CF  is  an  infant  field.  The  rapid  crack 
growth  rates  indicated  in  Figure  39  —id  the  possibilities  for  organic 
species  to  be  present  in  marine  and  mdustual  environments  suggest 
that  this  problem  will  be  more  intensely  researched  in  the  future. 
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FIGURE  39— Biologically  stimulated  corrosion  fatigue  In  a  low- 
strength  C-Mn  steel,  RQT  501,  cycled  at  0.167  Hz  and  R  =  0.70. 
Solid  line:  cracking  in  pure  seawater;  data  points:  seawater  with 
75  to  450  wt  ppm  H2S  from  decomposition  of  algae;  and  dashed 
line:  gaseous  H2S  saturated  seawater  (520  wt  ppm);  after 
Thomas,  et  al.226 


Quantitative  Models 

of  Corrosion  Fatigue  Crack  Propagation 
Conclusion 

Micromechanical-chomical  models  of  crack-tip  driving  forces 
and  process-zone  CF  damage  provide  a  sensible  means  to  predict 
and  to  extrapolate  the  effects  of  variables  and  to  modify  the  fracture 
mechanics  approach  to  account  ior  compromises  in  similitude. 
Models  have  been  formulated  based  on  HE  and  film  rupture/transient 
dissolution/repassivation.  Fatigue  damage  due  to  crack  surface  films 
has  not  been  considered  quantitatively.  Models  successfully  predict 
the  time  (frequency)  dependence  of  CF  and  the  effects  of  electrode 
potential,  solution  composition,  and  gas  activity.  All  are,  however, 
hindered  by  uncertainties  associated  with  crack-tip  processes  and 
the  fundamental  mechanisms  of  environmental  embrittlement.  A 
process-zone  model  has  not  been  developed  for  CF,  as  such,  stress 
intensity,  yield  strength,  and  microstructure  effects  are  not  predict¬ 
able  Furthermore,  absolute  rates  of  hydrogen-assisted  crack  growth 
are  not  predictable  and  the  film-rupture  formulation  is  being  debated. 
Successes  to  date  indicate  that  a  new  leve,  ol  mechanistic  under¬ 
standing  is  achievable. 

Introduction 

Explanations  for  the  offects  of  important  variables  on  CF  crack 
propagation  (see  “Effects  of  Critical  Variables")  were  qualitative. 
Predictive  models  of  crack-tip  damage  must  be  developed  to  expand 
limited  databases.  Recent  conferences  have  focused  on  this  theme 
for  environmental  fracture.20,24 


A  quantitative  model  of  CF  crack  propagation,  developed  within 
the  fracture  mechanics  framework,  must  contain  the  following 
elements: 

(1) The  rate  of  environmental  fatigue  crack  propagation  must  be 
partitioned  into  mechanical  and  chemical-mechanical  compo¬ 
nents.  The  former  may  be  zero  (environment  dominant)  or  finite 
and  described  by  slip-based  or  cumulative  damage  models.  This 
issue  is  discussed  in  the  section  “Interaction  of  mechanical  and 
environmental  fatigue.” 

(2)  The  mechanical  contribution  to  environmental  cracking  is  de¬ 
scribed  by  relating  applied  stress-intensity  factor  to  continuum 
crack-tip  stress,  strain,  and  strain-rate  fields,  and  to  microscopic 
deformation.  The  location  of  the  fracture  process  zone  is  critical; 
see  "Models  of  Crack-Tip  Mechanics . . . ." 

(3)  The  chemical  contribution  requires  modeling  of  the  local  crack 
environment,  which  develops  based  on  mass  transport  limita¬ 
tions  within  the  occluded  crack;  see  “Models  ol  Occluded  Crack 
Chemistry  and  Transient  Reaction.” 

(4)  The  chemical  contribution  requires  modeling  of  transient  reac¬ 
tion  kinetics  for  anodic  dissolution,  repassivation,  and  cathodic 
hydrogen  production  on  straining  clean  crack-tip  surfaces  per¬ 
haps  coupled  to  passivated  flanks;  see  "Models  of  Occluded 
Crack  Chemistry  and  Transient  Reaction.” 

(5)  The  rate-limiting  process  must  be  defined.  Either  mass  transport 
or  chemical  reaction  will  control  CF  crack  propagation  rates;  see 
"Models  of  Occluded  Crack  Chemistry  and  Transient  Reaction." 

(6)  The  fracture  process  zone,  a  specific  crack-tip  damage  process, 
and  a  failure  criterion  must  be  defined;  see  "Corrosion  Fatigue 
by  Hydrogen  Embrittlement’’  and  "Corrosion  Fatigue  by  Film 
Rupture/Transient  Dissolution"  sections. 

Each  element  of  CF  crack  growth  rate  modeling  is  assessed  in 
the  following  sections,  within  the  frameworks  of  HE  and  film  rupture. 
Substantial  advances  have  been  recorded  in  each  area,  however,  no 
analysis  has  integrated  the  necessary  chemical,  mechanical,  and 
microstructural  components  into  a  broadly  predictive  model  of  CF 
crack  propagation. 

Interaction  of  mechanical  and  environmental  fatigue 
Early  attempts  to  model  CF  crack  propagation  linearly  summed 
the  contributions  from  inert  environment  fatigue  and  SCC,  with  the 
time  rate  of  the  latter  integrated  over  a  single  loading  cycle.50  This 
model  is.  ol  course,  not  applicable  to  CF  below  K|SCC.  Here,  several 
models  have  been  proposed  to  combine  mechanical  fatigue  and  the 
chemical  environment  effect.  An  equation  developed  by  Wei  and 
coworkers  provides  a  reasonable  basis  for  modeling. 

Superposition.  Cycle-time-dependent  rates  of  CF  crack  prop¬ 
agation  wore  first  described  by  a  superposition  concept  championed 
by  Wei  and  coworkers  30,50,228  Considering  da/dN-AK  data  for  an 
alloy  in  inert  and  aggressive  environments: 

JL  -  JL  +  da  (1) 

dN0  dNm  dNc, 

where  da/dN„  is  the  total  measured  crack  growth  rate  lor  the 
aggressive  environment,  da/dN,„  is  the  rate  of  plasticity-driven 
fatigue  crack  propagation  for  an  inert  environment,  da/dNc,  is  the 
incremental  difference  on  the  crack  growth  rate  plot  and  represents 
the  effect  of  interacting  cyclic  plastic  deformation  and  chemical 
reaction. 

This  formulation  follows  directly  from  linear  superposition  ol 
stress  corrosion  and  inert  environment  fatigue  cracking  and  is 
associated  with  the  incremental  environmental  effect  on  a  da/dN-AK 
plot.  The  question,  however,  is  "Why  should  inert  environment 
fatigue  crack  propagation  influence  da/dN„  for  the  case  in  which 
damage  is  entirely  chemical-mechanical  in  origin?"  That  is,  cracking 
in  an  environment  may  progress  by  a  unique  microscopic  mechanism 
with  no  relationship  to  inert  environment  fatigue  processes.  It  is 
important  to  recognize  that  unique  fracture  processes  are  involved  in 
CF. 
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A  more  physically  reasonable  formulation  states  that  the  rate  of 
fatigue  crack  propagation  in  an  environment  is  produced  by  concur¬ 
rent  parallel  processes.  For  tv/o  processes,  the  superposition  con¬ 
cept  is  then  given  by  the  following:228 


da 

dF£ 


da 

dN^ 


(*) 


(2) 


where  da/dNc  is  the  rate  of  "pure”  CF  crack  propagation:  6  is  the 
fraction  of  the  crack  surface  formed  by  mechanical  fatigue;  and  <f>  is 
the  fraction  of  the  crack  surface  formed  by  CF.  Da/dNc  represents  the 
rate  of  crack  advance  along  those  portions  of  the  crack  front  that  are 
solely  environmentally  affected.  0  and  <1>  are  measured  by  fractogra- 
phic  analysis.  For  two  parallel  processes,  0  =  (1  -  <J>). 

Comparing  Equations  (1)  and  (2)  demonstrates  the  following: 


da  _  .  da 

dN7  dN7 


(3) 


That  is,  the  phenomenological  difference  between  inert  and  aggres¬ 
sive  environment  fatigue  rates  from  the  da/dN-AK  relationship  is 
equivalent  to  the  diffeience  between  the  rates  of  microscopic- 
process-driven  chemical-mechanical  and  mechanical  fatigue  times 
the  fractional  occurrence  of  the  former.  This  comparison  relates  the 
phenomenological  difference  in  crack  growth  rates  (da/dNc(),  and  the 
underlying  causes. 

The  rigorous  basis  for  CF  modeling  is  a  derivation  of  da/dNc  and 
<1>  as  a  function  of  chemical  and  metallurgical  variables,  as  discussed 
in  later  sections,  “Corrosion  Fatigue  by  Hydrogen  Embrittlement" 
and  "Corrosion  Fatigue  by  Film  Rupture/Transient  Dissolution.”  Only 
simplifications  of  this  approach  have  been  reported.  For  example, 
da/dNc,  is  often  assumed  to  be  proportional  to  the  amount  of 
hydrogen  produced  at  the  crack  tip  or  to  the  total  electrochemical 
charge  passed  during  multiple  rupture  events  per  load  cycle. 
Alternately,  from  Equation  (3)  and  for  a  specific  material  and 
environment,  (da/dNc  -  da/dNm)  is  assumed  to  be  a  constant  that 
equals  the  maximum  environmental  enhancement  (viz.,  da/dNe  = 
da/dN„)  due  to  complete  chemical  reaction  in  which  <I>  equals  1.0. 
Here  <I>,  but  not  da/dNc,  is  equated  to  the  extent  of  varying 
environmental  reaction  for  either  mass  transport  or  reaction  rate 
control.  For  values  of  <I>  less  than  1,  the  fatigue  surface  will  be 
composed  of  fractions  of  mechanical  and  chemical-mechanical 
damage,  with  da/dNe(  given  by  Equation  (3)  or  da/dN0  given  by 
Equation  (2). 

Competition.  Austin  and  Walker  argue  that  CF  crack  propaga¬ 
tion  t  modeled  as  a  competition,  rather  than  a  superposition,  of 
independent  mechanical  and  chemical  processes.229  They  assume 
that  tho  measured  environmental  crack  growth  rate  (da/dN0)  is 
determined  by  tho  dominant  (faster)  of  two  processes,  including 
mechanical  fatigue  or  cycle-time-dependent  CF. 

The  competition  model  is  a  special  case  of  Equation  (2). 
Considering  environment-dominant  fatigue  cracking,  <I>  =  1  and 
da/dNm  «.  da/dNc  in  Equation  (2);  therefore,  da/dN„  =  da/dNc. 
Here,  the  superposition  and  competition  models  are  en;/-  alent.  If 
crack  growth  involves  a  significant  amount  of  mechanical  fatigue  at 
comparable  rates  to  CF,  then  the  competition  model  is  not  adequate. 
Rather,  analyses  of  O,  <!>.  and  tho  growth  rate  components  in  the 
superposition  model  [Equation  (2))  provide  an  appropriate  approach. 

Other.  Several  models  of  CF  crack  propagation  begin  with  the 
following  assumption:39-’38 


Austin  and  coworkers  hypothesized  that  the  CF  crack  propa¬ 
gation  rate  is  given  by  the  inert  environment  rate  times  a  multiplica¬ 
tive  factor  that  accounts  for  the  aggressive  environmental 
contribution.230,231  This  factor  includes  the  accelerating  effect  of 
embrittling  hydrogen  and  the  mitigating  effect  of  crack-tip  blunting  by 
anodic  dissolution. 

Models  of  crack-tip  mechanics:  relationships  between 
AK  and  local  plastic  strain,  strain  rate,  and  stress 

Crack-tip  stress  and  strain,  not  stress  intensity,  control  fracture 
processes,  including  CF  As  such,  quantitative  models  of  CF  crack 
propagation  require  a  description  of  crack-tip  stress  and  strain  fields, 
and  microdeformation  processes,  explicitly  defined  as  a  function  of 
the  applied  stress-intensity  factor. 

Regarding  the  success  of  the  fracture  mechanics  approach  to 
describe  fatigue  and  environmental  cracking,  four  points  are  critical. 
First,  all  analyses  reported  to  date  show  that  crack-tip  mechanical 
quantities  depend  uniquely  on  applied  AK.  As  such,  it  is  reasonable 
to  expect  that  stress  intensity  will  uniquely  characterize  the  growth 
kinetics  of  CF  cracks.  Second,  precise  analyses  of  crack-tip  fields 
have  no*,  been  conducted  for  growing  fatigue  cracks  under  cyclic 
loading,  particularly  for  the  region  within  several  microns  of  the  crack 
tip.  Third,  AK  is  derived  based  on  continuum  mechanics  without 
consideration  of  microscopic  deformation  processes.  This  limitation 
does  not  mean  that  stress  intensity  is  impotent  to  correlate  processes 
such  as  slip  density  or  morphology  and  grain-boundary  strain 
localization.  Rather,  AK  is  analogous  to  ‘VIA”  applied  stress.  The 
challenge  is  to  develop  experimentally  or  analytically  the  effect  of 
stress  intensity  on  noncontinuum  deformation  behavior.  Finally, 
environment  may  modify  crack-tip  plasticity  and  thus  alter  the 
relationship  between  AK  and  local  stress  or  strain.  This  complication 
does  not  void  the  fracture  mechanics  approach.  Rather,  it  requires 
that  time-  and  environment-dependent  constitutive  laws  be  deter¬ 
mined  for  analyses  of  crack-tip  fields. 

The  state  of  the  art  in  crack-tip  fields  is  summarized  here  and  is 
reviewed  in  detail  by  Gerberich  and  by  Sieradzki  in  this  volume, 82-16C 
by  Rice  and  McClintock  at  the  Firminy  conference,7  and  by  Lidbury,232 
Ford,39  and  Knott.233  While  elastic-plastic  analyses  have  been 
rigorously  developed  to  within  microns  of  the  crack  tip  for  monotonic 
loading  and  strain-hardening  materials,  the  cyclic  loading  problem 
has  received  limited  attention;  only  approximations  have  been 
developed. 

One  or  more  of  the  following  quantities  are  necessary  for  CF 
crack  propagation  models.  All  results  are  for  small-scale  yielding  and 
plane-strain  crack-tip  deformation. 


Monotonic  plastic-zone  diameter  (rp): 

1  K  2 

‘•it'  (5, 


da  _  da  .  Jl_. 
dNd  dt  f 


(4) 


Maximum  blunted  crack-tip-opening  displacement  in  fatigue  (8^): 


where  f  is  the  cyclic  loading  frequency  and  da/dt  is  the  average 
time-based  crack  growth  rate  per  loading  cycle. 


0.5  AK2 

(1-R)2(2ayJ)E  (7) 
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Cyclic  blunted  crack-tip-opening  displacement  (Sc): 

l-R  -to„E  (8) 

To  approximate  cyclic  hardening  or  softening,  the  cyclic  yield 
strength  (o-ysc)  should  be  used  in  Equations  (6)  through  (8)  in  place 
of  monotonic  yield  strength  (ay3). 

For  monotonic  loading  of  a  stationary  crack,  the  maximum 
opening  (normal)  stress  equals  between  3  and  5  times  crys,  depend¬ 
ing  on  work-hardening  behavior  and  independent  of  applied  K.  This 
maximum  occurs  at  two  crack-tip  opening  displacements  ahead  of 
the  crack  tip;  stresses  then  decay  within  the  plastic  zone  to  merge 
with  the  well-known  elastic  stress  distribution  near  the  plastic-zone 
boundary. 

Cyclic  plastic  strain,  and  perhaps  mean  strain,  govern  mechan¬ 
ical  fatigue  damage. 


for  the  case  where  strain  rate  is  dominated  by  the  rate  of  change  of 
crack-tip  strain  with  respect  to  K;  that  is,  where  the  rate  of  change  of 
strain  with  crack  growth  is  small.  t0„  is  given  by  reciprocal  loading 
frequency  times  the  fraction  of  the  cycle  where  load  is  rising,  times 
the  fraction  of  the  rising-load  portion  where  the  crack  is  opening 
above  closure.  (See  "Crack  Mechanics.”)  Several  forms  for  the 
crack-tip  strain  rate  have  been  published: 

Empirical  from  Equations  (12)  and  (13)  (Hudak,  et  al.234-235): 


4  =  «  «o f  ( 


(AK  -  AK,hr 
1  -  [AK,h  (1— R)/AK] 


(14) 


Approximate  analytical  from  Equations  (11)  and  (13)- 


AK2 
<rys  E 


f 


(15) 


Crack-tip  plastic  opening  strain  (monotonic  load,  stationary  crack) 
(cP): 


-|-[(rp/X)"+,-1] 


(9) 


Analytical  from  time  derivative  of  6„  Equation  (8)  (Atkinson39): 


d^ 

dt 


=  -}> 


AK2 


(16) 


The  parameter  (n)  describes  work-hardening  according  to  the 
Ramberg-Osgood  formulation,  with  an  elastic-perfectly  plastic  mate¬ 
rial  characterized  by  n  =  0.  X  is  distance  ahead  of  the  crack  tip. 

Crack-tip  plastic  opening  strain  (monotonic  load,  moving  crack) 

(Spm)- 

1 

epm  =  9.5  *—•  [ln(rp/X)] 


Analytical  based  on  crack-tip  shear-band  strain  (Cole39): 

AK2 


q.  =  0 


E 


f 


f17) 


Analytical  based  on  crack-tip  shear  within  r^  (Lidbury232): 


4  =  X  52  (_i!f_)2  f 
E  AKm 


(18) 


The  total  monotonic  strain  includes  an  elastic  component  (tr^/E) 
added  to  Equations  (9)  and  (10). 

The  cyclic  plastic  strain  range  (Aep)  is  estimated  by  substituting 
the  cyclic  plastic-zone  size  [Equation  (6)'j  and  cyclic  yield  strength 
and  work-hardening  parameters  into  Equations  (9)  and  (10).  As  an 
example, 

Crack-tip  cyclic  plastic  strain  range  (n  -  0,  stationary  crack)  (A «„)• 


AK2 
rTysc  ^ 


)  JL  -  (  5e=) 

X  E 


(11) 


Crack-tip  cyclic  total  strain  range  (Atr)  may  be  measured 
experimentally  by  stereoimaging  techniques  (See  "Novel  Measure¬ 
ments  of  Corrosion  Fatigue  Cracking  ").  An  example  was  reported  by 
Hudak  for  CF  cracks  in  type  304  stainless  steel  exposed  to  either 
moist  air  or  an  electrolyte  at  363°K  ,234'235 


AeT  =  €0  A tO  [Ac,  -  m  In  (X  +  A))  (12) 


Here,  y,  <=0,  Ac„  m,  and  A  are  empirical  parameters  defined  by  curve 
fitting,  with  y  equal  to  between  2  and  5.5.  This  result  is  similar  to 
Equation  (11)  based  on  cyclic  plastic  zone.  Note,  however,  that  the 
strain  singularity  is  not  observed  experimentally. 

Crack-tip  total  strain  rate  (de/dt)c  is  a  critical  element  of  film- 
rupture  models  of  CF.39-234  While  this  parameter  varies  during  a 
stress-intensity  cycle  and  with  crack  growtn(dc/dt  =  (de/dK  x  dK/dt) 
+  (de/da  x  da/dt)],  a  per  cycle  average  strain  rate  [(de/dty  is 
estimated  by  the  following: 

(|)c  =^T@x-0/teff  (13) 


Analytical  based  on  da/dt-dommated  strain  rate  (Shoji39): 


q.  =  (10  to  100) 


da 

~dT 


(10  to  100)  fn  AK2 10  6 


(19) 


In  these  strain-rate  equations,  p,  <l>,  0,  X,  and  n  are  unknown 
constants-  in  Equation  (19).  the  AK  and  R  dependencies  are  derived 
from  inert  environment  fatigue  crack  growth  rates  stated  in  terms  of 
time-based  crack  growth  rates  according  to  Equation  (5). 

Crack-tip  strain  rate  measurements  and  predictions  are  shown 
in  Figure  40.39  Stereoimaging  d  ;;a  (Equation  (14)]  are  in  reasonable 
agreement  with  the  analytical  p  redictions  of  Equations  (17)  and  (18). 
Only  the  forms  of  the  equations  are  supported  because  the  constants 
in  these  models  were  adjusted  to  give  best  fits.  The  prediction  based 
on  growth-rate-dominated  strain  [Equation  (19)  and  the  lower  solid 
line  in  Figure  40)  is  in  poor  agreement  with  the  data.234 

For  CF  modeling,  it  is  reasonable  to  assume  that  crack-tip  strain 
rate  varies  as 


^a(-L)  f  AKY 

<TyS 

with  y  equal  to  2. 


(20) 


These  analyses  demonstrate  that  crack-tip  parameters  that 
control  CF  crack  propagation  depend  uniquely  on  stress-intensity 
range.  Similitude  is  expected,  at  least  from  the  mechanical  perspec¬ 
tive.  Crack-tip  field  equations  of  the  sort  presented  here  have  been 
successfully  incorporated  into  micromechanical  models  for  mono¬ 
tonic  load  fracture  due  to  cleavage,  HE,  and  ductile  rupture.57''60  ’02 
Benign  environment  fatigue  crack  propagation  kinetics  have  been 
similarly  modeled  based  on  crack-tip  p'astic  strain  coupled  with  a 
cumulative  damage  failure  criterion.2'02"  Successes  for  CF  crack 
propagation  have  been  limited;  additional  work  is  required. 
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FIGURE  40-  Measured  and  analytically  predicted  average  crack- 
tip  strain  rate  ns  a  function  of  applied  AK  for  R  =  0.1  and  1  =  0.01 
Hz.  Data  are  described  by  Equations  (12)  and  (14)  and  the 
predictions  by  Equations  (17),  (18),  and  (19);  after  Ford.39 


Models  of  occluded  crack  chemistry 
and  transient  reaction 

A  model  of  CF  crack  propagation  must  recognize  that  significant 
differences  can  exist  in  the  crack-tip  environment  compared  to  the 

hiilW  nac  nr  olortrnlwto  rmrt  that  ratoc  of  roartjnn  on  ctrainort 
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transiently  active  surfaces  are  different  compared  to  steady-state 
Kinetics.  Crack  chemistry  can  be  either  more  benign  or  more 
aggressive  than  the  nominal  environment.  Mass  transport  and 
reaction  modeling  are  required  to  define  the  specific  conditions  that 
drive  crack  propagation.  While  dissolution  and  film  rupture  are  clearly 
crack-tip  processes,  embrittling  hydrogen  may  be  contributed  from 
the  crack  tip  and  specimen  surfaces  in  contact  with  the  bulk 
environment.  The  relative  importance  of  these  hydrogen  sources 
must  be  considered. 

Detailed  discussions  of  localized  crack  chemistry  and  reactions 
are  beyond  the  scope  of  this  review.  Three  international  conferences 
wars  recently  held  to  examine  this  topic. 17,19'238  Here,  the  conclu¬ 
sions  of  this  work  are  assessed  to  provide  a  basis  for  discussions  of 
CF  crack  propagation  models  in  later  sections. 

Gaseous  environments.  For  fatigue  crack  propagation  in 
gases,  the  important  consideration  is  that  crack-tip  gas  pressure  may 
be  attenuated  compared  to  the  surrounding  environment  because  of 
impeded  molecular,  or  Knudsen,  flow.237  Hero,  gas  transport  within 
the  crack  is  controlled  by  molecule  collisions  with  crack  walls,  rather 
than  by  intermolecular  collisions.  Da/dN  is  reduced  by  this  pressure 
reduction  if  crack  surface  reactions  are  rapid  or  on  the  same  order  as 
transport,  as  such,  reaction  is  limited  by  gas  supply. 

The  extent  of  the  pressure  decrease  due  to  Knudsen  flow 
depends  on  crack  length  and  opening  shape,  molecular  mean  free 
path,  and  time  determined  by  cyclic  loading  frequency  and  crack 
advance  rate.  As  a  generalization,  impeded  flow  occurs  when  some 
multiple  (about  10  to  100)  of  the  mean  free  molecular  path  exceeds 


the  crack-opening  displacement.238  Since  the  mean  free  path  for  low- 
pressure  gases  (water  vapor,  H2,  or  02)  is  about  500  pm  at  300°K 
and  20  Pa,(4)  and  since  a  typical  blunted  crack-tip  opening  displace¬ 
ment  [Equation  (7)]  is  about  4  pm,  with  the  crack-mouth  opening 
equaling  75  pm,  impeded  molecular  flow  is  clearly  important.  The 
extent  of  the  pressure  attenuation  must  be  calculated  as  a  function  of 
crack  geometry.  The  approach  to  this  problem  follows  from  early 
treatments  of  simple  slot  geometries,237  with  the  challenge  being  to 
account  for  the  complex  opening  shape  of  a  crack  as  a  function  of 
stress  intensity  and  to  define  the  crack  length  over  which  molecule- 
wall  collisions  dominate  gas  transport. 

Impeded  molecular  flow  effects  in  CF  have  been  investigated, 
predominantly  for  the  aluminum-water  vapor  system.  Lawn  demon¬ 
strated  the  important  interaction  of  mass  transport  and  reaction  for 
environmental  cracking  under  monotonic  load.238  He  derived  an 
approximate  solution  for  the  stress-intensity  dependence  of  the  gas 
"impedance  factor"  and  related  this  term  to  static-load  crack  growth 
rate.  The  first  considerations  of  Knudsen  flow  control  in  fatigue  crack 
growth  were  by  Snowden  and  Bradshaw.239'241  Snowden  argued 
that  the  pressure  below  which  moist  air  ceased  to  reduce  the  smooth 
specimen  fatigue  life  of  lead  was  consistent  with  the  onset  of 
substantially  impeded  molecular  flow  of  deleterious  oxygen.241 
Bradshaw  recognized  the  possibility  of  mass  transport  impedance  for 
Al-Cu-Mg  in  water  vapor  but  concluded  that  surface  reaction  kinetics 
are  equally  or  more  important.239  Gangloff  and  Ritchie  pointed  out 
that  crack-geometry-dependent  gas  pressure  attenuation  could  lead 
to  breakdowns  in  similitude  if  the  local  environment  is  controlled  by 
stress  and  crack  length,  apart  from  a  simple  stress-intensity 
description.203 

Bradshaw  and  Wheeler  demonstrated  that  CF  crack  growth 
rates  in  the  aluminum  alloy-water  vapor  system  decreased  when  a 
substantial  pressure  of  inert  gas  was  added  to  the  low  partial- 
pressure  water  environment.187  The  inert  gas  decreased  molecular 
mean  free  path  and  caused  a  transition  from  impeded  molecular 
transport  to  slower  viscous  flow  governed  by  gas  molecule- 
molecule  collisions.  This  experimental  observation  is  inconsistent 
with  estimates  of  the  gas  mean  free  path  for  impedance  by  viscous 
flow,  emphasizing  the  fact  that  Knudsen  flow  calculations  and  the 
criteria  for  molecule-wall  vs  molecule-molecule  interactions  are 
rudimentary. 

Wei  and  coworkers  coupled  crack-tip  gas-metal  reaction  kinet¬ 
ics  with  mass  transport,  controlled  by  molecule-wall  interactions,  to 
derive  predictive  relationships  for  CF  crack  growth  rate.129  242  This 
modeling  was  described  qualitatively  in  the  section  “Mass  Transport 
and  Reaction  Rate  Modeling:  Hydrogen  Embrittlement";  quantitative 
relationships  are  presented  in  the  section  "Corrosion  Fatigue  by 
Hydrogen  Embrittlement.”  Experimental  observations  (e  g  ,  Figures 
22  and  23)  supported  model  predictions  of  fatigue  crack  growth  rate 
vs  bulk  environment  gas  pressure/loading  frequency  for  aluminum 
alloys  in  water  vapor  and  steel  in  gaseous  H2.6,',29•,5,'242'244 
This  model  predicts  the  bulk  environment  saturation  pressure  (P0) 
below  which  gas  transport  limitations  will  reduce  da/dN  for  the  case 
in  which  surface  reactions  are  fast:81 


P0  =  (436  (p/a)  f(R)  •  ^1L]  [-Ll'T’ 
N0  kTE  Tm 

f(R)  =  0.25  { [(1  +  R)  /  (1  -R)f  +  0.5 } 


(21) 


T  is  temperature;  M  is  the  molecular  weight  of  the  gas;  k  is 
Boltzmann's  constant;  Nc  is  the  number  density  of  surface  reaction 
sites;  t  is  frequency;  E  is  elastic  modulus;  is  yield  strength;  R  is 


<4|Mean  free  path  is  directly  proportional  to  temperature,  inversely 
proportional  to  gas  pressure,  and  inversely  proportional  to  the 
square  of  the  molecular  diameter.237  As  such,  the  mean  free  path 
of  these  molecules  at  atmospheric  pressure  (100  kPa)  is  about  0.1 
pm. 
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stress  ratio;  and  I,  p,  and  o  are  parameters  describing  that  portion  of 
the  crack  geometry  over  which  impeded  flow  occurs.  These  param¬ 
eters  largely  relate  to  molecular  mean  free  path  and  crack  geometry. 

Experimental  results  plotted  in  Figure  41  are  in  excellent 
agreement  with  the  predicted  stress  ratio  dependence  of  the  satu¬ 
ration  pressure  (Equation  (21)]  for  several  aluminum  alloys  fatigued 
in  pure  water  vapor 221  (5>  This  result  and  model  emphasize  the 
importance  of  the  mean  cyclic  crack  opening,  rather  than  the 
maximum  value,  to  gas  transport  and  fatigue  crack  growth.  Figure  41 
explains  why  extremely  small  levels  of  water  vapor  are  capable  of 
enhancing  rates  of  near-threshold  fatigue  crack  propagation  in 
aluminum  alloys.60  132  2<7  22'  Specifically,  the  saturation  pressure 
decreases  strongly  with  increasing  R  value  Near-threshold  cracking 
is  often  conducted  at  high  R,  either  by  design  or  because  of  the 
effects  of  crack  closure  as  described  in  the  section  “Crack  Mechan¬ 
ics.” 

High  Strength  Aluminum  Alloys  in  Water  Vapor 


m  *  2090  •  2219  °  70XX  +  5070 

I 
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FIGURE  41  —  Effect  of  mean  crack-opening  shape,  described  by 
a  function  of  R,  on  the  saturation  exposure  (pressure/frequency) 
for  corrosion  fatigue  crack  propagation  In  aluminum  alloys 
2090, 126  221  9, 243  70XX, 61,244  and  5070184,187  in  water  vapor. 

The  main  challenge  to  gas  transport  models  is  the  uncertainty 
with  the  description  of  crack  geometry,  in  fracture  mechanics  terms, 
and  the  crack  length  over  which  impeded  flow  occurs.  As  a  result  of 
this  problem,  the  constants  in  Equation  (21)  are  determined  from 
crack  growth  rate  data.  Crack  ciosure  effects  on  Knudsen  flow  have 
not  been  investigated.  Gas  transport  models  are  insufficient  to 
predict  absolute  rates  of  CF  crack  propagation.  Transport,  surface 
reaction,  and  a  crack  damage  criterion  must  be  coupled  as  discussed 
in  the  section  “Corrosion  Fatigue  by  Hydrogen  Embrittlement." 

Aqueous  electrolytes:  active  steels  In  chloride-crack  chem¬ 
istry  modeling.  From  the  pioneering  work  of  Brown  in  the  late  1 960s, 
it  is  well  recognized  that  impeded  mass  transport  and  localized 
reactions  render  the  electrochemical  conditions  within  occluded 
cracks  unique,  compared  to  bulk  solution  composition,  electrode 
potential,  and  pH.165  A  quantitative  approach  to  this  problem  requires 
solutions  to  the  differential  equations  that  describe  coupled  electro¬ 
lyte  transport  and  crack  surface  electrochemical  and  chemical 
reactions.  Ideally,  the  kinetics  of  reactions  on  filmed  crack  flanks  and 
the  straining  clean  crack  tip  should  be  considered. 


(6)The  regression  lino  is  calculated  only  for  the  data  on  alloy  2219.  If 
all  results  are  included,  an  excellent  linear  fit  is  achieved,  as 
described  by  the  equation- y  =  0.8488  *  -  0.5789.  In  either  case, 
saturation  pressure  is  nearly  directly  proportional  to  the  reciprocal 
stress  ratio  function. 


To  date,  localized  crack  chemistry  has  been  modeled  and 
probed  experimentally  for  two  systems,  passive  stainless  and  ferritic 
steels  in  high-temperature  water,  and  active  C-Mn  and  alloy  steels  in 
aqueous  chloride  solutions.  The  former  topic  is  discussed  extensively 
by  Ford  and  Andresen  elsewhere39136  ’38  and  provides  important 
input  to  film-rupture  models  of  CF.  Crack  electrochemistry  is  re¬ 
viewed  here  for  steels  in  chloride  and  as  a  basis  for  a  HE  model. 

For  steels  in  aqueous  chloride,  crack  growth  is  accelerated  by 
adsorbed  hydrogen  produced  electrochemically  at  the  crack  tip.  /  s 
such,  crack  solution  pH  and  electrode  potential  have  been  empha¬ 
sized  to  calculate  rates  of  crack-tip  hydrogen  production.  It  is  critical 
to  determine  hydrogen  production  rate  as  a  function  of  external 
electrode  potential  and  to  identify  the  contributions  from  the  crack  tip, 
the  crack  flanks,  and  specimen  surfaces.  Brown  experimentally 
demonstrated  that  acidic  conditions  develop  within  cracks  in  steels 
exposed  to  neutral  seawater  for  anodic  polarization  and  free 
corrosion.166  As  the  bulk  potential  was  made  more  cathodic,  the 
crack  solution  became  more  alkaline.  Understanding  of  these  trends 
has  emerged  from  a  series  of  papers  by  Turnbull  and 
coworkers  '66.167.169.190.131.193.194,245.252 

The  model  of  crack  electrochemistry  for  CF  in  the  steel- 
aqueous  chloride  system  includes  the  following  reactions:166-190  249  262 

(1)  Anodic  dissolution  of  iron  and  major  alloying  elements, 
particularly  chromium; 

(2)  Cation  hydrolysis  to  produce  hydrogen  ions  within  the  crack; 

(3)  Cathodic  reduction  of  oxygen,  both  within  the  crack  until 
depletion  occurs  and  on  external  specimen  surfaces; 

(4)  Cathodic  reduction  of  hydrogen  ions  and  of  water,  both 
within  the  crack  and  on  external  specimen  surfaces. 

Hydrolysis  is  rapid,  while  rates  of  the  electrochemical  reactions  are 
determined  by  polarization  methods  and  depend  on  pH  and  electrode 
potential  in  the  standard  way.  The  effect  of  straining  on  clean  surface 
transient  reactions  was  recently  described  by  straining  electrode 
measurements.191  Reaction  rates  are  coupled  with  descriptions  of 
reactant  supply  and  product  removal  through  mass  conservation. 
Mass  transport  by  concentration  gradient  diffusion,  ion  migration,  and 
convective  mixing  is  modeled  essentially  one  dimensionally  in  the 
direction  of  crack  propagation.  The  differential  equation  that  de¬ 
scribes  these  terms  is  solved  for  the  steady  state  case.  Appropriate 
boundary  conditions  and  fracture  mechanics  descriptions  of  crack¬ 
opening  shape  complete  the  elements  of  the  analysis. 

The  outputs  of  crack  chemistry  modeling  include  crack  solution 
oxygen  concentration,  crack-tip  pH,  and  electrode  potential  a 
function  of  distance  from  the  crack  mouth  to  the  crack  tip.  From  pH 
and  potential,  it  is  possible  to  calculate  the  total  rate  of  atomic 
hydrogen  production  and,  from  this,  the  concentration  of  adsorbed 
hydrogen  on  crack  tip  and  external  surfaces  in  equilibrium  with  the 
appropriate  solutions.  Each  of  these  quantities  is  predicted  as  a 
function  of  applied  potential,  temperature,  chloride  composition  ^viz„ 
seawater  or  NaCI),  loading  frequency,  AK,  R,  crack  length,  and  load 
waveform.  These  mechanical  variables  influence  crack  shape  and 
hence  mass  transport. 

Since  the  detail  of  this  work  is  extensive,  only  those  conclusions 
relative  to  CF  crack  propagation  models  are  discussed. 

(1)  The  concentrations  of  reactants  and  products  in  a  pulsating 
fatigue  crack  depend  on  crack  depth,  mouth  opening,  loading 
frequency,  AK.  R,  crys,  and  specimen  geometry.  The  interplay 
between  diffusion  and  convection  results  in  a  minimum  of  reactant 
concentration  and  a  maximum  of  products  at  a  critical  crack  depth. 
Transport  within  cracks  of  varying  length  is  controlled  by  different 
proportions  of  convection  and  diffusion.  An  example  of  specific 
calculations  for  crack-tip  reactant  oxygen  concentration  is  shown  in 
Figure  42.248-252 

(2)  CF  cracks  in  bulk  aerated  chloride  are  deoxygenated  for 
most  solution  and  loading  parameters  owing  to  the  rapid  rate  of 
oxygen  reduction  within  the  crack  compared  to  diffusive  and  convec¬ 
tive  supply.246  249  Without  competition  from  oxygen,  cathodic  reac¬ 
tions  solely  produce  adsorbed  hydrogen.  This  result  is  controversial 
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in  the  sense  that  crack  surface  contact  will  produce  turbulent  mixing 
and  enhanced  oxygen  supply  to  the  crack  tip.  In  this  case,  Gangloff 
proposed  that  CF  crack  growth  rates  are  reduced  by  oxygen 
reduction,  which  dominates  cathodic  reactions  that  otherwise  pro¬ 
duce  embrittling  hydrogen.253  This  hypothesis  has  not  been  proven 
by  critical  experimentation.189-203 


FIGURE  42— Model  predictions  of  the  effect  of  crack  depth  on 
dissolved  oxygen  concentration  at  the  crack  tip  normalized  to 
the  bulk  solution  level  for  several  specimen  geometries,  stress 
ratios,  and  AK  levels;  SEN,  C-Mn  steel,  NaCI  at  -800  mVSCE; 
after  Turnbull.248 

ifl)  For  electrolytes  such  as  NaCI  or  seawater,  potential 
differences  between  the  crack  tip  and  bulk  surfaces  are  less  than  50 
mV,  with  more  cathodic  values  predicted  for  near -free  corrosion  and 
more  noble  values  rypicai  of  cathodic  polarization.  Hydrogen  bub 
bles,  a  tortuous  crack  path,  or  corrosion  debris  will  increase  IR 
drops"  along  the  crack.180-249 

^4;  For  neutral  electrolytes,  crack  tip  pH  is  mildly  acidic  tpH  6) 
ful  free  corrosion  potentials  and  basic  for  cathodic  polarization. 
Ciack  acidification  to  pH  3  to  5  is  only  likely  for  applied  anodic 
potentials,  for  cases  where  ferrous  ions  are  oxidized  to  ferric,  for 
short  crack  depths,  or  for  steels  containing  strongly  hydrolyzable 
specie  such  as  chromium.249 

(5)  Near  free  corrosion  or  for  anodic  polarization,  crack  tip 
dissolution,  cation  hydrolysis  leading  to  acidification,  and  H  reduc 
tion  dommatb  crack  chemistry.  Cathodic  polarization  promotes  an 
alkaline  crack  with  pH  approaching  10,  hydrogen  production  is 
predominantly  through  water  reduction.  Total  crack  tip  hydtogen 
production  rate  and  the  adsorbed  H  concentration  are  substantial 
arid  are  predicted  to  increase  generally  with  increasingly  cathodic 
polarization,  as  shown  in  Figure  43.  Effects  of  frequency,  R,  AK,  and 
waveform  are  of  secondary  importance.191 250 

^6;  For  specimens  cathodically  polarized  below  about  900 
mVscE,  water  and  proton  reduction  on  external  surfaces  are  the 
dominant  sources  of  hydrogen  for  crack  growth,  see  Figure  43. 
Surface  hydrogen  oupply  is  also  dominant  lor  acidic  and  HZS  bearing 
solutions.191-193-250 


FIGURE  43— Model  predictions  of  the  effect  of  applied  electrode 
potential  on  total  atomic  hydrogen  production  rate  for  various 
locations  on  a  fatigue  cracked  specimen  of  C-Mn  steel;  after 
Turnbull  and  de  Santa  Marla.191-250 


(7)  Model  predictions  of  crack-tip  pH  and  electrode  potential  are 
in  good  agreement  with  measurements  of  local  crack 
chemistry. ,41,167-249 

(8)  The  effects  of  crack-tip  straining,  clean  surface  creation,  and 
the  associated  reaction  kinetics  have  not  been  broadly  incorporated 
in  crack  chemistry  models,  additional  wo,k  is  required.250 

These  conclusions  are  important  to  interpretations  of  CF 
oenavior  in  the  sieei-chioride  system,  however,  modeling  has  been 
limited  to  predictions  of  crack  electrochemistry  and  hydrogen  pro¬ 
duction.  No  integrated  model  has  been  developed  to  relate  crack 
chemistry  calculations  to  da/dN  by  HE,  as  discussed  in  the  section 
Couosion  Fatigue  by  Hydrogen  Embrittlement."  Two  initial  results 
are  noteworthy  in  this  regard.  Gangloff  and  Turnbull  coupled  crack 
chemistry  modeling  with  an  empirical  HE  failure  criterion  to  predict 
K|SCC  as  a  function  of  crack  geometry.194  Such  predictions  were 
confirmed  by  experiment. 

Following  this  simplified  approach,  it  is  reasonable  to  assume 
(hat  CF  crack  growth  rate  is  proportional  to  the  amount  of  hydrogen 
produced  at  the  crack  tip.  Hydrogen  concentration,  and  therefore 
da/dN0,  should  be  proportional  to  the  square  root  of  the  total 
reduction  rate,  particularly  for  the  chemically  limited  plateau  regime. 
Data  on  the  effect  of  electrode  potential  on  da'dN0  for  API  2H  steel 
in  NaCI  (Figure  25)  were  coupled  with  the  calculated  crack-tip 
hydrogen  production  rates  shown  in  Figure  43  to  yield  the  correlation 
in  Figure  44.  (The  crack  chemistry  calculations  and  CF  measure¬ 
ments  were  for  identical  material,  AK,  R,  frequency,  and  electrolyte 
composition.) 

Results  in  Figure  44  show  that  crack  growth  rate  correlates 
iuasonably  with  crack  t.p  hydrogen  uptake,  but  the  expected  square 
root  dependence  is  not  observed.  Rather,  da/dNe  increases  with 
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hydrogen  production  to  the  1/4  power.  If  the  dominant  hydrogen 
concentration,  either  crack-tip  or  external  surface,  is  used,  then  least 
squares  analysis  shows  a  similar  good  correlation.  In  this  case, 
da/dN0  is  proportional  to  total  hydrogen  production  to  the  0.14  power 
(y  =  0.1393-x  +  1.8682).  Since  no  micromechanical  model  exists  to 
relate  hydrogen  concentration  to  crack  growth,  the  result  in  Figure  44 
cannot  be  further  explained.  Additional  work  is  required  to  pursue  this 
approach;  comparisons  between  electrolytes  and  gaseous  H2  would 
be  particularly  informative,  as  demonstrated  for  monotonic  loading. 194 


10"  10**  10"  10" 

2 

Crack  Tip  H  Production  Rate:  A/cm 

FIGURE  44— Corrosion  fatigue  crack  propagation  rates  for 
API-2H  in  3%  NaCI  from  Figure  25,  correlated  with  the  crack-tip 
hydrogen  atom  production  rate  (Figure  43)  to  the  0.2  power. 

Predictions  of  those  conditions  where  specimen  surfaces  are 
the  dominant  source  of  hydrogen  compared  to  the  crack  tip  and 
vice-versa  are  particularly  amenable  to  evaluation  with  coated 
specimens  and  with  electrode  potential/frequency  transient  experi¬ 
ments  Despite  arguments  to  the  contrary  by  Turnbull,249  such 
existing  evidence  is  weak. 

The  approach  to  crack  chemistry  modeling  in  steels  should  be 
applied  to  other  systems  in  which  CF  is  governed  by  HE.  A  notable 
example  is  high-strength  aluminum  alloys  in  distilled  water  and 
chloride  (Figure  12)  where  limited  crack  chemistry  measurement  and 
modeling  results  have  been  reported  to  date.  Hydrogen  production 
by  hydrolysis  is  likely;  however,  the  system  is  complicated  because 
both  anodic  dissolution  of  aluminum  and  hydrogen  reduction  occur 
simultaneously  over  a  broad  range  of  potentials.254'256  Additionally, 
a  variety  of  surface  films  are  likely  to  form  and  complicate  reaction 
kinetics. 

Aqueous  electrolytes:  active  steels  in  chloride-transient 
crack-tip  reaction  kinetics.  The  incorporation  of  transient  reaction 
kinetics  in  crack  chemistry  and  embrittlement  modeling  is  controver¬ 
sial  Turnbull  and  coworkers  replaced  steady-state,  filmed  surface, 
polarization  kinetics  with  similar  results  obtained  with  the  straining 
electrode  method.’9’’250  Wei  and  coworkers  have  taken  a  different 
approach  based  on  the  idea  that  coupled  and  transient  electrochem¬ 
ical  reactions,  which  occur  during  each  fatigue  load  cycle  and  as  a 
cleaned  surface  refilms,  control  hydrogen  production.93’102’188257'256 
This  work  was  recently  reviewed.37-259 

The  essence  of  Wei’s  approach  is  that  HE  causes  an  increment 
of  crack  growth  at  maximum  load.  The  resultant  clean  surface  reacts 
anodically  during  the  time  to  the  next  load  maximum  and  produces  an 
amount  of  cathodically  generated  adsorbed  hydrogen  near  the 
crack-tip.  The  novel  notion  here  is  that  rates  of  dissolution  at  the 
crack  tip  are  controlled  by  the  continuously  changing  (passivating) 
character  of  the  reacting  surface  and  as  polarized  by  coupled,  fully 
filmed  crack  flanks.  The  amount  of  hydrogen  is  assumed  to  be 
proportional  to  the  integrated  amount  of  current  that  passes  during  a 
load  cycle;  the  environmental  contribution  to  crack  growth  (da/dNe)) 
is  proportional  to  this  quantity  of  hydrogen.  The  next  increment  of 


crack  extension  per  load  cycle  is  thus  produced.  For  steel  in  aqueous 
electrolytes,  it  is  hypothesized  that  electrochemical  reaction  rate 
limits  fatigue  crack  propagation.  These  ideas  follow  from  work  on 
mass  transport  and  reaction-rate-limited  fatigue  crack  propagation  in 
gaseous  environments. ,29’243 

From  the  “Models  of  Crack-Tip  Mechanics . . section,  crack- 
tip  reaction-rate-controlled  CF  is  described  by  the  following: 

da  .da  da  .  .  ,  . 

-  =  ( -  -  - )  (q/qs) 

dN*  dNc  dNm  (22) 

where  q  is  the  charge  transferred  per  loading  cycle  and  qs  is  the 
amount  of  charge  required  for  completed  reaction  on  the  clean 
surface,  q  may  be  expressed  as  (1  -  exp(-  7/f)),  where  t  is  an 
empirically  determined  reaction  rate  constant. 

A  new  method  was  devised  to  measure  the  transient  charge 
relevant  to  CF.260’262  A  notched  specimen,  coupled  electrically  to 
oxidized  electrodes  of  the  same  steel,  is  fractured,  and  the  current 
that  is  passed  between  the  bare  surface  and  the  oxidized  electrodes 
is  measured  as  a  function  of  time.  This  ensemble  electrode  is 
polarized  to  a  tixed  external  potential  by  a  counter  electrode  and  with 
respect  to  a  reference  electrode,  both  contained  in  a  separate 
solution  coupled  to  the  crack  simulation  by  a  salt  bridge.  In  this  way, 
the  current  transient  can  be  measured  for  a  constant  applied 
potential,  which  will  differ  from  the  potential  of  the  notch  surface 
because  of  the  IR  difference  across  the  salt  bridge.  In  principle,  the 
notch/oxidized  electrode  could  be  placed  in  an  electrolyte  that 
simulates  crack  solution  pH  and  ionic  concentration,  however,  such 
experiments  have  not  been  conducted. 

Measurements  of  q/qs,  coupled  with  Equation  (22),  were  used 
to  predict  the  frequency  dependence  of  CF  crack  propagation  for 
ferritic  steels  in  carbonate-bicarbonate,  sulfate,  buffered  acetate, 
and  NaCI  solutions.'82’ ’88'259263  These  predictions  were  in  good 
agreement  with  crack  growth  rate  measurements,  supporting  this 
approach  Several  points  are  notable.  First,  the  charge-transfer 
model  predicts  a  frequency  response  that  is  qualitatively  similar  to 
that  shown  in  Figure  21  for  steel  in  chloride.  Extensive  charge 
measurements  have  not,  however,  been  reported  for  this  important 
system  263  Second,  the  charge-transfer  model  has  not  incorporated 
crack  environment  changes  into  the  analysis.  Third,  the  charge- 
transfer  model  does  not  predict  absolute  values  of  crack  growth  rate 
because  no  micromechanical  damage  criterion  has  been  included. 
Rather,  charge  transfer  and  crack  growth  kinetics  are  compared  by 
multiplicative  scaling  factors.  Finally,  it  is  not  clear  how  the  charge- 
transfer  model  will  deal  with  cathodic  polarization.  Here,  crack  growth 
rates  increase  (Figure  44)  for  applied  potentials  where  crack-tip 
dissolution  is  not  likely.  While  one  can  argue  that  polarization  of  the 
crack  tip  will  allow  transient  dissolution  for  applied  cathodic  poten¬ 
tials,  no  evidence  exists  to  support  this  reasoning.  Crack  chemistry 
modeling,  albeit  steady  state,  suggests  only  small  IR  differences 
along  cracks  in  conductive  electrolytes. 

Advances  in  our  understanding  of  crack-tip  stress/stram  fields, 
crack  chemistry,  and  crack-tip  transient  reaction  kinetics  are  out¬ 
standing  The  challenge  remains,  however,  to  integrate  these  results 
into  predictive  models  of  CF  crack  propagation  rate  by  either  HE  or 
film  rupture. 

Corrosion  fatigue  by  hydrogen  embrittlement 
Justification  for  hydrogen  embrittlement.  That  HE  is  the 
dominant  mechanism  (or  CF  has  been  effectively  argued  for  several 
systems;  notably  ferritic/martensitic  steels  in  gases  and  electrolytes 
near  300%34'37,5’'57'59’'’8'’22’'70’’74’189'194  and  precipitation-hard¬ 
ened  aluminum  alloys  in  water  vapor  and  halogen-bearing 
solutions.37,60'62'64'’25’’26’’32'’33’2’7’2’9  264  This  view  is  supported  by 
extensive,  but  circumstantial,  evidence: 

(1)  Pure  gaseous  hydrogen  embrittles  ferrous  alloys  under  cyclic 
loading  below  K|SCC54’”7-”8 
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(2)  Water  vapor  embrittles  aluminum  alloys  under  cyclic  loading,  but 
gases  such  as  02,  which  produce  surface  films  without  releasing 
hydrogen,  are  inert;  see  Figures  12  and- 27  and  "Corrosion 
Fatigue  by  Surface  Film  Effects. ',61-125-221 

(3)  Water  vapor  embrittles  aluminum  alloys  for  stress  intensity, 
frequency,  and  pressure  conditions  where  crack-tip  condensa¬ 
tion  and  formation  of  an  electrolyte  are  unlikely.221 

(4)  Hydrogen,  introduced  by  chemical  exposure  prior  to  fatigue 
loading,  increases  inert  environment  rates  of  fatigue  crack 
propagation  in  steels  and  aluminum  alloys.62'265,266 

(5)  Plastic-zone  damage,  produced  by  fatigue  deformation  during 
crack  growth  in  a  hydrogen-producing  environment,  is  evi¬ 
denced  bv  continued  rapid  fatigue  ciack  propagation  during 
loading  in  an  inert  environment.  Damage  is  eliminated  by  heat 
treatment,  albeit  at  high  temperatures  when  atomic  hydrogen  is 
deeply  trapped.132-217'219 

(6)  Crack  growth  rates  vary  with  changes  in  frequency,  stress 
intensity,  and  applied  electrode  potential  in  a  manner  consistent 
with  HE  of  the  cyclic  plastic  zone.58,267  This  point  is  controversial 
because  of  limited  experimentation  and  because  the  fracture 
process  zone  may  be  within  microns  of  the  crack-tip-envi¬ 
ronment  interface. 

(7)  Similar  fatigue  fracture  surface  features  (viz.,  transgranular 
cleavage,  intergranular  separation,  and  interface  cracking;  see 
"Microscopic  Corrosion  Fatigue  Crack  Paths” )  are  observed  for 
pure  H2,  water  vapor,  and  electrolytes.59-221 

(8)  Chemical  measurements  and  modeling  elucidate  the  reaction 
sequence  for  environmental  hydrogen  production  from  water 
vapor  and  correlate  CF  crack  growth  rate  data  (viz.,  Figures  22, 
23,  and  41),  including  the  deleterious  effects  of  increasing  PH,,0 
and  decreasing  frequency.61-98-129-221 

(9)  Electrochemical  measurements  and  modeling  demonstrate  en¬ 
vironmental  hydrogen  production  from  electrolytes,  and  corre¬ 
late  da/dN  data  (viz.,  Figures  21, 25, 43,  and  44),  including  the 
deleterious  effects  of  increasing  cathodic  potential  and  decreas¬ 
ing  frequency.  CF  in  steels  under  cathodic  potentials  is  only 
explainable  by  HE.190-191-249-253-258-259 

The  role  of  hydrogen  has  not  been  directly  revealed.  The 
difficulty  is  the  lack  of  probes  of  crack-tip  chemistry,  surface 
reactions,  and  process-zone  damage. 

Quantitative  hydrogen  embrittlement  models.  Models  of  CF 
crack  propagation  rate  are  based  on  Equation  (2).  The  pure  CF  crack 
growth  rate  and  the  proportion  of  CF  depend  on  the  rate  and  amount 
of  hydrogen  production  by  the  reaction  sequence  for  gases  or 
electrolytes,  combined  with  the  local  crack-tip  field,  most  probably  the 
cyclic  plastic  strain,  and  hydrostatic  normal  stress  distributions. 
Microstructure  determines  the  diffusion  kinetics  and  distribution  of 
segregated  hydrogen  through  trapping  processes.  Local  fracture  will 
be  determined  by  a  damage  criteria.  The  elements  of  these  relations 
are  shown  schematically  in  Figure  45.(6) 

The  challenge  in  modeling  is  to  derive  equations  that  incorpo¬ 
rate  the  processes  shown  in  Figure  45  to  predict  da/dN,,  as  a  function 
of  AK,  R,  f,  microstructural,  and  environmental  variables.  Quantitative 
HE  models  for  CF  are  summarized  in  Figure  4657  and  are  classed  as 
either  hydrogen-production-based  (Scott,  Gangloff,  Wei,  et  al.)  or 
hydrogen  diffusion  based  (Holroyd  and  Hardie,  Austin  and  Walker, 
Kim.  et  al )  Each  model  was  developed  from  considerations  of  crack 
chemistry  and  to  explain  specific  data.  Some  successes  have  been 
reported  in  this  regard,  however,  generally  predictive  models  are 
lacking. 

The  model  by  Scott  assumes  that  the  “plateau''  CF  crack  growth 
rate,  specifically  for  steels  in  aqueous  chloride,  is  limited  by  hydrogen 


(6)The  crack-tip  stress  and  strain  fields  shown  here  are  for  the 
monotonically  loaded,  stationary  crack.  Less  well-established 
results  are  a>  ailable  for  cyclic  deformation,  see  "Models  of 
Crack-Tip  Mechanics _ " 


supply  to  the  process  zone.53  Here,  da/dNepteteau  =  da/dt  x  1/f,  and 
the  time-based  crack  growth  rate  is  assumed  to  be  proportional  to  the 
rate  of  crack-tip  electrochemical  hydrogen  production.  Scott’s  original 
correlation  with  data  was  primitive.  In  fact,  crack  growth  rates 
correlate  with  crack-tip  hydrogen  production  current  (Figure  44); 
however,  the  function  is  not  the  predicted  linear  dependence.  This 
model  is  an  extension  of  crack  chemistry  and  is  not  based  on  a 
specific  damage  criterion. 
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FIGURE  45-Transport  and  reaction  sequences  that  produce 
adsorbed  hydrogen  for  interaction  with  the  crack-tip  stress  field 
and  process-zone  microstructure;  after  Gangloff.57 


Gangloff  assumed  that  the  increment  in  growth  rate  for  envi¬ 
ronmental  cracking  (da/dN^)  is  proportional  to  the  amount  of 
hydrogen  produced  per  loading  cycle  by  H  *  reduction  at  the  crack-tip 
for  steel  in  aqueous  chloride.208  253  Acidification  was  caused  by  the 
hydrolysis  reaction  sequence.  Dissolved  oxygen,  supplied  by  con¬ 
vective  mixing,  is  reduced  within  the  occluded  crack  solution  and 
competes  to  decrease  the  amount  of  cathodic  hydrogen.  The 
dependence  of  da/dNd  on  crack-opening  displacement  and  oxygen 
reduction  kinetics  follows  from  an  expression  for  perfect  convective 
mixing  and  reaction.  This  da/dN  dependence  was  confirmed  by 
experiment;  however,  the  beneficial  effect  of  oxygen  reduction  at 
constant  electrode  potential  was  not  demonstrated.  The  weaknesses 
of  this  model  are  similar  to  those  discussed  for  the  Scott  model. 


EICM  Proceedings 


89 


CONTROL  PROCESS 

da/dN  ASSUMPTION 

GROWTH  RATE  PREDICTION 

Scott 

Crack  Tip  Cathodic 
Hydrogen  Production 

-  a  iH 

dNe.  PLATEAU 

AO/f)  (exp(-E/RT» 

Gangloff 

Competition  Between 
02  and  H"  Reduction 

da  -  r 
<JNC(  °  CH 

^  0Xp(otao/fVmax) 

Wei  et  al. 

Molecular  Flow 

Gas  Transport 

Ji)e,  "CH“8 

Gas-Metal  Reaction 

df)cf  a  CH  a  S 

ic.SAT 

Charge  Transfer  by 
Transient  Reaction 

Is* a  °H  a  q 

d^C..SAT 

Holroyd  and 
Hardie 

Hydrogen  Oiffusion 
in  Plastic  Zone 

da  Q  Ax. 
dNe  cycle 

4t/5^7T) 

Kim  et  al. 

Hydrogen  Diffusion 
in  Plastic  Zone 

9a  a  Ax_ 
dNCf  cycle 

A"  (/PoDh/I  )  (expf- AH/RTHAK' 

Austin  and 
Walker 

Hydrogen  Diffusion 
in  Plastic  Zone 

da  da  y 
dNe  dNmA 

(Ax-s)  . 

(rp  -s>  s> 

^  -  377  ZXl  </oT7f) 

dNe.  PLATEAU  6 


£-MocJulus 

Ax -Hydrogen  penetration 
distance  ■  4/Oh  It 

CH -Hydrogen  concentration 
CH. -Hydrogen  ion  concentration 
T-Temperature 

8 -Fractional  surface  coverage 
X  -Environmental  factor 


q-Electrochemical  charge 
Cyj-Yield  strength 
1-Frequency 
iH  -H  production  rate 
a„.  A,  A'.  A"  ,H- Constants 

An-Binding  energy  of  hydrogen 
to  dislocation 
s-Stnation  spacing 


r -Clean  surface  reaction 
rate  constant 

a -Oxygen  reduction  rate  constant 
V-CracK  mouth  opening 
P,. -Nominal  gas  pressure 
Oh  "Hydrogen  dillusivity 
E'-Crack  tip  electrode  potential 
k-Reaction  tale  constant 


FIGURE  46— Models  for  cycle-time-dependent  corrosion  fa¬ 
tigue  crack  propagation  by  hydrogen  embrittlement.  Scott,  et 
al.,58  Wei,  et  a!.,6'-'82-258'259  Gangloff,253  Holroyd  and  Hardle,65 
Austin  and  Walker,230’231  and  Kim,  et  al.258 


Wei  and  coworkers  relate  CF  crack  growth  rate  to  the  amount 
of  hydrogen  produced  per  loading  cycle  and  proportionate  to  the 
extent  of  transient  crack-tip  surface  reaction.61,129’182’258  259  Quanti¬ 
tative  relationships  are  derived  for  the  cases  of  mass  transport  and 
surface-reaclion-limited  crack  growth  with  the  aim  of  predicting  the 
time  dependence  of  CF,  as  discussed  for  aluminum  alloys  in  water 
vapor  [see  “Moderate  AK  (Plateau)  Regime']  and  steels  in  aqueous 
chloride  (see  “Aqueous  Electrolytes:  Active  Steels  in  Chloride- 
Transient  Crack  Reaction  Kinetics").  For  gases  at  low  pressures  and 
with  fast  surface  reactions,  crack  growth  is  limited  by  impeded 
molecular  flow;  the  saturation  exposure  (Pod)  is  given  by  Equation 
(21).  For  gases  at  high  exposures  or  with  slow  reaction  kinetics, 
surface  reaction  is  growth  rate  limiting.  The  expression  for  electro¬ 
chemical  reaction  rate  control  by  charge  transfer  was  presented  in 
Equation  (22),  The  successes  of  these  models  in  correlating  CF 
crack  growth  rate  data  are  significant  (see  Figures  22, 23,  and  41  and 
References  61,129, 182, 2S8,  and  259). 

Several  crack  growth  models  are  based  on  the  assumption  that 
da/dN„  is  determined  by  the  extent  of  hydrogen  diffusion  (Ax)  within 
the  plastic  zone  and  during  the  time  of  a  single  loading  cycle.  Holroyd 
and  Hardie  argue  that  cyclo-time-dependent  crack  growth  in  the 
aluminum-seawater  system  occurs  by  this  process  and  at  rates 
much  greater  than  those  of  mechanical  fatigue.64  The  mechanical 
contribution  to  fatigue  is  ignored  and 


da 

dN„ 


Ax 

1  cycle 


=  4Vd^T 
=  4  VcyT 


(23) 


with  Dh  being  the  diffusivity  of  hydrogen  in  steel  and  t  the  time  per 
load  cycle,  1/f.  For  an  aluminum  alloy  in  seawater,  this  relationship 
describes  the  frequency  dependence  of  the  maximum  crack  growth 
rate  where  environmental  intergranular  cracking  was  replaced  by 
environmental  transgranular  cracking.  A  similar  result  was  obtained 
for  the  environmental  transgranular  to  mechanical  transgranular 
fracture  surface  transition.  Measured  da/dN,  depends  on  the  recip¬ 
rocal  of  the  square  root  of  frequency;  reasonable  values  of  hydrogen 
diffusivity  were  calculated  from  the  growth  rate  data 

Holroyd  and  Hardie  present  no  direct  evidence  to  support  the 
hypothesis  that  the  growth  kinetics  are  controlled  by  hydrogen 
diffusion.  They  further  argue  that  the  diffusion  model  reasonably 
describes  the  frequency  dependence  for  CF  in  the  steel-water  vapor 
and  steel-aqueous  chloride  systems  that  have  been  alternately 
described  by  crack  environment  mass  transport  and  surface  reaction 
rate  models. 

Austin  and  Walker  postulate  that  CF  crack  growth  rates  are 
given  by  an  enhancement  of  the  mechanical  propagation  rate  due  to 
hydrogen  diffusion  within  the  plastic  zone  and  countered  by  a 
reduction  due  to  crack-tip  blunting  by  corrosion ,16  230  231  This  model 
incorporates  a  rudimentary  micromechanical  description  of  fatigue 
based  on  the  crack-tip-opening  displacement  approach  after 
Tompkins.233  Physically,  da/dN0  is  equated  to  the  mechanical  fatigue 
rate  when  the  extent  of  hydrogen  diffusion  is  less  than  one  striation 
spacing  (s).  For  diffusion  distances  that  exceed  the  monotonic 
plastic-zone  size  (Equation  (5)),  da/dN0  equals  the  maximum  fatigue 
crack-tip  oponing  displacement  per  cycle  [Equation  (7)].  For  inter¬ 
mediate  Ax,  CF  crack  growth  rate  is  governed  by  the  following 
equations: 
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=  CAKm 

(25) 

with  the  striation  spacing  described  b ,  »he  standar  a  Pans  expression 
with  C  and  m  as  material  constants. 

The  Austin  and  Walker  model  predicts  AK-dependent  plateau 
crack  growth  rates: 


— 55 —  =  37.7  VOJ 
dN0  E  (26) 

platoau 

for  the  case  when  AK,  (jys,  and  f  are  small  and  R  is  large.  The 
coefficient  in  Equation  (26)  was  changed  from  the  original  value  of 
3.2  to  be  consistent  with  the  best  estimate  for  crack-tip  opening 
displacement  [Equation  (7)]  and  the  fact  that  hydrogen  diffusion 
occurs  throughout  the  entire  loading  cycle  (Equation  (23)].  With  this 
change  in  coefficient,  Equation  (26)  provides  a  reasonable  prediction 
of  absolute  plateau  velocities  for  the  steel-seawater  system.  For  X65 
steel  (AK  =  21  MPa  Vim,  R  =  0.2,  uys  =  450  MPa,  f  =  0.1  Hz)  with 
a  trap-affected  DH  value  of  4  x  10~7  cm2/s,  a  plateau  velocity  of  1.7 
x  10"6  m/cycle  is  predicted  from  Equation  (26)  (and  S  =  8  x  10'5 
mm,  Ax  =  8  x  10~2  mm,  rp  =  0.09  mm,  8^  =  2  x 10“3  mm).  The 
measured  da/dN  in  Figure  19  is  9  a  10  7  m/cycle.  Data  in  Figure  25 
suggest  that  the  plateau  crack  growth  rate  for  steel  in  chloride  varies 
by  two-  to  threefold  depending  on  applied  electrode  potential.  This 
factor  is  not  predicted  by  the  Austin  and  Walker  model  that  relates 
da/dN  to  hydrogen  penetration,  without  a  concentration-based  failure 
criterion  and  ignoring  the  level  of  crack  surface  hydrogen. 

The  Austin  and  Walker  model  describes  the  frequency  depen¬ 
dence  of  CF  similar  to  the  Holroyd  and  Hardie  model  but  at  odds  with 
the  electrochemical  surface  reaction  rate  model  of  Wei  and  cowork¬ 
ers.  The  predicted  inverse  square  root  dependence  of  da/dN0  on  f 
from  diffusion  is  in  good  agreement  with  the  measured  frequency 
dependence  of  plateau  crack  growth  rates  for  API-2H  steel  in  3% 
NaCI  with  cathodic  polarization  (Figure  21).  Crack  growth  rates 
become  independent  of  frequency  below  0.1  Hz.  At  this  point,  Ax 
equals  0.08  mm  compared  to  a  maximum  plastic-zone  size  of  0.09 
mm.  For  a  diffusivity  of  5.1  x  10-7  cm2/s,  the  penetration  distance 
equals  the  plastic-zone  size  and  growth  rate  is  predicted  to  be 
constant  at  one  8mnx  per  cycle,  or  2  x  10*3  mm/cycle.  The  higher- 
frequency  portion  of  the  data  is  presumably  described  by  that  time  in 
which  the  penetration  distance  becomes  less  than  the  striation 
spacing  of  8  x  10'5  mm.  The  calculated  frequency  is  105  Hz;  clearly 
this  prediction  is  not  consistent  with  the  data  in  Figure  21. 

Austin  and  Walker  described  the  beneficial  effect  of  corrosion 
blunting  of  the  crack  tip  by  scaling  the  applied  stress  intensity 
according  to  the  following: 

AK^,  =  AK  (PA)1'2  (27) 

where  p,  is  the  radius  of  a  sharp  fatigue  crack  and  pc  is  the  enlarged 
radius  due  to  corrosion.  This  reduced  value  of  AK0  is  used  in 
Equation  (24)  for  those  cases  in  which  anodic  dissolution  occurs. 

While  the  Austin  and  Walker  model  reasonably  predicts  some 
experimental  observations  of  CF  for  steels  in  aqueous  chloride,  the 
approach  is  not  firmly  established.  The  basis  for  Equation  (24)  is 
speculative,  particularly  the  assumption  that  tho  environmental  crack 
growth  rate  equals,  or  may  be  no  faster  than,  the  maximum  crack-tip- 
opening  displacement  scaled  by  that  proportion  of  the  plastic  zone 
penetrated  by  hydrogen.53  No  evidence  is  provided  that  hydrogen 
diffusion  occurs  over  a  substantial  portion  of  the  plastic  zone  to  cause 
discontinuous  crack  propagation  that  rate  limits  CF.  Regarding 
blunting,  while  the  assumption  that  crack-tip  stresses  scale  with  the 
square  root  of  radius  is  reasonable  for  notches  with  tip  radii  greater 
than  about  0.05  mm,89’158-23'  it  is  not  clear  that  such  a  relationship 


applies  for  radii  on  the  size  scale  of  a  corroded  crack  tip.  The  extent 
of  corrosion  blunting  and  the  associated  effect  on  the  crack-tip.stress 
field  remain  to  be  established  quantitatively. 

While  reasonable  first  steps,  the  models  listed  in  Figure  46  are 
of  limited  use  because  none  provide  broad  and  absolute  predictions 
of  crack  growth  rate.  Specifically,  note  that  da/dN  is  a  prion  assumed 
to  depend  on  hydrogen  production  or  diffusion;  no  process-zone 
failure  criteria  are  used.  Without  a  damage  criterion,  models  are 
unable  to  predict  the  stress-intensity  dependence  of  CF. 

The  chemical  and  mechanical  elements  have  been  sufficiently 
developed  to  permit  a  next  generation  of  CF  crack  growth  rate 
models  based  on  HE.  For  steels  and  aluminum  and  titanium  alloys  in 
electrolytes  such  as  aqueous  chloride,  what  is  needed  is  (1)  to  build 
on  the  basis  provided  by  damage  accumulation  models  for  mechan¬ 
ical  fatigue, 2,0  (2)  to  establish  crack-tip  pH  and  electrode  potential,19' 
(3)  to  determine  rates  of  clean  surface  dissolution  and  hydrogen 
production,259  (4)  to  develop  a  hydrogen  fracture  criterion  within  an 
identified  process  zone,  and  (5)  to  partition  the  chemical-mechanical 
and  mechanical  components  to  crack  growth.228 


Corrosion  fatigue  by  film  rupture 
and  transient  dissolution 

Over  several  decades,  models  of  environmental  fracture  have 
been  developed  for  both  monotonic  and  cyclic  loading  based  on  a 
sequence  of  passive  film  rupture  at  the  crack  tip,  oxidation  and 
progressive  repassivation  of  the  exposed  metal,  and  a  new  rupture  of 
the  freshly  formed  film.  The  elements  of  this  approach  include 
crack-tip  strain  rate,  transient  metal  dissolution,  film-formation  kinet¬ 
ics,  and  film  ductility.  This  model  was  extensively  applied  to  ferritic 
and  stainless  steels  in  high-purity  water  over  a  temperature  range  of 
300  to  600°K.  Quantitative  expressions  for  crack  growth  rate  reason¬ 
ably  predict  the  effects  of  AK,  frequency,  metallurgical  variables,  and 
environment  chemistry.  This  work  was  reviewed  by  Ford  and 
coworkers39’70'71'138  and  is  briefly  discussed  here  for  comparison 
with  HE  formulations. 

For  CF  crack  propagation,  film-rupture  models  are  based  on  two 
equivalent  relationships  for  per  cycle  crack  advance.39  70  234 


da  da  v  dr 
dNc,  "dr  dN 

1  da 

T  dt 


(28) 


Da/dr  is  the  crack  advance  per  film  rupture  plus  dissolution  event  and 
dr/dN  is  the  number  of  rupture  events  per  load  cycle  (N).  Both  da/dr 
and  da/dt  are  related  by  Faraday’s  Law  to  the  amount  of  charge  (Q,) 
that  passes  during  dissolution  between  rupture  events.  The  time 
between  rupture  events  (t,)  is  given  by  the  film-fracture  strain  (e,)  to 
crack-tip  strain  rate  [(de/dt)c  =  ej  ratio.  The  crack-tip  strain  range 
(A«ct)  is  given  by  the  average  crack-tip  strain  rate  divided  by  loading 
frequency.  Dr/dN  is  given  by  the  crack-tip  strain  range  to  e,  ratio. 
Combining  these  terms  with  Equation  (28)  leads  to  the  following: 
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(29) 


where  M  and  p  are  the  atomic  weight  and  density  of  the  dissolving 
metal,  Z  is  the  number  of  electrons  involved  in  oxidation,  and  F  is 
Faraday’s  constant.  Charge  passed  per  rupture  event  is  given  by 
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/4  = 

Q,  =  J  i(t)  dt 


(30) 


where  i(t)  is  the  transient  current  associated  with  dissolution  during 
reformation  of  the  ruptured  film.  This  treatment  of  film  rupture  is 
equivalent  for  static  and  cyclic  loading,  as  described  in  Equations 
(28)  to  (30);  only  the  crack-tip  strain  rate  differs. 

Hudak234  and  Ford  and  Andresen71  have  further  derived  the 
film-rupture  model  for  type  304  stainless  steel  in  sodium  sulfate  and 
high-temperature  water,  respectively.  Hudak  determined  i(t)  for  a 
straining  electrode  in  simulated  crack-tip  solution;  calculation  of  Q,  for 
substitution  into  Equation  (29)  yielded  the  following: 

da  _  /2Mi0N  1 

"diC  T  V  *  (31) 


where  i0  is  the  bare-surface  current  density  at  the  instant  of  film 
rupture,  and  t<,  is  the  time  for  the  initial  decrease  in  the  transient 
current.  Equation  (31)  is  based  on  the  current  decreasing  according 
to  the  reciprocal  square  root  of  time  between  ruptures;  more 
generally,  current  depends  on  time  to  the  -p  power.  Hudak 
determined  the  AK  dependence  of  crack-tip  strain  rate  for  type  304 
stainless  steel;  Equations  (12)  and  (14).  The  total  environmental 
crack  growth  rate  was  obtained  by  summing  Equation  (31)  with  an 
empirical  result  for  inert  environment  mechanical  fatigue: 


da 
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C  and  n  are  material  constants  from  the  inert  environment  fatigue 
law,  and  €„  is  a  constant  from  the  measured  (dt/dt)c-AK  relationship. 
This  summation  of  rates  is  consistent  with  the  superposition  model, 
Equation  (3). 

Ford  and  Andresen  previously  derived  an  analogous  expression 
for  da/dN0:70-7’ 
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Here,  g(P)  is  stated  generally  to  describe  environment  chemistry  and 
metallurgical  effects  on  CF  crack  growth  kinetics.  q.  is  taken  from 
Equation  (20),  with  n  as  a  constant. 

Environmental  effects  on  near-threshold  cracking  are  modeled 
in  terms  of  crack-tip  blunting  by  corrosion.39234  The  predictions  of 
Equations  (32)  and  (33)  are  extended  to  low  growth  rates  and  are 
truncated  by  the  intersection  with  a  blunting  prediction.  An  example 
of  this  analysis  is  shown  in  Figure  24(a)  by  the  intersection  of  Ihe 
shaded  band  for  blunting  and  the  predictions  from  Equation  (33) 
Blunting  by  dissolution  of  the  crack  flanks  is  pot  well  described  As 
discussed  in  the  section  "Complications  and  Compromises  of 
Fracture  Mechanics,"  environment  sensitive  crack  closure  near  AKm 
introduces  additional  uncertainties, 

The  terms  contained  In  Equations  (32)  and  (33)  are  dither 
known  or  are  determined  experimentally  ;  modern  film-rupture  models 
are  capable  of  predicting  CF  crack  growth  rates.  Ford  and  Andresen 
report  significant  successes  In  predicting  the  effects  of  pertinent 
electrochemical  variables  (viz.,  temperature,  solution  conductivity, 
dissolved  oxygen,  electrode  potential,  bulk  flow,  radiation)  and  the 
effects  of  sensitization  in  type  304  stainless  steels  and  soluble 
sulfide-bearing  inclusions  in  ferritic  pressure  vessel  steels  in  nuclear 
reactor  environments.3970  7  ’ 99,38  Excellent  agreement  between 
predictions  and  measurements  of  time-based  crack  growth  rates,  for 
either  monotone  or  cyclic  loading,  indicates  the  potency  of  this 
approach;  for  example,  see  Figure  47. 


FIGURE  47— Film-rupture  model  predictions  and  measurements 
of  lime-based  crack  growth  rates  vs  crack-tip  strain  rate  for 
monotonic  and  cyclic  loading  of  type  304  (UNS  S30400)  stain¬ 
less  steel  in  high-temperature  water;  after  Ford  and  Andresen.71 

On  balance,  however,  controversy  surrounds  determinations  of 
crack  chemistry,  crack-tip  strain  rate,  the  fracture  behavior  of  a  film 
of  uncertain  structure  and  adherence,  and  transient  electrochemical 
reactions.  Currently,  judgment  is  used  with  reliance  on  adjustable 
parameters,  a  situation  that  has  been  improving  rapidly. 

Film-rupture  predictions  of  the  stress-intensity  and  frequency 
dependencies  of  da/dN0  are  pertinent  to  this  review.  Crack-tip  strain 
rate  increases  with  increasing  AK  for  fixed  frequency,  resulting  in  a 
linear  dependence  of  da/dNc,  on  AK.  This  dependence  is  weaker 
than  the  typical  power-law  relationship  for  mechanical  fatigue  and 
contributes  little  to  total  crack  growth  rates  at  very  high  AK,  where 
rates  of  mechanical  cracking  are  substantial  This  prediction  is  in 
good  agreement  with  crack  growth  rate  data,  as  indicated  in  Figure 
14. 


The  film-rupture  model  predicts  a  variety  of  frequency  effects  on 
CF.  Physically,  increasing  frequency  results  in  increasing  crack-tip 
strain  rate,  and  thus  results  in  decreased  time  between  ruptures, 
increased  charge  passed  per  film  rupture,  and  increased  crack 
advance  per  event.  Crack  growth  per  unit  time  (da/dt)  is  predicted  to 
increase  with  increasing  f,  as  indicated  in  Figure  47  and  confirmed  by 
extensive  data  for  both  monotonic  and  cyclic  loading.71 

For  CF,  the  effect  of  frequency  on  da/dt  is  countered  by  the 
inverse  elfect  ol  1/f  on  time  per  load  cycle  [Equation  (28)].  The  net 
effect  of  f  on  da/dNc,  depends  on  alloy  repassivation  kinetics, 
particularly  the  p  exponent.  Typically,  (J  equals  1/2  and  da/dNcl  is 
predicted  to  increase  with  decreasing  frequency,  as  indicated  by  the 
reciprocal  square-root  relationship  in  Equation  (32).  In  the  more 
general  case,  Equation  ^33)  and  Figure  24(a),  da<dNc,  is  predicted  to 
increase  with  decreasing  f  provided  that  p  is  less  than  1.0.  This 
benavior  is  confirmed  by  the  experimental  results  in  Figures  14  and 
47.  In  principle,  the  film-rupture  model  predicts  that  da/dNcl  could  be 
independent  of  frequency  (p  -  1.0)  or  could  increase  with  increasing 
frequency  (p  1 .0).  This  behavior,  while  not  typically  observed,  was 
recently  reported  for  an  Al-Li  alloy  in  aqueous  NaCI.22’  The  predic¬ 
tions  in  Equations  (32)  and  (33)  are  based  on  the  assumption  that 
mass  transport  is  rapid  and  does  not  rate  limit  crack  propagation. 

Hudak  recently  demonstrated  substantial  differences  in  the 
predicted  and  measured  frequency  dependencies  of  CF  for  type  304 
stainless  steel  in  high-temperature  water  and  in  NaCI  solution  234 
This  comparison  provides  an  important  critique  of  quantitative  film 
rupture  and  HE  models.  Specifically  in  conjunction  with  Equation 
(32),  Hudak  used  reaction  kinetics  for  type  304  stainless  steel  in 
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dilute  sulfate  to  simulate  crack  solution  for  pure  water  and  measured 
transient  reaction  kinetics  for  the  chloride.  Predicted  and  measured 
frequency  dependencies  of  da/dNc,  are  given  in  Figure  48.  For  the 
water  environment,  the  agreement  is  of  the  same  order  of  magnitude; 
however,  a  stronger  (inverse  square  root)  frequency  response  is 
predicted  than  is  measured  for  several  applied  electrode  potentials 
typical  of  the  crack  tip. 
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FIGURE  48— Film-rupture  predictions  and  measurements  of  the 
frequency  dependence  of  corrosion  fatigue  crack  growth  rate 
for  type  340  stainless  steel  in  two  electrolytes;  after  Hudak.234 


A  dramatic  underprediction  of  crack  growth  rates,  by  one  to  two 
orders  of  magnitude,  is  seen  for  ambient-temperature  chloride. 
Hudak  argues  that  these  differences  persist  lor  wide  ranges  of  values 
of  the  parameters  used  in  Equation  (32).  The  poor  agreement  is 
ascribed  to  a  dominant  HE  contribution  to  CF.  The  data  in  Figure  48 
were  better  described  by  the  charge  transfer-based  HE  model 
described  in  the  section  "Aqueous  Electrolytes.  Active  S.eels  in 
Chloride-Transient  Crack  Reaction  Kinetics."'7' 

As  transient  reaction  models  for  HE  and  film  rupture  are  further 
developed  and  simultaneously  applied  to  predict  the  frequency 
dependence  of  CF  in  model  systems,  mechanistic  understanding  will 
improve  dramatically.  Advances  to  date,  and  the  likelihood  for  future 
refinements,  suggest  that  in-depth  mechanistic  understanding  of  CF 
crack  propagation  is  at  hand.  Predictive  models  will  play  a  critical  role 
in  fracture-mechanics-based  life-prediction  procedures. 


,7’The  observed  effect  of  cold  work  indicated  in  Figure  48  cannot  be 
explained  by  the  film-rupture  model  but  may  be  rationalized  in 
terms  of  hydrogen.  Cold  work,  while  not  affecting  electrochemical 
reactions,  produces  martensite,  which  reduces  the  amount  of 
hydrogen  required  for  a  given  crack  extension.  Unfortunately,  the 
hydrogen  model  does  not  predict  absolute  rates  of  crack  advance 
but  scales  a  frequency  response  to  the  saturation  rate  (da/dNc). 


Corrosion  fatigue  by  surface  film  effects 

While  environmentally  produced  thin  surface  films  could  accel¬ 
erate  fatigue  crack  growth  rates  by  the  plasticity  mechanisms 
outlined  in  the  section  “Surface  Films,"  such  effects  have  been 
neither  demonstrated  by  systematic  experiment  nor  predicted  ana¬ 
lytically.  This  issue  is  important  because  crack-tip  and  flank  films  are 
produced  by  gaseous  and  electrolytic  environments  that  are  claimed 
to  promote  HE  and  film  rupture.  As  an  example  for  most  metals,  moist 
air  is  an  aggressive  environment  relative  to  vacuum  or  helium.  While 
atomic  hydrogen  production  by  water  vapor  oxidation  is  often  cited  as 
the  mechanism  for  enhanced  crack  growth  in  moist  air,  the  lack  of  a 
defined  frequency  dependence,  and  the  uncertain  effect  of  surface 
films  on  deformation  preclude  a  clear  statement  of  mechanism. 

The  first  question  to  address  is  the  extent  to  which  crack  growth 
rate  data  demonstrate  effects  of  surface  films,  apart  from  hydrogen 
and  dissolution  mechanisms.  Gaseous  oxygen  provides  an  excellent 
environment  in  this  regard.  Data  obtained  in  the  author’s  laboratory 
are  presented  in  Figure  49.  For  an  AI-LTalloy,  equal  crack  growth 
rates  are  observed  for  vacuum,  highly  purified  helium,  and  oxygen, 
while  cracking  is  enhanced  for  water  vapor  and  moist  air.125221  In 
contrast,  for  a  C-Mn  steel,  crack  growth  in  oxygen  is  strongly 
accelerated  compared  to  vacuum  or  helium  and  similar  to  that 
observed  for  gaseous  hydrogen,  moist  air,  and  water  vapor.159  These 
data  indicate  that  surface  films  produced  by  fatigue  in  oxygen  lead  to 
crack-tip  damage  for  steel  but  not  for  aluminum.  As  such,  the 
hydrogen  mechanism  is  the  sole  cause  of  CF  for  the  latter  material 
in  water  vapor.  For  steel  in  moist  air,  the  contributions  of  hydrogen 
and  film  formation  cannot  be  separated. 

The  results  contained  in  Figure  49  are  consistent  with  literature 
data;  however,  some  controversy  exists.  Oxygen  has  no  effect  on 
fatigue  crack  propagation  in  7075-T651  and  2219-T87  alloys  com¬ 
pared  to  vacuum.61-268-269  Swanson  and  Marcus268  and  Piascik221 
used  Auger  spectroscopy  and  SIMS  to  show  that  substantial 
amounts  of  surface  oxide  were  formed  and  that  oxygen  penetrated 
into  the  crack-tip  plastic  zone  during  fatigue.  Nonetheless,  crack 
growth  rates  were  not  affected.  For  three  alloy  and  C-Mn  steels, 
Frandsen  and  Marcus  reported  that  crack  growth  rates  were  in¬ 
creased  by  up  to  a  factor  of  two  by  loading  in  oxygen  compared  to 
vacuum.209  In  one  of  three  cases,  crack  growth  in  02  was  as  rapid  as 
that  likely  for  moist  air.  Auger  spectroscopy  indicated  that  oxygen 
penetrated  the  steel  during  exposure  to  02. 

A  detailed  study  by  Bradshaw  and  Wheeler  demonstrated  a 
strong  CF  action  of  02  on  a  7000  aluminum  alloy.187  While  oxygen 
either  had  no  effect  or  slightly  retarded  crack  growth  rates  compared 
to  vacuum  for  AK  levels  above  6  to  8  MPa\'m,  this  gas  enhanced 
crack  growth  rates  within  the  near-threshold  regime,  da'dN0  values 
exceeded  vacuum  levels  by  over  an  order  of  magnitude,  and  AKm 
was  reduced.  A  similar  trend  was  observed  for  near-threshold 
cracking  in  alloy  5070,  however,  growth  in  02  was  only  twofold  faster 
than  that  in  vacuum.  Extensive  experiments  with  the  7000  series 
alloy  further  demonstrated  that  da/dN0  decreased  with  decreasing 
oxygen  partial  pressure  at  fixed  frequency,  analogous  to  the  water 
vapor  exposure  effect  illustrated  in  Figures  22  and  23.  Oxygen 
affected  a  fatigue  crack  path  transition.  Growth  in  vacuum  was 
faceted  along  slip  bands  for  vacuum,  while  a  flat  "tensile"  mode  of 
unspecified  morphology  was  observed  for  02.  Piascik  recently 
reported  a  similar  result  of  02  accelerated  near-threshold  crack 
growth  in  7075.221 

Frandsen  and  Marcus  reported  four-  to  fivefold  increases  in 
crack  growth  rates  for  Monelf  404  and  commercially  pure  titanium 
cycled  in  oxygen  compared  to  vacuum.209  Clearly,  additional  work  is 
required  to  characterize  the  effects  of  oxygen  and  other  film-forming 
environments  on  fatigue  crack  propagation.  It  is  particularly  important 
to  characterize  the  effects  of  AK,  loading  frequency,  environment 
activity,  and  temperature. 

Given  an  effect  cf  film-forming  environments,  it  is  important  to 
question  the  causal  mechanism.  Those  listed  in  the  section  "Surface 
Films”  and  the  ideas  on  film-induced  cleavage  described  by  Sie- 
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FIGURE  49— Fatigue  crack  propagation  in  a  C-Mn  steel  and  an 
Al-U  alloy  as  a  (unction  of  the  surrounding  gas  for  constant  AK 
and  frequency.125,109-221 

radzki  in  this  volume82  provide  the  basis  for  quantitative  film  based 
models  of  CF.  Biadshaw  and  Wheeler  concluded  that  the  results  on 
cracking  in  02  give  support  for  damage  mechanisms  based  on 
surface  films,  however,  no  quantitative  relationships  have  been 
derived  to  date.  Surface  film  effects  on  crack  tip  plasticity  and 
dislocation  morphologies  must  be  considered.75  A  problem  hare  will 
be  to  separate  surface  film  effects  from  the  influences  of  dissociated 
and  dissolved  solute. 

Studies  of  surface  film  effects  in  CF  are  hindered  by  two 
piobiems.  The  rough  crack  surface  typical  of  fatigue  in  vacuum  and 
oxidation  debus  of  thickness  on  the  order  of  0.1  to  1  ^m  can  cause 
crack  closure,  which  complicates  analysis  of  intrinsic  chemical 
damage,  mechanisms,  as  discussed  in  the  next  section.  Indeed,  the 
Bradshaw  and  Wheeler  study  can  be  interpreted  based  on  oxide 
induced  closure  lor  02  at  moderate  AK  and  roughness  induced 
closure  for  vacuum  at  low  AK.  Near-threshold  faceted  cracking  and 
surface  roughness  could  decrease,  and  dadN0  could  increase,  with 
increasing  oxygen  pressure.  Piascik  provided  a  means  to  eliminate 
crack  closure,22’  Second,  the  demonstration  of  an  02  effect  is  only 
broadly  established  for  alloy  7075,  and  perhaps  steels,  which  are 
sensitive  to  HE.  Recem  data  suggest  lhat  extremely  small  amounts 
of  water  vapor  in  02  affect  crack  propagation.22’  The.  purity  of  the 
oxygen  environment  must  be  carefully  controlled. 


Complications  and  Compromises 
of  Fracture  Mechanics 


Conclusion 

Fracture  mechanics  descriptions  of  CF  and  the  similitude 
concept  are  complicated  by  the  inability  of  stress  intensity  to  describe 
the  controlling  crack-tip  mechanical  and  chemical  driving  forces.  The 


so-called  closure,  small  crack,  and  high-strain  problems  in  mechan¬ 
ical  fatigue  are  relevant  to  CF.  Data  and  analyses  demonstrate  that 
the  unique  relationship  between  da/dN  and  AK  is  compromised  by 
mechanisms,  including  (1)  premature- crack-wake  surface  contact, 

(2)  deflected,  branched,  and  multiple  cracking,  and  (3)  time-  and 
geometry-dependent  occluded  crack  chemistry.  Stress-intensity  de¬ 
scriptions  of  elastic-plastic  stresses,  strains,  and  strain  rates  in  the 
crack-tip  plastic  zone  are  uncertain  within  about  5  pm  of  the  crack  tip, 
within  single  grains  that  are  not  well  described  by  the  constitutive 
behavior  of  the  polycrystal,  and  when  deformation  is  time  or 
environment  sensitive.  These  limitations  do  not  preclude  the  only 
quantitative  approach  developed  to  date  to  characterize  subcritical 
crack  propagation.  Rather,  they  indicate  the  need  for  crack-tip 
modeling. 

Crack  mechanics 

The  fracture  mechanics  approach  to  fatigue  crack  propagation 
and  the  associated  similitude  concept  are  unambiguous  if  the  applied 
stress  intensity  accurately  describes  local  crack-tip  stress  and  strain 
fields.  Extensive  work  over  the  past  20  years  on  benign  environment 
fatigue  has  demonstrated  four  situations  in  which  the  basic  linear 
elastic  formulation  of  applied  AK  must  be  modified  to  better  define  the 
governing  driving  force.  These  areas— crack  closure,  small  crack 
size,  large-scale  yielding,  and  deflected  cracks— are  relevant  to  CF 
crack  propagation.  The  environmental  aspects  of  these  issues  have 
not  been  extensively  investigated. 

The  fracture  mechanics  approach  discussed  in  this  review  is 
based  on  the  assumption  that  cracked  specimens  and  components 
are  loaded  within  the  small-scale  yielding  regime.88  Dowling  con¬ 
ducted  extensive  studies  on  “high-strain"  crack  propagation  and 
correlated  growth  rates  with  a  nonlinear  field  parameter,  the  J- 
contour  integral.157  Unique  geometry-independent  crack  growth  rate 
laws  are  observed,  and  a  variety  of  J  solutions  are  available  for 
various  specimen  and  component  geometries.  This  work  has  not 
been  extended  to  crack  growth  in  aggressive  environments,  but  it  is 
likely  that  many  of  the  principles  established  for  CF  under  small-scale 
yielding  will  be  relevant. 

Most  stress-intensity  analyses  are  derived  for  a  single  crack 
perpendicular  to  the  applied  load  and  growing  in  a  nominally  Mode  I 
fashion.  In  CF,  or  with  anisotropic  microstructures,  cracks  may 
branch  or  deflect  from  this  idealized  geometry.  In  this  case,  growth 
proceeds  under  mixed  Modes  I  and  II.  The  governing  stress  intensity 
factor  must  be  calculated  to  include  a  summation  of  the  Mode  I  and 
II  K  levels  for  the  deflected  crack.  Suresh  has  analyzed  this  problem 
and  provided  branched  crack  stress-intensity  factors.270  This  analy¬ 
sis  has  not  been  broadly  applied  in  CF,  often  the  effect  of  deflection 
on  AK  is  secondary,  particularly  within  the  Paris  regime.  Deflection 
effects  on  near  threshold  environmental  cracking,  and  the  associated 
closure  phenomena,  are  important  and  further  study  is  warranted. 

Ciack  closure.  Premature  crack  wake  surface  contact  during 
the  unloading  portion  of  a  fatigue  cycle  (viz.,  crack  closure ')  reduces 
the  applied  stress  intensity  range  to  an  effective  value  defined  as 
AKott  -  KTO(  ((Kc,).  Concurrently,  the  effective  stress  ratio 
increases  to  Kcl/Kmav  When  considered  based  on  applied  AK  (Kmox 
K^n),  fatigue  crack  growth  rates  decline  as  closure  effects 
increase.  Crack  growth  rate  data,  which  are  closure  affected,  are 
often  referred  to  as  extrinsic.  Da/dN  values  that  are  obtained  m  the 
absence  of  closure,  or  are  based  on  a  closure  compensated  AK 
level,  are  referred  to  as  intrinsic.  The  topic  of  crack  closure  has  been 
extensively  reviewed  for  fatigue  crack  propagation  in  benign  envi¬ 
ronments,  particularly  by  Ritchie,  McEvily,  and  their  stu- 
dents.41’43,47,202,271 

Overview  lor  benign  environments- Several  mechanisms  cause 
fatigue  crack  closure,  including  the  following: 

(1)  Crack-wake  plasticity;272,273 

(2)  Crack  surface  roughness  or  deflections  with  Mode  II  sliding 
displacements;274 

(3)  Crack  corrosion  debris;205  275  and 

(4)  Crack  fluid  pressure.276 


94 


EICM  Proceedings 


Quantitative  models  that  estimate  the  degree  of  closure  are  provided 
in  the  indicated  references. 

Models  and  measurements  of  crack-closure  loads  by  crack- 
mouth  compliance  or  back-face  strain-gauge  techniques  demon¬ 
strate  that  closure  effects  are  exacerbated  by  (1)  near-threshold 
loading,  (2)  low  stress  ratio  loading,  (3)  tension  dominated  loading 
spectra  or  single  overloads,  (4)  environments  that  produce  corrosion 
debris  within  the  crack,  (5)  anisotropic  or  planar  slip  materials  which 
cause  deflected  and  microscopically  rough  fatigue  crack  surfaces, 
and  (6)  environments  that  produce  tortuous  crack  surfaces. 

While  the  effects  of  closure  on  da/dN  are  clear,  controversy 
exists  as  to  the  proper  stress-intensity  range  that  governs  crack 
growth.  The  majority  of  studies  have  used  an  effective  AK  value 
(AKof(  =  Kmax  -  Kd),  with  Kd  determined  from  compliance  measure¬ 
ments.  Recent  data  indicate,  however,  that  fatigue  damage  contin¬ 
ues  over  a  distributed  range  of  loads  below  Kd;  AKa„  is  too  small.277 
A  constant  maximum  stress-intensity  procedure  offers  an  alternate 
means  of  characterizing  crack  growth  independent  of  closure  as 
discussed  in  the  “Novel  Measurements  of  Corrosion  Fatigue  Crack¬ 
ing”  section.'56 

When  CF  crack  propagation  data  are  obtained  under  the  above 
conditions,  it  is  likely  that  they  are  affected  by  crack  closure.  Such 
behavior  has  several  implications  for  this  review.  It  is  necessary  to 
assume  that  most  of  the  results  described  here  reflect  closure 
influences.  Given  the  complexities  of  making  displacement  measure¬ 
ments  in  aggressive  environments,  only  limited  work  has  been 
conducted  to  define  closure  in  CF.  An  alternate  approach  is  to  design 
CF  experiments  that  yield  growth  rates  that  are  closure  free;  this 
approach  with  constant  Kmax  and  high  R  methods  was  taken  by 
Piascik  and  Gangloff.'25-'26  22' 

In  terms  of  crack  growth  mechanisms,  it  is  reasonable  to 
develop  and  evaluate  models  of  the  sort  described  in  the  section 
"Quantitative  Models  of  Corrosion  Fatigue  Crack  Propagation”  in 
terms:  of  intrinsic  crack  growth  rates.  As  a  separate  problem,  it  is 
necessary  to  develop  environmental  mechanisms  for  crack  closure. 
As  an  example,  Hudak  considered  crack-closure  contributions  in 
film-rupture  modeling  of  da/dN„  for  stainless  steels.234  It  is  reason¬ 
able  to  question  those  studies  that  claim  to  have  proved  a  specific  CF 
model  by  crack  growth  rate  measurements,  if  crack  closure  has  not 
been  accounted  for. 

In  terms  of  life  prediction  under  complex  loading  spectra,  the 
crack  growth  rate  law  that  describes  the  proper  degree  of  closure  for 
the  component  and  loading  history  of  interest  is  unclear.  This 
problem  has  not  been  adequately  dealt  with  for  benign  environment 
fatigue. 

Crack  closure  in  aggressive  environments -Several  mecha¬ 
nisms  for  closure  are  pertinent  to  CF.35,60,196  For  steel  in  aqueous 
chloride,  Todd  and  coworkors  demonstrated  that  grains,  displaced  or 
detached  by  environment-induced  intergranular  fatigue,  act  as  wedges 
to  hinder  crack  displacement.152  Viscous  fluids  can  exert  closure 
forces  on  fatigue  crack  flanks.276  Gangloff  and  Ritchie  speculated 
that  hydrogen  may  enhance  plasticity  and  the  extent  of  crack-wake- 
induced  closure.203  Environment-induced  crack  deflection  is  often 
encountered,  but  detailed  closure  analyses  have  not  been  applied  to 
CF  studies.  Additional  research  is  required  to  examine  these 
environment-sensitive  closure  mechanisms. 

Studies  of  closure  have  emphasized  reductions  in  stress- 
intensity  factor  and  hence  crack-tip  cyclic  strain.  It  is  also  reasonable 
to  suggest  that  crack  closure  will  affect  crack  chemistry  by  influencing 
mass  transport.  Certainly  the  opening  shape  of  tho  crack,  varying 
with  loading  time,  is  an  important  factor  in  diffusion  and  convective 
mixing.  (See  the  section  “Aqueous  Electrolytes:  Active  Steels  in 
Chloride-Crack  Chemistry  Modeling.")  As  an  example,  Gangloff 
suggested  that  crack  surface  contact  will  transform  an  otherwise 
orderly  mass  flow  situation  into  transport  by  turbulent  mixing.253  For 
this  case,  a  perfect  mixing  modol  may  bo  more  accurate  than  detailed 
calculations  based  on  slow  laminar  flow.  Crack-closure  effects  on 
local  environment  chemistry  have  not  been  considered  in  detail. 


Corrosion  debris,  the  so-called  oxide-induced  closure  mecha¬ 
nism,  has  a  potent  effect  on  fatigue  crack  growth  rates.  This  process 
has  been  extensively  investigated  for  low-strength  alloy  steels  in 
moist  oases  and  for  C-Mn  steels  in  seawater.  Oxide-induced  crack 
closure  was  broadly  recognized  by  Ritchie  for  steels  in  various  gas 
environments;  for  an  example,  see  the  data  in  Fjgure  28.200'z05 
These  and  other  results  show  that  near-threshold  crack  growth  rates 
are  increased  for  all  gases  that  prevent  the  formation  of  crack  surface 
oxide,  including  pure  H2,  He,  and  vacuum.  For  water  vapor,  wet  H2, 
and  moist  air,  oxides  of  thicknesses  on  the  order  of  the  cyclic 
crack-tip-opening  displacement  and  enhanced  by  a  fretting  mecha¬ 
nism  cause.reduced  crack  growth  rates.  This  effect  is  observed  for 
low  stress  ratios;  equal  crack  growth  rates  are  reported  for  all  gases 
at  R  values  above  about  0.6,  typical  of  closure. 

Oxide-induced  closure  is  not  significant  at  higher  stress  inten¬ 
sities  or  for  high-strength  steels  and  precipitation-hardened  alumi¬ 
num  alloys.  For  these  materials  in  moist  gases,  oxide  thicknesses  are 
small,  presumably  because  fretting  is  not  an  effective  mechanism  for 
accelerated  oxidation.278  More  corrosive  environments  may,  of 
course,  cause  debris-induced  closure  in  these  materials. 

Crack  closure  of  the  sort  illustrated  in  Figure  28  complicates 
mechanistic  understanding  of  near-threshold  cracking.  The  effect  of 
closure  must  be  eliminated  or  measured  and  growth  rates  adjusted 
to  determine  the  extent  of  intrinsic  environmental  embrittlement. 
Since  this  is  rarely  done,  data  and  models  on  near-threshold  CF  are 
lacking. 

Suresh  and  Ritchie  modeled  oxide-induced  closure  in  terms  of 
the  effect  of  a  rigid  v/edge  on  the  crack-tip  stress  intensity  at  the  point 
of  closure  contact.202-274 

k  _  dE 

*  4\^i  (I  -  V2)  (34) 

where  d  is  the  maximum  thickness  of  oxide  film  and  on  the  order  of 
0.01  to  0.1  pm;  I  is  the  distance  behind  the  crack-tip  to  the  location 
of  maximum  oxide  thickness  and  on  the  order  of  several  pm;  E  is  the 
elastic  modulus;  and  v  is  Poisson’s  ratio.  This  analysis  predicts  Kd 
levels  on  the  order  of  1.5  to  2  MPaVm  for  steels. 

Corrosion  debris  may  promote  crack  closure  for  steels  in 
aqueous  chloride  environments,  as  studied  by  Hartt,  Scott,  Bardal, 
van  der  Velden,  and  coworkers.34,50'1 '9,r-''279'28'  This  phenomenon 
results  in  extremely  low  near-threshold  growth  rates  and  high  levels 
of  AKlh  for  environmental  conditions  that  v/ould  otherwise  promote 
HE.  (See  the  section  "Corrosion  Fatigue  by  Hydrogen  Embrittle¬ 
ment.’’)  A  typical  example  is  shown  in  Figure  II.  AKm  is  increased 
markedly  by  seawater  with  cathodic  polarization  at  low  R  (Curve  5) 
and  compared  to  moist  air,  seawater  with  free  corrosion  (Curve  4),  or 
seawater  with  cathodic  polarization  at  high  R  (Curve  3).  Closure 
during  cathodic  polarization  is  often  sufficiently  potent  to  cause  crack 
arrest. 

Corrosion-product-induced  closure  depends  sensitively  on  the 
electrochemistry  of  the  chloride  environment,  because  this  governs 
the  precipitation  of  calcium-  and  magnesium-bearing  salts,  the 
offending  corrosion  debris.279,280  These  reactants  are  found  in 
seawater,  but  not  in  pure  3%  NaCI  solution;  as  such,  corrosion- 
product-induced  closure  only  occurs  in  the  former  solution.  As  shown 
in  Figure  44,  cathodic  polarization  promotes  CF  crack  growth  in  NaCI 
but  greatly  relards  cracking  in  seawater.  Here,  precipitation  of 
magnesium  and  calcium  salts  only  occurs  at  electrode  potentials 
below  about  -850  mVSCE,  where  the  solubility  product  is  sufficiently 
reduced.  As  such,  calcareous-deposit-induced  closure  is  likely  for 
cathodic  polarization  but  not  for  anodic  potentials.  This  trend  is 
clearly  evident  for  crack  growth  in  seawater  in  Figure  11.  (Van  der 
Velden  reported  that  iron  hydroxide  can  form  on  crack  surfaces  of 
steel  in  oxygenated  3%  NaCI  near  free  corrosion  and  can  cause 
crack  closure.281  This  observation  is  not  general,  as  no  evidence  of 
crack  closure  has  been  reported  in  extensive  studies  of  such  steels 
in  this  environment. "E■,70',73■  t74.i80.i89.253j 
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It  is  likely  that  corrosion  product  deposition  and  crack  closure 
are  possible  for  other  material-environment  systems.  The  occur¬ 
rence  of  this  phenomenon  is  evidenced  by  time-dependent  reduc¬ 
tions  in-crack  growth  rate's  at  constant  applied  stress  intensity,  by 
crack  arrest  at  very  -high  threshold  stress  intensities,  and  by 
compliance  or  back-face  strain-gauge  measurements  of  closure 
contact  upon  unloading.  Crack  chemistry  modeling  of  the  sort 
described  in  the  section  “Aqueous  Electrolytes:  Active  Steels  in 
Chloride-Crack  Chemistry  Modeling"  predicts  the  occurrence^! 
precipitation  from  .occluded  crack  solution.’90-249,279 

The  benefits  of  corrosion-product-induced  closure  to  compo¬ 
nent  life  are  unclear.  The  degree  of  .product  precipitation  and  the 
resulting  effect  on  crack  growth  kinetics  are  possibly  geometry  and 
loading  spectra  dependent.  For  example,  large  compressive  under¬ 
loads  may  obliterate  the  corrosion  product  and  reduce  the  closure 
effect  compared  to  that  expected  from  laboratory  experiments  with 
small  specimens  and-simple  tension  loading.  Application  of  the 
similitude  concept  in  such  cases  is  unclear;’00-’0’  additional  work  is 
required. 

Environment-sensitive  microscopic  deformation.  From  the 
continuum  perspective,  crack-tip  stresses  and  strains  depend  on  the 
shape  of  the  blunted  crack  tip  and  on  material  constitutive  behavior 
through  stress  intensity.  (See  the  section  “Models  of  Crack-Tip 
Mechanics”  and  Reference  160.)  Environment  may  influence  these 
properties  in  a  time-dependent  fashion  during  CF  crack  propagation 
and  thus  influence  the  magnitude  of  the  crack-tip  fields.  Crack-tip 
dissolution  may  affect  blunting,  and  intergranular  or  transgranular 
•fracture  modes  could  produce  unique  crack-tip  shapes  compared  to 
deformation  blunting  models.  Hydrogen,  dissolved  in  the  plastic 
zone,  could  influence  deformation  mode  and  material  flow  properties. 
For  these  cases,  stress  intensity  will  describe  crack-tip  deformation; 
however,  the  appropriate  crack  shape  and  flow  properties  must  be 
used  in  finite  element  models  of  the  crack-tip.  No  work  has  been 
reported  in  these  regards. 

The  influence  of  hydrogen  on  metal  plasticity  is  controversial 
and  has  not  been  broadly  demonstrated  for  materials  subjected  to  the 
boundary  conditions  typical  of  a  crack-tip  plastic  zone.  No  data  have 
been  presented  to  demonstrate  alloy  stress-strain  behavior  altered 
by  dissolved  hydrogen.  Nonetheless,  the  possibility  for  such  effects 
is  strong  based  on  (1)  extensive  evidence  for  hydrogen-induced 
plasticity  in  thin  foils  strained  in  the  electron  microscope,68  (2) 
interpretations  of  fracture  surface  features,69  and  (3)  electron  micro¬ 
scope  evidence  for  hydrogen-induced  changes  in  the  dislocation 
morphology  within  the  crack  wake.282 

Information  on  environment-sensitive  deformation  at  growing 
crack  tips  is  provided  by  in  situ  fatigue  loading  in  the  scanning 
electron  microscope  coupled  with  stereoimaging  analysis.  (See  the 

section  "Models  of  Crack-Tip  Mechanics _ ’’)  Lankford  and 

Davidson’62’164  and  Hudak234  report  that  crack-tip-opening  strain 
ranges  are  lower  for  aggressive  compared  to  inert  environments  for 
any  constant  applied  4K.  These  studies  were  conducted  with  1005 
steel  and  7075-T651  aluminum  in  moist  air  or  dry  N2  and  with  type 
304  stainless  steel  in  aqueous  Na2S04;  an  example  of  data  for  the 
latter  material  is  presented  in  Figure  50.232-(8>  Here,  strain  ranges  are 
decreased  by  between  a  factor  of  four  and  eight  for  the  sulfate; 
corresponding  crack  growth  rates  increased  by  between  four-  and 
twentyfold  because  of  the  environmental  effect.  Lankford  and  David¬ 
son  concluded  that  water  vapor  similarly  lowered  the  crack-tip  strain 
range  for  7075;  however,  this  point  was  obscured  by  substantial 
variability.’62 

The  mechanism  for  the  effect  of  environment  on  crack-tip  strain 
is  related  to  embrittlement  of  a  fracture  process  zone  on  the  order  of 
1  to  10  pm.’62-234  For  the  alloys  examined,  hydrogen  is  held  to  lower 
the  “load  bearing"  or  "accumulated  strain"  capacity  of  the  process 


(8,Note  that  the  lino  indicated  with  a  slope  of  2:1  is  incorrectly  labeled. 
The  data  for  Na2S04  are  not  described  by  a  AK  squared 
dependence;  rather,  the  slope  of  the  data  is.somewhat  lower. 
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FIGURE  50— Measured  fatigue  crack-tip  cyclic  strain  range  as  a 
function  of  applied  AK  for  type  304  (UNS  S30400)  stainless  steel 
cycled  at  300°K  in  aqueous  0.1  M  Na2S04  or  vacuum,  and  then 
characterized  by  in  situ  SEM  loading  and  stereoimaging  analy¬ 
sis;  after  Hudak.234 


zone;  the  crack  extends,  at  a  lower  strain  and  after  fewer  cycles  for 
any  AK.  Fatigue  crack  propagation  progresses  discontinuousiy, 
governed  by  a  damage  accumulation  model  for  each 
environment.’62-210  For  cyclic  loading  at  constant  AK,  plastic  strains 
build  to  a  critical  level,  causing  an  increment  of  crack  growth.  The 
process-zone  failure  strain  and  measured  crack-tip  strains  are 
reduced  by  environmental  exposure  consistent  with  Figure  50. 

While  crack-tip  strains  within  the  process  zone  differ  with 
environment  at  constant  AK  and  are  therefore  not  well  described  by 
a  continuum  model,  stress  intensity  provides  the  boundary  condition 
that  scales  the  magnitude  of  process-zone  loading.  Crack-tip  strains, 
along  with  the  near  crack-tip  opening  shape,  correlate  with  applied 
stress  intensity  as  indicated  in  Figure  50.  Stress  intensity  is  not, 
however,  capable  of  describing  the  cyclic  evolution  of  the  process- 
zone  strain.  A  dislocation-hardening  theory  may  be  relevant. 

Apart  from  the  concept  of  a  reduction  in  strain  accumulation 
capacity,  other  factors  could  contribute  to  environment-sensitive 
crack-tip  deformation.  Varying  process-zone  strain,  either  hardening 
or  softening,  with  cycling  at  constant  AK  is  a  critical  assumption. 
Alternately,  local  plastic  strain  ranges  may  saturate  at  equal  strains, 
independent  of  environment,  for  the  same  applied  AK  and  at 
numbers  of  cycles  well  below  the  failure  “life.”  An  environmental 
reduction  in  a  strain-life  failure  limit  would  then  mean  that  fewer  load 
cycles  are  required  to  cause  an  increment  of  crack  extension  and  an 
increased  growth  rate,  but  measured  crack-tip  strains  should  be 
equal  for  aggressive  and  inert  environments.  The  mechanism  tor  the 
effect  of  environment  on  crack-tip  strain  may  be  more  complex  than 
indicated  above.  For  example,  if  dissolved  hydrogen  homogeneously 
enhances  plasticity,  then  crack-tip  strains  are  expected  to  increase 
for  environmental  exposure  at  constant  AK.  Crack-tip  strains  will 
decrease,  on  average,  if  hydrogen  promotes  slip  localization.  Hydro¬ 
gen  effects  on  crack-iip  shape,  through  an  environmental  fracture 
mechanism  transition,  could  also  alter  the  crack-tip  strain  distribution. 

Experimental  measurements  of  crack-tip  shape,  deformation, 
and  dislocation  configurations  are  critically  needed  as  a  function  of 
applied  AK  and  environment. 

Small  crack  problem.  The  essence  of  the  “small  crack 
problem"  is  that  stress  corrosion,  mechanical  fatigue,  and  CF  cracks 
propagate  at  unpredictably  high  rates  when  sized  below  a  critical 
level  and  compared  to  the  growth  rates  of  long  cracks.  Small  fatigue 
cracks  propagate  at  stress-intensity  ranges  well  below  long-crack 
thresholds.  The  similitude  principle  breaks  down;  crack  size  and 
applied  stress  effects  on  growth  kinetics  are  not  uniquely  described 
by  a  single  parameter  (AK).  Extensive  measurements  and  modeling 
indicate  that  crack  size  effects  are  important  for  crack  depths  below 
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about  1  to  5  mm.  The  definition  of  a  small '  or  short  crack  depends 
on  the  mechanism  for  the  rapid  growth  rates. 

Small  cracks  are  technologically  important  because  the  early 
growth  of  cracks  between  0.05  and  5  mm  often  dominates  the  fatigue 
life  of  components.  An  example  is  provided  by  CF  crack  growth  in  the 
weld  of  a  pipe  carrying  H2S-contaminated  oil.103  Here,  80%  of  the 
predicted  life  was  involved  with  crack  growth  form  0.5  to  1.0  mm; 
cracking  to  failure  required  only  20%  of  life.  Errors  in  the  growth  rates 
of  small  cracks  have  a  large  adverse  effect  on  life  prediction. 

SmalT  fatigue  crack  growth  behavior  has  been  extensively 
reviewed  for  benign  environments  by  Ritchie,  Lankford,  Davidson, 
McEvily,  Tanaka,  Morris,  and  Hudak  45-'53-283-284  Gangloff,  Wei,  and 
Petit  considered  the  behavior  of  small  cracks  in  aggressive 
environments.36-60-'80-203-285 

Overview  for  benign  environments-Severa\  mechanisms  have 
been  established  to  explain  small  fatigue  crack  behavior,  as  sum¬ 
marized  in  Figure  51.  Cracks  are  classified  as  short  if  they  intersect 
many  grains  along  the  crack-front  and  have  a  cyclic  plastic  zone 
much  larger  than  the  grain  size  but  are  of  limited  length  dimension. 
A  small  crack  and  associated  plastic  zone  are  wholly  contained  within 
1  to  5  grains.  The  absolute  size  of  the  small  crack  is  microstructure 
dependent  and  may  be  quite  large  for  a  single  crystal. 

From  the  mechanical  perspective,  short  cracks  are  poorly 
described  by  AK  when  small-scale  yielding  is  violated  by  high  net 
section  stress,  or  when  the  crack  size  is  less  than  1  to  5  times  the 
monotonic  plastic-zone  size.  The  J-integral  approach  may  correlate 
cracking,  as  discussed  in  the  section  "Crack  Mechanics.”  Microstruc- 
turally  small  cracks  grow  rapidly  when  the  cyclic  plastic  zone  is 
encased  within  a  single  grain  because  of  abnormally  large  crack-tip 
opening  strains  compared  to  that  expected  based  on  applied  AK. 
This  effect  appears  to  be  related  to  single  crystal  and  localized 
deformation  mode  effects  on  the  crack-tip  strain  field. 

Short  and  small  cracks  grow  at  accelerated  rates  because  of  a 
physical  mechanism.  Such  cracks  have  reduced  wakes  and,  as  such, 
reduced  levels  uf  shielding  crack  closure.  As  the  small  crack 
propagates  from  the  embryonic  stage  at  constant  applied  AK,  the 
crack  wake  develops,  closure  stress  intensity  rises,  and  crack  growth 
rates  decrease.  Crack-length-independent  cracking  is  achieved 
when  closure  reaches  saturation  or  steady  state  above  a  specific 
crack  size.  Physical  short/small  crack  behavior  is  correlated  by 
stress-intensity  approaches  that  account  for  closure,  that  is,  either 
AKe,,  or  high  stress  ratio  constant  2”  Similitude  is  observed 

if  rates  are  compared  on  a  closure-free  basis. 

The  mechanisms  represented  Figure  51  are  important  because 
they  enaole  definitions  of  what  constitutes  a  small  crack,  a  question 
that  hao  been  posed  for  the  past  20  years  and  that  can  now  be 
reasonably  answered  for  fatigue  in  benign  environments.283 

Aggressive  env/ronmenfs-Chemical  effects  unique  to  the 
small  crack  geometry  are  an  important  aspect  of  CF  behavior.  The 
growth  rates  of  small  fatigue  cracks  <  -  5  mm;  may  be  significantly 
faster  than  expected  from  longer  crack  dadN-AK  data  for  gases  and 
liquids,  while  being  predictable  for  benign  environments.  Aggressive 
environments  play  a  role  in  mechanical  and  closure-based  short 
small  crack  mechanisms.  Additionally,  the  chemistry  within  such 
cracks  may  be  uniquely  embrittling  ipr  benign;,  thus  providing  the 
basis  for  a  chemical  mechanism.  These  views  are  supported,  albeit 
to  a  limited  extent,  by  modeling  and  experiment  as  reviewed  in  detail 
by  Gangloff  and  coworkers.'80-203 

Undoubtedly,  experimental  difficulties  have  hindered  studies  of 
small  CF  cracks.  Surface  replication  techniques  have  been  applied  to 
fatigue  in  moist  air;  however,  this  tedious  method  with  the  necessity 
for  test  interruptions  is  not  suited  for  aggressive  environments.  The 
electrical  potential  method  (see  the  section  '  New  Procedures")  was 
successfully  applied  to  continuously  monitor  the  growth  of  short 
cracks  of  length  greater  than  0.1  mm  for  a  variety  of  materials  and 
aggressive  environments  and  under  programmed  applied 
AK.'58 159  221  Microstructurally  small  cracks  have  been  monitored, 
provided  that  the  gram  size  is  enlarged  above  about  500  ixm.'59  As 
developed,  this  method  is  not  suited  for  naturally  initiated  CF  cracks 


because  the  location  of  cracking  must  be  precisely  known  for  probe 
attachment.  No  measurements  have  been  obtained  on  the  closure 
behavior  of  small  cracks  in  environments  other  than  moist  air.159 

MECHANISMS  FOR  SMALL  FATIGUE  CRACK  BEHAVIOR 
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FIGURE  51— Mechanisms  for  the  unique  behavior  of  small 
fatigue  cracks. 

The  mechanical  and  closure  mechanisms  for  crack  size  effects 
in  CF  have  not  been  extensively  investigated.  Presumably,  the  ideas 
and  results  on  closure  in  benign  environments  (see  the  section 
"Crack  Closure")  are  relevant  to  CF  cracks  with  limited  wakes.  As 
discussed  by  Piascik  and  Gangloff,125  126  22’  this  situation  provides 
for  severe  near  threshold  CF  crack  growth  effects  and  is  worthy  of 
additional  study.  Enhanced  crack  opening  strain  for  microstructurally 
small  cracks  should  play  an  important  role  in  CF  by  either  film  rupture 
or  HE.  No  measurements  exist  to  support  this  speculation,  however, 
Hudak  and  Ford  demonstrated  the  potency  of  this  mechanism  based 
on  film-rupture  model  calculations  [Equations  (31)  to  (33)].286  The 
prediction  contained  in  Figure  52  indicates  that  enhanced  crack  tip 
strain  and  strain  rate  for  the  small  fatigue  crack  enable  propagation 
at  high  rates  and  well  below  the  long-crack  threshold  for  the  stainless 
steel-high-temperature  water  system.  This  potential  mechanism 
must  be  evaluated. 

Experimental  and  analytical  support  for  novel  CF  effects  in  the 
small  crack  regime  exists  for  steels  in  aqueous  chloride,  a  likely  HE 
system.’80  A  systematic  study  of  short  CF  cracks  was  reported  by 
Gangloff  for  a  high-strength  martensitic  steel  in  3%  NaCI.96  97  Typical 
data  are  presented  in  Figure  9.  Note  the  one  to  two  order  of 
magnitude  increases  in  the  growth  rates  of  short  cracks  <0.1  to  2  mm 
long,  through  thickness  and  elliptical-surface  cracks  in  a  steel  with 
20- nm  grain  size)  .  any  applied  AK  for  the  chloride  and  compared 
to  compact-tension  results.  In  contrast,  crack  growth  in  air  and 
vacuum  was  uniquely  correlated  by  applied  stress  intensity,  inde¬ 
pendent  of  stress  and  crack  size.  This  result  demonstrates  that  crack 
closure  and  plasticity  mechanisms  do  not  explain  the  rapid  growth  of 
the  short  CF  cracks. 

A  chemical  mechanism  must  explain  the  short-crack  effect  in 
Figure  9,  as  detailed  in  the  next  section,  "Crack-Geometry-De¬ 
pendent  Occluded  Environment  Chemistry."  This  point  was  rein¬ 
forced  by  short-crack  CF  data  that  show  that  da/dN0  decreases  with 
increasing  initial  applied  stress  range  at  constant  R  and  with 
increasing  R  at  constant  AK.97  A  rapidly  growing  crack  in  NaCI  was 
slowed  by  a  stress  range  increase,  in  air  or  vacuum,  increased  stress 
caused  increased  crack  growth  rate®,  as  expected  from  increasing 
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AK.  These  crack  growth  rate  data  correlated  with  the  reciprocal  of  the 
maximum  crack-mouth-opening  displacement  at  constant  AK 
according  to  the  following:253 

L0®  (  “377 —  )  =  '!’  +  «*a'/  Vmax  (35) 

dNc 

<t>.  a,  7,  and  a*  are  constants  that  characterize  the  chemical  reactions 
controlling  CF,  as  discussed  in  the  next  section  (V^)-1  decreases 
with  increasing  crack  length  and  increasing  K^;  particularly  for 
crack  lengths  between  0.1  and  1  mm.  For  long  cracks,  changing 
crack  length  has  only  a  small  effect  on  V^,  indicating  that  AK  would 
reasonably  correlate  CF  crack  growth  rates. 

AK,  ksrJ/2 
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FIGURE  52— The  predicted  effect  of  small  crack  depth  on 
corrosion  fatigue  crack  propagation  by  film  rupture  for  stainless 
steel  In  hlgh-temperature  water;  after  Hudak  and  Ford.285 

Several  points  are  relevant  to  the  short  crack  results  repre¬ 
sented  in  Figure  9  and  Equation  (35).  As  the  magnitude  of  the  crack 
size  effect  increases,  the  fracture  mechanism  changes  from  brittle 
transgranular  cracking  associated  with  the  martensitic  microstructure 
to  intergranular  crack  growth  along  prior  austenite  boundaries 97  In 
addition,  K,scc  equals  between  24  and  30  MPaX^  for  long  cracks 
but  declines  to  about  8  MPaVm  for  the  smallest  cracks  represented 
in  Figure  9.194  As  such,  it  is  likely  that  the  result  in  Figure  9  is  for 
time-dominant  CF.  A  simplo  superposition  model  will  notdescribe 
short-crack  growth  because  of  the  effect  of  crack  shape  on  local 
chemistry;  for  example,  as  indicated  by  the  observation  that  da/dN0 
decreases  with  increasing  R.  Finally,  the  "small"  crack  regime  for  this 
case  extends  to  sizes  on  the  order  of  several  millimeters. 

Cycle-time-dependent  CF  in  the  steel-chloride  system  is  gen¬ 
erally  enhanced  by  reduced  crack  size;  however,  the  magnitude  of 
the  effect  decreases  substantially  with  decreasing  steel  yield 
strength.180  While  systematic  studies  are  limited,  the  data  repre¬ 
sented  in  Figure  53  show  that  da/dN#  is  increased  by  between  1 .5  to 
2-fold  for  low-strength  steels,  comparing  small  crack  kinetics  to 
standard  compact-tension  data.191  This  result  is  further  illustrated  in 
Figure  17.  As  yield  strength  increases,  short  crack  size  becomes 


more  important,  for  moderate-strength  steels  such  as  HY130,  small 
cracks  grow  up  to  four  times  faster  than  long  cracks.180-287  This 
interaction  between  crack  size  and  strength  is  consistent  with  the 
moderate  effect  of  hydrogen  for  this  class  of  steels.  For  high-strength 
steels,  small  CF  cracks  grow  at  unpredictably  high  rates,  varying  from 
long  crack  data  by  one  to  two  orders  of  magnitude. 

Small  crack  effects  in  CF  have  not  been  reported  for  nonferrous 
alloy  and  environment  systems.  A  likely  HE  system,  high-strength 
aluminum  alloys  in  aqueous  chloride,  was  examined  by  Piascik  and 
Gangloff.125-221  Similar  CF  crack  growth  rates  were  observed  for 
through-thickness  edge  cracks  sized  between  0.2  and  5  mm  and  for 
25-mm-long  cracks  in  compact-tension  specimens.  While  the  high- 
angle  grain  size  was  large,  no  microstructure-environment  interac¬ 
tion  was  observed.  CF  crack  growth  rates  were  consistent  with  the 
broad  base  of  data  presented  in  Figure  12. 

Crack-geometry-dependent  occluded 
environment  chemistry 

If  occluded  crack  chemistry  changes  as  a  function  of  crack  size, 
time,  specimen  geometry,  or  loading,  then  CF  crack  growth  rates  will 
not  be  steady  state  and  will  not  be  meaningfully  described  by  applied 
AK.  Crack  chemistry  effects  are  particularly  important  within  the 
short-  and  small  crack  regimes. 

Mathematical  modeling  provides  a  means  to  assess  varying 
crack-tip  electrolyte  pH,  potential,  ionic  composition,  dissolution,  and 
hydrogen-production  rates,  as  discussed  in  the  section  “Aqueous 
Electrolytes:  Active  Steels  in  Chloride-Crack  Chemistry  Modeling.” 
Such  work  for  ferritic  steels  in  aqueous  chloride  provides  predictions 
of  crack  size  and  loading  effects  on  local  chemistry.  Generally, 
reactant  and  product  concentrations  in  a  fatigue  crack  depend  on 
crack  depth  and  mouth  opening,  and  thus  on  AK,  R,  load  waveform, 
and  specimen  geometry.248-252 

An  example  of  crack-tip  reactant  oxygen  concentration  is 
provided  in  Figure  42;  this  specie  is  normally  consumed  by  a 
reduction  reaction  within  the  crack  that  competes  with  hydrogen  ion 
and  water  reduction.  As  crack  length  initially  increases  to  1  mm,  the 
concentration  of  crack-tip  oxygen  declines  because  the  diffusional 
supply  of  reactant  02  from  aerated  bulk  solution  becomes  increas¬ 
ingly  difficult.  This  effect  is  offset  by  convective  mixing  supply,  which 
becomes  increasingly  effective  as  crack  length  increases;  a  minimum 
in  the  oxygen  level  is  predicted  for  a  specific  crack  length.  The 
relationship  in  Figure  42  depends  on  the  rate  of  oxygen  reduction, 
loading  frequency,  and  crack  surface  area  to  occluded  solution 
volume  ratio. 

The  crack  chemistry  predictions  in  Figure  42  suggest  that 
da/dN„  could  either  increase  though  a  maximum  or  decrease  through 
a  minimum  with  increasing  crack  length  at  constant  AK,  the  specific 
dependence  would  depend  on  the  embrittlement  mechanism.  Only 
limited  experimental  evidence  supports  this  prediction.  For  the 
steel-chloride  system,  Gangloff  demonstrated  the  former  trend,  as 
expected  from  an  inhibiting  effect  of  dissolved  oxygen  on  HE.’89 
Experiments  with  variable  02  but  constant  electrode  potential  and  AK 
failed  to  confirm  this  chemical  model. 

Crack-geometry-dependent  local  chemistry  is  an  important 
explanation  for  the  small  crack  effect  in  the  steel-chloride  system. 
Initial  modeling  of  the  data  in  Figure  9  was  based  on  a  perfect  mixing 
description  of  convection  to  supply  oxygen  to  the  crack-tip.253  Those 
crack  shape  and  loading  conditions  that  reduce  oxygen  concentra- 

<9'Subtle  small  crack  effects  are  best  characterized  by  constant  AK 
experimentation  with  electrical  potential  monitoring.  For  example, 
in  Figure  17,  da/dN  is  constant  with  increasing  crack  length  from 
0.3  to  2.7  mm  for  moist  air.  Da/dN,  while  always  higher  than  the  air 
rate,  decreases  with  increasing  crack  length  for  the  chloride.178 
Surface  replication  methods  would  not  indicate  the  behavior  shown 
in  Figure  17. 
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tion  [slow  loading  frequency,  large  crack  surface  area  to  solution 
volume  given  by  large  (Vmax)_I  and  fast  oxygen  reduction  kinetics] 
promote  hydrogen  production  by  cathodic  reduction  and  hence  crack 
propagation  by  HE.  Equation  (35)  resulted  from  this  modeling  and 
explained  how  small  crack  size  and  low  stress  ratio  enhanced 
da/dN0. 

Detailed  modeling  of  crack  chemistry  further  indicated  that 
unexpectedly  large  and  geometry-dependent  adsorbed  hydrogen 
concentrations  develop  at  the  tips  of  small  CF  cracks  for  steels  in 
chloride.  For  monotonic  loading,  Gangloff  and  Turnbull  demonstrated 
that  crack-tip  pH  decreases  with  decreasing  crack  size  because  of 
enhanced  hydrolysis.  Here,  cations  are  eliminated  by  diffusion  from 
the  tip  of  the  short  crack;  dissolution  is  not  transport  limited.'94 
Decreased  pH  dominated  a  slightly  less  cathodic  crack-tip  to  produce 
increased  amounts  of  adsorbed-  hydrogen  for  the  short  crack. 
Turnbull  and  Ferriss  extended  this  work  to  cyclic  loading  with 
convective  mixing  and  demonstrated  a  similar  enhancement  of 
hydrogen  production  for  the  short  crack.249  For  this  case,  crack 
potential  variation  played  a  more  important  role  than  reduced 
acidification. 

These  calculations  suggest  an  important  effect  of  steel 
composition.249  Chromium,  present  in  alloy  steels  such  as  type  4130 
(UNS  G41300),  hydrolyzes  to  produce  acidic  crack-tip  conditions  for 
electrode  potentials  near  free  corrosion.  Cracks  in  C-Mn  steels  are 
less  acidified,  water  reduction  is  an  important  source  of  embrittling 
hydrogen,  and  crack  geometry  appears  to  play  a  secondary  role  in 
local  chemistry. 

Crack  chemistry  modeling  sensitizes  the  user  of  CF  crack 
propagation  data  to  possible  problems  with  similitude.  The  use  of 
laboratory  specimens  to  predict  the  behavior  of  components  can  be 
questioned  when  crack  chemistries  differ  because  of  geometry.  This 
complex  situation  discourages  the  fracture  mechanics  approach  to 
life  prediction. 

On  balance,  however,  fracture  mechanics  studies  of  CF  crack 
propagation  demonstrate  substantial  steady-state  and  orderly  mate¬ 
rial  behavior.  Applied  stress-intensity  control  of  da/dN„  is  supported, 
perhaps  because  crack  chemistry  generally  reaches  constant  con¬ 
ditions  for  most  cracking  situations,  as  suggested  by  modeling.  The 
influences  of  specimen  geometry,  AK,  R,  waveform,  and  crack  size 
above  1  to  5  mm  are  secondary.  Note  that  time  and  specimen 
geometry  effects  on  CF  have  not  been  examined  systematically. 
Exceptions  in  this  regard  are  the  small  crack  issue, 97,180  predictions 
of  surface  crack  CF  behavior  from  compact-tension  data,'2'  and 
work  on  transient  crack  propagation  preceding  steady-state  growth 
rates.' 54 

Rapid  progress  over  the  past  five  years  suggests  that  crack 
chemistry  modeling  will  intensify  and  that  similitude  will  be  broadly 
tested  for  CF.  There  is  no  doubt  that  CF  crack  growth  rate  laws  will 
be  strengthened  when  necessary  and  applied  to  life  predictions, 
despite  the  complexity  of  this  endeavor. 


Whole  life 

While  the  fracture  mechanics  approach  emphasizes  crack 
propagation,  one  must  ultimately  predict  the  whole  life  of  compo¬ 
nents.  A  rational  means  to  this  end  is  to  couple  fracture  mechanics 
studies  of  single  small,  short,  and  long  CF  cracks  with  work  on 
environment-sensitive  cyclic  deformation  and  crack  nucleation  in 
homogeneous  microstructures  and  near  defects.'-36  This  can  only  be 
accomplished  if  each  stage  of  fatigue  deformation  and  fracture  is 
isolated  and  characterized. 

Fatigue  crack  initiation  is  correctly  characterized  by  cyclic 
plastic  strain  amplitude,  as  reviewed  by  Dowling.289  A  fracture 
mechanics  parameter  [viz.,  applied  AK  divided  by  the  square  root  of 
the  notch-tip  radius  (p)]  equals  an  elastic  pseudo-stress  range,  which 


is  a  unique  function  of  local  plastic  strain  amplitude  at  the  root  of  a 
notch;  specifically  for  slender  notches.  This  parameter  is  easily 
calculated  for  a  variety  of  notched  specimens  and  correlates  notch- 
initiation  data,  as  demonstrated  for  a  variety  of  materials  in  benign 
air.290  This  approach  has  been  successfully  applied  to  CF  crack 
initiation. 

CF  crack  initiation  in  carbon  and  high-strength  low-alloy  steels 
is  exacerbated  by  exposure  to  aqueous  chloride  electrolytes.  An 
example  is  shown  in  Figure  54.  Here,  the  load  cycles  required  to 
produce  a  1-mm-deep  fatigue  crack  at  the  root  of  a  notch  are  plotted 
vs  AK/Vp  for  the  keyhole-notched  compact-tension  specimen.290'293 
A  variety  of  modern  steels  (strengthened  by  microalloying,  thermo¬ 
mechanical  processing  including  controlled  rolling,  quench/tem¬ 
pering,  and  precipitation)  were  stressed  in  seawater  and  air.  Classic 
endurance  limit  behavior  is  observed  for  fatigue  in  moist  air,  with  the 
limiting  stress  range  increasing  with  increasing  steel  yield  strength.290 
In  sharp  contrast,  exposure  to  either  natural  seawater  or  3.5  wt% 
NaCI  at  free-corrosion  potentials  produced  a  dramatic  reduction  in 
initiation  life.  The  endurance  limit  is  eliminated  by  environmental 
exposure  for  each  steel.  Cathodic  polarization  up  to  about  -1000 
mVSCE  restores  the  majority  of  the  air-fatigue  performance;  more 
cathodic  polarization  reduced  initiation  life. 

Two  points  are  notable  in  Figure  54  and  are  consistent  with 
previous  discussions  of  CF.  First,  notch  crack  initiation  in  the  ferritic 
steel-chloride  system  is  mitigated  by  mild  cathodic  polarization, 
despite  the  likelihood  of  HE.  This  behavior  is  analogous  to  that  of 
smooth  specimens  but  is  in  contrast  to  crack  growth  in  precracked 
specimens,  as  indicated  in  Figures  25  and  26.  An  explanation  for  the 
effects  of  cathodic  polarization  on  the  initiation  and  growth  stages  of 
CF  is  given  in  the  section  “C-Mn  Ferritic  Steels.” 

Second,  steel  composition,  microstructure,  and  strength  have 
no  resolvable  effect  on  CF  crack  initiation  and  early  growth,  as 
indicated  by  the  results  for  eight  steels  reported  by  Rajpathak  and 
Hartt  and  for  four  steels  by  Novak  (Figure  54).  Apart  from  a  variety  of 
microstructures,  monotonic  yield  strength  vaned  from  275  MPa  for 
normalized  A36  steel  to  1 070  MPa  for  quenched  and  tempered  VI 50. 
This  conclusion  is  consistent  with  the  lack  of  microstructure  and  yield 
strength  effects  on  CF  crack  propagation  in  this  system;  see  the 
sections  “Yield  Strength"  and  “Microstructure”  and  Figures  30  and 
31. 

The  local  strain  approach  to  CF  crack  initiation,  enabled  by 
fracture  mechanics  solutions  for  stress  intensity,  provides  an  impor¬ 
tant  complement  to  fatigue  crack  propagation  studies.  Additional 
work  in  this  direction  is  warranted.  Needs  in  this  regard  are  for  studies 
of  additional  materials  and  environments,  for  improved  in  situ 
measurements  of  notch-root  crack  initiation,  and  for  the  study  of 
small  notches  typical  of  material  and  corrosion-produced  defects. 
The  results  in  Figure  54  were  obtained  by  optical  monitoring  of  large 
machined  notches.  The  electrical  potential  method  is  well  suited  for 
high-  resolution  continuous  measurement  of  crack  initiation  in 
complex  environments.158  The  method  was  successfully  applied  to 
mechanically  or  spark-eroded  defects  as  small  as  75-pm  semicircles. 
Crack  initiation  at  pre-exposure  corrosion  pitting  damage  could  be 
monitored  by  this  approach. 


Necessary  Research 

Conclusion 

Opportunities  exist  for  research  on  CF  to  (a)  broaden  phenom¬ 
enological  understanding,  particularly  near  threshold,  (b)  develop 
integrated  and  quantitative  micromechanical-chemical  models,  (c) 
develop  experimental  methods  to  probe  crack-tip  damage  and  to 
measure  near-threshold  cycle-time-dependent  crack  growth,  (d) 
characterize  the  behavior  of  advanced  monolithic  and  composite 
alloys,  and  (e)  develop  damage-tolerant  life-prediction  methods  and 
in  situ  sensors  for  environment  chemistry  and  crack  growth. 
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FIGURE  53— Literature  results  on  the  effect  of  crack  size  on  corrosion  fatigue  in  the 
steel-aqueous  chloride  system.  Reference  numbers  refer  to  the  original  paper;  after  Gangloff 
and  Wei.180 


Cycles  to  Initiation  (1  mm  Crack) 

FIGURE  54-Corrosion  fatigue  crack  initiation  (Aa  =  1  mm)  at  blunt  notches  In  HSLA  steels  in 
seawater  or  NaCI.  Local  strain  Is  approximated  by  elastic  pseudo-stress  from  applied  AK  divided 
by  the  square  root  of  the  notch  radius;  after  Hartt,  et  ai., 196,292,293  Novak,291  and  Rolfe  and 
Barsom.290 
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Future  research 

The  data  and  modeling  studies  presented  in  previous  sections 
establish  that  the  fracture  mechanics  approach  can  be  exploited  and 
extended  to  control  CF  crack  propagation.  Unresolved  issues  are 
listed  for  each  of  the  main  areas  of  this  review. 

Crack  growth  rate  databases.  Experiments  must  be  con¬ 
ducted  to  determine  the  following: 

(1)  Environmental  effects  on  near-threshold  crack  propagation, 
particularly  as  a  function  of  cyclic  loading  frequency.  Extrin¬ 
sic  closure  and  intrinsic  environmental  embrittlement  must 
be  separated. 

(2)  Yield  strength  and  microstructural  effects  on  CF  crack 
propagation,  with  developments  of  reliable  cracking-resis¬ 
tant  alloys  for  extreme  environments. 

(3)  Correlations  between  crack  growth  rates  and  environmental 
hydrogen  uptake. 

(4)  CF  crack  propagation  behavior  of  advanced  alloys  and 
composites.  For  the  latter,  the  extent  to  which  CF  damage  is 
distributed,  and  hence  not  described  by  continuum  fracture 
mechanics,  must  be  defined. 

(5)  CF  crack  propagation  under  complex  spectrum  loading, 
including  the  effects  of  single  and  multiple  over/under  loads 
and  load  history. 

Experimental  methods.  New  experimental  methods  are  re¬ 
quired  for  the  following: 

(6)  Measurement  of  low  growth  rate  CF  crack  propagation  at 
low  cyclic  loading  frequencies. 

(7)  In  situ  measurement  of  the  early  growth  of  microstructurally 
small  CF  cracks,  without  loading  interruptions. 

(8)  Probes  for  crack-tip  chemistry,  surface  reaction  kinetics,  and 
process-zone  fatigue  damage. 

Fracture  mechanics  similitude.  Work  in  this  area  is  required 
for  the  following: 

(10)  Measurement  and  analysis  of  crack  closure  in  aggressive 
environments. 

(11)  Determinations  of  the  growth  kinetics  of  short/small  cracks, 
with  associated  chemical  and  mechanical  mechanisms  to 
extend  similitude. 

Mlcromechanical-chemlcal  mechanism  modeling.  Model¬ 
ing  work  must  be  expanded  to  include  the  following; 

(12)  Fractographic  interpretations  of  the  micromechanisms  of 
CF  crack  propagation. 

(13)  Integrated  occluded  crack  mass  transport  and  transient 
straining  surface  reaction  kinetics  models. 

(14)  Integrated  hydrogen  production  or  film  rupture  and  micro¬ 
scopic  process-zone  fatigue  damage  models. 

( 1 5)  Understanding  of  the  effects  of  crack  surface  films  on  cyclic 
plasticity  and  CF  damage, 

(16)  Determinations  of  microscopic  deformation  and  dislocation 
processes  within  the  crack-tip  process  zone  and  as  related 
to  stress  intensity. 

(17)  Environmental  effects  on  material  flow  properties,  incorpo¬ 
rated  into  time-dependent  crack-tip  field  models. 

(18)  Quantitative  modeling  of  CF  in  aluminum,  titanium,  and 
nickel-based  superalloys. 

Life  prediction.  Applications  of  the  fracture  mechanics  ap¬ 
proach  must  include  the  following: 

(19)  Life-prediction  codes  that  incorporate  environmental  ef¬ 
fects  on  crack  growth,  extrapolated  from  short-term  labo¬ 
ratory  data  and  confirmed  by  component  tests. 

(20)  Developments  of  sensors  to  monitor  environmental  condi¬ 
tions,  hydrogen  uptake,  and  fatigue  crack  propagation 
during  component  service. 
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Discussion 

R.W.  Staehle  (University  ot  Minnesota,  USA):  There  is  a 
large  body  of  information  on  the  properties  of  surfaces  and  their  films, 
e.g.,  the  large  body  of  film  growth  work  as  measured  ellipsometri- 
cally.  Can  such  information  be  used  to  define  critical  experiments? 

D.J.  Duquette:  At  present,  very  few  alloy  systems  have  been 
investigated  for  corrosion  fatigue  (CF)  crack  initiation  behavior,  A 
large  fraction  of  the  available  literature  in  film  growth  and  stability 
does  not  relate  to  the  alloy  systems  examined  for  CF  resistance.  One 
exception  is  the  work  of  Magnin  cited  in  this  paper,  but,  even  there, 
only  gross  electrochemical  parameters,  e.g.,  passive  current  density, 
repassivation  kinetics,  charge,  etc.,  were  measured.  There  is  no 
question  that  attempts  at  correlating  film  growth  and  repair  events 
under  cyclic  loading  conditions  will  lead  to  significant  advances  in 
understanding  CF  crack  initiation. 

H.  Kaesche  (Friedrich  Alexander  University  of  Erlangen- 
Nurnberg,  Federal  Republic  of  Germany):  Considering  the  two 
ways  of  describing  corrosion  cracking,  namely,  (a)  atomistic  physical 
chemistry  and  (b)  continuum  mechanical  fracture  mechanics,  the 
important  point  is  the  “interface"  where  the  two  meet.  This  is  the 
region  of  plastic  deformation  in  front  of  the  crack  tip.  The  conventional 
linear-elastic  fracture  mechanical  calculation  must  be  modified  to 
model  fields  within  the  plastic  zone.  This  means  going  beyond  the  K, 
concept,  which  is  difficult,  but  can  be  done,  as  shown  by  Rice.  The 
task  is  to  calculate  specifically  the  value  of  the  crack-opening 
component  of  the  stress  tensor  within  the  plastic  zone  up  to  the 
crack  tip.  It  is  and  not  K.,  that  affects  the  physics  and  chemistry 
of  crack  extension.  K,  is  useful  only  so  long  as  can  be  expressed 
as  a  function  of  K,.  At  the  same  time,  the  quantitative  combination  of 
physical  chemistry  and  fracture  mechanics  appears  to  be  the 
indispensable  prerequisite  for  successful  analysis  of  the  matter  in 
question. 

D.J.  Duquette:  As  far  as  corrosion-enhanced  plasticity,  which 
has  been  associated  with  crack  initiation  processes,  is  concerned, 
there  has  been  little  correlation  of  this  observation  with  events 
occurring  at  crack  tips.  However,  environment-enhanced  plasticity 
has  been  described  for  hydrogen  embrittlement  (Birnbaum,  in 
Atomistics  of  Fracture,  ed.  Latamsion  and  Pickens  (New  York,  NY: 
Plenum  Press,  1983),  p.  733]  and  for  both  hydrogen  and  liquid  metal 
embrittlement  (Lynch,  ibid.,  p.  955).  It  will  be  interesting  to  see  if  such 
an  effect  is  also  observed  under  actively  corroding  conditions  at  crack 
tips. 

R.P.  Gangloff:  I  agree  with  Kaesche's  observations,  and  hope 
that  my  review  reflects  the  successes  and  remaining  challenges  in 
coupling  crack-tip  stress  strain-strain  rate  field  analyses  with  crack 
chemistry  modeling.  In  this  regard,  Rice  and  colleagues  [see,  for 
example,  J.  Mech.  Phys.  Solids  30(1980):  p.  447]  have  shown  that  K 
provides  a  reasonable  single-parameter  characterization  of  opening 
stress  and  plastic  strain  very  near  the  crack  tip,  within  the  plastic 
zone,  and  in  the  elastic  field  for  small-scale  yielding.  Clearly,  local 
stress  and  strain  control  fracture:  fortunately,  such  quantities  scale 
with  K.  Additional  research  is  required  for  moving  cracks,  very  near¬ 
tip  behavior,  cyclic  deformation,  time-/environment-sensitive  defor¬ 
mation,  and  noncontinuum  microstructural  effects.  Gerberich  reviews 
these  advances  and  uncertainties  in  detail  in  his  contribution  to  this 
conference. 

F.P.  Ford  (General  Electric  R&D  Center,  USA):  Is  not  the 
division  between  “initiation"  and  "propagation"  purely  arbitrary,  and 
to  a  certain  extent  spawned  by  our  preoccupation  with  fracture 
mechanics  (which  must  break  down  as  the  crack  depth  approaches 
zero)’  Is  there  a  stress-related  parameter  that  can  be  fundamentally 
related  to  the  environmentally  assisted  component  of  crack  ad¬ 
vance?  If  so,  surely  this  is  the  parameter  that  can  be  used  to  span  the 
initiation/propagation  semantic  division. 

D.J.  Duquette:  Unfortunately,  most  of  tho  crack  initiation 
research  that  has  been  recently  reported  was  performed  on  single 
crystals,  pure  metals,  or  highly  ductile  alloys  (with  the  exception  of 
the  effects  of  pits  on  initiation,  as  will  be  shown  in  Komai’s  paper  in 
this  conference)  Accordingly,  while  links  between  initiation  pro¬ 


cesses  such  as  Stage  I  (crystallographic  cracking)  and  the  growth  of 
moving  cracks,  which  can  be  defined  by  fracture  mechanics,  may 
eventually  be  established,  an  attempt  to  do  that  now  would  be 
premature. 

R.P.  Gangloff:  A  major  advance  in  fatigue  over  the  past  20 
years  has  been  the  recognition,  separation,  and  quantilative  char¬ 
acterization  of  cyclic  deformation,  crack  initiation,  microcrack  growth, 
and  long  crack  propagation.  This  separation  is  neither  arbitrary  nor 
based  on  preoccupation  with  a  specific  discipline.  As  we  understand 
the  individual  processes,  e.g.,  dislocation  or  fracture  mechanics,  we 
advance  to  the  next  stage  of  coupling  the  components  into  the 
obviously  necessary  description  of  whole  life. 

On  the  specific  issue  of  fracture  mechanics,  the  necessary 
modifications  of  common  crack-tip  field  parameters  and  the  point 
where  alternative  approaches  are  necessary  as  crack  length  de¬ 
creases  to  zero  represent  one  of  the  success  stories  recorded  since 
the  Firminy  meeting.  In  my  view,  work  on  the  so-called  small  crack 
problem  replaces  semantics-based  arguments  with  reasonable  mech¬ 
anistic  understanding  that  aims  at  merging  the  stages  of  cracking. 
For  a  growing  crack,  a  hierarchy  of  deformation  regions  are  identified, 
including  applied  load-remaining  area,  elastic  crack-tip  field,  elastic- 
plastic  zone,  near-crack-tip  process  zone,  and  microstructural. 

Depending  on  the  environmental  fracture  mechanism,  stress, 
strain,  and/or  strain  rate  in  the  near  crack  tip,  microstructurally 
influenced  process  zone  will  govern  crack  advance.  Fracture  me¬ 
chanics  parameters  such  as  K-,  J-,  or  C-type  integrals  describe 
stress,  strain,  and  strain  rate  for  the  middle  three  regions.  These 
crack-tip  field  parameters  must  be  modified  to  develop  the  stress  and 
strain  picture  within  single  grains  and  local  to  grain  boundaries  or 
precipitates  (The  means  to  do  this  is  not  fully  established,  but  some 
success  has  been  reported;  for  example,  in  fatigue  crack-tip  damage 
accumulation  models.)  Just  as  we  use  P/A  stress  as  a  starting  point 
in  models  of  dislocation  processes,  it  is  reasonable  to  use  K,  J,  or  CT 
fields  for  descriptions  of  microstructural-scale  deformation. 

H.K.  Birnbaum  (University  of  Illinois,  USA):  I  would  support 
Ford’s  concern  about  using  K  as  a  parameter  to  correlate  the 
behavior  of  materials  in  CF.  The  crack-tip  plastic  strain  (and  strain 
rate)  depends  on  K  and  on  the  yield  stress  and  work-hardening  rate 
of  the  material.  Yet  Gangloff  showed  data  indicating  da/dN  vs  AK 
curves  were  the  same  for  a  wide  range  of  steel  microstructures  in  a 
corrosion  environment  At  the  same  K,  these  should  have  large 
differences  in  crack  tip  e  and  de/dt,  and  yet  they  have  the  same 
da/dN! 

R.P.  Gangloff:  It  is  true  that  sub-K,scc  CF  crack  propagation  in 
carbon-manganese  and  alloy  steels  appears  to  be  independent  of 
yield  strength  and  microstructure,  at  loast  to  within  a  factor  of  about 
two,  due  to  measurement  uncertainty.  I  do  not  believe  that  this  finding 
indicates  weakness  in  the  stress-iniensity  characterization. 

By  analogy,  Paris  regime  intrinsic  crack  growth  in  many 
material-inert  environment  systems  appears  to  be  independent  of 
monotonic  or  cyclic  yield  strength  and  microstructure.  Most  agree 
that  crack  extension  here  is  controlled  by  crack-tip  cyclic  plastic 
strain,  the  amplitude  of  which  depends  approximately  on  the  ratio  of 
AKa  to  the  cyclic  yield  strength.  Micromechanical  damage  accumu¬ 
lation  models  couple  this  strain  field  with  low-cycle  fatigue  failure 
parameters  and  the  microstructural  distribution  of  strain  to  show  that 
da/dN  depends  on  AK4  and  (yield  strength)-1.  That  is,  yield  strength 
has  a  second  order  effect  on  crack  growth.  (See,  for  example,  H.J. 
Roven,  Ph.D.  diss.,  Norwegian  Institute  of  Technology,  1988.) 

The  problem  with  interpreting  the  CF  data  is  that  we  do  not  have 
a  sufficiently  predictive  micromechanical  and  chemical  model  to 
describe  strength  and  microstructural  effects.  When  such  a  model  is 
developed,  I  believe  that  fracture  mechanics  will  play  a  central  role  in 
describing  crack-tip  plastic  strain.  As  an  aside,  additional  work  is 
required  to  separate  and  systematically  quantify  strength  and  micro- 
structural  effects  in  CF  crack  propagation.  Surpnsingly,  little  work  has 
been  reported  in  this  regard. 

R.C.  Newman  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  Duquette  has  referred  to  studies 
showing  effects  of  both  thick  and  thin  films  on  crack  initiation.  I 
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wonder  how  important  thick  (hundreds  to  thousands  of  Angstrom) 
films  can  be,  since  they  are  normally  precipitated,  or  at  least 
contained  a  lot  of  precipitated  material,  when  formed  in  aqueous 
systems.  I  should  think  that  most  precipitated  films  are  poorly  bonded 
to  the  metal,  and  therefore  should  not  have  much  effect  on 
deformation. 

D.J.  Duquette:  There  are  only  a  few  observations  related  to 
persistent  slip  band  (PSB)  interaction  with  “thick"  films  (S.  Ortner, 
Ph.D.  diss.,  University  of  Pennsylvania,  1986),  and  those  films  were 
more  than  likely  not  strongly  interacting  with  PSB  formation.  How¬ 
ever,  when  strain-controlled  cyclic  deformation  experiments  were 
performed  in  environments  and  at  potentials  where  coherent  bulk 
oxide  films  were  formed,  a  readily  definable  and  observable  effect  on 
PSB  formation  was  observed.  Moreover,  a  measurable  back  stress 
on  PSBs,  created  by  the  bulk  oxide,  was  measurable.  Thus,  at  least 
in  this  system  (copper  in  sodium  perchlorate),  a  bulk  oxide  most 
definitely  had  an  effect  on  surface  deformation  and  subsequent  crack 
initiation.  Whether  or  not  this  can  be  stated  as  a  general  observation 
is  still  open  to  question,  but  will  undoubtedly  depend  on  the 
metal/environment  systems. 

R.  Jones  (Pacific  Northwest  Laboratory,  USA):  Are  PSBs 
observed  in  short  or  long  Mode  I  cracks?  If  not,  and  I  strongly  suspect 
that  extensive  PSB  formation  does  not  occur  at  crack  tips,  then 
results  obtained  with  smooth-bar  and  precracked  samples  will  differ 
significantly. 

D.J.  Duquette:  It  is,  of  course,  very  difficult  to  observe  PSB 
structures  at  the  tips  of  cracks.  However,  researchers  who  have  long 
studied  low-cycle  fatigue  processes  have  generally  argued  that 
plastic  strain-controlled  experiments  on  smooth-bar  specimens  in 
fact  model  events  in  the  plastic  zones  of  growing  fatigue  cracks.  From 
a  mechanistic  (but  not  modeling)  point  of  view,  dissolution/deforma¬ 
tion  interactions  should  be  similar.  After  all,  a  Stage  I  or  crystallo¬ 
graphic  crack  is  only  an  extension  of  a  PSB. 

R. P.  Gangloff:  The  common  observation  of  crystallographic 
(Stage  I)  cracks,  associated  with  single  slip  bands  and  produced  at 
low  stress-intensity  ranges,  is  strong  evidence  for  the  operation  of 
PSBs  at  crack  tips.  In  fact,  Starke  and  coworkers  [in  Fatigue  Crack 
Growth  Threshold  Concepts  (Warrendale,  PA:  TMS-A1ME  (1984),  p. 
43]  model  AK(h  based  on  the  K  level  that  is  necessary  to  exceed  the 
threshold  plastic  strain  required  to  form  a  PSB,  as  measured  for 
smooth  specimens.  The  similarity  between  smooth  and  cracked 
specimens  is,  perhaps,  intuitively  reasonable  if  the  strong  plastic 
strain  gradient  predicted  from  continuum  mechanics  is  replaced  by  a 
series  ol  discrete  plastic  strain  levels  averaged  over  a  microstructural 
slip  distance  ahead  of  the  fatigue  crack, 

S. C.  Janl  (Georgia  Institute  of  Technology,  USA):  CF  is  a 
“synergistic"  phenomenon,  which  implies  that  at  least  one  of  the 
processes  (stress  or  corrosion)  must  bo  enhancing  the  other.  I  see  no 
work  that  has  addressed  the  effect  of  environment  on  the  micro¬ 
deformation  process  as  a  way  of  controlling  and/or  determining  the 
crack-driving/initiation  force. 

The  transition  from  PSB  (initiation)  to  short  crack  is  not 
necessarily  due  to  a  change  of  operating  mechanism.  Once  again, 
the  problem  is  one  of  getting  a  handle  on  the  mechanics  of  the  two 
processes.  An  energy-based  parameter  for  correlating  initiation 
time/crack  growth  rates  is  Inherently  more  correct  as  opposed  to  a 
stress-based  parameter  (K  or  AK).  Furthermore,  onco  time-depen¬ 
dent  processes  (corrosion)  modify  the  deformation  behavior,  K 
becomes  a  meaningless  parameter,  because  although  it  still  char¬ 
acterizes  far-field  S,  and  it  has  no  relation  to  what  is  occurring  in 
the  process  zone;  i.e.,  similitude  is  nonexistent.  Therefore,  the 
linear-elastic  fracture  mechanics  or  elastic-plastic  fracture  mechan¬ 
ics  concepts  should  be  modified  to  account  for  the  changed 
constitutive  behavior  in  the  process  zono.  The  same  comment 
applies  to  propagation  behavior. 

R.P.  Gangloff:  Jani  makes  an  important  point  that  is  worthy  of 
investigation.  I  agree  that  time-dependent  environment-based  changes 
in  material  deformation  behavior  will  affect  crack-tip  stress,  strain, 
and  strain-rate  fields,  which  ultimately  control  fracture.  If  this  behavior 
occurs,  then  the  crack  field  must  be  described  by  a  parameter  that 


incorporates  the  time-dependent  (chemical)  constitutive  relationship. 
With  the  proper  parameter,  similitude  is  likely,  as  illustrated  by  C*  or 
CT  descriptions  of  time-dependent  (thermal)  crack-tip  fields.  In  the 
final  analysis,  however,  the  problem  remains  to  demonstrate  that 
environment  alters  material  flow  over  the  size  scale  of  the  process 
zone  and  to  define  the  time-dependent  flow  rule.  Without  such 
evidence,  the  discussion  is  hypothetical.  CF  is  a  synergistic  phenom¬ 
enon  that  results  from  many  interactions.  It  is  not  necessary,  as 
envisioned  by  your  first  point,  that  stress  enhance  corrosion  or  vice 
versa. 

R.P.  Wei  (Lehigh  University):  In  discussing  initiation  vs 
propagation  and  short  crack  vs  long  crack,  one  must  separate  the 
contributions  from  mechanical  and  chemical  factors.  In  assessing 
causes,  it  is  necessary  to  recognize  that  the  chemical  environment 
may  be  quite  different.  For  initiation  and  short  cracks,  the  local 
environment  is  expected  to  be  nearly  identical  to  the  external 
environment.  For  long  cracks,  on  the  other  hand,  the  conditions  at  the 
c-'ack  tip  are  expected  to  be  very  different  from  that  of  the  bulk. 

With  respect  to  mechanical  forces,  it  is  necessary  to  recognize 
the  influence  of  loading  modes  (viz.,  predominantly  Mode  I  for  crack 
propagation  vs  mixed  Modes  I,  II,  and  III  for  crack  initiation  along 
PSBs). 

R.P.  Gangloff:  I  generally  agree  with  these  observations,  In  our 
work  on  “chemical  crack  size"  effects  [Metall.  Trans.  A  16(1985):  p. 
953],  we  show  that  the  geometry-sensitive  contributions  of  wake 
closure  and  enhanced  crack-tip  plasticity  are  not  important  through 
measurements  conducted  with  vacuum  and  air  environments.  Ge¬ 
ometry-dependent  crack-chemistry  effects  are  therefore  isolated. 
Second,  it  is  an  oversimplification  to  assume  that  short  cracks  are  in 
total  communication  with  the  bulk  environment,  while  long  cracks  are 
not.  Turnbull  [Corros.  Sci.  26(1987):  p.  601]  has  demonstrated  that 
the  effects  of  diffusion,  convection,  and  the  ratio  of  crack  surface  area 
to  solution  volume  result  in  crack  chemistries  that  differ  from  the  bulk 
at  intermediate  crack  depths  (perhaps  of  the  order  of  mm),  with 
extensive  diffusional  exchange  at  shorter  depths  and  enhanced 
convective  mixing  for  deeper  cracks. 

R.W.  Staehle:  Is  it  possible  to  use  more  defined  environments; 
for  example,  for  aluminum  use  sodium  hydroxide,  which  reduces  film 
stability? 

R. P.  Gangloff:  “More  defined"  is  an  elusive  term.  I  believe  that 
Hie  most  defined  environments  are  those  that  have  been  extensively 
modeled  and  probed  to  characterize  occluded  crack  electrochemistry 
and  transient  surface  reactions.  By  this  criterion,  aqueous  sodium 
chloride  at  constant  bulk  pH  and  applied  potential  is  a  reasonably 
well-defined  system  for  ferritic  alloys.  I  would  not  discourage  the  use 
of  carefully  selected  environments  (e.g„  buffered);  however,  one 
must  recognize  the  possibility  for  changes  in  crack-tip  chemistry 
(e.g„  depleted  buffering  capacity). 

S. M.  Bruemmer  (Pacific  Northwest  Laboratories,  USA): 
Duquette  has  indicated  that  CF  crack  initiation  can  change  from 
transgranular  slip  band  dissolution  to  intergranular.  It  is  not  clear  why 
a  deformed  grain  boundary  would  be  more  electrochemicalfy  active 
than  a  PSB.  Why  does  this  become  the  case  and  is  this  specific  to 
copper  or  a  general  observation? 

D.J.  Duquetto:  For  pure  metals,  the  extent  of  deformation 
associated  with  grain  boundaries  is  much  greater  than  the  deforma¬ 
tion  associated  with  PSBs  (at  least  at  large  strain  ranges).  For 
example,  in  the  absence  of  environment,  both  polycrystalline  copper 
and  nickel  have  been  shown  to  exhibit  intergranular  fatigue  crack 
initiation  and  propagation  at  either  high  cyclic  loads  or  strains  (Laird 
and  Duquette  in  Corrosion  Fatigue,  ed,  Devereux,  et  al.  (Houston, 
TX:  NACE,  1972),  p.  88].  In  fact,  in  our  experiments,  the  observation 
of  intergranular  initiation  and  propagation  under  actively  dissolving 
conditions  at  a  stress  range  where  transgranular  cracking  is  ob¬ 
served  in  air  supports  a  model  in  which  preferential  attack  occurs  at 
regions  of  highest  deformation,  and  conversely,  preferential  defor¬ 
mation  occurs  at  corroded  sites.  Thus,  under  conditions  of  active 
dissolution,  the  metal  behaves  as  though  it  were  actually  at  a  much 
higher  stress  range. 
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M.M.  Hall  (Westinghouse  Electric  Corporation,  USA):  Gan- 
gloff’s  presentation  and  the  resultant  discussion  has  focused  atten¬ 
tion  on  the  limitations  of  the  stress-intensity  factor  for  correlating 
environment-induced  crack  growth  with  microstructure  and  crack-tip 
chemistry  For  a  normally  ductile  material  in  which  the  fracture 
process  occurs  in  the  crack-tip  process  zone,  is  it  not  possible  that 
the  cracking  response  can  become  independent  of  the  stress- 
intensity  factor  whenever  this  process  zone,  the  size  of  which  is 
related  to  the  stress-intensity  factor,  is  significantly  larger  than  the 
distance  between  the  microstructural  features  that  govern  the 
micromechanical  fracture  event  within  the  process  zone?  In  a  similar 
way,  local  chemistry  effects  may  possibly  be  independent  of  stress- 
intensity  factor  when  the  embrittling  effects  on  microstructural 
boundaries  and  influences  on  plasticity  extend  to  a  depth  below  the 
surf  ■’C'>  that  lies  entirely  within  the  process  zone.  Can  these  concepts 
ac<  ’'unt  for  the  example  Gangloff  provided? 

R.P.  Gangloff:  I  reject  the  implication  that  stress  intensity  is  ill 
c'-it.-’d  to  correlate  environmental  crack  growth  The  stress-intensity- 
controlled  process  zone  scenario  that  you  describe  is  reasonable  for 
threshold  conditions  but  not  for  crack  growth  kinetics.  I  do  not  believe 
that  this  picture  represents  a  limitation  on  AK  correlations  of 
microstructure  and  crack-chemistry  effects,  nor  do  I  understand  how 
it  can  explain  the  various  data  examples  I  presented.  What  you 
suggest  is,  of  course,  the  basis  for  micromechanical  modeling  of 
cleavage,  ductile  fracture,  and  hydrogen  embrittlement.  In  these 
monotonic  fracture  processes,  the  K  level  at  which  the  process-zone 
stress  or  strain  just  exceeds  a  critical  value  over  a  characteristic 
microstructural  distance  is  taken  as  an  equilibrium  K,c  or  thresh¬ 
old  Increased  K  will  involve  more  “weak  link”  microstructural 
features  in  the  fracture  process  zone,  and  growth  rates  will  acceler¬ 
ate  Kinetic  models  are  not,  however,  available.  For  environmental 
cracking,  rates  will  be  defined  by  crack  mechanical  fields  and  by 
mass  transport  and  reaction  kinetics.  A  AK-independent  cracking 
response  may  or  may  not  develop,  depending  on  the  detailed  driving 
forces  and  rate-limiting  processes.  The  development  of  kinetic 
models  is  one  of  the  important  challenges  facing  the  environmental 
fracture  research  community. 


R.P.M.  Procter  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  Gangloff  has  shown  the  excellent 
agreement  that  can  be  achieved  between  fracture  mechanics  life 
predictions  and  S-N  data  on  full-size  tubular  joints  in  air.  He  then  said 
that  similar  agreement  could  not  be  achieved  in  seawater  and  that  he 
would  return  to  this  point  later  in  the  presentation.  In  fact,  I  do  not 
think  you  did  return  to  this  point  in  your  talk,  and  if  it  not  dealt  with  in 
the  written  paper,  would  you  please  expand  on  your  statement.  Are 
you  suggesting  that  the  fracture  mechanics  life-prediction  combined 
with  appropriate  CF  crack  growth  rate  data  does  not  agree  with  the 
results  of  full-size  tubular  joint  data  in  seawater,  with  or  without 
cathodic  protection?  If  not,  why  not?  I  believe  that  if  you  have  good, 
reliable,  and  appropriate  (i.e.,  appropriate  frequency  load  spectrum, 
calcareous  deposit)  CF  data,  fracture  mechanics  life  prediction  will 
work  well  both  in  air  and  seawater. 

R.P.  Gangloff:  Time  prevented  me  from  dealing  with  this 
important  issue.  I  agree  with  your  position.  As  detailed  in  a  recent 
paper  [see  Fatigue  87,  ed  C.J.  Beevers  (Worley,  UK:  EMAS,  1987), 
p.  1723),  I  believe  that  the  fracture  mechanics  approach  is  capable 
of  predicting  tubular  joint  life  for  fatigue  in  a  marine  environment. 
Results  to  date  have,  however,  been  limited  in  contrast  to  the  air  case 
for  two  reasons.  First,  low-frequency  full-scale  welded  joint  tests  in 
seawater  are  few  in  number  and  only  recently  the  focus  of  experi¬ 
mental  work.  Second,  as  I  point  out  in  the  written  paper,  many 
interactive  variables  (viz.,  frequency,  AK,  closure,  load  spectrum, 
applied  electrode  potential,  crack  size,  and  organic  content)  greatly 
complicate  identification  of  the  appropriate  crack  growth  law,  partic¬ 
ularly  for  rates  below  about  10  5  mm/cycle.  The  role  of  external 
surface  hydrogen  production  is  also  unclear,  and  we  are  unsure  as 
to  how  to  deal  with  the  conflicting  effects  of  cathodic  polarization  on 
weld-defect-sensitive  initiation  and  crack  propagation.  I  suspect  that 
major  advances  will  be  recorded  over  the  next  five  years  that  will  lead 
to  reasonable  fracture-mechanics-based  life-prediction  methods. 
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Elevated-Temperature  Creep-Fatigue  Cracking 
in  Relation  to  Oxidation  Effects 

A.  Pineau* 

Abstract 

This  paper  is  concerned  with  the  effect  of  high-temperature  fatigue  on  the  cracking  behavior  of  structural 
materials,  especially  austenitic  stainless  steels  (SSs)  and  Ni-  or  Co-base  superalloys.  Both  crack 
initiation  and  crack  propagation  are  considered.  In  the  introduction,  it  is  shown  that  Ni-base  superalloys 
are  very  sensitive  to  the  effect  of  hold  times  on  crack  growth  rates  and  that  this  behavior  is  directly 
related  to  oxidation  damage.  Moreover,  large  increases  in  crack  propagation  rates  are  observed  when 
the  failure  mode  changes  from  transgranular  to  intergranular.  The  mechanisms  responsible  for 
intergranular  cracking  are  analyzed  in  the  second  section.  Three  types  of  mechanisms  are  successively 
discussed:  (1)  slip-induced  intergranular  cracking,  (2)  intergranular  creep  cavitation,  and  (3)  oxidation- 
induced  grain-boundary  cracking.  The  results  obtained  on  austenitic  SSs  are  used  to  show  the  effects 
of  bulk  intergranular  creep  cavitation  damage.  The  third  mechanism  is  discussed  more  thoroughly.  The 
results  published  in  the  literature  on  three  specific  materials,  Cr-Mo-V  steels,  a  Ni-base  superalloy 
[Inconel1 718  (UNS  N07718)]  and  a  Co-base  superalloy  (MAR  M  509)  are  reviewed.  It  is  concluded  that 
static  oxidation  data  are  not  applicable  to  stressed  material.  Plastic  strains  can  modify  the  type  of  oxide 
scale  formed  on  the  free  surface  of  specimens.  Moreover,  the  oxidation  kinetics  are  largely  dependent 
on  the  applied  plastic  strains.  In  the  third  section,  an  attempt  is  made  to  model  creep-fatigue  interactions 
with  relation  to  environmental  effects.  Crack  initiation  is  considered  first.  It  is  shown  that  a  damage 
equation,  in  which  the  cyclic  plasticity  and  the  time-dependent  oxidation  components  are  simply  added, 
provides  satisfactory  results.  However,  the  limitations  of  this  simple  approach  are  underlined.  Crack 
growth  behavior  of  one  specific  Ni-base  superalloy  (Inconel  718)  is  considered.  An  upper  bound  for  the 
crack  growth  rate  under  fatigue  loading  is  suggested  as  being  the  sum  of  the  time-dependent  static 
component  and  the  viscoplastic  zone  formed  ahead  of  the  crack  tip.  The  difficulties  encountered  in  the 
determination  of  the  static  component,  which  are  probably  related  to  environmental  effects,  are  shown. 


Introduction 

Macroscopic  cracks  can  initiate  and  propagate  in  metallic  parts  at 
elevated  temperature  under  the  combined  influence  of  creep  dam¬ 
age.  fatigue  damage,  and/or  environment-induced  damage.  In  par¬ 
ticular,  fatigue  is  known  to  be  a  limiting  factor  affecting  the  useful  life 
of  aircraft  turbine  disks.  In  these  components,  where  temperature 
can  approach  650°C,  time-dependent  effects  arising  from  creep- 
fatigue-environment  interactions  may  aggravate  the  cracking  prob¬ 
lem.  Similar  examples  can  be  found  in  the  power-generating  industry 
where  the  formulation  of  rational  life-prediction  procedures  is  still 
more  essential  in  the  sense  that  modern  plants  may  be  required  to 
operate  in  aggressive  or  inert  environments  up  to  30  years  or  more. 
In  the  creep  rango,  the  interaction  of  oxidizing,  carburizing,  or 
irradiation  environment  with  creep  and  fatigue  damage  are  potemial 
areas  for  concern. 

The  major  change  between  low-temperature  and  elevated- 
temperature  fatigue  is  the  occurrence  of  intergranular  fracture.  This 
change  in  fracture  mode  from  transgranular  at  low  temperature  to 
intergranular  at  high  temperature  is  a  general  rule  observed  in 
polycrystallme  materials.  Both  crack  initiation,  which  is  usually 
investigated  in  high-strain,  low-cycle  fatigue  and  crack  propagation 
(which  is  investigated  using  specimens  tested  under  small  scale 
yielding)  tend  to  become  intergranular  in  the  creep  range.  This 
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situation  is  illustrated  in  Figure  1 ,  which  refers  to  a  disk  material, 
Inconel  718  (UNS  N07718),  tested  at  a  given  AK  (40  MPaVm)  and 
at  two  temperatures,  550°C  and  650°C  by  several  investigators  ’’6  A 
transition  between  transgranular  and  intergranular  fracture  is  ob¬ 
served  when  the  test  frequency  is  decreased  at  a  given  temperature 
Figure  1  indicates  that  the  critical  frequency  is  increased  by  a  factor 
of  about  3  when  the  test  temperature  is  increased  from  550°C  to 
650°C.  It  is  also  worth  noting  that  at  650°C  and  low  frequency,  the 
slope  of  the  da/dN  frequency  curve  is  close  to  1  This  suggests  that 
in  this  regime  the  propagation  rate  is  essentially  time,  dependent  This 
example  is  representative  of  the  situation  observed  in  other  Ni-base 
superalloys,  as  shown  in  Figure  2,  which  compares  the  fatigue  crack 
growth  rates  measured  at  650°C  under  either  continuous  cycling  at 
relatively  high  fiequency  (0.33  Hz)  or  under  creep-fatigue  conditions 
corresponding  to  the  application  of  a  1 5-min  dwell  period  at  maximum 
load.7  These  materials  were  developed  to  achieve  widely  different 
mechanical  properties  (yield  strength  betv/een  880  MPa  and  1280 
MPa)  and  metallurgical  microstructures,  such  as  grain  size  (between 
5  pm  and  - 100  pm)  and  volume  fraction  of  y'  precipitates  (between 
20  and  60%).  The  difference  in  crack  propagation  rates  is  less  than 
one  order  of  magnitude  when  the  failure  mode  is  predominantly 
transgranular  [Figure  2(a)).  On  the  other  hand,  much  larger  differ¬ 
ences  are  noticed  (■*  3  orders  of  magnitude)  when  the  failure  mode 
is  predominantly  intergranular  [Figure  2(b)).  In  Ni-base  superalloys, 
the  acceleration  in  crack  propagation  rate  at  low  frequency  is 
essentially  related  to  the  detrimental  effect  of  oxidizing  environment. 
In  particular,  this  conclusion  applies  to  Inconel  718  alloy.  In  this 
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material,  the  effect  of  microstructure  and  environment  on  the  fatigue 
crack  growth-rate  behavior  was  investigated  at  650°C  under  a  fatigue 
cycle  including  a  5-min  hold  time  at  maximum  load.3  Three  micro¬ 
structures  were  investigated:  a  relatively  fine  grain  size  material 
(~  40  urn),  a  coarse-grained  microstructure  (200  nm),  and  a 
necklace  microstructure  consisting  of  fine  recrystallized  grains  (5  to 
10  urn)  surrounding  hot-worked  coarse  grains  (100  to  300  urn).  Tests 
were  conducted  both  under  air  environment  and  vacuum.  The  results 
reported  in  Figure  3  show  that  the  strong  microstructural  effects 
observed  under  air  environment  no  longer  exist  when  these  micro¬ 
structures  are  tested  under  vacuum. 


Frequency  (Hz) 


FIGURE  1 -Inconel  718  alloy  (UNS  N07718):  the  effect  Of  test 
temperature  and  frequency  on  the  fatigue  crack  growth  rate. 
Note  that  at  650°C  and  low  frequency  the  slope  of  the  da/dN- 
frequency  curve  is  close  to  -1,  indicating  that  the  crack 
propagation  rate  Is  essentially  time  dependent. 


FIGURE  2-Fatlgue  crack  growth  rate  as  a  function  of  AK  range 
In  various  Ni-based  superalloys  tested  in  air,  at  650°C:  (a)  0.33 
Hz  triangular  waveform,  and  (b)  creep-fatigue  tests  with  a  9C0-s 
dwell  at  maximum  load.7 

From  this  introduction,  it  should  not  be  concluded  that  the 
transition  in  fracture  mode  is  only  associated  with  environmental 
effects.  In  other  materials,  other  and/or  additional  forms  of  intergran¬ 
ular  damage  exist.  As  a  rule,  one  can  distinguish  three  types  of 
microstructural  damages  that  could  explain  the  transition  iri  fracture 
mode.  They  include  (1)  slip-induced  intergranular  cracking,  which 
can  take  place  even  at  low  temperature,  (2)  gram-boundary  creep 
cavitation,  and  (3)  oxidation  damage.  These  three  types  of  damage 
are  discussed  successively,  although  the  emphasis  is  upon  environ¬ 
mental  effects.  Then  an  attempt  is  made  to  show  how  these  studies 
devoted  to  the  micromechanisms  can  be  used  as  guidelines  for  the 
development  of  life-prediction  methods.  These  methods  have  been 


reviewed  recently  by  the  present  author.8  This  paper  concentrates 
only  on  the  methods  in  which  environmental  effects  are  taken  into 
account. 


&K  (MPa  Vm  ) 


FIGURE  3-Inconel  71 8  alloy  (UNS  N0771 8)  tested  in  air  or  under 
vacuum  at  650°C:  effect  of  microstructure  on  fatigue  crack 
growth  behavior  under  10-300-10  cycling.  Open  symbols  = 
vacuum;  filled  symbols  =  air: 

O  ♦  =  necklace  structure; 

V  y  =  coarse-grained  material; 

O  •  =  fine-grained  structure. 

Micromechanisms  Responsible 
for  Intergranular  Cracking 

Slip-induced  intergranular  cracking 
At  high  strain  amplitude,  fatigue  cracks  in  pure  metals,  such  as 
Ni  and  Cu,  nucleate  preferentially  along  the  grain  boundaries  at  free 
surfaces.  This  mode  of  cracking  can  occur  also  in  structural 
materials,  such  as  Ni-base  superalloys,  at  relatively  low  temperature 
(T/Tf  <  0.3)  and  high  temperature,  as  well.  There  is  little  fundamental 
work  on  this  topic,  especially  at  elevated  temperature.  It  is  usually 
recognized  that  crack  nucleation  at  grain  boundaries  is  promoted 
either  by  the  notch  effect  at  the  grain  boundaries,  associated  with 
rumpling  of  specimen  surfaces,  or  by  impinging  slip  bands  at  the 
surface. 

In  a  given  material,  such  as  pure  Ni,  it  has  recently  been  shown 
that  the  factors  influencing  this  mode  of  cracking  are  as  follows.® 11 
(11  The  type  of  boundaries.  High-symmetry  S3  boundaries  exhibit  a 
better  resistance.  This  has  been  rationalized  in  terms  of  the  ease 
with  which  crystal  dislocations  can  be  transferred  across  the 
boundaries. 

(2)  The  orientation  of  the  grain  boundaries.  In  push-pull  tests, 
slip- induced  grain-boundary  cracking  occurs  more  easily  if  the 
grain  boundary  plane  makes  a  large  angle  with  the  stress  axis 
and  if  the  incompatibility  in  slip  between  adjacent  grains  is  such 
that  the  out-of-surface  component  of  the  slip  vectors  is  large. 

(3)  In  structural  materials,  the  slip  character,  which  is  related  to  both 
the  chemistry  of  the  material  and  the  microstructure.  Low 
stacking  fault  energy  (SFE)  promotes  planar  slip  and  the 
occurrence  of  mechanical  twinning.12 13  Austenitic  SSs  and 
some  Ni  base  superalloys  are  materials  exhibiting  planar  slip  at 
room  temperature.  This  mode  of  deformation  may  be  responsi 
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ble  for  intergranular  cracking  because  of  the  high  stress 
concentrations  produced  between  a  grain  boundary  and  an 
impinging  slip  band. 

The  increase  in  temperature  tends  to  promote  a  more  dispersed 
or  wavy  slip.  This  tendency  can  be  rationalized  in  terms  of  the 
increase  in  SFE  with  temperature,  which  is  a  general  rule  observed 
in  most  materials,'3  and  in  terms  of  the  effect  of  thermal  activation, 
which  allows  dislocations  to  cross  slip  and  climb  out  of  their  original 
slip  planes.  This  situation  should  reduce  the  occurrence  of  slip- 
induced  intergranular  cracking  when  the  temperature  is  increased. 
Unfortunately,  there  are  many  exceptions  to  this  rule.  Many  materials 
are  used  in  a  temperature  range  where  dynamic  strain  aging  can  take 
place.  This  in  turn  favors  planar  slip  character,  which  could  be 
responsible  for  the  reduction  in  fatigue  life  observed,  e.g.,  in  ferritic 
steels,  over  a  temperature  range  close  to  400°C. 

In  precipitation-hardened  materials,  slip  character  is  directly 
related  to  the  by-passing  mode  of  particles  by  dislocations.  Small 
precipitates  are  easily  sheared  by  dislocations.  They  give  rise  to  a 
concentration  of  the  deformation  into  intense  slip  bands,  while  large 
particles  that  are  by-passed  by  the  Orowan  process  tend  to  disperse 
the  deformation  more  homogeneously  within  the  grains.'4  Recently, 
a  model  has  been  proposed  in  which  large  shearable  particles  led  to 
coarser  slip,  which  in  turn  produces  intergranular  fracture  in  age- 
hardenable  Al-Li  alloys.'5  In  Ni-base  superalloys,  the  fact  that  slip 
character  plays  an  important  role  in  the  transition  to  intergranular 
fatigue  fracture  has  been  emphasized  by  many  authors  (for  example, 
Reference  4).  This  was  one  of  the  viewpoints  adopted  in  a  detailed 
comparison  of  two  Ni-base  superalloys  widely  used  for  the  fabrication 
of  turbine  disks,  Waspaloyr  (UNS  N07001)  and  Inconel  718.'6'19 

The  exact  mechanisms  by  which  slip-induced  intergranular 
cracking  is  promoted  by  slip  inhomogeneity  are  not  yet  fully  estab¬ 
lished.  The  experiments  performed  on  Nimonic*  8020  and  on 
Astroloy,t’2'  in  which  it  was  shown  that  a  prior  deformation  at  room 
temperature  followed  by  a  short  anneal  without  any  applied  macro¬ 
scopic  stress  was  sufficient  to  induce  the  formation  of  grain-boundary 
cavities,  dearly  indicate  that  the  large  microscopic  stresses  associ¬ 
ated  with  the  intersection  of  a  slip  band  with  a  grain  boundary  or  a 
grain-boundary  particle  can  be  deleterious. 


Intergranular  creep  cavitation 

If  oxidation  appears  to  be  the  most  damaging  process  in  high- 
strength  materials  (such  as  Ni-base  alloys)  tested  at  intermediate 
temperatures  (~  650°C),  in  lower  strength  but  highly  ductile  materials 
(such  as  austenitic  SSs),  grain-boundary  cracking  occurs  by  the 
nucleation  and  the  subsequent  growth  of  creep  cavities.  A  large 
research  effort  has  been  made  over  the  last  ten  years  to  improve  the 
theoretical  models  (e.g.,  Reference  22).  The  applicability  of  these 
models  to  structural  materials  is  somewhat  questionable.  In  particu¬ 
lar,  they  do  not  take  into  account  the  aging  phenomena  taking  place 
in  those  materials,  which  can  give  rise  to  very  strong  effects.  This  is 
illustrated  in  Figures  4  and  5,  which  refer  to  the  results  obtained  on 
two  heats  of  typo  31 6L  (UNS  S31603)  austenitic  SS.2325  These 
materials  were  tested  at  600°C  under  low-cycle  fatigue.  A  tensile  hold 
time  (th)  was  superimposed  to  the  fatigue  cycle  at  maximum  strain. 
It  is  observed  that  the  creep  damage  occurring  during  stress 
relaxation  leads  to  a  reduction  in  fatigue  life  (N,). 

This  effect,  noticed  for  relatively  short  hold  times  (th  <  500  min) 
and  thus  relatively  short  test  durations  (t  <  1000  h),  is  the  basis  of  a 
number  of  creep-fatigue  interaction  models  (for  a  review,  see 
Reference  8)  One  of  the  difficulties  with  these  models  is  that  they  are 
usually  unable  to  predict  the  saturation  effect  observed  for  long  times 
in  both  materials  when  tests  as  long  as  one  year  are  performed  at 
intermediate  strain  amplitude  (A«,  =»  1%).  These  results,  which  have 
also  been  observed  by  other  investigators  (e.g..  Reference  26),  are 
of  noticeable  practical  interest. 

Qualitatively,  they  can  be  related  to  the  complex  variations  in 
creep  ductility  associated  with  carbide  precipitation  during  the  tests 


*Trade  name. 


The  improvement  in  creep-damage  resistance  occurring  for  long  hold 
times  can  be  illustrated  by  the  results  of  quantitative  measurements 
of  intergranular  damage  (D).  The  damage  (D)  was  defined  as  the 
ratio  between  the  cumulated  length  of  cracked  grain  boundaries  per 
unit  area  of  a  polished  section  (Lc)  to  the  total  length  of  grain 
boundaries  on  the  same  area  (L,). 


th  (mn) 


FIGURE  4— Austenitic  SS  tested  at  600°C  VIRGO  heat:  influence 
of  dwell  at  maximum  tensile  strain  on  fatigue  life.  Note  the 
saturation  in  hold  time  effect  for  very  long  test  (~  1  year). 


FIGURE  5-Austenltlc  SS  tested  at  600°C  ICL  heat:  Influence  of 
a  dwell  at  maximum  tensile  strain  on  fatigue  life.  Note  also  the 
saturation  effect  observed  for  long  hold  time  (24  h). 

In  Figure  6.  we  have  reported  the  variation  of  intergranular 
damage  per  cycle  (Dc)  (Dc  =  D/N  )  as  a  function  of  hold  time.  The 
results  obtained  by  other  authors  are  included.29’30  As  expected,  for 
relatively  short  times,  creep  damage  (Dc)  is  an  increasing  function  of 
dwell  period  (t„).  However,  for  very  long  tests,  the  damage  per  cycle 
shows  a  saturation  effect  similar  to  the  situation  observed  for  the 
fatigue  life  in  this  material  (Figure  4).  These  results  were  used  to 
model  the  creep-fatigue  interactions  occurring  in  this  type  of  mater- 
ial.23'25  Briefly  stated,  this  model  is  based  on  the  accelerating  effect 
of  fatigue  crack  growth  rate  induced  by  creep  damage.  It  was  shown 
that  even  in  these  materials,  which  are  strongly  resistant  to  oxidation 
effects,  oxygen  attack  largely  reduced  the  crack  initiation  stage  such 
that,  within  a  first  approximation,  it  can  be  assumed  that  for  the  tests 
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with  a  hold  time  the  number  of  cycles  to  crack  propagation  (NpF)  is 
roughly  equal  to  (NpF).  The  reduction  of  the  propagation  stage  can  be 
measured  by  a  parameter  (ic),  which  was  defined  as: 


NF-  n£f 
NFNf 


(D 


where  NF  and  NpF  are  the  numbers  of  cycles  to  propagation  in  a  pure 
fatigue  test  and  a  creep-fatigue  test,  respectively.  Np  can  be 
determined  from  conventional  low-cycle  fatigue  tests  provided  the 
fatigue  life  to  crack  initiation  (NF)  is  known.  Figure  7  shows  that  there 
exists  a  fairly  good  correlation  between  Dc  and  ic,  except  for  very 
short  hold  times  (~  3  mn)  for  which  the  assumptions  made  in  this 
model  are  not  valid.  It  is  also  worth  noting  that  this  correlation  applies 
also  to  the  tests  corresponding  to  the  longest  hold  times.  This  result 
is  encouraging,  since  it  suggests  that  the  assessment  of  the 
remaining  life  of  components  subjected  to  creep-fatigue  conditions 
could  be  made  by  using  the  results  of  metallographical  observations 
similar  to  those  used  for  a  number  of  materials  submitted  to  creep 
conditions. 


FIGURE  6—  Austenitic  SSs,  heats  VIRGO  and  ICL:  variation  of 
intergranular  damage  per  cycle  (D..)  as  a  function  of  tensile  hold 
time  (th).  The  saturation  In  the  effect  of  dwell  period  on  fatigue 
life  correlates  with  the  variation  of  intergranular  damage  (Dc) 
observed  In  VIRGO  steel. 


FIGURE  7-Correlatlon  between  the  relative  reduction  In  fatigue 
life,  measured  by  lc  parameter  and  measured  Intergranular 
damage  per  cycle  (Dc), 


Oxidation 

The  extensive  studies  performed  in  particular  by  Coffin3'  have 
clearly  shown  that,  in  many  materials,  the  reduction  in  fatigue  life 
observed  with  an  increase  in  temperature  was  closely  related  to  a 
detrimental  oxidation  effect.  In  Ni-base  superalloys,  it  is  now. well 
established  that  the  environmental  effect  is  mainly  responsible  for  the 
degradation  in  endurance  when  these  materials  are  tested  in  what  is 
conventionally  called  “creep-fatigue”  conditions.  For  a  review,  see 
Reference  32. 

To  simplify  the  discussion,  we  do  not  include  the  form  of  oxygen 
attack  by  simple  absorption  of  oxygen  at  the  crack  tip.  Two  types  of 
crack-tip  situations  are  considered  in  Figure  8.  In  Type  A,  an  oxide 
has  formed  at  the  crack  tip.  Cracking  occurs  in  the  oxide  or  at  the 
matrix-oxide  interface.  In  Type  B,  oxygen  has  diffused  into  the  metal 
ahead  of  the  main  crack  and  promoted  the  formation  of  subsurface 
cracks  that  link  to  the  main  crack. 


Type  A  oxidation  mechanism. 

Oxide  scale  formation  and  preferential  oxidation-One  form  of 
damage  often  reported  in  high-temperature  fatigue  is  the  formation  of 
oxide  wedges  in  grain  boundaries.  Grain  boundaries  are  preferential 
sites  for  oxidation  because  of  either  more  rapid  intergranular  diffusion 
or  because  the  carbide  particles  commonly  present  in  the  boundaries 
are  themselves  preferred  sites  for  oxidation.  The  fact  that  these 
grain-boundary  wedges  form  preferential  sites  for  crack  initiation  has 
been  clearly  shown  by  a  number  of  investigators,  in  particular  by 
Antolovich,  et  al.33-34  These  authors  showed  that  the  effect  of  prior 
oxidation  with  or  without  any  applied  stress  was  to  reduce  the  fatigue 
life,  the  reduction  being  largest  for  stress-exposed  specimens  (Figure 
9).  It  was  also  shown  that  in  this  material  a  crack  initiation  criterion 
based  on  the  maximum  stress  (irmax)  and  oxide  depth  (I,)  of  the  type: 

trmaxlj  =  constant,  with  p  =>  4  (2) 

represented  the  data  well.33 

In  this  form  of  damage,  the  first  factors  are  the  alloy  chemistry 
and  the  partial  oxygen  pressure.  These  factors  control  the  preferen¬ 
tial  formation  of  one  given  species  of  oxide.  In  Ni-Cr  alloys,  it  is 
accepted  that  Cr203-type  oxide  is  more  protective  than  a  spinel-type 
FeNi-rich  oxide. 

To  illustrate  the  variety  of  responses  that  can  be  observed  in  a 
given  material,  we  refer  to  a  recent  study  performed  on  a  nickel-base 
superalloy  containing  about  18%  Fe,  Inconel  71 S.35  This  author  used 
Auger  spectrometry  analysis  to  determine  the  type  of  oxide  that  was 
formed  as  a  function  of  partial  oxygen  pressure  and  of  the  specimen 
preparation.  All  the  oxidation  tests  were  performed  at 
650’C.  Electropolished  specimens  were  observed  first.  The  results 
given  in  Figure  10  show  that,  at  low-oxygen  partial  pressure  (s  10~4 
Torr),  only  Cr203  type  was  identified. 

At  higher  oxygen  partial  pressure  (s  10'2  Torr),  both  spinel 
type  (FeNiO)  and  Cr203  oxides  were  observed.  This  suggests  that 
the  oxidation  under  air  environment  occurs  in  two  stages,  as 
indicated  schematically  in  Figure  10(a),  with  the  formation  of  FeNi- 
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rich  oxide  followed  by  that  of  the  more  protective  film  formed  by  Cr203 
oxide.  The  transition  time  (tP)  was  not  measured.  At  atmospheric 
pressure,  it  is  jower  than  a  few  minutes.  Other  results  presented  in 
the  following  suggest  that  the  relative  sensitivity  of  this  nickel-base 
alloy  to  environmental  effect  might  be  related  to  the  formation  of  the 
FeNi-rich  oxide.  Other  factors,  such  as  the  Pilling-Bedworth  ratio36 
associated  with  the  volumetric  expansion  coefficient  due  to  oxide 
formation  and  the  difference  in  thermal  expansion  coefficients  of 
base  metal  and  surface  oxide,  are  also  important. 


FIGURE  9— Rene  80  tested  at  87C°C:  low-cycle  fatigue  life  as  a 
function  of  plastic  strain  range.  Note  the  reduction  In  fatigue  life 
on  pre-exposed  material  and  the  effect  of  remachinlng  before 
testing.33 

Cyclic  ox/daf/on-There  are  still  very  few  delailed  studies 
devoted  to  the  interactions  between  cyclic  deformation  and  oxidation. 
Two  main  comments  should  be  made:  The  first  relates  to  the  change 
in  the  type  of  oxide  formed;  the  second  relates  to  the  dramatic  change 
in  kinetics. 

The  type  of  oxide  film  formed  at  the  specimen  surface  can  be 
strongly  dependent  on  the  specimen  preparation,  especially  on  the 
existence  of  cold-worked  surface.  The  effect  can  occur  when  the 
matorial-atmosphero  combination  is  such  that  several  types  of  oxide 
scale  '■*«  be  formed.  This  is  shown  in  Figure  11,  which  refers  to 
Inconel  718  ,3S  In  this  material,  it  is  observed  that  when  the 
specimens  are  first  submitted  to  a  shot-peening  treatment  beforo 
being  oxidized,  only  Cr-rich  oxide  is  formed,  whatever  the  partial 
oxygen  pressure,  which  is  diffarent  from  the  situation  observed  on 
electropolished  specimens.  In  a  study  devoted  to  the  interactions  of 
low-cycle  fatigue  and  oxidation,  it  was  shown  that  the  type  of  oxide 
scale  formed  on  the  surface  of  a  9.5Cr  steel  tested  at  650'C  was  also 
strongly  dependent  on  cyclic  deformation.37  In  this  material,  the 
protective  oxido  scales  on  undeformed  specimens  are  Cr  rich.  They 
cover  a  small  surfaco  area  (~  2%).  On  the  other  hand,  low  cycle 
fatigue  defonnation  loads  to  a  strong  increase  of  the  surfaco  area 
covered  by  the  nonprotective  Fe-rich  nodules  that  can  reach  50%. 
The  reason  for  this  is  the  Cr  depletion  in  the  subsurface  zone 
resulting  from  the  formation  of  the  Cr-rich  oxido  and  oxide  spalling 
due  to  cyclic  deformation. 

Quantitative  studies  devoted  to  the  cyclic-deformation  modifi¬ 
cation  in  oxidation  kinetics  are  very  scarce,  except  those  by  Skelton 
and  Bucklow38  on  Cr-Mo-V  steels  and  those  by  Reuchet  and  Remy39 
on  a  Co-base  superalloy,  MAR  M  509.  Both  studies  have  clearly 
shown  that  stress  and/or  strain-free  oxidation  data  are  inapplicable  to 
highly  strained  situations. 


FIGURE  10-Results  of  oxide  Identification  by  Auger  spectrom¬ 
etry  on  electropolished  specimens  of  Inconel  718  alloy  (UNS 
N07718):  (a)  sketch  showing  the  variation  In  weight  (Am/S)  as  a 
function  of  time.  Two  stages  are  distinguished  corresponding  to 
FeNI-rlch  oxide  and  Cr-rich  oxide  formation,  respectively;  and 
(b)  transition  time  (tp)  between  both  forms  of  oxides  as  a 
function  of  oxygen  partial  pressure.35 
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FIGURE  11— Inconel  718  alloy  (UNS  N07718);  pre-exposure  at 
6S0’C.  Influence  of  residual  stresses  on  the  transition  In  oxida¬ 
tion  mechanism.  Cr-rlch  oxide  is  preferentially  formed  on 
shot-peened  specimens.35 


Figure  12  shows  the  results  of  measurements  of  oxide  growth 
per  cycle  obtained  at  550°C  by  Skelton  and  Bucklow  on  a  Cr-Mo-V 
steel.38  It  is  observed,  as  noliced  in  other  studios,  that  below  some 
minimum  strain  (=*  0.1%),  the  accelerating  effects  of  cyclic  deforma¬ 
tion  seem  to  disappear.  This  minimum  strain  is  related  to  the  fracture 
tensile  strain  of  the  oxide  scale  and  to  the  residual  stresses  between 
the  scale  and  the  base  material.  In  MAR  M  509,  Reuchet  and  Remy 
investigated  both  the  matrix  oxidation  and  the  preferential  oxidation 
of  primary  MC-type  carbides.39  In  this  cast  material,  the  microstruc¬ 
ture  consists  of  a  face-centered  cubic  (FCC)  matrix  plus  primary  MC 
carbides  in  a  Chinese  script  morphology.  At  high  temperatures, 
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cracks  initiate  at  oxidized  MC  carbides  and  crack  growth  occurs 
through  the  matrix  and  along  the  carbides.  The  results  of  matrix  oxide 
scale  thickness  measurements  are  shown  in  Figure  13,  where  it  is 
observed  that  cyclic  deformation  increases  the  oxidation  kinetics,  the 
effect  being  an  increasing  function  of  applied  plastic  strain.  These 
results  were  interpreted  in  terms  of  a  classical  equation  for  the 
kinetics  of  oxidation: 

eM  =  “m  fl/2  (3) 

where  eM  is  the  thickness  of  the  oxide  scale  and  aM  was  found  to  be 
related  to  the  plastic  strain  amplitude  AeP/2  by  a  linear  function: 

aM  =  “mO  +  Km  Aep)  (4) 

where  KM  is  a  constant  at  a  given  temperature. 

This  equation  applies  to  plastic  strains  larger  than  3-1 0"4.  The 
preferential  oxidation  of  MC  carbides  was  measured  by  the  depth  of 
subsurface  attack  (Figure  14).  The  results  can  be  expressed  as: 

lex  =  «c  t,/J  (5) 


FIGURE  13— Co-base  superalloy  tested  at  900°C.  Variation  of  the 
matrix  oxide  scale  thickness  as  a  function  of  exposure  time  for 
stress-free  specimens  and  for  low-cycle  fatigue  specimens 
tested  at  failure.39 


where  the  oxidation  constant  («c)  is  an  increasing  function  of  applied 
stress  or  applied  strain.  Expressed  in  terms  of  plastic  strain,  it  was 
written  as:40 


««  =  «c  9  (A«p)  (6) 

with  g  =  Aep/Atpp,  for  Aep  >  Atpo 
g  =  1 ,  for  A«p  <  Atpo 

These  results  can  be  used  to  model  fatigue-environment 
interactions,  as  shown  later.  Skelton  and  Bucklow38  were  the  first  to 
suggest  that  at  high  temperature,  the  crack  growth  rate  in  an 
aggressive  environment  could  be  the  sum  of  the  fatigue  component 
in  an  inert  environment  [pure  fatigue,  (da/dN)Fal),  plus  the  oxidation 
rate  [(da/dN)0J  at  the  crack  tip,  that  is: 

(da/dN)  =  (da/dN)Fo,  +  (da/dN)0X  (7) 

This  approach  is  discussed  in  more  detail  in  the  following. 


FIGURE  12— Cr-Mo-V  steel  tested  In  air,  at  550°C.  Influence  of 
high-strain  fatigue  on  oxidation  rate.30 
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FIGURE  14— Co-base  superalloy  tested  at  900°C.  Variation  of  the 
average  oxidized  carbide  depth  as  a  function  of  exposure  time 
for  stress-free  and  low-cycle  fatigue  specimens. 39 

Type  B  oxidation.  Subsurface  environmental  damage  can  also 
take  several  forms.  It  is  extremely  difficult  to  quantify  these  forms, 
essentially  because  of  the  absence  of  diffusion  data. 

Oxygen  segregation  along  grain  boundaries-No  completely 
unambiguous  experimental  evidence  exists  of  changes  in  cracking 
mode  due  solely  to  oxygen  segregation  along  the  grain  boundaries. 
One  is  tempted  to  assume  that  oxygen  penetrates  and  segregates 
along  the  grain  boundaries  and  lowers  the  boundary  energy.  For 
instance,  Woodford  and  Bricknell  have  speculated  that  oxygen 
segregated  in  the  grain  boundaries  of  Ni-base  alloys  could  inhibit 
grain-boundary  sliding  and  migration.4’ '43  These  phenomena  in  turn 
could  reduce  the  ability  of  the  material  to  relieve  the  local  stresses 
built  up  during  deformation. 

It  is  worth  noting  that  the  oxygen  concentration  in  the  bound¬ 
aries  might  also  be  related  to  the  type  ol  oxide  that  is  formed  on  the 
free  surface.  In  a  material  such  as  Inconel  718,  the  first  oxide  formed 
is  an  FeNi-rich  compound,  followed  subsequently  by  the  formation  of 
the  more  protective  Crz03  oxide  scale,  as  shown  earlier.  The 
transition  time  (tp)  between  the  two  corresponding  parabolic  laws  is 
dependent  on  partial  oxygen  pressure  [Figure  10(b)).  For  short  times, 
one  can  assume  that  the  oxygen  concentration  in  the  boundaries  in 
equilibrium  with  the  oxide  scale  is  larger  when  the  FeNi-rich  oxide  is 
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formed  instead  of  Cr203,  as  shown  schematically  in  Figure  1 5,  where 
Cr203  oxide  appears  to  act  as  a  passivation  film.  This  two-step 
oxidation  mechanism  was  compared  by  Andrieu35  to  the  effect  of  a 
hold  time  at  minimum  load  on  the  fatigue  crack  growth  rate  measured 
at  CSCTC.44  The  results  reported  in  Figure  16  show  a  rapid  effect  of 
hold  time  since  after  only  30  s,  a  significant  increase  in  crack  growth 
rate  is  noticed.  In  these  specific  conditions,  the  fracture  mode  was 
intergranular.  It  is  also  worth  noting  that  a  saturation  effect  appears 
to  occur  for  hold  times  longer  than  about  1000  s.  This  time  is  of  the 
same  order  of  magnitude  as  the  critical  time  (tP)  determined  in 
oxidation  studies  and  corresponding  to  the  formation  of  Cr203  type 
oxide  beneath  the  FeNi-rich  oxide  scale  (Figure  10). 


INCONEL  718 


Short  Distance  intergranular  Oxidation  Metal  passivation  due  to  Cr  Oxide 

formation 


Gas  formation- Grain-boundary  embrittlement  of  Ni  produced 
by  prior  oxidation  has  been  extensively  investigated.  At  relatively 
high  temperatures  (~  900  to  1000°C),  this  embrittlement  is  associ¬ 
ated  with  the  formation  of  grain-boundary  cavities.  Various  sugges¬ 
tions  have  been  made  to  account  for  their  origin.  Bricknell  and 
Woodford  concluded  that  the  cavities  were  not  voids  by  bubbles  of 
either  carbon  monoxide  or  carbon  dioxide  gas.45  These  gases  could 
result  from  a  chemical  reaction  between  carbon  in  solid  solution  and 
oxygen  diffusing  along  the  grain  boundaries.  Dyson,  using  thermo¬ 
dynamical  calculations,  showed  that  in  Ni  containing  a  small  amount 
of  carbon,  the  formation  of  carbon  dioxide  would  take  place  prefer¬ 
entially  to  carbon  monoxide.46  This  author  also  showed  that  gas 
bubbles  could  be  nucleated  with  a  high  internal  pressure.  Moreover, 
he  pointed  out  the  fact  that  in  Ni-base  superalloys  containing  Cr, 
carbon  dioxide  formation  is  impossible  when  the  oxygen  potential  is 
controlled  by  Cr203.  In  these  materials,  therefore,  the  deleterious 
effect  of  oxygen  is  likely  only  if  the  oxide  scale  is  broken  and  fresh 
surface  is  exposed. 

Experiments  using  mass  spectrometry  similar  to  the  experi¬ 
ments  of  Bricknell  and  Woodford45  were  conducted  by  Andrieu35  on 
preoxidized  specimens  of  Inconel  718.  This  author  did  not  detect  the 
formation  of  gases  when  the  specimens  were  broken.  This  does  not 
mean  that  under  cyclic  deformation,  gas  formation  ahead  of  the  crack 
tip  cannot  also  occur  in  this  material,  since  simple  static  tests  that 
preserve  the  oxide  scale  are  not  necessarily  a  good  indication  of 
environmental  resistance  under  mechanical  loading. 


FIGURE  15-Inconel  718  alloy  (UNS  N07718):  grain-boundary 
embrittlement  resulting  from  short-distance  intergranular  oxi¬ 
dation  for  exposure  times  lower  than  the  transition  time  corre¬ 
sponding  to  the  formation  of  Cr-rich  oxide  scale.35 
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Modeling  Creep-Fatigue  Interactions 

A  life-prediction  scheme  applicable  at  high  temperature  should 
include  several  aspects:  (1)  crack  initiation,  (2)  crack  growth,  and  (3) 
calculation  of  local  stress-strain  fields  in  a  component.  In  this  part,  we 
deal  only  with  the  first  two  aspects.  Theoretically,  fatigue  life  should 
be  considered  as  divided  into  crack  initiation  and  propagation 
phases,  since  their  kinetics  laws  are  known  to  be  different.  Experi¬ 
mentally,  however,  it  is  sometimes  difficult  to  obtain  separate  and 
complete  information  on  both  phases.  In  particular,  it  is  well  known 
that  there  exists  no  universal  definition  of  crack  initiation,  since  this 
phase  is  very  much  dependent  on  the  scale  examined.  In  this  part, 
unless  otherwise  stated,  we  adopt  a  "conventional"  definition  for 
crack  initiation  that  corresponds  to  the  formation  of  a  relatively 
macroscopic  crack  or  a  physically  short  crack  (0.5  to  1  mm),  typical 
of  those  found  at  failure  of  conventional  low-cycle  fatigue  smooth 
specimens.  The  number  of  cycles  corresponding  to  the  formation  of 
this  crack  can  also  include  a  significant  part  associated  with  the 
nucleatior.  cf  a  microcrack.  However,  it  can  be  assumed  that,  in  the 
presence  of  strong  environmental  effects  leading  to  a  preferential 
oxidation  damage  of  minor  phases  such  as  carbides,  microcracks 
(~  1  to  5  urn)  are  more  easily  formed  at  high  temperature  than  at 
room  temperature.  Therefore,  under  these  conditions,  fatigue  life  is 
essentially  reduced  to  the  propagation  of  a  small  crack  in  a  low-cycle 
fatigue  specimen  submitted  to  significant  plastic  strains.  These  are 
the  conditions  used  to  derive  the  kinetics  of  oxide  formation  shown 
earlier  in  Figures  1 2, 1 3,  and  1 4.  On  the  other  hand,  the  crack  growth 
phase  refers  to  the  propagation  of  a  macroscopic  crack  (~  10  mm), 
which  is  analyzed  in  terms  of  linear  or  nonlinear  elastic  fracture 
mechanics  used  et  low  temperature.  At  elevated  temperature,  the 
situation  is  far  more  complex  because  the  constitutive  equations  are 
time  dependent.  This  raises  further  problems  related  to  the  relevance 
of  loading  parameters.  It  is  outside  the  scope  of  this  paper  to  discuss 
these  parameters.  To  simplify  the  discussion,  we  refer  essentially  to 
high-strength  Ni-base  superalloys  for  which  the  stress-intensity  factor 
(K)  should  correlate  the  crack  growth  data. 

The  life-prediction  methods  applicable  to  high  temperature  have 
been  reviewed  by  a  number  of  authors.8,47'52  The  models  are  either 
phenomenological  or  physically  based;  in  the  part  of  this  section 
devoted  to  crack  initiation,  we  present  only  a  model  of  the  latter. 


FIGURE  16-Inconel  718  alloy  (UNS  N07718)  tested  at  650’C: 
Influence  of  a  hold  time  applied  at  zero  load  on  the  fatigue  crack 
growth  rate:  (a)  waveform  signal  and  (b)  effect  of  hold  time  on 
the  fatigue  crack  growth  rate  rafio,  (da/dNy(da/dN). 


Crack  initiation 

Though  air  environment  probably  affects  crack  growth  most,  it 
also  affects  crack  initiation.  In  particular,  in  Ni-  and  Co-base 
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superalloys,  cracks  initiate  in  oxidized  grain  boundaries.  There  is  an 
especially  strong  stress  corrosion  effect  on  fine-grained  alloys  for 
tests  in  air  at  intermediate  temperatures.  Figure  1 7  shows  the  results 
obtained  on  a  fine-grained  powder  metallurgy  material  (IN-100,  grain 
size  -  5  fim)  tested  at  low  frequency  and  with  30-s  or  15-min  tensile 
dwells  at  the  maximum  tensile  strain.53  A  dwell  period  of  15  min  can 
reduce  the  fatigue  life  by  a  factor  as  large  as  one  order  of  magnitude. 


FIGURE  17— Powder  metallurgy  IN-100  with  a  small  grain  size 
(=5  pm).  Total  strain-fatigue  life  relation  at  650°C  for  0.33  Hz 
tests  and  tests  with  30-s  or  15-min  tensile  dwells  at  the 
maximum  tensile  strain.53 


Significant  effects  of  test  frequency  and  tensile  or  compressive 
hold  times  were  also  noticed  for  the  Co-base  superalloy  presented  in 
the  preceding  section.39'40  An  oxidation-fatigue  interaction  crack 
growth  model  applicable  to  low-cycle  fatigue  specimens  was  devel¬ 
oped  by  Reuchet  and  Remy.39  This  model  relies  upon  the  results  of 
metallographical  observations  shown  in  Figures  13  and  14.  From 
these  observations,  a  crack-growth  damage  equation  was  postulated 
(Equation  (7)].  Though  expressed  in  an  additive  form,  this  equation  is 
not  a  simple  linear  damage  summation  rule,  since,  as  discussed 
previously,  the  oxidation  component  is  dependent  on  the  inelastic- 
plastic  strain  amplitude  (A£p),  that  is: 

(da/dN)0X  =  (1  -  y  «  M  (1  +  Km  top)  At’*  +  fc  a  0  g  (A«P)  A  t"4 

(8) 

where  ft  (  0  1 2)  is  the  effective  volume  of  MC  carbides  on  the  crack 
path,  and  At  is  the  cycle  period.  For  the  fatigue  component 
[(da'dNJfJ,  an  approximate  expression  derived  from  Tomkins's 
modei  was  used:54 

(da/dN)f.0,  -  0.50Aep(  1/cos(w/2T)  -  1]  ?  (9) 

where  u  is  the  peak  tensile  stress  and  T  the  tensile  tracture  stress. 
The  number  of  cycles  to  initiation  (NR)  is  obtained  by  integrating  the 
crack  growth  equation  from  an  initial  crack  length  a<j  to  a  critical  crack 
depth  ac.  This  leads  to: 

N„  =  g  Log  [1  +  B  a^da/dNU  (10) 

where  B  =  0.50  A«P  (1/cos  (mr/2T)  -  1).  This  expression  was  shown 
to  give  results  in  good  agreement  with  experimental  data  obtained 
under  various  frequencies  and  wave-form  signals  (Figure  18).  It  was 
also  successfully  applied  to  the  results  of  thermal  fatigue  tests.40 

This  type  of  oxidation-fatigue  interaction  model  is  similar  to 
those  proposed  for  corrosion  fatigue  It  cannot  be  applied  to  all  the 
situations  that  can  be  encountered  when  the  environment  plays  a 
dominant  role  The  simple  idea  that  assumes  the  oxidation  crack 
growth  component  can  be  added  to  the  fatigue  component  has  strong 
limitations.  It  is  only  valid  for  high-temperature  conditions  when 
generalized  Type  A  oxidation  is  the  prevailing  damage  process. 


FIGURE  18— Co-base  superalloy  MAR  M  509:  results  from  a 
damage  model  based  on  strain-accelerated  oxidation  rate; 
comparison  between  calculated  and  experimental  life  for  vari¬ 
ous  waveform  signals.40 

Crack  growth 

Crack-tip  oxidation  during  fatigue  may  produce  effects  other 
than  those  described  above,  even  when  Type  A  oxidation  damage  is 
taking  place.  Two  effects  can  be  mentioned:  (1)  Crack-tip  welding  or 
resharpening  during  unloading  may  be  altered  by  absorbed  atoms  or 
films  on  the  crack  faces.  With  a  greater  amount  of  blunting,  the  crack 
tip  cannot  resharpen  itself  upon  unloading  and  the  growth  rates  will 
decrease,  (2)  Corrosion  products  at  the  crack  tip  can  cause  closure 
during  unloading  that  will  also  decrease  the  effective  stress-intensity 
factor  range  and  thus  retard  cracking.  Therefore,  at  low  AK  ranges 
and  low  stress  ratios  the  crack  growth  rates  in  oxidizing  environment 
may  eventually  be  much  smaller  than  those  determined  in  inert 
environments.  This  behavior  was  observed,  for  example,  by  Skelton 
and  Haigh55  in  fatigue  crack  growth  tests  on  Cr-Mo-V  steels  at  550JC 
(Figure  19).  In  this  figure,  the  apparent  threshold  increases  when  the 
test  frequency  is  decreased,  which  is  very  unusual  behavior.  In  this 
specific  case,  oxide  build-up  in  the  crack  reduces  the  cyclic  crack-tip 
opening  displacement.  It  should  be  emphasized  that  these  results  or 
similar  ones  obtained  on  relatively  long  cracks  ('10  mm)  are  not 
necessarily  valid  when  applied  to  shorter  fatigue  cracks  (<1  mm). 
Many  studies  over  the  last  decade  have  shown  that,  even  at  room 
temperature,  the  fatigue  crack  growth  rates  data  determined  on  long 
cracks  are  too  conservative  (see,  for  example.  References  56  and 
57).  This  is  related  to  the  fact  that  the  effective  crack  driving  force  for 
long  cracks  is  smaller  compared  to  small  cracks  because  the  crack 
closure  load  is  an  increasing  function  of  crack  length  (see  References 
58  and  59).  It  is  expected  that  this  crack-size  effect  is  more 
pronounced  when  a  large  amount  of  oxidation  debris  is  left  along  the 
crack  faces. 

In  materials  that  are  more  resistant  to  oxidation,  aggressive 
environments  usually  lead  to  detrimental  effects,  especially  when 
Type  B  mechanism  is  taking  place.  This  is  probably  the  situation 
occurring  in  high-strength  Ni-base  superalloys.  Figure  20  shows  the 
results  of  fatigue  crack  growth  rate  tests  conducted  at  650°C  on  a 
fine-grained  heat  of  Inconel  718  alloy.60  In  these  tests,  the  frequency 
was  decreased  and  a  hold  time  was  applied  at  maximum  load.  Figure 
20  shows  that  the  fatigue  crack  growth  rates  are  increased  by  three 
orders  of  magnitude  when  a  hold  time  of  5  min  is  applied,  as 
compared  to  high  frequency  (20  Hz)  tests.  These  crack  growth  rates 
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are  plotted  in  Figure  21  on  a  time  basis.  In  this  figure,  the  static  creep 
crack  growth  rates  are  also  included.  These  data  clearly  indicate  that 
the  creep-fatigue  crack  propagation  rates  tend  toward  those  mea¬ 
sured  under  steady  load  as  the  hold  time  is  increased.  Similar  results 
were  obtained  on  other  microstructures.  This  material  is  extremely 
sensitive  to  the  effect  of  microstructural  details,  when  tested  at  low 
frequencies  and  under  air  environment  {Figure  22),  as  shown  earlier 
(Figure  3).  Figure  23  shows  a  similar  behavior  when  these  various 
microstructures  are  tested  under  static  loading.  Clearly,  the  crack 
propagation  phase  is  essentially  time  dependent  in  this  material, 
tested  under  these  conditions. 


FIGURE  19— Crack  growth  rates  in  Cr-Mo-V  steels  at  low  stress 
ratios  and  low  frequencies.55 


FIGURE  20— Inconel  718  alloy  (UNS  N07718)  tested  at  650°C: 
fatigue  crack  growth  rate  as  a  function  of  AK  and  wave-shape 
signal  for  fine-grained  material: 
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FIGURE  21—  Results  of  fatigue  crack  growth  rates  (Figure  20) 
plotted  on  a  time  basis  and  creep  crack  propagation  rate  for 
fine-grained  material: 

*  =  static  creep 

♦  =  300-10 

■  =  10-10 

A  =  10. 


FIGURE  22-Effect  of  microstructure  on  the  fatigue  crack 
growth  rate.  Open  symbols  =  20  Hz;  filled  symbols  =  10-300-10. 
O  ♦  =  necklace  microstructure;  V  j  =  coarse-grained  struc¬ 
ture  (longitudinal  direction);  a  =  coarse-grained  material  (short 
transverse  direction);  O  •  =  fine-grained  structure. 


Modeling  crack  growth  behavior  at  high  temperature  under  such 
conditions  is  extremely  difficult.  In  previous  studies,  it  was  proposed 
that  an  upper  bound  for  the  crack  advance  during  the  cyclic  loading 
could  be  as  large  as  the  viscoplastic  zone  (Rvp)  formed  ahead  of  the 
crack  tip  during  the  dwell  period,  th.52  The  size  of  this  zone  is  related 
to  KMox  and  time  (t)  by:6'-62 

Rvp  =  A(KMJ2 t2"1"  (11) 

where  n  is  the  exponent  of  the  stationary  creep  Norton  law,  while  A 
can  be  calculated  from  the  theoretical  expressions  given  by  Riedel 
and  Rice.61  Using  this  assumption,  an  upper  bound  for  the  crack 
propagation  rate  can  be  written  as: 
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(da/dN)Cf:  =  a*th  +  Rvp 


(12) 

where  a*  is  the  creep  crack  growth  rate  measured  under  steady  load 
at  KMax.  Figure  24  shows  the  results  obtained  on  one  specific 
microstructure  of  Inconel  718,  which  is  the  large-grained  material 
tested  in  the  transverse  direction.  This  figure  shows  that  the 
application  of  Equation  (12)  is  conservative  over  the  whole  range  of 
crack  propagation  rates  investigated  in  this  study.  It  is  worth  noting 
that  at  high  AK  (s  20  MPa  Vm),  the  measured  crack  growth  rates  are 
very  close  to  the  sizes  of  the  viscoplastic  zone  (R^)  calculated  from 
Equation  (11).  This  observation  reinforces  the  soundness  of  the 
assumptions  made  in  this  model.  However,  it  is  clear  that  the  strong 
environmental  effects  observed  in  this  material  cannot  be  explained 
only  by  assuming  that  da/dN  *  Rvp  The  creep-environment  compo¬ 
nent,  a*  t„  must  therefore  be  taken  into  account. 


FIGURE  23-Creep  crack  growth  rate  as  a  function  of  micro¬ 
structure:  ♦  =  necklace  structure;  ▼  =  coarse-grained  material 
(longitudinal  direction);  A  =  coarse-grained  structure  (short 
transverse  direction);  •  =  fine-grained  structure;  *  = 

fine-grained  material  with  p-phase  precipitated  along  the  grain 
boundaries. 


AK  (MPa  Vm") 


FIGURE  24-Inconel  718  alloy  (UNS  N07718)  tested  at  650°C; 
large-grained  material.  Fatigue  crack  growth  rates  at  high 
frequency  (plain  curve);  a  =  measured  crack  growth  rate  with 
a  300-s  dwell  at  maximum  load;  •  =  creep  crack  growth  rate  on 

a  cycle  basis  (a*  th)  [Curve  (1)];  ( - )  calculated  vlscoplastlc 

zone  size  [Curve(2)];  ( - )  upper  bound  for  the  calculated 

crack  growth  rate  corresponding  to  300-s  hold  time. 


The  difficulty  lies  in  the  fact  that  a  very  clear  procedure  must  be 
adopted  to  determine  the  time  dependent  crack  growth  component, 
since  the  creep-environment  behavior  may  be  largely  dependent  on 
the  load  history  applied  to  the  specimen.  In  this  material,  the  static 
crack  growth  curves  exhibit  an  apparent  threshold  at  low  KMax  (Figure 
23).  Two  regimes  of  creep  crack  growth  rates  can  be  distinguished. 
The  first  regime  (Stage  I)  corresponds  to  low  growth  rates  with  a 
steep  slope  in  the  da/dt-K  curves.  The  second  regime  (Stage  II) 
observed  at  higher  crack  growth  rates  corresponds  to  stationary 
conditions,  while  Stage  I  is  only  a  transient  effect.  This  was  verified 
by  using  different  specimen  sizes  and  by  testing  the  material  under 
both  increasing  and  decreasing  stress-intensity  factor.44  The  results 
of  one  of  these  experiments  is  shown  in  Figure  25.  The  specimen  was 
first  submitted  to  increasing  KMax  until  the  expected  onset  of  Stage  II 
was  reached.  Then  KMax  was  decreased  by  changing  the  control 
mode  from  constant  load  to  constant  displacement.  After  this  change 
in  control  mode,  the  crack  growth  rates  decreased,  first  along  a  line 
located  within  the  scatter  band  defined  for  Stage  II,  until  an  apparent 
crack  arrest  was  observed  at  a  lower  value  than  the  threshold 
measured  initially  under  increasing  K.  The  tests  were  continued 
under  decreasing  K  by  first  applying  a  few  fatigue  cycles  (~  5).  Crack 
reinitiation  and  transient  crack  growth  were  observed  after  the 
application  of  this  loading.  These  results  clearly  indicate  that  Stage  I 
is  only  a  transient  regime  and  strongly  dependent  on  experimental 
procedures.  Therefore,  a  more  conservative  approach  to  determine 
the  creep  crack  growth  component  is  obtained  by  extrapolating  Stage 
II  regime  determined  at  relatively  high  crack  growth  rates,  as  shown 
approximately  by  the  dotted  line  drawn  in  Figure  25.  Figure  26  shows 
a  better  agreement  between  the  fatigue  crack  growth  rates  and  the 
extrapolated  Stage  II  creep  crack  growth  results  compared  to  Stage 
I  creep  crack  growth  data.  This  reinforces  the  basis  of  the  proposed 
model  [Equation  (12)],  provided  that  the  appropriate  crack  propaga¬ 
tion  time  component  is  used. 


FIGURE  25-Results  of  creep  crack  growth  rate  tests  under 
Increasing  or  decreasing  stress-intensity  factor.  The  load  his¬ 
tory  applied  to  the  specimen  Is  Indicated  schematically  In  the 
insert.  A  dotted  line  corresponding  approximately  to  steady 
Stage  II  regime  Is  drawn. 

Transient  Stage  I  is  probably  related  to  oxidation  effects.  In  the 
preceding  section,  it  was  shown  that  in  this  material  a  very  thin  layer 
of  FeNi-rich  oxide  was  found  on  the  free  surface  of  the  specimens 
before  a  more  protective  Cr-rich  oxide  scale  was  formed,  depending 
on  various  factors,  such  as  oxygen  partial  pressure,  exposure  time, 
and  mechanical  preparation.  A  similar  behavior  is  expected  in  the 
vicinity  of  the  crack  tip,  although  it  is  much  more  difficult  to 
investigate.  The  situation  is  therefore  somewhat  similar  to  that 
encountered  in  a  number  of  stress  corrosion  or  corrosion-fatigue 
studies  when  the  time-dependence  is  related  to  the  formation  of  a 
passive  film.  To  model  crack  growth  behavior  observed  under  these 
conditions,  a  simple  approach  based  on  the  theoretical  stress-strain 
field  for  creeping  cracked  solids61  and  the  ductility  exhaustion 
concept  was  used.44 
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FIGURE  26—Fatigue  crack  growth  rates  with  a  300-s  dwell 
measured  on  two  specimens.  Comparison  with  creep  crack 
growth  data  on  a  cycle  basis.  Note  that  the  measured  fatigue 
crack  growth  rates  are  close  to  the  values  extrapolated  from 
those  associated  with  creep  Stage  II  regime. 


This  model  provided  satisfactory  results  by  assuming  that  the 
creep  ductility  was  time  dependent  because  of  environmental  effects. 

Summary  and  Conclusions 

(1 )  At  elevated  temperature,  both  fatigue  crack  initiation  and 
crack  growth  can  be  dramatically  affected  by  oxidation.  This  effect  is 
more  pronounced  when  the  failure  mode  is  changed  from  transgra- 
nular  to  intergranular. 

(2)  Three  forms  of  intergranular  damage  have  been  distin¬ 
guished:  (1 )  slip-induced  intergranular  cracking,  (2)  bulk  intergranular 
creep  cavitation  damage,  and  (3)  oxidation-induced  damage. 

(3)  The  high-temperature  cracking  resistance  of  Ni-base  super¬ 
alloys  is  largely  dependent  on  microstructural  details,  such  as  the 
grain  size  and  the  grain-boundary  microstructure.  This  behavior, 
illustrated  for  Inconel  718,  is  also  closely  related  to  oxidation  effects. 

(4)  The  application  of  plastic  strains  can  largely  modify  the 
oxidation  mechanisms  by  changing  the  type  of  oxide  scale  formed  at 
the  free  surface  of  the  specimen  or  by  accelerating  oxidation  kinetics, 
as  observed  in  Ni-  or  Co-base  superalloys  and  in  Cr  steels. 
Stress-free  oxidation  data  are  inapplicable  to  highly  strained 
conditions. 

(5)  Quantitative  measurements  of  the  effect  of  applied  cyclic 
strains  on  oxidation  rate  can  be  used  to  model  the  time  dependence 
observed  in  the  crack  initiation  life  of  low-cycle  fatigue  specimens. 

(6)  In  Ni-base  superalloys,  the  application  of  a  hold  time  at 
maximum  load  produces  a  large  increase  in  fatigue  crack  growth 
rates.  In  Inconel  718,  the  fatigue  crack  growth  behavior  is  similar  to 
that  observed  under  static  load. 

(7)  Environmental  effects  are  partly  responsible  for  transient 
effects  observed  for  creep  crack  growth.  Special  attention  must  be 
paid  to  the  study  of  these  transient  effects  to  determine  conservative 
crack  growth  rate  measurements, 

(8)  An  upper  bound  for  high-temperature  crack  growth  rates  is 
proposed  as  the  sum  of  the  viscoplastic  zone  size  ahead  of  the  crack 
tip  and  the  time-dependent  component. 
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Discussion 

D.J.  Duquette  (Rensselaer  Polytechnic  Institute):  If  I  under¬ 
stand  your  data,  increasing  plastic  strain  range,  and  presumably 
increasing  AK,  increase  oxidation  rates.  Accordingly,  superposition 
rules  of  da/dn  cannot  assume  a  constant  advance  rate.  It  seems  to 
me  that  this  will  make  modeling  very  difficult,  and  it  will  also  strongly 
affect  crack  closure  considerations. 

A.  Pineau:  The  data  on  a  chromium  steel  and  a  cobalt-base 
superalloy  clearly  show  that  the  cyclic  plastic  strains  increase  the 
oxidation  rates.  In  the  model  proposed  by  Reuchet  and  Remy 
(Reference  39),  which  relies  upon  a  superposition,  the  acceleration 
in  oxidation  rates  due  to  cyclic  deformation  is  taken  into  account. 
Crack  closure  explains  the  behavior  observed  by  Skelton  and  Haigh 


(Reference  55)  on  long  fatigue  cracks.  The  modeling  of  these 
complex  phenomena  is  certainly  difficult.  I  have  attempted  to  show 
that  at  least  for  the  Type  A  mechanism,  i.e.,  "oxide-assisted 
cracking,”  crack  initiation  can  be  modeled  reasonably  well,  provided 
that  data  relating  the  oxidation  kinetics  to  applied  cyclic  strains  are 
available.  Unfortunately,  there  are  very  few  results  published  in  the 
literature.  This  is  certainly  an  area  where  much  more  work  is  needed. 

R.A.  Oriani  (University  of  Minnesota,  USA):  How  does  one 
understand  the  effect  of  shot  peening  Inconel  in  producing  Cr203  at 
650°C,  whereas,  without  shot  peening,  a  spinel  is  produced? 

A.  Pineau:  In  Andrieu’s  work  (Reference  35),  no  detailed 
explanation  was  given  for  this  observation.  One  can  only  speculate 
that  the  lattice  defects  and/or  the  macroscopic  residual  stresses 
produced  by  shot  peening  favor  the  nucleation  and  growth  of  one 
species  of  oxide. 

H.-J.  Engell  (Max  Planck  Instltut  fur  Eisenforschung, 
Federal  Republic  of  Germany):  Did  you  also  observe  interna! 
oxidation,  and  if  so,  did  it  have  an  influence  upon  the  formation  of 
cracks? 

A.  Pineau:  In  Inconel  718,  no  evidence  of  internal  oxidation 
could  be  found.  In  particular,  metallographic  observations  showed 
that  all  the  primary  carbides  that  were  oxidized  were  in  contact  with 
either  the  main  crack  or  with  secondary  cracks,  linked  to  the  main 
crack. 

R.  Pelloux  (Massachusetts  Institute  of  Technology,  USA): 
What  is  known  about  the  mechanical  properties  of  the  two  oxide  films 
(Ni,Fe)0  and  Cr203’  How  do  these  properties  affect  the  overall  crack 
growth  rate? 

A.  Pineau:  Very  little  is  known  about  the  mechanical  properties 
of  these  oxides,  in  particular  for  the  complex  oxides  formed  on  the 
surfaces  of  Inconel  718.  However,  a  number  of  authors  [for  example, 
Barbehon,  et  a!„  Oxidation  of  Metals  30(1 988):  p.  80]  have  attempted 
to  determine  the  critical  strain  at  failure  of  various  types  of  oxides.  It 
is  clear  that  the  knowledge  of  these  mechanical  properties  is 
important  to  model,  as  is,  in  particular,  the  cracking  behavior  of  oxide 
films. 

R.  Pelloux:  The  Type  A  oxide  can  be  beneficial  or  detrimental 
to  the  fatigue  crackgrowth  rate.  Can  you  discuss  this  effect  for  short 
and  long  cracks? 

A.  Pineau:  Type  A  mechanism  is  essentially  detrimental  to 
crack  initiation  and  short  crack  propagation  behavior.  For  the 
propagation  of  long  cracks,  this  mechanism  can  be  beneficial,  as 
shown  in  the  study  performed  by  Skelton  and  Haigh  on  low-alloy 
Cr-Mo-V  steels.  (See  Reference  55.)  This  beneficial  effect  is  asso¬ 
ciated  with  the  increase  in  crack  closure  produced  by  the  accumu¬ 
lation  of  oxidation  debris  within  the  crack. 

S. C.  Jani  (Georgia  Institute  of  Technology,  USA):  Until  now, 
time-dependent  fracture  mechanics  parameters  have  been  devel¬ 
oped,  but  is  there  any  drive  to  use  them?  Time  relaxation  of  stress  at 
the  crack  tip  cannot  be  ignored  and  K  and  J  are  meaningless 
parameters  unless  they  are  conclusively  shown  to  be  able  to  be 
correct  correlating  parameters,  o.g.,  in  the  case  where  the  crack  tip 
is  moving  faster  than  the  zone  of  stress  relaxation  (creep),  in  which 
case  K  is  a  correct  far-field  parameter. 

A.  Pineau:  In  high-temperature  environment-induced  cracking, 
there  are  two  time-dependent  phenomena.  You  are  referring  to  the 
time  dependence  of  the  crack-tip  stress-strain  field.  The  fracture 
mechanics  of  creeping  solids  has  made  significant  progress  over  the 
past  decade.  The  K  parameter  is  able  to  describe  the  stress 
relaxation  ahead  of  the  crack  tip  only  when  the  size  of  the 
visco-plastic  zone  remains  small.  Tho  second  time-dependent  phe¬ 
nomenon  is  related  to  oxidation  kinetics. 
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Fundamental  Processes 

Chairman’s  Introduction 


A.  Turnbull 

National  Physical  Laboratory 
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A  general  consideration  of  the  fundamental  aspects  of  environment-induced  cracking 
raises  some  elementary  questions.  By  what  mechanism(s)  does  the  metal/environment 
interaction  lead  to  enhanced  cracking?  What  type  of  metal/environment  interaction  can  occur 
and  what  are  the  specific  nature  and  kinetics  of  reactions  at  the  crack  tip  in  the  crack  advance 
process?  To  what  extent  can  we  model,  qualitatively  and  quantitatively,  crack  development 
and  growth? 

The  first  of  these  fundamental  questions  is  addressed  by  Sieradzki,  who  summarizes 
recent  advances  in  modeling  environmental  fracture  at  the  detailed  atomistic  level.  Various 
atomistic  models  are  described  and  their  basic  physical  assumptions  are  discussed,  viz.,  size 
effects,  choice  of  interatomic  potential,  boundary  conditions,  and  microstructural  features. 
The  micromechanisms  of  intergranular  and  transgranular  fracture  are  discussed.  Advances 
have  been  made  in  the  understanding  of  the  effec*  of  impurities,  such  as  sulfur  and  boron, 
on  cohesive  bonding  and  intergranular  fracture.  The  most  significant  advance  in  relation  to 
transgranular  stress  corrosion  cracking  has  been  the  extensive  work  of  Sieradzki  and 
Newman  on  the  role  of  surface  films,  particularly  dealloyed  layers,  in  inducing  cleavage  in 
normally  ductile  metals.  There  is  a  need  for  further  studies  in  relation  to  the  detailed  kinetics 
of  the  processes  involved. 

The  emphasis  in  Ford's  paper  is  the  development  of  models  of  crack  growth  as  a  basis 
for  predicting  environmentally  assisted  cracking  in  service.  The  various  models  of  crack 
growth  are  reviewed  and  discussed  in  terms  of  the  possible  rate-determining  stops.  The  local 
chemistry  at  the  crack  tip  and  mass  transport  processes  within  the  crack  are  assessed, 
making  use  of  lecent  mathematical  modeling.  Limitations  exist  in  this  modeling  with  respect 
to  concentrated  solution  and  multidimensional  flow  effects,  but  considerable  progress  has 
been  mado,  and  at  the  present  time  modeling  provides  the  only  method  of  characterizing  the 
environment  in  “short  cracks.  We  are  reminded  that  the  key  objective  m  determining  the  local 
chemistry  at  the  crack  tip  is  to  quantify  the  kinetics  of  reactions  and  models  of  crack  growth 
based  on  transient  anodic  reaction  rates  and  strain  rates.  Quantitative  models  based  on  a 
hydrogen-assisted  cracking  mechanism  remain  more  elusive. 

The  paper  by  Gerberich  and  Chen  describes  progress  in  understanding  the  micro¬ 
mechanisms  of  crack  development.  A  number  of  topics  are  covered  in  relation  to  studies  in 
notched  specimens  and  the  effect  of  varying  loading  mode  and  of  biaxial  loading.  The  crack 
extends  in  the  environment  in  response  to  the  local  driving  force.  A  description  of  the  local 
stress  and  strain  distribution  at  the  crack  tip  is  given  and  recent  ideas  concerning  shielding 
effects  in  the  process  zone  are  discussed.  The  mam  emphasis  is  on  statically  loaded  cracks 
rathor  than  fatigue  cracks,  although  there  are  common  features.  Clear  evidence  from  acoustic 
emission  studies  of  discontinuous  cracking  associated  with  hydrogen  is  presented.  It  is 
argued  that  cracking  due  to  hydrogen  is  most  probably  associated  with  volume  embrittlement, 
though  this  may  include  very  near-surface  sites. 


Atomistic  and  Micromechanicai  Modeling  Aspects 
of  Environment-Induced  Cracking  of  Metals 

K.  Sieradzki* 

Abstract 

We  critically  review  atomistic  and  micromechanicai  modeling  work  that  relates  directly  to  environment- 
induced  cracking  of  metals.  A  brief  introduction  is  given  to  molecular-dynamic  and  lattice-static  modeling 
schemes  and  cluster  calculations  detailing  the  information  that  can  be  derived  from  each  specific  type 
of  calculation  and  the  shortcomings  intrinsic  to  each  calculation.  Basic  philosophies  of  atomistic 
modeling  are  described,  and  this  provides  considerable  insight  into  the  work  that  has  been  done  in  the 
area  of  environment-assisted  fracture.  Specific  problems  in  atomistic  modeling  are  addressed,  including 
issues  related  to  size  effects,  choice  of  interatomic  potential,  and  boundary  conditions. 

Microscopic  models  that  serve  to  couple  atomistic  aspects  of  environment-induced  fracture  to 
continuum  aspects  are  discussed.  These  include  variants  of  the  Rice  and  Thomson  (RT)  model  as 
applied  to  embrittlement  phenomena,  chemically  assisted  bond-rupture  models,  and  various  aspects  of 
anodic-dissolution  models.  A  new  example  of  the  application  of  the  RT  model  to  an  environmentally 
assisted  intergranular  separation  process  is  presented,  and  its  predictions  are  compared  with  existing 
experimental  data  in  the  literature.  The  role  of  dealloyed  layers  in  the  film-induced  cleavage  model  of 
transgranular  stress  corrosion  cracking  is  discussed,  and  the  predictions  of  the  model  are  reviewed. 


Introduction 

We  critically  review  recent  atomistic  and  micromechanicai  modeling 
that  directly  relates  to  environment  induced  cracking  of  metals.  As  a 
starting  point,  our  review  takes  the  International  Conference  on 
"Stress  Corrosion  Cracking  and  Hydrogen  Embrittlement  ot  Iron- 
Base  Alloys,"  held  in  1973  in  Umeux  Firminy.  France.'  There  were 
two  papers  presented  at  that  conference  that  fall  into  the  scope  of  this 
review  "A  Film-Rupture  Model  for  Stress-Corrosion  Cracking,  by  D. 
Vermilyea,’  and  "An  Atomic  Model  of  an  Environmentally  Affected 
Crack  in  BCC  Iron,”  by  A.  Markworth,  M.  Kannmen,  and  M.  Gehlen.’ 
The  paper  by  Markworth,  et  al„  represents  one  of  the  earliest 
attempts  to  model  an  environmentally  induced  fracture  process  by  an 
atomistic  scheme.  The  Vermilyea  paper  was  perhaps  the  first  to 
incorporate  fracture  mechanics  into  a  stress  corrosion  cracking 
(SCC)  model.  This  represented  a  quantitative  extension  of  the 
film-rupture  notions  of  Logan4  and  Hoar.5 

Markworth,  Kanninon,  and  Gehlen  used  a  hybrid  molecular 
statics  scheme  to  model  hydrogen  embrittlement  of  iron.1  They 
modeled  a  centrally  cracked  panel  ui  iron  of  thickness  equal  to  the 
spacing  (d)  between  two  consecutive  vt 0G>  planes,  as  shown  in 
Figure  1  Atomic  regions  are  embedded  at  the  tips  of  the  crack  and 
a  flexible  boundary  scheme  is  used  to  couple  the  atomistic  region  to 
tho  elastic  continuum.  The  radius  (t)  of  each  of  the  atomistic  regions 
Is  approximately  2  nm,  which  corresponds  to  between  7  and  8  layers, 
Within  tho  atomisU  region,  tho  Fe-Fe  interaction  is  modeled  by  a 
pairwise  Johnson  |votential,  and  the  Fe  H  interaction  is  modeled  by  a 
Morse  potential.  They  examined  tho  fracture  toughness  {\t  ot  the 
intrinso  non  lattice  and  the  effect  of  a  single  H  atom  placed  at  the  tip 
of  the  crack  on  t\.  called  Kx„.  The  subscript  refers  to  a  threshold- 
fracture  toughnu*-.  in  the  presence  of  hydrogen.  The  simulations  are 
performed  by  placing  an  incremental  load  (P)  at  the  sample 
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boundaries,  which  results  in  a  known  continuum  elastic  field  within  a 
distance  (r  -  t)  from  the  crack  tip,  i.e.,  a,,  -  K(2nr)  1  f^O)  where  the 
f,,  (0)  are  known  trigonometric  functions  and  K  is  the  stress-intensity 
factor 6  The  atomistic  regions  are  allowed  to  relax  using  an  algorithm 
that  minimizes  the  strain  energy  in  the  atomistic  region  while  ensuring 
continuity  at  the  atomistic-continuum  interface.  Figure  2  shows  a 
simulation  result  for  a  run  incorporating  the  hydrogen  atom.  The 
major  results  of  this  work  are  (a)  K<.  ^  2.78KQ  and  (b)  KT,,  -  2.59K0, 
where  Ky  is  the  critical  value  of  the  stress  intensity  evaluated  from  the 
Griffith  criteria,  i.e.,  KQ  -  (2Ey),'?,7  where  E  is  Young  s  modulus  and 
■y  is  the  surface  free  energy  for  iron.  Since  KTh  =  0.93KC,  an 
embrittlement  was  observed  that  was  probably  a  result  of  H-induced 
local  distortions.  It  is  important  to  note,  as  their  result  (a)  indicates, 
that  the  simulations  could  not  reproduce  the  intrinsic  value  of  K,. 

KJ  for  iron.  This  could  result  from  either  the  inadequacy  of  the 
interatomic  potentials  used  or  the  inability  of  the  atomistic  scheme 
(small  size  and  the  flexible-boundary  method)  to  accurately  model 
material  behavior.  It  is  likely  that  both  of  these  issues  contributed 
significantly  to  errors.  In  tho  last  fifteen  years,  considerable  progress 
has  been  made  toward  the  development  of  more  realistic  interatomic 
potentials,  as  will  be  discussed  in  a  later  section.  The  remaining 
issue,  i.e.,  that  cf  coupling  an  atomistic  region  to  a  continuum, 
remains  a  difficulty.  The  problem  is  associated  with  finding  an 
algorithm  that  properly  accounts  for  the  transmission  of  spatially 
discrete  deformations  (such  as  dislocations)  into  the  continuum 
region  Most  of  the  modern  atomistic  simulations  are  not  hybrid  and 
simply  use  large  atomistic  regions,  avoiding  this  problem  altogether. 

During  the  late  sixties  and  early  seventies,  Vermilyea  developed 
a  quantitative  micromechanicai  model  of  SCC,  and  the  paper  he 
presented  in  Firming  seems  to  be  the  culmination  of  that  effort. 
Figure  3  is  a  schematic  representation  of  the  cyclic  model  he 
considered.  A  crack  with  a  film  covering  its  surfaces  fractures,  and 
dissolution  of  metal  occurs  over  a  time  (tj,  advancing  the  crack  by 
a  length  (L).  The  time  (tj  represents  the  time  required  to  repassivate 
the  crack  surfaces,  i.e.,  the  time  required  for  the  film  to  reform.  tL  is 
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situation  tor  two  different  elastic-plastic  crack-tip  continuum  models: 
the  plane-stress  Dugdale  model  appropriate  for  thin  specimens,  and 
a  plane-strain  analysis  appropriate  for  thick  samples. 

Figure  4(a)  is  a  sketch  of  a  Dugdale  crack  for  which  Vermilyea 
assumed  the  linear  plastic-strain  gradient. 
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FIGURE  1— Location  of  atomic  regions.  The  x  and  y  axes  are 
<100>  directions,  and  the  plane  of  the  figure  is  a  (100)  plane. 
The  stress  a  Is  applied  at  infinity.3 


FIGURE  2— The  atomic  configuration  around  the  crack  tip  for  K 
-  2.59  Kq.  Atoms  In  two  consecutive  (100)  planes  are  repre¬ 
sented  by  different  symbols.  Atoms  linked  by  a  dotted  line  have 
a  separation  distance  larger  than  the  cut-off  distance  of  the 
Interatomic  potential  and  thus  define  the  crack  face  within  the 
context  of  the  model.  The  H  atom  Is  Indicated  by  X.3 

considered  to  be  short  in  comparison  to  the  time  scales  associated 
with  creep  processes  at  the  crack  tip.  Immediately  following  repas¬ 
sivation,  the  crack  tip  begins  to  experience  a  strain  transient  (Ae),  as 
shown  in  Figure  3.  After  a  time  (y,  enough  strain  accumulates  so  that 
Ai  equals  the  fracture  strain  of  the  film  («,),  the  film  ruptures,  and  the 
cycle  repeats.  The  strain  gradient  (odd L)  drives  the  crack-tip  strain 
accumulation,  and  the  steeper  odOL  is,  the  shorter  L  needs  to  be  to 
allow  such  a  mechanism  to  operate.  Vermilyea  examined  the 


where  R  is  the  extent  of  the  plastic  zone  and  €lip  is  the  plastic  strain 
at  the  crack  tip.  is  given  by  8/T  where  S  is  the  crack-opening 
displacement  and  T  is  the  sample  thickness.  For  the  mechanism  to 
operate,  Vermilyea  calculates  L  s  i:Te,/8cry  where  <ry  is  the  yield 
strength  of  the  metal.  Taking  realistic  values,  e,  =  10_3,T  =  10~4  m, 
<Ty  =  5.108Pa,andE  =  10"  Pa,  yields  a  value  for  L  =  10-5m.This 
penetration  distance  corresponds  to  a  charge  density  under  the 
repassivation  current  transient  of  ~  10  coul/cm2.  Such  charge 
densities  do  not  usually  occur  in  repassivating  systems  that  undergo 
SCC. 


i  i 


FIGURE  3-The  relationship  of  the  strain  gradient  to  the  requi¬ 
site  corroslon-aavance  distance  (L).  The  strain  gradient  drives 
the  crack-tip  strain  accumulation,  and  the  steeper  the  gradient, 
the  shorter  L  need  be. 


FIGURE  4— (a)  The  Dugdale  plane-stress  crack  configuration, 
and  (b)  self-similar  crack  growth  In  Vermllyea’s  model  for  the 
case  of  plane-strain. 
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Figure  4(b)  depicts  the  situation  Vermilyea  envisioned  for  the 
plane-strain  case.  He  assumed  a  r"’  strain  gradient,  which  is  the 
steepest  theoretically  possible.8  Crack  advance  occurs  in  a  manner 
to  maintain  a  self-similar  geometry  so  that  the  crack  advances  a 
length  (L)  in  a  semicylindrical  mode.  The  strain  gradient  is  of  the  form 
e  =  €p  (p/r),  and  he  calculates  L  =  €p€lT/2(ep  -  2e(),  where  «pis  the 
strain  at  the  crack  tip.  Note  that  for  c,  =  Sp/2,  L  =>  For  <ep  »  e„  L 
=  1/2€,T,  and  for  e,  =  10"3  and  T  =  10"3  m,  L  **  10'6  m.  This 
penetration  distance  corresponds  to  a  charge  density  «  1  coul/cm2, 
which  is  quite  large  in  comparison  to  the  behavior  relevant  in 
experimental  systems. 

It  is  important  to  emphasize  that  the  plane-strain  calculation 
represents  the  most  optimistic  situation  for  the  Vermilyea  model.  He 
assumes  that  tc  »  tL  so  that  no  relaxation  occurs  during  crack 
growth.  However,  it  is  more  likely  that  t<.  ~  tL  so  that  some  of  the 
available  creep  strain  required  to  fracture  the  film  is  wasted  during  the 
dissolution  phase  of  the  cycle.  Additionally,  continuum  calculations 
for  a  moving  crack  predict  that  a  logarithmic  strain  gradient  exists  at 
the  crack  tip,  which  would  increase  required  values  of  L  by  many 
orders  of  magnitude.  Our  conclusions  regarding  the  Vermilyea  model 
of  film  rupture  are  as  follows: 

(1)  Charge  densities  «  1  to  10  coul/cm2  (integrated  under  the 
repassivation  current  transient)  are  required  for  the  opera¬ 
tion  of  the  Vermilyea  model  of  the  film-rupture  mechanism. 

(2)  It  is  likely  that  “active  paths”  must  pre-exist  in  those  systems 
in  which  stress  corrosion  crack  advance  does  occur  by  a 
pure  anodic  dissolution  process. 

In  the  next  section,  we  briefly  discuss  various  atomistic  schemes 
and  examples  of  work  that  have  been  used  to  model  environmental 
fracture  processes,  and  in  Section  3  we  discuss  selected  microme¬ 
chanical  models  that  serve  to  highlight  the  advances  made  during  the 
last  15  years. 


Atomistic  Modeling 
in  Environmental  Fracture 

Atomistic  approaches  to  the  fracture  problem  fall  into  one  of  the 
two  following  general  categories: 

Crack-modeling  schemes.  Various  numerical  techniques  are 
used  to  solve  a  many-body  problem  that  simulates  various  aspects  of 
the  continuum  fracture  problem.  These  approaches,  briefly  dis¬ 
cussed  below,  require  various  degrees  of  simplification  to  result  in  a 
numerically  tractable  problem. 

Quantum  mechanical  calculations  on  small  clusters  of 
atoms.  These  techniques  use  various  quantum  mechanical  schemes 
to  examine  charge  densities  in  the  bonding  of  small  clusters  of  atoms 
and  cohesive  energies  of  small  clusters.  They  have  been  primarily 
applied  to  systems  related  to  intergranular  separation  processes, 
e.g.,  S  in  Ni,  H  in  Fe. 


They  considered  the  atomistic  model  shown  in  Figure  5(a).  The 
atoms  are  connected  by  horizontal  bendable  bonds  of  spring 
constant  ((3)  and  vertical  stretchable  (and  breakable)  bonds  of  spring 
constant  (a).  The  manner  in  which  the  chemical  reaction  occurs  is 
depicted  in  Figure  5(b),  in  which  a  diatomic  molecule  (A2)  adsorbs  at 
the  crack  tip,  forming  two  AB  bonds,  and  bond  failure  occurs  by 
breaking  the  weakened  AA  bond.  The  total  potential  energy  of  the 
loaded  crack  for  the  intrinsic  BB  system  is 

U  =  -2Pp.0  +  2(3.2  ^  (p.j+1  -  2|Xj  +  p.,-,)2  +  nllB8 

r2t*n  t» 

+  J  fbd(2|*n)  +  2a  .X  (2) 

o  j=n+1  I 
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FIGURE  5-(a)  Quasl-one-dimenslonal  model  of  a  crack.  Atoms 
are  linked  longitudinally  by  bendable  elements  and  transversely 
by  stretchable  elements;  only  the  transverse  element  BB, 
representing  the  crack-tip  bond,  is  considered  to  be  displaced 
in  a  region  of  nonlinear  response;  and  (b)  schematic  of  chemi¬ 
cally  Induced  bond  rupture.  Extraneous  molecule  AA  reacts 
with  crack-tip  bond  BB  to  produce  “terminal”  bonds  AB. 
(Reprinted  with  permission,10) 


Crack-Modeiing  Approaches 
Lattice-statics  approach 

The  lattice-statics  approach  treats  a  large  or  infinite  number  of 
atoms  interacting  via  a  simple  potential.  The  calculations  are  done  on 
a  two-dimensional  or  quasi  one-dimensional  (two  semi-infinite  chains 
of  atoms  bonded  together  by  bendable  and  stretchable  bonds) 
lattice,  chosen  because  such  models  yield  analytical  solutions.  The 
idea  is  to  extract  qualitative  results  from  the  simple  model,  which  may 
be  applicable  to  more  complicated  systems.  These  models  allow  us 
to  separate  effects  related  to  the  actual  bond-breaking  process  from 
contributions  associated  with  the  whole  lattice.  For  example,  by  the 
proper  choice  of  coordinate  system,  Fuller,  Lawn,  and  Thomson 
effectively  decoupled  the  nonlinear  crack-tip  bond  from  the  linearly 
connected  atoms,  which  allowed  for  a  detailed  analysis  of  the 
energetics  of  an  adsorption-induced  separation  process.10 


The  first  term  on  the  right-hand  side  is  the  potential  energy  of  the 
loading  system;  the  second  term  is  the  strain  energy  in  the  bendable 
bonds;  the  third  term  relates  to  the  energy  of  the  broken  bonds;  the 
fourth  term  is  the  energy  of  the  nonlinear  crack-tip  bond;  and  the  last 
term  is  the  sum  of  the  energy  in  the  stretchable  bonds  ahead  of  the 
crack-tip  bond.  The  bond-rupture  energy  is  given  by 

i-2** 

u;  =  jo  fb  d(2|ij)  =  UBB  (3) 

i  e  ,  the  energy  of  a  BB  bond.  Here  2uc  represents  a  cut-off  limit  on 
the  displacement  Fuller,  et  al.,  show  that  a  generalized  force  law  for 
crack-tip  bond  rupture  can  be  grouped  into  three  terms. 

(1)  The  applied  driving  force  from  external  loads. 

(2)  The  restoring  force  of  the  nonlinear  crack-tip  bond  (BB). 

(3)  The  restoring  force  exerted  on  the  crack-tip  bond  by  the 
remainder  of  the  (linear)  structure. 
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In  effect,  the  crack  structure  in  this  model  may  be  considered 
equivalent  to  a  linear  elastic  continuum  of  an  effective  stiffness  into 
which  nonlinear  separating  atoms  are  embedded. 

The  adsorption  of  an  A2  molecule  at  the  BB  bond  defining  the 
crack  tip  alters  the  separation  process  shown  in  Figure  6.  The  total 
energy  required  to  break  the  crack-tip  bond  is  now  given  by 

f&P' C 

U'  Jo  f„d(2pj)  =  IV  +  U8B  -  2Uas  (4) 


FIGURE  6-Potentlal  energy  (a)  and  force  functions  (b)  for 
bonds  subject  to  reaction  in  Figure  5(b).  Heavy  curves  represent 
minimum  energy  state  for  any  given  BB  bond  displacement. 
Note  crossover  from  AA  +  BB  curve  to  2AB  curve  at  critical 
displacement  (activated  complex).  Note  also  the  reduction  in 
bond-rupture  energy  (area  under  curve)  resulting  from  the 
Interaction.  (Reprinted  with  permission.10) 

where  is  the  energy  required  to  break  the  AA  bond  bridging  the 
crack  tip.  The  chemically  induced  bond-rupture  reaction 


Molecular  dynamics 

The  molecular  dynamic  (MD)  technique  simulates  atomic  mo¬ 
tion  in  solids.14  “Atoms”  are  first  placed  at  prescribed  lattice  positions 
corresponding  to  a  two-  or  three-dimensional  lattice  structure.  The 
atoms  interact  with  one  another  according  to  an  interatomic  potential. 
External  perturbations  may  be  applied  to  this  structure,  or  the 
structure  may  be  allowed  to  relax  to  the  minimum  energy  configura¬ 
tion  for  the  system.  The  relaxation  is  accomplished  dynamically  by 
solving  Newton’s  differential  equations  of  motion  by  approximating 
them  as  difference  equations.  Paskin,  et  al.,  have  used  the  form 

x,  (t  +  5)  =  -7,  (t  -  5)  +  2r(t)  +  1  bJldl  S2  (6) 

j^i  m 

where  r,(t)  is  the  position  of  the  ith  atom  at  time  (t),  and  m  is  its  mass, 
fjj  is  the  force  exerted  on  the  ith  atom  by  the  jth  atom  and  is  calculated 
from  the  interatomic  potential  (<{>)  by 

1=  ~vi  4>(  ri( )  (7) 

The  calculation  of  the  force  as  a  function  of  position  using  the 
embedded-atom  method  (EAM)  potentials  (described  below)  is 
accomplished  by  developing  a  table  of  neighbors  and  referring  to  it  in 
the  code.  Molecular  dynamic  calculations  are  performed  on  a  "finite” 
sample  with  free  or  periodic  boundary  conditions.14  Depending  on 
the  "range”  of  the  interatomic  potential  used  (1st,  2nd,  3rd . . .  nearest 
neighbor),  the  behavior  of  up  to  ~  10s  atoms  can  be  simulated  with 
the  use  of  a  computer  such  as  a  Cray.  We  will  examine  two  molecular 
dynamic  calculations  relating  to  environmental  effects  on  fracture: 
that  of  Daw,  Baskes,  Bisson,  and  Wolfei,16  w^o  used  the  EAM  to 
study  the  H  embrittlement  of  Ni  and  the  calculations  by  Paskin, 
Sieradzki,  Som,  and  Dienes15  on  the  film-induced  cleavage  process. 

Daw,  Baskes,  Bisson,  and  Wolfer  examined  the  fracture  of  a 
slab  of  Ni  periodic  in  the  x  and  z  direction  with  a  central  crack,  as 
illustrated  in  Figure  7.16  In  the  EAM,  the  energy  of  an  atom  (i)  in  the 
solid  is  given  by 

Ej  =  F(p()  +  1/2  2.  <}.  (r„)  (8) 

.y  (III) 

-—  x  (110) 

Q  \  l  (112) 


AA  +  BB  ->  2AB  (5) 

is  a  function  of  p.j,  and  (as  shown  in  Figure  6(?jJ,  for  large  enough  p.,, 
the  reaction  is  favored.  The  crossover  occurs  for  all  2UA0  >  UM,  and 
(as  shown  in  Figure  6(b)],  as  gets  smaller,  the  crossover  occurs 
at  a  smaller  value  of  2u(,  so  Ubis  reduced.  The  model  predicts  that, 
although  the  area  under  the  fb  -  2Uj  curve  can  change  because  of  the 
environmental  effect,  the  initial  slope  ol  the  curve  (df„!d  (2uj)  =  a)  will 
not  change.  The  lowering  of  UM  has  as  its  analogue  a  pre¬ 
dissociated  diatomic  gas  environment. 

Hybrid  models 

Hybrid  models  involve  two  regions:  an  inner  region,  the  region 
of  interest,  modeled  as  an  atomistic  region  with  a  semiempirical 
potential,  and  an  outer  region,  the  elastic  continuum  in  which  the 
inner  region  is  embedded.  The  Markworth,  et  al„  paper  discussed 
earlier  is  a  good  example.3  The  early  work  of  the  Sandia  group,  at  the 
time  headed  by  W.D.  Wilson,  also  performed  hybrid  calculations  of 
the  properties  of  H  in  metals.12  A  molecular  dynamic  hybrid  calcu¬ 
lation  for  the  H  embrittlement  of  Fe  was  performed  by  Mullins  and 
Dokainish.13 

As  discussed  in  the  introduction,  the  major  difficulties  associ¬ 
ated  with  the  hybrid  approach  are  in  finding  a  good  coupling  scheme 
for  the  inner  and  outer  regions.  We  do  not  know  of  any  dependable 
technique  developed  to  date  in  this  regard  and  believe  that  new 
advanced  coupling  techniques  need  to  be  developed  and  tested. 
Researchers  should  be  very  careful  in  even  using  the  qualitative 
predictions  of  hybrid  calculations,  as  various  spurious  effects  are 
introduced  by  the  boundary  schemes  used. 


FIGURE  7— Illustration  of  the  basic  slab  geometry  used  In  the 
calculations  of  Reference  16.  The  crystallographic  directions 
are  as  drawn,  (a)  The  slab  Is  finite  In  one  direction  and  periodic 
In  the  other  two.  The  finite  direction  is  along  the  (111)  axis,  so 
the  two-dimensional,  periodic  plane  is  the  slip  plane  in  nickel. 
The  unit  periodic  cell  is  outlined  In  dark,  with  some  of  its 
neighboring  identical  periodic  cells  drawn  In  light.  The  top  and 
bottom  surfaces,  shaded  in  the  figure,  are  free  (111)  surfaces. 
The  two  periodic  directions  are  chosen  to  be  (110)  and  (112). 
Thus,  tne  x-dlrectlon  Is  the  slip  direction  and  the  z-direction  is 
along  the  axis  of  dislocation  cores,  (b)  For  the  brittle-fracture 
calculations,  a  crack  may  be  introduced  in  the  material  and 
forces  are  supplied  normal  to  the  free  surfaces  (normal  to  the 
slip  planes).  This  produces  a  tensile  stress,  (c)  For  the  disloca¬ 
tion  dynamics  calculations,  a  dislocation  is  introduced,  and  the 
forces  are  applied  to  the  free  surfaces  along  the  slip  direction. 
This  produces  a  shear  stress.  (Reprinted  with  permission.16) 
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p.  is  the  electron  density  at  atom  (i)  because  of  the  remaining  atoms 
in  the  system  and  is  assumed  to  be  describable  to  accurate  precision 
as  a  superposition  of  atomic  densities: 

P.  =,|iP)  (f'i)  O) 

where  the  p®  is  the  atomic  electron  density  contributed  by  atom  (j)  at 
a  distance  (r)  from  atom  (i).  F,(p,)  is  the  energy  required  to  embed 
atom  (i)  into  the  electron  density  and  is  obtained  by  fitting  to  an 
empirical  universal  binding-energy  curve  such  as 

Euniv  =  -Es  (1  +  a*)  e_a"  (10) 

where  a*  =  (a  -  a0)/\;  a0  is  the  lattice  constant  of  the  host  (Ni),  X  = 
(9a0  K/4ES)1/2,  Es  is  the  sublimination  energy  for  Ni,  and  K  is  the  bulk 
modulus  of  Ni.  The  embedding  function  [F(p,)j  for  an  element  is 
universal  in  the  sense  that  it  is  independent  of  the  source  of  the 
electron  density.  They  examined  the  fracture  properties  for  the  Ni 
slab  shown  in  Figure  7  for  the  following  cases:  (a)  the  perfect 
material,  (b)  with  a  hydride  (a  H  atom  in  every  octahedral  interstitial 
site),  and  (c)  with  H  at  full  stoichiometry  (a  H  atom  at  every  octahedral 
interstitial  site)  on  the  crack  plane  in  advance  of  the  tip.  They  studied 
different  slab  widths  in  the  (111)  direction  and  various  stressing  rates 
and  claim  results  independent  of  size-effect  considerations  Their 
results  are  summarized  together  with  our  comments  below. 

(1)  H  moderately  alters  the  fracture  stress  of  ‘‘brittle"  Ni  by 
weakening  the  metallic  crack-tip  bonds.  This  is  the  embritt¬ 
lement  form  discussed  by  Troiano17  and  results  from  a 
many-body  effect. 

(2)  The  H-dislocation  interaction  up  to  300°K  in  temperature  is 
elastic  and  weak. 

(3)  In  a  system  configured  for  slip,  H  increases  the  nucleation 
rate  of  dislocations  at  300°K.  This  does  not  mean  that  H 
transformed  a  brittle  crack  (orientation)  in  Ni  into  a  ductile 
one.  but  rather  that  H  tends  to  make  a  ductile  crack 
(orientation)  slightly  more  ductile. 

(4)  High  H  contents,  “10  at%  can  pin  dislocations  in  Ni. 

We  believe,  based  on  our  previous  experience  regarding  size 
ettorts  in  MD  simulations  of  fracture  processes,  that  several  aspects 
ot  these  EAM  fracture  results  should  be  treated  with  caution.  First, 
the  brittle-ductile  response  of  a  solid  can  be  greatly  affected  by  the 
distance  between  the  crack  plane  and  the  external  boundary  at  which 
loads  are  being  applied.  Early  results  on  Lennard-Jones  ^LJ)  solids 
indicated  that  small  samples  using  a  constant-load  boundary  condi¬ 
tion  tended  toward  more  ductile  behavior  than  samples  loaded  by  a 
constant-displacement  boundary  condition  isee  Reference  15  and 
references  contained  therein^.  This  effect  saturates  for  samples 
considerably  larger  than  the  14-layer  sample  used  by  Daw,  et  al.,  in 
their  calculations. ,f!  This  means  that  even  the  qualitative  nature  of 
some  of  their  results  discussed  above  p.e.,  those  involving  disloca 
lions)  are  in  question. 

The  embedded-atom  potentials,  which  can  be  used  in  various 
computational  simulation  schemes,  represent  a  significant  advance 
over  the  pair-potential  approach.  The  EAM,  however,  is  yet  to  be 
exploited  in  a  serious  way  for  fracture  problems,  so  this  represents  a 
fertile  area  of  study  for  the  future. 

Paskin,  Sieradzki,  Som,  and  Dienes  performed  two-dimensional 
molecular  dynamic  simulations  of  environmental  fracture  processes 
in  LJ  solids.'5  The  atoms  were  configured  in  a  triangular  lattice  in 
centrally  cracked"  rectangular  samples  ranging  in  size  from  608 
atoms  arranged  in  19  rows  to  10,680  atoms  arranged  in  79  rows.  The 
samples  were  loaded  in  a  quasi-static  manner  using  a  constant-load 
boundary  scheme  at  the  upper  and  lower  boundaries.  The  crack 
surfaces  were  coated  with  thin  films  of  varying  thickness.  The  films 
represent  the  analogue  of  a  reaction  product  for  a  metal-environment 
system.  The  thin  films  are  composed  of  LJ  material  but  with  a 


different  elastic  modulus  or  lattice  parameter  from  the  host  substrate 
material.  Spectacular  alterations  of  the  fracture  processes  in  the 
intrinsic  host  LJ  material  were  observed  in  the  situation  for  which  the 
lattice  parameter  of  the  film  differed  from  that  of  the  substrate.  Their 
results  are  summarized  below. 

(1 )  In  situations  such  that  the  lattice  parameter  of  the  film  is  less 
than  that  of  the  substrate,  coherency  stresses  act  in  a 
manner  so  as  to  embrittle  the  intrinsically  ductile  LJ  material. 
For  a  large  enough  misfit,  a  cleavage  crack  is  nucleated  in 
the  film  and  continues  on  into  the  substrate  as  illustrated  in 
Figure  8.  This  effect  was  termed  “dynamic  embrittlement” 
and  represents  the  computer  analogue  of  film-induced  cleav¬ 
age.  Figure  9  shows  that  as  the  number  of  film  layers 
increase,  the  degree  of  embrittlement  increases.  This  behav¬ 
ior  is  qualitatively  similar  to  the  gaseous  Cl2-induced  cracking 
of  a  steel. studied  by  Sieradzki.15 

(2)  In  situations  in  which  the  lattice  parameter  of  the  film  is 
greater  than  that  of  the  substrate,  coherency  stresses  inject 
dislocations  into  the  substrate,  as  shown  in  Figure  10.  The 
film-substrate  interface  serves  as  the  source  of  the  mobile 
dislocations,  and  the  dislocation  glide  plane  is  different  from 
what  it  is  in  the  monolithic  LJ  material. 

These  authors  speculated  that  film-induced  dislocation  injection 
may  be  a  mechanism  of  liquid-metal-induced,  enhanced  shear 
processes. 


Cluster  Schemes 


The  Xot  self-consistent  field-scattered  wave 
(SCF-Xa-SW)  method 

The  so-called  SCF-Xa-SW  cluster  method  is  based  upon  the 
combined  use  of  Slater’s  Xa  statistical  theory  of  exchange  correl¬ 
ation19  and  Johnson’s  multiple  scattered-wave  formalism.20  This 
technique  allows  one  to  derive  information  on  the  electronic  structure 
of  small  clusters  of  atoms.  It  has  been  applied  to  impurity-metal 
clusters  of  atoms  that  may  be  representative  of  impurity  grain¬ 
boundary  interactions  leading  to  intergranular  embrittlement  Such 
calculations  were  first  performed  by  3riant  and  Messmer V  Recently, 
Eberhart,  Johnson,  Messmer,  and  Briant  reviewed  the  application  of 
this  method  to  grain-boundary  fracture  processes 22  The  results  of 
the  calculations  are  represented  in  the  form  of  energy-level  diagrams 
and  charge-density  plots  from  which  information  regarding  impurity 
effects  on  cohesion  is  inferred. 

As  representative  of  work  in  this  area,  we  review  calculations  of 
Messmer  and  Briant  on  the  effect  of  S  and  B  impurities  on  binding  in 
Ni  clusters.”  Ashby,  Spaepen,  and  Williams  have  shown  that  the 
structure  of  a  grain  boundary  in  fee  solids  can  be  described  in  terms 
of  atoms  at  the  vertices  of  Bernal  deltahedra.24  These  are  clusters 
containing  4  to  1 3  atoms.  In  this  particular  work,  Messmer  and  Briant 
chose  the  tetrahedron  shown  in  Figure  11.  Figure  12  shows  the 
energy-level  diagrams  for  the  Ni4S  and  the  Ni4B  clusters  The  la  and 
It  wave  functions  describe  the  metal-impurity  interaction  Figure  13 
shows  the  charge-density  plots  for  these  clusters  Their  results 
indicate  the  following  characteristics  of  a  strong  embrittler: 

(1)  A  heavy  concentration  of  charge  on  the  impurity  atom. 

(2)  The  impurity  is  electronegative  with  respect  to  the  host  atom, 
i.e.,  the  formation  of  an  ionic  impurity-metal  bond. 


On  the  other  hand,  for  a  so-called  cohesive  enhancer,  the  metal- 
impurity  bond  is  more  equally  shared,  or  covalent. 
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(c)  (d) 

FIGURE  8— Brittle  crack  propagating  with  3  layers  of  “small  film 
atoms,”  d  =  0.95  d0.  The  external  tensile  load  was  Increased 
from  1.25  to  1.31  at  step  number  400.  Incipient  breakage  shown 
In  (a)  at  step  number  600.  The  film-film  bonds  are  broken  at  step 
number  500  (b),  clean  brittle  propagation  is  shown  at  step 
number  1 000  (c)  and  1 200  (d),  with  no  indication  of  any  incipient 
dislocations.  (Reprinted  with  permission.15) 
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FIGURE  9— The  critical  external  tensile  load  (X)  required  to 
cause  brittle  crack  propagation  as  a  function  of  the  number  of 
layers  of  "small  film  atoms"  (d  =  0.95  d0).  Large  sample  of  half 
size  39  by  32.  Some  experimental  data  (□)  are  shown  for 
comparison  as  stress-intensity  factor  vs  relative  film  thickness 
(X/Xc)  where  X  Is  the  threshold  film  thickness.  (Data  from 
Reference  18.  Figure  reprinted  with  permission.15) 


(c)  (d) 

FIGURE  10— Three  layers  of  “large  film  atoms”  (d  =  1.10  d0) 
with  a  crack  of  7  broken  bonds,  (a)  External  tensile  load  of  1.5— 
Incipient  deformation  between  Rows  6  and  7;  (b)  load  increased 
to  1.65— Increased  deformation;  (c)  load  increased  to  1.50— 
incipient  dislocation  along  X-direcilon  between  Rows  6  and  7; 
and  (d)  load  Increased  to  1.95— dislocation  moved  out  along 
X-dlrectlon  forming  a  jog.  (Reprinted  with  permission.15) 
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FIGURE  11  -The  tetrahedron  used  by  Messmer  and  Briant.  The 
metal  atoms  (M)  are  placed  at  the  vertices  and  the  Impurity  (I)  In 
the  center.  The  cross-hatched  plane  Is  the  one  used  for  the 
contour  plots  shown  In  Figure  1 3.  (Reprinted  with  permission.21) 


Density-functional  calculations 
Various  density-functional  schemes  have  been  used  to  model 
the  effects  of  impurity  bonding  on  grain-boundary  embrittlement. 
These  calculations  offer  quantum  mechanical  solutions  for  small 
clusters  or  cells  of  atoms  using  carefully  chosen,  approximate 
techniques  to  solve  the  many-body  quantum-mechanical  problems 
and  yield  information  on  the  electronic  structure  and  total  energy  of 
these  clusters.  We  briefly  review  two  examples  of  these  calculation 
schemes  below. 
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FIGURE  12— The  energy-level  diagram  for  the  (a)  NIS  and  (b)  NIB  cluster.  (Reprinted  with  permission.21) 


FIGURE  13— The  orbital  contour  plots  of  the  la  and  It  orbitals  (a)  NIS  and  (b)  NIB.  (Reprinted  with  permission.21) 


Goodwin,  Needs,  and  Heine  examined  the  effect  of  Ge  and  As 
impurities  on  the  fracture  energy  of  a  small  cell  of  Al  oriented  for  (111) 
fracture 25  Figure  14  is  a  schematic  depiction  of  the  cell  for  bulk  and 
fractured  Al  with  6  (1 1 1)  layers  of  3  atoms  per  layer.  The  purpose  of 
the  simulation  was  to  provide  a  test  of  two  alternative  views  of 
embrittlement:  (1 )  Embrittlement  results  from  the  formation  of  a  weak 
metal-impurity  bond,  as  first  proposed  by  Troiano,1’  or  (2)  embrit¬ 
tlement  results  by  the  formation  of  a  strong  metal-impurity  bond  with 
the  concomitant  weakening  of  metal  metal  bonds,  as  proposed  by 


Losch26  and  elaborated  by  Briant  and  Messmer.2’  The  results  of 
Goodwin,  et  al.,  are  listed  in  Table  1,  where  the  energies  to  fracture 
pure  Al  and  impurity-doped  Al  both  at  the  impurity-doped  layer  and 
one  layer  into  the  Al  have  been  determined.  These  results  indicated 
that  the  impurities  caused  small  enhancement  in  cohesion,  so  they 
concluded  that  both  the  Troiano17  and  Losch26  notions  of  embrittle¬ 
ment  were  not  correct.  They  proposed  that  current  ideas  on 
embrittlement  be  replaced  by  a  model  proposed  by  Hadock.27 
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FIGURE  14— Schematic  depiction  of  the  supercells  for  bulk  and 
fractured  material  with  six  (111)  layers  of  three  atoms  per  layer. 
The  open  circles  are  Al  atoms  and  the  filled  circles  impurity 
atoms,  (a)  Unfractured  bulk  material,  (b)  Fractured  at  the 
Impurity-doped  layer,  (c)  Fractured  one  layer  distant  from  the 
Impurity.  (Reprinted  with  permission.25) 


TABLE  1 

Energies  of  Fracture  (E)  for  Pure  and 
Impurity-Doped  AI(A> 


Impurity 

E  (eV) 

Al 

Ea  -  Eb  =  1.80 

As 

Ea-  Eb  =  1.94 

As 

Ea  -  Ec  =  1.88 

Ge 

Ea  -  Eb  =  1.82 

Ge 

Ea-Ec  =  1.89 

(A)Calculated  as  the  difference  in  energy  between  the  unit  cells  of 
Figures  1 4(a),  (b),  or  (c),  where  Ea  denotes  the  total  energy  per  unit 
cell  of  the  structure  shown  in  Figure  14(a),  etc.  Hence,  E  is  the 
fracture  energy  to  create  a  crack  of  area  equal  to  3  atoms,  or  2.10 
mm2.  (Reprinted  with  permission.25) 

The  Goodwin,  Needs,  and  Heine25  calculation  has  been  sharply 
criticized  by  Briant  and  Sieradzki28  on  the  grounds  that  the  authors 
chose  to  examine  a  system  for  which  (experimental)  embrittlement  is 
not  known  to  occur.  Goodwin,  Needs,  and  Heine  have  the  miscon¬ 
ception  that  the  Troiano  and  Losch  ideas  predict  that  all  grain¬ 
boundary  impurities  should  lead  to  embrittlement.  Briant  and 
Sieradzki28  have  suggested  that  Goodwin,  et  al.,  repeat  their 
calculations  for  a  metal-impurity  system,  which  is  known  to  display 
embrittlement. 


D(bohr) 


Using  a  density-functional  approach,  Painter  and  Averill  exam¬ 
ined  the  effect  of  a  S  and  B  interstitial  on  the  stability  of  the  octahedral 
Ni  cluster  shown  in  Figure  1 5. 23  They  obtained  rigorous  results  for  the 
electronic  structure,  total  energies,  and  restoring  forces  in  atomic 
clusters  Their  results  for  the  binding  energy  and  local  force  as  a 
function  of  the  metal-impurity  separation  are  shown  in  Figure  16. 
They  found  that  B  binds  in  the  Ni  host  much  more  strongly  (7.0  eV) 
than  S  (2.2  eV)  and  produces  less  of  an  expansion  of  the  host  cluster 
(12%)  than  does  S  (23%).  Much  of  the  difference  in  binding  energy 
is  a  consequence  of  the  larger  Ni  host  strain  energy  (5.0  eV)  required 
to  accommodate  S  compared  with  B  (2.0  eV).  This  means  that  for 
hole  sizes  close  to  the  hole  size  of  the  stable  Ni  octahedral  cluster, 
B  is  stable  (3.0  eV),  whereas  S  is  unstable  by  more  than  14  eV. 


FIGURE  15— Octahedral  NI  cluster  used  by  Painter  and  Averill 
with  Interstitial  Impurity  atom  at  center  and  host  atoms  a 
distance  D  away.  (Reprinted  with  permission.29) 


FIGURE  16— (a)  Binding-energy  variation  with  cluster  radius  D, 
the  distance  from  the  origin  (impurity  site)  to  one  of  the  Ni  atoms 
of  the  host  octahedral  cluster,  for  pure  Ni  and  clusters  contain¬ 
ing  boron  (Ni-B)  and  sulfur  (Ni-S).  (b)  Gradient  force  depen¬ 
dence  on  cluster  radius  (D)  for  pure  octahedral  nickel  cluster 
(NI)  and  clusters  containing  boron  (Ni-B)  and  sulfur  (Ni-S)  in  the 
octahedral  Interstice.  Attractive  forces  on  a  reference  nickel 
atom  are  negative  and  repulsive  are  positive. 

These  results  are  in  qualitative  agreement  with  the  predictions 
of  the  Briant  and  Messmer2'  calculations  discussed  in  the  section  on 
the  SCF-Xo-SW  method  We  believe  that  a  coherent  picture  is 
beginning  to  emerge  regarding  the  effect  of  impurities  on  interfacial 
separation  processes.  A  thermodynamic  analysis  developed  by  Rice 
predicts  that  embrittling  elements  should  segregate  more  strongly  to 
free  surfaces  than  internal  interfaces  (e.g.,  S  in  Ni),30  whereas  a 
cohesive  enhancer  should  segregate  more  strongly  to  the  internal 
interface  than  the  free  surface  (e.g.,  B  in  Ni).  Recent  experimental 
results  suggest  that  B  does  not  segregate  to  free  surfaces  in  Ni,31 
thus  supporting  the  contention  that  B  should  act  as  a  cohesive 
enhancer  in  Ni.  The  ductilizing  effect  of  B  on  polycrystalline  Ni3AI  is 
well  known32  and  is  in  agreement  with  these  concepts.  The  density- 
functional  calculations29  discussed  <  above  are  also  in  qualitative 
agreement  with  these  results,  so  a  fundamental  understanding  of 
these  processes  is  emerging.  It  is  certainly  unfortunate  that  Goodwin, 
Needs,  and  Heine  chose  to  examine  an  irrelevant  system.25  Their 
approach  applied  to  the  Ni-B  and  Ni-S  system  would  provide  valuable 
insights  into  the  actual  separation  process  that  other  approaches 
have  not  addressed. 
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Micromechanical  Modeling 

Most  of  the  micromechanical  modeling  of  environment-assisted 
fracture  has  been  directed  toward  the  hydrogen-embrittlement 
problem.33  Here  we  cannot  possibly  attempt  to  review  the  large 
quantity  of  literature  on  this  topic;  instead,  we  choose  to  discuss 
several  new  approaches  developed  in  the  last  15  years  applicable  to 
a  wide  range  of  problems  associated  with  environmental  effects  on 
fracture. 

In  the  early  seventies,  Rice  and  Thomson  (RT)  developed  a 
model  for  predicting  the  brittle  vs  ductile  response  of  a  cracked 
solid.34  They  examined  the  nucleation  processes  associated  with  the 
emission  of  a  dislocation  from  a  crack  tip  within  the  continuum  elastic 
sharp-crack  model  and  the  Peierls  model  of  a  dislocation  core.  Their 
work  clearly  demonstrates  the  conceptual  fallacy  regarding  simple 
adsorption  mechanisms  of  embrittlement.  Consider  the  Griffith  criter¬ 
ia  relating  the  fracture  stress  (ctg)  to  the  reversible  work  to  create  two 
free  surfaces.  2y  and  aG  =  (2Ey/ira),'2>  where  y  is  the  surface  free 
energy,  E  is  Young’s  modulus,  and  2a  is  the  crack  length.  Adsorption 
processes  occurring  at  constant  temperature  alter  the  surface  free 
energy,  according  to  the  Gibb’s  adsorption  isotherm,  dy  =  -  rdp., 
where  p.  is  the  chemical  potential  of  the  adsorbate  and  V  is  the 
surface  excess.  The  RT  analysis  shows  that  the  alteration  of  the  work 
to  fracture  by  an  adsorption  process  is  not  related  to  <rG  by  a  simple 
substitution  of  the  Gibb’s  adsorption  isotherm  into  the  Griffith 
equation.  They  show  that  such  an  adsorption  process  may  change 
the  entire  ductile-brittle  response  of  a  cracked  solid;  i.e.,  the  alteration 
in  the  work  to  fracture  could  involve  a  fracture  mode  transition.  An 
approximate  criterion  for  predicting  the  ductile-brittle  response  of  a 
solid  resulting  from  their  analysis  is  that  brittle  behavior  is  predicted 
for  pb/lOy  >  y  whereas  if  the  inequality  is  reversed,  a  ductile  crack 
response  is  predicted.  Here  p  is  the  shear  modulus,  y  is  the  relevant 
surface  or  interfacial  free  energy  appropriate  for  the  surface  created 
in  the  fracture  process,  and  £<,  is  the  dimensionless  core  cut-off 
distance  for  the  dislocation  in  the  solid. 


Interfacial  separation  processes 

We  consider  now  in  some  detail  the  application  of  the  RT  model 
to  interfacial  separation  processes  following  tha  analysis  presented 
by  Mason.35  Figure  17  illustrates  the  problem  analyzed  by  Mason, 
who  considered  the  energetics  of  nucleating  a  dislocation  loop  at  a 
crack  tip  in  a  solid.  The  activation  energy  (Uoct)  required  to  create  a 
semicircular  dislocation  loop  of  radius  (rb)  in  a  crystal  having  a  core 
cut-off  radius  (^b)  for  the  dislocation  is  given  by 

Uac,  =  . 2  pb3r  In  —  +  —  y,10p  b2  {r  -  y 

ac'  8  (1  -  v)  ^  p’  ,  0°  v  So' 

(id 

where  p  and  p’  are  orientational  factors,  ystop  is  the  surface  energy 
per  unit  area  of  the  step  formed  by  the  nucleation  of  the  dislocation 
at  the  crack  tip,  and  2y,nl  is  the  energy  associated  with  the  reversible 
formation  of  the  two  free  surfaces.  The  first  term  corresponds  to  the 
self-energy  of  the  dislocation  loop,  the  second  term  is  associated  with 
the  energy  of  the  ledge  as  the  dislocation  is  nucleated,  and  the  third 
term  represents  the  energy  decrement  that  results  from  introducing 
the  dislocation  into  the  stress  field  of  the  crack  tip.  Following  Mason, 
we  calculate  the  value  of  the  stress  intensity  («„„)  required  to 
nucleate  a  semicircular  dislocation  loop  of  critical  radius  (rCT>b): 


U 


act  — 


2  -  v 
8  (1  -  v) 


pb3r  In  ( - 
e 


+  2  Ystop  bgr  _  3  (0.986) 
P‘  2  V2 


where  2ym,  has  been  replaced  by  G  =  K2  (1  -  v)/2|i. 


(12) 


LINE 


FIGURE  17— Grain-boundary  model  and  crystallographic  param¬ 
eters.  (Reprinted  with  permission.35) 

The  force  acting  on  the  dislocation  loop  at  equilibrium  is  given 
by  the  condition  dU/dr  =  0.  The  critical  radius  of  the  loop  that 
corresponds  to  an  instability  condition  is  given  by  d2U/dr2  =  0.  The 
following  solutions  are  obtained: 

rcm  =  exp  (-5S) 

8  (13a) 


K  =  2  ~ v  V2P  p.bl/2 

6  (1  -  v)  0986  r^f 

where 

g  __  _  ^Ystep  8  (1  ~  v) 

UPP'  2  -  v 

Finally,  taking  the  ratio  of  Gc,„/2yjn, 

Gcm/2Y,n,  =  ^  exp  (5S) 

R0b 


(13b) 


(141 


(15) 


where 


R  =  f  1  c  Tint 

°  5(2 -v)P2  *  Ystop  (16) 


For  Gcnt/2y,m  >  1 ,  brittle  behavior  is  predicted  as  shown  in  Figure  1 8. 


FIGURE  18— Regions  of  brittle  and  ductile  behavior  on  R0-S 
plane.  (Reprinted  with  permission.35) 
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Let  us  consider  the  application  of  this  criteria  to  the  well-known 
intergranular  embrittlement  of  Fe  by  Sn.  We  choose  this  system 
because  existing  data  of  Seah  and  Hondros  allows  us  to  derive  the 
grain-boundary  and  free-surface-adsorption  isotherm  for  Sn  in  Fe.36 
Additionally,  Kameda  and  McMahon  have  determined  the  Kolt  values 
vs  grain-boundary  Sn  coverage  for  a  HSLA  steel,37  which  allows  us 
to  compare  our  predictions  with  experiment. 

For  this  system,  we  approximate  2y,nt  as  2ymt  =  2ys  -  -yGB, 
where  ys  and  yG0  are  the  interfacial  energies  for  the  free  surface  and 
grain  boundary,  respectively.  This  expression  represents  the  revers¬ 
ible  work  of  separation  while  the  surfaces  are  maintained  at  chemical 
composition  equilibrium.  It  assumes  a  mobile  segregant,  which  is  not 
the  case  for  the  Sn-Fe  system  for  a  low-temperature  separation 
process.  For  this  case,  the  work  to  fracture,  2y,m  >  2ys  -  yGB.  We 
will  examine  the  cases  for  which  ystop  =  ys  and  ystep  =  7°  where  -ys 
is  the  surface  free  energy  of  iron  for  an  amount  of  Sn  (0g„)  adsorbed 
or  (segregated)  at  the  surface,  and  -ys  is  the  intrinsic  value  of  the 
surface  free  energy  of  Fe.  The  free-surface  and  grain-boundary 
adsorption  isotherms  derived  from  the  Seah  and  Hondros  data36  are 
shown  in  Figure  19.  -ys  ranges  from  the  intrinsic  value  of  7°  =  2.09 
to  1 .2  Jm-2  for  Ogn  ®  0.4,  and  7GB  ranges  from  0.8  Jm"2  to  0.4  Jm'2 
for  OfJJ  ~  0.4.  Figure  20  is  the  plot  for  Rc  -  S  for  the  following  three 
cases: 


(a)  Pure  Fe;  7°  =  2.09  J-m~2,  7gb  =  0-795  J-m-2,  7stop  =  7° 

(b)  0|nB  =  0.4,  7S  =  1.28  J-m-2,  7gb  =  0.42  J-m'2,  7S,0P  =  7S 

(c)  0|B  =  0.4,  7S  =  1.28  J-m-2,  7GB  =  0.42  J-m-2,  7s,op  =  7° 


FIGURE  19— The  grain-boundary  energy  and  surface  energy  as 
a  function  of  Sn  coverage. 


The  results  are  in  general  agreement  with  the  data  of  Kameda  and 
McMahon;37however,  our  results  are  not  sensitive  enough  for 
quantitative  comparison  with  experiment.  There  is  a  trend  of  more 
brittle  behavior,  which  is  predicted  for  Cases  (b)  and  (c)  compared 
with  the  behavior  of  the  intrinsic  gram  boundary,  Case  (a).  Further¬ 
more,  consider  the  situation  if  a  dislocation  is  nucleated  at  the  sharp 
inlerlaciai  crack.  The  monotonic  step  that  forms  at  the  crack  develops 
from  the  gram-  boundary  surface,  and  since  the  step  width  approx¬ 
imates  the  width  of  the  gram  boundary.  y6lop  »»  7,.  What  is  the 
situation  for  the  nucleation  of  the  second  tor  third)  dislocation?  The 
next  step  that  forms  will  require  the  formation  of  a  surface  not 
previously  associated  with  the  gram  boundary,  so  that  75tep  ~  7°  will 
represent  the  more  appropriate  value.  Figure  20  shows  that  the 
analysis  predicts  more  bnttle  behavior  for  Case  (c)  than  Case  (b), 
which  indicates  that  a  fracture-mode  transition  may  occur,  i.e„  even 


if  the  system  behavior  is  initially  ductile,  subsequent  dislocation 
emission  may  not  be  energetically  favored  and  brittle  intergranular 
fracture  could  result. 


O  0.05  O.IO  0.15  0.20  0.25 


S 

FIGURE  20- Drop-shaped  regions  represent  points  for  crack- 
plane  normals.  Crack-plane  normals  are  determined  from  points 
in  (100)  standard  triangle.  Uniform  scatter  within  drop-shaped 
regions. 

(a)  Pure  Fe 

(b)  Of®  =  0.4,  7.  =  1.28  J-m-2,  7gb  =  0.42  J-m"2,  7„op  =  7, 

(C)  Of®  =  0.4,  7.  =  1.28  J-m-2,  7gb  =  0.42  J-m’2,  7„0P  =  7? 

Film-induced  cleavage 

In  a  series  of  papers,  Sieradzki  and  Newman  developed  a 
model  for  transgranular  SCC.38'40  The  general  features  of  the  model 
are  apparent  in  the  atomistic  simulations  of  Paskin,  et  al.15  Brittle 
fracture  initiates  in  a  film  formed  by  a  reaction  with  the  environment. 
Once  brittle  fracture  has  initiated  in  the  film,  Sieradzki  and  Newman 
discussed  the  conditions  required  for  transmission  of  cleavage  into 
the  substrate  and  calculated  arrest  distances  in  the  substrate.40  We 
refer  the  interested  reader  to  the  appropriate  references  for  the 
details  of  the  calculations.38  40  Here  we  discuss  the  predictions  of  the 
model  and  pay  particular  attention  to  films  that  may  form  by  a 
dealloying  process. 

We  consider  a  film  to  bo  intrinsically  brittle  or  ductile  depending 
on  its  behavior  as  predicted  by  the  RT  analysis.34  If  the  film  behavior 
is  Intrinsically  brittle,  the  relevant  analysis  relates  to  the  transmission 
of  the  dynamic  crack  across  the  interface,  which  is  used  to  calculate 
crack  arrest  distances.40  We  believe  that  dealloyed  layers  that 
initiate  a  film-induced  cleavage  event  are  intrinsically  brittle41 
However,  it  is  important  to  point  out  that  because  of  coarsening 
processes  operative  during  dealloying42  not  all  dealloyed  layers  are 
uniform  enough,  thick  enough,  or  fine  enough  visa  vis  size  scale43  to 
disply  brittle  behavior.  For  films  that  show  intrinsic  ductile  behavior, 
brittle  behavior  of  the  film  substrate  composite  is  still  theoretically 
possible,  provided  that  the  film  is  coherent  with  the  substrate,  the  film 
has  a  smaller  lattice  parameter  than  the  substrate,  and  the  lattice 
parameter  mismatch  is  large  enough.  Depending  upon  the  magni 
tude  of  lattice-parameter  misfit,  film  thickness,  and  2ym  of  the 
substrate,  SCC  behavior  is  possible  under  vanishingly  low  applied 
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external  loading  If  the  lattice  parameter  of  the  film  is  greater  than  that 
of  the  substrate,  film-induced  cleavage  is  predicted  only  if  the  film  is 
intrinsically  brittle. 

Conclusion 

We  believe  that  a  clear  and  consistent  picture  is  emerging 
regarding  intergranular  separation  or  embrittlement  processes.  There 
is  good  agreement  between  quantum  mechanical,  density-functional 
calculations,  thermodynamics,  and  experiment.  Future  work  in  this 
area  would  profit  from  using  realistic  potentials  and  large  cells  in 
various  atomistic  schemes  such  as  molecular  dynamics.  Transgran- 
ular  SCC  processes  seem  to  be  describable  in  terms  of  the 
film-induced  cleavage  process.  Further  experimental  and  theoretical 
work  needs  to  be  done  in  this  area.  Experimental  work  should  focus 
on  defining  the  kinetics  of  dealloying,  the  morphology  of  dealloyed 
layers,  and  the  intrinsic  mechanical  properties  of  dealloyed  layers. 
Additionally,  actual  measurements  of  the  dynamic  crack  during  a 
film-induced  cleavage  event  would  provide  valuable  information  for 
the  modeling.  Finally,  we  believe  that  intergranular  SCC  is  the  least 
understood  environment-assisted-fracture  phenomenon.  As  we  dis¬ 
cussed,  there  are  many  difficulties  with  the  Vermilyea  model;2 
nevertheless,  there  can  be  little  doubt  that  at  least  some  intergranular 
SCC  occurs  by  a  pure  electrochemical  anodic  dissolution  process. 
The  details  regarding  crack  advance  by  such  a  process  remain 
unclear. 
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Discussion 

H.  Kaesche  (Friedrich  Alexander  University  of  Erlangen- 
Nurnberg,  Federal  Republic  of  Germany):  How  do  you  handle 
discontinuous  crack  propagation  within  the  Sieradzki-type  approach? 
Similarly,  how  can  you  model  hydrogen-induced  crack  propagation 
by  matrix-inclusion  interfaces? 

K.  Sieradzki:  This  has  been  done  and  is  described  in  Refer¬ 
ence  38  of  the  paper.  We  have  not  attempted  to  model  discontinuous 
interfacial  separation  processes. 

J.R.  Galvele  (Comlsion  Nacional  de  Energla  Atomlca,  Ar¬ 
gentina):  You  have  shown  a  figure  where  a  molecule  from  the 
environment  reacts  at  the  tip  of  an  atomically  sharp  crack  and 
produces  crack  propagation.  I  understand  that  such  a  mechanism 
works  with  glass  in  the  presence  of  water.  In  the  case  of  high-strength 
steels,  a  similar  process  could  act  in  the  presence  of  chlorine,  but  it 
certainly  does  not  in  the  presence  of  oxygen.  This  could  be  explained 
by  the  surface  mobility  mechanism,  because  of  the  difference  in  the 
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melting  points  of  the  iron  halides  and  the  iron  oxides.  How  could  you 
explain  this  difference,  based  on  any  of  the  mechanisms  you  have 
just  described? 

K.  Sieradzkl:  We  have  demonstrated  [Sieradzki,  Acta  Metal!. 
30(1982);  p,  973)  that  the  intergranular  embrittlement  of  a  high- 
strength  steel  by  chlorine  is  not  related  to  monolayer  adsorption 
processes.  Bridging  reactions,  as  discussed  here,  do  seem  to  be 
responsible  for  glass  embrittlement  in  water  vapor. 

R.P.  Wei  (Lehigh  University,  USA):  In  connection  with  your 
response  to  Galvele,  regarding  oxygen  and  chlorine,  I  wish  to  call 
your  attention  to  the  fact  that  there  are  ample  data  that  show  no 
enhancement  of  crack  growth  by  oxygen  in  high-strength  steels  at 
"low"  temperatures.  The  high-temperature  effects  discussed  by 
Pineau  last  evening  involve  extensive  oxides  or  internal  oxidation 
and  are  not  relevant  to  your  model.  The  real  issue  here  is  that  you 
need  to  consider  the  question  of  chlorine  vs  oxygen  raised  by  Galvele 
under  compatible  sets  of  conditions  and  avoid  bringing  in  data  that 
are  not  directly  relevant. 

K.  Sieradzki:  There  is  a  misconception  that  oxygen  does  not 
embrittle  HSLA  steels  at  low  temperature.  This  notion  is  incorrect. 
See,  for  example,  Frandsen  and  Marcus,  Metall.  Trans.  84(1977);  p. 
265. 

H.  Kaesche:  With  respect  to  the  possible  role  of  dry  oxygen,  I 
should  like  to  note  recent  studies  of  fatigue  crack  propagation  in  a 
manganese-bearing  low-alloy  steel  in  dry  hydrogen,  water  vapor,  and 
oxygen  at  room  temperature,  with  values  of  pressure  between  10'8 
and  103  hPa  [Popp  and  Kaesche,  Proceedings  of  the  Conference  on 
Low  Cycle  Fatigue  and  Elasto-plastic  Behavior  of  Materials,  ed.  Rie, 
Munich  1987  (Amsterdam,  The  Netherlands:  Elsevier,  1987),  p.  383]. 
In  the  first  place,  oxygen  does  increase  the  rate  of  fatigue  crack 
propagation.  However,  while  this  rate  continues  to  increase  in  both 
hydrogen  and  water  vapor,  at  least  at  pressures  up  to  103  hPa,  the 
effect  of  oxygen  levels  off  at  p(02)  =  10"2  hPa,  at  a  value  of  da/dN 
of  approximately  2  nm/cycle.  In  both  hydrogen  and  water  vapor,  the 
fatigue  mechanism  is  probably  affected  by  dislocation  transport  of 
atomic  hydrogen  into  the  crack-tip  region.  Oxygen  will  adsorb  on  the 
crack-tip  surface  but  will  not  enter  the  lattice.  The  observed  influence 
on  the  crack  propagation  must  therefore  be  a  surface  effect  caused 
by  adsorbed  oxygen  and  thus  will  saturate  once  the  surface 
adsorption  is  saturated.  This  holds  regardless  of  the  actual  mecha¬ 
nism  of  the  effect,  which  may  be  surface  pinning  of  dislocations. 

B.D.  Llchter  (Vanderbilt  University,  USA):  If  your  conclusions 
from  molecular  dynamic  stimulation  and  the  film-induced  cleavage 
model  are  applied  to  the  copper-gold  system  in  a  stress  corrosion 
regime,  it  would  seem  that  ductile  behavior  would  be  predicted  on 
dealloying,  because  a(film)  ^  a(substrate)  in  this  case.  In  fact, 
transgranular  SCC  readily  occurs  in  this  system.  Do  you  anticipate 
that  revised  calculations  involving  other  than  the  Lennard-Jones  6-12 
potential  would  substantially  alter  the  predictions  of  the  model? 

K.  Sieradzki:  Newman  and  I  have  clearly  stated  in  earlier 
publications  [see,  for  example.  Sieradzki  and  Newman,  Phil.  Mag. 
51  (1985).  p.  95]  the  following;  If  an  intrinsically  ductile  film  forms  such 
that  a(film)  a(substrate),  dislocation  injection  is  predicted.  How¬ 
ever,  if  the  film  is  intrinsically  brittle,  then  regardless  of  the  sign  of  the 
film-substrate  lattice  misfit,  the  tendency  would  bo  for  more  brittle 
behavior  of  the  film-substrate  system,  i.e„  film-induced  cleavage. 
This  is  discussed  in  the  "Film-induced  cleavage"  section  of  the 
paper. 

B.D.  Llchter:  In  your  discussion  of  the  failure  of  o-brass  to 
undergo  SCC  in  chloride  media,  you  invoke  Ostwald  Ripening  of 
doalloyed  regions  to  account  for  the  ductile  behavior  of  largo-pore 
and  thickened-fiber  structures,  which  would  otherwise  be  "pseudo 
brittle,"  leading  to  transgranular  SCC.  Do  you  propose  this  as  a 
mechanism  for  initial  nucleation  of  a  crack  or  is  this  process  primarily 
being  applied  to  the  “renucleation"  during  discontinuous  growth  or 
both? 

K.  Sieradzki:  These  issues  are  expected  to  be  important 
concerns  for  both. 


B.D.  Llchter:  Do  the  "network  coarsening"  model  and  the 
“film-coated  crack’  model  (as  pursued  through  molecular  dynamic 
simulations)  constitute  two  distinctly  different  and  alternative  views  of 
discontinuous  cracking?  !*  so,  which  in  your  view  is  the  more 
promising  picture? 

K.  Sieradzki:  They  are  not  different.  It  depends  on  the  details 
of  the  system.  Coarsening  of  a  dealloyed  network  will  tend  not  to 
favor  a  film-induced  cleavage  process.  Dealloyed  layers  that  retain 
uniform  porosity  will  tend  to  serve  as  good  “nucleators"  of  film- 
induced  cleavage. 

W.W.  Gerberich  (University  of  Minnesota,  USA):  You  made 
the  tantalizing  suggestion  that  strains,  analogous  to  those  in  epitaxial 
films,  from  liquid  metals  may  ingest  dislocations.  You  also  showed 
that  the  external  stress  for  this  to  happen  is  decreased  for  thicker 
films  This  is  because  the  stored  elastic  energy  increases  with  film 
thickness  However,  in  liquid  metals,  the  elastic  strains  would  only  be 
in  the  first  layer,  as  the  liquid  would  not  support  elastic  strains.  This 
leads  to  the  suggestion  that  perhaps  the  liquid  metal  has  to  be 
incorporated  into  the  substrate.  Do  you  have  any  information  as  to 
whether  a  monolayer  or  some  incorporation  is  required  for  such  a 
process? 

K.  Sieradzki:  In  liquid  metal  embrittlement,  we  tend  to  think  of 
initiation  at  flat  surfaces  when  you  are  unlikely  to  get  more  than  one 
or  two  layers  of  “film.”  However,  it  is  possible  that  the  liquid  metal 
takes  advantage  of  small  fissures,  thus  effectively  giving  you  a  thicker 
film. 

R.H.  Jones  (Pacific  Northwest  Laboratories,  USA):  Devel¬ 
opment  of  planar  cracks  in  porous  layers  is  conceptually  and 
experimentally  supported,  but  a  key  question  regarding  film-induced 
cleavage  from  dealloyed  layers  deals  with  the  strain  energy  release 
rate  Has  it  been  demonstrated  through  calculation  that  the  strain 
energy  release  rates  of  a  crack  propagating  in  a  porous  layer  are 
sufficient  to  support  crack  growth  in  the  substrate? 

K.  Sieradzki:  The  film-substrate  relationships  necessary  for  this 
process  to  occur  have  been  described  earlier  [Sieradzki  and  New¬ 
man,  J  Phys  Chem  Solids  48(1 987):  p.  11 01]  and  are  applicable  to 
porous  dealloyed  layers  on  intrinsically  ductile  substrates. 

R.W.  Staehle  (University  of  Minnesota,  USA):  Regarding  the 
oxygen  controversy  on  crack  growth,  how  do  you  interpret  the 
observations  of  Hancock  and  Johnson  [Trans.  AIME  236(1966).  p. 
513)  where  oxygen  additions  to  the  hydrogen  gas  stops  cracking? 

K.  Sieradzki:  I  agree  with  the  arguments  of  Johnson.  He 
suggests  competitive  adsorption  and  poisoning  effects.  However, 
this  behavior  does  not  exclude  oxygen  as  a  weak  embiittler,  as  I 
noted  in  response  to  Wei’s  comments. 

R.W.  Staehle:  With  respect  to  the  apparent  difference  between 
oxygen  effects  on  cyclic  stressing  and  static  stressing,  could  it  not  be 
related  to  cycle  frequency  dependence  and  AK  dependence? 

K.  Sieradzki:  I  don’t  know. 

H.-J.  Engell  (Max  Plank  Institut  fur  Elsenforschung,  Federal 
Republic  of  Germany):  In  my  opinion,  mathematical  modeling  is  a 
powerful  tool  to  understand  the  fundamentals  of  SCC  processes. 
However,  to  understand  phenomena  of  significant  practical  impor¬ 
tance,  other  influences  and  variables  must  be  considered. 

As  an  example,  in  a  growing  crack,  e,g„  in  mild  steel  in  nitrate 
solutions,  changes  in  the  crack-tip  chemistry  may  lead  to  a  continu¬ 
ous  active  crack  tip,  and  then  SCC  changes  to  crack-assisted 
intergranular  corrosion,  the  surface  layers  only  concentrating  the 
electrochemical  process  at  the  crack  tip.  Thus,  in  cases  like  this, 
electrochemical  parameters  have  also  to  be  addressed.  I  am  sure 
that  considerations  like  that  could  be  included  into  your  modeling. 

N.S.  Stoloff  (Rensselaer  Polytechnic  Institute,  USA):  You 
referred  to  a  characteristic  phase  diagram  type  for  the  case  of 
metal-induced  embrittlement.  I  would  like  to  have  a  clarification  of 
that  comment,  since  recent  work  has  shown  that  criteria  for  embrit¬ 
tlement  based  upon  solubility  and  intermetallic  compound  formation 
are  invalid.  Further,  how  do  you  account  in  your  theory  for  the 
embrittling  effects  of  both  very  small  (lithium)  and  very  large 
(mercury)  embrittler  atoms? 
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K.  Sieradzki:  We  have  demonstrated  in  our  computer  modeling 
that  for  films  or  layers  that  represent  positive  dilatational  misfit, 
greatly  facilitated  dislocation  injection  is  possible.  In  those  cases 
where  liquid  metal  embrittlement  results  from  enhanced  shear,  such 
a  mechanism  could  operate  provided  that  a  surface  layer  with  the 
properties  described  above  develops.  You  might  also  refer  to  my 
earlier  response  to  the  question  from  Gerberich. 

H.K.  Bimbaum  (University  of  Illinois,  USA):  Is  it  not  the  case 
that  oxygen  effects  on  fatigue  are  only  observed  in  the  vicinity  of  the 
threshold  stress  intensity?  If  so,  this  differs  from  hydrogen  effects, 
which  increase  da/dn  over  the  range  of  stress  intensities  up  to  ductile 
overload.  While  it  is  true  that  oxide  films  (due  to  oxygen  atmo¬ 
spheres)  will  influence  slip  behavior  and  thereby  fatigue  behavior, 
this  differs  from  the  atomistic  effects  you  are  discussing. 

H.  Sieradzki:  No.  I  refer  you  to  my  earlier  response  to  Wei. 

S.C.  Jani  (Georgia  Institute  of  Technology,  USA):  Can  the 
crack  growth  rates  in  any  of  the  atomistic  models  you  reviewed  be 
predicted?  In  the  film-induced  cleavage  model,  why  should  the  crack 
continue  on  into  the  ductile  matrix  and  why  on  specific  planes  for 
transgranular  SCC? 


K.  Sieradzki:  Newman  and  Sieradzki  have  discussed  these 
issues  in  detail  in  several  earlier  publications.  See,  for  example,  Phil. 
Mag.  A.  51  (1985)  p.  95,  and  the  proceedings  of  the  NATO  workshop 
The  Chemistry  and  Physics  of  Fracture,  ed.  Latanision  and  Jones, 
NATO  ASI  Series  (1987),  p.  597. 

E.l.  Meletls  (Louisiana  State  University,  USA):  There  is 
considerable  evidence  showing  that  transgranular  SCC  is  crystallo¬ 
graphic.  How  can  the  film-induced  cleavage  model  explain  that?  Is 
there  any  element  in  the  model  to  relate  cracking  direction  h  the 
dealloyed  layer  or  “film"  with  cracking  orientation  in  the  ductile 
material? 

K.  Sieradzki:  Newman  and  I  have  discussed  and  suggested 
possible  explanations  for  (110)  cleavage  [see  Sieradzki  and  New¬ 
man,  Phil.  Mag.  A  51(1985):  p.  95). 


EICM  Proceedings 


137 


The  Crack-Tip  System  and  Its  Relevance 
to  the  Prediction  of  Cracking  in  Aqueous  Environments 

F.P.  Ford* 


Abstract 

The  underlying  premise  in  this  review  is  that  the  main  reason  (or  developing  mechanistic  knowledge  of 
environmentally  assisted  cracking  is  to  use  it  to  solve  the  practical  problem  this  phenomenon  causes. 
The  solutions  may  be  both  qualitative  or  quantitative  and  in  both  cases  involve  definition  of  the  crack-tip 
system  that  is  relevant  to  the  crack  propagation  mechanism. 

The  crack  propagation  mechanisms  considered  are  slip  dissolution,  film-induced  cleavage,  and 
hydrogen  embrittlement,  in  which  the  common  rate-controlling  steps  are  as  follows:  mass  transport 
rates  in  the  crack  enclave,  oxidation  and  reduction  reaction  rates  at  the  strained  crack  tip,  and  the 
anelastic  behavior  in  that  region.  It  is  concluded  that  although  the  definition  of  some  of  these  parameters 
may  be  imprecise,  the  extent  of  qualitative  knowledge  is  enough  to  predict  changes  in  cracking 
susceptibility  that  are  of  use  to  the  design  or  operational  engineer.  These  questions  of  system  definition 
may  be  critical  when  deterministic,  or  probabaiistic,  life  predictions  are  required.  However,  in  some 
systems  involving  the  slip-dissolution  mechanism,  usable  quantitative  definitions  of  the  crack 
propagation  rate  are  possible,  and  these  can  be  used  to  formulate  design  or  life-prediction  codes. 


Introduction 

“No  sooner  knew  the  reason,  but  they  sought  the  remedy" 

From  Shakespoaro  (1564.1616).  As  You  Uko  II 

Environmentally  assisted  cracking  in  the  power  generation,  aero¬ 
space.  oil.  and  chemical  industries  has  led  to  severe  economic  and, 
sometimes,  safety-related  problems.  Unfortunately,  the  solutions  to 
these  problems  have  been  hampered  by  both  practical  and  funda¬ 
mental  issues.  For  example,  it  is  often  difficult  to  define  the  actual 
material,  stress,  and  environment  conditions  when  the  cracking 
occurs  in  inaccessible  regions  of  the  plant  where  complex  environ¬ 
mental  interactions  occur  In  addition,  there  is  the  intellectual  problem 
of  defining  the  dominant  cracking  mechanism  when  a  combination  of 
electrochemical,  chemical,  metallurgical,  and  mechanical  factors  is 
involved.  Consequently,  it  is  not  surprising  that  mitigation  actions  and 
design  or  life-evaluation  codes  have  been  largely  based  on  phenom¬ 
enological  and  empirical  observations  on  either  smooth  or  pre¬ 
cracked  specimens  tested  under  relatively  simple  laboratory  condi¬ 
tions.  A  problem  arises  out  of  this  procedure,  because  even  if  the 
cracking  data  are  generated  under  “well-controlled"  conditions,  there 
may  be  largo  scatter  in  the  results  (see  Figures  1  and  2  for  stross 
corrosion  and  corrosion  fatigue  of  low-alloy  steels  in  288'C  water). 
Thus,  empirical  approaches  have  obvious  timitations.  Examples  ot 
such  limitations  include  uncertain  corrections  to  the  life-prediction 
code  if  the  actual  system  conditions  change  from  those  used 
originally  In  the  code  formulation;  the  question  of  predicting  the  plant 
integrity  for  design  livos  of  40  years,  for  mstanco,  or  even  1000  + 
years  (for  radioactive  waste  disposal),  since  this  requires  extensive 
extrapolation  of  data  that  were  obtained  over  a  short  time  period,  etc. 

In  the  last  decade,  significant  advances  have  been  made  in 
understanding  quantitatively  the  cracking  mechanism  pertinent  to  a 
particular  alloy/environment  system,  and  this  offers  the  design  and 
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operating  engineer  the  capability  of  validating  the  empirically  derived 
remedial  actions  or  operating  specifications,  developing  realistic 
life-prediction  methodologies  for  specific  plant  conditions,3  etc.  To 
develop  quantitative,  mechanistically  based  methodologies,  it  has 
been  necessary  to  do  the  following: 

(1)  Define  a  working  hypothesis  for  the  cracking  mechanism.  Such 
a  mechanism  must  account  for  the  full  spectrum  of  loading 
conditions  expected  in  practice,  e.g.,  stress  corrosion  and 
corrosion  fatigue. 

(2)  Independently  evaluate  the  relevant  parameters  in  that 
mechanism. 

(3)  Validate  the  theoretical  predictions  of  the  cracking  response  by 
comparison  with  as  wide  an  observed  database  as  possible. 

Inputs  to  such  a  logic  path  have  accumulated  from  many 
sources  over  many  years.  It  is  the  objective  of  this  paper  to  review 
some  of  these  advances,  especially  in  terms  of  the  definition  of  the 
crack-tip  system,  and  to  Illustrate  how  these  advancos  have  helped 
in  the  evolution  of  a  deterministic  and  probabaiistic  life-prediction 
methodology.  Emphasis  will  bo  placed  on  the  cracking  of  ductile 
alloys  In  aqueous  environments,  since  the  advances  in  these  generic 
systems  best  illustrate  (at  this  time)  the  strengths  and  weaknesses  in 
the  practical  use  ol  mechanistic  knowledge. 


The  Initiation  vs  Propagation  Debate 

In  the  past,  environmentally  assisted  cracking  has  been  divided 
into  the  "initiation"  and  "propagation"  periods.  Consequently,  reme 
dies  have  been  categorized  in  terms  of  "stopping  crack  initiation”  or 
"slowing  crack  propagation."  In  this  review,  it  is  suggested  that 
“initiation”  is  solely  that  time  necessary  to  achieve  a  localized 
environment  In  any  pre-existing  defect  on  the  specimen  surface  in 
which  the  dofect  may  result  from  machining,  scratches,  pits,  intergran¬ 
ular  corrosion  notches,  etc.  In  engineering  terms,  this  is  often  a  short 
time  in  comparison  to  the  design  life,  and.  practically,  one  Is 
concerned  with  the  crack  propagation  from  this  initiating  notch.  The 
fact  that  one  does  not  see  the  crack  until  it  reaches  a  depth  equal  to 
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the  nondestructive  testing  (NOT)  resolution  limit  is  a  practical  matter 
that  gives  rise  to  an  arbitrary  division  of  nucleation  and  propagation 
periods;  however,  such  a  time  allocation  is  of  no  fundamental 
importance.4-5  Since  the  precise  shape  of  the  crack  depth/opera- 
tional  time  curve  in  Figure  3  is  a  quantifiable  function  of  the  specific 
material,  environment,  and  stressing  conditions,  it  follows  that  if  there 
is  a  range  in  the  actual  system  conditions,  there  will  be  a  predictable 
range  in  the  observed  data.  Thus,  scatter  in  the  observed  data  need 
not  be  a  result  of  bad  experimentation  or  random  variations  in  the 
crack  advance  process,  but  is  predictable  (Figure  4)  via  the  distribu¬ 
tion  of  system  conditions  that  affect  the  propagation  process  This 
thereby  provides  a  bridge  between  deterministic  and  probablistic 
life-prediction  methodologies.6 

Thus,  the  relevant  target  for  mechanistic  analysis  is  the 
definition  of  the  crack  propagation  rate  and  how  this  may  accelerate 
or  decelerate  with  changes  in  the  crack-tip  conditions.  The  sensitivity 
of  these  changes  in  crack  propagation  rate  to  changes  in  crack-tip 
conditions  depends  on  the  dominant  crack  propagation  mechanism, 
as  discussed  below. 
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FIGURE  1  -Summary  of  stress  corrosion  data  for  A533B,  A508, 
SA333,  and  SA106  steels  In  oxygenated  water  at  288’C.1 


Candidate  Crack  Propagation  Mechanisms 

“The  great  tragedy  of  science— the  slaying  of  a  beautiful  hypothesis 
by  an  ugly  fact" 

From  Thomas  H.  Huxley  (1825-1895),  C olloctod  Euays  VIII r,  BogenojJs  and  Ablogenesls 

Tho  basic  premise  for  all  of  the  proposed  cracking  mechanisms 
in  aqueous  solutions  fs  that  tno  crack  tip  must  propagato  faster  than 
tho  corrosion  rate  on  the  unstrained  crack  sides,  or  the  crack  will 
degrade  into  a  blunt  notch.4  Based  on  this  criterion,  the  material/ 
environment  conditions  for  both  intergranular  and  transgranular 
cracking  to  bo  possiblo  may  bo  defined  based  on  tho  thermodynamic 
and  kinetic  requirements  for  the  existence  of  a  protective  oxide,  salt, 
or  film  on  tho  crack  sides.7-8  For  Instance,  the  well-known  cracking 
susceptibility  of  mild  steel  in  hydroxides,  carbonates/bicarbonates, 
nitrates,  phosphates,  and  molybdates  may  bo  all  predicted  to  occur 
in  the  specific  potontial/pH  ranges  where  the  protective  oxide,  salt,  or 
compound  is  thermodynamically  stable.8  Very  similar  thermody¬ 
namic  arguments  may  be  made  for  other  systems  (e.g.,  brass/am- 
moniacal  solutions9)  and  may  be  extended  to  kinetic  arguments'0-'2 
that  the  electrochemical  reaction  rate  (e.g.,  dissolution  or  oxidation) 


at  the  crack  tip  must  be  significantly  higher  than  those  on  the  crack 
sides  for  an  “electrochemical  knife"  to  operate.'0  Indeed,  the 
suppression  of  both  stress  corrosion  and  corrosion  fatigue  in  many 
systems  may  be  explained  in  terms  of  blunting  of  embryo  cracks 
during  the  early  “initiation'1  stage  because  of  the  specific  material/ 
environment  combinations.  The  cracking  of  mild  steel  and  low-alloy 
steels  in  aqueous  environments  offer  ideal  examples  of  this  criterion 
For  instance,  mild  steels  will  not  exhibit  stress  corrosion  in  acidic 
(such  as  citric  or  acetic)  or  concentrated  chloride  solutions  unless  the 
general  corrosion/blunting  effect  is  counteracted  with  chromium  or 
nickel  alloying  additions.8-13  Similar  blunting  explanations  may  be 
proposed  for  the  ease  of  corrosion  fatigue  crack  initiation  of 
aluminum  in  chlorides  in  comparison  to  hydroxides,14  the  ease  of 
stress  corrosion  initiation  of  carbon  steels  in  288°C  water  in  compar¬ 
ison  to  <  100°C  water,4-7  etc. 
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FIGURE  2— Summary  of  corrosion  fatigue  crack  growth  data  for 
A533B  and  A5C8-2  steels  In  pressurized  water  reactor  simulated 
water  at  mean  stress  (R)  ratios  of  0.2  and  O.7.2 
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FIGURE  3— Schematic  variation  of  crack  length  with  time  due  to 
environmentally  assisted  cracking,  showing  the  curves  for  the 
mean  system  condition  (a,)  and  the  limiting  values  associated 
with  extremes  in  material,  environment,  and  stressing  condi¬ 
tions. 
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FIGURE  4— Schematic  movement  of  the  distribution  curves  of 
crack  depth  with  operating  time  illustrating  the  Influence  of  NDT 
resolution  limit  on  the  observed  vs  the  actual  distribution. 

Provided  a  mechanism  (or  preventing  chemical  blunting  of  tho 
crack  exists,  numerous  crack  propagation  mechanisms  were  pro¬ 
posed  in  the  period  1965  to  1979, 15-25  ranging  from  the  pre-existing 
active  path  mechanisms,  through  the  strain-assisted  active  path 
mechanisms,  to  thoso  depending  on  various  adsorption/absorption 
phenomena  (e  g .  hydrogen  embrittlement  (HE)  mechanisms].  There 
was  considerable  debate  concerning  the  dominant  mechanism  in  a 
given  material/onvironment  system,  promulgated  In  pari  by  the  fact 
that,  until  10  years  ago,  few  analytical  techniques  were  available  that 
would  quantitatively  test  the  various  hypotheses.  Parkins  pointed  out 
early  on,  however,  that  a  “stress  corrosion  spectrum"  probably 
existed  that  logically  graded  the  cracking  systems  between  those  that 
were  mechanically  dominated  (for  instance,  HE  of  high-strength 
steels)  to  thoso  that  were  environmentally  dominated  (for  instance, 
pre-existing  active  path  attack  in  the  carbon  steel/nitrate  system).28 
Indeed,  it  was  suggested  that  two  mechanisms  may  operate  in  one 
alloy/environment  system  with  a  dominant  mode  being  determined 
by  relatively  small  changes  in  the  material,  environment,  or  stressing 
conditions.  Brown  made  the  argument  that  changes  in  cracking 


susceptibility  with  applied  potential  (and  how  this  altered  the  crack-tip 
environment)  could  be  used  to  distinguish  between  dissolution- 
controlled  and  HE  mechanisms.27  The  “stress  corrosion  spectrum” 
rationalization  was  followed  by  the  suggestion  (for  example,  see 
References  4,  5,  28)  that  a  similar  spectrum  of  behavior  occurs 
between  constant  load  (stress  corrosion)  and  cyclic  load  (corrosion 
fatigue)  conditions,  with  the  caveat 29  that  the  definition  of  such  a 
spectrum  must  be  able  to  explain  the  general  observation  that  the 
material/environment  conditions  for  stress  corrosion  cracking  seemed 
to  be  much  more  specific  than  those  for  corrosion  fatigue. 

With  the  advent  of  more  detailed  experimental  examination 
capabilities,  the  candidate  mechanisms  for  stress  corrosion  and 
corrosion  fatigue  crack  propagation  in  aqueous  environments  have 
narrowed  down  to  slip  dissolution,  film-induced  cleavage,  and  HE. 
These  are  reviewed  very  briefly,  since  a  discussion  of  the  relevant 
crack-tip  system  depends  on  this  understanding. 

Slip-dissolution  mechanism 

Various  theories  for  crack  advancement  have  been  proposed 
relating  crack  propagation  to  oxidation  reactions  at  the  crack  tip  and 
the  stress/strain  conditions  in  that  region,  and  these  have  been 
supported  by  the  good  general  correlation  between  the  average 
oxidation  current  density  on  a  straining  surface  and  the  crack 
propagation  rate  for  a  number  of  systems  (Figure  S).7-29  There  have 
been  various  hypotheses  for  the  precise  atomistics  at  the  crack  tip; 
for  example,  the  effect  that  the  environment  has  on  the  ductile- 
fracture  process;30  the  increase  in  the  number  of  active  sites  for 
dissolution  because  of  the  strain  concentration;31  the  preferential 
dissolution  of  mobile  dislocations  because  of  either  the  inherent 
chemical  activity  of  the  dislocation  core  or  the  solute  segregation  that 
can  occur  there;32  etc. 


Kf3  !Cf2  I0'1  10° 

AVERAGE  CURRENT  DENSITY  ON  STRAINING  SURFACE  A.:m"2 


FIGURE  5— Relationship  between  the  average  crack  propaga¬ 
tion  rate  and  tho  oxidation  (l.e.,  dissolution  and  oxide  growth) 
kinetics  on  a  straining  surface  for  several  ductile  alloy/aqueous 
environment  systems.7-29 

Experimentally  validated  elements  of  these  earlier  proposals 
have  been  incorporated  into  the  current  slip-dissolution  model,  which 
relates  the  crack  propagation  to  the  oxidation  that  occurs  when  the 
protective  film  at  the  crack  tip  is  ruptured.10-33'37  Different  types  of 
protective  film  have  been  proposed,  including  oxides,  mixed  oxides, 
salts,  or  noble  metals  left  on  tho  surface  after  selective  dissolution  of 
a  more  active  component  in  the  alloy.  The  increase  in  crack-tip  strain 
necessary  for  the  film  rupture  event  may  be  related  to  a  monotoni- 
cally  increasing  or  cyclic  stress,  or  to  creep  process  in  the  underlining 
metal  matrix  under  constant  stress.  Once  the  film  is  ruptured, 
crack-tip  advance  is  governed  by  oxidation  on  the  bared  surface,  i.e., 
a  mixture  (depending  on  tho  thermodynamics  and  kinetics  of  the 
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system)  of  the  dissolution  of  the  exposed  metal  matrix  and  film 
reformation  (Figure  6).  This  crack  advance  will  be  maintained 
provided  the  film-rupture  process  reoccurs  because  of  the  action  of 
a  strain  rate  at  the  crack  tip.  Thus,  for  a  given  crack-tip  environment, 
potential,  and  material  condition,  the  propagation  rate  over  a  given 
segment  of  the  crack  front  will  be  controlled  by  both  the  change  in 
oxidation  charge  density  with  time,  and  the  frequency  of  film  rupture 
at  that  segment  of  the  strained  crack  tip.  Therefore,  by  invoking 
Faraday’s  law,  the  average  environmentally  controlled  crack  propa¬ 
gation  rate  (V,)  is  related  to  the  oxidation  charge  density  passed 
between  oxide  rupture  events  (Qf)  and  the  strain  rate  at  the  crack  tip 
(4)  by 


V, 


«ct 


(1) 


where  M,  p  =  atomic  weight  and  density  of  the  crack-tip  metal; 
F  =  Faraday’s  constant;  z  =  number  of  electrons  involved  in  the 
overall  oxidation  of  an  atom  of  metal;  e,  =  fracture  strain  of  the  oxide 
at  the  crack  tip. 


FIGURE  6— Schematic  oxidation  charge  denslty/tlme  relation¬ 
ships  for  a  strained  crack  tip  and  unstrained  crack  sides. 

Thus,  the  possible  rate-controlling  phenomena  that  can  govern 
crack  propagation  by  the  slip-dissolution  model4  are  as  follows,  liquid 
diffusion  of  either  solvating  water  molecules  or  solvated  cations  to 
and  from  the  crack-tip  region,  tho  overall  oxidation  (dissolution  and 
oxide  growth)  rate,  and  the  oxide  or  film-rupture  rate  at  the  crack  tip 
itself.  These  fundamentally  important  parameters  can  be  directly 
related  to  the  stress,  environment,  and  microstructure  known  from 
ompmcal  observations  to  be  the  conjoint  requirements  for  environ¬ 
mentally  controlled  cracking  (Figure  7).  In  turn,  these  rate-controlling 
phenomena  are  functions  of  a  myriad  of  system  parameters  such  as 
dislocation  morphology,  solution  viscosity,  etc  ,  this  will  be  discussed 
later. 

Because  the  oxidation  charge  density  on  a  bare  surface  varies 
with  time  at  a  rate  that  depends  upon  tho  material  and  environment 
compositions  at  tho  crack  tip,  it  follows  (as  will  be  discussed  later)  that 
Equation  may  bo  reformulated  in  terms  of  a  more  general  power 
law  relationship: 


V,  =  A  cS  (2) 

where  A  and  n  are  constants  depending  on  the  material  and 
environment  compositions  at  the  crack  tip.  There  are  limits  to  the 


validity  of  this  relationship,  however,  that  are  observed  at  high  and 
low  crack-tip  strain  rates  (Figure  8).  At  low  crack-tip  strain  rates,  the 
ultimate  criterion  is  that  sharp  crackscannot  be  maintained  when  the 
average  crack-tip  propagation  rate  (V,)  approaches  the  oxidation  rate 
on  the  crack  sides  (Vs);  under  these  conditions,  therefore,  the  crack 
propagation  rate  will  decelerate  with  exposure  time,  and  crack  arrest 
will  eventually  occur  because  of  blunting.  At  high  crack-tip  strain  rates 
(~10-2  s-1),  a  bare  surface  is  continuously  maintained  at  the  crack 
tip,  and  the  environmentally  controlled  crack  propagation  rate  be¬ 
comes  independent  of  e^,  since  it  cannot  exceed  the  Faradaic 
equivalent  of  the  bare-surface  dissolution  rate. 

Under  either  constant  or  monotonically  increasing  load  condi¬ 
tions,  the  stress  corrosion  crack  propagation  rate  is  defined  by 
Equation  (2)  (within  the  limits  discussed  above).  Under  cyclic  loading 
conditions,  however,  the  crack  is  also  moving  forward  by  irreversible 
cyclic  plastic  deformation,  e.g.,  fatigue  striation  formation.  Since  this 
mechanical  crack  advance  is  occurring  independently  of  the  crack 
advance  by  oxidation  processes  (i.e.,  the  atom-atom  rupture  process 
is  by  two  entirely  different  mechanisms),  these  two  crack  advance 
mechanisms,  striation  formation  and  oxidation,  are  considered 
additive,  as  shown  by  the  dotted  line  in  Figure  8,  e.g., 

V,o,a-  =  A^  +  v(jjg),  (3) 

where  (da/dN),  is  the  cyclic  fatigue  crack  growth  in  an  inert 
environment  described,  for  instance,  by  a  Paris  law  relationship,  and 
x>  is  the  cyclic  loading  frequency.  This  simple  coupling  of  environ¬ 
mental  and  inert  components  can,  of  course,  be  directly  compared  to 
the  arguments  proposed  by  Wei  and  colleagues,38-39  who  introduced 
further  subcategories  of  environmental  enhancement  and  consid¬ 
ered  different  fractions  of  the  crack  front,  which  may  be  undergoing 
one  failure  mechanism  or  the  other. 


FIGURE  7— Interrelationship  between  the  fundamental  control¬ 
ling  parameters  (mass  transport  rate,  passivation  rate,  and 
oxide  rupture  rate)  and  the  phenomenological  parameters  (stress, 
environment,  and  microstructure)  known  to  affect  environmen¬ 
tally  assisted  cracking.4,7 

Film-induced  cleavage  mechanism 
In  some  incidences  of  transgranular  cracking,  the  Faradaic 
equivalent  of  tne  oxidation  rate  at  a  strained  crack  lip  is  insufficient  to 
explain  the  observed  crack  propagation  rate  (see,  for  instance,  the 
Cu/NHJ  data  in  Figure  5).40  Moreover,  the  cleavage-like  crystallo¬ 
graphic  features  on  the  transgranular  fracture  surfaces  are  hard  to 
rationalize  convincingly  in  terms  of  a  dissolution/oxidation  model 
alone.  Consequently,  it  has  been  proposed  by  several  authors  that 
transgranular  environmentally  controlled  ciack  propagation  can  oc¬ 
cur  by  a  combination  of  oxidation-related  (slip-dissolution)  and 
brittle-fracture  mechanisms.40-45  Specifically,  it  has  been  suggested 
that,  initially,  the  crack  front  moves  forward  by  an  oxidation  process 
that  is  controlled  by  the  same  rate-determining  steps  as  those  in  the 
slip-dissolution  model,  but  when  the  film-rupture  event  occurs 
(because  of  an  increment  in  strain  in  the  underiying  matrix),  the  crack 
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in  the  film  may  rapidly  penetrate  a  small  amount  (a*)  into  the 
underlying  ductile  metal  matrix  (Figure  9)  Thus,  Equation  (1)  is 
modified  as  follows: 


(4) 


The  extent  of  the  additional  “film-induced  cleavage”  component  of 
crack  advance  (a*)  may  be  governed  by  the  state  of  coherency 
between  the  surface  film  and  matrix  and  the  fracture  toughness  of  the 
substrate.40  Although  the  surface  film  may  be  considered  an  oxide, 
more  recent  investigations  have  refocused  on  the  role  played  by 
dealloyed  surface  films;  for  example,  the  copper-rich  film  in  Cu-Zn  or 
the  nickel-rich  film  in  Fe-Cr-Ni  alloys. 
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FIGURE  8— Illustration  of  the  strain-rate  dependence  of  the 
crack  propagation  rate  due  to  the  slip-dissolution  model,  and 
the  additive  properties  of  the  mechanical  and  environmental 
components  of  crack  advance  during  corrosion  fatigue.4 


FIGURE  9— Schematic  Illustration  of  the  elements  of  the  film- 
induced  cleavage  mechanism  of  crock  propagation.  Note  simi¬ 
larity  to  the  slip-dissolution  model  (Figure  6)  during  Initial 
stages  of  propagation  cycle. 


Factors  of  importance  that  control  the  effectiveness  of  the 
surface  film  in  initiating  the  cleavage  event  in  the  metal  substrate 
include  the  film-matrix  misfit,  the  strength  of  bonding  across  the 
film-matrix  interface,  the  film  thickness  and  ductility,  and  the  structure 


of,  for  instance,  dealloyed  layers.40  44  45  It  would  be  reasonable  to 
suppose  that  absorbed  hydrogen  may  also  play  an  important  roie  in 
such  a  limited  cleavage  process.  The  extent  of  the  cleavage 
propagation  into  the  matrix  may  be  around  1  p.,  the  exact  amount 
being  a  function  of  a  combination  of  the  various  plasticity  and 
microstructural  factors  mentioned  above.  Although  qualitative  evi¬ 
dence  exists  (based  on  computer  simulaton  of  the  atomistic  bonding 
at  the  crack  tip  plus  fractographic  and  acoustic  emission  observa¬ 
tions)  for  such  a  mechanism  in  copper-base  and  austenitic  nickel- 
base  alloys  and  stainless  steels  (SSs)  in  low-temperature  environ¬ 
ments  (i.e.,  <  1 1 5°C), 40,44  it  has  not  been  extensively  tested  so  far  for 
other  alloy  systems.  Its  attractiveness  is,  however,  that  it  provides  a 
rational  basis  for  quantitatively  explaining  the  interrelationships 
between  the  electrochemical  parameters  and  the  transgranular 
fractographic  features. 


Hydrogen  embrittlement  mechanisms 

The  general  concepts  and  concerns  behind  the  various  HE 
models  have  been  reviewed  by  Thompson  and  Bernstein,46  Hirth,47 
Nelson  46  and  Birnbaum.49  In  brief,  the  subcritical  crack  propagation 
rate  resulting  from  HE  in  aqueous  environments  depends  on  a 
sequence  of  events  in  the  following  order  (Figure  10): 

(1)  Diffusion  of  a  reducible  hydrogen-containing  species  (e.g., 
H30+)  to  the  crack-tip  region. 

(2)  Reduction  of  the  hydrogen-containing  ions  to  give  adsorbed 
hydrogen  atoms.  Note  that  under  open-circuit  conditions,  this  reduc¬ 
tion  process  must  be  accompanied  by  a  corresponding  oxidation 
reaction  rate  that,  in  high-resistivity  electrolytes,  will  occur  on  an 
adjacent  surface  to  that  where  the  reduction  process  is  occurring. 

(3)  Absorption  of  the  hydrogen  adatoms  followed  by  interstitial 
diffusion  of  these  hydrogen  atoms  to  a  “process"  zone  at  a  distance 
(X)  in  front  of  the  crack  tip.  The  extent  of  hydrogen  adatom  coverage 
(0H)  on  the  crack-tip  surface,  which  will  be  one  driving  force  for 
hydrogen  diffusion  into  the  metal  matrix,  will  be  a  function  of  the 
presence  of  films  or  other  adsorbed  species,  and  also  the  tendency 
of  these  hydrogen  adatoms  to  undergo  surface  diffusion  and 
recombination  to  evolve  hydrogen  gas.  (Note  that  it  is  assumed  that 
the  amount  of  hydrogen  being  absorbed  from  the  unstrained  crack 
sides  and  specimen  surface  is  relatively  small). 

(4)  Once  the  hydrogen  concentration  in  the  process  zono  has 
reached  a  critical  level  (Cc,il)  over  a  critical  volume  (dcn,),si  then 
localized  crack  initiation  can  occur  within  this  zone  followed  by  rapid 
propagation  back  to  the  main  crack  tip.  Thus,  disregarding  the 
specifics  of  these  localized  fracture  mechanisms  for  the  present,  it  is 
apparent  that  HE  models  predict  discontinuous  crack  propagation  at 
an  average  rate  (V,)  given  by 


V,  =  j  (5) 

where  X  =  the  distance  from  the  main  crack  tip  to  the  process  zone, 
which,  in  turn,  is  defined  by  the  values  of  Cc„,  and  dc,„,  and  t  =  time 
for  the  concentration  of  absorbed  hydrogen  (CX,T)  to  reach  a  critical 
value  (Ccilt)  over  the  volume  (dcnl). 

To  evaluate  the  validity  of  Equation  (5),  quantitative  data  for  X 
and  t  are  needed.  Unfortunately,  these  are  difficult  to  obtain.  For 
instance,  even  assuming  that  the  criterion  for  the  localized  fracture 
phenomenon  in  the  process  zone  was  known,  its  evaluation  is 
bedeviled  with  uncertainties  about  the  interactions  illustrated  in 
Figure  10,  and  how  the  rate-determining  step  in  this  overall  process 
is  affected  by,  for  instance,  stress  and  dislocation-aided  diffusion,  the 
trapping  and  release  of  hydrogen  at  intermediate  interfaces  between 
the  crack  tip  and  process  zone,  the  interaction  between  diffusion 
rates  and  changes  in  equilibrium  hydrogen  content  because  of 
hydrostatic  stress,  etc.  Despite  these  uncertainties,  however,  the 
combination  of  these  various  diffusion  paths  and  the  sites  for 
localized  fracture  leads  to  a  qualitative  explanation  of  different 
fracture  morphologies  observed  (Figure  11)  in  many  alloy/environ¬ 
ment  systems.48 
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FIGURE  10— Schematic  of  various  reactions  at  the  crack  tip 
associated  with  hydrogen  embrittlement  mechanisms  in  aque¬ 
ous  environments.50 


H2~2H  H*  +  e‘**H  HX+M*MX+H 


FIGURE  11 -“Road  map"  of  possible  transport  and  trapping 
mechanisms  for  hydrogen  embrittlement  in  ductile  alloys.46 


The  evaluation  of  the  values  of  X,  Ccrl,.  and  dcr„  all  presume  that 
the  localized  fracture  mechanism  in  the  process  zone  is  known. 
Accordingly,  various  mechanisms  for  the  localized  fracture  process 
have  been  proposed.  For  instance,  it  has  been  suggested  that  it  is 
because  of  the  build-up  of  gas  pressure  at  internal  interfaces, 52  54 
this  pressure  may  be  associated  with  either  the  recombination  of 
hydrogen  atoms  or  the  formation  of  either  methane  or  hydrogen 
sulfide  (because  of  the  interaction  of  hydrogen  with  either  carbide  or 
sulfide  inclusions).  Alternatively,  localized  fracture  may  be  related  to 
the  lowering  of  the  atom-atom  bond  strength  because  of  the 
modification  of  the  electron  d-band  structure  of  the  matrix  by 
hydrogen,55'59  or  the  localized  fracture  may  result  from  fracture  of 
brittle  phases  such  as  hydrides, 60-62  hydrogen-  or  strain-induced 
martensite,63'66  etc.  Finally,  it  has  been  proposed  that  the  interaction 
of  hydrogen  atoms  with  the  dilatational  stress  field  around  edge 
dislocations  affects  the  degree  of  plasticity  in  the  process  zone,  and 
hence,  the  localized  fracture  criteria.67'69 

Much  of  the  “evidence”  for  these  mechanisms  has  been  “after 
the  fact”  or  "circumstantial,”  with  very  little  first  principles  derivation 
of  the  crack  propagation  rate,  in  whidh  all  the  constants  are 
independently  derived.70  Great  strides  have  been  made  in  recent 
years,  however,  by  in  situ  observations  of  cracking  in  high-energy 
electron  microscopes,  as  reviewed  by  8irnbaum.49 


The  Rate-Controlling  Parameters 
in  the  Crack-Tip  System 

“It  is  a  capital  mistake  to  theorise,  before  one  has  data” 

From  Sir  Arthur  Conan  Doyle  (1859*1930),  Scandal  in  Bohemia 

Various  thermodynamic  and  kinetic  criteria  have  been  applied 
to  determine  which  of  the  above  candidate  crack  propagation 
mechanisms  are  valid.  For  instance,  Bertocci  indicated  that  at  the  tip 
of  a  static  crack  in  the  Cu/Zn/ammonia  system7'  or  a  moving  crack 
in  the  Cu/Au/chloride  system,72  hydrogen  discharge  had  very  little 
chance  of  occurring,  and  HE  would  therefore  be  very  unlikely;  thus, 
in  these  cases,  the  slip-dissolution  or  film-induced  cleavage  mech¬ 
anisms  would  be  more  likely.  However,  it  is  comparatively  rare  that 
a  candidate  cracking  mechanism  can  be  categorically  disallowed  on 
such  thermodynamic  and  crack-tip  chemistry  reasoning.  Although 
equilibrium  thermodynamic  approaches  have  been  used  to  calculate 
K,scc  or  kth  f°r  the  slip-dissolution73  and  HE74  mechanisms,  the 
majority  of  quantitative  validations  of  the  candidate  propagation 
mechanisms  (up  until  -  1979)  were  based  on  analysis  of  either  the 
maximum  propagation  rate  allowed  by  each  model  or  the  observed 
sensitivity  of  the  crack  propagation  rate  to  temperature,  electrode 
potential,  strength  level,  etc.7  Each  of  these  variables  would  give, 
supposedly,  unique  indications  of  the  validity  of  a  particular  cracking 
mechanism.  Although  in  some  cases  it  was  observed  that  the 
maximum  observed  crack  propagation  rate  agreed  with  the  maxi¬ 
mum  theoretical  rate  of,  for  example,  the  slip-dissolution  model  (e.g., 
Figure  1 2),  in  most  cases,  it  was  observed  that  the  crack  propagation 
rate  was  far  lower  than  the  maximum  theoretical  rates  for  any 
candidate  cracking  mechanism  (e.g.,  Figure  13).50  The  reason  for 
this  is  that  the  rate-determining  step  in  all  of  the  cracking  mecha¬ 
nisms  is  not  necessarily  the  atom-atom  rupture  process  itself  but  is 
one  or  a  combination  of  the  following:  mass  transport  of  species  to 
and  from  the  crack  tip,  the  oxidation  or  reduction  reactions  and 
dynamic  strain  processes  at  the  crack  tip.4-7  Thus,  changes  in 
cracking  susceptibility  for  most  ductile  alloy/aqueous  environment 
systems  with,  for  instance,  changes  in  temperature  (i.e.,  activation 
enthalpy),  electrode  potential,  stressing  mode  (dynamic  or  static 
stress,  plane-strain  or  plane-stress  mode,  dislocation  morphology, 
etc.),  or  environmental  composition,  can  be  explained  logically  by 
movement  over  a  reaction  rate  surface  (Figure  14),  regardless  of  the 
specific  atom-atom  rupture  mechanism  at  the  crack  tip.4-7  This  may 
be  interpreted  in  terms  of  the  crack  propagation  rate/stress  intensity 
(Figure  15(a)]  or  propagation  rate/potential  (Figure  15(b)]  relation¬ 
ships  for  a  given  alloy/environment  system  subjected  to  different 
loading  histories  in  which  the  limiting  and  rate-controlling  reactions 
can  be  defined.4  Although  the  arguments  for  the  changes  in 
rate-controlling  parameters  with,  for  instance,  electrode  potential  and 
loading  mode  changes  given  above  are  for  aqueous  systems,  similar 
approaches  have  been  proposed  by  Wei  and  colleagues  for  corro¬ 
sion  fatigue  of  aluminum  and  high-strength  steels  in  water  vapor.39  ’’6  79 


FIGURE  12-Comparison  between  the  maximum  theoretical 
crack  propagation  rates  for  the  slip-dissolution  mechanism  and 
the  observed  environmental  component  in  corrosion  fatigue  of 
an  alumlnum-7%magnesium  alloy  In  IN  Na2S04,  pH  2.0, 11  Hz.50 
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STRESS-CORROSION  CRACK-PROPAGATION  RATE  cm/i’1 

FIGURE  13-Relationship  between  the  maximum75'77  stress 
corrosion  crack  propagation  rates  for  various  aluminum  alloy/ 
aqueous  environment  systems  and  the  maximum  theoretical 
propagation  rates  for  the  slip-dissolution  and  hydrogen 
embrittlement  (gas-rupture)  theories.50  Note  the  fact  that  in  the 
potential  range  -1000  to  -800  mVSCE  (covering  the  corrosion 
potential  for  aerated  or  slightly  deaerated  solutions),  both 
advancement  mechanisms  are  kinetically  viable. 


PASSIVATION  RATE 


FIGURE  14— Reaction-rate  surface  illustrating  the  variation  in 
crack  propagation  rate  with  the  rate-controlling  parameters  In 
the  slip-dissolution,  film-induced  cleavage,  and  hydrogen  em¬ 
brittlement  mechanisms  for  environmentally  assisted  cracking 
In  ductile  alloy/aqueous  environment  systems.4,7 

Knowledge  ol  the  tundamenta!  Importance  of  controlling  mass 
transport,  oxidation,  or  reduction  rates  and  crack-tip  strain  rates  has 
proven  to  be  of  great  value  in  indicating  to  the  design  and  operational 
engineer  the  system  changes  that  are  likely  to  reduce  the  extent  of 
his  particular  environmentally  controlled  cracking  problem,  especially 
for  cracking  systems  with  "moderate"  to  "severo"  cracking  suscep¬ 
tibility  (which  may  be  dolined  as  those  with  average  crack  propaga¬ 
tion  rates  ol  >  10~7  cm  s"').  For  instance,  the  minimizing  of  the 
oxidation  rate  at  the  crack  tip  by  control  of  the  corrosion  potential/ 
anionic  activity  combinations,  or  the  reduction  In  crack-tip  strain  rate 
(lot  a  given  imposed  stress  history)  by  attention  to  dislocation 
morphology,  etc,,  ail  can  be  understood  within  a  skeleton  of 
fundamental  logic  iFigure  16).4T  However,  m  recent  years,  as 
economic  and  technical  pressures  dictate  longei  design  lives,  the 
emphasis  has  been  on  studying  cracking  m  dilute  environments 
where  the  relevant  crack  propagation  rates  are  10  ”  cm  s  ',  and 
on  developing  the  qualitative  prediction  capability  shown  in  Figure 
3.  The  semiquantitative  methodology  described  above  is  not  capable 
of  this.  Thus,  m  the  following  section,  the  advances  in  quantifying  the 
rate-determining  reactions  that  occur  at  the  crack  tip  and  then 
Influence  m  the  life-prediction  methodology  are  described. 
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FIGURE  15— Suggested4  variation  In  environment-controlled 
crack  propagation  rate  with  (a)  stress  intensity  for  various 
crack-tip  deformation  rates  COD  and  (b)  electrode  potential. 
(Note  the  suggested  rate-controlling  parameters  and  the  fact 
that  these  relationships  should  be  bounded  by  a  maximum 
crack  propagation  and  a  minimum  theoretical  K,scc  or  KTH.) 


Quantification  of  the  Crack-Tip  System 

But  facts  are  chiels  that  wmna  ding  an'  canna  be  disputed" 
From  Robert  Burns  (1759-1796).  A  Dream 

The  purpose  of  this  section  is  to  reviow  the  present  quantitative 
knowledge  of  the  nature  of  the  crack-tip  system  in  aqueous  environ¬ 
ments,  especially  as  it  relates  to  the  rate-controlling  reactions  for 
crack  propagation. 

Crack-tip  solution  composition 

The  parameters  requiring  definition  in  the  crack  tip  solution  are 
the  electrode  potential,  anionic  activity,  and  pH,  since  these  can 
affect  the  metal  oxidation  and  hydrogen  ion  or  water  reduction 
kinetics  that  are  central  to  the  candidate  crack  propagation  mecha 
nisms.  In  addition  to  the  steady  stale  composition  at  the  crack  tip.  it 
is  also  necessary  to  know  the  rate  at  which  the  crack  tip  composition 
changes  following  abrupt  alterations  in  the  bulk  (external)  solution 
composition,  such  alterations  m  bulk  solution  chemistry  occur  in 
practice  and  lead  to  changes  in  propagation  rate,  which  may  be 
delayed  because  of  mass  transport  considerations  down  the  crack 
length, *-80'8a 


EICM  Proceedings 


145 


coRROSJON-rariGUE 

_ i _ 


MECHANICAL 

FATIGUE 


STRESS-CORROSION 


CRACK  GROWTH 


CRACK  INITIATION 


LOCALIZED  LOCALIZED 
MECHANICAL  DEFORMATION  ENVIRONMENT 


_L 


ELECTRODE  REACTION 
AT  CRACK  TIP 

|  E.pH.A 


PITTING  l/GA 


SUP -DISSOLUTION 
MOpa 


HjO+ OR  SOLVATION 
I  LIGAND  RENEWAL  RATE 
OR  M  +  REMOVAL  RATE 


DISSOLUTION  AT  DISSOLUTION  ADATOM 
CRACK  SIDES  AT  CRACK  TIP  COVERAGE 
$H 


HYDROGEN-EMBRITTLEMENT 

_ L 


“I 


H‘ TRANSPORT - 

MAfRIX  OISLOdATION  _ 
TRANSPORT 


I 

I 

I 


PASSIVATION 

RATE 


OXIDE  RllPTURE 
RATE 


DISSOLUTION/  SOLID- 
PRECIPITATION  STATE 


(SOLUTION  WMPINGI 


I — ' - 1 

REACTION  OMCE  DEFORMATION  RATE 
RUPTURE  AT  CRACK  TIP 
STRAIN  | 

DISLOCATION  DISLOCATION 


VELOCITY  MORPHOLOGY 


(CHEMICAL  BLUNTINGI 


I 

APPLIED  STRAIN  I  LOCALIZED  FLOW-1  I 
RATE  |  STRESS  | 

STRESS  DISTRIBUTION - 1 

AT  MOVING  CRACK  TIP 

l 

STRESS-INTENSITY 


(PLASTIC 

BLUNTINGI 


-  CRACK-BLUNTING 


CRACK-BRANCHING 


FIGURE  16— Suggested  interaction  paths  between  the  modes 
and  mechanisms  of  environmentally  controlled  fracture  In 
ductile  alloy/aqueous  environment  systems  and  the  various 
rate-determining  steps  In  crack  propagation.  Solid  lines  denote 
primary  interactions,  dashed  lines  denote  secondary 
interactions.4,7 


Advances  in  this  area  have  been  accomplished  by  an  iterative 
process  of  modeling  and  experimental  studies;  these  have  been 
extensively  reviewed  by  Turnbull.83'85  in  these  reviews,  discussion  is 
given  to  the  strengths  and  weaknesses  of  the  various  direct  and 
indirect  experimental  techniques  (or  determining  the  crack-tip  solu 
tion  composition.  These  aspects  will  not  be  repeated  in  the  present 
review;  howevsr,  modeling  and  experimental  results  will  be  covered 
and  updated. 

The  electrode  potential,  pH,  and  ionic  activity  at  the  crack  tip  can 
be  different  from  those  values  at  the  exposed  crack  mouth80  because 
of  the  restricted  mass  transport  in  the  crack  enclave  and  the 
consequent  separation  of  the  main  oxidation  and  reduction  sites 
(Figure  17).  All  mass  transport  models  are  based  on  relationships 
between  the  flux  of  the  various  species  and  reaction  rates  that  are 
occurring  at  various  points  down  the  crack,87  and  take  into  account 
the  following; 

V 1 1  The  HuxotL.ll  species  into  and  out  el  the  crack  may  be  controlled 
by  Fickian  diffusion,  ionic  migration,  and  convection. 

Ji  =  -D.VC,  -  Z.n.FC.Vi*.  +  C,V  (6) 

where  J,  is  the  llux  of  species  I  (mol/cm3  s),  C,  is  the  concentration  of 
species  i  (mol/cm3),  4>  is  is  the  potential  of  the  solution  (volts)  and  V 
is  tho  velocity  field  (cm/s)  resulting  Irom  either  natural  (e.g.,  solution 
density)  or  forced  (e.g.,  relative  movement  ot  the  crack  sides  during 
cyclic  loading)  convection.  D,  and  p,  are  the  diffusion  coefficient 
(cm2/s)  and  ionic  mobility  (cm ' 2  mo!/J-s),  respectively,  and  for  dilute 
systems  are  related  through  the  Nernst-Einstem  equation: 

D,  =  RTp,  (7) 


It  Is  important  to  note  that  these  (luxes  may  be  acting  in  different 
directions,  giving  rise  to  dynamic  equilibria.  For  instance,  if  the  crack 
mouth  is  at  a  more  positive  potential  than  the  crack  tip,  anions  will 


diffuse  to  the  crack  tip,  but  the  steady-state  anionic  activity  at  that 
position  will  be  governed  by  a  Fickian  diffusion  flux  of  anions  away 
from  the  crack  tip;  this  point  will  be  expanded  upon  later  in  this  review. 

(2)  Mass  conservation  of  species  within  the  crack  is  obeyed: 

dC/dt  =  —  VJ,  +  R,  (8) 

where  Rf  is  the  net  production  (or  depletion)  of  species  (i)  per  unit 
volume  due  to  homogeneous  reactions;  i.e.,  this  does  not  include  the 
heterogeneous  reactions  such  as  electrode  reactions  occurring  on 
the  surfaces  that  are  accounted  for  via  (3). 

(3)  The  relationship  between  the  flux  of  a  charged  species  and  the 
electrochemical  reaction  rate: 


id  =  S,Z,J|  (9) 

(4)  Electroneutrality  is  conserved  at  all  points  down  the  crack 
length: 


S,Z,C|  =  0 


(10) 
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WHERE  V=f(AP,ACOD) 


FIGURE  17- Schematic  of  a  crack  and  the  associated  mass 
transport  and  thermodynamic  criteria  that  govern  the  crack-tip 
environment. 

These  equations  apply  specifically  to  dilute  solutions,  and 
ignore  solule-solute  interactions,  activity  coefficient  corrections,  etc., 
that  are  necessary  for  more  concentrated  environments.  Although 
corrections  can  be  made,87,88  (he  usual  procedure  is  to  use  the 
above  relations  regardless  of  the  solute  concentration.  The  solution 
of  these  equations  requires  adequate  knowledge  of  tho  relevant 
reaction  rates,  diffusion  coefficients,  convection  effects  in  the  com¬ 
plicated  crack  geometries  encountered,  etc.  Since  these  data  are  not 
always  readily  available,  simplifying  assumptions  are  often  used.  For 
example,  most  modeling  analyses  confine  mass  transport  to  one 
dimensional  (low  along  the  length  axis  of  a  parallel-sided  or  wedge 
shaped  crack  and  ignore  the  multidimensional  aspects  of  concen¬ 
tration  gradients  between  the  walls  of  the  cracks  and  across  the 
specimen.  Although  such  multidimensional  (lux  aspects  may  ac¬ 
count,  (or  instance,  for  different  crack-front  shapes,89  and  more 
recent  modeling88,90,9’  and  experimental92  studies  can  account  for 
two-dimensional  flow  characteristics,  Turnbull  concludes  that  the 
present  one-dimensional  analyses  can  give  usable  predictions 
relevant  to  practical  application.63  Even  so,  further  simplifying 
approaches  have  generally  been  made  in  modeling  analyses,  which 
have  included  neglecting  one  or  two  of  tho  possible  three  mass 
transport  processes  in  Equation  (6).  For  instance, 

(1)  Analysis  of  Fickian  diffusion  alone  in  cracks,93'94  pits  95,96  and 
crevices;97 

(2)  Analysis  of  ionic  migration  alone  in  cracks,98  103  pits,’04  and 
crevices;'05 
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(3)  Analysis  of  the  combined  effects  of  Fickian  diffusion  and  ionic 
migration  in  cracks71,72-106''09  and  pits;110,111  and 

(4)  Analysis  of  convection  effects  resulting  from  the  movement  of 
the  advancing  stress  corrosion  crack  tip1 12 113  or  that  associated 
with  the  relative  movement  of  the  crack  sides  during  fatigue 
loading.93,1 ,4'' 18 

The  validity  of  these  simplifications  can  be  assessed83  in  terms 
of  the  actual  operating  conditions;  for  instance,  the  assumption  of  a 
dominant  Fickian  diffusion  component  may  be  valid  for  stress 
corrosion  in  stagnant,  deaerated  environments,  etc.  Thus,  although 
significant  problems  remain  for  mathematical  analysis89,90,119  in 
addressing  the  combinations  of  the  mass  transport  mechanisms  and 
obtaining  adequate  input  data  to  the  mathematical  solutions,  the 
current  modeling  capabilities  give  good  guidance  as  to  the  expected 
distribution  of  potential,  pH,  and  anionic  activity  between  the  crack  tip 
and  exposed  crack  mouth. 

The  fact  that  the  sites  of  the  main  oxidation  and  reduction 
reactions  may  be  separated  (e.g.,  because  of  the  depletion  of 
dissolved  oxygen  within  the  crack)  leads  to  the  possibility  of  a 
potential  drop  down  the  crack  length,  the  extent  of  which  will  depend 
on  the  net  ionic  current  and  the  solution  resistivity.  In  relatively  high- 
conductivity  solutions  (for  example,  3%  NaCI  or  seawater),  the 
difference  in  potential  between  the  crack  mouth  and  crack  tip  may  be 
minimal  over  an  extended  crack-mouth  potential  range  (Figure 
18) 85-120  At  extreme  negative  potentials  at  the  crack  mouth,  a 
potential  drop  down  the  crack  length  becomes  apparent  as  the 
hydrogen-ion  or  water-reduction  current  density  increases,  or  as 
hydrogen  bubbles  in  the  crack  increase  the  resistive  path.108121-122 
At  very  positive  crack-mouth  potentials,  a  potential  drop  between 
crack  mouth  and  tip  is  observed  as  the  oxidation  rate  increases,  with 
the  limiting  value  of  the  crack-tip  potential  being  associated  with 
metal  salt  deposition.  Although  the  data  in  Figure  18  are  associated 
with  carbon  steels  in  an  active  state  in  chloride  solutions,  very  similar 
relations  are  observed  in,  for  instance,  carbonale/bicarbonate 
solutions123  and  for  SS,108 124'126  titanium,127  and  aluminum128,129 
alloys  in  chloride  solutions  in  which  the  increasing  potential  drops  at 
the  more  positive  potentials  are  exacerbated  by  the  cell  current 
increases  associated  with  oxide  breakdown.  Although  "high"  poten¬ 
tial  drops  may  be  experienced  down  the  crack  length  if  high  oxidation 
currents  are  created  at  the  crack  tip  because  of,  for  instance,  oxide 
breakdown,  the  potential  drop  in  the  high-conductivity  media  is  still 
generally  150  mV.  However,  this  is  not  the  case  for  high-resistivity 
solutions,  such  as  high-purity  water.  In  this  case,  il  the  crack  mouth 
is  held  at  a  positive  potential  by  reduction  of  dissolved  oxygen,  then 
the  potential  drop  down  the  crack  may  be  around  500  mV  (Figure  1 9). 

The  presence  of  a  potential  drop  down  the  crack  length  can  lead 
to  ion  migration  and  anionic  concentration  at  the  crack  tip.  If  there  are 
non-OH"  anions  present,  then  this  concentration  will  lead  to  an 
excess  concentration  of  hydrogen  ions  In  the  crack-tip  region  to 
maintain  solution  electroneutrality.  If  the  anionic  activity  is  high 
enough  to  precipitate  a  metal  salt,  then  the  cationic  activity  will  be 
fixed  by  the  solubility  product  of  the  salt  and  anion  activity.  In  turn,  the 
maximum  hydrogen  ion  activity  possible  at  the  crack  tip  will  depend 
on  the  hydrolysis  constant  (KH)  of  the  metallic  cation,  e.g..  for  tho 
hydrolysis  reaction 

2Fe3+  +  6H20  *F0gO3  +  6H+  (11a) 

then 

r  .  i6  r  i2 

la  hJ  -  K„[  aFeJ«J  -  »■  .  (11b) 

laFop3l 

Tho  hydrolysis  constant  will  vary  with  the  metal  cation,132  being  high 
for  Cr3+,  Fe3*,  Al3+,  in  comparison  to  Fe2+.  Mn2\  or  Ni2+.  Thus, 
if  Cr3*  cations  are  introduced,  either  as  a  dissolved  salt134  or  as  a 


dissolution  product133  from  the  steel  (Figure  20),  a  lowering  of  the 
crack-tip  pH  is  expected.84,85 

The  steady-state  potential/pH  conditions  at  the  crack  tip  are 
governed  by  the  dynamic  equilibrium  associated  with  the  metal 
oxidation  and  H20  or  H+  reduction  reactions.  Thus,  the  steady-state 
potential/pH  combinations  at  a  crevice/crack  tip  in,  for  instance, 
iron-base  alloys  in  reasonably  concentrated  chloride  solutions84 
generally  fall  below  the  H +/H2  equilibrium  line  on  a  Pourbaix  diagram 
and  around  the  Fe/Fe304  equilibrium  line  (Figure  21  ),84  with  the 
minimum  observed  pH  at  the  crack  tip  being  associated  with  the 
reasoning  given  by  Equation  (11b).  The  crack-tip  pH  varies  with 
potential  drop  down  the  crack,  being  acidic  when  the  crack  mouth  is 
more  positive,  or  alkaline  when  the  crack  mouth  is  more  negative 
than  the  crack  tip.  An  example  of  the  former  case  for  a  SS  crevice 
filled  with  0.1  M  sodium  sulfate  and  exposed  to  288°C  oxygenated 
water  is  shown  in  Figure  22,  illustrating  the  steady-state  potential/pH 
conditions  maintained  under  the  indicated  potential  drop  down  the 
crevice,  and  the  correlation  between  these  potential/pH  conditions 
and  the  Fe/Fe304  and  equilibrium  values5,135 

Acidification  of  the  crack  tip  is  not  possible  it  there  is  no  potential 
drop  down  the  crack  or  if  there  are  no  non-OH  anions  to  maintain 
electroneutrality.s  This  is  illustrated  in  Figure  23  for  crevices  in 
several  iron-base  alloys  exposed  to  deaerated  water  at  288°C  in 
which  the  pH  of  the  bulk  water  has  been  varied  with  LiOH 
additions.131  In  this  case,  no  potential  change  is  measured  between 
the  crevice  tip  and  mouth  and,  consequently,  there  is  no  difference  in 
pH  between  these  two  regions.  A  similar  situation  can  occur  in  bulk 
aerated  water  (Figure  24)5  for  nickel-base  alloys,  because,  although 
a  potential  drop  may  exist  initially,  the  resultant  acidification  and 
increase  in  crevice-tip  potential,  according  to  the  Ni/NiO  equilibrium 
line,  leads  to  a  situation  where  there  is  no  potential  drop  down  the 
crevice  after  approximately  two  days  of  exposure,  thus,  the  acidity  of 
the  crevice  tip  cannot  be  maintained,5 136  and  the  crevice-tip  pH 
approaches  neutrality. 

The  criteria  described  above  for  the  potential/pH  conditions  at 
the  tip  of  an  occluded  cell  apply  equally  well  to  cracks137  139  or 
crevices,  as  indicated  by  the  "crack”  data  in  Figures  19  and  21. 
Interestingly,  when  cracks  are  advancing  (i.e.,  K  ->  Klscc),  the 
crack-tip  acidity  may  increase.130 139  Such  observations  are  in  line 
not  only  with  the  model  predictions106  (i.e.,  the  increased  oxidation 
current  at  the  crack  tip  leads  to  an  increase  in  potential  drop,  anionic 
mass  transport  to  the  crack  tip  and  hence,  for  electroneutrality 
reasons,  an  increase  in  hydrogen  cation  activity),  but  also  with 
simulated  crack  experiments  involving  a  strained  crevice-tip  region. 1 40 

If  straining  at  the  crack  tip  results  from  cyclic  loading  and  the 
relative  movement  of  the  crack  sides,  then,  theoretically,  mass 
transport  by  convection  may  be  affected.93,114'117  Unfortunately, 
relatively  few  experimental  investigations  of  these  effects  have  been 
conducted.  However,  Charles,  et  al.,141  and  Andresen5  have  both 
indicated  that  appreciable  cyclic  frequencies  and/or  crack-mouth¬ 
opening  displacements  were  required  to  enhance  the  net  mass 
transport  rate  in  the  crack.  Indeed,  the  magnitude  of  these  two 
loading  variables  was  enough  to  suggest  that  the  changes  in  mass 
transport  resultirj  f'om  the  relative  movement  of  the  crack  sides 
were  practically  unimportant,  since  the  time-dependent  crack  prop¬ 
agation  rate  under  these  extreme  loading  conditions  would  be 
dominated  by  the  mechanical  fatigue  failure  rather  than  the  environ¬ 
mental  component  (Figure  8).5  However,  both  of  these  experimental 
studies  also  indicated  that  the  flow  of  the  bulk  solution  past  the  mouth 
of  the  crack  may  have  a  significant  effect  in  increasing  the  mass 
transport  rate  of  species  out  of  fhe  crack;  this  effect  could  bo  either 
because  of  the  flow-induced  pressure  drop  across  the  mouth  of  the 
crack  and  the  effect  this  would  have  on  the  near-crack-mouth 
hydrodynamics,  or  because  the  solution  that  was  forced  out  of  the 
crack  mouth  during  the  closure  part  of  tho  cyclic  loading  period  was 
swept  away  rather  than  getting  drawn  back  into  the  crack  during  tho 
subsequent  crack-mouth  opening. 
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FIGURE  18— Variation  of  the  potential  in  crevice  with  external  potential  for  BS  4360  50D  steel  In 
3.5%  NaCI  and  In  seawater.85,120 


FIGURE  19— Crack-tip  potential  and  pH  variations  as  a  function 
of  dissolved  oxygen  content  In  water  external  to  the  crack.  The 
observed  data  for  crack-tip  conditions  at  288°C  are  for  carbon 
steel  ( *  );131  A533B  ( •  );,8°  and  stainless  steel  { A ),  ( A  ).5  in  this 
data,  the  carbon  steel  and  stainless  steel  were  In  the  form  of 
tubular  crevices  and  the  A533B  specimens  were  cracks. 


values  at  the  crack  tip  (Figures  21  and  22).  In  higher  purity 
environments,  however,  crack-tip  pH  values  nearer  neutrality  are 
likely,  with  the  value  dictated  by  the  crack-tip  anionic  activity  that  is 
governed  by  the  dynamic  equilibria  among  the  various  mass  trans¬ 
port  mechanisms.  Andresen  has  systematically  measured  the  con¬ 
tributions  of  Fickian  diffusion,  ionic  migration,  and  natural  and  forced 
convection  on  the  mass  transport  of  anions  in  and  out  of  a  simulated 
crack.5  80'82  Some  of  the  experimental  data  have  been  analyzed  in 
terms  of  one-  and  two-dimensional  mathematical  modeling.90  For 
instance,  when  a  potential  field  is  applied  between  the  crack  mouth 
and  tip,  a  time  delay  has  been  observed  before  a  corresponding 
change  in  the  anionic  activity  at  various  regions  of  the  crack  enclave. 
If  the  potential  field  causes  an  increase  in  anionic  activity  at  the  crack 
tip,  this  increase  will  be  limited  by  the  counteracting  Fickian  diffusion 
of  anions  away  from  the  crack  tip.  Consequently,  after  a  predictable 
time,  a  steady-state  anionic  activity  (a<.,)  at  the  crack  tip  is  achieved 
(Figure  25),  which,  for  cracks  of  sufficiently  high  aspect  ratio,  is 
governed  by  the  following: 

a,,  -  ab(316)5*  (12) 

where  a0  is  the  anionic  activity  in  the  bulk  system  and  A<J>  is  the 
potential  drop  down  the  crack. 


FIGURE  20-Crevlce  pH  of  Fe-Cr  binary  alloys  as  a  function  of 
the  chromium  content  of  the  alloy.153 


So  far  discussion  has  centered  around  relatively  concentrated 
non  OH"  anionic  concentrations  in  the  crack  enclave,  that,  under  the 
appropriate  potential  conditions,  allows  the  maintenance  of  low  pH 


The  transients  in  crack-tip  anionic  activity  resulting  from,  for 
instance,  step  changes  in  bulk  solution  anionic  activity  or  from 
corrosion  potential  at  the  crack  mouth  are  mirrored  by  the  observed 
transients  in  the  crack  growth  rate  in,  for  instance,  sensitized  type 
304  (UNS  S30400)  SS/water  systems.s  As  noted  in  Figure  26.  there 
are  significant  differences  in  the  effects  of  rising  and  falling  bulk 
solution  anionic  activity  (conductivity)  on  the  time  to  achieve  a  new 
steady-state  crack  growth  rate5  for  SSs  in  oxygenated  288°C  water. 
This  is  consistent  with  the  theoretical  predictions  of  the  potential 
driven  ionic  migration,  producing  a  rapid  concentration  of  anions  at 
the  crack  tip  but  providing  a  slowing  down  effect  on  the  removal  of 
anions  by  Fickian  diffusion  if  the  bulk  solution  anionic  concentration 
is  subsequently  lowered.5  It  follows  from  Equation  (12),  therefore, 
that,  in  very  dilute  environments,  the  enhancement  in  crack-tip 
anionic  activity  over  the  bulk  solution  is  limited  to  £  X100  (which 
occurs  at  the  highest  foreseeable  potential  drop  in  the  crack  of  '0.8 
volts);  thus,  it  is  unlikely  that  salt  precipitation  would  occur  at  the 
crack  tip.  For  bulk  solution  anionic  concentrations  of  the  order  of  10 
to  35  ppb,  the  maximum  anionic  concentration  at  the  crack  tip  would 
be  in  the  range  1  to  3.5  ppm,  which,  from  electroneutrality  consid¬ 
erations,  would  correspond  to  minimum  crack-tip  pH25  values  in  the 
range  4  to  5  rather  than  2  expected  in  concentrated  solutions/high- 
chromium  alloy  systems  (see,  for  mstanco,  Figure  20). 
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FIGURE  21  -Variation  of  pH  with  potential  In  localized  corrosion  cavities  for  steels  in  the  active 
state.84  (Note  that  the  reference  numbers  on  the  graph  refer  to  data  sources  given  in  Reference 
84  of  the  present  review.) 


FIGURE  22— Time-dependent  E/pH  corrosion  trajectory  for  so¬ 
lution-annealed  typo  304L  (UNS  S30403)  stainless  steel  crevice 
containing  0.1  M  Na2SO<  Initially  acidified  to  pH25  1.7  with 
H2S04.  External  solution  Is  oxygenated  water  at  288’C, 5,135 
Shown  ore  the  lines  connecting  the  internal  and  external 
potential/pH  values  after  various  exposure  times  (Indicated  In 
days). 

it  should  be  stressed  tnat  the  reasoning  given  above  applies  to 
the  situation  in  which  the  source  ol  anion  is  the  bulk  solution  external 
to  the  cracK.  It  is  possible,  however,  that  in  some  systems  the  alloy 
can  be  an  anion  source  resulting  from  the  dissolution  of  inclusions 
that  intersect  the  crack  enclave.  This  aspect  has  been 


addressed1,5'131,142  145  for  low-alloy  steels  in  high-temperature  water 
where  MnS  inclusions  may  dissolve;146'148  the  impact  of  this  is  that 
the  sulfur-rich  anion  content  at  the  crack  tip  is  not  solely  a  function  of 
the  mass  transport  criteria  discussed  above  but  is  also  a  function  of 
the  dissolution  rates  of  the  MnS  inclusions  and  the  periodicity  of 
introduction  of  fresh  inclusions  to  the  advancing  crack  tip  (Figure 
27).1  Although  preliminary  modeling  of  such  complex  processes 
gives  a  sensible  rationalization  of  the  observed  stress  corrosion 
cracking1  and  corrosion  fatigue131,145,148,149  behavior  of  low-alloy 
steels  in  288°C  water,  further  analysis  is  required  to  account  for 
inclusion  size  and  orientation  effects  on  these  mass  transport  criteria. 


FIGURE  23-Range  of  corrosion  potentials  noted  for  Iron-base 
alloys*  In  simulated  pressurized  water  reactor  water  at  288,,C.131 
(Note  It  has  been  observed  that,  for  such  deaerated  conditions, 
the  crevice  potont’dl/pH  conditions  are  within  the  hatched 
region.) 

It  is  concluded  that  the  basic  mathematical  analyses  for  defining 
the  crack-tip  solution  composition  are  probably  adequate  to  give  a 
reasonable  start  in  developing  a  quantitative  life-prediction  method¬ 
ology  for  environmentally  assisted  cracking  (Figure  3).  this  will  be 
demonstrated  later.  These  analytical  capabilities,  in  conjunction  with 
experimental  verification,  lead  to  thermodynamics  and  kinetics 
based  definitions  of  the  crack  tip  potential  and  pH  (e  g .  Figures 
21-24)  and  the  crack-tip  anion  content  [e.g..  Equation  (12)).  Obvi- 
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ously,  there  are  many  uncertainties  behind  this  somewhat  optimistic 
conclusion,  and  these  may  be  associated  with  (a)  extension  of  these 
mathematical  modeling  analyses  [e.g ,  Equations  (6-10)]  to  cover 
more  concentrated  solutions  for  multidimensional  flow  under  all 
combinations  of  mass  transport  mechanisms,  and  (b)  the  accumu¬ 
lation  of  the  low-  and  high-temperature  data  on  diffusion  coefficients, 
activity  coefficients,  reaction  rates,  etc.,  that  are  required  for  the 
solution  of  these  mathematical  analyses. 


FIGURE  24— Potential/pH  measurements  on  tubular  Inconel  600 
(UNS  N06600)  specimen  when  the  tube  bore  Initially  contains 
acidified  Na2SO„,  and  the  external  environment  Is  water  at 
288°C,  containing  8  ppm  oxygen.  Shown  are  tie  lines  connecting 
the  Internal  and  external  potentlal/pH  values  after  various 
exposure  times  (Indicated  in  days).* 


FIGURE  25— Comparison  between  the  transients  In  anionic 
activity  at  a  crack  tip  and  crack  velocity  following  a  change  In 
bulk  solution  anionic  activity.*  Crack  growth  data  for  sensitized 
type  304  (UNS  S30400)  stainless  steel  In  200  ppb  oxygenated 
water,  which  undergoes  a  conductivity  transient. 


Perhaps  the  most  practically  pressing  uncertainty  about  the 
current  crack-tip  solution  analyses  is  the  treatment  of  crack  dimen¬ 
sions,  especially  for  crack  depths  of  metallurgical  dimensions  (e.g., 
^  100  |j.m).  Certainly,  the  mathematical  modeling  can  be  applied  to 
these  circumstances  (e.g.,  pits),  provided  the  correct  boundary 
conditions  are  used,  but  the  difficulty  arises  in  experimentally 
verifying  these  analyses  for  propagating  cracks.  Preliminary  unpub¬ 
lished  measurements  of  crack  propagation  for  very  shallow  cracks 
indicate  that  the  "long  crack”  solution  chemistry  analyses  may  be 
applicable  for  crack  depths  a  25  to  50  pm  (for  ductile  type  304  SS  in 
288°C  water),150  but  modification  to  these  analyses  are  required  for 
shorter  cracks.  Although  such  may  be  the  case  for  situations  where 
forced  convection  is  not  a  dominant  factor,  current  solution  chemistry 
modeling  for  convection  effects  associated  with  cyclic  loading 
indicates  that,  below  a  certain  crack  depth,  the  dominant  mass 
transport  mechanism  at  the  crack  tip  changes  from  Fickian  diffusion 
to  forced  convection.118  This  critical  crack  depth  (1CTt)  depends  on 
the  diffusion  coefficient  (D),  loading  frequency  (0,  and  mean  stress 
ratio  (R).118  For  instance,  for  parallel-sided  cracks: 


^cnt 


VD/f 


(13) 


Such  an  analysis  has  been  used  by  Gangloff151  to  explain  “ano- 
molous”  corrosion  fatigue  propagation  rates  in  short  cracks  (~  1  mm) 
in  relatively  high-strength  steels  in  NaCI,  in  terms  of  the  ease  of 
transport  of  oxygen  to  the  crack  tip  and  the  effect  this  has  on  a  HE 
mechanism  of  crack  propagation.  However,  uncertainties  persist  in 
the  treatment  of  physically  and  metallurgically  short  cracks  in  terms 
of  both  the  definition  of  the  crack-tip  environment  and  the  formulation 
of  the  crack-tip  strain  rate  (discussed  later).152 


Crack-tip  reaction  rates 

The  electrochemical  (and  chemical)  reaction  rates  can  increase 
markedly  when  a  protective  surface  oxide/film  is  ruptured,  and  these 
transients  are  central  to  crack  propagation  processes  occurring  at  a 
strained  crack  tip  (see  the  discussion  of  the  candidate  propagation 
mechanisms  above).  Therefore,  to  formulate  a  life-prediction  meth¬ 
odology,  such  reaction  rates  must  be  measured  in  the  relevant 
crack-tip  material/environment  system.  The  definition  of  the  crack-tip 
system  in  terms  of  the  solution  composition  and  electrode  potential 
was  discussed  in  the  previous  section.  The  alloy  composition  at  the 
tip  of  a  transgranular  crack  is  generally  assumed  to  be  that  of  the  bulk 
alloy.  In  comparison,  the  alloy  composition  at  the  tip  of  an  intergran¬ 
ular  crack  may  be  considerably  different  from  the  bulk  composition  if 
elemental  segregation,  or  denudation,  at  the  grain  boundary  occurs 
at  rates  controlled  by,  for  example,  thermally  induced  diffusion  and/or 
irradiation-assisted  damage.  Discussion  of  these  latter  metallurgical 
aspects  is  outside  the  range  of  this  particular  review,  but  certainly 
there  is  adequate  knowledge,  backed  up  by  extensive  analytical 
electron  microscope  studies,  to  allow  definition  of  the  grain-boundary 
composition  in  terms  of  the  thermal  or  irradiation  history  and  the  bulk 
alloy  composition  (see  References  153-158). 

The  oxidation  rates  on  a  bare  surface  have  a  direct  relationship 
to  the  crack  propagation  rate  that  is  proposed  by  the  slip-dissolution 
model  (Figure  6).  In  many  circumstances  (as  will  be  discussed  later), 
the  dissolution  rate  on  a  bare  surface  (ib)  can  bo  maintained  for  a  time 
(tg)  before  the  net  oxidation  current  density  decreases  because  of 
oxide  formation;  such  a  current  density  decay  may  occur  by  a  power 
law  of  the  general  form: 


(14) 


Integration  of  this  relationship  with  respect  to  time  to  give  the 
oxidation  charge  density  leads  directly  to  the  expanded  version  of 
Equation  (2).  When  the  average  periodicity  of  oxide  rupture  (t,) 
(-  e/e)  is  significantly  greater  than  t0,  then  the  average  crack 
propagation  rate  is  given  by 


V,=  M 
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FIGURE  26— Crack  growth  rate  responses  for  a  cyclically  loaded,  sensitized  type  304  (UNS 
S30400)  stainless  steel  specimen  in  288°C,  200  ppb  oxygenated  water,  following  changes  In  bulk 
water  conductivity.5 


FIGURE  27-Schematlc  of  advancing  crack  tip  in  mild  or 
low-alloy  steel  showing  the  mass  transport  balance  for  dissolv¬ 
ing  MnS  Inclusions.1’1*® 


However,  the  crack  tip  will  be  maintained  m  a  bare-surface  condition 
il  the  value  of  t,  is  less  than  t0,  and  under  those  high  crack-tip 
strain-rate  situations,  the  maximum  crack  propagation  rate  corre 
sponds  to  the  Faradaic  equivalent  ol  the  bare-surface  current  density 
(i0)  (see  Figures  5,  8,  and  12): 


Thus,  the  measurement  ol  the  oxidation  rate  on  a  bare  surface  in  the 
relevant  crack-tip  matoriai/environmont  system  gives  a  unique  and 
fundamental  prediction  ol  the  crack  propagation  rate.  Unfortunately, 
such  a  clear-cut  situation  does  not  exist  lor  HE  mechanisms  because 
the  hydrogen-ion  and/or  water-reduction  processes  at  a  bared  crack 
tip  are  not  the  atom-atom  rupture  processes  pertinent  to  the  crack 
advance.  Increases  in  these  reduction  rates  have  been  noted  when 
a  surface  oxide  is  ruptured,75-159,160  and  this  can  lead  to  increases  in 
the  degree  ol  hydrogen  absorption  and  permeation  into  the  under¬ 
lying  metal  matrix.101’154  Although  such  changes  may  relate  to 
changes  in  crack  growth  rate  by  a  specified  HE  model,  the 
fundamental  validity  ol  these  correlations  is  suspect  without  specific 
knowledge  ot  the  hydrogen  adatom  recombination  kinetics,  degiee  ul 
dislocation-aided  hydrogen  diffusion,  etc. 


Various  techniques  have  been  used  for  creating  the  bare 
surface  upon  which  the  oxidation  and  reduction  rates  are  measured. 
These  have  included  mechanical  methods  to  rupture  the  surface 
oxide  such  as  slowly75-160-165’170  or  rapidly171-172  straining  the  alloy; 
completely  fracturing  the  specimen  to  create  a  bare  fracture  surface,173' 
177  cyclic  straining,160-178  scratching  the  alloy  surface, 159-179’189  or 
grinding.174-190  Alternatively,  electrochemical  methods  have  been 
used  that  involve  cathodically  reducing  the  oxide  (e.g.,  References  5, 

1 91  -1 93),  then  rapidly  pulsing  the  potential  to  that  of  interest  vis-h-vis 
the  predicted  crack-tip  conditions.  The  experimental  outputs  may  be 
either  changes  in  corrosion  potential  (e.g.,  Reference  1 94),  when  the 
specimen  has  been  strained  under  open-circuit  conditions,  or  changes 
in  cell  current,  when  the  strained  specimen  is  connected  galvanically 
to  a  largo  surface  area  of  oxidized  alloy.176  More  generally,  however, 
the  oxidation  current  density  on  the  bare  surface  has  been  made 
under  conventional  three-electrode  potentiostatic  control  with,  in 
some  cases,  eltipsometric  measurements  of  film  growth.193 

Recently,  several  comparisons  have  been  made  between  the 
bare-surface  reaction  rates  produced  by  the  various  experimental 
techniques.5-195-106  Although  all  the  techniques  give  the  same 
general  responses  in  terms  of  the  changes  in  the  bare  surface 
reaction  rates  with,  for  instance,  corrosion  potential,  pH.  anionic 
activity,  etc.,  questions  have  arisen  about  the  absolute  values  of 
these  reaction  rates  obtained  by  the  various  techniques.  Such 
differences  are  usually  related  to  the  various  aspects  of  experimental 
technique.  For  instance,  uncertainty  in  the  reaction  rate  analyses  can 
arise  for  several  reasons: 

(1)  Uncertainty  concerning  the  bare  surface  area.  Since  it  is  the 
oxidation  or  reduction  current  density  that  is  the  important  parameter, 
uncertainty  in  the  reactive  area  leads  automatically  to  uncertainty  in 
the  crack  propagation  rate  predictions.  Differences  in  reaction  rate 
measurements  between,  say,  straining  and  scratching  electrodes 
techniques’05  may  be  related  to  uncertainties  in  the  tensile  fracture 
process  of  the  surface  oxide197  or  the  surface  roughness  produced 
in  tho  scratching  electrode  technique;198  a  similar  surface  roughness 
uncertainty  also  exists  for  experiments  that  involve  the  ductile 
fracture  of  the  alloy  specimen. 

(2)  Uncertainty  concerning  the  surface  condition  of  specimens 
cleaned  by  cathodic  reduction  of  the  oxide.  In  such  cases,  it  is  not 
always  demonstrated  that  the  oxide  has  been  completely  reduced 
before  pulsing  to  the  potential  of  interest,199  and  the  contribution  to 
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the  subsequent  oxidation  current  density  on  the  "clean"  surface 
resulting  from  the  oxidation  of  adsorbed  hydrogen  is  not  always 
defined. 

(3)  Uncertainty  concerning  the  IR  correction,  especially  during 
the  initial  high-current  pulse  of  the  reaction  rate  transient.  At  small 
anodic  overpotentials  from  the  reversible  potential  for  the  metal 
oxidation  reaction,  the  oxidation  rates  can  follow  an  activation- 
controlled  Tafel  relationship,159  200  and  at  overpotentials  that  are 
relevant  to  the  crack-tip  conditions,  high  current  densities  are 
possible.  Thus,  there  is  no  question  that,  depending  on  the  dimen¬ 
sions  of  the  working  electrode  and  the  positioning  of  the  reference 
electrode,  high  cell  currents  can  give  rise  to  ohmic  drop"  deviations 
between  the  actual  and  measured  potential.  The  saving  grace  is  that, 
practically,  this  problem  may  not  be  as  important  vis-a-vis  analysis  of 
cracking  phenomena,  since  it  only  exists  for  the  time  when  a  high  cell 
current  is  passing,  and  this  occurs  for  a  time  period  (1  to  10  ms)  that 
is  short  with  respect  to  the  time  period  of  interest  for  most 
environmentally  assisted  cracking  situations  in  which  the  periodicity 
of  oxide  rupture(=  €,/«<.,)  is  >  102  s. 

(4)  Uncertainty  regarding  the  relative  contribution  to  the  mea¬ 
sured  oxidation  current  density  transient  due,  for  example,  to  oxide 
growth  in  two  (i.e.,  surface  coverage)  dimensions,  the  dissolution  rate 
in  the  intervening  bare  area,  and,  ultimately,  the  growth  or  thickening 
of  the  oxide.  Although  some  of  these  questions  may  be  cleared  up  by 
consideration  of  the  charge  density  passed  or  by  ellipsometric 
studies,  this  remains  an  analytical  problem.  Again,  however,  it  may 
be  of  less  importance  practically  since  what  is  required  to  a  first 
approximation  is  knowledge  of  the  total  oxidation  charge  density 
rather  than  its  component  parts,  i.e.,  the  movement  of  the  metal/en¬ 
vironment  interface  regardless  of  whether  the  "environment”  is  the 
solution  or  the  converted  oxide/film. 

Although  this  latter  statement  is  correct  pragmatically,  it  does 
not  alter  the  fact  that  knowledge  of  the  precise  atomistics  of  the 
oxidation  (and  reduction)  reaction  mechanisms  on  the  bared 
surface201,202  and  how  they  are  affected  by  the  solution  composition 
and  electrode  potential  is  of  some  importance.  For  instance, 
Burstein,184  Lorenz, 203  Nobe,204  Markus,  et  al. 205  Ljungberg,  et 
a!.,206  and  Combrade160  have  all  made  arguments  for  the  effect  of 
adsorbed  anions  on  the  activation-controlled  bare-surface  dissolu¬ 
tion  rates.  Ford  and  Andresen  have  argued  that  at  higher  anodic 
overpotentials  for  aluminum200  alloys  at  low  temperatures  and  for 
iron-  and  nickel-base  alloys  at  2883C,5-°°-81  the  rate-controlling 
process  for  bare-surface  dissolution  may  be  diffusion  of  solvating 
water  molecules  to  the  oxidizing  surface.  They  have  also  argued  that 
this  is  affected  by  the  “blocking  effect"  that  results  from  precipitation 
of  oxides  adjacent  to  that  surface.  The  common  observation  of  a 
bare-sur/ace  dissolution  rate  of  0.5  to  5  A  cm2,  regardless  of  the 
metal/environment  system  and  the  experimental  procedures,  seems 
to  be  a  powerful  argument  for  a  common  rate-controlling  reaction, 
i.e.,  diffusion  of  solvating  water  molecules.  For  many  systems,  the 
bare-surface  dissolution  reaction  is  followed  by  a  decay  in  the  overall 
oxidation  rate  given  by  Equation  (14)(5-,7,,,73-,85-,8°  or,  in  some 
cases, 75-167-187'189  by  the  following: 

i,  =  i„exp(-ptn)  (17) 

In  the  limit,  the  value  of  n  in  Equation  (14)  approaches  unity  (see 
References  5,  75,  159,  200,  201),  which  would  approximately 
correspond  to  the  predictions  of  the  place  exchange207  or  high 
field-ion  migration208  mechanisms  of  oxide  growth.  Engseth  and 
Scully  have  suggested  that  the  law  given  by  Equation  t,1 7)  represents 
a  summation  ot  individual  growth  laws,  each  governed  by  Equation 
04),  which  originate  at  different  times  on  the  strained  surfaco.16’ 
Under  certain  combinations  of  material,  composition,  solution  pH, 
electrode  potential,  and  anionic  type  or  activity,  the  value  of  n  may 
decrease  because  ot  the  breakdown  of  the  growing  oxide5 75 159  200 
as  anions  become  incorporated  into  it  figure  28),5  The  mean  value 
ot  n  over  time  periods  of  consequence  to  environmentally  assisted 
cracking  g.e„  10s  s)  may  be  related,  therefore,  to  the  crack  tip 
material  composition,  crack-tip  potential  and  pH,  and  to  the  crack-tip 


anion  concentration  (Figure  29) 1  These  latter  parameters  may,  in 
turn,  be  related  via  the  methodology  given  in  the  previous  section  to 
measurable  bulk  system  parameters  such  as  corrosion  potential, 
anionic  conductivity,  degree  of  grain-boundary  sensitization,  etc 
(Figure  30).5  Thus,  there  emerges  a  first  principles  methodology  for 
relating  n  in  Equation  (14)  to  bulk  system  parameters  and  hence,  via 
Equation  (15),  to  the  crack  propagation  rate. 

The  main  conclusion  regarding  knowledge  of  the  crack-tip 
reaction  rates  that  are  relevant  to  the  candidate  crack  propagation 
mechanism  is  that  the  basic  quantitative  data  for  oxidation-related 
mechanisms  (i.e.,  slip  dissolution  and  film-induced  cleavage)  is  either 
available  or  experimentally  achievable.  Although  a  similar  statement 
could  be  made  for  the  hydrogen-ion  or  water-reduction  reactions  that 
are  pertinent  to  the  HE  mechanisms,  it  is  still  uncertain  as  to  how 
these  data  could  be  used  in  the  quantitative  prediction  of  the  crack 
propagation  rate,  since  the  first  principles  formulation  of  the  crack 
propagation  rate  by  these  mechanisms  [i.e.,  the  counterpart  to 
Equations  (14)  and  (15)]  have  not  yet  been  defined 
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FIGURE  28— Oxidation  current  density/time  relationships  on  a 
bare  surface  of  various  Fe-Cr-9.5NI  alloys  In  0.01  M  Na2S04  at 
288’C. 
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FIGURE  29— Variation  of  the  parameter  (n)  In  Equation  (14)  for 
various  dissolved  sulfur  concentrations.4  Data  for  mild  and 
low-alloy  steels  In  the  Initially  bare  conditions  In  sulfate,8 
borate,180,208  molybdate,5  and  chloride  solutions.180 

Crack-tip  strain  rates 

In  the  formulation  of  the  candidate  hypotheses  for  propagation, 
fundamental  importance  was  placed  on  the  periodicity  of  rupture  of 
the  thermodynamically  stable  oxide  or  protective  film  at  the  crack  tip 
As  shown  schematically  in  Figure  16,  this  parameter  will  depend  on 
the  fracture  strain  of  the  oxide  or  protective  film,  and  the  various 
metallurgical  and  environmental  parameters  that  affect  the  near 
surface  deformation  or  strain  rate.  In  this  paper,  the  factors  that  affect 
the  fracture  strain  of  the  surface  oxide  will  not  be  reviewed,  apart  from 
commenting  that  this  parameter  can  be  independently  measured  and 
correlated  with  oxide  thickness,  slip  morphology,  etc,  (For  examples, 
see  References  4,  5, 197, 210-216.) 
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CORROSION  POTENTIAL  mVs'ne 

FIGURE  30-Relatlonshlps  between  n  In  Equation  (14)  and  the 
corrosion  potential  and  bulk  solution  conductivity  for  a  sensi¬ 
tized  (EPR  =  15  Ccm~2)  type  304  (UNS  S30400)  stainless  steel 
In  water  at  288°C.5 

The  oxide  rupture  prerequisite  (or  crack  advance  may  be 
associated  with  the  interrelationship  between  cracking  susceptibility 
and  slip  morphology,  since  coarse  slip,  rather  than  (me  slip,  will  be 
more  likely  to  rupture  a  brittle  film  ol  given  thickness  and  thereby 
expose  bare  metal.217  Such  a  relationship  has  been  observed  in  both 
aqueous  and  gaseous  environments  (e,g„  austenitic  SS  in 
aqueous218-219  and  hydrogen68-69-220  environments)  where  the  dif¬ 
ferent  dislocation  morphologies  are  related  to  changes  in  stacking 
fault  energy, 26-219-221  short-range  order,222'224  precipitate/matrix  co¬ 
herency,  and  precipitate  distribution.41-225'227  It  should  be  empha¬ 
sized.  however,  that  although  dislocation  planarity  may  facilitate 
cracking,  anomalies  to  the  dislocation  morphology/cracking  suscep¬ 
tibility  relationship  exist,  since  rupture  of  the  crack-tip  film  is  not  the 
solo  requirement  for  subsequent  crack  propagation.  Thus,  the 
achievement  of  dislocation  planarity  per  se  is  not  a  sullicient  reason 
for  environment-assisted  cracking  in  ductile  alloys.219-228  229 

Despite  these  known  effects  of  the  microscopic  heterogeneity  of 
plastic  flow  at  a  crack  tip  on  the  cracking  susceptibility,  the  main 
emphasis  in  formulating  the  periodicity  of  oxide  or  film  rupture  has 
been  in  terms  of  continuum  parameters,  such  as  strain  rate.  Previous 
reviews  of  the  formulations  for  crack-tip  strain  rate  fe,)  have  been 
conducted  by,  for  instance,  Parkins,  et  at.,230  Lidbury,231  and 
Ford.5-144  The  following  general  equations  have  evolved. 

For  constant  load: 

«et  K  +  b(  )  (18) 

For  constant  applied  strain  rates  (SSRT): 

=  Cew  +  D[  ]  (19) 

For  cyclic  load: 

(S  1K+  (  £  )kxV'  (20) 


In  all  of  these  equations,  it  is  recognized  that  the  crack-tip  strain  rate 
is  a  function  not  only  of  the  applied  stress,  stress  intensity  (K),  or 
strain  rate  (6^),  but  also  of  the  crack  propagation  rate  (V,).  In  other 
words,  it  is  recognized  that  the  movement  (x*)  of  the  crack-tip  stress 
field  into  the  underlying  metal  matrix  is  activating  new  dislocation 
sources  in  a  given  time  period,  and  thereby  increasing  the  strain  rate 
over  and  above  that  which  would  exist  if  the  crack  were  stationary. 

Constant-load  conditions 
Both  Vermilyea37  and  Gerber  and  Garud232  assigned  prime 
importance  to  the  creep  component  in  Equation  (1 8)  when  evaluating 
the  crack-tip  strain  rate  under  constant-load  conditions  in  SSs.  At  low 
homologous  temperatures  and  under  constant  stress  conditions, 
such  a  creep  rate  may  be  approximated  by233 

ec,  =  W'  (21) 

where  o  =  tensile  stress,  t  =  time,  y  and  m  =  constants.  Such  an 
analysis  predicts  that  the  crack-tip  strain  rate,  and  hence  crack 
propagation  rate,  should  decrease  with  time.  Indeed,  there  is 
evidence  for  such  a  phenomenon  of  arresting  cracks  in  several 
ductile  alloy/aqueous  environment  systems,234-235  and  knowledge  of 
creep  relationships  has  been  used  to  predict  threshold  stresses  for 
environmentally  enhanced  cracking  in  systems  in  which  a  critical 
strain  rate  is  required  for  the  maintenance  of  cracking.230  However, 
although  such  an  approach  may  be  correct  in  principle,  the  use  of 
uniaxial  creep  data  for  the  evaluation  of  the  oxide  rupture  periodicity 
must  be  incorrect  beyond  "order  of  magnitude  estimations,”  in  view 
of  the  highly  localized  flow  adjacent  to  the  crack  tip,  the  multiaxial 
stress  conditions  at  the  crack  tip,  the  range  of  possible  dislocation 
morphologies,  and  the  known  dependency  of  creep  on  surface 
dissolution,238'239  adsorption,240-241  surface  films,242-243  periodic 
stress  relaxation,244  etc.  Indeed,  a  direct  correlation  has  been 
observed  between  stress  corrosion  susceptibility  and  near-surface 
mechanical  properties,245  but  such  relationships  have  not  been 
widely  investigated. 

Moreover,  as  intimated  in  Equation  (18),  a  complication  to  the 
simple  creep  approach  arises  at  faster  propagation  rates,  because  as 
the  crack  tip  advances  into  the  underlying  matrix,  it  will  activate  new 
dislocation  sources  and  thereby  increase  the  creep  rate  for  a  given 
time  increment.  This  process  is  shown  in  Figure_31,  where  it  is 
conceived  that  as  the  crack  propagates  at  a  rate  (V,),  it  will  activate 
a  number  of  new  dislocation  sources  in  a  given  time  period.  In  an 
activation-controlled  mechanism  of  creep,  this  is  equivalent  to 
decreasing  the  activation  stress  or  increasing  the  applied  stress.  In 
other  words,  the  steady-state  creep  rate  at  the  crack  tip  will  be 
governed  by  a  dynamic  equilibrium  between  the  loss  of  dislocation 
sources  by  “exhaustion”246  and  the  activation  of  new  dislocation 
sources  by  the  moving  stress  field  associated  with  the  advancing 
crack  tip  Such  a  metallurgical  concept  is  in  accord  with  the  "constant 
charge  criterion”  proposed  by  Scully,247  Vermilyea,248  and 
Newman,249  who  predicted  that,  for  cracking  to  be  sustained  in 
certain  alloy/environment  systems,  the  crack  had  to  advance  a 
critical  distance  following  the  rupture  of  the  oxide  at  the  crack  tip;  i.e„ 
a  constant  (oxidation)  charge  criterion  had  to  be  met.  Moreover,  it  has 
been  shown  that  such  a  constant  charge  criterion  is  applicable 
quantitatively  to  the  cracking  of  stainless172  and  low-alloy  steels4-249 
in  aqueous  environments  at  temperatures  lower  than  115°C. 

Unfortunately,  insufficient  knowledge  of  tho  dynamics  of  creep 
processes  exists  to  allow  the  relationship  shown  schematically  in 
Figure  31  to  bo  evaluated.  Consequently,  empirically  based  analyses 
have  had  to  be  used  that,  because  of  the  design  usefulness  of 
fracture  mechanics,  have  been  formulated  in  terms  of  stress 
intensity.1-3-5  For  instance,  for  SS  at  288°C,  a  usable 5  relationship  lor 
the  crack-tip  strain  rate  is 

Ca  =  4.1  x  10-14  K4  (22) 

(where  the  stress  intensity  (K)  is  in  units  of  MPaVm).  It  must  bo 
emphasized,  however,  that  this  is  an  empirical  formulation  and  must 
have  limitations  at  high  net  section  stresses  and  for  short  cracks 
when  linear  elastic  fracture  mechanics  is  invalid. 
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FIGURE  31  — Schematic  strain-rate/time  relationships  for  vari¬ 
ous  applied  stresses  (crn)  illustrating  how  these  may  be  changed 
at  a  crack  tip  because  the  crack  is  advancing  at  a  velocity  (V,).5 


Slow-applied  strain-rate  conditions 
Shoji  and  Congleton250-25'  and  later  Maiya252  used  as  the  basis 
of  their  calculations  of  the  crack-tip  strain  rate  under  slow-applied 
strain-rate  conditions  the  formula  derived  by  Rice,  Drugan,  and 
Sham253  for  the  rate  of  crack-tip-opening  displacement  (8)  at  a 
distance  (x)  from  a  propagating  crack  tip  in  a  fully  plastic  body: 


Cyclic  loading  conditions 

Calculations  of  the  crack-tip  strain  rate  under  cyclic  loading 
conditions  have  centered  around  separate  evaluations  of  the  param¬ 
eters  (8e/8K)a  K  and  (Se/Sa)K  V,  in  Equation  (20). 

Hudak,  Page,  and  Davidson25S  have  used  a  stereoimaging 
technique  to  measure  directly  the  {Se/8K)a  values  on  the  surface  of 
SS  (and  an  aluminum  alloy)  specimens  cyclically  loaded  in  either 
vacuum,  dry  argon,  or  sodium  sulfate.  This  technique  relies  on  the 
comparison  of  the  planar  displacement  of  adjacent  regions  on  the 
surface  under  loaded  and  unloaded  conditions,  and,  since  these 
measurements  can  be  made  under  high  magnification,  the  surface 
strain  values  can  be  measured  close  to  the  crack  tip.  Even  though 
such  measurements  are  taken  under  predominantly  plane-stress 
(surface)  conditions,  the  resultant  (8€/8K)a  measurements  act  as  a 
“benchmark”  for  various  calculations  based  on  continuum  fracture 
mechanics  and  finite  element  analyses;  these  approaches  are 
reviewed  briefly  below. 

Several  investigators  have  calculated  the  average  crack-tip 
strain  rate  during  the  full  stross  cycle  by  making  the  assumption  that 
the  use  of  linear  elastic  fracture  mechanics  is  valid.  The  underlying 
assumptions  have  been,  therefore,  that  the  plastic  zone  strain  and 
strain  variations  are  treatable  on  a  continuum  basis,  and  that  the 
system  is  subject  to  small-scale  yielding.  Scott  and  Truswell256 
assumed  that  (1)  the  crack-tip  strain  rate  could  be  related  to  the  time 
dependence  of  the  crack-tip-opening  displacement  (d8/dt)  and  (2)  the 
"gauge  length"  over  which  the  strain  was  to  be  calculated  was  given 
by  the  instantaneous  crack-tip-opening  displacement  (8),  i.e., 


When  this  relationship  is  averaged  over  a  cyclic  period  (T),  then  for 
R>  0, 


(23) 


where  x  --  crack  length,  <jy  -  yield  strength,  E  -  Young's  modulus, 
P  constant.  R_  constant,  approximately  proportional  to  the  plastic 
zone  size,  and  V,  -  average  crack  propagation  rate  (cm  s  '). 

For  the  situation  of  a  tensile  specimen  of  gauge  length  L 
containing  N  cracks,  Shoji  and  Congleton  calculated  the  variation  in 
8  with  an  externally  applied  strain  rate  (eopp)  as  follows. 

5  =  (en!>p  ~  «oc)  (24> 

where  =  the  strain  rate  in  tho  intervening  uncracked  regions  on 
the  gauge  length. 

To  translate  the  crack  tip  displacement  rate  to  an  average 
crack  tip  strain  rate,  it  has  been  assumed  that  the  appropriate  gauge 
lengit'"  at  the  tip  of  tho  crack  is  the  total  width  of  the  active  flow  bands, 
calculated  to  bo  0  01  to  0.1  mm.  By  substituting  these  assumptions 
into  Equation  (23)  and  combining  with  Equation  (24),  an  approxima¬ 
tion  for  to  is 
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Thus  as  pointed  out  by  Parkins,25*  the  absolute  value  of  the  crack-tip 
strain  rate  depends  on  tho  number  of  crack  initiation  sites  and  tho 
average  crack  propagation  rote  (which  will  be  a  function  of  the 
material/environment  combinations).  For  instance,  for  the  low-atloy 
steel/oxygenated  water  system  at  288‘C,1-5  if  the  number  of  cracks 
is  in  tho  range  5  to  30  (commonly  observed  in  slow-strain  tests)  and 
the  applied  strain  rate  is  >  10“7  s“\  then  for  commonly  observed 
crack  propagation  rates  of  2  x  10'7to2x  10'6  cm  s"’.  the  following 
approximate  relationship  may  bo  used, 

Ki  =  10  x  (26) 


6OV  =  4ln 


(28) 


(where  R  =  minimum  load/maximum  load). 

Both  Atkinson257  and  Gabetta258  have  questioned  the  use  of  the 
instantaneous  crack  tip-opening  displacement  as  the 1  gauge  length. 
Gabetta  suggested  that  this  dimension  should  be  a  function  of  the 
distance  between  the  crack  tip  and  the  bending  hinge  point  on,  for 
example,  a  compact  tension  sample.  Atkinson,  on  the  other  hand, 
suggested  that  the  gauge  length  should  be  a  '‘characteristic"  length 
(W).  Regardless  of  the  precise  definition,  the  dissociation  of  this 
gauge  length  from  the  instantaneous  crack-tip-opening  displacement 
leads  to  a  formulation  of  the  form: 


.  _  1  d8  _  1  aAK2 
f5  W  dl  T  2WEay 


(29) 


The  advantage  of  these  latter  approaches  is  that  they  introduce  a 
dependency  of  on  AK  that  was  missing  from  Scott  s  formulation. 
Alternatively.  Cole,  et  at.,259  argued  that  since  the  oxide  rupture  rate 
is  governed  by  the  movement  of  dislocations  under  shear,  the 
appropriate  strain  rate  should  be  the  shear  strain  rate  ^)  operating 
over  a  gauge  length  equivalent  to  the  total  width  of  the  active  flow 
bands.  This  would  give  a  similar  formulation  to  Equation  (29),  except 
that  now  the  value  of  W  can  be  related  to  a  physical  metallurgical 
parameter.  Finally,  Lidbury2®0  related  tho  average  plastic  shear  strain 
rate  to  a  function  of  tho  reversed  plastic  zone  size  at  a  given  AK 
value,  and  the  reversed  plastic  zone  size  at  the  threshold  AKo  value. 
Such  an  approach  led  to  the  formulation  of  the  total  shear  strain  (i.e., 
elastic  plus  plastic  strains)  rate  fo)  in  terms  of  the  yield  strain  in 
shear  (y0).  the  cyclic  period  (T),  AK,  and  AKo,  as  follows; 


(30) 


Since  AKo  is  known  empirically  to  be  a  function  of  R  via  the  work  of 
Lindloy  and  McCartney,29’  the  effect  of  the  R  value  also  enters  into 
this  equation. 
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The  validity  of  these  various  linear  elastic  fracture  mechanics 
(LEFM)  formulations  for  cyclic  loading  have  been  examined5  by 
comparing  their  predictions  with  the  experimental  data  produced  by 
the  stereoimaging  technique.255  This  is  shown  in  Figure  32,  where 
the  predicted  e#  vs  AK  relationships  using  the  Scott,256  Cole,259  and 
Lidbury260  formulations  are  compared  to  the  observed  data  of  Hudak 
and  Davidson255  for  SS  stressed  at  R  =  0.1  and  10-2  Hz  cyclic 
loading  conditions.  It  is  apparent  from  this  comparison  that  the 
Lidbury  and  Cole  formulations  come  closest  to  predicting  the  trend  in 
the  observed  data.  It  is  important,  however,  that  the  semiquantitative 
nature  of  this  conclusion  be  noted,  for  the  absolute  values  of  the 
theoretical  relationships  are  dependent  on  the  unsubstantiated 
values  placed  on  some  parameters  {such  as  the  “gauge  length”); 
further,  the  experimental  results  against  which  the  theoretical  rela¬ 
tionships  were  compared  were  obtained  under  plane-stress  surface 
conditions  instead  of  the  more  relevant  plane-strain  conditions  that 
will  exist  over  the  majority  of  the  crack  front  on  crack  growth 
specimens. 


FIGURE  32— Comparison  between  the  observed  and  calculated 
crack-tip  straln-rate/stress-lntenslty  amplitude  relationships  for 
R  =  0.1, 10~2  Hz  conditions.5  Observed  data  obtained  via  the 
stereoimaging  technique  on  stainless  steel.255  Calculated  data 
on  the  basis  of  Scott,  Cole,  and  Lidbury  formulations  {Equations 
(28),  (29),  and  (30)]. 

Several  authors  have  considered  the  restriction  on  the  above 
analyses  of  small-scale  yielding.  Lois202  and  Mehta  and  Ranganath263 
applied  elastic-plastic  fracture  mechanics  to  the  analysis  ol  corrosion 
fatigue  The  conclusions  from  this  preliminary  work  indicate  that  the 
use  of  such  elastic-plastic  analyses  Involving,  for  instance,  J,  are 
better  able  to  formulate  the  crack  tip  strain  and  strain  rate  vis  b-vis 
stress  corrosion  and  corrosion  fatigue  than  the  LEFM  approaches. 
Indeed,  later  work  by  Kawakubo  and  Hishida264  265  indicated  that 
stress  corrosion  crack  propagation  In  the  SS/water  system  t  a 
variety  of  specimen  geometries  under  monotonically  increasing  loads 
Is  normalized  by  tho  time  differential  of  the  J  integral  (J ). 

Tho  alternative  (or  additional)  formulation  of  tho  crack-tip  strain 
rate  under  cyclic  loading  is  tho  (8«/6a)K  V,  term  in  Equation  (20).  The 
value  of  (8t/8a)K  may  be  obtained  from  experimental  data  using  the 
stereoimaging  technique255  or  by  finite  element  analysis.  This  latter 
approach  has  been  used  by  Shoji,266  267  who  determined  the  change 
in  the  strain  at  a  point  in  front  of  the  crack  as  tho  crack  tip  moved 
toward  it  When  the  crack  tip  coincides  with  the  point,  that  point  is 
exposed  to  the  environment,  and  the  value  of  (8«/6a)K  at  that  instant 


is  the  appropriate  value  in  calculating  the  crack-tip  strain  rate.  Such 
approaches  lead  to  a  formulation  of  the  crack-tip  strain  rate  in  terms 
of  the  time-base  crack  propagation  rate  in  an  inert  environment  (V„) 
of  the  form: 

4.  =  B  V|,  (31) 

where  the  constant  B  depends  on  specimen  geometry  and  alloy,  and 
V,  may  be  defined  in  terms  of  the  mean  stress  ratio  (R),  AK,  and 
loading  frequency  For  instance,  for  SS  at  288°C,  the  following 
relationship5  has  found  extensive  applicability: 

Lt  =  68.3  v>  Ar  AK4  (32) 

where  AK  =  stress-intensity  amplitude  (MPavTn),  i>  -  loading 
frequency  (s~’),  and  AR  =  constant,  which  is  a  function  of  the  mean 
stress  ratio. 

In  conclusion,  the  positive  aspect  of  the  definition  of  the  crack- 
tip  oxide  or  film-rupture  periodicity  is  that  it  is  currently  solvable,  if  only 
in  a  semiquantitative  manner.  As  will  be  shown  later,  this  state  of  the 
art  is  usable  for  current  life-prediction  requirements,  but  unanswered 
questions  definitely  remain  in  this  analytical  area.  Perhaps  the  most 
pressing  of  these  are  the  following: 

(1)  The  uncertain  validity  of  4 ,  formulations  that  use  linear  elastic 
fracture  mechanics  parameters  for  ductile  materials,  and  the 
possible  desirability  of  using  elastic-plastic  approaches  involving 
J,  j,  or  C*.  Allied  to  this  problem  is  the  conceptual  one  of  using 
a  continuum  fracture  mechanics  approach  for  localized  plasticity 
phenomena  in  which,  for  instance,  the  dislocation  motion  and 
morphology  are  known  to  play  a  significant  part  in  environmen¬ 
tally  assisted  cracking  susceptibility. 

(2)  The  formalism  of  accounting  for  the  dynamic  equilibrium  be¬ 
tween  a  decreasing  logarithmic  creep  rate  at  a  static  crack  tip 
and  its  increase  with  dislocation  activation  as  the  crack  ad¬ 
vances.  Again,  allied  to  this  problem  is  the  undefined  effect  of 
the  crack-tip  environment  or  its  by-products  (e.g.,  absorbed 
hydrogen)  on  the  plasticity  process  itself. 

(3)  The  problem  of  applying  linear  elastic  fracture  mechanics  or 
elastic  plastic  formulations  to  metallurgically  short  cracks  and  to 
coalescing  cracks.254 

(4)  The  validity  of  the  underlying  assumption  in  all  of  the  mechanics 
models  that  the  whole  crack  front  moves  forward  uniformly, 
rather  than  the  (probably)  more  realistic  notion  that  crack 
advance  occurs  at  isolated  points  along  the  crack  front  and  then 
links  by  lateral  movement. 

Validity  of  Candidate  Propagation  Mechanisms 
and  Their  Practical  Use 

"Even  the  best  research  is  of  little  use  unless  it  moves  out  of  the 
laboratory  and  into  tho  marketplace" 

From  Business  Week  (July  8. 1985.  p.  87) 

The  validity  of  any  crack  propagation  mechanism  is  demon¬ 
strated  by  its  ab'lity  to  predict  quantitatively  all  the  available  data, 
even  though  that  data  may  seem  to  exhibit  a  hopoless  scatter  (e.g., 
Figure  1)  or  when  there  seems  to  be  little  correlation  between 
cracking  incidents  in  a  plant  and,  for  instance,  operational  time 
(Figuro  33).208  Traditionally,  such  scatter  would  be  tackled  on  a 
probabalistic  basis  but,  as  mentioned  previously  (Figures  3  and  4),  it 
is  suggested  that  (ignoring  bad  experimentation  or  measurement 
techniques)  such  scatter  is  not  random  but  is  predictable  on  a 
deterministic  basis,  provided  tho  correct  mechanistically  based 
model  is  used.  There  have  been  comparatively  few  validation 
exercises  for  mechanistically  based  models,  which  have  not  had  to 
make  fairly  major  assumptions  because  of  missing  information  about 
the  definition  of  tho  crack-tip  system.  Some  ol  those  "missing 
information"  problem  areas  have  been  discussed  in  previous  sec¬ 
tions.  In  this  section,  discussion  is  centered  around  a  validation 
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exercise5  in  which  the  crack-tip  system  is  comparatively  well 
characterized  in  order  to  demonstrate3  the  practical  use  of  this 
fundamental  knowledge.  The  problem  addressed  in  this  exercise  is 
that  of  intergranular  stress  corrosion  cracking  of  SS  in  water  at 
288°C,  which  relates  to  the  cracking  of  weld-sensitized  piping  in 
boiling  water  reactors  (Figure  33).  It  was  hypothesized5  that  the  crack 
propagation  mechanism  was  primarily  slip  dissolution,  with  intergra¬ 
nular  cracking  occurring  because  of  (1)  chromium  denudation 
adjacent  to  grain-boundary  Cr^Cs  precipitates  in  the  weld-heat- 
affected  zone,  (2)  oxygenation  of  the  water  because  of  radiolysis  in 
the  reactor  core,  and  (3)  tensile  residual  stress  from  the  welding 
procedure.  Extensive  investigations  of  the  crack-tip  solution  compo¬ 
sition,  crack-tip  reaction  rates,  and  calculation  of  the  crack-tip  strain 
rate  indicated  that  the  appropriate  crack  propagation  rate  algorithms 
were 


potential  (deaerated  to  highly  oxidizing  in-core  conditions),  stressing 
(constant  load  to  high-frequency  fatigue),  sensitization  (solution 
annealed  to  furnace  sensitized),  etc.  Further  analysis  of  the  data  in 
Figure  37  indicated  that  the  current  model  algorithms  consistently 
over-predicted  the  mean  observed  data  by  approximately  17%, 
probably  a  result  of  assumptions  in  the  crack-tip  strain-rate  calcula¬ 
tions.  Of  equal  significance,  however,  is  the  fact  that  the  scatter  in 
Figure  37  is  predictable  in  terms  of  the  high  sensitivity  of  the  crack 
propagation  rate  to  corrosion  potential  and  conductivity  (Figures  35 
and  36)  and  the  fact  that  these  parameters  are  not  always  adequately 
defined  in  the  experimental  test  procedures.  Thus,  although  assump¬ 
tions  have  had  to  be  made  in  all  components  of  the  crack-tip  system 
definition,  it  is  apparent  that,  for  this  system,  a  mechanistically  based 
model  can  be  formulated  that  adequately  predicts  a  substantial 
amount  of  data  observed  in  many  laboratories. 


VT  =  f(n)<&  (33) 

where 

f(n)=7.8  x  10"3  n36  (34) 


ei'<«>  -ig'(EPfi) 

e'-M+egWj  (35) 


and  the  crack-tip  strain  rate  (««)  was  given  by  Equation  (22)  and  (32) 
for  constant  and  cyclic  loads.  Thus,  the  crack  propagation  rate  could 
be  formulated  on  the  basis  of  the  bulk  system  parameters,  k  (the 
solution  conductivity),  <|>c  (the  corrosion  potential),  EPR  (measure  of 
grain-boundary  chromium  denudation),  stress  intensity,  etc.,  even 
though  the  model  itself  was  based  on  crack-tip  phenomena. 


FIGURE  33-Tho  relationship  between  the  number  of  crack 
Indications  noted  In  stainless  steel  piping  In  a  given  boiling 
water  reactor  and  the  number  of  months  that  plant  has  been  In 
operation.*5® 

A  comparison  between  the  theoretical  and  observed  crack 
propagation  rate/strain-rate  relationships  is  shown  in  Figure  34  for 
data  obtained  in  8  ppm  oxygenated  water  under  constant  load,  slow- 
applied  strain-rate  and  cyclic  load  conditions.  The  agreement  be¬ 
tween  theory  and  observation  illustrates  the  utility  of  the  mechanis¬ 
tically  based  model  for  both  intergranular  "stress  corrosion”  and 
"corrosion  fatigue,"  which,  at  higher  loading  frequencies,  is  trans- 
granular.  Similar  comparisons  between  observation  and  theory  are 
shown  in  Figures  35  and  36  for  the  effects  of  corrosion  potential  and 
solution  conductivity,  respectively,  on  tho  propagation  rate  under  the 
stated  loading  and  grain-boundary  sensitization  conditions.  The 
agreement  between  observation  and  theory  for  a  very  wide  range  of 
testing  conditions  is  shown  in  Figure  37;  in  this  example,  the  wide 
range  in  propagation  rates  was  obtained  via  wide  ranges  in  corrosion 
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FIGURE  34— Observed  and  theoretical  crack  propagation  rate/ 
crack-tip  strain-rate  relationship  for  sensitized  typo  304  (UNS 
S3 04 00)  stainless  steel  in  oxygenated  water  at  288°C.5 
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FIGURE  35-Observed  and  predicted  relationships  between  the 
crack  propagation  rate  and  corrosion  potential  for  sensitized 
type  304  (UNS  S30400)  stainless  steel  In  water  under  constant 
load.  Water  conductivity  In  the  range  0.1  to  0.3  pS  cm-1.5 
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FIGURE  36-Observed  and  predicted  relationships  between  the 
crack  propagation  rate  and  solution  conductivity  for  type  316L 
(UNS  S31603)  stainless  steel  under  constant  load  (25  ksi  Vin.) 
in  water  containing  200  ppb  oxygen.5 


An  example  of  the  latter  application  is  shown  in  Figure  38  for  the 
cracking  of  10-in.  (254-mm)  diameter,  schedule  80  weld-sensitized 
type  304  SS  piping  in  200  ppb  oxygenated  water  at  288°C;  in  this 
example,  the  beneficial  effect  of  improving  the  water  purity  in 
mitigating  cracking  is  clearly  predicted.  These  relationships  are  for 
well-defined  conditions  of  residual  stress,  corrosion  potential,  grain¬ 
boundary  sensitization,  etc.  It  follows,  therefore,  that  if  there  is  a 
range  of  residual  stress  profiles,  there  will  be  a  predictable  range  of 
cracking  responses.  This  is  illustrated  in  Figure  39,  which  shows  that 
the  minimum  observed  crack  depth  after  a  certain  time  at  a  given 
plant  corresponds  to  the  NDT  crack  resolution  limit;  the  mean 
observed  crack  depth  corresponds  to  the  mean  theoretical  value 
appropriate  for  the  average  coolant  conductivity;  and  the  maximum 
observed  crack  depth  corresponds  to  that  predicted  for  the  maximum 
observed  residual  stress  profile  for  that  classification  of  piping.  From 
such  predictions,  it  is  apparent  that  there  should  be  an  inverse 
relationship  between  the  coolant  conductivity  and  the  time  for  the 
crack  depth  to  reach,  for  instance,  a  quarter-wall  thickness.  The 
precise  relationship  will  depend  on  the  material/stress/environment 
definition,  as  shown  in  Figure  40,  for  three  such  system  definitions. 
Also  shown  in  Figure  40  are  observations  from  several  operational 
plant  indicating  that  the  majority  of  observations  are  associated  with 
the  mean  system  definition,  but  the  "outliers”  may  be  explained  m 
terms  of  a  combination  of  a  high  degree  of  grain-boundary  sensiti¬ 
zation  and  a  high  residual  stress  from  the  welding  process.  Thus,  the 
apparent  scatter  shown  in  Figure  33  may  be  analyzed  mechanisti¬ 
cally  in  terms  of  the  knowledge  of  the  specific  system  conditions,  and, 
with  this  knowledge,  predictions  of  future  behavior  may  be  made  for 
specified  operating  conditions  (Figure  41). 


THEORETICAL  STEADY-STATE  CRACK  PROPAGATION  RATE 


(mm  a-') 

FIGURE  37-Relatlonshlp  between  the  observed  and  theoretical 
steady-state  propagation  rates  for  stainless  steel  In  water  at 
288’C  for  a  wide  combination  of  material,  stress,  and  environ¬ 
ment  conditions.5 


Such  a  validated  mechanistically  based  model  may  be  used 
practically,®  preferably  in  combination  with  system  monitors  that 
define  the  actual  (rather  than  the  nominal)  system  conditions  to  solve 
practical  problems.6  Practical  uses  include3-® 

(1)  Validation  of  environmentally  assisted  cracking  test  methods, 

(2)  Validation  of  operating  specifications  and  limits  vis&vis  envi¬ 
ronmentally  assisted  cracking; 

(3)  Validation  of  life-prediction  and  design  codes,  and 

(4)  Prediction  of  the  effect  of  environment,  material,  and  stress 
variables  on  the  cracking  susceptibility  of  plant  structures. 


WELO-SENSITIZEO  IO‘SCH.80  304  ST  ST.  PIPE 


FIGURE  38— Theoretical  variation  in  crack  depth  with  operating 
time  for  weld-sensitized  254-mm-diameter  Schedule  80  stain¬ 
less  steel  piping  In  288”C  oxygenated  (200  ppb)  water  as  a 
function  of  solution  conductivity.® 

The  development  of  tho  modeling  and  monitoring  approach  to 
life  prediction  of  structures  susceptible  to  environmentally  assisted 
cracking  has  been  detailed  above  for  the  austenitic  SSAvater  system 
in  the  nuclear  energy  industry.  The  approach,  lessons  learned,  and 
developments  are  directly  applicable  to  numerous  other  cracking 
systems  provided  that  the  generic  mechanisms  of  cracking  dis¬ 
cussed  previously  are  assumed  to  be  applicable.  Indeed,  preliminary 
assessments  of  such  capabilities  have  been  made  for  stress 
corrosion’  and  corrosion  fatigue® ,4a  of  low-alloy  pressure  vessel 
steels  in  288°C  water  and  also  nickel-base  alloys.269  There  is  no 
reason,  in  principle,  why  such  practically  helpful  mechanistically 
based  models  cannot  be  developed  for  other  cracking  systems, 
provided  the  relevant  crack-tip  mass  transport,  reaction  rate,  and 
plasticity  aspects  are  quantified.  II  there  are  common  features,  then 
it  is  attractive  to  think  in  terms  of  an  environmentally  assisted 
cracking  diagram,  akin  to  the  Pourbaix  diagrams  or  the  deformation 
maps270  for  creep  developed  initially  by  Ashby.271  Possible  axes  on 
such  an  environmentally  assisted  cracking  diagram  could  be  corro¬ 
sion  potential  and  temperature  [Figure  42(a)],  since  these  are  both 
thermodynamically  and  kinetically  significant  to  most  of  the  candidate 
cracking  mechanisms.4  5  7  The  mam  point  is  that  iso-velocity  lines  are 


E1CM  Proceedings 


157 


predictable  by  quantifying  the. crack-tip  processes  associated  with 
the  cracking  mechanism  and  can,  in  turn,  be  related  to  the  corrosion 
potential/temperature  regimes  associated  with  the  various  compo¬ 
nent  operating  conditions  [figure  42(b)],  Thus,  the  stress  corrosion 
and  corrosion  fatigue  behavior  of  SSs  in  light  water  reactor  environ¬ 
ments  is  similar,  in  terms  of  the  fundamental  crack-velocity/crack-tip 
strain-rate  relationship,  to  that  for  C-Mn  steels  in  light  water  reactor 
environments  and  that  for  Ni-Cr-Mo-V  steels  in  wet  steam  environ¬ 
ments  that  are  symptomatic  of  low-pressure  steam  turbine  opera¬ 
tions.  Naturally,  the  constants  in  these  relationships  will  change  with 
system  conditions  and/or  mechanisms  of  cracking,  but,  as  shown  in 
the  previous  sections,  these  changes  can  be  predicted  from  first 
principles,  and  the  resultant  knowledge  used  for  life-prediction 
purposes. 
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FIGURE  39— Theoretical  and  observed  crack  depth  vs  opera¬ 
tional  time  relationships  for  28-in.-diameter  Schedule  80  type 
304  (UNS  S30400)  stainless  steel  piping  for  two  boiling  water 
reactors  operating  at  different  mean  coolant  conductivities. 
Note  the  bracketing  of  the  maximum  crack  depth  in  the  lower- 
purity  plant  by  the  predicted  curve  that  is  based  on  the 
maximum  residual  stress  profile  and  the  predicted  absence  of 
observable  cracking  in  the  higher-purity  plant  (in  240  operating 
months). 


ON-UNE  HUE  (MONTHS)  FOR  WALL  PENETRATION,  fl/t-0.25 


FIGURE  40— Observed  and  theoretical  relationships  between 
average  boiling  water  reactor  coolant  conductivity  and  the 
operational  time  to  achieve  quarter  wall  penetration.  Observed 
data  from  various  operational  boiling  water  reactors  are  shown 
with  the  number  of  cracks  detected  in  parentheses  beside  each 
data  point.  Theoretical  curves  are  for  the  quoted  combinations 
of  stress  and  degree  of  sensitization  at  the  heat-affected  zone. 


FIGURE  41— Use  of  modeling  algorithms  to  explain  the  degree 
of  current  crack  penetration  in  weld-sensitized  type  304  (UNS 
S30400)  stainless  steel  piping  and  to  predict  the  future  crack 
propagation  characteristics  for  the  defined  operating  condi¬ 
tions. 


Conclusion 

“He  that  will  not  apply  new  remedies  must  expect  new  evils;  for  time 
is  a  great  innovator” 

From  Francis  Bacon  (1561-1626).  Essays  II  "ot  innovations" 

The  underlying  premise  in  this  review  has  been  that  the  main 
reason  for  developing  mechanistic  knowledge  of  environmentally 
assisted  cracking  phenomena  is  to  use  it  to  solve  the  practical 
problems  they  cause.  Moreover,  such  a  use  of  fundamental  knowl¬ 
edge  will  become  a  necessary  tool  in  life-prediction  methodologies, 
since  codes  based  solely  on  empirical  data  have  become  suspect  as 
the  operational  systems  become  more  and  more  complicated  and  the 
design  lives  are  extended  further.  These  mechanistically  based 
solutions  may  arise  out  of  both  qualitative  and  quantitative  knowl¬ 
edge  of  the  mechanisms  of  cracking  and,  in  both  cases,  involve 
definition  of  the  crack-tip  system.  It  was  concluded  that  the  main 
crack  propgation  mechanisms  (slip  dissolution,  film-induced  cleav¬ 
age,  and  HE)  were  controlled  by  mass  transport  considerations 
between  the  crack  mouth  and  crack  tip,  oxidation  and  reduction 
reactions  at  the  crack  tip,  and  the  oxide  rupture  periodicity  or  strain 
rate  at  the  crack  tip.  Qualitative  knowledge  of  these  rate-controlling 
parameters  and  how  they  affect  changes  in  the  crack  propagation 
rate  according  to  the  candidate  mechanism  is  enough  in  most 
systems  to  give  invaluable  advice  to  the  design  and  operational 
engineer  as  to  possible  mitigating  actions.  However,  problems 
persist  in  many  of  the  details  of  the  definitions  of  these  rate¬ 
controlling  processes,  ranging  from  the  mathematical  and  chemical 
validity  of  the  assumptions  made  in  the  crack-tip  solution  definition  to 
the  calculation  of  crack-tip  strain  rate.  These  problems  become 
especially  significant  when  extending  the  qualitative  prediction  meth¬ 
odology  to  a  quantitative  deterministic  or  probabalistic  capability  that 
is  necessary  for  defining  extended  operational  times.  It  was  demon¬ 
strated,  however,  that  even  for  this  imperfect  state  of  the  art  ( vis-h-vis 
the  academic  rigor  of  the  analyses),  a  usable  quantitative  prediction 
capability  is  possible  in  a  few  selected  systems  and  should,  in 
principle,  be  able  to  be  developed  for  other  technically  important 
systems.  It  is  probable  that  this  will  be  accomplished  first  for  those 
systems  in  which  the  slip-dissolution  or  film-induced  cleavage 
models  are  the  relevant  crack  propagation  mechanisms,  since  there 
are  more  severe  fundamental  problems  still  to  be  solved  concerning 
the  atomistics  of  the  various  HE  mechanisms. 
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ISO-  CRACK  PROPAGATION  RATE  DIAGRAM  FOR 
IRON-  BASE  ALLOYS  IN  WATER 
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FIGURE  42— Iso-velocity  diagram  tor  iron-base*  alloys  in  water  predicted  from  slip-dissolution 
model:  (a)  corrosion  potential  vs  temperature  and  (b)  operating  conditions  for  various 
technologies. 
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Discussion 

J.R.  Galvelo  (Comlslon  Naclonal  de  Energla  Atomlca,  Ar¬ 
gentina):  We  have  been  working  on  transport  processes  in  pitting, 
and  tried  to  apply  those  techniques  to  the  intermediate  strain-rate 
technique  for  predicting  stress  corrosion  cracking  (SCC)  crack 
velocities.  Wo  found  that  while  there  was  a  considerable  chango  in 
composition,  no  changes  were  observable  on  straining  wires,  so  we 
had  to  conclude  that  the  changes  in  crack  composition  were  not 
relevant.  Once  you  produce  a  low  melting  point  (LMP)  compound  on 
the  metal  surface  (Cr03  in  your  case),  cracks  will  start  to  propagate, 
and  the  changes  in  crack  propagation  will  have  no  further  effects, 
unless  they  change  the  nature  of  the  LMP  compound. 
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F.P.  Ford:  The  main  purpose  of  my  review  was  to  define  the 
basic  thermodynamic  and  kinetic  criteria  that  dictate  the  nature  of  a 
crack-tip  environment  and  then  to  question  their  relevance  to  crack 
propagation  kinetics.  In  my  view,  that  relevancy  can  only  be 
demonstrated  if  the  predictions  of  crack  propagation  agree  quanti¬ 
tatively  with  observation  For  the  specific  cases  of  stainless  and 
low-alloy  steels  in  “high-purity"  water,  we  do  get  a  good  agreement 
between  observation  and  theory;  thus,  the  logical  conclusion  is  that, 
for  these  systems,  the  formalized  ideas  of  mass  transport  in  cracks 
and  the  resultant  crack-tip  chemistry  are  of  relevance  to  crack 
propagation  That  is  not  to  say  that  your  observations  and  conclu¬ 
sions  on  your  systems  are  wrong;  that  verdict  depends  on  the 
outcome  of  a  direct  quantitative  comparison  of  observed  and 
predicted  crack  propagation  rates  over  as  wide  a  range  of  operating 
conditions  as  possible. 

J.R.  Galvele:  The  choice  of  an  aluminum-copper  alloy  in 
sodium  chloride  solutions  as  a  general  example  of  intergranular  SCC 
does  not  seem  to  be  a  very  happy  one.  Eighteen  years  ago,  we 
showed  (Galvele  and  De  Micheli,  Corros.  Sci.  10(1970):  p.  795]  that 
during  intergranular  corrosion  this  alloy  acts  as  a  three-phase 
system,  and  that  intergranular  corrosion  starts  at  the  pitting  potential 
of  the  copper-depleted  zone,  along  the  grain  boundaries.  We  also 
showed  (Galvele,  et  a!.,  Localized  Corrosion,  ed.  Staehle,  et  al. 
(Houston,  TX:  NACE,  1974),  p.  580]  that  intergranular  SCC  of  this 
alloy  also  starts  at  the  pitting  potential  of  the  copper-depleted  zone. 
No  such  zones  are  detectable  in  other  important  cases  of  intergran¬ 
ular  SCC,  such  as  alpha-brass  or  the  silver-palladium  alloys  we 
reported  on  in  this  conference. 

As  for  the  current  densities  required  for  the  propagation  of  SCC 
by  anodic  dissolution  (AD),  those  reported  by  Newman  are  not 
particularly  high.  Hoar  and  Galvele  [Corros.  Sci.  10(1970):  p.  211] 
reported  that  current  density  values  as  high  as  2  A/cm2  were  required 
to  account  for  intergranular  SCC  of  mild  steel  in  calcium  nitrate 
solutions,  and  Duffo  and  Galvele  (  Surface-Mobility  SCC  Mecnamsm 
in  Silver  Alloys,"  this  proceedings)  measured  intergranular  crack 
velocities  of  the  order  of  10  6  m/s  on  Ag-15Pd  alloys,  which, 
according  to  the  AD  SCC  mechanism,  would  require  current  density 
values  of  1  A/cm2  at  the  crack  tip. 

In  electrochemistry,  the  mechanism  for  the  AD  of  metals  are 
described  at  an  atomic  level  (for  example,  H.  Gerischer,  The  Surface 
Chemistry  of  Metals  and  Semiconductors,  ed.  H.C.  Gatos  (New  York, 
NY:  J.  Wiley  &  Sons,  1960),  p.  177],  One  of  the  reasons  why  I 
abandoned  the  AD  mechanism  for  SCC  is  that  no  such  description 
could  bo  found.  As  pointed  out  by  various  authors  here,  it  is  believed 
that  intergranular  SCC  propagates  by  AD  at  the  tip  ot  the  crack,  Out 
no  attempts  have  been  made  to  describe  how  sucn  a  process  could 
take  place  at  an  atomic  level,  at  the  tip  of  the  crack.  In  view  ot  the  high 
aspect  ratios  usually  found  in  stress  corrosion  cracks,  it  is  reasonaDie 
to  expect  that  the  tip  of  the  crack  will  be  almost  atomically  sharp. 
When  modeling  such  a  crack,  two  difficulties  are  found.  The  first  one 
is  that  if  all  of  the  dissolution  process  is  located  at  the  tip  ot  the  crack, 
for  high  crack  propagation  rates,  the  cracks  will  bo  plugged  by 
corrosion  product,  which  will  hinder  the  dissolution  process.  This  can 
be  oasily  shown  with  the  simple  calculations  used  for  unidirectional 
pits  (Galvele,  J.  Eloctrochem.  Soc.  123(1976);  p.  464].  The  second 
difficulty  is  the  explanation  of  how  such  a  dissolution  process  takes 
place  at  the  tip  of  the  crack.  Going  back  to  Gerischer's  descriptions, 
the  electrochemical  dissolution  on  a  metal  surface  is  located  prefer 
entially  on  surface  steps,  where  the  metal  atoms  are  more  exposed 
to  the  environment  With  high  overpotentials,  the  dissolution  of  a  flat 
surface  could  also  be  explained.  Nevertheless,  it  Is  very  difficult  to 
visualize  how  the  dissolution  process  will  take  place  at  the  tip  of  a 
crack,  where  the  atoms  are  shielded  from  the  environment  by  the 
sides  of  tho  crack  I  believe  that  a  more  rational  explanation  is  found 
in  or/  model  of  surface  mobility  (Galvele,  Corros.  Sci.  27, 1(1987)]. 
This  model  assumes  that  an  intermediate  species,  an  adatom,  is 
produced  at  the  tip  of  the  crack  as  a  result  of  the  simultaneous  action 
of  the  stress  and  the  environment.  This  adatom  diffuses  away  from 
the  tip  of  the  crack,  and  eventually  reacts  with  the  environment  by  a 
conventional  electrochemical  mechanism.  With  this  SCC  mecha¬ 


nism,  the  anodic  current  density  is  not  necessarily  located  at  the  tip 
of  the  crack  and,  in  addition,  the  action  of  stress  on  the  SCC  process 
is  accounted  for. 

R.C.  Newman  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  Galvele  suggests  that  very  high  current 
densities,  of  the  order  of  1  A/cm2,  are  not  possible  in  cracks.  This 
seems  to  be  refuted  by  Rota  and  Boehm  (in  Electrochemical  Methods 
in  Corrosion  Research  (Zurich,  1988*),  who  showed  that  intergranu¬ 
lar  corrosion  of  aluminum-copper  alloys  in  sodium  chloride  could  go 
at  about  50  mA/cm2  for  a  1-mm  crack  depth;  tiny  stresses  opened  up 
these  fissures  and  permitted  500  mA/cm2.  This  seems  to  account  for 
most  cases  of  intergranular  SCC,  e.g.,  steel  in  nitrate  solutions. 
Transgranular  SCC,  however,  is  another  matter. 

B.G.  Pound  (SRI  International,  USA):  You  propose  that  the 
diffusion  limitation  at  the  crack  tip  is  associated  with  the  transport  of 
water  to  solvate  the  metal  ions.  An  alternative  interpretation  is  that 
the  metal  ions  are  exposed  to  sufficient  water  to  become  solvated 
and  the  rate  of  diffusion  of  the  solvated  metal  ions  from  the  surface 
provides  the  mass  transport  limitation  (precipitation  of  oxide  occur¬ 
ring  when  the  concentration  of  dissolved  species  exceeds  satura¬ 
tion).  Is  there  evidence  for  control  by  water  transport?  If  not,  do  you 
regard  control  by  solvated  metal  ion  transport  in  the  crack  environ¬ 
ment  as  plausible? 

R.C.  Newman:  Could  you  expand  upon  your  suggestion  that 
water  transport  can  be  rate  controlling  for  crack  growth?  I  would  have 
thought  that  the  solubility  of  metal  salts  or  oxides  is  bound  to 
intervene  before  water  transport  could  become  important.  Please 
also  clarify  the  portion  of  the  i-t  curve  where  you  think  this  is  relevant. 

F.P.  Ford:  The  reason  for  proposing  that  water  diffusion  to  the 
bare  surface  may  be  a  rate-limiting  step  in  the  initial  oxidation 
reaction  is  based  on  circumstantial,  rather  than  quantitative,  evi¬ 
dence.  For  instance,  many  authors  have  observed  that,  although  the 
oxidation  reactions  are  activation-controlled  at  low  overpotentials,  the 
maximum  oxidation  current  densities  are  generally  in  the  range  of 
approximately  0.5  to  5  A/cm2  At  higher  overpotentials,  the  oxidation 
current  density  is  relatively  potential  independent.  We  can  assume 
that  this  transition  is  not  entirely  due  to  experimental  problems  (such 
as  iR  effects)  since  this  limit  is  commonly  observed  in  many  alloy/ 
environment  systems,  experimental  procedures,  cell  geometries,  etc. 
The  suggestion  that  this  limit  is  duo  to  water  diffusion  is  based  on  the 
following  logic: 


(1)  Given  the  high  driving  force  for  oxidation  on  a  bare  surface  (in 
most  ductile  alloy  aqueous  environment  systems),  it  is  possible 
for  the  free  water  molecule  concentration  adjacent  to  the  oxi¬ 
dizing  surface  to  decrease  as  cation  solvation  proceeds.  This 
would  lead  to  a  potential-independent  water  diffusion  limiting 
step.  Since  water  is  common  to  all  dissolution/oxide  formation 
reactions,  it  is  not  surprising  that  the  maximum  oxidation  current 
density  range  is  similar  for  most  systems  so  far  studied, 
regardless  of  the  cation  involved  In  this  respect,  it  should  be 
noted  that  the  upper  end  of  this  range  (I.e..  ’  5  A/cm2)  is  usually 
observed  in  the  high  solution  velocity/scratching  electrode 
technique. 

(2)  Once  the  initial  oxidation  reactions  have  occurred,  there  is  no 
question  that  oxides  and  salts  may  be  precipitated  as  the  metal 
cation  concentration  increases.  The  current  suggestion  is  that 
this  precipitation  merely  slows  down  the  water  diffusion  rate 
even  further.  Admittedly,  the  proof  of  this  is  circumstantial,  but 
reasonably  complete.  For  instance,  system  changes,  such  as 
potential-driven  dilfusion  of  anions  to  the  crack  tip,  which  lower 
the  crack-tip  pH  and  hence  increase  the  oxide  solubility,  should 
increase  the  crack  propagation  rate  because  the  rate-limiting 
watei  diffusion  is  less  impeded.  Moreover,  the  crack  propagation 
rate  under  these  limiting  conditions  is  generally  observed  to  be 
governed  by  an  activation  enthalpy  that  is  reasonable  tor  liquid 
diffusion  control  (i.e.,  approximately  4  kcal/g.moi). 
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Certainly  the  diffusion  of  solvated  cations  away  from  the  bare  surface 
could  be  a  possible  controlling  step,  but  I  would  have  thought  that  this 
would  be  cation  specific,  and  if  true,  this  would  contravene  the 
generality  of  the  0  5  to  5  A/cm2  bare-surface  oxidation  rate  obser¬ 
vation  Obviously,  more  work  is  required  in  this  area! 

R. W.  Staehle  (University  of  Minnesota,  USA):  In  addition  to 
focusing  on  the  precision  of  the  model  as  it  applies  to  the  engineering 
context,  it  is  possible  to  treat  statistical  variability  with  similar 
precision.  This  would  be  a  valuable  addition  to  your  work.  You  might, 
for  example,  consider  the  work  of  Shibata,  who  is  correlating  data 
with  Weibull  parameters  and  doing  parametric  analysis  on  the 
Weibull  fit  parameters. 

F.P.  Ford:  As  you  correctly  point  out,  this  approach  to  the 
prediction  of  crack  propagation  rates  is  strictly  deterministic.  That  is, 
if  you  know  the  relevant  bulk  system  parameters  (e.g.,  flow  rate, 
oxygen  content,  corrosion  potential)  and  can  relate  these  to  the 
crack-tip  conditions,  then  there  is  a  specific  crack  propagation  rate 
for  that  defined  system.  This  automatically  indicates  a  need  to  have 
monitors  (e.g.,  pH  electrodes,  reference  electrodes)  in  the  system 
that  give  the  required  inputs  to  the  prediction  model.  It  follows  that  if 
there  is  a  spread  in  the  nominal  system  conditions,  then  there  is  a 
predictable  spread  in  the  crack  propagation  rate  or  crack  depths. 
Moreover,  the  distribution  of  propagation  rates,  and  hence  crack 
depths,  will  mirror  the  distribution  of  operating  conditions  within  the 
system.  I  illustrated  this  in  Figure  4,  with  an  example  of  the  limiting 
conditions  predictions  in  Figure  39. 

We  are  currently  tackling  this  deterministic  to  probablistic 
prediction  interrelationship  for  nuclear  reactor  components.  Need¬ 
less  to  say,  it  is  not  a  trivial  exercise  to  determine  the  spread  in  the 
relevant  parameters  in  such  a  complex  system.  The  alternative,  as 
you  suggest,  is  to  use  classical  statistical  approaches  based  on  the 
past  history  of  the  plant.  However,  my  initial  feeling  is  that,  apart  from 
being  scientifically  less  satisfying,  such  approaches  may  be  less 
accurate  in  their  predictive  capabilities. 

S. M.  Bruemmer  (Pacific  Northwest  Laboratory,  USA):  In 
addition  to  chemical  and  electrochemical  differences  in  previous 
tests  in  ‘'high-purity"  water,  the  difference  in  material  micrometallurgy 
promotes  much  of  the  observed  data  scatter  in  crack  growth  rates. 
Local  microchemistry  (which  you  estimate  in  the  model)  and  micro¬ 
structure  will  affect  crack-tip  dissolution/passivation  rates  and  defor¬ 
mation  processes.  The  need  to  input  reasonably  accurate  microche¬ 
mistries  (e.g.,  chromium  depletion  minimum  and  widths,  impurity 
segregation,  and  sulfides)  and  microstructure  (e.g.,  carbide  and 
inclusion  distributions)  appears  to  be  critical  for  even  semiquantita- 
tive  predictions  in  specific  cases. 

F.P.  Ford:  I  focused  much  of  my  review  on  the  solution  side  of 
the  crack-tip  material/environment  interface,  but  of  course  you  are 
absolutely  correct  in  saying  that  the  microsiructural  variables  are  of 
equal  importance  The  effects  of  those  variables  on,  for  Instance, 
local  crack-tip  plasticity  (e.g.,  dislocation  morphology,  hydrogen 
uptake)  are  the  hardost  to  formulate  quantitatively,  although  their 
qualitative  effects  have  been  recognized  for  a  long  time.  Indeed,  the 
need  (or  quantitative  relationships  for  crack-tip  strain  rate  is.  I  think, 
becoming  the  rate-limiting  step  in  developing  upgraded  quantitative 
life-prediction  methodologies  However,  given  the  nature  of  the 
power-law  relationship  between  propagation  rate  and  crack -tip  strain 
rate,  wo  are  allowed  some- uncertainty  in  the  crack-tip  strain  rote 
bofore  it  adversely  dominates  the  uncertainty  in  propagation  rate 
values  It  has  been  our  experience,  so  far,  that  this  latter  uncertainty 
is  dominated  by  uncertainties  In  crack-tip  water  chemistry  definition. 

The  question  of  the  effect  of  local  metallographic  heterogene¬ 
ities  on  tho  crack-tip  chemistry  is  also  very  relevant.  I  mentioned  the 
effect  on  cracking  of  grain-boundary  chromium  depletion  in  sensi 
tized  type  304  (UNS  S30400)  stainless  steel,  and  manganese  sulfide 
inclusions  in  low-alloy  steels,  but  tho  absolute  definition  of  these 
effects  is  still  not  perfect  Your  work  on  the  inadequacies  of  the  use 
of  indirect  measurements  for  the  grain-boundary  chromium  deple¬ 
tion,  tor  example,  is  germane  to  this,  and  there  are  many  other 
examples  (e  g .  metalloid  segregation  under  fast  neutron  irradiation). 


where  we  are  uncertain  of  the  characterizing  parameter  that  is 
relevant  to  the  cracking  process. 

My  main  point,  however,  is  that  despite  these  warts  in  our 
understanding,  we  can  make  usable  predictions  of  cracking  behavior 
if  we  make  reasonable  assumptions  of  the  material/microstructural 
contributions  to  cracking. 

B.  Cox  (Atomic  Energy  of  Canada  Ltd.,  Canada):  Whenever 
people  rely  on  simulation  experiments  for  part  of  their  argument,  I 
worry  that  the  Heisenberg  Uncertainty  Principle  is  at  work,  and  you 
change  the  factors  you  are  trying  to  measure.  From  working  with 
zirconium,  we  have  learned  that  sufficient  chloride  leaches  from 
silver  chloride  electrodes  to  cause  pitting  or  SCC,  and  from  the  use 
of  zirconium  electrodes  with  sodium  fluoride  solid  electrolytes  that 
enough  chloride  leaches  to  cause  SCC.  So  the  question  is  what 
control  experiments  did  you  do  to  establish  how  much  of  the  chloride 
in  your  simulated  crack  could  have  come  from  these  two  sources? 

F.P.  Ford:  I  should  stress  that  these  experiments  you  refer  to 
were  not  mine,  but  Andresen’s,  which  were  reported  in  Reference  5. 
You  are  quite  right  that  anions  from,  for  instance,  silver  chloride 
electrodes  or  plastic  tubing,  etc.,  can  introduce  spurious  effects.  In 
the  case  of  the  experiments  mentioned  in  this  paper,  however,  these 
effects  were  minimal  for  the  following  reasons.  (1)  The  experiments 
were  conducted  at  room  temperature,  where  the  solubility  of  silver 
chloride  is  about  1CrG  molar  chloride.  This  is  considerably  less  than 
the  10“3  molar  chloride,  which  was  the  baseline  concentration  used 
in  the  experiments.  (2)  The  tubing  that  was  used  as  a  membrane  for 
selective  hydrogen  ion  diffusion  in  some  of  the  tests  was  washed  well 
in  boiling  water  before  the  tests  to  remove  any  soluble  impurities. 

H.-J.  Engell  (Max  Planck  Institut  fur  Eisenforschung,  Fed¬ 
eral  Republic  of  Germany):  Some  newly  developed  grades  of 
chromium  and  chromium-nickel  steels  containing  up  to  2  at% 
nitrogen  exhibit  unexpectedly  good  resistance  to  environment- 
induced  fracture  and  pitting.  Thermodynamic  calculations  using 
reasonable  values  of  crack-tip  pH  and  potentials  indicate  that 
ammonia  may  be  formed  during  anodic  dissolution.  The  change  in 
crack-tip  pH  caused  by  the  ammonia  may  be  the  reason  for  a 
stabilization  of  surface  layers  and/or  reduction  of  hydrogen  pick-'up. 

F.P.  Ford:  This  is  a  most  interesting  observation  and  underlines 
the  fact  that  relatively  small  alloying  additions  can  alter  crack-tip 
conditions  and  hence  the  crack  propagation  rate.  This  is  most 
apparent  for  the  case  of  metalloid  segregation  to  grain  boundaries 
and  the  effect  this  has  on,  for  example,  caustic  embrittlement  of 
low-alloy  steels.  This  obviously  has  an  impact  on  quality-control 
procedures  in  alloy  production,  but  what  I  find  exciting  is  that  we  now 
have  a  fundamentally  based  rationale  for  predicting  the  beneficial  or 
deleterious  effects  of  system  changes  (e.g.,  material  composition) 
that  were  once  regarded  as  “second  order”  phenomena.  This  is  no 
longer  a  black  art! 

R.N.  Parkins  (University  of  Newcastle  upon  Tyne,  UK):  I 
suggest  that  any  consideration  of  crack  growth  kinetics  should 
consider  the  implications  of  crack  coalescence.  To  show  the  Impli¬ 
cations  of  such  in  relation  to  life  prediction,  Figure  A  indicates  the 
results  of  calculations  for  the  lifetime  ot  a  pipeline  in  which  SCC 
occurs  due  to  the  presence  of  a  carbonate-bicarbonate  solution.  The 
figure  shows  the  time  dependence  of  the  crack  velocity  ft,*  realistic 
loading  conditions  and  temperature,  and,  most  importantly,  it  shows 
the  ways  in  whicn  the  numbers  of  cracks  coalescing  before  and  after 
the  crack  size  corresponding  to  KISSC  is  reached  influence  tho 
lifetime  of  a  length  of  pipe.  (The  details  are  provided  by  R.N.  Parkins, 
Corros.  Sci.,  in  press.)  The  time  during  which  tho  cracks  are  below 
the  size  corresponding  to  K,ssc  is  referred  to  as  Stage  3  and  the  time 
after  K,ssc  is  exceeded  is  referred  to  as  Stage  4.  !n  Stage  3,  relatively 
small  cracks  coalesce,  having  a  marked  effect  upon  the  times  spent 
in  Stages  3  and  4,  and  hence  upon  the  total  time-to-failure,  the  latter 
indicated  Dy  the  point  at  which  each  curve  terminates.  The  important 
conclusions  are  that  if  crack  coalescence  does  not  occur,  cata¬ 
strophic  failure  will  not  occur  before  the  crack  reaches  the  size  for  fast 
fracture  (the  curves  on  the  extreme  right  of  Figure  A).  In  addition,  it 
is  clear  from  the  figure  that  it  is  the  coalescence  of  small  cracks 
before  K,ssc  is  reached  that  have  the  most  marked  effect  on  lifetime, 
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because  the  crack  velocity  increases  markedly  once  KISSC  is 
exceeded.  I  see  no  reason  why  similar  considerations  should  not 
apply  to  other  combinations  of  metal  and  environment,  and  indeed 
not  only  to  predictions  of  the  lifetime  of  structures,  but  to  mechanis¬ 
tically  oriented  studies  of  crack  growth  kinetics. 
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FIGURE  A— Calculated  crack  velocities  as  a  function  of  time 
after  the  start  of  cracking  for  various  number  of  small  cracks 
coalescing  in  Stage  3  and  of  large  cracks  coalescing  In  Stage  4. 
(The  stages  are  indicated  by  the  numbers  In  brackets  appended 
to  each  line;  the  numbers  at  the  end  of  each  line  indicate,  in 
sequence,  the  number  of  small  cracks,  then  the  number  of  large 
cracks  assumed  to  have  coalesced  In  Stages  3  and  4.  In  Stages 
3  and  4,  the  crack  velocities  have  been  calculated  at  the  ends  of 
those  Stages  and  the  points  joined  by  straight  lines). 


F.P.  Ford:  I  certainly  agree  about  the  practical  importance  of 
considering  coalescence  phenomena  on  the  overall  cracking  sus¬ 
ceptibility.  Since  the  strain  rate  at  the  crack  tip  is  fundamentally 
important  to  cracking  in  ductile  alloy/aqueous  environment  systems, 
then  intuitively  I  would  think  that  the  crack  growth  rate  should 
increase  when  two  adjacent  cracks  coalesce,  because  of  changes  in 
plastic  constraint  at  the  crack  tip.  In  addition  to  your  comment 
regarding  the  practical  importance  of  crack  coalescence,  I  think  it  is 
interesting  to  note  that  your  data  indicate  crack  propagation  at 
stress-intensity  values  below  Klsco.  In  other  words,  as  has  been 
discussed  at  other  times  this  week,  it  is  dangerous  to  ascribe 
anything  more  than  engineering  utility  to  fracture  mechanics  param 
eters  in  the  environmentally  assisted  cracking  of  ductile  alloy.'aqu 
eous  environment  systems. 

S.C.  Janl  (Georgia  Institute  of  Technology,  USA):  Congra 
tulations  on  an  excellent  presentation,  particularly  your  highlighting  of 
the  limitations  of  fracture  mechanics  and  pointing  out  that  they  should 
only  be  used  if  shown  to  be  valid.  However,  numerous  participants 
have  questioned  the  general  validity  of  K,  AK.  J,  etc.,  for  correlating 
crack  growth  rates  to  eventually  incorporate  into  a  life  prediction 
methodology.  This  is  borne  out  by  the  scatter  in  the  data  you 
presented.  Assuming  that  this  scattor  were  narrower  and  data  could 
be  used  with  greater  confidence,  what  would  be  the  reasonable 
cut  off  level  for  AK  or  da/dN  for  components  in  service?  Your  data 
ranged  in  AK  values  from  approximately  10  to  80  MPa  m”*.  Is  this 
range  representative  of  service  from  installation  to  replacement?  If 
not,  do  you  havo  any  views  on  the  confidence  with  which  the 
scattered  data  can  be  extrapolated? 

I  would  also  appreciate  any  views  you  have  about  the  utility  of 
recently  developed  time-dependent  fracture  mechanics  parameters, 


such  as  c*.  c(t),  c„  etc.,  especially  since  these  parameters  incorpo¬ 
rate,  to  varying  degrees,  time-dependent  constitutive  deformation 
behavior. 

F.P.  Ford:  The  question  of  the  limit  of  application  of  linear 
elastic  fracture  mechanics  (LEFM)  to  environmentally  assisted 
cracking  is  a  harder  one  to  answer  than  it  appears  at  first  sight.  For 
ductile  alloy/aqueous  environment  systems,  the  fundamental  param¬ 
eter  is  the  crack-tip  strain  rate  eect  (or  oxide  rupture  periodicity)  and 
LEFM  is  used  merely  because  empirical  correlations  between  K,  AK, 
etc.,  and  eec,  may  be  formulated.  This  is  useful  since  the  engineer 
recognizes  LEFM  in  his  current  codes.  However,  as  pointed  out, 
these  correlations  must  break  down  at  some  point,  either  because  of 
their  empirical  nature,  or  because  of  the  inherent  limitations  of  LEFM 
for  short  cracks,  high  stresses,  etc.  Thus,  as  pointed  out  by  many 
people  (e.g.,  Speidel,  Leis,  Parkins,  Crooker),  LEFM  characterization 
of  environmentally  assisted  cracking  loses  “similitude,”  and  the  point 
at  which  this  occurs  depends  on  the  material/environment  system. 
The  replacement  of  K  with  J,  j,  C*  may  extend  the  similitude  range, 
but  it  should  be  remembered  that  these  new  parameters  are  still  not 
those  of  fundamental  importance. 

in  answer  to  your  direct  questions  concerning  a  representative 
range  of  K  or  AK,  we  have  found  that  the  empirical  formulations  in 
Equations  (22)  and  (23)  "work"  in  the  range  15  to  45  ksi-in.,/2  in 
austenitic  stainless  steels,  and  such  a  range  is  applicable  to  cracks 
that  are  resolvable  by  current  nondestructive  testing  techniques  in, 
for  instance,  welded  piping. 


J.  Stewart  (Harwell  Laboratory,  UK):  Your  predictive  model¬ 
ing  of  crack  growth  (for  stainless  steels  in  high-purity  oxygenated 
water)  takes  no  account  of  crack  initiation.  Assuming  deterministic 
crack  growth  from  time  zero  would  seem  to  give  an  unduly  pessi¬ 
mistic  life  prediction.  Have  you  future  plans  to  incorporate  crack 
initiation  into  your  models?  How  would  you  account  for  our  obser¬ 
vations:  namely,  many  cracks  initiate,  most  cracks  arrest,  cracks  that 
grow  do  so  by  smaller  crack  coalescence.  Should  such  factors  be 
considered  in  your  modeling? 

F.P.  Ford:  Bear  in  mind  that  most  of  our  thinking  on  this  subject 
has  been  governed  by  problems  in  power  generation  equipment,  and 
certainly  I  am  not  proposing  that  all  cracking  is  governed  by 
propagation  alone.  However,  this  is  the  easiest  hypothesis  to  make, 
and,  moreover,  is  supported  by  the  agreement  between  observations 
and  theory  shown  in,  for  example,  Figures  39  and  40.  Obviously, 
assumptions  have  had  to  be  made  and  these  have  to  be  checked  in 
the  future.  As  I  see  it,  the  major  pioblem  in  this  area  is  expel imental 
verification  of  the  vanous  hypotheses  for  the  behavior  of  very  short 
cracks.  To  do  this,  sensitive  crack  detection  and  crack-following 
techniques  are  required.  Your  technique,  for  example,  of  using 
electrochemical  noise  analysis  to  detect  initiation  could  be  a  useful 
tool  in  this  regard.  The  question  as  to  wh,  some  of  these  very  short 
cracks  slow  down,  or  possibly  arrest,  iu  understandable,  in  principle, 
in  terms  of  logarithmic  creep  laws,  crack  coalescence,  lack  of 
continuous  path  of  sensitized  material  ti.e.,  your  percolation  argu¬ 
ment!,  etc.,  and  how  those  individual  phenomena  control  the 
propagation  process.  The  problem  is  making  the  transition  from 
these  logical  qualitative  principles  to  quantitative  predictions  for 
short,  multicracked  stru^tes.  However,  I  think  that  now  we  under 
stand  what  the  analytical  problem  is,  we  can  solve  it. 
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Environment-Induced  Cracking  of  Metals 
Fundamental  Processes:  Micromechanics 

W.W.  Gerberich  and  S.  Chen * 


Introduction 

The  purpose  here  is  to  emphasize  the  interaction  of  stress  and  strain 
distributions  from  continuum  approaches  with  thermodynamic,  ki¬ 
netic,  and  microstructural  features  of  embrittlement  phenomena.  A 
further  emphasis  is  the  interaction  of  the  environment  with  notches 
and  cracks.  By  continuum,  the  definition  is  stretched  to  include  not 
only  classic  applied-mechanic  approaches  but  also  dislocation 
approaches.  These  include  both  continuous  distributions  of  disloca¬ 
tions  or  discrete  arrays,  in  the  context  of  a  dislocation  as  a  linear 
elastic-strain  center.  These  may  be  used  to  describe  elastic-plastic 
problems.  How  do  such  approaches  lead  to  models  capable  of 
predicting  time-to-failure  or  thresholds  to  failure?  The  micromechan¬ 
ical  aspects  of  such  models  can  cover  a  range  of  scales.  That  is,  an 
understanding  of  the  global  stress  distribution  is  essential  to  evaluate 
the  probable  nucleation  site  for  some  mechanisms.  Within  that  scale, 
more  local  distributions  of  stress  and  strain  may  be  required  for  an 
appropriate  failure  criterion.  Thus,  stress-state-controlled  failure  on 
the  continuum  scale  such  as  plane  stress  vs  plane  strain  and  Modes 
I,  II,  and  III  will  be  covered  at  the  macroscopic  level.  In  addition,  it  will 
be  shown  that  the  load  history  is  an  important  variable.  On  the  more 
microscopic  scale,  some  features  of  trapping  and  binding  for  crack 
nucleation  as  well  as  multiple  crack  nucleation  for  distributed  damage 
will  be  discussed.  Finally,  on  the  finest  microstructural  scales 
concerned  with  discrete  dislocation  arrays,  do  shielding,1 'blunting. anti 
shielding/dynamic  instability/arrest  concepts  play  a  role  in  under¬ 
standing  the  onset  and  growth  of  environment  induced  cracking? 

To  accomplish  those  goals,  we  start  by  reviewing  several 
papers’ 9  from  the  Firminy  Conference  (1973)  and  four  other  more 
recent  reviews10''3  that  address  the  “brittle"  aspects  of  intergranular 
and  transgranular  environmentally  induced  fracture.  As  an  overview. 
Table  1  summarizes  much  of  the  past  emphasis  on  attempting  to 
understand  the  micromechanics  of  environment-induced  cracking.  It 
is  suggested  that  varying  the  macroscopic  loading  modo  may  load  to 
one  of  several  mechanisms  that  may  produce  one  of  several 
microscopic  failure  modes.  Although  self  explanatory  in  general,  it 
should  be  pointed  ojt  under  film  mechanisms  that  these  refer  to 
passive  film  (5  nm)  dissolution,0  thick,  brittle-film  (100  nm)  fracture® 
or  film  induced  (20  nm)  substrate  (1,000  nm)  cleavage.’*  The  19 
odd-loading  and  control  variables,  coupled  with  approximately  16 
possible  mechanism  and  local  failure  modo  pairs,  lead  to  more  than 
one  billion  combinations,  even  when  considering  13  at  a  time.  As  an 
examplo,  the  latter  might  consider  an  elastic  plastic,  Mode  I  ciack  in 
plane  stress  In  a  titanium  alloy  having  a  100  GPa  modulus,  a  1  GPa 
strength,  a  strain-hardening  exponent  of  0.1,  and  so  on.  As  this 
ignores  microstructure,  one  appreciates  the  impossible  task  ahead. 
As  such,  microvoid  coalescence  will  be  de-emphasized  in  this  paper, 
except  where  it  has  been  proposed  as  an  alternative  mechanism  or 
where  it  occurs  concomitantly  with  more  brittle-appearing  modes.  In 
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addition,  this  paper  will  not  extensively  cover  crack-tip  chemistry, 
microstructural  stability,  hydrides,  atomistic  modeling,  weak  and 
deep  traps  for  embrittling  species,  elevated  temperature,  or  fatigue 
interactions,  as  these  will  be  covered  by  others  in  this  conference. 

Reviewing  the  micromechanics  aspects  of  selected  papers  from 
the  Firminy  Conference19  shows  that  four  deal  with  hydrogen 
embrittlement  (HE),14  two  with  film  rupture, 5-6  three  with  stress 
corrosion  cracking  (SCC),s  7  and  three  with  continuum  mechanics.7  9 
Approximately  fifteen  key  micromechanics  questions  seemed  to 
appear  regularly  in  many  of  the  papers1 9  and  subsequent  reviews.1013 

(1)  How  does  the  state  of  stress  affect  environmental 
degradation?1'5 

(2)  Where  is  the  site  for  embrittlement?1 3  9 11 

(3)  Can  there  be  large  local  elastic  stresses  within  the  context 
of  continuum  descriptions?1’8’10'13'14 

(4)  Is  crack  propagation  continuous  or  discon- 
tinuous?2’6’8’11-12’14 

(5)  Are  incubation  times  for  secondary  cracking  kinetically 
controlled?1-12 

(6)  Can  blunt-notch  samples  assist  in  sorting  out  microme¬ 
chanical  aspects  of  crack  initiation?9 10 

(7)  Is  the  porosity  in  the  process  zone  in  the  advance  of  a 
decohering  crack  (or  ligaments  behind  it)  a  significant 
aspect  to  growth  or  instability?6-8’12,14 

<8)  In  those  materials  forming  brittle  films,  can  strain-induced 
film  rupture  by  itself  explain  SCC?5’6,12,14 

(9)  Can  dislocation  shielding  explain  brittle/ductile  switching  in 
borderline  materials  such  as  iron?9’13 

vl  0)  Are  there  similarities  between  hydrogen  and  other  embrit¬ 
tlement  phenomena,  for  examplo,  liquid  metal  embrittle¬ 
ment  (LME)?2 

vl  1)  Does  planai  slip  inducement  by  decreased  stacking  fault 
energies  (SFEs)  in  fee  alloys  and  hydrogen  additions  to 
iron  lead  to  similar  sensitivities  to  embrittlement?7 14 

<12)  Is  a  modified  Cottrell  model  viable  for  embrittlement 
onset?2,11 

(13)  What  are  the  consequences  of  the  stress  and  strain 
distributions  for  growing  cracks?5’8  0 

v14;  What  is  the  yield  strength  dependence  of  environmental 
degradation?4,10 

(15)  What  are  residual  stress  effects  on  environmentally  in¬ 
duced  cracking?8 

To  address  these  questions  from  a  micromechanics  view,  it  is 
first  necessary  to  review  continuum  models  of  stress  and  strain 
distributions  as  well  as  stress  states.  We  will  then  address  most  of 
these  questions  as  several  collective  groups  and  see  how  the 
unanswered  portions  of  these  suggest  future  directions.  Finally,  by 
necessity,  several  concepts  are  proposed  as  to  why  many  of  the 
observed  phenomena  require  a  given  micromechanical  interaction. 
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Stress  and  Strain  Distributions 

Regarding  continuum  theory,  there  are  eight  conditions  of 
significance  in  isotropic,  homogeneous  solids.  These  are  stationary 
and  growing  cracks,  each  of  which  may  be  in  a  material  with  or 
without  strain  hardening,  furthermore,  each  of  these  four  pairs  may 
be  under  plane-stress  (“thin-sheet")  or  plane-strain  (“thick-plate  ’) 
conditions.  Note  that  anisotropic  elasticity  and  plasticity  and  strain 
localization  concepts  substantially  increase  this  set. 

Current  status 

The  stress  distributions  referred  to  above  have  been  addressed 
in  part  in  the  two  former  reviews8  9  and  in  more  recent  papers  in  the 
mechanics  literature.19'20  Thus,  these  will  not  be  addressed  in  detail. 
It  is  important  to  note  that  continuum,  small-scale  yielding  stress 
fields  for  growing  and  stationary  cracks  are  very  nearly  the  same.  In 
Figure  1,  it  is  seen  that  the  values  of  uxx,  and  normalized  on 
the  yield  stress  (uys)  are  very  similar  for  elastic,  perfectly  plastic 
conditions  using  a  von  Mises  yield  condition.20  The  analytical  Prandtl 
field  for  the  stationary  crack,  the  finite  element,  and  the  Rice,  Drugan, 
and  Sham17  models  for  the  growing  crack  are  very  similar.  However, 
the  stresses  behind  the  growing  crack  are  lower  and  affect  both  the 
strain  distribution  and  crack-opening  profile.  As  such,  recent  model¬ 
ing  has  been  associated  with  crack  tips  and  hole  growth  involving 
blunting22  23  or  shear  banding.2425  Also,  plastic  instabilities  from 
corner  theory  and  the  modification  of  steady-state  stress  intensities21 
for  slow  crack  growth  have  been  addressed  and  may  have  implica¬ 
tions  for  modeling  of  subcritical  crack  growth.  To  the  authors 
knowledge,  only  a  few  applications  of  such  models  to  environment¬ 
ally  sensitive  cracking  have  been  attempted.21,26,27 
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Regarding  strain  distributions,  a  recent  review  of  the  eight 
above  conditions  is  summarized  in  Table  2.  The  plastic  strain  (ep) 
may  be  given  as  a  function  of  the  yield  strain  (u^/E),  the  plastic  zone 
diameter  (Rp),  and  the  distance  from  the  crack  tip  (r).  Hero,  the  plane- 
stress  and  plane  strain  plastic  zones  are  given  reasonably  well  for 
both  nonhardening  and  strain  hardening  conditions  by  the 
following:18,20,29 


(2.9),  a,  ~  a2  ~  ot3  ~  a3’  ~  1  and  (5  —  p’  —  5.46  are  good  first 
approximations.  It  should  be  mentioned  that  there  is  some 
controversy30  about  Equations  (2.8)  and  (2.9)  for  elastic-plastic 
conditions  with  strain  hardening16  (e  -  pn),  and  these  may  eventually 
need  to  be  revised.  While  there  has  been  a  great  effort  in  evaluating 
such  models  away  from  the  crack  tip,  there  have  been  few  studies 
near  the  crack  tip  and  almost  none  associated  with  environmental 
cracking,  except  for  the  corrosion  fatigue  work  of  Davidson  and 
Lankford.31  Such  continuum  models  have  been  recently  applied  to 
the  strains  associated  with  fatigue  cracks  growing  in  one  atmosphere 
of  dry  hydrogen  at  a  AK  of  13  MPa-m1'2.2832  The  strain  distribution 
left  by  the  growing  crack  was  measured  with  the  electron-channeling 
technique  at  the  fracture  surface,  just  below  it  by  chemical  polishing, 
and  at  large  vertical  distances  below  on  a  plane-stiain  section  (a  slice 
parallel  to  but  well  below  the  free  surface).  This  gave  the  strain 
distribution  for  a  growing  "corrosion-fatigue"  crack,  in  this  case, 
hydrogen-induced  fatigue  crack  growth  on  the  [001]  plane  of  an 
Fe-3wt°oSi  single  crystal.  As  seen  in  Figure  2,  neither  the  theoretical 
strain  distribution  for  a  stationary  crack  with  strain  hardening  (e  pn), 
nor  the  elastic,  perfectly  plastic  distribution  (e  p)  for  a  growing  crack 
fits  very  well.  In  the  first,  the  singularity  is  too  strong,  meaning  the 
strains  are  rising  too  rapidly,  in  the  second,  the  singularity  is  too 
weak.  In  both  cases,  th&  drain  magnitudes  are  generally  well  below 
those  observed.  The  parameters  used  here  were  o^.  -  296  MPa, 
E,10Oj  -  1-32  a  10s  MPa  and  n  -  0.38  in  Equations  (1)  and  (2). 
Applying  these  same  parameters  with  Equation  (2.9)  from  Table  2  did 
give  a  good  fit  to  the  data,  even  to  within  about  1  nm  of  the  crack  tip. 


FIGURE  1  —Stress  field  around  a  slowly  growing  crack  In  Mode 
I,  plane  strain.  Elastic,  perfectly  plastic  conditions  with  Pois¬ 
son's  ratio  of  0.3  in  a  finite  elomont20  or  small-scale  yielding, 
RDS,  model17  compared  to  the  Prandtl  field  for  a  stationary 
crack.  (Copyright  (c)  1987  Martlnus  Nljhoff  Publishers.21  Re¬ 
printed  with  permission  from  Kluwer  Academic  Publishers.] 

Thus,  what  can  be  suggested  is  that  current  continuum  solu¬ 
tions  are  on  fairly  firm  ground  and  it  is  timely  for  both  the  mechanics 
and  materials  science  community  to  ascertain  the  applicability  of 
such  approaches  as  a  framework  for  micromechanical  models. 
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where  a  and  K,  are  the  applied  stress  and  stress  intensities.  2a  is  the 
crack  length,  and  Is  the  yield  strength.  For  Equations  (2.2)  to 


Application  of  stress  and  strain  distributions 
It  was  originally  suggested9,10  that  blunt-notch  studios  could 
help  assess  some  of  the  critical  issues  in  SCO  and  HE  because  the 
stress  and  strain  distributions  could  be  more  precisely  characterized. 
Since  then,  several  studies33-36  have  addressed  the  blunt-notch  case 
in  high-strength  steels.  These  were  designed  to  address  such  issues 
as  the  site  for  embrittlement  and  whether  or  not  there  was  a  time  for 
crack  initiation.  The  first  of  these  was  a  theoretical  model  that 
suggested  there  was  a  timo  to  build  up  to  a  critical  activity  at  a 
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distance  (xcr)  in  front  of  the  notch.33  This  critical  distance33  was 
approximated  by  equating  the  hydrostatic  pressures  in  the  elastic 
and  plastic  regions.33"36  While  the  elastic  stresses  do  vary  with 
notch-root  radii,  the  hydrostatic  pressure  term  along  the  direction  of 
crack  growth  does  not.  This  gives  a  first-order  upper  bound  for  the 
critical  distance  from  the  following:33-34-37 

2(1  +  v)Kp  _  r  ,  x“  x  .  1 

3(2ttX«)^  -  l  1  +  —  )  +  2  J  (3) 

Here  p  is  the  notch-root  radius  and  Kp  is  the  stress  intensity 
calculated  for  the  notch  as  if  it  were  a  crack.  In  terms  of  this  distance 
(x")  and  Fick’s  second  law,  they  find  an  initiation  time  (t,)  given  by 
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Here  D  is _a  trapped  diffusivity,  x^  is  the  critical  distance  at 
threshold,  and  V((/RT  is  the  partial  mola!  volume  term.  This  model 
may  be  tested  if  the  effective  diffusivity,  critical  distances,  and 
initiation  times  can  be  measured,  since  x?,  can  be  determined  from 
Equation  (3)  at  threshold.  Two  such  experimental  studies  give 
consistent  results.34-35  These  were  both  on  high-strength  type  4340 
(UNS  G43400)  steel,  the  first  being  cathodically  charged  with  internal 
hydrogen  and  the  second  being  tested  in  a  0.1  N  H2S04  solution. 
Note  that  these  would  be  internal  and  external  hydrogen  cases.  In  the 
first  case,  an  acoustic-emission  technique  was  used  to  detect 
nucleation,  while  in  the  second,  an  electrical  potential  method  was 
used.  After  detection,  either  metallographic  sectioning35  or  fractogra- 
phic  analysis  after  liquid  nitrogen  fracture34  was  used  to  detect  the 
initiation  site.  Crack  initiation  below  the  notch  root  is  shown  as  a 
function  of  notch-root  radius  in  Figure  3.  The  upper  bound  from 
Equation  (3)  gives  a  good  accounting  for  the  trend  and  magnitude  of 
the  critical  distances.  Note  that  both  Kp  and  were  slightly  different 
in  the  two  studies  with  the  shift  in  the  two  data  sets  reasonably 
consistent  with  Equation  (3). 

From  these  two  investigations,34  the  time  to  crack  initiation 
was  also  measured,  the  rn^.  complete  set  being  shown  in  Figure  4. 
From  this,  a  horizontal  slico  at  Kp  -  46.5  MPa-m”7  was  taken  to 
compare  tu  the  previous  investigation  that  measured  t,  at  Kp  -  54.9 
MPa  m"\  The  comparison  in  Figure  5  shows  a  similar  trend  of  t, 
increasing  with  p.  Modeling  was  attempted  with  Equation  (4),  but  it 
was  found  to  overpredict  t(  by  more  than  an  order  of  magnitude,  Part 
of  this  might  be  explained  by  the  overprediction  by  Equation  (3)  of  xa, 
but  part  of  it  is  that  Equation  (4)  implicitly  assumes  some  critical 
concentration  controls  failure  regardless  of  the  stress-intensity  level. 
However,  it  is  now  known  that  the  fracture  stress  (cl)  is  a  function  of 
the  hydrogen  content  (C„),  giving  a  a,*  C„  failure  envelope.38  If  one 
uses  this  in  the  macroscopic  sense,39  it  can  be  shown  that35 
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For  a  given  temperature  and  material,  Ci  is  a  constant 
containing  the  diffusivity  term  and  C2  is  a  constant  containing  the  <rj 
-CH  term  Taking  C2  to  be  3.0,  as  used  previously,35  a  single  value 
of  Ci  =  6.8  x  to4  MPa-s  predicts  the  initiation  time  in  Figure  5  for 
tho  500“C  tempor  Using  the  same  value  for  C,  and  reducing  C2  to 
1  8  gives  a  fit  of  Equation  (5)  to  Hirose  and  Tanaka’s  data.34  Here,  a 
40%  drop  in  the  faiiuro  envelope  term  for  tho  more  sensitive  steel 
allows  a  fit.  It  is  seen  that  the  initiation  times  for  cracking  from  a 
blunt-notch  Increase  with  notch-root  radius  and  decreasing  suscep¬ 
tibility  to  HE,  i.o.,  higher  temponng  temperatures.  The  exact  shift  in 
Figuro  5  Is  not  meaningful  since  fugacities  from  prior  charging  and 
from  SCC  are  not  likely  to  bo  tho  same.  It  Is  emphasized  that  this 
simple  model  !s  Incomplete  and  does  not  adequately  cover  tho 
threshold  regime.  As  shown  in  Figure  4,  well-defined  thresholds  were 
demonstrated  as  a  function  of  notch-root  radius.  Using  a  relatively 
Involved  continuous  distribution  of  dislocations  model  for  the  hydro¬ 
static  pressure  distribution  and  a  Green  s  function  approach  to  solve 
Fick’s  second  law,  Hirose  and  Tanaka  were  able  to  predict  initiation 
times  over  the  whole  field  of  Figure  4.34 


From  this  notch-root  behavior,  one  might  get  the  impression  that 
issues  such  as  critical  distance  and  initiation  times  are  convincingly 
settled.  This  is  not  true  on  the  local  scale.  For  example,  the  natural 
crack  tip  need  not  be  blunt,  and,  as  such,  these  findings  may  not  be 
applicable  to  very  high-strength  materials  containing  natural  cracks 
or  perhaps  not  even  to  lower-strength  materials  containing  "sharp 
cracks.”  One  such  “sharp  crack”  situation  is  the  Fe-Si  single-crystal 
case  extensively  investigated  by  Vehoff,  et  al.40-41  Since  these  sharp 
cracks  remained  sharp  while  growing  in  hydrogen,  even  under 
general  yield,  it  was  of  interest  to  assess  the  strain  distribution 
associated  with  such  cracks.  Recently,  it  has  been  shown  that 
sustained  load  crack  growth  is  possible  in  Fe-3wt%Si  in  1  atmo¬ 
sphere  dry  hydrogen  at  room  temperature.  For  one  sample  with  da/dt 
~  1.6  x  io-8  m/s  at  an  effective  applied  stress  intensity  of  25  to  30 
MPa-m,/2,  the  strain  distribution  was  determined  with  electron 
channeling  patterns  (ECPs),  two  of  which  are  shown  in  Figures  6(a) 
and  (b).  The  back-scattered  channeling  contrast  in  Figure  6(c)  gives 
a  sense  of  the  iso-strain  contours  near  the  tip  of  the  slowly  growing 
crack.  This  terminated  in  rapid  cleavage  with  much  less  plasticity, 
and  thus  the  contours  are  representative  of  slow  crack  growth.  From 
the  ECPs  in  localized  areas,  individual  strains  were  measured  at  a 
number  of  positions  to  give  the  strain  contours  in  Figure  6(d).  At 
positions  of  640,  740,  and  800  pm  in  front  of  the  original  crack  tip, 
distributions  at  0  =  90°  were  taken  and  plotted  in  Figure  7.  Also 
shown  are  the  interpolated  data  from  the  iso-strain  contours  in  Figure 
6(d).  Although  incomplete,  preliminary  results  indicate  a  reasonable 
prediction  in  the  plane-stress  regime  with  a  calculated  plastic-zone 
size  of  20,000  pm  from  Equation  (1.3)  and  the  distribution  from 
Equation  (2.8).  Additional  work  is  in  progress  to  assess  this  for 
samples  with  more  constrained  yielding.  Still,  from  Figures  2  and  7, 
it  appears  that  the  growing  crack-strain  distribution  is  most  appropri¬ 
ate  to  slow  crack  growth  by  HE  of  Fe-3%Si. 

This  applicability  allows  a  threshold  model  to  evolve  following 
the  original  Cottrell  and  Petch  ideas.43  44  For  environment-sensitive 
fracture,  the  idea  was  that  the  effective  surface  energy  was  reduced, 
and  when  a  dislocation  pile  up  nucleated  a  crack  of  sufficient  size, 
unstable  fracture  resulted  with  aNb  2y£™r.  As  derived  in  Appendix 
A,  this  idea  can  be  coupled  with  Equation  (2.9)  to  give  a  Cottrell- 
Petch  type  model  for  threshold  stress  intensity.  For  plane  strain  with 
strain  hardening,  this  gives  a  result  not  too  different  from  that  denved 
by  Smith45  from  other  considerations, 


(6) 


With  P’  =  5.46,  v  =  0.3,  n  =  0.38,  and  ffys  =  300  MPa,  all 
parameters  aro  known  except  L,  and  r0.  The  former  is  the  slip-band 
length  and  tho  latter  is  the  distance  from  the  crack  tip  where  tp  =  «„ 
the  "fracture  strain."  With  r0  - 1  pm  and  1,-30  pm,  one  calculates 
a  of  1 6.4  MP-m'73,  which  is  close  to  tho  observed  threshold.  Since 
e,  ~  K^l  -  i«®)/  Ea^L,,  the  fracture  strain  may  bo  calculated  to  bo 
0.21 .  This  Is  reasonable  comparing  the  theoretical  plot  of  Figuro  2  at 
r  =  1  pm.  Thus,  the  modeling  is  self-consistent.  Tho  ability  to  fit  a 
threshold  is  not  significant  by  itself,  since  there  are  two  adjustable 
parameters  (only  one  if  e,  is  measured),  rQ  and  L,.  It  is  the 
reintroduction  of  the  old  Idea  that  y^l 1,  Is  a  controlling  parameter 
in  ombrittlomer.t  thresholds  that  has  some  merit.  Having  said  that,  the 
reader  is  cautioned  on  two  points  with  regard  to  any  implications  on 
mechanism: 

(1)  First,  tho  use  of  2-yJS'"  in  the  derivation  does  not  mandate  a 
surface-energy  mechanism,  since  any  mechanism  that 
reduces  the  effective  work-of-fracture  is  appropriate. 

(2)  Second,  the  use  of  a  strain  distribution  to  describo  the 
evaluation  point  does  not  necessarily  mean  this  is  a  failure- 
strain  criterion.  This  will  become  clear  in  tho  section  on 
dislocation  shielding/antishielding. 

Besides  Mode  I,  one  must  considor  other  states  of  stress  for 
both  sorting  out  macro-  or  micromechanism  and  the  practical 
implications. 
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TABLE  2 

Analytical  Strain  Distributions  for  Stationary  and  Growing  Cracks 


Conditions 

Plane  Stress 

Plane  Strain 

Plastic  zone  size 

(2'0)  K2 

RP  =  A 

™ys 

(2.1) 

R  _  K? 

HP  P 

OTUX^s 

Stationary 

cracks 

Elastic,  ideally 
p!ast!c  (e-p) 

(2.2) 

(2.3) 

v-  ;>•  [?  -] 

With  strain 
hardening  (e-pn) 

(2-4) 

.^,i[(Ar-,] 

(2.5) 

[  (4-r -•] 

Growing 

cracks 

Elastic,  ideally 
plastic  (e-p) 

(2.6) 

With  strain 
hardening  (e-pn) 

(2-8) 

(2.9) 

Distance  Below  the  Fracture  Surface,  r,|im 


FIGURE  2— Plastic-strain  distributions  for  subcrltlcal  crack 
growth  In  fatigue  measured  normal  to  the  crack  plane.  Theoret¬ 
ical  comparisons  are  for  a  stationary  e-p"  crack,  Equation  (2),  a 
growing  e-p  crack,  Equation  (2.7)  and  a  growing  e-pn  crack, 
Equation  (2.9). 


FIGURE  3— Crack  nucleation  site  near  a  blunt  notch  as  a 
function  of  notch-root  radius.  Two  ultra-high-strength  steels  are 
represented  with  slightly  different  yield  strengths  and  apparent 
stress-intensity  factors  (Kp). 
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FIGURE  4-Effect  of  notch-root  radius  and  applied  stress 
intensity  for  time  to  nucleate  a  detectable  crack.  (Reprinted  with 
permission  from  Pergamon  Press  pic.34) 


FIGURE  5— Crack  initiation  time  as  a  function  of  notch-root 
radius  for  the  two  steels  of  Figure  3 35  (Reprinted  with  permis¬ 
sion  from  Pergamon  Press  pic.34,35) 

Loading-Mode  Effects 

Hero,  the  classic  Mode  1, 11,  III  loadings  as  well  as  degree  of 
biaxiality  and  piano  stress  vs  plans  strain  are  included.  Both  stress 
and  strain  distributions  can  vary  greatly  in  all  of  these  loading-type 
groups.  For  that  reason,  a  large  number  of  investigations46-6®  have 
used  these  to  sort  out  mechanisms.  Since  the  stress  distributions 
havo  been  covored  adequately  6-°  those  aspects  will  not  be  reviewed 
except  where  needed,  The  reader  is  reminded  that  these  three 
groups  are  as  depicted  in  Figure  8,  and  oach  ol  these  will  be 
addressed  in  sequence. 


Modes  I,  II,  III 

To  briefly  review,  it  was  originally  suggested67  that  HE  would 
more  likely  occur  in  a  dilatant  region  or  region  of  elevated  hydrostatic 
tension  stress  (o^).  For  the  simple  case  of  spherical  strain  centers 
in  a  dilute  solution,  Boltzman  statistics  give  the  following:66 

CH  =  C0exp{^}  (7) 


where  CQ  is  the  initial  concentration.  If  cru  is  large,  as  in  Mode  I, 
greater  hydrogen  is  available  but  with  era  =  0,  as  in  Mode  III,  HE 
should  be  difficult,  if  not  impossible.  Tests  of  Mode  I  and  Mode  III 
appeared  to  verify  this  argument.66  There  are  three  possible  con¬ 
cerns  in  the  way  Equation  (7)  has  been  applied.  First,  if  the  hydrogen 
is  collecting  in  a  region  where  eru  becomes  very  large,  then 
Fermi-Dirac  statistics  should  be  used.  In  the  sense  of  a  macroscopic 
process  zone  where  stresses  are  no  greater  than  3ory5i  this  would  not 
be  a  problem  except  where  CQ  is  initially  large.  Second,  if  hydrogen 
is  nonspherical,  additional  off-diagonal  terms  must  be  considered, 
allowing  Mode  III  to  produce  enhanced  concentration  levels.6’ 
Finally,  a  grain-boundary  site  with  even  a  low  binding  energy  near  25 
kJ/mol  concentrates  on  the  order  of  3000  times  as  much  hydrogen  as 
suggested  by  Equation  (7).70  It  could  then  be  argued  that  Mode  I 
tensile  stresses  simply  cause  intergranular  separation  of  boundaries 
greatly  weakened  by  segregation  that  results  from  binding  at  trap 
sites,  obviating  the  need  for  crack-tip  dilation.  Some  of  these  same 
arguments  could  be  applied  to  Mode  II  but  will  mostly  be  addressed 
below  for  Mode  III. 

Comparisons  between  Modes  I  and  II  have  been  relatively 
sparse,  although  the  available  information  suggests  that  Mode  II 
cracking  is  possible.60-63-65  McGuinn  and  Aballe  demonstrated  that 
Mode  II  cracking  did  occur  during  SCC  of  steel  coupled  to  a  Mg 
anode  in  3%  NaCI  solution.63  This  would  produce  a  high  hydrogen 
fugacity.  Furthermore,  the  suggestion  was  that  since  the  elastic 
hydrostatic  stress  tensor  could  not  collect  hydrogen  in  the  near-tip 
region,  HE  did  not  require  a  significant  bulk  hydrostatic  stress.  It  was 
later  discussed  that  in  using  the  Hutchinson,  Rice,  and  Rosengten 
(HRR)  stress  field  for  an  elastic-plastic  material,  a  dilatational  stress 
was  possible  for  a  Mode  II  crack.64  Presently,  it  is  not  known  whether 
SCC  or  HE  of  high-strength  steels  depends  on  the  bulk  hydrostatic 
stress  for  Mode  II  loading.  Evaluations  of  lower-strength  materials 
with  greater  resistance  to  embrittlement,  such  as  iron  or  nickel  with 
dispersed  second  phases,  have  been  accomplished  by  Joosten,  et 
al.50  With  U-notch  bend  tests,  it  was  shown  that  precharged 
hydrogen  promoted  ductile  plastic  instabilities  in  Mode  II  for  both  type 
1095  steel  and  thoria-dispersed  nickel.  However,  under  dynamically 
charged  conditions,  the  failure  mode  switched  from  ductile  Mode  II  to 
brittle  Mode  I.  In  a  detailed  study  of  Mode  II  cracking  of  highly 
textured  Fe-Si,  Zhang,  et  al.,65  demonstrated  that  cleavage  cracking 
was  on  the  (001)  planes  regardless  of  the  crystallographic  orienta¬ 
tion.  As  shown  in  Figure  9,  the  ratio  of  the  initial  applied  Mode  II  stress 
intensity  to  the  critical  applied  Mode  II  stress  intensity  (K,/K,^) 
controlled  the  time-to-failure;  however,  the  orientation  also  affected 
time-to-failure.  With  p  being  the  angle  between  the  load  axis  and  the 
[001]  rolling  direction,  and  y  being  the  angle  between  the  load  axis 
and  the  crack-growth  direction,  they  found  p  +  y  =  90°  in  all  tests. 
They  used  these  observations  to  disqualify  the  decohesion  theory  of 
HE.  In  addition,  their  observations  of  severe  local  plastic  deformation 
reinforced  their  concept  of  a  Cottrell  mechanism  with  [001]-type 
dislocation  pile  ups  and  high  internal  hydrogen  pressures  leading  to 
c^ck  growth. 

Three  points  are  of  note  here.  First,  in  Figure  7  it  was  seen  that 
very  large  strains  also  accompany  Mode  I  cracking  of  Fe-3wt%Si 
single  crystals  in  hydrogen.  Second,  in  a  system  where  cleavage  on 
{001}  controls  cracking,  deviation  from  the  maximum  principal  stress 
plane  is  to  be  expected  for  some  orientations.  Finally,  the  stress  field 
in  this  anisotropic,  double-notched  specimen  was  unknown.  Given 
this  in  perspective,  our  view  is  that  these  results  do  not  disqualify  a 
decohesion  theory.  Nevertheless,  Zhang,  et  al.,65  made  an  important 
contribution  in  identifying  the  strong  crystallographic  effect  regard¬ 
less  of  the  loading  angle  and  the  fact  that  a  critical  number  of 
dislocations  may  be  involved  in  crack  nuefeation.  While  it  would 
appear  that  the  work  of  Vehoff  and  Neumann41  negates  the  pressure- 
theory  hypothesis,  there  is  a  possibility  that  a  type  of  dislocation  pile- 
up  mechanism  may  be  integrally  involved  with  decohesion.  This  is 
discussed  later. 
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FIGURE  6— Electron  channeling  pattern  (ECP)  measurement  of  the  Iso-strain  contours  about  a 
crack  growing  In  an  Fe-Si  single  crystal  under  1  atmosphere  of  hydrogen:  (a)  and  (b)  ECPs  at 
0  and  30%  strain;  (c)  back-scattered  electron  contrast;  (d)  Iso-straln  contours. 


Distance  from  Crack  Surface,  y  ,0un) 

FIGURE  7— Comparison  of  theory  [Equation  (2.8)]  to  the  mea¬ 
sured  plastic  strains  for  the  sample  of  Figure  6.  The  open 
symbols  correspond  to  the  points  in  Figure  5(d)  at  various  x-y 
coordinate  locations  while  the  solid  circles  correspond  to  a 
vertical  section  through  the  Iso-straln  contours  at  x-800  pm. 


There  is  some  controversy  in  the  literature52’54'61'62'6®  as  to 
whether  cracking  occurs  in  Mode  III  as  a  pure  Mode  III  crack.  The 
original  tests  implied  that  cracking  would  not  occur  along  the  plane  of 
the  crack.66  Later  tests  demonstrated  that  cracking  could  occur  in 
such  samples.61-62  However,  these  cracks  are  really  propagating  as 
opening-mode  cracks,  since  they  propagate  perpendicular  to  the 
maximum  tensile  axis,  i.e.,  at  about  ±45°  to  the  load  axis.  Just  like 
brittle  conchoidal  fracture  of  chalk  can  occur  in  torsion,  so  can  a 
smooth  or  notched  steel  bar  fail  along  planes  perpendicular  to  the 
normal  stress  by  HE.  The  generally  accepted  observations  are  that 
microscopic  Mode  III  cracking  in  the  Mode  III  direction  is  very  difficult 
to  achieve.  Results  of  Thompson,  et  al. 52,54  and  Green,  et  al.,71  all 
suggest  that  susceptibility  to  cracking  under  SCC  conditions  was 
greater  under  Mode  I  loading.  For  example,  Swanson,  et  al.,52 
demonstrated  in  aluminum  alloy  7075-T6,  that  the  time-to-failure  was 
2  orders  of  magnitude  shorter,  100  min  for  Mode  I  and  104  mm  for 
Mode  III,  in  constant-load  tests  at  323°K  in  a  3.5%  NaCI  solution. 
Additional  evidence  comes  from  Kapp72  who  evaluated  notched  bars 
of  70/30  alpha  brass  under  LME  conditions.  In  air,  alpha  brass 
required  70°  of  twist  to  initiate  the  crack.  In  liquid  mercury,  only  10° 
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of  twist  was  required.  After  crack  initiation  for  a  short  distance  of  10 
to  50  jim  in  Mode  III,  the  crack  switched  to  Mode  I.  The  macroscopic 
fracture  appearance  showed  45°  planes.  To  Kapp,  this  implied  that 
while  crack  initiation  may  be  strain  controlled,  decohesion  had  the 
largest  effect  on  governing  crack  propagation  along  maximum  tensile 
stress  planes.72 
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FIGURE  8-Three  groups  of  state-of-stress  effects  resulting 
from  loading  or  geometry:  (a)  opening  Mode  I,  in-plane  shear 
Mode  II,  and  antiplane  shear  Mode  III,  (b)  degree  of  biaxiality, 
and  (c)  degree  of  triaxiallty  or  the  thickness  effect. 

This  leaves  the  possibility  that  Mode  III  and  Mode  II  can  initiate 
cracking,  but  Mode  I  dominates  propagation.  This  still  does  not 
address  whether  the  Mode  III  stress  field  initiates  cracking  because 
of  a  strain  criterion,  or  in  those  cases  where  hydrogen  is  possible 
because  of  increased  concentration  due  to  nonsphencal  distortion.6' 
With  regard  to  tne  latter,  considerable  insight  has  been  gained  by 
Mode  III  and  combined  Mode  l/ill  testing  of  smooth  samples.6’ 62 
Chu,  et  al.,61  had  earlier  shown  that  hydrogen-induced  delayed 
cracking  ot  ultra-high-strength  steels  was  produced  on  45  planes  of 
torsion  bars.  This  plane  provided  the  largest  magnitude  (-)  of  the 
interaction  energy  between  the  strain  field  and  the  hydrogen  atom. 
This  is  given  by 

U45o  =  -  +  e2  -  2e3)sin(2a)  =  ^.(c2  -  e3)  (8) 

where  a  is  the  angle  of  the  plane  of  the  crack  to  the  torsional  plane. 
These  planes  have  the  maximum  concentration  of  hydrogen  in  the 
macroscopic  sense  and  lead  to  failure  by  intergranular  fracture. 
Similarly,  Takemoto  provided  evaluation  of  smooth  bars  of  type  4135 
steel  but  in  Mode  i,  Mode  til,  and  combined  Mode  i/lll.6’2  They 
demonstrated  failure  to  occur  on  planes  that  maoe  an  angle  with 
the  specimen  axis, 

0  =  ^  tan-(2-r  /  <tx)  (9) 

where  the  x-axis  is  the  length  of  the  bar.  Thus  a  combined  Mode  l.'lll 
sample  with  the  torsional  stress  equal  to  the  tensile  stress  should  fail 
at  31.7  and  the  observed  macroscopic  failure  plane  was  32r.  Note 
here  that  a  +  0  is  90".  Takemoto  observed  that  the  0  plane  also 
produces  the  largest  magnitude  of  negative  interaction  energy 
between  hydrogen  and  the  elastic  strain  field,62  He  thus  concluded 
that  the  critical  combination  of  stress  state  and  hydrogen  concentra¬ 
tion  leads  to  HE.  However,  since  in  all  of  these  tests,  the  o  plane  is 
both  the  plane  ot  maximum  concentration  and  the  plane  of  maximum 
principal  stress,  it  could  be  argued  that  one  of  these  is  sufficient. 


FIGURE  9-Variation  of  K„/K„x  with  tlme-to-failure  (t,)  for  spec¬ 
imens  with  different  orientations  between  the  load  axis  and  the 
[001]  rolling  direction  in  textured  Fe-Si:  (a)  angles  are  0, 22,  and 
52°,  and  (b)  angles  are  57°,  62°,  and  90°.65 

From  the  results  on  both  notched-  and  smooth-bar  specimens, 
the  preliminary  conclusion  is  that  Mode  I,  II,  and  III  crack  growth 
favors  those  planes  where  the  maximum  principal  stress  is  involved. 
For  HE,  these  planes  are  generally  also  the  planes  of  maximum 
hydrogen  concentration.  One  exception  is  for  strong  crystallographic 
textures  or  single  crystals  where  the  cleavage  plane  controls  rather 
than  the  macroscopic  maximum  principal  stress.  Although  indirect, 
careful  acoustic-emission  or  potential  drop  experiments  would  be 
useful  to  establish  the  existence  of  nucleation  times  under  Mode  III 
or  combined  Mode  l.'lll  loading.  A  similar  set  of  Mode  II  or  Mode  I/ll 
tests  would  assist  in  ranking  the  relative  contributions  of  normal 
stress,  dilational  stress,  and/or  strain  to  crack  initiation. 

Biaxiality  effects 

To  the  authors  knowledge,  biaxiality  effects  have  been  exclu 
sively  addressed  through  crack  initiation  in  uncracked 
specimens*6 " 56 rather  than  the  precracked  ones  indicated  in 
Figure-8,  Group  B.  in  6.9  MPa  hydrogen,  Louthan,  et  al.,  demon¬ 
strated  that  biaxial  loading  (punched  test  on  a  clamped  plate)  was 
more  detrimental  than  uniaxial  loading  (actually  4-point  bending).48 
Holding  untempered  type  4340  steel  with  an  ultimate  strength  of  21 00 
MPa  for.  120  h  gave  the  results  shown  in  Figure  10.  Greater  biaxial 
degradation  was  evident  in  both  lower- failure  stresses  and  more 
extensive  intergranular  cracking.  Furthermore,  there  was  a  long 
incubation  period  prior  to  cracking,  as  evidenced  by  the  lack  of 
acoustic  emission.  During  this  long  hold,  it  was  assumed  that 
dislocation  activity  became  negligible  in  these  sustained  load  tests 
Louthan.  et  al.,  concluded  for  HE  of  high  strength  steels  that 
dislocation  transport,  internal  pressure,  slip  softening,  and  hydrogen 
reduction  of  surface  energy  effects  did  not  play  a  significant  role,  but 
that  lattice  dilation  appeared  to  be  important.  They  did  not  address 
the  drop-off  in  failure  stress  with  increased  thickness  of  the  bend 
samples,  but  this  could  be  because  of  increased  biaxiality  effects  in 
these  “uniaxial”  samples. 
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FIGURE  10— Minimum  failure  stresses  and  maximum  survival 
stresses  for  type  4340  steel  (UNS  G43400)  as  affected  by  degree 
of  blaxlallty  at  various  thicknesses.  (Reprinted  with  permission.44) 
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Blanchard.  Koss,  and  Heldt55,56  and  Kampe  and  Koss59  have 
shown  nearly  the  same  increased  degree  of  biaxial  degradation  in 
both  Admiralty  brass  in  0.1  M  CuS04  and  in  pure  nickel  in  1  N  H2S04 
charged  at  100  A/m2.  Besides  uniaxial  and  equibiaxia!  tension,  a 
plane-strain  Clausing’5  test  was  used.  All  three  produced  cteavage- 
like  failures  in  Admiralty  brass.  First,  note  that  the  plane-strain 
condition  for  the  Clausing  test  is  not  as  severe  a  stress  state  as  plane 
strain  at  a  crack  tip.  The  Clausing  test  gives  a  state  of  unbalanced 
biaxial  tension  wittu*,  =  and  a3  =  0.  Thus,  the  hydrostatic 
tension  (ct,/3)  ncreases  in  severity  from  tensile  to  unbalanced  biaxial 
to  equibiaxial  tension.  It  may  be  of  significance  that  the  ratio  of  the 
load-to-failure  in  the  environment  to  that  in  air  (Ponv/P„i,)  did  scale 
inversely  with  the  stress  tensor.  Since  an  internally  dissolved  species 
would  be  pioportional  to  exp  {a  ^},  a  simple  comparison  in  Table  3 
shows  that  the  increased  availability  of  an  embrittling  species  such  as 
oxygen  (?)  or  hydrogen  (?)  scales  with  the  severity  of  the  embrittle¬ 
ment.  Whether  this  state-of-stress  effect  is  associated  with  an 
internally  dissolved  species  or  some  special  dislocation  mechanism 
is  yet  to  be  determined.  Using  the  same  set  of  tests,  Kampe  and 
Koss59  have  evaluated  INCO  200  nicket  containing  33  at.  ppm  sulfur. 
Hydrogen-produced  intergranular  fracture  under  all  three  conditions 
with  equibiaxial  tension  'vgain  producing  the  severest  degradation. 
They  conclude  that  a  critical  normal  stress  criterion  applies,  as  might 
be  explained  by  either  of  the  following: 


/4\  An  !n  lU«  Innnl  owInmnMAnlA  ntrAAA  t\Aiinrf 
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aries  because  of  plastic  incompatibility  between  a  hydrogen- 
softened  boundary  and  the  adjacent  grains;  or 
(2)  A  decrease  in  the  fracture  stress  of  the  boundary  because  of 
a  hydrogen  swoop-in  process  by  dislocations. 


One  might  add  a  third  possibility,  suggested  by  Table  3,  that  the 
equibiaxial  condition  would  increase  the  local  hydrogen  availability 
most. 


TABLE  3 

Effect  of  Degree  of  Biaxialitv  on  Failure  Loads(A) 


Tost  Typo 

Tension 

Clausing 

Balanced  Biaxial 

air 

0.86 

0.80 

0.67 

vJ2 

a,/3 

a,/2 

2<r,/3 

[oxp(a^!)]-' 

0.85 

0.78 

0.72 

“'Specimens  were  of  Admiralty  brass  m  CuS04  and  were  initially 
crack  free 


Plane  strain  vs  plane  stress 

Plane-strain  vs  plane-stress  effects,  and  how  to  interpret  them, 
go  back  more  than  two  decades  to  B.F.  Brown,74  who  showed 
thickness  effects  in  the  SCO  and  HE  resistance  of  steel,  titanium,  and 
aluminum  alloys.  Gerberich,  et  al., 36,75  also  documented  the  in¬ 
creased  resistance  of  thin-sheet  plane-stress  compared  to  thick-plate 
(plane-strain)  conditions  and  explained  them  in  terms  of  dilatational 
(crr/3)  and  normal  stress  (a™x)  effects.  Later,  Chu,  et  al., 76,77  and 
Tien,  Nair,  and  Bates46  suggested  that  a  dislocation  sweep-in  model 
was  appropriate  for  crack  growth.  This  was  based  upon  observations 
of  surface  plasticity.  Even  though  they  describe  extensive  tunneling 
of  the  internal  crack,  which  gives  a  ligament  that  undergoes  surface 
plasticity,  a  time-dependent,  plastic-zone  growth  model  was  invoked 
to  explain  growth  kinetics.  Alternatively,  one  could  interpret  this  to 
mean  that  embrittlement  kinetics  leads  the  tunneled  crack,  and  the 
plane-stress  ligament  that  is  holding  on  finally  tears  by  a  shearing 
mechanism.  This  is  consistent  with  decreased  kinetics  being  asso¬ 
ciated  with  decreased  thickness,  i.e.,  greater  plane  stress.36,75 

There  is  additional  evidence.  Shaw  and  Johnson47  have  eval¬ 
uated  2-1/4Cr-1  Mo  steels  with  an  ultimate  strength  of  750  MPa  in  50 
psig  H2S  gas.  Without  side  grooves,  these  75-mm-thick  samples 
developed  a  large  plastic  zone  with  da/dt  ~  3.9  x  10-8  m/s  at  a 
stress  intensity  of  145  MPa-m1/2.  With  side  grooves,  faster  growth 
rates  of  1.6  x  10‘  7  m/s  occurred  at  lower  K,  values  of  25  to  50 
MPa-m1'2.  Since  the  side  grooves  remove  the  plane-stress  liga¬ 
ments,  this  clearly  indicates  kinetics  are  favored  by  a  plane-strain 
state  of  stress.  It  also  suggests  that  microplasticity  effects  alone  do 
not  generally  promote  the  severest  degradation  Other,  more  recent 
evidence  comes  from  hydrogen-induced  fatigue  and  sustained  crack 
growth  on  the  {100}  planes  of  single-crystal  Fe-3wt%Si.3242  In 
samples  4.8-mm-thick,  crack  growth  proceeded  by  a  tunneling 
process.  At  AK  13  MPa  m1'2,  this  occurred  for  macroscopic  crack 
growth  oriented  in  both  the  ,001  and  -  011  directions.32  These 
approached  plane-strain  conditions  since  the  monotonic  plane  stress 
plastic  zone  diamete, ,  Equation  (1 . 1 ),  was  only  1 5%  of  the  thickness. 
Under  higher  K,  values  near  30  MPa-m1'2,  sustained  crack  growth 
still  exhibited  tunneling  effects  in  the  <01 1  >  growth  direction.  Since 
tho  microscopic  crack  front  wants  to  be  parallel  to  a  <oTl>,  this 
deviation  from  a  straight  crack  front  appears  to  be  driven  by 
macroscopic  plasticity  considerations  and  not  crystallographic  ones. 
The  crack-front  curvature  in  Figure  1 1  clearly  shows  the  surface 
lagging  behind  the  center  with  the  plane-stress  surface  being  the 
slow  step  in  the  growth  process.  This  suggests  a  strong  plane-strain 
effect  even  in  this  300  MPa  yield  strength  single  crystal. 

In  summary,  the  weight  of  the  evidence  is  that  strong  state  of 
stress  effects  exist  in  environmental  degradation.  Where  brittle 
intergranular  or  cleavage  modes  are  involved,  it  appears  that  Mode 
I,  plane-strain  cracking  conditions  are  most  severe  for  crack  growth, 
and  equibiaxial  stresses  are  most  severe  for  initiation  in  uncracked 
members.  The  fact  that  similar  state-of-stress  effects  are  at  work  in 
several  classes  of  alloys  subjected  to  different  types  of  embrittlement 
phenomena  suggests  a  common  theme.  This  does  not  mean  that  a 
single  mechanism  exists,  as  that  cannot  be  the  case,  however,  it 
cuuld  mean  that  a  common  micromechamca!  condition  is  favotable 
for  embrittlement  onset. 

Critical  Questions 

The  fifteen  questions  posed  in  the  first  section  are  divided  into 
three  groups  dealing  with  the  micromechanics  of  the  embrittlement 
site,  the  modification  of  stress  or  strain  states  associated  with 
cracking,  and  other  mechanics/microstructuro  interactions. 

The  embrittlement  site 

To  summarize  the  first  six  questions,  one  could  ask  where  this 
site  is  and  what  its  character  is.  The  position  will  depend  upon  its 
character,  which  includes  local  stress,  local  resistance,  and  the  time 
to  reach  local  instability.1 3,68,0  !3-4658’8 104  Much  of  this  has  been 
reviewed  foi  the  blunt  notch  case  in  the  section  on  the  application  of 
stress  and  strain  distributions.  Here,  the  site  is  subsurface  where  the 
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macroscopic  stresses  are  highest.  This,  together  with  well-predicted 
initiation  times,  presents  a  consistent  picture.  In  some  ways,  this 
might  serve  to  confuse  the  real  issues  associated  with  sharp  cracks, 
much  controversy  in  the  literature  has  evolved  regarding  this  for  two 
major  reasons.  First,  there  can  be  major  similarities  or  differences  in 
external  vs  internal  sources  of  embrittling  species.  It  all  depends  on 
the  relative  concentration  of  embrittling  species  in  a  given  location, 
the  relative  velocity  of  the  crack  compared  to  the  diffusivity  of  the 
species,  and  the  relative  stress  or  strain  at  that  location.  Second, 
there  are  embrittlement  sites  on  the  global  scale  and  embrittlement 
sites  on  the  local  scale,  what  has  been  lacking  is  a  consistent  picture 
that  includes  both  scales. 


►<110>  i - 

1mm 


FIGURE  11 -Crack-front  curvature  observed  In  a  4.8-mm-thlck 
Fe-3wt%SI  single  crystal.  Crack  growth  was  In  1  atmosphere  of 
dry  hydrogen.  [Reprinted  with  permission  from  Pergamon  Press 
pic.43) 


These  ideas  are  summarized  in  Figure  12.  Consider  an 
internally  distributed  species  as  in  Figure  12(a)  for  a  high-strength 
material.  While  the  species  concentrates  In  the  global  sense  because 
of  the  macroscopic  stress  gradient,  it  may  initiate  at  an  interface 
where  the  species  segregate  further.  Because  of  crack  Initiation 
subsurface,  there  now  exisw  a  small  microcrack  that  connects  up 
with  the  macrocrack.  The  local  stress  field  that  governs  this  initiation 
and  growth  must  be  different  in  character  and  magnitude  from  the 
global  stress  field.  More  than  an  order  of  magnitude  difference  is 
implied  with  local  stresses  -•  104  MPa  being  compared  to  macro¬ 
stresses  near  103  MPa.  This  has  been  recognized  by  a  number  of 
investigators.'  ’08498  For  external  embrittlement  of  the  same  high- 
strength  material,  cracking  most  likely  initiates  very  near  or  at  the 
surface,  since  the  combined  local  concentration  and  local  stress  is 
greatest  there  (Figure  120)].  Even  though  the  macroscopic  location 
is  different,  the  local  stress  distribution  and  concentration  of  species 
may  be  very  similar.  This  could  lead  to  similar  types  of  threshold  and 
kinetic  growth  phenomena  in  some  instances.  The  low-strength 
condition  with  a  blunter  notch  leads  to  a  similar  macroscopic 
embrittlement  site,  but  one  that  is  displaced  further  from  the  crack  tip 


for  internal  embrittlement,  Figure  12(c).  Still,  the  local  stress  required 
for  crack  advance  might  be  nearly  identical.  Slower  growth  kinetics 
might  be  associated  with  either  a  modified  stress  field  or  a  greater 
local  resistance. 

For  the  external  case  [Figure  120)],  slower  crack  growth  rates 
in  the  low-strength  material  allow  for  two  embrittlement  sites.  The 
embrittling  species  diffuses  in  with  a  high-concentration  gradient  neair 
the  crack  tip.  This  could  be  one  site,  but  with  time,  this  forms  an 
additional  concentration  gradient  near  the  macroscopic  hydrostatic 
stress  maximum.  Although  highly  speculative,  such  a  result  can  be 
inferred  from  the  moving-line  source3  and  quasistatic,  elastic-plastic 
solutions.34  Even  if  this  stress  maximum  were  not  coincident  with  the 
concentration  maximum,  nucleation  might  still  prefer  a  subsurface 
site.  Again,  the  local  stress  and  concentration  differences  between 
the  external  and  internal  case  may  or  may  not  be  large  depending  on 
the  severity  of  the  initial  conditions.  As  will  be  shown,  recent  evidence 
indicates  that  these  five  scenarios  do  not  comprise  all  the  possibili¬ 
ties,  which  makes  creating  order  out  of  this  “site  question”  difficult. 

Oriani1  originally  suggested  that  the  embrittlement  site  in 
ultra-high-strength  steels  cannot  be  subsurface  because  of  kinetic 
limitations,  Figure  12(b).  While  this  may  be  true,  it  is  difficult  to  prove 
from  growth  rate  alone,  because  the  1  p  distance  involved  to  the 
stress  maximum  is  easily  transversed  by  hydrogen  in  1  s.  By 
contrast,  Rice9  suggested  that  embrittlement  needs  to  be  achieved 
over  a.microstructural-sized  scale  on  the  order  of  1  to  30  pm,  but 

there  is  no  a  priori  reason  for  the  initiation  site  to  b9  coincident  with _ 

the  macroscopic  stress  maximum.  For  ultra-high-strength  steels, 
Johnson,3  Gangloff,  and  Wei83-88  and  Gerberich,  et  al.,70  suggest 
that  microstructural  traps  such  as  prior  austenite  grain  boundaries, 
martensite  laths,  and  sulfides  at  prior  austenite  grain  boundaries  are 
embrittlement  sites,  but  there  was  not  definitive  proof  of  “volume 
embnttlement."  By  a  special  sustained-load,  bake-out,  fatigue  se¬ 
quence,  Gao,  Lu,  and  Wei90  concluded  that  the  fracture  process  zone 
is  no  greater  than  one  prior  austenite  grain  diameter.  This  would  still 
be  larger  than  the  stress  maximum  predicted  to  occur  at  a  distance 
of  about  two  times  the  crack-tip  displacements,  1.95,  in  front  of  the 
cracks.  This  is  consistent  with  the  observations  of  striations70  along 
prior  austenite  grain  boundaries  in  similar  ultra-high-strength  type 
4340  steel,  which  were  approximately  1  pm  in  size  and,  in  this  case, 

~  1.95  as  well.  In  such  high-strength  steels  with  the  embrittlement 
site  so  close  to  or  at  the  crack  tip,  separating  out  "surface"  from 
"volume"  embrittlement  has  not  been  successful. 

In  a  similar  steel,  Elices,  et  al..81  did  make  a  remarkable 
prediction  of  time-to-failure  using  a  critical  distance  parameter  of  1 00 
to  400  pm.  However,  this  distance  was  2  orders  of  magnitude  greater 
than  1,95  and  even  a  factor  of  5  beyond  the  elastic-plastic  boundary, 
reflecting  the  fact  that  the  binding-energy  term  associated  with  the 
embrittlement  site  was  neglected.  Presumably,  a  good  fit  with  a 
smaller  critical  distance  parameter  could  result  with  slight 
modification,70 

For  all  classes  of  steel,  Thompson  and  Bernstein49  have 
collected  evidence  io  show  that  subsurface  nucleation  occurs  at 
regions  of  hlghost  triaxial  stress.  In  HY  180  stool,  Frazer  and 
Metzbower05  found  discontinuous  cleavage  and  secondary  cracks  at 
least  50  pm  from  the  fracture  surface.  Here,  1  95  was  on  the  order  of 
28  pm,  and  thus  the  macro  initiation  site  may  have  been  slightly 
outside  the  highest  stress  region.  In  a  similar  high-strength  Ti-30Mo 
alloy  gas-phase-charged  with  hydrogen,  cleavage  initiation  sites 
about  400  pm  beyond  the  advancing  crack  were  identified  105 106  For 
this  900  MPa  strength  material,  a  K,  50  MPa-m1*  gave  a  value  of 
1.95  30  pm  and  a  plane-strain,  elastic-plastic  boundary  of  330  pm 
Moody,  Stoltz,  and  Perra08  concluded  that  the  gram  size  establishes 
the  minimum  critical  distance  over  which  the  fracture  stress  must  be 
exceeded  for  cracking  to  occur.  Note  that  this  was  not  direct 
observation  but  was  inferred  from  the  threshold  dependence  on  grain 
size  in  both  IN  903,  a  superalloy,  and  type  4340  steel 
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FIGURE  12— Schematic  of  possible  crack-Inltlatfon  sites  for  (a)  and  (c)  Internal,  and  (b)  and  (d) 
extornal  environments. 


In  lower-strength  materials,  there  is  also  a  wide  range  of 
locations  for  the  embrittlement  site.  Joosten,  et  al.,“  indicated  it  was 
not  clear  whether  hydrogen  charging  promotes  orittle  crack  propa¬ 
gation  or  causes  carbido/particle  decohesion  near  the  crack  tip  in  a 
spheroidized  type  1090  steel,  lassila  and  Birnbaum’9  identified  a 
300  A  grain  boundary  region  rich  m  hydrogen  to  be  responsible  for 
embrittlement  of  nickel.  Beggs,  Hahn,  and  Pugh8e  have  used  a  senes 
of  load-pulsing  tests  to  demonstrate  that  Ax.  the  crack  advance 
marked  by  the  load  pulse,  does  not  decrease  continuously  as  At 
decreases.  They  argued  that  this  was  fully  consistent  with  a  volume 
embrittloment”  model  for  type  310  (UNS  S31000)  SS  tested  in  boiling 
MgCI2  at  154'C.  Here,  the  critical  distance  was  found  to  be  0.5  urn, 
while  Welch'"  found  type  304  (UNS  S30400)  SS  ir,  water  at  250  C 
to  exhibit  striations  of  2.5  to  3  nm  under  sustained  load.  In  Fe-3%Si 
single  crystals,  Vehoff  and  Rothe  used  high-resolution  scanning 
microscopy  to  Imply  that  the  discontinuous  crack  advance  Is  less  than 
0 1  pm 40  Additional  evidence  from  alternative  exposure  to  Hz  and  Oz 
gaseous  environments  gave  brittle  crack  stoppage  within  1  second  of 
the  Oz  addition.  Since  the  bulk  was  saturated  with  hydrogen  to 
several  microns,  but  the  crack  was  calculated  to  stop  within  0.1  pm, 
it  was  argued  that  the  “volume  embrittlement"  could  be  not  greater 
than  0 1  pm  Still,  since  Fe-3%Si  is  on  the  cusp  between  ductile/ 
brittle  behavior,  it  might  only  take  a  slight  lowering  of  the  hydrogen 


concentration  to  drop  below  this  threshold.  A  1-s  cut-off  from  the 
external  supply  might  be  sufficient  to  accomplish  this.  In  addition,  the 
location  of  embrittlement  site  by  itself  does  nut  guarantee  the  extent 
of  a  discontinuous  crack  advance.  Neumann  has  suggested  for  the 
Fo  3%S1  that  although  the  extent  of  decohesion  is  not  measurable,  it 
is  on  the  same  order  of  magnitude  as  the  embrittlement  region,  being 
0 1  pm 1D’  Finally,  on  low  strength  Fe  and  Fo  t  Sb  poiycrystals  with 
ir,,  100  MPa,  Jones,  Thomas,  and  Baer108  found  secondary 
cracks  about  1000  away  from  a  crack  advancing  under  cathodic 
potentials  of  about  1  0  in  1  N  HzS04.  This  embrittlement  site 
o!  1  mm  is  less  than  the  3  mm  calculated  plastic- zone  size,  but  much 
greater  than  1  95,  which  is  estimated  to  be  100  pm.  Even  with 
external  conditions,  it  appears  as  though  susceptible  gram  bound¬ 
aries  may  fail  at  distances  beyond  the  stress  maximum. 

In  summary  to  the  questions  about  embrittlement  site,  there 
appear  to  be  at  least  six  very  different  material  systems  under 
cathodic  over  potential,  open  potential,  and  external  and  internal 
hydrogen  conditions  that  exhibit  embrittlement  sites  beyond  the 
macroscopic  crack,  in  materials  with  yield  strengths  ranging  from  1 00 
to  1000  MPa,  these  distances  range  from  s  0.1  pm  to  1000  pm. 
Thus,  it  appears  that  the  subsurface  nucleation  depicted  in  Figures 
12(a),  (c),  and  (d)  is  common  to  environmental  degradation.  How 
central  this  is  to  the  actual  extension  process  is  still  to  be  settled  in 
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many  cases,  since  cracking  could  be  taking  place  at  the  main  crack 
concurrently. 

Alone,  such  subsurface  nucleation  sites  do  not  make  a  case  for 
“volume  embrittlement."  That  is,  cracking  could  initiate  at  a  weak  or 
highly  segregated  subsurface  site  and  still  grow  several  atom  layers 
at  a  lime  back  toward  the  macrocrack.  Similarly,  “volume  embrittle¬ 
ment"  and  discontinuous  cracking  based  upon  crack-arrest  marks  for 
either  internal  or  external  embrittlement  are  complicated  by  other 
processes,  such  as  substructural  features,  causing  momentary 
arrest.  For  example,  a  crack  could  be  growing  smoothly  by  any 
dissolution  or  atom  by  an  atom  decohesion  process,  and  the  crack 
could  stop  because  the  external  driving  force  is  reduced  or  the 
internal  local  resistance  increases.  An  arrest  line  would  be  left 
because  of  time-dependent,  crack-tip  plasticity,  but  this  would  not  be 
associated  with  volume  embrittlement. 

Acoustic  emission  has  been  broadly  used  by  a  number  of 
investigators  to  sort  this  process  out.  While  there  has  been  evidence 
of  acoustic  emission  from  discontinuous  cracking,1 bs.86.92-84.io9-i,i 
much  of  this  could  be  interpreted  in  two  ways.  First,  it  could  be  the 
usual  interpretation  as  associated  with  the  time  between  discontin¬ 
uous  cracking  events.  However,  it  could  also  be  associated  with  a 
secondary  fracture  mode  occurring  behind  the  advancing  stress- 
corrosion  crack.  That  is,  either  quasicleavage  or  ductile  rupture  of 
ligaments  behind  an  advancing  intergranular  crack  could  give 
acoustic  events.  In  a  recent  paper,  a  strong  correlation  between  the 
amount  of  acoustic  emission  and  the  amount  of  transgranular 
fracture  occurring  in  ligaments  behind  the  advancing  crack  was 
shown."2  It  is  emphasized  that  these  observations  were  under 
relatively  low  gain  conditions  of  80  dB.  There  are  three  studies  that 
provide  good  evidence  of  acoustic  emission  correlating  to  discontin¬ 
uous  cracking  at  the  advancing  front.  First,  Beggs,  Hahn,  and  Pugh86 
observed  directly  that  an  advance  in  crack  position  was  coincident 
with  an  acoustic  event  in  single  crystals  of  Admiralty  metal  and 
Cu-30Zn.  Second,  Sieradzki,  Sabatini,  and  Newman"3  demon¬ 
strated  an  acoustic  event  to  be  coincident  with  an  electrochemical 
transient  in  the  brittle  cracking  of  copper.  This  oxide-induced 
cleavage  process  has  been  extended  to  other  material  systems  and 
is  further  considered  in  the  reviews  of  Orianl  and  Sieradzki  in  this 
conference  volume.  Third,  recent  results  show  that  external  HE  in 
Fe-3%Si  single  crystals  is  discontinuous  on  the  micron  scale."4 
Well-defined  arrest  marks  were  observed  1  p  apart,  as  shown  in 
Figure  13(a).  Associated  with  each  one  of  these  were  groups  of 
acoustic  events,  whereas  previous  acoustic  monitoring  implied  one 
advance  was  one  emission.06  In  this  single  crystal,  the  crack  front 
unzipped  step-wise  by  nucleating  at  the  apex  and  growing  along  the 
length  ol  the  front  by  a  succession  of  events.  As  indicated  in  Figure 
13(b),  the  local  growth  direction  of  the  next  step  is  unknown,  but 
acoustic  emission  indicated  that  40  to  70  of  these  local  steps 
occurred  in  approximately  1  s.  The  fact  that  the  individual  event 
durations  were  only  5  ps  and  that  there  was  a  delay  time  of  about 
0.01  to  0.02  s  between  each  event  illustrates  the  discontinuous 
nature  of  the  advance.  Furthermore,  between  each  group  of  events 
there  was  an  approximate  12-s  hold.  This  delay  time  divided  into  the 
1-p  advance  was  consistent  with  the  average  macroscopic  growth 
rate  of  9  *  10  8  ms.  it  seemed  initially  that  this  was  irrefutable 
evidence  of  volume  embrittlement.  Hov/ovor,  further  discussions  with 
Oriani,  Sieradzki,  and  others,'"  suggested  another  possibility.  A 
crack  could  Initiate  In  less  than  a  0.1  pm  region  as  suggested  by 
Vehoff,  Rothe,  and  Neumann,404'  and  then  arrest  at  1-p  increments 
according  to  Sieradzki s  exhaustion  process’4”6  or  some  other 
stabilizing  substructural  influence.  Of  course,  with  Fe-3%Si  in  1 
atmosphoro  hydrogen,  there  is  no  oxide  to  cause  unstable  cracking. 
Nevertheless,  other  internal  dislocation  rearrangements  can  cause 
crack  Instability  How  one  such  nucleation  arrest  renucleation  pro 
cess  might  occur  is  addressed  in  the  section  on  dislocation  shield 
ing/antishielding. 


"’Private  communication.  See  Acknowledgment, 
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FIGURE  13— Slow  crack  growth  by  (001)  cleavage  of  single 
crystal  Fe-3wt%SI  In  1  atmosphere  H2:  (a)  1  pm  arrest  lines  In 
two  <110>  directions,  and  (b)  schematic  from  acoustic-emis¬ 
sion  analysis  showing  the  additional  discontinuous  nature  of 
the  extension  process  along  a  single  1  pm  advance;  local 
growth  Is  thought  to  be  perpendicular  to  the  macroscopic  front 
but  could  be  In  either  v.110,-  direction  In  a  given  5  pm  unit. 
There  Is  a  hold  time  of  approximately  0.01  s  for  each  unit  and  a 
hold  time  of  about  12  s  after  the  whole  front  arrests. 


The  driving  force 

Anything  that  abruptly  increases  or  decreases  the  local  driving 
force  tor  crack  extension  may  cause  initiation  or  arrest.  The  decision 
to  detail  this  was  prompted  by  questions  seven  through  nine  in  the 
introduction.  In  micromechanical  terms,  porosity,  or  microcracks  in 
the  advance  of  a  growing  crack,  ligaments  behind  it,  dislocation 
shielding,  or  film-induced  effects  all  could  contribute  to  initiation  or 
arrest.  These  three  effects  will  be  covered  briefly: 

(1)  process  zones.8',2-39'58,u>5J24'’25 
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(2)  film-induced  cleavage, 5,6.12,14,86,103,104,110  111,113.115,134-1 36 

(3)  dislocation  shielding/antishielding.9 131 18-123 

Process  zones.  Process-zone  effects  associated  with  environ¬ 
mentally  induced  discontinuous  cracking  have  recently  been 
reviewed105  and  will  not  be  covered  here.  Two  general  aspects 
associated  with  macroscopic  and  microscopic  scales  are  addressed. 
Macroscopically,  process-zone  effects  can  result  in.broadly  fluctuat¬ 
ing  Stage  II  growth  rates.  Examples  a-e  shown  in  Figure  14  for  two 
different  heat  treatments  of  type  4340  steel  and  a  Ti-30Mo  alloy  all 
charged  with  hydrogen.  Yield  strengths  are  1620,  1340,  and  940 
MPa,  respectively.  The  process-zone  sizes  were  estimated  to  be  10, 
100,  and  400  urn,  respectively.  In  terms  of  the  subsurface  nucleation 
depicted  in  Figures  12(a)  and  (c),  a  larger  discontinuous  process 
zone  would  produce  greater  variations  in  microbranching  or  ligamen- 
tation,  which  would  cause  larger  fluctuations  in  the  local  driving  force. 

McClintock8  originally  suggested  that  the  time  to  achieve  a 
given  decohesion  in  front  of  an  advancing  crack  will  vary  as  given  by 
the  following: 


tn(X)  =  Li[  5(X).P(X)  ]  (10) 

where  8(x),  p(x)  are  the  displacement  and  porosity  or  fraction 
cracked,  which  is  a  function  of  position  This  leads  to  a  constituitive 
relation  for  microcracking, 

=  9  {  P(x),  .chemistry}  (11) 


KI,MPa-m1/2 


FIGURE  14— The  degree  of  Stage  II  crack  velocity  fluctuations 
os  affected  by  material  condition.  Process-zone  sizes  from  top 
to  bottom  were  estimated  to  be  10, 100,  and  400  pm. 

!n  principle,  this  could  model  crack-growth  velocities,  but  it  is 
difficult  include  the  proper  interrelationships.  McMeeKmg24  and 
T vorgaaid”"'  have  made  some  progress  along  these  lines  using  finite- 
element  modeling.  Slightly  more  ad  hoc  modeling  of  the  process 
zone  in  the  context  of  a  modified  Dugdale  model29  has  been  applied 
by  others.^4'45-97-103,12''-125  Here,  an  assumption  or  measurement  Is 
made  of  the  strength  and  siza  of  the  process  zone  and  put  into  an 
analytical  solution.  Specifically.  Rosenfiela  and  Majumdars  ligament 
model97  for  brittle  crack  arrest  is  identical  to  the  process-zone 
concepts  applied  to  fatigue.  SCC,  and  brittle  fracture.105  124  125  This 
is  appropriate  since  both  derive  from  the  Dugdale,29  Barenblatt,128 
and  Bilby-Cottrell-Swinden127  concepts  of  equilibrium.  An  approxi¬ 


mate  form  for  one  such  model,  as  given  in  Appendix  B,  leads  to  a 
reduced  effective  stress  intensity  (K°")  given  by  the  following. 

Kf  «  K,  [  1  -  ]  1/2  (12) 

where  A  is  the  process-zone  size  and  RPl  is  the  plastic-zone  size.  For 
the  type  of  zone  modeled  in  Appendix  B,  one  that  is  75%  of  the  plastic 
zone  could  reduce  the  effective  stress  intensity  at  the  leading 
microcrack  by  a  factor  of  two  and  arrest  further  growth.  This  led  to 
complete  arrest  in  repeated  evaluations  of  coarse-grain  Ti-30Mo,106 
since  there  was  no  evidence  of  a  shear-lip  effect,  i.e.,  a  plane-stress 
"ligament”;  therefore,  this  latter  restraining  force  was  absent.  This 
process-zone  effect  was  also  responsible  for  the  large  fluctuations  in 
crack  velocity  noted  in  Figure  14. 

Just  as  important  may  be  process-zone  effects  on  the  more 
microscopic  scale  Consider  a  crack  growing  “smoothly”  in  the  Stage 
II  region.  On  a  local  time  and  size  scale,  there  are  still  arrest  and 
renucleation  conditions  in  many  material/environment  combinations. 
Pugh12  suggested  that  discontinuous  cleavage  arrests  that  result 
from  step  or  ligament  formation  could  be  applied  to  pm-size  cleavage 
advances  in  some  CuZn,  MgAI  alloys,  and  in  SSs.  A  first-order 
calculation,  however,  suggests  that  a  generous  process  zone  equal 
to  the  advance  distance  might  only  change  the  effective  driving  force 
by  0.1%.  (See  Appendix  B.)  Can  a  0.1%  drop  in  the  driving  force 
arrest  a  growing  crack?  In  a  continuum  sense,  it  does  not  seem  likely, 
since  cracks  grow  in  Stage  II  independent  of  the  crack-driving  force 
with  large  variations  in  the  applied  stress  intensity.  In  a  local  sense, 
however,  the  Kj0081  could  be  relatively  small  because  of  shielding 
dislocations,  and  an  upset  in  the  local  picture  could  stabilize  or 
destabilize  the  advancing  crack  front.  A  suggested  experiment  would 
be  to  use  a  very  small  fluctuating  load  on  top  of  a  “sustained”  load 
to  ascertain  if  the  observed  striation  spacing  is  affected.  Previously 
used86  AP  increments  of  5%  are  too  large  to  test  such  a  hypothesis. 

Film-Induced  cleavage.  There  are  at  least  three  types  of  film 
models  for  SCC.  As  earlier  reviewed  by  Pugh,6  film  models  consisted 
of  two  types.  Together  with  the  more  recent  proposal  of  Sieradzki  and 
Newman,14  they  are  summarized  below: 

(1)  -5-nm  film  ->  passivation  film  breakdown/dissolulion: 

Champion120  and  Logan129 

(2)  -100-nm  film  ->  tarnish  film/film  brittle  fracture: 

McEvily  and  Bond,130  Pugh131 

(3)  ~30-nm  film  ->  "brittle"  film/subslrate  brittle  fracturo: 

Sieradzki  and  Newman14-103 

The  quotes  around  "brittle"  signify  application  to  oxide  as  well 
as  dealloyed  films.  A  number  of  papers  have  addressed  these 
categories, 12-14‘101’104  including  several  in  this  proceedings.  It  is 
emphasized  here  that  there  are  several  points  ol  view  oven  in  similar 
material/environment  combinations.  Proponents  of  Faraday's  sec¬ 
ond  law  believe  that  dissolution  rates  are  adequate,  while  those 
favoring  brittle-fracture  mechanisms  believe  they  are  not.  There  is  no 
question  that  cleavage  occurs  in  a  number  of  these  systems 
undergoing  transgranular  SCC  (TGSCC).  Pugh12  has  reviewed 
these  latter  results  and  shows  that  discontinuous  cleavage  occurs  in 
all  three  major  crystal  types:  fee,  bcc,  and  hep  in  a  number  of  aqueous 
solutions.  From  a  micromechanics  view,  it  is  important  to  understand 
how  such  cleavage  takes  place.  Sieradzki"'1  has  produced  the  most 
quantifiable  model  in  terms  of  a  running  crack  growing  into  a  ductile 
substrate.  In  a  first  order  sense,  this  is  most  easily  understood  from 
Newman,  ot  al..132  who  give  the  stress  corrosion  crack  growth  rates 
by  the  following: 

$  =  (*d  +  ^  : x0» xd  (13) 

Hero  Xa  and  x«  are  the  increments  of  extension  associated  with 
dissolution  and  cleavage  and  t’  is  the  time  associated  with  the  critical 
strain  (t’)  to  nucleate  cleavage.  This  involves  two  points,  the  tact  that 
there  is  a  critical  strain,  and  that  the  bnttle-film  fracture  causes  a 
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substrate  cleavage  (x<.)  much  greater  than  the  dissolution  increment. 
While  the  critical  strain  idea  may  be  common  to  many  models,  the 
cleavage  concept  requires  special  comment. 

First,  there  appears  to  be  no  disagreement  that  incoherent  or 
coherent  films  may-induce  cleavage  during  SCC.  What  is  of  interest 
here  is  whether  or  not  the  brittle  crack  arrests  at  or  near  the  interface. 
Sieradzki  has  recently  reviewed  possible  mechanisms  for  crack 
.arrest.  Theoretically,  he  rejects  the  idea  of  ligaments,  posed  for 
macroscopic  cracks,  to  play  an  important  role  at  the  micron  scale.97-'25 
As  was  discussed  in  the  section  on  process  zones,  the  authors  tend 
to  agree,  but  additional  evidence  is  needed.  Most  attractive  to  date  is 
the  kinetic-energy  argument,  which  implies  that  30-nm  film  cracks 
growing  at  400  m/s  might  grow  into  a  ductile  matrix  to  a  depth  of  2000 
nm.  The  first  question  is  how  fast  can  a  crack  grow  in  a  30-nm-thick 
film.  Consider  epitaxial  films  with  4%  elastic  strains  and  an  effective 
surface  energy  of  2J/m2.  The  Griffith  crack  would  be  on  the  order  of 
4  nm.  By  the  time  the  crack  emerged  from  the  film  it  would  be  near 
terminal  velocity,  containing  considerable  kinetic  energy.  Based  on 
the  concept  that  a  unit  crack  advance  of  one  Burger's  vector  (b) 
required  one  dislocation  to  be  emitted,  or  8N  -  hi  lb,  it  was 
demonstrated  that  the  velocity  (vc)-penetration  (8f)  profile  could  be 
calculated.  This  was  done  in  terms  of  the  Raleigh  wave  velocity  (vR) 
and  the  initial  crack  size  (l0).  With  vc  «  vR,  one  can  approximate 
Sieradzki’s  analysis  to  show  that  the  total  incremental  extension  to 
arrest  is 

8/ 1*"95' "  2[TTT1  <14> 

Here,  F  equals  ^  In  (r/r0),  with  7  the  surface  energy  and  the 
rest  of  the  term  as  associated  with  a  dislocation  energy.  Reasonable 
values  of  F  ~  3  give  additional  increments  of  crack  extension  to  range 
from  about  1  to  6  pm  for  an  initial  1000-p.m-long  crack  growing  with 
starting  velocities  of  300  to  700  m/s.  This  agrees  with  calculations  by 
Sieradzki."5  The  problem  arises  when  applying  this  to  small  cracks. 
If  the  crack  starts  out  from  a  30-nm  brittle  film,  then  it  is  initially  30  nm 
in  length  on  a  smooth  sample.  Following  the  above  calculation,  it 
would  jump  into  the  substrate  less  than  1  nm,  much  less  than 
dissolution  rates.  Note  that  since  ve  is  always  less  than  the  Raleigh 
wave  velocity  lor  such  problems,  the  additional  crack  increment  can 
be  no  greater  than  its  original  size.  The  same  conclusion  is  reached 
if  some  function  for  the  stress  distribution  in  an  epitaxial  film  is  used 
to  analyze  energy  released  into  substrate  crack  extension  Again,  it 
was  found  that  the  added  extension  hi  is  some  fraction  of  the  original 
crack  length.  This  Is  qualitatively  consistent  with  Broek,  who  notes 
that  the  smaller  the  initial  crack  size,  the  smaller  the  additional  crack 
growth  will  bo  prior  to  arrest.'33 

There  also  appears  to  be  some  controversy  regarding  the 
experimental  observations.’14  "1 '1J  'le  In  a  recent  study  of  doalloy 
ing,  F r itz,  Parks,  and  Pickering’1*  showed  that  Cu  18%Au  dealloyed 
to  a  depth  ot  about  50  pm  did  produce  SO  ^m  size  cleavage  cracks 
upon  subsequent  bending.  However,  these  cracks  uould  not  have 
propagated  mure  than  0.5  pm  into  the  ductile  substrate.  Hero  hi 
would  be  much  less  than  »0,  On  the  other  hand,  Cassagno,  et 
ai.,'1J  l1'  reported  that  Cu-25%Au  produced  cracks  that  ran  5  pm 
boyond  the  dealloyed  layer. 

The  authors  ul  this  paper  do  not  reject  the  idea  of  film  induced 
substrate  cleavage  but  do  suggest  that  a  30-nm  film  generating  a 
2000-nm  substrate  crack  would  be  overstating  the  effect  for  small 
cracks.  Additional  theoieticai  and  experimental  work  needs  to  be 
accomplished,  since  the  most  recent  experiments  imply  that  neither 
dissolution  models  noi  the  film-induced  cleavage  models  alone 
account  lur  the  observed  phenomena.  For  example,  there  is  a  real 
need  for  detailed,  high-gain,  acoustic-emission  evaluations  on  single 
crystals  with  oxide  or  dealloyed  films. 

Dislocation  shleldlng/antlshieldlng.  Rice  and  Thomson’1’ 
originally  suggested  that  a  material  such  as  iron  is  borderline 
ductileiorittle  and  that  small  changes  in  surface  energy  or  core 
structure  could  triggei  brittle  fracture.  During  hydrogen  induced  slow 
crack  growth,  recent  results'38  indicated  that  for  cleavage  of 


Fe-3wt%Si  could  be  as  little  as  20  MPa-m”2  or  as  high  as  100 
MPa-m12.  This  suggests  that  one  or  more  shielding  processes  are 
accompanying  subcritical  cracking.  One  could  then  argue  that  an 
alternative  to  film-induced  cleavage  is  a  dislocation  antishielding 
process  that  upsets  the  quasistatic  equilibrium.  This  could  periodi¬ 
cally  reform  during  subcritical  crack  growth  in  both  ductile  and  brittle 
materials.  In  borderline  materials,  however,  there  is  a  good  proba¬ 
bility  of  this  leading  to  total  fracture. 

Crack-tip  stability  criteria  have  been  discussed  by  Lin  and 
Thompson"8  in  terms  of  dislocation  emission  from  a  crack  tip.  For  a 
crack  approaching  an  opposite  sign  source,  dislocations  emitted 
would  form  dipoles.  This  would  subsequently  cause  hardening  with 
regard  to  further  emission,  and  the  cleavage  criterion  would  become 
favorable.  They  suggested  that  the  crack  could  oscillate  intermittently 
between  emission  and  cleavage  because  of  such  antishielding  and 
shielding  influences.  The  authors  agree  on  this  general  hypothesis, 
but  the  idea  of  emission  being  blocked  by  an  opposite  sign 
dislocation  source  is  probably  the  exception  rather  than  the  rule.  In 
most  materials  of  interest,  the  cracks  are  not  automatically  sharp,  so 
there  are  many  emission  planes  that  could  be  chosen  to  bypass  an 
external  source.  Even  at  20  MPa-m,/2  in  iron,  the  crack-tip  opening 
displacement  is  on  the  order  of  5  pm.  With  regard  to  blunting  cracks, 
Sinclair'22  has  shown  that  the  effect  on  the  dislocation  emission 
criterion  is  almost  unaffected.  Thus,  emission  from  many  planes 
along  the  crack  flank  might  be  expected. 

Observation  of  antishielding  dislocations  have  been  made  by 
Narita,  et  al.,"9  and  Ohr.'20  In  SS  foils,  Ohr  estimated  that  such 
dislocations  decreased  the  effective  shielding  by  15%.120  In  such 
marginally  stable  materials  as  iron,  a  similar  increase  in  the  local 
driving  force  could  trigger  cleavage.  As  an  added  note,  Ohr  sug¬ 
gested  that  brittle  fracture  can  be  induced  by  crack-tip  deformation 
producing  antishields  that  reach  the  vicinity  of  the  crack  tip.'20  In 
addition.  Narita,  et  al.,"9  found  that  the  large  shielding  effect  of  0.39 
MPa-m,/2  expected  in  NaCI  at  77°K  did  not  result.  Because  of 
antishielding  dislocations,  only  0.056  MPa-m,/2  was  achieved,  a 
factor  of  seven  difference.  This  would  offer  only  marginal  stability  to 
such  a  brittle  material.  If  such  a  mechanism  is  viable,  it  is  important 
to  consider  the  frequency  of  shieldmg/antishielding.  Theoretical 
modeling  of  single-crystal  deformation  suggests  that  some  slip 
patterns  cannot  be  accomplished  by  crack-tip  emission.’3  This 
requires  a  large  number  of  external  sources,  which  could  result  in 
antishielding.  On  the  other  hand,  in  silicon,  Brede  and  Haasen'23 
suggest  that  the  only  way  to  produce  the  necessary  dislocations  for 
the  bnttle-to-ductile  transition  is  at  the  crack  tip,  contrary  to  other 
hypotheses.'2'-'37 

As  this  relatively  new  concept  appears  to  be  in  a  state  of  flux,  the 
authors  of  this  paper  decided  to  add  yot  another  version  based  partly 
upon  observations  in  Fe-3wt%Si.  With  sustained  load  cracking  in 
hydrogen,  slip  steps  were  observed  emerging  in  the  wake  behind  the 
advancing  crack  tip.42  It  was  surmised  that  those  were  antishielding 
dislocations  from  external  sources,  since  they  were  moving  on  an 
entirely  different  slip  system  in  the  direction  of  the  crack  tip.  Using  an 
approach  suggested  by  the  super  dislocation  model  of  Atkinson  and 
Clements.'19  it  had  already  been  demonstrated  that  the  stress  tensor 
for  an  elastic-plastic  field  could  be  determined.'40  With  a  shielding 
dislocation  array  of  10,000  dislocations,  depicted  in  Figure  15(a),  the 
Uyy  stresses  in  this  anisotropic,  elastic  crystal  are  shown  in  Figure 
15(b).  Note  the  near  zero  stresses  up  to  about  2  jxm  from  the  crack 
tip.  This  equilibrium  condition  was  then  perturbed  by  an  antishielding 
array.  Based  upon  micron  size  emerging  slip  steps,  it  was  consld 
ered  that  these  400  antishieiding  dislocations  (10%  of  those  required 
to  form  the  slip  step)  could  easily  form  during  a  short  interval  of  the 
crack  at  rest.  This  situation  is  depicted  in  Figure  15(c).  These 
relatively  low  antishields  produce  more  than  a  two-order  magnitude 
shift  in  the  local  maximum  stress  near  the  crack  tip  [Figure  15(d)], 
Note  that  this  was  a  plane  stress  calculation  and  that  the  stress 
distribution  in  the  macroscopic  reg.me  from  about  10  to  10,000  ^m 
behaves  as  continuum  plasticity  might  predict  with  ■  jyv  This  is 
discussed  more  fully  elsewhere.'40 
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Crack  Length  c  =  1.0  cm 
3  shielding  array  with 


Crack  Length  c  =  1.0  cm 
C  anti-shielding  effect  on 


Normal  Stress  Distribution  Normal  Stress  Distribution 


FIGURE  15 — (a)  and  <b>  The  effect  of  shielding,  and  (c)  and  (d)  subsequent  antlshleldlng  on  the 
stress  distribution  at  a  crack  tip.  Dislocation  simulation  on  a  Cray  II  supercomputer. 


The  remarkable  result  is  that  the  theoretical  stress  is  ap¬ 
proached  over  a  range  ol  about  100  A  from  the  crack  tip.  As  yet,  this 
has  not  been  considered  in  a  step-wise  computation,  but  the 
expectation  is  that  the  antishielding  would  extend  with  the  subcritical 
crack  until  it  ran  into  either  more  ductile,  relatively  hydrogen-free 
material  or  into  a  more  stable  dislocation  situation.  Thus,  at  least  for 
relatively  single-phase  crystals,  Oriant  s'  original  suggestion  for  very 
large  elastic  stresses  in  the  non-Hookoan  regime  of  the  crack  tip  may 
be  entirely  consistent  with  the  more  macroscopic  continuum  theory. 
In  fact,  McClintocK8  originally  acknowledged  that  such  stresses  might 
appear  on  a  continuum  scale  that  was  about  equal  to  the  length 
between  slip  bands 


Microstructural  influences 
on  the  micromechanics  of  failure 
In  Table  1,  the  last  two  rows  imply  that  different  types  of  failure 
mechanisms  may  produce  different  failure  modes  What  is  missing 
here  is  the  microstructural  influence.  To  summarize  questions  10 
through  15  in  the  introduction,  one  could  ask  how  the  magnitude, 
character,  and  time  dependence  of  slip  affects  "brittle."  subcritical 
crack  growth.  More  specifically,  what  is  the  microstructural  or 
substructural  connection?  Here,  only  a  number  of  microstructural 
possibilities  with  >egard  to  siip  planarity284 ' u'149  and  yield 
stress48  10,08  ’50  U‘!  issues  are  referred  to.  A  simple  first-order 
model  is  then  presented. 
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The  planar-slip  influence.  Tetelman  and  Kunz2  were  among 
the  first  to  point  out  the  strong  similarities  between  HE  and  LME.  First, 
they  pointed  out  that  susceptibility  in  Fe-Si  alloys  increased  with 
increasing  yield  stress.  Second,  the. effect  of  SFE  is  similar,  and  the 
susceptibility  increases  as  alloying  elements  are  added  that  lower  the 
SFE  and  promote  planar  glide.  As  taken  from  Tetelman  and 
McEvily's  book,’57  the  effect  of  SFE  on  LME  of  Cu-base  alloys,  after 
Johnston,  et  al.,158  is  seen  to  vary  the  normalized  fracture  stress  by 
a  factor  of  eight  (Figure  16).  Later  work  and  reviews  suggested  that 
hydrogen  and/or  LME  was  intimately  connected  to  slip 
planarity, 2-46'84''57-159  slip-induced  void  formation, ,4,‘142  or  assisted 
slip-plane  decohesion.84-'44  Only  the  slip-planarity  effect  is  examined 
here. 


FIGURE  16— Normalized  fracture  stress  as  a  function  of  the 
stacking  fault  energy  for  copper-base  alloys  tested  in  mercury. 
(Reprinted  with  permission.157,158) 

McMahon84  reviewed  muf,  of  the  literature  on  how  hydrogen 
affects  the  slip  character  in  iron  and  concluded  that  hydrogen 
promotes  planar  slip  by  Inhibiting  the  cross  slip  of  screws.  This  results 
because  screw  dislocations  control  plastic  flow.  Later,  Hwang  and 
Bernstein’53  conclusively  demonstrated  this  to  be  the  case  in 
hydrogen-charged  Fe-Si  single  crystals.  McMahon84  emphasized 
ho v/  this  might  load  to  strain  controlled  Mode  II  cracking,  glide  plane 
decohesion  on  (110)  and  [112)  planes  or  (110)  and  (112)  "quasi- 
rleavaje”  in  iron  and  steel  because  of  the  bluckage  of  dislocations 
at  carbides  Still.  Mode  I  cracking  on  (100)  is  most  prevalent,  and  a 
slip  planarity  argument  might  also  be  valid  here.  In  addition  to  BCC 
iron  systems,  there  have  been  reviews  of  austenitic  SSs'49  and 
-/-strengthened  superalloys  to  suggest  that  the  hydrogen  interaction 
with  slip  planarity  reduces  ductility.  For  example,  in  some  austenitic 
SSs,  higher  nitrogen  contents  reduce  the  SFE  promoting  copianar 
dislocation  arrays  and  epsilon  phase.160  Whether  it  is  the  slip 
planarity  or  increased  epsilon  phase  that  then  roducos  ductility  undei 
69  MPa  of  hydrogen  exposure  is  not  clear  In  a  more  clear-cut 
observation,  the  effect  of ,  mismatch  in  supei  allots  was  examined 
in  terms  of  how  it  affected  hydrogen-induced  ductility  loss.'49  As  soen 
in  Figure  17.  the  losses  became  large  as  the  mismatch  decreased. 
This  was  rationalized  in  terms  c?  the  local  strain  le»et  at  which 
particle  matrix  coherency  is  lost.  Witt,  small  misfits,  largo  strains  are 
'equired  This  was  associated  with  a  larger  amount  of  hydrogen  a! 
the  particle  matrix  interface  and  hence  larger  ductility  losses.  How 
e.eq  H  could  just  as  easily  bo  associated  with  a  larger  local  strain  .r, 
a  slip  band  avalanche  that  could  trigger  fracture,  instability.  Moody 
and  Gre'  ilich'48  demonstrated  hydrogen  induced  failure  at  slip  band 
intersections  ir.  an  FeNiCosuperalloy.  With  gas  phase  charging  to 
550C  appm.  they  showed  that  slip  bands  in  charged  samples  were 
sharper  than  those  in  uncharged  samples.  This  meant  that  the 
narrower  slip  bands  would  contain  larger  local  strains  and  promote 
slip-band  fracture 


FIGURE  17— Ductility  loss  vs  yy’  mismatch  for  several  gamma 
prime  alloys.149 

Yield  stress  and  residual  stress  Implications.  The  more 
easily  understood  residual  stress  is  discussed  first.  McClintock8 
pointed  out  the  need  to  study  residual  stress  effects,  and  in 
blunt-notch  samples  this  has  been  accomplished.34,35,154  Nakasa,  et 
al..154  took  a  high-strength  steel  with  a  notch-root  radius  of  p  =  0.3 
mm.  They  then  overloaded  the  samples  to  K^,  and  then  measured 
the  time  to  initiate  SCC  (t,)  at  a  lower  applied  stress  intensity  of  78 
MPa-m’'2.  The  overload  effectively  puts  the  notch  tip  into  residual 
compression.  This  residual  compressive  state  is  the  macroscopic 
equivalent  to  dislocation  shielding.  A  model  has  been  generated  to 
quantify  the  reduction  of  the  local  maximum  stress,  consistent  with 
x-ray  residual  stress  determinations.  When  combined  with  Equation 
(5),  this  gives  me  soua-iine  preaicuon  in  Figure  18.  Tne  important 
point  is  that  this  macroscopic  residual  compressive  stress  could 
produce  an  increase  in  delayed  failure  of  more  than  an  order  of 
magnitude.  Using  the  same  residual  stress  model,  one  can  show  that 
a  prior  elevated-temperature  overload  can  improve  the  cleavage 
resistance  at  lower  temperatures.  With  the  initial  toughness  being 
designated  KICo  and  the  toughness  alter  warm  prestressing  being 
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where  (V  is  0.36.  Specimens  with  two  heat  treatments  ol  type  4340 
stem  weie  prestressed  at  room  temperature  and  subsequently  tested 
at  77"K.  Observed  values  ol  K^r’s,  were  1.52  and  1.30  whilo 
calculated  values  were  1.54  and  1.35,  respectively.  An  analogous 
interpretation  of  prior  plastic  overloads  in  silicon  has  been  successful 
in  predicting  increases  in  cleavage  fracture  resistance.’62  Such 
overload  effects  are  even  more  common  in  fatigue  but  have  seldom 
bebn  studied  m  SCC.  In  a  study  of  environmental  effects  on  fatigue 
cracx  growth,  Katz  and  Bussiba’56  found  strong  overload  effects  on 
a  U  Ti  alloy  tested  ,n  80%  relative  humidity  an.  From  the  rate  ol 
change  of  the  ciack  growth  rate  after  the  overload,  it  is  apparent  that 
the  effect  is  much  stionger  at  1  Hz  than  at  30  Hz.  In  this  case,  it 
strongly  .mplies  that  retardation  in  an  environment  is  controlled 
largely  by  the  sustained  growth-mode  phenomenon.  It  is  suggested 
that  overloads  would  have  as  strong  a  retardation  effect  on  da/dt  as 
they  have  on  notched  incubation  limes. 
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FIGURE  18— The  effect  of  prior  overloads  on  Increasing  the 
stress  corrosion  Initiation  times  In  sharply  notched  high-strength 
steels.  (Data  from  Reference  154.) 


There  are  other  possible  sources  of  strong  crack-growth  retar¬ 
dation  besides  residual  compressive  effects.  Other  types  of  shielding 
such  as  blunting,  branching,  and  ligament  formation  cannot  be 
discounted.  For  general  application  to  a  broad  range  of  materials  and 
microstructures,  this  retardation  effect  can  be  most  easily  understood 
in  terms  of  dislocation  shielding.  It  is  important  to  note  that  a 
dislocation  free  zone  is  not  essential,  and  that  the  only  requirement 
is  to  have  a  net  number  of  shielding  dislocations  in  the  vicinity  of  the 
crack  tip  Tho  appealing  nature  of  this  is  that  it  could  apply  to  any 
crystalline  material  in  a  temperature  regime  where  dislocation 
emission  is  possible.  This  type  of  model  emerged  when  observing  the 
startling  comparison  between  two  very  different  sets  of  data.  Thresh¬ 
old  studies  have  recently  been  reported  on  liquid  mercury  embrittle¬ 
ment  of  7075-T651  aluminum  subsequently  overaged  at  20Q’C  for 


various  times.  This  produced  hardnesses  ranglt  iy  uvi n  o?  tu  vc 


and  values  from  6  to  18  MPa-m1'2  For  tho  similar  alloy  of 
7079-T651  overaged  at  160°C  for  various  times,  Speldel”8  had 
measured  SCC  thresholds  in  saturated  aqueous  NaCI  solutions 
under  open-circuit  potential.  A  similar  result  was  obtained  and  In  both 
cases  the  T-L  orientation  was  evaluated.  A  comparison  of  the  two 
types  of  test  results  is  shown  in  Figure  19.  Within  experimental  error, 
there  Is  no  difference  between  these  two  results,  suggesting  that  tho 
same  micromechanical  process  is  controlling  threshold  stress  inten¬ 
sity. 


Next,  values  of  or  K1|oe  normalized  on  yield  strength  were 
compared  to  yield  strength  normalized  on  modulus.  Besides  keeping 
the  aluminum  correlations  intact,  this  allowed  SCC  thresholds  of 
medium-  to  high-strength  stools’50  to  be  correlated.  Tho  stools, 
tested  In  3.5  wt%  NaCI  aqueous  solutions  at  room  temperature,  had 
yield  strengths  ranging  from  700  to  1680  MPa.  Normalized  plots  of 
(K^/vy,)*  vs  in  Figure  20  essentially  fall  on  the  samo  curve. 
There  is  a  caveat  horo  since  it  is  known  that  the  SCC  mechanism  lor 
such  steels  is  HE,  and  a  different  fugacity  of  hydrogen  through  either 
potential  change,  pH,  or  pressure  could  shift  the  steel  data  up  or 
down.  Still,  this  companson  required  further  consideration. 

In  a  macroscopic  sense,  this  normalized  plot  was  just  tho 
plastic-zone  size  at  threshold  vs  the  yield  strain.  This  recallod  tho 
correlation  in  Figuro  7  and  Equation  (2.8),  which  contains  both 
plastic-zone  size  and  yield  strain.  If  appropriate,  this  means  that  a 
critical  strain  is  associated  with  a  critica’  distance  at  threshold.  Based 
upon  that,  Appendix  A  shows  the  derivation  of  a  simple  relationship. 
The  critical  strain  is  related  through  the  specific  work-of-fracture 


(2yeH),  and  the  critical  distance  (r0)  is  associated  with  a  macroscopic 
fracture  strain  («,).  As  such,  this  is  a  microscopic  work  of  fracture 
criterion  within  a  continuum  plasticity  framework  for  growing  cracks. 
This  gave  the  following: 


f  pp-vOnvr  ^ 

Kfscc  ~  3™*sr0exp  i°  <  «  *  1  (16) 

With  ays,  E,  p,  70,„  and  KIscc  known,  the  adjustable  parameters  are 
aL.  and  r0.  As  indicated  in  Appendix  A,0sasl  implies  that  more 
planar  slip  materials  would  have  a  greater  proportion  of  the  plastic 
work  directed  toward  fracture  (c*  — >  1 ),  while  materials  with  easy 
cross  slip  would  have  a  smaller  proportion  (a  -*  0).  There  is  also  an 
implied  slip-band  length,  subgrain,  or  grain-size  effect  here  since  Ls 
could  be  limited  by  a  microstructural  unit.  This  is  extremely  specu¬ 
lative  and  thus  aL.  is  treated  as  some  microstructural  fitting  param¬ 
eter.  The  other  fitting  parameter  is  the  evaluation  point  (r0),  which  is 
essentially  the  length  scale  over  which  the  fracture  strain  is  ex¬ 
ceeded.  A  value  in  the  range  of  0.1  to  10  urn  seems  reasonable, 
since  this  encompasses  the  cell  size,  dislocation  pile  up,  slip-band 
length  types  of  scales  typically  observed.  With  the  following  reason¬ 
able  parameters  for  the  steels, 

aL.—  0.3pm  E  =  2  x  10s  MPa 

r0~  1  pm  70||  =  20  J/m2 

p  =  5.46  (plane  strain) 


one  finds  from  Equation  (16)  that 


in  [  1Q5fscc]  =  [O-OIIE]8 

•Iy,  "VS 


(16a) 


This  is  the  solid  curve  in  Figure  20.  However  fortuitous  this 
correlation  is,  it  bears  further  investigation,  as  it  would  provide  a 
common  micromechanical  basis  for  threshold  stress  intensities  for 
many  materials  under  environmental  attack.  White  it  would  not  apply 
to  hydride  formers,  it  could  apply  to  those  systems  failing  by  cleavage 
or  intergranular  fracture.  Environmental  differences  would  affect  y0„ 
and  differences  between  intergranular  and  cleavage  failure  would 
involve  considerations  of  70tyaL,  beyond  the  scope  of  this  paper. 

In  summary  to  this  last  section  on  critical  questions,  it  is  clear 
that  both  near-crack-tip  and  subsurface  embrittlement  sites  are 
possible  because  of  microstructural,  state-of-stress,  and/or  trapping 
effects  elevating  either  local  stress  or  embrittling  species  concentra¬ 
tion,  As  to  how  the  crack  grows  from  these  nucleation  sites,  recent 
acoustic-emission  data  demonstrate  that  discontinuous  cleavage 
occurs  on  the  micron  scale.  The  growth  process  is  not  so  clear  for 
Intergranular  or  microvoid  coalescence  processes.  If  the  dnvmg  force 
is  enhanced  or  diminished  by  thin-film,  microplasticity,  process-zone, 
or  kinetic-energy  phenomena,  this  may  participate  with  the  environ¬ 
mental  degradation  to  produce  initiation  or  arrest.  Finally,  microstruc- 
turat  features  such  as  slip  planarity  and  slip-band  longth  may  bo 
combined  with  continuum  strain  distributions  as  a  failure  criterion. 
Such  models  may  provide  a  common  micromechanical  basis  for 
threshold  stress  intensities. 


Conclusion  and  Recommendations 

(1 )  Measured  strain  distributions  for  subcritical  crack  growth  are 
reasonably  consistent  with  continuum,  small-scale  yielding  solutions. 
This  is  verified  by  two  electron-channeling  studies  of  hydrogen 
induced  subcritical  crack  growth  in  Fe-Si  single  crystals.  More 
information  is  required  for  fee  and  hep  systems  and  in  all  materials  for 
cracking  under  stress  corrosion  or  liquid  metal  environments. 

(2)  The  location  and  time  dependency  of  crack  nucleation  from 
blunt  notches  is  on  reasonably  firm  ground  for  high-strength  steels 
from  both  an  experimental  and  a  modeling  viewpoint.  While  such 
results  may  give  insight  into  lower-strength  materials  that  blunt,  they 
may  be  misleading  with  regard  to  very  high-strength  materials  or 
oven  lower-strength  ones  with  sharp  cracks. 
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FIGURE  19— The  similarity  of  threshold-stress-intensity  varia¬ 
tion  with  yield  strength  for  LME  and  SCC.  Two  similar  7000 
series  aluminum  alloys  were  aged  to  various  strength  levels. 


0ys/EX  103 

FIGURE  20— Comparison  of  normalized  threshold  (plastic  zone) 
vs  normalized  yield  strength  (yield  strain)  to  the  theoretical 
model,  Equation  (16). 


(3)  In  Mode  I,  II,  and  III  tests,  cracking  favors  growth  on  the 
maximum  principal  stress  plane,  even  though  cracking  may  initiate 
on  a  maximum  shear  plane.  Additional  Mode  l/ll.or  Mode  l/lll  types 
of  tests  on  all  environmental  cracking  mechanisms  are  recom¬ 
mended  with  acoustic-emission  or  potential-drop  detection  of  nucle- 
ation  times. 

(4)  Other  siate-of-stress  tests  such  as  biaxiality  or  plane  stress 
vs  plane  strain  suggest  that  either  a  maximum  stress  or  limited 
ductility  criterion  controls  the  material/environment  response  in 
materials  as  far  ranging  as  Admiralty  brass,  nickel,  and  steel.  Even 
low-strength  single  crystals  of  Fe-Si  in  hydrogen  show  a  crack-front 
curvature  state-of-stress  thickness  effect.  The  weight  of  the  evidence 
favors  a  normal  stress  criterion. 

(5)  Embrittlement  sites  may  range  from  less  than  0.1  pm  to  as 
much  as  1000  pm  away  from  the  crack  tip.  However,  this  still  does 
not  settle  the  issue  of  volume  embrittlement  vs  surface  or  near¬ 
surface  embrittlement. 

(6)  Recent  acoustic  emission  and  fractography  of  several  alloy 
systems  demonstrate  that  crack  growth  is  discontinuous  in  both 
aqueous  and  gaseous  environments.  One  study  on  Fe-Si  single 
crystals  demonstrates  at  least  two  levels  of  discontinuity  as  the  whole 
crack  front  advances  micron  by  micron  on  the  cleavage  plane. 
Understanding  of  how  such  discontinuities  are  both  triggered  and 
arrested  requires  additional  theoretical  modeling  on  the  atomistic, 
dislocation,  and  macroscopic  scales. 

(7)  Effects  of  microstructure  on  both  the  crack  driving  force  and 
the  resistance  can  be  extraordinarily  large,  in  some  cases  swamping 
more  macroscopic  state-of-stress  effects.  Process  zones  with  dis¬ 
continuous  microcracks,  for  example,  can  change  crack  velocities  by 
more  than  an  order  of  magnitude.  Computer  simulations  indicate  that 
dislocation  rearrangements  within  the  near-tip  region  can  increase 
the  local  stress  by  more  than  two  orders  of  magnitude.  In  situ  studies 
of  bulk  crystals,  transmission  electron  microscopy  studies  of  sub¬ 
structure,  and  additional  dislocation-simulations  are  required  for 
understanding. 

(8)  A  remarkable  similarity  between  normalized  threshold  and 
normalized  yield  strength  for  LME  and  SCC  implies  a  common 
micromechanical  basis.  Addressing  this  or  other  types  of  models  with 
overload  effects  and  state-of-stress  evaluations  are  important  to 
separate  microplasticity,  dynamics,  and  decohesion  aspects.  Where 
possible,  this  should  be  accomplished  on  single  crystals  or  specially 
fabricated  bicrystals. 
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Appendix  A:  A  Cottreli-Type  Threshold  Stress 
Intensity  Model  for  Environment-Induced  Cracking 

Consider  a  semi-infinite  crack  in  a  body  under  plane-strain 
conditions.  The  plastic  strain  distribution  for  an  elastic,  perfectly 
plastic  material  is  given  by  Equation  (2.7)  in  Table  2.  The  plastic-zone 
size  (RPl)  is  given  by  Equation  (1 .2).  Let  the  plastic  strain  (tp)  achieve 
the  fracture  strain  to  trigger  environmental  cracking  (e?nvr)  over  a 
characteristic  distance,  r  =  rp.  With  Equations  (1  2)  and  (2.7),  this 
gives  a  failure  criterion  at  threshold,  viz., 


monotonic  loading,  localized  slip  bands  -  1  p.m  apart  and  slip-band 
lengths  of  at  least  20  pm  are  shown.'59  It  is  suggested  that  hydrogen 
reduces  the  ySFE  of  bcc  iron  to  enhance  planar  slip.  In  Fe-3wt%Si 
under  fatigue  loading  in  hydrogen,  slip  bands  on  the  jrder  of  10  to 
1 00  pm  in  length  and  about  3  pm  apart  have  been  observed.32  Thus, 
a  value  of  L,~  30  pm  with  rp  =  1  pm  is  used  to  calculate  =  16.4 
MPa-m1/2.  This  value  compares  to  thresholds  of  18  ±  3  MPa-m,/2 
observed  in  six  determinations.'38  From  the  above  definition  of 
2v°5v7a  and  Equation  (A.3),  it  follows  that 


finvf  _  il  v2) 
1  EtfysLs 


(A.7) 


with  the  above  values,  this  gives  e?nvr  -=  0.21.  Although  all  of  the 
calculated  and  input  parameters  are  reasonable,  a  more  precise 
interpretation  of  the  physical  process  is  required.  One  such 
interpretation140  is  given  in  the  section  on  dislocation  shielding/ 
antishielding. 


Eef* 

K4c=  3iraysr0exp  [  -2-  ]  (A.1) 

PCys 

In  a  local  sense,  the  fracture  strain  may  be  interpreted  in  terms  of  the 
work-of-fracture  associated  with  subcritical  cracking  over  the  char¬ 
acteristic  distance  (r0).  With  the  work-of-fracture,  mostly  plastic 
deformation  over  a  slip  distance  (L,),  this  becomes 


de  =  2vX  ;0  <  a  S  1 


(A.2) 


with  a  some  proportionality  constant  reflecting  the  fact  that  not  all  of 
the  absorbed  energy  goes  into  resisting  subcritial  crack  growth.  Upon 
integration  this  gives 
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Within  the  slip  band,  if  there  is  concentrated  planar  slip,  then  the 
fracture  strain  may  be  relatively  low,  i.  e.,  a  -*  1.  On  the  other  hand, 
for  high  SFE  materials,  cross  slip  and  multiple  slip  could  easily  allow 
for  a  spreading  of  slip  with  large  fracture  strains,  i.e.,  a  ->  0.  An 
alternative  way  of  viewing  this  is  that  slip-band  triggering  of  crack 
growth  is  more  difficult  in  high  SFE  materials.  This  would  be  in 
keeping  with  the  observations  on  LME,  where  an  increase  in  -ysfe 
provided  an  increase  in  fracture  resistance.'58  Combining  Equations 
(A.1)  and  (A.3)  gives 


K?.„  «  37:(r?_r„exp  •[  2E7<l11  \  ;  0  <  a  £  1  /a  41 

which  is  Equation  (16)  in  the  text. 

It  was  o'esirable  to  confirm  whether  or  not  Equation  (A.4)  could 
be  a  first-order  model.  There  was  some  evidence  on  Fe-3wt%Si 
single  crystals  that,  although  incomplete,  provided  some  physical 
reality.  From  Figure  7,  there  was  confirmation  that  the  plastic  strain 
modeling  was  appropriate  for  hydrogen-induced  growth  in  Fe-Si. 
Also,  from  fractcgraphy  and  acoustic  emission,  a  characteristic 
distance  of  r0  -  1  pm  was  reasonable.  For  this  single  crystal  with  a 
high  strain-hardening  exponent,  n  =  0,38,  the  appropriate  strain 
distribution  for  plane-strain  threshold  is  Equation  (2.9).  With  Equa¬ 
tions  (A.1)  and  (A.3),  this  gives 

Kt  =  3^r0exp{[.jlg-]  }  (A.5) 

which  is  the  square  of  the  HE  threshold.  Recognizing  that  2y®j}v7a  = 
K^(1-v2)/E,  recasts  Equation  (A.5)  into 


which  is  Equation  ^6)  m  the  text.  Some  observations  on  hydrogen 
affected  slip  morphologies  in  Fe  and  Fe-Si  have  been  made  by 
Hwang  and  Bernstein'59  and  Kaczorowski,  et  al.32  In  Fe  under 


Appendix  B 

A  previously  used  equation  for  ligament  or  process-zone 
models  is  given  by  Equation  (A-1)  of  Rosenfield  and  Majumdar97  or 
Equation  (5)  of  Gerberich'62  to  be 
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Here  a  is  the  applied  stress  in  an  infinite  plate  containing  a  crack  of 
2C  with  a  process  zone  (A)  and  an  effective  plastic  zone  (Rp”)  at  the 
end  of  each  crack  tip.  It  is  an  elastic,  perfectly  plastic  material  with  a 
yield  strength  (<rys)  and  a  process-zone  strength  (<r4).  For  simplifi¬ 
cation,  the  very  approximate  assumption  is  made  that  there  are  50% 
ligaments  (50%  microcracks)  in  the  process  zone  and  that  these 
have  strain  hardened  to  twice  the  yield  strength.  Clearly,  this  is  not 
possible  for  a  perfectly  plastic  material,  but  all  that  is  desired  here  is 
an  order  of  magnitude  estimate.  This  is  not  physically  unrealistic  in 
low-yield-strength  materials  and  leads  to  <rA  -  cry,,  eliminating  the 
last  term  from  Equation  (B.1).  But  the  Dugdale  model  gives 
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By  inspection,  one  sees  that  C  +  A  +  RJ,H  -  C  +  RPjl  as  it  should 
be  for  the  strength  of  the  process  zone  being  equal  to  the  yield 
strength.  This  leads  to 
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which,  on  recognizing  that  K,  a  Rp^2,  gives 
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This  is  Equation  (12)  in  the  main  body.  Applying  this  to  an  alloy 
single  crystal  of  copper  or  iron  with  a  yield  strength  of  200  MPa,  an 
applied  stress  of  100  MPa  and  a  crack  length  of  0.02  m,  the  plastic- 
zone  size  would  be  about  3000  pm.  With  a  crack  advance  of  about 
5  |i,  assume  that  a  process  zone  equal  to  this  could  be  maintained 
as  the  crack  grew.  With  A  =  5|i,  Equation  (A-4),  gives  K“"/K,  = 
0.999. 

Discussion 

K.  Sleradzki  (The  Johns  Hopkins  University,  USA):  Based 
upon  “recent"  continuum  elastic-plastic  solutions  for  crack-tip  strain 
distributions,  can  you  comment  on  the  limits  of  applicability  of  the 
Vermilyea  SCC  and  HE  (Firminy,  1973)  cracking  model? 

W.W.  Gerberich:  Since  Vermilyea’s  model  used  a  1/r  singular¬ 
ity  rather  than  a  logarithmic  one,  this  would  tend  to  throw  his  critical 
distance  calculations  off  by  a  substantial  amount.  We  did  some  rough 
calculations  that  suggested  that  his  model,  as  posed,  would  not  be 
compatible  with  the  growing  crack  solutions. 
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R.P.  Gangloff  (University  of  Virginia,  USA):  Regarding  your 
most  interesting  and  important  electron  channeling  results:  (1)  What 
is  the  quality  of  existing  strain  calibrations  for  single  and  polycrystals? 
(2)  Is  the  spatial  resolution  of  the  method  sufficient  to  distinguish 
grain  to  grain  plasticity  differences?  If  so,  how  do  such  results 
compare  to  continuum  predictions?  and  (3)  You  compare  fatigue 
crack-tip  strain  measurements  to  analytical  predictions  for  monoton- 
ically  loaded  moving  cracks.  Isn’t  this  a  comparison  of  apples  to 
oranges?  What  is  the  status  of  elastic-plastic  crack-tip  field  models 
for  cyclic  deformation? 

W.W.  Gerberich:  One  must  be  careful  in  polycrystals  to  use  the 
same  channeling  line  and  measure  line  widths  at  the  same  distance 
from  the  pole  In  this  way,  you  can  decrease  the  scatter  to  perhaps 
1%  for  large  strains  and  even  less  for  smaller  ones.  This  is  even 
better  for  single  crystals  where  the  same  channeling  pattern  is  always 
present.  With  regard  to  your  second  point,  the  resolution  is  very  good 
since  you  can  obtain  information  from  the  top  100  nm.  By  using 
calibrated  electropolishing  rates  of  removals,  we  can  depth  profile  at 
about  0.1  pm.  Thus,  1, 2, 5, 10  pm  sections  are  evaluated.  You  can 
do  the  same  thing  in  polycrystals  that  have  grain  sizes  on  the  order 
of  5  pm  or  greater  since  the  selected  area  channeling  pattern  spot 
size  is  about  5  pm  Concerning  your  point  about  comparing  the 
growing  crack  strain  distributions:  In  the  paper  we  compare  both 
monotonic  and  fatigue-induced  strain  distributions.  Since  this  work, 
additional  monotonic  plane-strain  measurements  verify  the  good¬ 
ness  of  fit  to  the  theoretical  distribution.  I  agree  that  the  cyclic  strain¬ 
hardening  experiment  and  the  reverse  loading  in  fatigue  makes  such 
comparisons  more  speculative  However,  the  cracks  are  growing 
relatively  fast  and  the  dislocation  distribution  observed  in  TEM  is  not 
that  different,  since  cyclic  stabilization  is  not  achieved.  Since  the 
strain  is  accumulating  at  a  material  point  in  a  “similar”  way  as  the 
crack  passes  it  either  under  monotonic  or  fatigue  loading  (at  high  AK) 
in  this  system,  perhaps  the  comparison  is  not  unexpected. 

R.W.  Staehle  (University  of  Minnesota,  USA):  With  reference 
to  your  Figure  1 3,  what  is  the  nature  of  the  facet?  Is  it  highly  deformed 
or  is  it  fully  cleavage?  What  is,  or  would  be,  the  effect  of  hydrogen 
pressure  or,  e.g.,  hydrogen  sulfide  molecules,  on  the  12-s  delay  and 
the  1-pm  dimensionality? 

W.W.  Gerberich:  I  want  to  emphasize  that  we  see  very  large 
strains  accompanying  fracture  (about  0.1  to  0.5),  but  that  the  facets 
may  be  very  flat  with  a  few  microligaments  or  may  contain  a  more 
"ductile"  appearance  with  many  microligaments.  Nevertheless,  in 
this  ductile/brittle  switching,  the  cleavage  facet  still  leads  the  growth 
process.  On  your  second  comment,  Neumann  and  Vehoff  at  Max 
Planck  Institute,  Dusseldorf,  have  shown  that  increased  hydrogen 
pressure  increases  crack  velocity.  I  would  expect  this  to  decrease  the 
12-s  delay  with  hydrogen  sulfide  producing  an  even  greater  effect 
Whether  or  not  this  would  change  the  1-pm  spacing  is  an  interesting 
question,  since  this  would  depend  on  the  mechanism  of  arrest.  If  it  is 
dislocation  substructure  controlled,  this  may  not  change,  but  if  it  is 
crack  velocity  exhaustion,  it  may.  This  is  a  good  suggestion  for  further 
work. 

F.P.  Ford  (General  Electric  R&D,  USA):  The  critical  stress- 
related  parameter  for  the  crack  propagation  rate  in  ductile  alloy/ 
aqueous  environment  systems  may  be  the  periodicity  of  oxide/salt 
rupture  of  the  crack  tip,  that  is,  a  function  of  the  near-surface  creep 
rate  at  the  tip  of  a  moving  crack.  What  do  you  see  as  the  major 
problems  rand  how  soon  can  they  be  overcome)  in  developing 
algorithms  between  this  creep  rate  and  the  (racture-mechamcs- 
related  parameters,  such  as  K,  AK,  R,  frequency,  etc.? 

W.W.  Gerberich.  Clearly,  creep  relaxation  effects  in  moving 
cracks  at  elevated  temperatures  are  more  complicated,  but  there  has 
been  considerable  progress  in  the  last  decade.  There  is  tho  work  of 
Riedel  in  Germany  and  C‘  concepts  to  describe  stress-intensity  fields 
in  creeping  solids  How  well  these  have  been  verified  by  experimental 
data  is  unknown  to  me,  but  this  would  be  a  fruitful  area  of  research. 
My  anticipation  would  be  a  2-  to  5-year  time  frame  for  developing 
good  algorithms  in  this  area  if  such  work  were  funded. 

B.D.  Llchter  (Vanderbilt  University,  USA).  Regarding  your 
observation  of  the  need  for  a  critical  initial  crack  length  required  for 


discontinuous  crack  growth,  there  are  a  number  of  crack  initiation 
mechanisms  possible  in  SCC  aqueous  media.  For  example,  we  have 
observed  that  corrosion  slots  readily  occur  along  slip  bands  under 
application  of  dynamic  straining  in  an  aqueous  ammonia  environ¬ 
ment.  These  corrosion  slots  “etch  out”  crevices  on  {111}  planes.  At 
a  critical  point,  nucleation  of  “true”  discontinuous  crack  growth 
begins  on  the  observed  {110}  fracture  plane  (Kim,  Lichter,  Flanagan, 
unpublished  research,  Vanderbilt  University,  1986). 

W.W.  Gerberich:  Your  comment  is  a  very  informative  one  and 
does  suggest  one  explanation  as  to  why  conflicting  interpretations  of 
such  phenomena  might  arise.  Considering  that  such  observations 
have  not  been  published,  it  would  be  important  to  have  that 
information,  with  special  attention  to  the  length  of  the  {111}  slip- 
dissolution  bands  prior  to  the  {110}  cleavage.  If  this  could  be 
accompanied  by  fractography  of  any  crack  arrest  lines  in  the 
cleavage  region,  it  could  be  a  good  test  of  the  crack  arrest 
hypothesis,  if  reasonable  variations  in  slot  length  (lc)  could  be  found 
and  evaluated. 

E.N.  Pugh  (National  Institute  of  Standards  and  Technology, 
USA):  Returning  to  the  question  of  crack  arrest  during  discontinuous 
propagation,  I  would  like  to  bring  up  the  possible  role  of  unfractured 
ligaments  trailing  behind  the  crack  front,  corresponding  to  cleavage 
steps.  We  at  NIST  believe  that  they  can  exert  restraining  effects  in  fee 
alloys  (e.g.,  Cu-302n)  sufficient  to  arrest  the  crack.  What  is  your 
feeling  about  the  role  of  these  ligaments? 

W.W.  Gerberich:  We  had  investigated  large  ligament  effects  in 
the  dynamic  cleavage  of  Fe-3%Si  several  years  ago  and  concluded 
that  these  could  have  a  significant  effect  on  lowering  the  driving  force. 
However,  in  the  hydrogen  cracking  process,  we  see  regions  that  are 
relatively  free  of  large  ligaments  and  only  see  a  few  smaller  ones  that 
appear  to  occur  only  1  pm  behind  the  tip.  Even  considering  a  large 
number  of  these,  the  driving  force  is  only  reduced  by  about  0.1%.  If 
such  ligaments  are  numerous  and  occur  at  10  to  100  pm  behind  the 
tip,  then  this  in  fact  could  be  a  mechanism  of  crack  arrest. 

R. L.  Jones  (Pacific  Northwest  Laboratories,  USA):  Based  on 
your  observations  of  plasticity  accompanying  rapid  crack  growth 
(>  100  m/s)  in  Fe-5i,  do  you  see  any  inconsistency  with  the 
film-induced  cleavage  model,  which  requires  an  absence  of  disloca¬ 
tion  nucleation  during  the  transition  from  film  rupture  to  cleavage  of 
the  ductile  matrix? 

W.W.  Gerberich:  No,  I  see  no  particular  inconsistency  since  I 
believe  that  dislocations  can  be  ingested  in  that  case  as  well. 
Perhaps  Sieradzki  could  address  the  issue  of  the  fine  line  between 
dislocation  nucleation  and  cleavage  advance  as  the  velocity  of  the 
crack  from  the  film  entering  the  substrate  is  increased. 

H.K.  Birnbaum  (University  of  Illinois,  USA):  As  an  added 
comment  on  me  issue  of  dislocation  generation  at  fast-moving 
cracks,  TEM  observations  show  significant  dislocation  generation  at 
fast-moving  cracks  and  retention  of  these  dislocations  along  the 
crack  flanks.  This  is  true  even  for  cracks  moving  in  a  “brittle"  material 
such  as  MgO. 

W.W.  Gerberich:  This  is  an  interesting  observation  and  we 
would  be  interested  if  you  could  quantify  the  relative  crack  velocity  vs 
the  relative  dislocation  velocity. 

S. A.  Shlels  (Westlnghouse  Electric  Corporation,  USA):  You 
showed  that  e  use  of  notched  specimens  was  a  valid  method  of 
measuring  incubation  times  and  that  the  results  can  be  predicted 
microinechanistically.  Can  the  notched  values  be  correlated  well  with 
precracked  CT  values  and  can  precracked  CT  "incubation"  times  be 
used  to  predict  incubation  in  notches  of  finite  root  radius  also.  What 
defines  an  incubated  crack?  1  pm?  1  mm?  10  mm? 

W.W.  Gerberich:  First,  as  to  your  last  point,  an  incubated  crack 
would  be  the  first  micron  square  area  if  we  could  detect  it.  But  often 
it  is  difficult  to  do  much  better  than  10  or  100  pm2,  so  that  it  is 
conceivable  that  there  is  a  scaling  law  depending  on  how  good  your 
instrumentation  is.  As  is  implied  in  the  paper,  there  may  not  be  any 
correlation  between  blunt-notch  and  precracked  incubation  times 
because  of  elastic  plastic  considerations,  which  can  be  very  different 
for  sharp  cracks. 


EICM  Proceedings 


187 


SECTION  IV 


Mechanistic  Aspects  of  Environment-Induced  Cracking 
in  Metals  and  Alloys 
Rapporteurs’  Report  on  Poster  Presentations 


R.P.  Wei 
Lehigh  University 
Bethlehem,  Pennsylvania,  USA 

S.M.  Bruemmer 

Pacific  Northwest  Laboratory 
Richland,  Washington,  USA 


Introduction  and  Background 

This  poster  session  was  devoted  to  the  mechanistic  aspects  of  environmentally  assisted 
cracking  in  metals  and  alloys.  To  put  the  various  contributions  into  perspective,  the  processes 
that  can  control  crack  initiation  and  crack  growth  are  briefly  summarized,  and  some  of  the  key 
issues  are  broadly  outlined. 

The  processes  that  are  involved  in  the  enhancement  of  cracking  in  metals  and  alloys  by 
aqueous  environments  (electrolytes)  are  as  follows: 

(1)  Transport  of  the  deleterious  species  to  the  crack  tip. 

(2)  Reactions  of  the  electrolyte  with  newly  produced  surfaces  (e.g.,  slip  steps  and  cracks) 

to  effect  dissolution,  or  to  produce  hydrogen. 

(3)  Transport  of  metal  cations  away  from  the  crack  tip  to  enable  continued  dissolution. 

(4)  Hydrogen  entry  (or  absorption). 

(5)  Diffusion  and  partitioning  of  hydrogen  to  the  various  fracture  (or  embrittlement)  sites. 

(6)  Embrittlement  reaction  (breaking  of  M-H-M  bonds). 

These  processes  operate  in  sequence.  The  overall  rate  is  governed  by  the  slowest  of 
these  processes,  operating  in  conjunction  with  the  mechanical  driving  force  for  cracking.  The 
mechanical  driving  force  is  characterized  by  the  crack-tip  stress  or  stress-intensity  factor  and 
crack-tip  strain  rate,  or  indirectly  through  the  applied  stress  or  specimen  extension  rate. 

The  first  step,  or  transport  processes,  really  involves  not  only  the  transport  of  deleterious 
species  to  the  crack  tip,  but  also  of  the  other  species  to  and  away  from  the  crack  tip.  The 
transport  processes  in  aqueous  media  include  electromigration,  diffusion,  and  convection. 
Coupled  with  reactions  at  the  crack  tip  and  along  the  crack  flank,  they  define  the  local 
environment  within  the  crack  and  at  the  crack  tip.  The  near-tip  region  of  interest  may  extend 
from  1  nm  to  0.1  mm  from  the  crack  tip,  and  the  overall  crack  depth  may  range  from  about 
0.1  pm  to  tens  of  millimeters,  to  span  crack  initiation  to  crack  growth. 

The  anodic  processes  (dissolution  reactions)  in  the  second  step  are  directly  responsible 
for  crack  initiation  and  crack  growth  enhancement,  according  to  the  various  dissolution 
mechanisms  lor  environmentally  assisted  cracking.  To  sustain  dissolution-controlled  crack 
advance,  transport  processes  must  be  sufficient  to  maintain  local  crack-tip  chemistries  that 
promote  dissolution.  For  the  hydrogen  embrittlement  mechanisms,  on  the  other  hand, 
dissolution  reactions  function  primarily  as  sources  of  electrons  for  the  reduction  of  hydrogen. 

The  remaining  processes  are  important  only  for  the  hydrogen  embrittlement  mecha¬ 
nism,  and  govern  the  rate  of  supply  and  distribution  of  hydrogen  to  the  potential  embrittlement 
sites  and  the  rate  of  embrittlement.  Distinction  needs  to  be  made,  however,  between  the 
so-called  surface  embrittlement  and  volume  embrittlement.  For  surface  embrittlement, 
cracking  results  directly  from  the  interaction  of  hydrogen  with  the  metal-metal  bonds  at  the 
crack  tip,  whereas  volume  embrittlement  involves  a  region  of  material  ahead  of  the  crack  tip. 
As  such,  the  absorption,  diffusion,  and  partitioning  processes  would  play  a  part  only  in  the 
case  of  volume  embrittlement. 

To  make  significant  advances  in  the  understanding  of  environmentally  assisted  cracking 
in  metals  and  alloys,  it  is  necessary  to  adopt  a  more  rigorous  and  quantitative  approach  than 
those  used  heretofore.  Specifically,  analytical  and  experimental  studies  must  be  guided  by 
well-posed  questions  that  can  be  answered  unambiguously.  The  concept  of  rate-controlling 
processes  and  how  they  impact  test  results  must  be  well  understood  in  the  design  of 
experiments,  the  development  of  models,  and  the  interpretation  of  results.  Test  methods  must 
be  assessed  with  respect  to  their  ability  for  providing  quantitative  results,  vis-a-vis  qualitative 
information.  The  papers  in  this  poster  session  are  to  be  viewed  in  this  context. 


Paper  Organization 

Although  the  papers  in  this  session  touched  upon  some  of  the 
key  issues,  by  and  large  they  v/ere  narrowly  focused.  To  provide 
focus  for  discussion,  the  papers  were  grouped  into  the  following 
broad  categories,  recognizing  that  some  overlap  is  inevitable. 

(1)  Crack/Crack-Tip  Chemistry  and  Crack-Tip  Processes:  Papers 
by  A.  Turnbull  and  M.  Saenz  de  Santa  Maria;  C.J.  van  der 
Wekken;  B.G.  Pound;  R.  Oltra  and  A.  Desestret. 

(2)  Initiation  and  Loading  Mode:  K.  Komai  and  K.  Minoshima;  D.B. 
Kasul,  C.J.  White,  and  L.A.  Heldt;  R.A.  Cottis,  A.  Markfield,  A. 
Boukkerou,  and  P.  Haritopoulos;  M.M.  Festen,  J.G.  Erlings,  and 
R.A.  Fransz. 

(3)  Cracking  Mechanisms,  (a)  Hydrogen  Embrittlement.  R.S.  Pia- 
scik  and  R.P.  Gangioff;  R.G.  Ballinger,  C.  Elliot,  and  I.S.  Hwang; 
(b)  Anodic  Processes:  B.D.  Lichter,  W.F.  Flanagan,  J.B.  Lee, 
and  M.  Zho;  G.S.  Duffo  and  J.R.  Galvele;  D.A.  Jones. 

General  Discussion  of  Issues 
Raised  by  the  Poster  Papers 

In  an  attempt  to  develop  a  broader  consensus  among  the 
international  experts  on  key  issues  that  require  resolution,  the 
rapporteurs  proposed  a  series  of  questions  for  each  of  the  topics  to 
stimulate  discussion  in  the  full  plenary  session  that  followed  the 
viewing  period  for  the  individual  poster  papers.  Some  significant 
issues  surfaced;  the  major  contributions  are  reproduced  below. 

Topic  1:  Crack/Crack-Tip  Chemistry 
and  Crack-Tip  Processes 

This  topic  included  consideration  o'  models  of  crack-tip  envi¬ 
ronments,  measurement  of  local  chemistries,  criticality  of  crack-tip 
environments,  and  crack-tip  processes.  The  question  of  the  state  of 
agreement  between  models  and  observations  was  also  proposed. 

M.  Danielson  (Pacific  Northwest  Laboratories,  USA):  One 
issue  that  I  would  like  to  point  out  and  that  may  be  a  limit  to  the  validity 
of  current  modeling  efforts  is  the  inability  to  consider  the  transport 
effects  of  porous  deposits  on  the  chemistry  within  cracks.  Salt  films, 
porous  oxides,  etc.,  are  observed  to  form  at  sufficient  thickness,  they 
can  isolate  the  crack  tip  from  the  external  environment,  and  with  their 
significant  resistivity  will  strongly  affect  the  concentration  gradient 
across  the  film  of  all  the  ions  (except  those  within  the  film).  The  film 
will  change  in  concentration  (through  the  migration  relationship)  at 
the  metal/film  interface  in  a  manner  that  is  much  different  from  that 
when  no  film  is  present. 

H.-J.  Engell  (Max  Planck  Institut  fur  Eisenforschung,  Fed¬ 
eral  Republic  of  Germany):  Salt  films  may  or  may  not  be  precipi¬ 
tated  at  the  high  current  densities  at  crack  tips,  even  if  thermody¬ 
namics  would  allow  their  formation.  As  observed  experimentally  in 
pits,  instead  of  the  (stable)  salt  layer,  a  supersaturated  electrolyte  film 
can  form  with  high  resistivity  because  of  low  water  content,  changing 
the  crack-tip  chemistry  completely. 

F.P.  Ford  (General  Electric  R&D  Center,  USA):  In  determin¬ 
ing  the  theoretical  stability  of  various  species  for  modeling  crack 
chemistry,  are  we  in  serious  error  in  using  Pourbaix  diagrams  that  are 
based  on,  for  example,  free  energies  of  formation  of  bulk  com¬ 
pounds?  Surely  the  fact  that  these  compounds  in  cracks  are  either  of 
atomistic  dimensions  or  have  high  surface-to-volume  ratios,  puts  into 
some  question  the  use  of  bulk  material  properties. 

H.-J.  Engell:  Pourbaix  diagrams  indicate  what  can  happen 
according  to  thermodynamics,  but  not  what  must  happen.  As  an 
example,  the  passivation  of  iron  in  sulfuric  acid  is  a  process  not 
represented  in  an  equilibrium  potential-pH  diagram,  nevertheless, 
that  it  occurs  is  a  matter  of  fact. 

H.  Kaesche  (Friedrich  Alexander  University  of  Erlangen- 
Nurnburg,  Federal  Republic  of  Germany):  Considering  the  condi 
tions  prevailing  at  interfaces,  where  anodic  metat  dissolution  events 
may  be  discontinuously  occurring  at  rates  up  to  several  tens  of 
amperes/cm2,  leading  to  the  transient  stabilization  of  nonequilibrium 
compound  layers,  caution  is  clearly  required  in  the  application  of  the 


well-known  and  certainly  very  useful  Pourbaix  diagrams,  which 
compile  equilibrium  data.  Also,  even  if  equilibnum  calculations  do 
apply,  the  thermodynamic  activity,  of  compounds  in  concentrated 
solutions  may  be  known  only  very  roughly,  since  activity  coefficients 
may  be  far  from  close  to  unity.  Tabulated  diagrams  generally  refer  to 
the  low  activity  10~6  concentrations  of  dissolved  cations  of  the  metal 
undergoing  dissolution.  The  supposition  that  the  crack-tip  electrolyte 
is  similar  to  a  solution  of  the  dissolving  metal  having  a  much  higher 
equilibrium  concentration  of  the  metal  salt  formed  with  the  anion  of 
the  solution  is  used  by  Pourbaix  who,  however,  disregards  nonequi¬ 
librium  phase  formation. 

J.R.  Galvele  (Comision  Nacional  de  Energia  Atomica,  Ar¬ 
gentina):  We  published  a  transport  model  for  pitting  [J.  Electrochem. 
Soc.  123(1976):  p.  464]  that  could  be  applied  to  what  happens  at  the 
tip  of  a  crack.  What  is  found  is  that,  for  cracks  propagating  at  >  1 0~7 
m/s,  the  current  densities  should  be  so  high  that  the  cracks  would  end 
plugged  by  corrosion  products.  This  points  some  doubts  on  mecha¬ 
nisms  based  on  anodic  dissolution.  On  the  other  hand,  we  know  that 
anodic  dissolution  is  localized  on  points  like  kink  steps  where  the 
metal  atoms  are  surrounded  by  water  molecules.  I  find  it  very  difficult 
to  see  how  such  a  process  could  happen  at  an  atomically  sharp 
crack.  We  concluded  that,  as  I  said  in  a  previous  discussion  at  this 
meeting,  the  chemical  composition  inside  the  crack  is  not  very 
relevant.  What  is  critical  is  the  nature  of  the  surface  compound 
present  at  the  tip  of  the  crack.  We  believe  that  the  crack  propagates 
by  emission  of  adatoms  from  the  tip  of  the  crack,  and  if  there  is  any 
anodic  dissolution,  it  takes  place  a  few  atom  distances  away  from  the 
tip. 

H.  Kaesche:  With  regard  to  crack-tip  solution  chemistry,  there 
is  experimental  evidence  for  discontinuous  local  metal  dissolution 
events  occurring  at  rates  up  to  30  amperes/cm2.  This  applies  to  etch 
pitting  and  tunneling  anodic  dissolution  from  otherwise  passive 
surfaces.  It  has  not  yet  been  established  for  tunneling  metal 
dissolution  during  dealloying  [see,  for  example,  H.  Kaesche,  Ad¬ 
vances  in  Localized  Corrosion,  NACE  (in  press  1990)].  At  these  rates 
of  metal  dissolution,  deposition  of  salt  films  must  be  expected,  .as 
excess  of  hydrating  water  molecules  becomes  insufficient  at  the 
metal  surface.  Such  films  will  be  different  from  equilibrium  hydrated 
salt  deposits,  and  will  be  stabilized  by,  probably,  high  field  ion 
transport. 

Topic  2:  Initiation  and  Loading  Mode 

The  rapporteurs  suggested  discussion  on  a  range  of  issues 
relating  to  crack  initiation,  including  consideration  of  the  relevance  of 
testing  methodologies.  However,  the  resulting  contributed  discussion 
focused  exclusively  on  the  slow-strain-rate-test  technique,  for  which 
the  rapporteurs  posed  a  number  of  questions  (e.g.,  What  does  it 
measure?  What  does  it  tell/hide?  How  should  test  results  be 
interpreted?  Does  it  measure  crack  initiation  or  propagation?  Is  a 
single  strain-rate  test  sufficient/meaningful?) 

T.  Murata  (Nippon  Steel  Corporation,  Japan):  In  contrast  to 
slow-strain-rate  testing  in  simulating  stress  corrosion  cracking  in  a 
variety  ol  environments,  the  use  of  fast-strain-rate  testing  should  be 
addressed  more  in  understanding  crack-tip  reactions  in  contact  with 
crack-tip  environments. 

M.M.  Hall  (Westlnghouse  Electric  Corporation,  USA):  Would 
not  mechanical  strain  energy,  or  better  yet,  rate  of  mechanical 
strain-energy  dissipation  be  a  better  test  parameter  for  correlating 
results  of  slow-strain-rate  tests?  For  smooth  specimens,  this  quantity 
is  readily  obtained.  Notched  or  precracked  specimens  require  a  more 
complicated  analysis,  but  in  principle  the  analysis  can  be  made,  given 
a  knowledge  of  the  material's  constitutive  behavior. 

D.A.  Jones  (University  of  Nevada,  USA):  Slow-strain-rate 
testing  forces  film  rupture  under  continuous  strain,  which  is  absent  in 
service  conditions  of  constant  deformation  or  constant  load.  Thu; 
slow-strain-rate  testing  is  conservative.  If  an  alloy  does  not  show 
stress  corrosion  cracking  in  slow-strain-rate  testing,  it  will  probably 
not  fail  by  stress  corrosion  cracking  in  service  under  identical 
conditions.  However,  if  the  alloy  does  show  stress  corrosion  cracking 
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in  slow-strain-rate  testing,  it  may  not  fail  in  service  because  the 
continuous  film  rupture  in  slow-strain-rate  testing  is  unrealistically 
severe. 

R.N.  Parkins  (University  of  Newcastle  upon  Tyne,  UK):  I 
preface  my  remarks  by  repeating  what  I  have  said  on  many 
occasions,  tnat  if  there  were  an  idea!  method  of  stress  corrosion 
testing,  we  would  all  be  using  it  in  preference  to  any  other.  I  believe 
that  statement  to  be  as  valid  in  relation  to  slow-strain-rate  tests  as  it 
is  to  tests  on  precracked  specimens,  or  any  other  test.  In  any 
laboratory  test,  the  objective  is  the  acquisition  of  data  in  relatively 
short  times  compared  to  service  lifetimes,  that  data  then  being  used, 
empirically  or  otherwise,  to  predict  service  behavior.  This  accelera¬ 
tion  of  laboratory  tests  may  be  achieved  by  various  routes,  of  which 
the  introduction  of  precracks  and/or  the  application  of  slow  dynamic 
straining  in  the  context  of  stress  corrosion  testing  are  two. 

In  relation  to.slow-strain-rate  testing,  although  initially  used  as 
an  ad  hoc  test,  it  is  now  clear  that  for  many  systems  it  has 
fundamental  significance  in  that  the  time  dependence  of  various 
reactions  in  the  crack-tip  region  are  related  to  the  time  dependence 
of  strain  in  that  region.  The  method  is  therefore  as  applicable  to  tests 
involving  precracked  specimens  as  it  is  to  initially  plain  specimens. 
What  it  measures  is  the  interrelation  of  the  relative  rates  of  filming 
(which  may  be  rate  controlling  even  with  hydrogen-induced  cracking) 
and  bare  metal  by  straining,  as  they  influence  crack  growth.  If  the 
question  as  to  what  it  measures  needs  to  be  answered  in  the  context 
of  engineering  parameters,  then  it  can  be  used  to  measure  crack 
velocities  or  threshold  stresses,  or  stress-intensity  factors,  all  of 
which  are  functions  of  crack-tip  strain  rates  in  many  systems.  Thus, 
the  determination  of  Klscc  values,  for  example,  without  recognizing 
the  strain-rate  dependence  of  such,  may  result  in  misleading  data. 

As  to  the  interpretation  of  slow-strain-rate  test  results,  these  can 
be  by  different  routes  depending  upon  the  object  of  the  exercise.  In 
its  simplest  form,  the  specimen  is  taken  monotonically  to  total  failure, 
and  if  the  objective  is  simply  to  decide  whether  or  not  the  system 
displays  sensitivity  to  stress  corrosion,  then  fractography  of  the  failed 
specimen  will  provide  the  answer  If  it  is  desired  to  quantify  the 
answer,  then  there  are  various  quantities  that  can  be  used  for  that 
purpose  [See,  for  example,  Parkins,  Stress  Corrosion  Cracking  - 
The  Slow  Strain  Rate  Technique.  ASTM  STP  665,  ed.  G.M.  Ugianski 
and  J.H.  Payer  (Philadelphia.  PA.  ASTM,  1 979),  p.  5.)  That  reference 
also  indicates  how  the  method  can  be  modified  to  define  the 
threshold  conditions  for  cracking  on  initially  plain  or  precracked 
specimens,  for  particular  applied  strain  or  deflection  rates.  The 
method  does  not  hide  anything.  Only  those  who  use  it  can  decide 
upon  such  an  outcome. 

It  has  sometimes  been  claimed  that  slow-strain-rate  tests  are 
concerned  with  crack  initiation,  just  as  it  has  sometimes  been  claimed 
that  precracked  specimen  testing  is  concerned  with  propagation.  It 
appears  to  me  that  neither  statement  is  valid.  There  is  no  agreed 
definition  of  stress  corrosion  crack  initiation  -  it  needs  to  be  defined 
in  the  context  of  the  measurements  being  made,  essentially  in  terms 
of  what  constitutes  a  minimum  detectable  amount  of  growth,  which 
statement  indicates  the  irrelevance  of  such  debate.  But  even  if  some 
arbitrary  definition  of  initiation  is  agreed,  if  the  cracks  grow  beyond 
that  limit,  they  are  presumably  propagated,  and  in  most  slow  strain- 
rate  tests  that  is  precisely  what  happens.  By  the  samo  token,  the 
claim  that  no  Initiation  is  Involved  in  the  growth  of  an  intergranular 
stress  corrosion  crack  from  an  initial  transgranular  fatigue  crack,  for 
example,  ignores  the  important  metallurgical  and  electrochemical 
influences  in  stress  corrosion  cracking  because  of  an  obsession  with 
mechanics. 

Where  slow-strain-rate  tests  are  used  for  mechanistic  studies  or 
for  the  measurement  of  crack  velocities  or  threshold  stresses,  it 
appeaiu  to  me  to  be  necessary  to  conduct  tests  at  various  strain 
rates.  Even  if  the  method  is  to  be  used  as  an  ad  hoc  sorting  test,  for 
example  in  the  context  of  alloy  development,  the  selection  of 
inhibitors,  or  the  study  of  other  environmental  factors,  it  is  probably 
worthwhile  to  conduct  tests  at  different  strain  rates,  in  view  of  the 
possible  influence  of  these  factors  upon  filming  rates.  Three  or  four 
tests  spread  over  the  range  from  about  10  7  to  10  4  s  ’  will  usually 


suffice,  and  even  that  range  can  be  reduced  on  the  basis  of 
experience  with  various  alloy/environment  systems.  Moreover,  if  the 
first  test,  which  probably  should  be  conducted  at  about  10~6  s-1  for 
iron,  nickel,  aluminum  or  copper  alloys,  or  at  about  10~5  s'1  for 
titanium  or  magnesium  alloys,  produces  cracking,  further  tests  may 
not  be  necessary.  In  other  words,  it  depends  upon  the  objective  of  the 
tests  as  to  the  extent  to  which  variations  in  the  strain  rate  is 
necessary. 

It  has  often  been  stated  in  the  context  of  slow-strain-rate  tests, 
and  indeed  precracked  specimen  tests,  that  they  promote  cracking  in 
systems  in  which,  for  apparently  equivalent  service  situations,  no 
cracking  is  observed.  Similar  statements  may  be  made  in  relation  to 
other  types  of  test,  and  not  just  where  variations  in  stressing 
conditions  are  involved,  for  example,  where  tests  are  accelerated  by 
manipulation  of  the  experimental  conditions.  Such  results  are  not 
surprising  for  a  variety  of  reasons,  but  the  conclusion  should  not  be 
divorced  from  the  reasons  for  choosing  a  particular  test  method  in  the 
first  instance.  For  example,  it  appears  to  me  that  if  one  is  responsible 
for  the  design  or  operation  of  a  pressure  vessel  containing  some 
environment  that  may  promote  cracking  and  where  the  conse¬ 
quences  of  failure  could  be  catastrophic,  then  it  is  important  to  use  a 
relatively  severe  method  of  testing,  such  as  slow-strain-rate  testing. 
On  the  other  hand,  the  situation  may  be  very  different  if  the 
consequence  of  cracking  is  no  more  than  the  seepage  of  some 
innocuous  fluid.  However,  for  any  method  to  be  used  in  assessing 
plant  performance,  then  some  value  judgment  is  likely  to  be  needed 
in  attempting  to  relate  the  test  results  to  service  behavior. 

Topic  3:  Cracking  Mechanisms 

For  this  final  topic,  the  rapporteurs  asked  "How  are  the 
observed  cracking  rates  achieved  through  the  various  cracking 
mechanisms?"  The  main  discussion  concerned  the  relevance  of  the 
dealloying  mechanism,  about  which  Wei  expressed  his  personal 
reservations. 

D.A.  Jones  (University  of  Nevada,  USA):  I  too  share  Wei's 
reservations  about  dealloying  as  the  initiator  for  SCC.  It  is  difficult  to 
believe  that  a  porous,  dealloyed,  and  thus  relatively  pure  surface 
layer  can  be  more  brittle  than  the  parent  substrate  alloy.  On  the  other 
hand,  there  is  ample  evidence  of  softening  (attenuation  of  strain 
hardening)  in  many  forms  of  environment-induced  cracking.  Revie 
and  Uhlig  [Corros.  Sci.  12(1972).  p.  669,  Acta  Metall.  22(1974).  p. 
619]  demonstrated  accelerated  creep  under  anodic  current,  and 
others  have  seen  creep  prior  to  initiation  of  SCC. 

I  have  suggested,  in  a  poster  paper  at  this  conference  (Jones, 
"The  Contribution  of  Localized  Surface  Plasticity  to  the  Mechanism  of 
Environment-Induced  Cracking,"  this  proceedings),  that  high  anodic 
current  at  film-rupture  sites  promotes  localized  softening  or  attenu¬ 
ation  of  strain  hardening  at  the  exposed  plastically  deformed 
slip-band  surface.  This  softened  material  will  crack  in  a  brittle  manner 
when  constrained  by  the  surrounding  unsoftened  alloy.  A  useful 
analogy  might  be  two  steel  bars  brazed  together  at  their  ends  with  a 
complete  layer  of  pure  soft  lead.  Although  normally  soft  and  ductile, 
the  load  junction  exhibits  brittle  fracture  when  sufficient  tensile  load 
is  applied  normal  to  the  brazed  joint.  The  surrounding  undeformed 
steel  constrains  the  small  volume  ot  lead,  generating  lateral  stresses 
and  a  triaxial  stress  state  in  the  lead.  The  triaxial  stress  state  prevents 
the  usual  slip  processes  and  the  lead  fails  in  a  brittle  manner  by 
rupture  of  atomic  bonds  in  lead,  which  are  weaker  than  those  in  the 
adjacent  steel. 

Therefore,  I  still  question  the  veracity  and  need  for  both  surface 
dealloying  and  surface  film  embrittlement  in  the  mechanism  of  SCC. 

L.A.  Heldt  (Michigan  Technological  University):  Evidence 
for  the  dealloying  reaction  is  not  found  near  the  crack  tip  from  Auger 
spectroscopy  studies  of  stress  corrosion  cracking  fracture  surfaces  in 
brasses  [Hintz,  Kass,  and  Heldt,  Embrittlement  by  the  Localized 
Crack  Environment,  ed.  R.P.  Gangloff  (Warrendale,  PA.  TMS-AIME, 
1984),  p.  229].  The  spacmgs  between  crack-arrest  marks  is  seen  to 
decrease  with  increasing  K.  This  is  not  expected  for  film-induced 
cleavage  but  is  consistent  with  arrest  marks  occurring  when  a  crack 
is  forced  to  move  too  rapidly  for  the  embrittling  environmental 
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reaction  [Hintz,  et  al.,  Meiall.  Trans.  A  17(1 986):  p.  681 ;  Kaufman  and 
Fink,  Acta  Metaii.  36(1988):  p.  2213]. 

B.D.  Lichter  (Vanderbilt  University,  USA):  Our  work  has 
established  that  crack  propagation  occurs  in  the  "passive”  potential 
domain  (below  the  critical  potential,  above  which  massive  dealloying 
in  copper-gold  alloys  rapid),  occurs).  W--  '..«ive  evidence  that  cracking 
occurs  discontinuously  and  are  able  to  determine  the  local  average 
crack  growth  rate  by  correlating  crack-arrest  markings  with  electro¬ 
chemical  transient  current  pulses.  It  is  clear  that  these  pulses  are  due 
to  transient  selective  dissolution  of  copper  and  are  likened  to 
"repassivation”  as  gold  atoms  move  to  block  further  dissolution  of 
copper.  We  have  no  direct  evidence  for  the  existence  of  “nanometer- 
sized”  porous  gold  structures  on  the  fracture  surface,  but  may  infer 
their  existence  from  the  current  pulses  during  crack  growth  and  from 
scratching  experiments  conducted  in  the  same  potential  range.  At  the 
moment  we  accept  the  film-induced-cleavage  hypothesis  as  the  most 
plausible  framework  within  which  to  interpret  our  data  and  to  design 
further  critical  experiments.  The  copper-gold  system  continues  to  be 
the  most  fruitful  system  to  test  dealloying  as  a  critical  mechanism  in 
transgranular  stress  corrosion  cracking,  in  view  of  the  possibility  of 
excluding  hydrogen  involvement  and  oxide  film  formation  processes. 

R.C.  Newman  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  Jones  seems  to  have  missed  the 
importance  of  nano-porosity  in  determining  the  mechanical  proper¬ 
ties  of  dealloyed  layers  The  purity  of  the  material  in  the  dealloyed 
layer  is  irrelevant.  The  brittleness  (which,  incidentally,  is  easily 
demonstrable  using  gold-silver  alloys  corroded  in  perchloric  acid) 
arises  from  the  extremely  small  ligament  size  in  the  layer.  Such 
layers  could  not  possibly  have  a  softening  influence.  Perhaps  there 


is  a  confusion  with  creep-inducing  vacancy  injection  processes, 
which  are  not  operative  in  dealloying  of  alloys  with  high  melting 
points,  where  surface  diffusion  is  clearly  the  means  by  which 
noblemetal  atoms  move  around.  The  work  of  Revie  and  Uhlig 
(Corros  Sci.  12(1972):  p.  669]  was  interesting,  but  the  correlation 
with  dealioying  was  never  established,  and  their  experimental 
conditions  probably  did  not  cause  dealloying  to  more  than  a  few  atom 
spacings  in  depth  (in  the  cuprous  ammonia  solutions  that  cause 
SCC,  the  dealloying  proceeds  to  several  tens  of  nanometers.) 

The  last  comment  of  Jones  questions  the  “veracity”  of  dealloy¬ 
ing  and  "surface  film  embrittlement.”  I  doubt  that  he  would  question 
the  role  of  dealloying  in  gold-copper  alloys  as  just  described  by 
Lichter.  The  other  systems,  such  as  brass  and  stainless  steel,  are 
more  subtle  and  require  more  subtle  experiments.  The  correlation 
between  dealloying  and  SCC  was  demonstrated  by  Sieradzki,  et  al. 
[J.  Electrochem.  Soc.  134(1987):  p.  1635],  for  copper-zinc  and 
copper  aluminum,  while  film-induced  cleavage  in  copper-zinc  was 
demonstrated  by  Newman,  et  al  [Scripta  Metaii.  23(1989):  p.  71],  We 
have  a  long  way  to  go  in  the  stainless  steel  system,  but  everything 
looks  the  same  so  far. 

Heldt’s  first  comment  has  been  addressed  in  detail  by  the  work 
of  Sieradzki,  et  al.,  quoted  above.  We  believe  that  the  fast  dealloying 
only  occurs  at  the  crack-arrest  positions.  Thus,  the  Auger  analysis 
would  need  very  high  spatial  resolution  to  pick  it  up.  The  variation  of 
crack  jump  distance  with  K  has  not  been  addressed  by  us  in  detail, 
but  I  disagree  with  the  statement  that  this  would  be  inconsistent  with 
film-induced  cleavage.  At  low  K  the  crack  jumps  less  frequently,  so 
the  film  can  grow  thicker  between  jumps.  This  may  well  enable  the 
crack  to  jump  further,  since  an  increase  in  film  thickness  may  allow 
the  crack  to  emerge  from  the  film  with  a  higher  velocity. 
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Relative  Importance  of  Crack-Tip  Charging 
and  Bulk  Charging  in  Hydrogen-Assisted  Cracking 

in  Aqueous  Solutions 

A.  Turnbull *  and  M.  Saenz  de  Santa  Maria** 

Abstract 

An  evaluation  has  been  made  of  the  relative  importance  of  crack-tip  hydrogen  charging  and  bulk 
hydrogen  charging  in  the  corrosion-fatigue  cracking  of  structural  steel  cathodically  protected  in  seawater 
for  a  range  of  potentials  and  cyclic  loading  frequencies.  At  applied  potentials  more  negative  than  about 
-900  mVSC6,  at  a  frequency  of  O.iHz,  bulk  charging  becomes  the  dominant  source  of  hydrogen  atoms; 
this  is  further  emphasized  by  reducing  the  frequency.  Examination  of  the  literature  has  shown  that  the 
contribution  of  bulk  charging  to  cracking  is  significant  for  a  range  of  steel/environment  systems, 
particularly  in  solutions  in  which  hydrogen  sulfide  is  present.  In  relation  to  test  methodology,  factors  such 
as  time,  thickness  of  specimen,  specimen  configuration  (e.g„  tubular  or  plate)  and  the  application  of 
paint  coatings  should  be  considered  much  more  carefully  if  bulk  charging  is  considered  to  be  potentially 
significant. 


Introduction 

One  of  the  complexities  associated  with  interpreting  hydrogen- 
assisted  crack  growth  in  steels  under  dynamic  and  static  loading 
conditions  in  aqueous  solutions  is  that  the  rate  of  generation  of 
hydrogen  atoms  on  the  external  and  crack  surfaces  can  vary 
significantly.  The  kinetics  of  hydrogen  generation  on  the  external 
surface  are  dependent  on  the  bulk  solution  composition  and  elec¬ 
trode  potential,  while  the  kinetics  within  the  crack  depend  on  the 
solution  chemistry  and  potential  local  to  the  crack  enclave,  and  the 
rate  of  bare  metal  production  by  mechanical  straining  at  the  crack  tip 
itself. 

In  a  previous  paper,  a  detailed  model  was  developed  to  predict 
the  rate  of  hydrogen  generation  during  corrosion  fatigue  of  a 
structural  steel  cathodically  protected  in  marine  environments.'  The 
model  enabled  an  assessment  of  the  relative  importance  of  hydrogen 
charging  at  the  crack  tip,  crack  walls,  and  external  surface  for  this 
specific  steel/environment  system. 

An  outline  of  the  essential  features  of  this  model  is  included  In 
this  paper,  but  the  discussion  is  extended  to  include  other  steel/ 
environment  systems  and  to  examine  evidence  in  support  of  the 
basic  predictions. 


I(t)  r ...  ,  3CTOD(t) 

___  =  j  t(t_T)  — - - , 


0  <t  st1/2f 


(D 


where  t  is  a  dummy  variable,  f(t)  represents  the  time  variation  of  the 
CD,  3CTOD/3t  is  the  rate  of  change  of  the  crack-tip  opening 
displacement  equated  to  the  rate  of  production  of  the  new  surface, 
and  f  is  the  cyclic  frequency. 

From  scraping  electrode  experiments'5  on  BS  4360  50D  struc 
tural  steel  in  3.5%NaCI  of  varying  pH,  the  relevant  expressions  for  the 
time-variation  of  the  CD  are  given  by 

i(t)  =  f(t),  where  f(t)  =  i0  for  t  s  t0 

f(0  =  'o  {7J  ”  for  t  >  t0  (2) 

where  i0  is  the  maximum  CD,  t,,  is  the  time  prior  to  commencement 
of  refilmmg  and  p  is  a  decay  constant.  For  cathodically  protected 
steel  in  seawater,  the  pH  at  the  crack  tip  is  between  1 0  and  about  1 2? 
and  the  refilming  kinetic  parameters  are  as  follows: 


Model 

Evaluation  of  tho  current  density  (CD)  for  production  of  hydro¬ 
gen  atoms  on  the  crack  walls  and  on  the  external  surface  can  be 
made  based  on  steady-slate  electrochemical  measurements  and 
knowledge  of  the  solution  composition  and  potential.2’4  However,  to 
calculate  tho  CD  at  tho  crack  tip,  it  is  necessary  to  combine 
measurements  of  transient  reaction  kinetics  on  a  bared  metal  surface 
with  the  kinetics  of  production  of  a  new  surface  at  the  tip. 

It  was  shown  previously  that  the  total  current  (l(t)]  per  unit 
thickness  (B)  flowing  at  time  (t)  during  crack  loading  under  fatigue 
conditions  can  be  described  by  the  following:' 

‘Division  of  Materials  Applications,  National  Physical  Laboratory. 

Teddingtcn.  Middlesex,  England  7W11  OLW. 

"Chloride  Silent  Power  Ltd.,  Runcorn,  Cheshire,  England,  WA 1PZ. 


pH  10  :  log10  [i0tg]  =  -7.635  •  E  -  11.99; 

logJo  =  “5.820  ■  E  -  7.398  (3) 

pH  11  :  log10  [i0tg]  -6.989  •  E  -  11.48;  lpg10io  = 

-7.030  •  E  -  8.610  (4) 

and  p  =  2.437  •  E  +  3.059  (5) 

where  E  is  in  V^g. 

Calculation  of  the  parameters  at  intermediate  pH  values  was 
based  on  interpolation.  Although  the  transient  kinetic  data  for  pH  12.0 
were  less  complete,  the  results  are  consistent  with  values  extrapo¬ 
lated  from  the  above  expressions. 
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Tiie  rate  of  change  of  the  crack-tip  opening  displacement  with 
time  was  expressed  by 


<?CTOD  ACTOD 

at  (1/20 


where  A  CTOD  is  the  range  of  opening  during  the  fatigue  loading 
cycle  given  by6 


ACTOD  = 


(1+R)  AK2 
(1  — R)  4a,E’ 


(7) 


where  <j,  is  the  cyclic  flow  stress,  E’  is  Young’s  modulus,  Ft  is  the 
stress  ratio,  and  AK  is  the  range  of  the  stress-intensity  factor.  In  the 
absence  of  specific  data  for  <r(,  the  value  for  the  yield  stress  cry  was 
used  (340  MPa  for  BS  4360  50D  steel). 

During  unloading,  the  time-dependence  of  the  current  depends 
on  the  extent  of  slip  reversal  and  the  contribution  of  brittle  crack 
modes.  However,  when  different  possible  mechanisms  for  unloading 
were  assessed,1  it  was  found  that  the  additional  contribution  to  the 
charge  from  the  unloading  process  was  less  than  20%  regardless  of 
which  mechanism  was  considered.  In  this  paper,  the  calculated 
current  densities  at  the  crack  tip  represent  the  maximum  values 
derived  from  the  different  unloading  models. 


Results  and  Discussion 

Calculations  have  been  made  of  the  current  density  at  the 
fatigue  crack  tip,  crack  walls,  and  on  the  external  surface  for  a  range 
of  cathodic  potentials.  The  CD  at  the  crack  tip  is  defined  as  the  total 
current  per  unit  thickness  averaged  over  the  crack-tip-opening 
displacement.  The  time-averaged  value  of  this  CD  is  compared  with 
that  on  the  adjacent  crack  walls  and  external  surface  in  Figure  1. 
These  calculations  are  based  on  BS  4360  50D  steel  in  ASTM 
seawater  (pH  8.0)  at  5°C  for  a  crack  of  1 .5  cm  deep  and  loading 
frequency  of  0.1  Hz.  The  square  root  of  the  CD  has  been  used  for 
comparison  based  on  the  demonstration  by  Bockris,  et  al.,7  that  the 
subsurface  concentration  of  hydrogen  atoms  C0  and  hence  hydrogen 
permeation  is  dependent  on  \w. 

The  most  important  conclusion  from  this  figure  is  that  for 
potentials  more  negative  than  about  -900  mVsce,  charging  of  the 
steel  with  hydrogen  atoms  is  most  effective  from  the  external  surface 
(the  higher  pH  and  increased  potential  drop  making  crack-tip 
conditions  less  favorable  for  hydrogen  generation).  The  value  of  the 
potential  at  which  bulk  charging  becomes  the  most  important 
hydrogen  source  cannot  be  made  too  precise  because  of  inherent 
uncertainties  in  the  nature  of  the  calculation,  for  example,  with  regard 
to  the  assumed  model  of  crack-tip  deformation.  Nevertheless,  from 
the  viewpoint  of  experimentally  testing  these  predictions,  the  corro¬ 
sion  fatigue  studies  should  be  directed  at  potentials  of  about  -900 
mVsce  or  more  negative. 

The  proximity  of  the  hydrogen-charging  source  at  the  crack  tip 
to  the  actual  location  of  crack  advance  may  lead  to  the  assumption 
that  this  hydrogen  source  must  be  the  most  important  controlling 
crack  growth,  even  if  the  CD  is  significantly  lower.  This  will  be  true  at 
short  times;  however,  if  the  bulk-charging  CD  is  greater,  the 
concentration  of  hydrogen  ato;r,s  along  the  crack  front  will  be 
correspondingly  greater  provided  sufficient  time  is  allowed  for 
steady-state  charging  to  be  attained.  Indeed,  at  long  times,  the  crack 
walls  and  crack  tip  may  act  as  net  sinks  for  hydrogen  atoms. 

The  loading  frequency  also  has  a  significant  effect  on  the  CD  at 
the  crack  tip,  as  shown  in  Figure  2,  for  which  the  calculations  are 
based  on  an  external  potential  of  -900  mVsce,  AK  =  20  MPam1/2, 
R  =  0.5  and  crack  depth  of  1 .5  cm.  The  increase  in  crack-tip  CD  with 
increasing  frequency  is  associated  mainly  with  the  more  rapid  rate  of 
production  of  bare  metal  maintaining  the  crack  tip  in  a  more  active 
state  on  average.  (The  effect  of  changing  frequency  on  crack-tip 
chemistry  has  a  much  less  significant  effect.’)  Thus,. charging  of  the 
steel  through  the  crack  tip  is'  predicted  to  be  more  effective  at  the 
higher  frequencies.  Correspondingly,  the  potential  at  which  bulk 


charging  would  become  dominant  is  depressed  to  more  negative 
values.  The  converse  is  predicted  for  decreasing  frequency. 


FIGURE  1— Comparison  of  current  densities  on  the  external 
surface,  crack  walls,  and  crack  tip. 


FIGURE  2— Effect  of  frequency  on  the  square  root  of  the  CD  for 
E*-1  =  -900  mVSCE  AK  =  20  MPa  m1*  and  R  =  0.5. 
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The  calculations  performed  above  are  specific  to  seawater  with 
a  bulk  pH  of  about  8.0.  However,  it  would  be  expected  that  the 
relative  importance  of  crack-tip  charging  can  be  altered  not  only  by 
changing  the  potential  and  the  loading  frequency  but  also  by 
changing  the  bulk  environment.  Thus,  acidifying  the  bulk  solution  to 
values  less  than  about  three  will  significantly  enhance  tits  generation 
of  hydrogen  on  the  external  surface.4  However,  changing  the  pH  of 
the  bulk  solution  is  predicted  to  have  only  a  very  small  effect  on  the 
pH  at  the  tip  of  deep  cracks  (typically  1  cm)3.8  Thus,  bulk  charging  will 
become  more  dominant. 

In  environments  containing  H2S,  hydrogen  uptake  is  dependent 
on  the  concentration  of  H2S.9  Detailed  calculations  of  the  hydrogen 
sulfide  concentration  in  a  crack  have  not  been  conducted,  but, 
qualitatively,  it  would  be  expected  that  the  concentration  at  the  tip  of 
a  deep  crack  will  be  significantly  depleted  as  a  consequence  of 
reaction  within  the  crack,  and  thus,  bulk  charging  will  dominate  the 
hydrogen  supply. 

A  reason  for  the  increased  significance  of  bulk  charging  with 
increasing  cathodic  polarization  of  steel  in  marine  environments  is 
the  increased  potential  drop  within  the  crack,  which  means  less 
negative  potentials  at  the  tip  compared  to  the  external  surface. 
Decreasing  the  conductivity  of  the  bulk  solution  while  carefully 
controlling  the  surface  potential  would  tilt  the  balance  in  hydrogen 
supply  even  more  favorably  toward  the  external  surface. 

These  examples  are  used  to  illustrate  that  the  relative  impor¬ 
tance  of  crack-tip  charging  to  bulk  charging  is  expected  to  be  a 
sensitive  function  of  the  bulk  environment,  the  applied  potential,  and 
the  cyclic  loading  frequency.  However,  it  is  essential  to  inquire  about 
the  evidence  for  this  proposition  and  the  significance  for  the 
measured  crack  velocities.  If  bulk  charging  is  controlling  crack 
velocities,  then  several  predictions  follow  naturally. 

Time  will  have  an  important  influence  in  relation  to  establishing 
steady-state  hydrogen  charging  and  thus  crack  velocities.  In  the 
same  context,  specimen  size  and  configuration  will  also  be  important 
variables.  For  example,  in  a  compact-tension  specimen  (CTS)  the 
time  constant  for  charging  (arbitrarily  defined  as  the  time  to  charge 
the  steel  to  50%  at  half  the  thickness  of  the  specimen).  For  a 
25-mm-thick  specimen  with  an  effective  diffusion  coefficient  of  10-7 
cm2  s"1  the  time  constant  is  about  69  days. 

In  addition,  there  will  be  differences  in  hydrogen  distribution  in 
fully  immersed  fracture  mechanics  specimens,  such  as  the  CTS,  and 
in  tubulars.  This  difference  arises  because  tubulars  are  usually 
charged  from  one  surface  only  leading  to  a  hydrogen  concentration 
gradient.  In  the  case  of  sour  oil  or  gas  bearing  pipes,  charging  will  be 
from  the  internal  surface  of  the  pipe;  for  offshore  jacket  structures  in 
the  sea,  cathodic  protection  will  charge  the  external  surface,  but 
significant  hydrogen  generation  is  unlikely  in  the  inhibitive  solution 
used  in  the  internal  section  of  the  tubulars. 

Coating  of  the  external  surface  should  have  a  significant  effect 
on  cracking  because  of  the  decreased  supply  of  hydrogen. 

Evidence  for  certain  of  these  predictions  is  dispersed  in  a 
number  of  studies.  As  early  as  1971,  Barsom’0  reported  a  distinct 
change  in  shapo  of  the  crack  front  from  slightly  concave  to  convex 
when  fatigue  testing  12Ni-5Cr-3Mo  steel  in  3%  NaCI  at  an  applied 
potential  of  - 1 200  mVs06.  The  change  in  shape  was  attributed  to  the 
greater  concentration  of  hydrogen  atoms  near  the  external  surface 
enabling  faster  crack  growth.  The  specimens  used  were  50  mm  thick, 
and  in  the  time  scale  of  the  experiments  the  hydrogen  distribution 
along  the  crack  front  would  be  nonuniform.  The  potential  in  these 
tests  was  considerably  depressed,  but  P.M.  Scott  or  AERE  Harwell 
also  confirmed  that  the  same  change  in  shape  of  the  crack  front  was 
observed  in  tests  on  structural  steel  in  seawater  at  -1000  mV^. 

Similar  observations  in  relation  to  crack  front  shape  have  been 
reported  by  Kobayashi  and  Takeshi”  in  stress  corrosion  testing  of  a 
quenched  and  tempered  steel  in  NACE  solution  (H2S-saturated  brine 
at  pH  2.6)  under  free  corrosion  conditions.  The  K,scc  value  was 
observed  to  diminish  with  increasing  thickness,  consistent  with  a 
reduced  concentration  of  hydrogen  along  the  crack  front  because  of 
the  limited  time-scale  of  the  experiments.  Nakasa,  et  al.,,z  also  put 
forward  an  explanation  based  on  limited  hydrogen  ingress  for  the 


effect  of  thickness  on  crack  velocities  in  static  loading  of  a  high- 
strength  steel  in  deionized  water.  Painting  of  the  external  surface  of 
the  specimen  was  used  to  confirm  this  interpretation. 

Morgan,  et  al.,13  investigated  the  effect  of  an  organic  paint 
coating  on  the  corrosion  fatigue  crack  growth  of  a  structural  steel 
cathodically  protected  in  seawater  and  observed  a  long  incubation 
period  for  the  coated  specimen.  The  subsequent  crack  velocities 
were  similar  to  the  unpainted  tests.  Interrante  and  Low14  demon¬ 
strated  that  application  of  a  surface  wax  coating  reduced  the  crack 
velocity  of  a  2  1/4Cr-1Mo  steel  statically  loaded  in  NACE  solution. 

In  comparing  the  stress  corrosion  cracking  of  l3Cr  martensitic 
stainless  steel  in  NACE  solution  (H2S-saturated  brine  at  pH  2.6)  and 
in  H2S-saturated  seawater  (pH  5.0),  Saenz  de  Santa  Maria  and 
Turnbull’5  provided  evidence  for  a  change  from  bulk  surface  domi¬ 
nance  of  hydrogen  supply  at  low  pH,  for  which  the  steel  is  in  the 
active  state,  to  localized  hydrogen  generation  at  the  higher  pH,  for 
which  a  degree  of  passivity  is  retained. 

Although  the  number  of  studies  quoted  is  relatively  limited,  there 
is  clear  evidence  for  an  important  role  of  bulk  hydrogen  charging  in 
determining  crack  growth,  which  is  dependent  on  the  environmental 
conditions  of  the  test. 

Further  investigations  to  assess  the  effect  of  pH  and  solution 
conductivity  for  a  range  of  potentials  are  desirable.  In  the  same 
context,  attention  to  other  parameters  such  as  crack  depth  is 
important.  The  chemistry  and  potential  within  a  shallow  crack  may  be 
more  favorable  for  hydrogen  generation  than  for  a  deep  crack  under 
applied  cathodic  polarization.2  Furthermore,  the  crack  tip  will  also  be 
more  readily  accessible  with  respect  to  bulk  charging.  In  comparing 
shallow  and  deep  cracks,  these  factors  may  contribute  to  an 
increased  velocity  of  the  shallow  crack.  However,  it  is  important  to 
isolate  effects  that  are  intrinsic  and  those  that  are  a  function  of  the 
test  methodology.  For  example,  when  comparing  data,  the  relevant 
crack  velocity  for  the  deep  crack  should  be  that  under  steady-state 
charging,  which  may  require  long-term  testing. 

Conclusion 

In  the  corrosion  fatigue  cracking  of  steel  cathodically  protected 
in  seawater,  bulk  charging  is  predicted  to  be  the  major  source  of 
hydrogen  atoms  at  potentials  more  negative  than  about  -900  mVSCE 
(loading  frequency  of  0.1  Hz).  The  relative  contribution  of  crack-tip 
charging  is  diminished  further  by  decreasing  the  loading  frequency. 

The  predictions  of  this  study  combined  with  evidence  from  the 
literature  suggest  that  the  contribution  of  bulk  hydrogen  charging  to 
crack  growth  will  also  be  a  sensitive  function  of  the  bulk  environment. 
When  bulk  charging  is  important,  important  considerations  for  test 
methodology  are  time,  thickness  of  specimen,  specimen  configura¬ 
tion  (tubular  or  plate),  and  the  application  of  paint  coatings. 

The  interpretation  of  crack-growth  data  has  to  be  correlated  with 
the  hydrogen  source  and  interpretation  of  variables  such  as  cyclic 
frequency  should  be  done  with  greater  awareness  of  this  aspect. 
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Flow-Enhanced  Diffusion  Transport 
in  Corrosion  Fatigue  Cracks 

C.J.  van  der  Wekken* 

Abstract 

Using  a  transparent  Lucite+  model  of  a  corrosion  fatigue  crack,  in  which  a  dye  was  injected  in  the  crack 
solution  near  the  crack  mouth,  it  was  observed  that  the  dye  is  transported  in  the  direction  of  the  crack 
tip  at  a  strongly  accelerated  'fete  because  of  the  cyclic  movements.  A  theoretical  model  is  presented 
showing  that  the  transport  in  the  crack  occurs  at  a  rate  that  is  equivalent  to  the  rate  of  a  diffusion  process 
in  a  static  crack  with  an  effective  diffusion  coefficient  (D0„),  which  can  be  calculated  from  the  geometrical 
test  parameters  and  the  value  of  the  norma!  dilfusion  coefficient. 


Introduction 

It  was  recently  shown1  that  the  electrochemical  conditions,  measured 
at  the  tip  of  corrosion  fatigue  (CF)  cracks  in  steel  specimens  during 
external  anodic  polarization  in  a  deaerated  seawater  environment, 
cannot  be  accounted  for  on  the  basis  of  a  concept  in  which  the 
crack-tip  area  is  considered  a  “most  occluded  cell."5  In  the  most 
occluded  cell”  approximation,  the  crack-tip  material  is  expected  to  be 
at  the  corrosion  potential  in  the  local-tip  solution,  the  crack  tip  is  not 
polarized  as  a  result  of  the  externally  applied  potential  because  of  the 
large  potential  drop  i.i  the  crack  resulting  from  the  high  current 
densities  on  the  crack  walls.  In  this  respect,  the  "most  occluded  cell' 
concept  is  expected  to  be  applicable  to  CF  cracks  in  cases  in  which 
the  crack  walls  are  not  passivated.  However,  in  contrast  to  the 
situation  in  static  cracks  (stress  corrosion  cracking),  the  local 
crack-tip  solution  composition  in  CF  cracks  will  be  strongly  affecteo 
by  interaction  (mixing)  with  the  solution  from  other  parts  of  the  crack. 
As  far  as  the  solution  composition  at  the  crack  tip  is  concerned,  the 
crack-tip  region  cannot,  therefore,  be  considered  'occluded"  in  the 
case  of  CF.  In  the  earlier  work  mentioned  above,  the  authors 
concluded  that  the  acidification  measured  at  the  tip  resulted  from 
interactions  belween  solution  acidified  in  the  crack  mouth  and  the 
crack  tip  solution.1  It  was  suggested  that  this  exchange  is  a  result  of 
the  combined  effects  of  cyclic  laminar  flow  and  diffusion  in  the 
direction  perpendicular  to  the  crack  walls.  In  the  present  work,  the 
interaction  between  the  solution  at  the  crack  mouth  and  the  tip 
solution  is  demonstrated  by  observations  of  the  advancement  of  a 
colored  dye  injected  in  the  crack-mouth  region  of  a  transparent 
model.  It  will  be  shown  that  the  results  can  be  interpreted  quantita¬ 
tively  on  the  basis  of  a  simple  theoretical  model  in  which  the 
accelerated  transport  is  taken  into  account  by  the  use  of  an  effective 
diffusion  coefficient  (D0„)  in  a  static  crack,  and  the  value  of  D0„  can 
be  calculated  from  the  geometrical  test  parameters. 

Experimental 

A  model  of  a  fatigue  crack  was  made  from  1  -cm-thick  transpar 
ent  Lucite  plate  material  (Figure  1).  The  short  side  of  a  6-by-t  1.8-cm 
piece  of  this  material  (the  top  plate)  was  pressed  onto  a  larger 
(bottom)  plate  using  a  rubber  O-ring  strip,  which  made  it  possible  to 
rotate  the  top  plate  relative  to  the  bottom  plate  and  to  obtain  a 
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triangular  crack  geometry.  The  crack  sides  were  closed  by  means  of 
silicon  rubber  seals,  placed  in  slits  that  were  machined  in  Lucite  strips 
mounted  parallel  to  the  top  plate.  A  sinusoidal  movement,  derived 
from  a  small  electric  motor  coupled  to  a  reduction  gear  box  that  was 
driving  an  excentrically  mounted  wheel,  could  be  transmitted  to  the 
top  plate,  while  the  bottom  plate  was  fixed  in  a  transparent  Lucite  box. 
The  frequency  of  the  cyclic  movements  as  well  as  the  minimum  and 
maximum  opening  of  the  crack  could  be  varied. 

The  Lucite  box  was  filled  with  the  test  solution  to  a  level  just 
above  the  crack,  and  dye  was  injected  through  a  small  hole  in  the  top 
plate  at  1.2  cm  from  the  crack  mouth  while  the  crack  was  in  the 
minimum  opening  position.  The  injected  amount  of  dye  solution  was 
chosen  such  that  a  circular  patch  of  2.8-cm  diameter  was  formed. 
The  cyclic  loading  was  then  started  after  1  min.  To  facilitate  the 
observation  of  the  distances  reached  by  the  dye  at  the  moments  ot 
maximum  and  minimum  crack  opening,  the  crack  model  was  placed 
on  a  diffusely  lighted  glass  plate  with  a  measuring  scale.  Three 
different  dyes  were  injected  in  pure  water.  (1)  a  dark  blue  ink, 
Pelikan1 4001 ,  (2)  a  bright  red  negative  retouching  dye,  Neu-Coccin1 
(distributed  by  Agfa),  and  (3)  a  solution  of  KMn04.  Finally,  a 
concentrated  solution  of  NaOH  was  injected  into  an  aqueous 
suspension  of  pbenolphthalein.  The  milky  white  solution  containing 
the  pH-indicator  particles  turns  a  aright  red  as  the  pH  reaches  values 
of  more  than  8.5,  making  it  possible  to  follow  the  transport  of  OH 
ions. 

A  Quantitative  Model 
for  Flow-Enhanced  Diffusion  Transport 

In  an  infinitely  wide  triangular  crack  under  conditions  of  laminar 
flow,  a  parabolic  velocity  distribution  between  ths  crack  walls  causes 
the  solution  in  the  middle  of  the  crack,  located  at  a  distance  (L)  from 
the  tip  at  the  moment  of  minimum  crack  opening,  to  travel  up  to  within 
a  distance  (L,)  from  the  tip  at  the  moment  of  maximum  crack  opening, 
which  can  be  calculated'  by  equating  the  parabolically  shaped 
volume  (dV)  of  the  solution  (lowing  into  the  crack  over  a  distance  (dl) 
in  the  middle  of  the  crack,  at  a  distance  (I)  from  the  tip,  to  the  increase 
in  volume  of  a  triangular  crack  of  length  (I),  as  the  crack-opening 
angle  (a)  increases  by  da.  It  follows  that  fcr  a  unit  width  of  the  crack 
that  dV  =>  a  I  ( -  2/3  dl)  =  1/2 12  da,  or  dl/l  =  -3/4  da/a.  Integration 
yields  L,/L  =  (amin/amax)3M  =  R1'4,  R  being  the  ratio  d^d^, 
between  minimum  and  maximum  opening. 

If  r  =  dnwn/d,  where  d  is  the  variable  distance  between  the  walls 
and  dmn  is  the  minimum  distance  at  a  distance  (L)  from  the  tip,  the 


EiCM  Proceedings 


197 


distance  traveled  by  the  solution  in  the  middle  of  the  crack  will  be 
L(1  -  r374).  If  we  start  an  experiment  at  the  moment  of  minimal  crack 
opening  with  a  certain  dissolved  species  having  a  concentration 
gradient  (g)  in  the  length  direction  of  the  crack,  planes  of  equal 
concentration  (e.g.,  C,  and  C2  in  the  side-view  shown  in  Figure  2(a)] 
will,  at  this  moment,  be  perpendicular  to  the  plane  of  the  crack.  We 
now  define  flow  profiles  as  planes  that  initially  coincide  with  the 
planes  of  equal  concentration,  while  their  shape  and  position  follow 
the  laminar  flow  pattern  in  the  crack  under  cyclic  loading;  the  flow 
profiles  change  into  curved  planes  (which,  because  of  the  wedge 
shape  of  the  crack,  are  no  longer  parabolic  in  cross  section  for  finite 
increments  in  the  crack-opening  angle)  as  the  crack  opens  up,  and 
as  a  result  of  the  cyclic  flow  pattern,  they  will  return  their  original 
position  after  each  cycle.  The  volume  of  the  solution  between  two 
flow  profiles  will  remain  constant.  As  an  approximation,  it  will  be 
assumed  that  the  profiles  can  be  represented  by  two  flat  planes 
intersecting  at  the  calculated  distance  (L-r374)  from  the  tip  [see  side 
view  of  the  profiles  in  Figure  2(b)].  While  the  solution  is  flowing,  there 
will  be  transport  of  dissolved  particles  because  of  diffusion  in  a 
direction  perpendicular  to  the  flow  profiles  There  are  two  reasons 
why  this  diffusion  transport  is  much  more  important  than  in  a  static 
situation:  (1)  The  surface  area  of  the  profiles  is  highly  increased,  and 
(2)  the  laminar  flow  pattern  will  cause  intense  shearing  to  occur  along 
the  flow  profiles.  As  a  result,  the  concentration  gradient  in  the 
direction  perpendicular  to  the  profiles  will  be  increased.  (The  volume 
between  profiles  remaining  constant,  the  distance  between  the 
profiles  decreases.) 


Fig.  la.  Cross  section  of  the  bate  crack  model. 


Fig.  1b.  Front  view  of  the  crack. 

FIGURE  1  —(a)  Cross  section  of  the  Luclte  crack  model  and  (b) 
front  view  of  the  crack. 


FIGURE  2— (a)  Side  view  of  flow  profiles  coinciding  with  pianes 
of  equal  concentration,  Cl  and  C2,  at  the  moment  of  minimum 
crack  opening,  and  (b)  side  view  of  flow  profiles  approximated 
by  flat  planes  during  the  course  of  a  fatigue  cycle. 

Let  the  surface  area  of  the  profiles  be  increased  by  a  factor  (f). 
The  concentration  gradients  between  the  profiles  will  then  be 
increased  by  the  same  factor  (f),  and  the  total  diffusion  flux  across  the 
profiles  will  be  increased  by  a  factor  (f2). 


Since  the  crack-opening  angle  is  always  very  small,  the  surface 
area  of  the  profiles  as  drawn  in  Figure  2(b)  will  be,  per  unit  crack 
width,  approximately  equal  to  two  times  the  distance  traveled  by  the 
solution  in  the  middle  of  the  crack.  At  the  moment  of  minimum  crack 
opening,  the  surface  area  of  the  profiles  at  distance  (L)  from  the  tip 
is  equal  to  the  local  magnitude  (dmin)  of  the  crack-opening  distance. 
Using  the  geometry  shown  in  Figure  2,  the  ratio  (f)  of  the  surface 
areas  can  be  expressed  as  a  function  of  the  variable  r; 

f  =  2[L  (1  -  r3/4)]/dm,n  (1) 

The  transport  of  a  dissolved  species  during  a  cycle  will  be  increased 
by  a  factor  (F),  where  F  can  be  obtained  by  calculating  the  average 
value  of  f2  over  the  period  (T): 

T 

F  =  4(L/dmm)2  x  1/T  /  (1  -  r374)2  dt  (2) 

o 

(An  analogous  derivation  yields  a  similar  expression  for  outward 
transport  of  dissolved  species,  where  dm,n  is  replaced  by  dmax).  The 
value  of  r  in  Equation  (2)  as  a  function  of  time  depends  on  the  wave 
form  used. 

Writing 

F  =  4(L/dmin)2-I  (3) 

the  factor  I  depends  on  R  and  on  the  shape  of  the  cyclic  waves  used. 
Numerical  calculaticn  of  I  as  a  function  of  R  for  a  sine  wave,  a  linear 
saw  tooth,  and  a  square  wave  showed  I  to  be  nearly  independent  of 
the  wave  shape,  except  for  very  small  R.  For  sinusoidal  loading  and 
0.05  <  R  <  1,  a  good  approximation  is 

I  =  0.66  -  2.5R  +  3.5R2  -  1.7R3  (4) 

As  expected,  l  decreases  with  R  increasing  and  goes  asymp¬ 
totically  to  zero  as  Fl  approaches  the  value  of  1 .  An  effective  diffusion 
coefficient  can  now  be  defined  that  is  based  on  the  enhanced 
transport: 

D««  =  D'F  (5) 

D  is  the  normal  diffusion  coefficient.  It  follows  from  Equations  (3)  and 
(4)  that  the  multiplication  factor  (F)  will  usually  be  of  the  order  of 
(L/dmin)2  or  (omi„)'2  and  can  easily  attain  values  of  the  order  of  104. 

Knowing  the  value  of  D0„,  which  could  be  calculated  on  the 
basis  of  the  above  two-dimensional  model,  the  enhanced  diffusion 
transport  of  any  species  in  the  length  direction  of  a  CF  crack  under 
conditions  of  laminar  flow  can  now  be  treated  as  a  one-dimensional 
problem  in  a  static  crack.  Since  the  value  of  D0„  is  based  on 
averaging  the  diffusion  flux  over  a  whole  cycle  beginning  at  the 
moment  of  minimum  crack  opening,  the  one-dimensional  model 
where  Dol1  can  be  used  applies  to  concentration  distributions  in  the 
crack  corresponding  to  the  moments  of  minimum  crack  opening. 

In  the  special  case  of  the  present  tests,  the  model  predicts  that 
the  front  of  a  patch  or  dye  injected  in  the  crack  mouth  will  move  further 
in  the  direction  of  the  tip  after  each  cycle  over  a  distance  that  depends 
on  the  period  (T)  and  the  value  of  D0„.  The  solution  of  the  diffusion 
equations  for  an  infinite  medium  in  which  the  diffusing  species  is 
initially  concentrated  in  a  plane  is  a  one-dimensional  Gauss 
distribution:3-4 

C(x,t)  =  A(Dt)-,/2  exp  [(— x2)/4Dt]  (6) 

where  A  is  a  constant  and  x  is  the  distance  from  the  plane.  We  will 
now  make  the  assumption  that  in  the  present  tests,  after  a  few  cycles, 
the  dye  in  the  middle  of  the  crack  may  be  considered  to  be  distributed 
according  to  a  Gauss  distribution,  which  at  the  beginning  of  the  test 
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was  concentrated  in  the  plane  where  the  dye  was  injected.  Neglect¬ 
ing  the  effect  of  the  wedge  shape  of  the  crack,  the  Gauss  distribution 
expected  to  result  after  a  whole  number  of  cycles  then  has  the  form 

C(x,t)  =  A(DeK  t)-,/2  exp  t]  (7) 

The  observed  distance  traveled  by  the  dye  front  is  determined 
by  the  ability  of  the  eye  to  detect  the  presence  of  small  dye 
concentrations  in  a  thin  layer  of  the  crack  solution.  Again  neglecting 
the  wedge  shape  and  assuming  now  that  the  limiting  observable  dye 
concentration  (CJ  during  a  test  is  constant,,  it  follows  that 

CL  =  A(D0,nT)-''2  exp[(-xn2)/4Def,  nT] 

=  A(DsnmT)""1'2  exp  [(-xm2)/4De«  mTj  (8) 

where  xn  and  xm  are  the  observed  distances  traveled  by  the  dye  front 
after  n  and  m  cycles,  respectively,  and  T  is  the  period.  From  Equation 
(8),  it  follows  that  (m/n),/2  =  exp  ((x„2)/4D6!<  nT  -  (xm2/4DoH  mT],  and 

De„  =  (2T  In  m/n)->  (xn2/n  -  xm2/rn)  (9) 


Experimental  Results  and  Discussion 

A  few  typical  photographs  illustrating  the  distribution  of  the  dark 
blue  ink  during  the  course  of  a  test  at  a  frequency  of  one  cycle  per 
min,  using  a  minimum  crack  opening  of  0.67  mm  and  a  R  value  of 
0.36  at  the  place  where  the  dye  was  injected,  are  shown  in  Figure  3. 
A  rapid  transport  of  dye  towards  the  crack  tip  is  evident  from  the 
pictures,  which  show  the  distribution  of  ink  at  successive  moments  of 
minimum  and  maximum  crack  opening  during  the  first,  fourth,  and 
seventh  cycles,  respectively. 


The  effect  of  the  frequency 

The  transport  of  the  red  retouching  dye  toward  the  crack  tip 
under  the  influence  of  cyclic  loading  was  measured,  using  similar 
geometrical  test  parameters  as  mentioned  above,  for  the  frequencies 
of  0.5/min,  1/min,  and  2/min.  The  results  are  shown  in  Figure  4, 
where  the  observed  distances  (xn),  reached  by  the  dye  front  after  n 
cycles,  are  plotted  as  a  function  of  time.  The  model  presented  above 
interprets  the  transport  of  dissolved  particles  in  a  fatigue  crack  as  a 
process  of  accelerated  diffusion,  where  the  effective  value  of  the 
diffusion  coefficient  is  determined  by  geometrical  factors  and  not  by 
the  frequency  used.  The  data  indicate  that  after  2  min,  a  similar  rate 
of  transport  was  found  for  the  different  frequencies,  in  agreement  with 
the  theoretical  model. 

The  initial  transport  process  was  faster,  however,  at  higher 
frequencies.  A  factor  not  taken  into  account  in  the  present  model  is 
that  the  density  of  the  solution  in  the  crack  increases  with  the  dye 
concentration.  (Dye  flowing  out  of  the  mouth  of  the  crack  during  a  test 
appeared  to  flow  from  the  bottom,  plane  of  the  crack  and  was 
observed  to  collect  at  the  bottom  o':  the  Lucite  test  cell.)  Especially 
during  the  first  stages  of  the  vests,  when  the  dye  concentration  is 
locally  still  very  high,  the  dye  will  tend  to  collect  near  the  bottom  of  the 
crack.  While  there  is  inward  transport  by  the  laminar  flow,  there  will 
simultaneously  be  a  downward  flow  of  concentrated  dye  solution 
because  of  gravity.  Dye  particles  near  the  bottom  will  flow  back  less 
far,  the  closer  they  have  come  to  the  crack  wall.  This  may  result  in 
observed  accelerated  transport  toward  the  crack  tip,  especially 
during  the  first  cycle  at  relatively  high  frequencies,  when  the  fast 
inward  flow  carries  the  concentrated  solution  far  into  the  crack,  and 
downward  flow  may  occur  around  the  point  where  the  flow  changes 
direction,  at  the  moment  of  maximum  crack  opening.  Tests  in  salt 
solutions  of  density  equal  to  the  injected  dyes  are  planned  to  clarify 
this  point. 


The  influence  of  the  diffusion  coefficient 
The  effect  of  the  diffusivity  of  the  dissolved  species  was 
investigated  by  comparing  the  results  obtained  for  three  different 
dyes  in  a  series  of  tests  at  a  frequency  of  one  cycle  per  min  and  using 
the  same  geometrical  test  parameters  mentioned  above.  In  Figure  5, 
the  values  of  x,2  -  x„2/n  are  plotted  vs  In  n.  The  linear  part  of  the 
curves  found  after  two  cycles  may  be  used  to  calculate  D0„  using 
Equation  (9).  From  De„,  the  normal  diffusion  coefficient  (D)  can  be 
obtained  using  Equation  (5),  in  combination  with  Equations  (3)  and 
(4).  The  magnitude  of  the  factor  (F)  in  Equation  (5)  was  calculated  to 
be  12,400  in  this  case.  The  resulting  values  for  the  diffusion 
coefficients  are  5, 6.5,  and  8  x  io-6  cm2  s-1  for  the  permanganate, 
the  negative  retouching  dye,  and  the  sodium  hydroxide  solution, 
respectively.  Comparing  the  calculated  D  value  for  KMn04  of  5  x 
10-6  cm2  s-1  with  available  data  for  the  diffusion  coefficients  of 
various  anions,  such  as  nitrate  or  chloride  ions,  which  are  reported  to 
be  1.8  x  io_s  and  1.9  x  io-s  cm2s~\s  it  appears  that  the 
calculated  diffusion  coefficients  are  about  a  factor  3  to  4  lower  than 
expected.  The  diffusion  coefficient  for  NaOH  is  found  to  be  a  factor 
1 .65  higher  than  the  value  of  D  for  KMn04,  while  a  ratio  of  2.0  is  found 
between  the  average  mobilities  reported  for  the  ions  Na+  and  OH-, 
and  K+  and  Mn04“,  respectively.6  (Anions  and  cations  are  expected 
to  diffuse  together  to  maintain  charge  neutrality).  The  fair  degree  of 
correspondence  between  these  results  and  literature  data  can  be 
considered  to  support  the  basic  validity  of  the  proposed  accelerated 
diffusion  model. 


The  effect  of  the  value  of  R 

The  negative  retouching  dye  was  used  after  having  changed  the 
minimum  crack  opening  dmin,  measured  at  the  place  of  the  dye 
injection,  to  1.09  mm.  The  maximum  opening  being  2.36  mm,  it 
follows  that  R  =  0.46  and  the  factor  (F)  =  2500  in  this  case.  Figure 
6  shows  the  results  obtained  under  these  conditions  at  a  frequency 
of  one  cycle  perminandalso  shows  the  data  obtained  for  dmin  =  0.67 
mm  and  R  =  0.36,  in  which  die  value  of  F  was  calculated  to  be 
12,400.  As  expected.  D0„  is  smaller  for  the  wider  crack.  However,  the 
ratio  between  the  slopes  of  the  linear  part  in  the  curves  of  Figure  6 
is  only  1.4,  while  a  ratio  of  4.4  would  be  expected  from  the  values  of 
F.  Again,  an  explanation  could  possibly  be  associated  with  the  higher 
density  of  the  dye  solution,  which  might  affect  the  results  more 
strongly  in  a  wider  crack. 


Comparison  of  the  present  model  with  the  literature 
It  is  clear  from  the  theoretical  model,  as  well  as  from  the  above 
experimental  results,  that  for  similar  concentration  gradients,  the 
effective  value  of  the  diffusion  coefficient  (D0„)  describing  the 
diffusion  transport  of  dissolved  species  in  a  crack  during  corrosion 
fatigue  can  easily  be  four  orders  of  magnitude  larger  than  in  static 
cracks.  Taking  the  effect  of  the  electrical  field  in  a  CF  crack  into 
account  quantitatively  in  the  present  static  one-dimensional  model 
would  require  the  use  of  an  average  value  of  the  field  strength 
(dE/dx)0„  experienced  by  a  charged  particle  during  a  fatigue  cycle. 
The  transport  of  ions  under  the  combined  influence  of  an  electric  field 
and  a  concentration  gradient  can  then  be  described  by  a  modified 
form  of  the  Nernst-Planck  equation: 

J  =  -DoH  dC/dx  -DC  nF/(RT)  (dE/dx)e„  (10) 

where  F  is  Faraday’s  constant  and  n  denotes  the  valency  of  the  ions. 
Because  of  the  high  ratio  of  Dc„  over  D,  it  can  be  concluded  on  the 
basis  of  this  equation  that  the  relative  importance  ot  electromigration, 
represented  in  the  second  term  of  Equation  (10),  will  in  general  be 
much  less  in  the  case  of  CF  than  in  a  static  crack.  In  other  words,  the 
flow-enhanced  diffusion  will  result  in  strong  solution  mixing  in  the 
crack. 
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FIGURE  3— The  distribution  of  a  dye  (Pelikan  4001  ink)  at  the  moments  of  minimum  and 
maximum  crack  opening,  respectively,  during  the  first,  fourth,  and  seventh  cycles:  R  =  0.36, 
dmin  =  0.67  mm,  v  =  1/min. 


FIGURE  4— The  distances  Xn  reached  by  the  negative  retouch¬ 
ing  dye,  measured  at  the  moments  of  minimum  crack  opening, 
for  different  frequencies:  R  =  0.36,  dmIn  =  0.67  mm. 


FIGURE  6— X,2  -  X„2/n  plotted  vs  In  n  for  different  crack 
geometries:  R  =  0.36,  dm,„  =  0.67  mm,  and  R  =  0.46,  dm!n  =  1.26 
mm,  respectively;  v  =  1/min. 


FIGURE  5— X,2  -  Xn2/n  plotted  ys  In  n  for  different  dyes:  R  = 
0.36,  dmi„  =  0.67  mm,  v  =  1/min. 


The  present  results  therefore  provide  support  for  the  conclu¬ 
sions  reached  earlier,'  where  the  low  pH  value  measured  in  the 
crack-tip  solution  during  CF  of  steel  in  deaerated  seawater  under 
conditions  of  external  anodic  polarization  was  ascribed  to  acidifica¬ 
tion  of  the  solution  in  the  anodically  polarized  crack  mouth  associated 
with  the  dissolution  reaction  and  mixing  of  the  solution  in  the  crack. 
More  direct  evidence  was  provided  by  recent  unpublished  measure¬ 
ments  in  this  laboratory.  Using  the  same  experimental  crack  model 
and  similar  conditions  to  those  described  above,  a  pH  electrode  was 
placed  at  the  crack  tip  and  a  cylindrical  piece  of  pipeline  steel  was 
mounted  flush  in  the  upper  crack  wall.  The  size  of  the  steel  sample 
corresponded  to  the  size  of  the  injected  volume  of  dye  in  the  present 
tests,  and  its  location  in  the  crack  mouth  was  identical.  The  solution 
used  was  aerated  3.5%  NaCI.  The  initial  solution  pH  was  7.0.  The  pH 
measured  and  recorded  at  the  crack  tip  was  found  to  respond  to  the 
start  of  cyclic  movements  of  the  crack  walls  with  a  frequency  of  one 
cycle/min  after  about  10  min  and  then  dropped  rapidly  from  the  initial 
value  of  7  to  a  value  of  6.0.  The  corrosion  process  at  the  crack  mouth 
clearly  affected  the  crack-tip  pH  within  10  min. 

It  is  certainly  relevant  to  attempt  a  comparison  between  the 
present  model  and  the  model  as  used  by  Turnbull,  et  al.7-8  Assuming 
total  solution  mixing  in  the  crack-opening  direction  and  using 
averaged  values  foi  the  velocity  of  the  solution,  his  one-dimensional 
model  served  as  a  basis  fcr  extensive  computer  calculations 
concerning  the  electrochemistry  in  CF  cracks.  Considering  a  rela- 
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tively  simple  situation  in  which  no  reactions  are  occurring  on  the 
crack  walls  and  in  the  absence  of  the  effect  of  an  electric  field,  as  is 
the  case  in  our  experimental  crack  model,  it  is  possible  to  indicate  a 
significant  difference  between  the  approach  used  by  Turnbull  and  the 
present  analysis  regarding  the  transport  of  dissolved  species  in  the 
crack  According  to  Turnbull's  model,  the  contribution  of  diffusion  is 
accounted  for  by  the  usual  diffusion  term  (  D  dC/dx),  which  is  added 
to  the  flux  associated  with  the  solution  flow  in  the  mass  transport 
equation:  J  =  C  v  -  D  dC/dx. 

Based  on  this  equation,  the  cyclic  solution  flow  is  not  expected 
to  contribute  to  the  net  mass  transport  after  a  whole  cycle,  while  the 
diffusion  process  would  in  the  case  of  our  experiments  be  expected 
to  result  in  an  extension  of  the  patch  of  dye  at  a  rate  similar  to  what 
would  occur  in  a  static  situation.  In  other  words,  the  experimental 
results  for  the  extension  of  the  dye  front  would  be  expected  to  follow 
Equation  (6)  instead  of  Equation  (7).  The  flow-enhanced  diffusion 
effect,  which  was  experimentally  established  in  the  present  tests  and 
is  accounted  for  in  our  model  using  the  effective  value  for  the  diffusion 
coefficient  (De„)  is  not  represented  in  Turnbull’s  model.  As  a  result, 
his  computer  calculations  are  expected  to  underestimate  the  impor¬ 
tance  of  solution  mixing  in  the  length  direction  of  CF  cracks,  and  the 
actually  occurring  differences  in  the  concentrations  of  the  dissolved 
species  in  the  crack  are  expected  to  be  smaller  than  calculated. 

Conclusion 

(1)  It  has  been  shown  that  during  CF,  a  strongly  accelerated 
transport  of  dissolved  species  occurs  in  the  length  direction  of  the 
crack,  which  is  a  result  of  a  combination  of  diffusion  and  the  cyclic 
laminar  flow  of  the  crack  solution. 

(2)  The  resulting  exchange  between  the  solution  at  the  crack  tip 
and  solution  in  other  areas  of  the  crack  is  much  stronger  than 
expected  on  the  basis  of  recent  computer  calculations  based  on 
models  where  total  mixing  of  the  solution  in  the  direction  perpendic¬ 
ular  to  the  crack  walls  is  assumed.7,8 


(3)  The  rate  of  accelerated  transport  can  be  calculated  using  the 
actual  occurring  electrochemical  boundary  conditions  in  a  static 
model  and  using  an  effective  value  (De„)  for  the  diffusion  coefficient 
of  the  dissolved  species.  DeI)  can  be  calculated  according  to  Equation 
(5). 

(4)  The  present  results  support  the  conclusions  reached  earlier, 
where  the  low  pH  value  measured  in  the  crack-tip  solution  during  CF 
of  steel  in  seawater  under  conditions  of  external  anodic  polarization 
was  ascribed  to  acidification  associated  with  the  anodic  reaction  in 
the  crack  mouth.1 
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Hydrogen  Entry  and  Trapping  in  High-Strength  Alloys 

B.G.  Pound * 

Abstract 

Hydrogen  ingress  in  three  high-strength  alloys  [type  4340  (UNS  G43400)  steel.  Monel1  K-500  (UNS 
N05500),  and  MP35N*  (UNS  R30035)]  was  studied  to  obtain  some  insight  into  the  differing  resistances 
of  these  alloys  to  hydrogen  embrittlement,  A  potentiostatic  double-pulse  technique  was  used  to  obtain 
current  transient  data  for  the  alloys  in  1  M  HAc/1  M  NaAc  (Ac  =  acetate)  with  15  ppm  Asa03.  The  data 
were  analyzed  using  a  diffusion/trapping  model,  and  in  all  cases  the  rate  of  hydrogen  ingress  was  shown 
to  be  controlled  by  the  interfacial  flux.  Values  of  the  apparent  trapping  constant  (k„)  and  the  ingress  flux 
were  obtained  and  used  to  calculate  the  trapped  charge  (qT)  from  which  the  ingress  charge  (q,„)  was 
evaluated.  The  value  of  qT/q,„  increases  with  charging  time  and  potential,  whereas  the  ratio  of  q,n  to  the 
cathodic  charge  is  constant.  The  irreversible  trapping  constant  (k)  was  also  evaluated  from  ka  and  was 
used  to  determine  the  density  of  irreversible  traps  for  each  alloy. 


introduction 

The  ingress  of  hydrogen  into  high-strength  steels  can  lead  to  failure 
of  these  materials,  whereas  certain  nickel-base  alloys  exhibit  a  much 
higher  resistance  to  hydrogen  embrittlement  (HE).  In  this  study,  a 
potentiostatic  double-pulse  (PDP)  technique  was  applied  to  a  high- 
strength  steel  [type  4340  (UNS  G43400)]  and  two  nickel-base  alloys 
[MP35N  (UNS  R30035)  and  Monel  K-500  (UNS  N05500)]  to  inves¬ 
tigate  their  hydrogen  ingress  and  trapping  characteristics  and  thereby 
assist  in  understanding  the  differing  susceptibilities  of  these  alloys  to 
HE.  The  principal  objectives  were  to  determine  the  following-  (1)  the 
rate-determining  step  for  hydrogen  ingress,  (2)  the  irreversible 
trapping  characteristics  in  terms  of  rate  constants  and  density  of 
traps,  and  (3)  the  relationships  between  hydrogen  entering  the  metal, 
hydrogen  formed  on  the  metal  surface,  and  trapped  hydrogen. 

The  PDP  technique  is  applied  to  a  section  of  bulk  metal  charged 
with  hydrogen  at  a  constant  potential  (Ec)  for  a  lime  (tc),  typically  in 
the  range  0.5  to  40  s.1'3  The  potential  is  then  stepped  to  a  more 
positive  value  (EA)  [5  to  10  mV  negative  to  the  open-circuit  potential 
(E^)],  resulting  in  an  anodic  current  transient  with  a  charge  q„ 
because  of  H-atom  reoxidation  at  the  same  surface. 

The  data  are  analyzed  using  a  model  for  the  diffusion  and 
trapping  of  hydrogen  atoms  in  metals.’ 2  The  effect  of  trapping  on  the 
diffusion  of  hydrogen  is  taken  into  account  by  modifying  Fick’s 
second  law  of  diffusion  to  include  a  trapping  term  (ksc): 

dc/dt  +  kac  =  Da(d2c/dx2)  (1) 

where  ka  is  an  apparent  trapping  constant  measured  for  irreversible 
traps  in  the  presence  of  reversible  traps  and  is  given  by  k/(1  +  K,); 
D„  is  an  apparent  diffusion  coefficient  given  by  DJ(1  +  K,);  DL  is  the 
lattice  diffusivity  of  hydrogen,  k  is  the  irreversible  trapping  constant; 
and  K,  is  an  equilibrium  constant  for  reversible  traps. 

Equation  (1)  has  been  solved  analytically  for  two  cases-  (1) 
diffusion  control  in  which  the  rate  of  hydrogon  ingress  is  controlled  by 
diffusion  in  the  bulk  metal,  and  (2)  interface  control  in  which  the  rate 
of  ingress  is  controlled  by  the  flux  across  the  interface.’  Thus,  the 
PDP  technique  and  associated  model  can  be  used  to  determine 
whether  hydrogen  mgressoccurs  under  interface  or  diffusion  control. 
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In  most  cases,  the  interface  control  model  is  valid,  so  the  trapping 
constant,  the  interfacial  flux,  and  the  amount  of  hydrogen  irreversibly 
trapped  can  be  obtained. 

The  analysis  of  the  anodic  current  transients  for  the  type  4340 
steel  and  two  nickel  alloys  has  been  reported  elsewhere.3  The 
diffusion-control  model  was  not  valid  for  any  of  the  three  alloys,  but 
the  data  could  be  analyzed  in  terms  of  the  interface  control  model  to 
give  the  interfacial  flux  and  apparent  trapping  constant  for  each  alloy. 
In  this  paper,  the  hydrogen  entry  and  trapping  characteristics  of  these 
alloys  are  examined  in  terms  of  the  hydrogen  entering  the  metal 
compared  to  the  total  hydrogen  generated  during  cathodic  charging 
and  the  hydrogen  that  is  trapped. 


Experimental  Procedure 

Details  of  the  alloys,  electrochemical  cell,  and  instrumentation 
have  been  given  previously.3  Briefly,  the  type  4340  steel  was  heat 
treated  to  Rockwell  C  hardness  (HRC)  values  of  41  and  53, 
corresponding  to  yield  strengths  of  1206  and  1792  MPa  (175  and  260 
ksi),  respectively.  The  heat  treatments  for  the  steel  were  as  follows: 
austenitized  at  830°C  (HRC  41)  or  850°C  (HRC  53)  for  45  min,  oil 
quenched,  tempered  at  450°C  for  60  min  (HRC  41)  or  180°C  for  80 
min  (HRC  53),  and  water  quenched. 

The  Monel  K-500  (65%Ni-30%Cu)  was  used  both  in  the 
as-received  (AR)  condition  [HRC  26,  yield  strength  ~758  MPa  (110 
ksi)]  and  age-hardened  condition  [HRC  35,  yield  strength  -1096 
MPa  (159  ksi)]-  The  aging  was  performed  by  heating  for  8  h  at  600°C 
and  then  cooling  to  480°C  at  a  rate  of  1 1%.  MP35N  is  a  quaternary 
alloy  with  a  nominal  composition  (wt%)  of  35Ni-35Co-20Cr-10Mo 
The  alloy  was  used  in  the  AR  condition  (cold-drawn  and  aged  by 
heating  at  590’C  for  4  h  and  then  air  cooled)  with  a  hardness  and 
yield  strength  of  HRC  45  and  1854  MPa  (269  ksi),  respectively 

The  electrolyte  was  a  deaerated  acetate  buffer  (1  mol  L~’  acetic 
acld/1  mol  L"  ’  sodium  acetate,  pH  4.8)  containing  15  ppm  As203  as 
a  hydrogen-entry  promoter.  The  measurements  were  performed  at 
22  ±  2°C.  All  potentials  are  given  with  respect  to  a  saturated  calomel 
electrode  (SCE).  The  time  of  data  acquisition  (tj  for  the  anodic 
transient  was  made  equal  to  that  for  the  cathodic  transient  (ty). 
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Results 

Method  of  analysis 

The  anodic  current  transients  for  all  three  alloys,  as  noted 
above,  could  be  analyzed  in  terms  of  the  interface  control  model. 
According  to  this  model,  the  total  charge  passed  out  is  given  in 
nondimensional  form  by  the  following:' 

Q-  (oo)  =  VR{1  -  e-R/V(nR)  -  [1  -  1/(2R)]erf\/R}  (2) 

The  nondimensional  terms  are  defined  by  Q’{“)  = 
and  R  =  katc,  where  F  is  Faraday’s  constant,  J  is  the  ingress  flux,  and 
q’(»)  is  the  anodic  charge  corresponding  to  ta  =  «.  The  charge  q’(<») 
is  equated  to  qa  obtained  by  integration  of  the  current  transients.3  For 
the  model  to  be  applicable,  it  must  be  possible  to  determine  a 
trapping  constant  for  which  the  ingress  flux  is  constant  over  the  range 
of  charging  times.  The  values  of  the  trapping  constant  and  flux  can 
be  used  to  calculate  the  irreversibly  trapped  charge  given  nondimen- 
sionally  by 

Qt  =  [VR  -  1/(2VR)]erfVR  +  e"R/  Vir  (3) 

The  dimensionalized  trapped  charge  (q,-)  is  given  by  QTFJV,(tc/ka). 

The  adsorbed  charge  (qads)  was  negligible  for  all  three  alloys;3 
thus,  qa  was  assumed  to  be  associated  entirely  with  absorbed 
hydrogen.  Values  of  ka,  K(,  and  k  for  each  alloy  are  given  in  Table  1 . 
The  values  of  k  for  the  steel  and  Monel  were  obtained  from  ka  by 
using  hydrogen  diffusivity  data  to  evaluate  Kr. 


TABLE  1 

Values  of  ka,  Kn  and  k 


Alloy 

k.  (s"1) 

K, 

k  (s-') 

Type  4340  steel 

0.008 

500 

4 

Monel  K500 

0.020 

1 

0.040 

MP35N 

0.026 

n<A> 

0.026 

<A>n  =  Not  available;  k  was  approximated  to  ka. 


Type  4340  steel 

The  value  of  ka  is  essentially  independent  of  potential  and  is  the 
same  for  the  two  heat-treated  specimens.  In  contrast,  the  flux  exhibits 
an  exponential  dependence  on  overpotential  |t|  =  (Ec  -  E^)]  as 
shown  in  Figure  1 .  The  closeness  in  the  slopes  (m)  suggests  that  the 
rate  constant  for  the  flux  is  determined  primarily  by  electrochemical 
characteristics  and  not  by  alloy  microstructure. 

The  trapping  constant  (k)  can  be  related  to  the  irreversible  trap 
density  (N()  on  the  basis  of  a  simple  model  involving  spherical  traps 
of  radius  (d):2 

k  =  47id3N,Dc/a  (4) 

whore  a  is  the  diameter  of  the  metal  atom.  In  the  case  of  the  steel, 
it  has  been  found  that  if  the  irreversible  traps  are  assumed  to  be  MnS 
inclusions,  the  density  of  traps  is  2  *  108  m  3.3  This  value  is  in 
reasonable  agreement  with  the  actual  number  of  inclusions,  2  109 

m  3,  but  is  at  least  seven  orders  of  magnitude  smaller  than  the 
number  of  other  possible  irreversible  traps  such  as  Fe3C  and  TiC 
interfaces. 

The  dimensionalized  trapped  charge  (qT)  for  type  4340  steel 
^HRC  53)  was  calculated  using  Equation  (3),  and  the  charge 
associated  with  the  entry  of  hydrogen  into  the  metal  (qj  was 


determined  from  the  sum  of  qT  and  qa.  The  data  for  qin,  qT,  and  the 
cathodic  charge  (qc)  were  then  used  to  obtain  two  ratios:  (1)  qT/qin, 
corresponding  to  the  fraction  of  absorbed  hydrogen  that  was  trapped; 
and  (2)  qin/qc,  representing  the  fraction  of  charge  associated  with 
hydrogen  entry  during  the  charging  step. 


FIGURE  1— Dependence  of  flux  on  overpotential  for  type  4340 
(UNS  G43400)  steel  in  acetate  buffer. 


tc(s) 


FIGURE  2— Dependence  of  Ingress  charge  on  charging  time  for 
type  4340  (UNS  G43400)  steel  (HRC  53),  Monel  K-500  AR  (UNS 
N05500),  and  MP35N  (UNS  R30035)  in  acetate  butter.  Ec  (SCE)  = 
'0.985  V  for  steel;  -0.905  V  for  Monel;  -0.425  V  for  MP35N. 

The  dependence  of  q,a  on  tc  for  the  steel  charged  at  Ec  - 
-0.985  V  is  shown  in  Figure  2.  As  expected,  q,„  varies  linearly  with 
The  slope  (FJ)  is  25.3  pC  cm”2  s"\  which  corresponds  to  the 
same  value  of  J  (0,26  nmol  cm"2  s'  ’)  used  to  calculate  qT  via 
Equation  (3), 

The  ratio  qT,q,„  has  a  small  potential  dependence  and  increases 
with  tc  from  between  1  and  2%  at  0.5  s  to  between  35  and  42%  at  40 
s  for  Ec  -  0.935  to  1 .035  V.  The  increase  with  tc  shows  that  the 
proportion  of  hydrogen  being  trapped  increases  with  the  amount  of 
hydrogen  entering  the  metal.  A  change  in  qT,q,n  with  tc  is  predictable 
in  view  of  the  differing  dependence  of  qT  and  q(n  on  tc,  whereas  q,„ 
depends  linearly  on  tj,  the  relationship  between  qr  and  t<,  is  more 
complex  [see  Equation  (3)].  Despite  the  complex  variation  of  q,  with 
•e.  Qt/Qui  is  found  empirically  to  have  an  approximately  linear 
dependence  on  Vt,.,  as  shown  in  Figure  3. 
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FIGURE  3— Dependence  of  trapped  charge/ingress  charge  on 
charging  time  for  type  4340  (UNS  G43400)  steel  (HRC  53)  in 
acetate  buffer. 

The  ratio  qir/qc  is  independent  of  potential  and  tci  except  at  very 
short  charging  times  (Figure  4).  The  invariance  of  q,„/qc  with  potential 
implies  that  q,n  and  qc  share  a  similar  potential  dependence.  The  fact 
that  this  ratio  lies  between  0.02  and  0.03  (t,.  >  1  s)  indicates  that  only 
about  2  to  3%  of  the  hydrogen  atoms  formed  during  charging  enter 
the  metal. 


Monel  at  high  overpotentials  suggests  that  the  higher  interfacial 
fluxes  for  the  steel  compared  with  those  for  the  Monel  are  associated 
with  faster  kinetics  for  H+  reduction,  rather  than  a  higher  rate 
constant  for  the  entry  of  adsorbed  H  into  the  metal. 
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FIGURE  4— Dependence  of  ingress  charge/cathodic  charge  on 
charging  time  for  type  4340  (UNS  G43400)  steel  (HRC  53),  Monel 
K-500  AR  (UNS  N05500),  and  MP35N  (UNS  R30035)  In  acetate 
buffer.  Potentials  as  given  for  Figure  2. 
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Monel  K-500  and  MP35N 

The  reduction  of  H+  and  the  entry  of  hydrogen  into  these  two 
alloys  occurs  on  an  oxide-covered  surface,  even  up  to  relatively  high 
overpotentials,  and  the  film  results  in  lower  values  of  J  than  those  for 
the  steel  As  with  the  steel,  ka  is  essentially  independent  of  Ec,  and 
J  increases  with  Ec  The  irreversible  trap  density  was  also  determined 
for  the  Monel  and  MP35N  using  the  simple  model  relating  k  and  N,.3 
The  primary  irreversible  traps  were  assumed  to  be  sulfur  in  the  Monel 
and  sulfur  and  phosphorus  in  MP35N.  The  values  of  N,  were  found 
to  be  2  6  x  102'  m~3  for  the  Monel  and  8.2  x  102’  m"3  for  MP35N, 
whereas  the  actual  S  and  P  concentrations  were  1 .6  x  1  o24  S  atoms 
m"3  in  the  Monel  and  8.1  x  1024  S  and  P  atoms  m"3  in  MP35N. 

The  difference  between  the  experimental  and  expected  values 
of  N(  was  thought  to  result  primarily  from  sulfur  and  phosphorus 
segregated  at  grain  boundaries  as  clusters  either  in  the  elemental 
form  or  combined  with  metal  components  of  the  alloys.  It  is  assumed 
that  only  the  exposed  outer  atoms  of  the  clusters  would  be  available 
as  H  traps;  the  atoms  under  the  exposed  layer  would  bo  inaccessible 
to  diffusing  hydrogen,  so  that  the  effective  trap  density  is  much  lower 
than  the  total  number  ot  S  and  P  atoms. 

Values  of  qT,  q,n,  and  the  charge  ratios  were  obtained  also  for 
the  Monel  and  MP35N.  The  ingress  charge  for  both  alloys  again 
conforms  to  the  predicted  linear  dependence  on  ^  (Figure  2).  The 
slopes  of  the  q,^  plot  for  the  Monel  (Ee  =  -0.905  V)  and  MP35N 
(Ec  =  -0.425  V)  are  19.4  and  4.5  pC  cm"2  s"\  corresponding  to 
fluxes  of  0.20  and  0.047  nmol  cm ' 2  s ' ' ,  respectively.  These  values 
of  J  were  the  same  as  those  used  to  calculate  qr  via  Equation  (3). 

As  with  the  steel,  qT/q,„  increases  with  tc  and  qin/qc  is  essentially 
constant.  In  the  case  of  the  Monel,  q^/qc  decreases  linearly  with 
increasing  overpotential  from  a  mean  value  of  0.13  at  Ec  =  -0.755 
V  to  0.03  at  Ec  =  -0.905  V.  The  values  of  q„/qc  (0.02  to  0.03)  over 
the  range  2  to  40  s  at  -0.905  V  are  similar  to  those  for  the  steel,  as 
shown  in  Figure  4.  The  ratio  of  q„  to  qc  for  MP35N  also  depends  to 
some  extent  on  Ec,  but  its  values  are  up  to  an  order  of  magnitude 
higher  than  those  for  the  steel  and  Monel,  suggesting  that  transfer  of 
adsorbed  hydrogen  into  MP35N  is  facilitated,  possibly  at  grain 
boundaries.  The  similarity  in  the  values  of  qin/qc  for  the  steel  and 


Conclusion 

The  charge  ratios  showed  the  following  characteristics  for 
hydrogen  ingress  on  the  basis  of  the  interface  control  model: 

(1)  The  proportion  of  hydrogen  being  trapped  increases  with  the 
amount  of  hydrogen  entering  the  metal. 

(2)  The  more  rapid  increase  in  trapped  hydrogen  compared  with 
absorbed  hydrogen  probably  reflects  the  increasing  number  of  trap 
sites  available  to  the  diffusing  hydrogen  with  charging  time. 

(3)  Only  about  2  to  3%  of  hydrogen  atoms  formed  during 
charging  enter  type  4340  steel,  whereas  the  fraction  of  hydrogen 
entering  Monel  K-500  and  particularly  MP35N  can  be  considerably 
higher,  depending  on  the  charging  potential. 

(4)  The  higher  interfacial  fluxes  for  the  steel  result  from  a 
higher  coverage  of  adsorbed  hydrogen  rather  than  a  higher  rate 
constant  for  hydrogen  entry. 

(5)  Hydrogen  entry  into  MP35N  appears  to  be  facilitated, 
perhaps  at  grain  boundaries,  but  the  amount  of  hydrogen  absorbed 
is  restricted  by  the  low  interfacial  flux  for  this  alloy. 
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Anodic  Dissolution  and  Hydrogen  Embrittlement 
During  Mechanical  Depassivation 
of  the  Ferritic  Phase 
of  a  Duplex  Stainless  Steel 
in  Chloride  Solution  Containing  H2S 

R.  Oltra*  and  A.  Desestret ** 


Abstract 

This  study  has  been  conducted  to  further  the  understanding  of  the  role  of  H2S  in  the  cracking  process 
of  duplex  stainless  steels  in  acidic  chloride  solutions  bearing  H2S.  Cracking  is  controlled  mostly  by  the 
mechanical  depassivation  and  cracking  of  ferrite,  while  H2S  can  exert  a  significant  influence  upon  the 
electrochemical  processes,  i.e.,  anodic  dissolution  and  cathodic  hydrogen  discharge,  which  depend 
upon  the  surface  film.  A  depassivation  technique  has  been  coupled  with  a  hydrogen  permeation  cell 
instrumented  with  alternating  current  impedance  measurements  to  follow  simultaneously  the  effect  of 
the  mechanical  depassivaiion  on  the  anodic  dissolution,  and  on  the  hydrogen  discharge  and  entry  on 
a  ferritic  alloy  of  the  same  composition  as  that  Of  the  ferrite  phase  of  duplex  stainless  steels.  This  shows 
that  both  processes  can  be  operative  in  the  cracking  of  that  steel,  their  relative  importance  depending 
upon  the  electrochemical  conditions  determined  by  H2S.  To  improve  the  resistance  to  cracking  of  these 
steels,  the  sensitivity  of  ferrite  must  be  considered  to  design  the  duplex  alloy  properly,  balancing  its 
composition  to  obtain  the  right  amount  of  ferrite,  and  reducing  the  detrimental  influence  this  phase  may 
have  after  improper  processing. 


Introduction 

Previous  studies  have  shown  that  stress  corrosion  cracking  (SCC) 
properties  of  duplex  stainless  steels  (DSS)  are  related  to  complex 
electrochemical  and  mechanical  interactions  between  the  two  phases, 
austenite  and  ferrite.’  Regarding  mechanical  interaction,  it  was 
assumed  that  austenite  can  “protect"  ferrite  from  straining  and 
exerting  mechanical  protection  because  of  its  lower  yield  strength.  It 
was  indeed  shown  that,  at  low  stresses,  ferrite  is  not  significantly 
strained,  while  austenite  is  plastically  deformed.'-3  When  stress 
increases,  ferrite  can  undergo  depassivation  either  by  discrete 
mechanical  twinnings  or  by  continuous  slip,  depending  upon  the 
composition  and/or  the  previous  metallurgical  "history"  of  the  duplex 
alloy.2-3 

The  better  resistance  of  the  DSS  was  then  explained  by 
considering  not  only  this  mechanical  interaction  between  the  two 
phases,  but  also  the  fact  that  ferrite  was  observed  to  be  “anodic"  in 
regard  to  austenite,  at  least  in  the  environment  investigated,  i.e.,  a 
concentrated  boiling  solution  of  MgCI2.  This  electrochemical  coupling 
would  thus  prevent  the  attack  of  the  slip  steps,  which  can  preferen¬ 
tially  form  at  low  stresses  in  austenite.  When  the  stress  applied  to  the 
DSS  reaches  the  critical  value  for  straining  ferrite,  the  latter  phase  is 
locally  depassivated  and  crack  initiation  occurs  during  this  phase  or 
at  the  alpha-gamma  interface.’  These  studies  highlighted  clearly  the 
important  role  of  tho  depassivation  of  the  ferrite  phase  in  the  cracking 
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processes  of  the  DSSs,  and  these  processes  could  be  operative  in 
different  corrosive  environments. 

Consequently,  it  appeared  of  great  interest  to  study  further  the 
peculiar  influence  of  H2S  upon  the  "electrochemical  coupling"  that 
may  occur  during  mechanical  depassivation  of  the  two  phases  in  the 
DSS.  The  electrochemical  situation  of  the  bare  metal,  especially  that 
of  the  ferrite  phase,  has  been  investigated  because  it  was  observed 
to  be  the  controlling  step  in  the  cracking  mechanism. 

To  investigate  the  role  of  H2S,  experiments  were  conducted  to 
determine  the  factors  controlling  the  balance  between  anodic  disso¬ 
lution  and  hydrogen  discharge  and  entry.  The  effect  of  mechanical 
depassivation  on  the  electrochemical  behavior  of  the  ferrite  phase 
was  studied  in  the  presence  of  H2S.  In  the  case  of  low-alloy,  high- 
strength  steels,  it  has  been  shown  that  hydrogen  discharge  and 
permeation  into  the  metal  were  dependent  both  on  the  existence  of 
a  surface  film  and  the  presence  of  H2S  in  the  solution.4  The  aim  of 
this  paper  was  to  determine  whether  similar  processes  could  occur 
on  DSS,  the  passive  film  of  which  is  much  more  protective. 


Experimental 


Materials 

Austenitic  (AISI  31 6L)  stainless  steel  (SS),  austenitic-ferritic 
(duplex)  SS  (Cr  22%,  Ni  6.1%,  Mo  3%,  Cu  1.5%),  and  laboratory 
alloys  corresponding  to  the  chemical  composition  of  the  ferrite 
phases  of  the  DSS  have  been  tested  (Cr  25.2%,  Ni  6 1%,  Mo  3  5%, 
Cu  1.5%). 
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Techniques 

Tensile  test  experiments  were  conducted  on  smooth  tensile 
specimens  at  elongation  rates  in  the  range  10~3  to  70“6  s7. 
Current-potential,  potentiokmetic  curves  were  plotted  in  acidic  chlo- 
nde  solutions  that  did  or  did  not  contain  H2S.  most  of  these  tests  were 
performed  at  slow  scanning  rates,  e.g.,  -300  mVh  ',  from  -1  VSCE. 

A  depassivation  technique  has  been  coupled  with  a  hydrogen 
permeation  cell  with  AC  impedance  measurements  to  follow  anodic 
dissolution  and  in  situ  changes  in  the  nature  of  the  surface  films  while 
these  are  continuously  mechanically  damaged  (Figure  1).  This 
device  has  been  derived  from  an  apparatus  used  for  repassivation 
studies5  or  hydrogen  permeation  tests.6 


FIGURE  1  —Schematic  representation  of  the  depassivated  hy¬ 
drogen-permeation-membrane  electrode. 


Electrolytes 

Tests  were  conducted  in  different  solutions  based  on  the  NACE 
Standard  TM01 77-86  ('Testing  of  Metals  for  Resistance  to  Sulfide 
Stress  Cracking  at  Ambient  Temperatures”)  test  solution:  (1)  Solu¬ 
tion  A-  the  solution  indicated  in  NACE  Standard  TM0177-86,  NaCI 
5%  +  CH3COOH  0.5%,  pH  =  2.712.8,  H2S  =  1  atmosphere,  at 
25°C,  and  (2)  Solution  B:  the  same  solution  as  in  A,  but  without  H2S, 
into  which  argon  was  instead  bubbled  continuously  for  deaerating  to 
suppress  the  cathodic  reduction  of  oxygen.  Changes  of  electrolyte 
from  Solution  B  to  Solution  A  were  made  to  investigate  the  role  of  H2S 
upon  the  electrochemical  behavior  of  the  steels. 


Results 

Influence  of  HZS  upon  the  electrochemical  coupling 
between  austenite  and  ferrite 
Considering  the  difference  in  the  chemical  composition  of  the 
two  phases,  an  electrochemical  coupling  effect  has  been  put  forward 
to  explain  the  better  resistance  of  DSS  in  many  corrosive 
environments.1'3-7 

In  the  peculiar  conditions  to  which  NACE  Standard  TM01 77-86 
exposes  SSs,  the  general  concept  of  electrochemical  coupling  must, 
however,  be  investigated  more  precisely,  particularly  with  regard  to 
the  behavior  of  the  ferrite  phase.  On  homogeneous  materials,  the  two 
electrochemical  half-reactions,  cathodic  discharge  of  hydrogen  and 
anodic  dissolution,  are  conjugate  and  occur  simultaneously  over  the 
entire  surface.  On  DSS,  in  passive  conditions,  anodic  dissolution 
and/or  cathodic  discharge  and  entry  of  hydrogen  proceed  only  at  very 
slow  fates.  On  the  depassivated  steel,  both  processes  can  be 
simultaneously  active,  but  at  varying  rates  on  ferrite  and  austenite, 


depending  upon  the  “free”  corrosion  potential,  because  of  the 
different  compositions  and  electrochemical  properties  of  each  (Figure 
2).  If  mechanical  depassivation  occurs  on  one  or  the  other,  or  both, 
phases,  the  situation  can  become  variable  and  complicated,  this 
could  explain  the  difficulties  encountered  in  investigating  the  cracking 
process  of  DSS  in  different  environments  in  assigning  it  clearly  either 
to  hydrogen  embrittlement  or  to  localized  dissolution  along  active 


FIGURE  2— Polarization  curves  in  Solution  A. 

Electrochemical  and  surface  analysis  were  thus  conducted  on 
the  separate  phases  and  on  DSS  to  try  and  clarify  the  influence  of 
HaS  on  the  electrochemical  interaction  between  the  two  phases  and 
the  mechanism  that  sets  the  potential  of  the  DSS. 

In  Solution  B,  the  potential  of  the  DSS  is  set  by  the  electro¬ 
chemical  reactions  occurring  on  the  austenitic  phase  in  the  range  of 
its  pitting  potential,  whereas  presence  of  H2S  (Solution  A)  holds  the 
electrochemical  couple  between  the  two  phases  in  the  range  of 
potential  -600  to  -450  mV  vs  SCE. 

In  Solution  A,  anodic  dissolution  leads  to  the  formation  of  a 
protective  film  of  metallic  sulfides,  which  will  be  shown  to  cause  a 
decrease  of  the  dissolution  rate  and  of  the  entry  of  hydrogen.  Surface 
analysis  did  not  clearly  bring  to  light  any  differences  in  the  chemical 
composition  of  these  films  depending  upon  the  nature  of  the  metallic 
phase.7  However,  in  the  case  of  DSS,  the  formation  of  the  film  on 
either  phase  is  dependent  on  the  corrosion  potential.  Unfortunately, 
only  few  investigations  with  high-resolution  surface  analysis  have 
been  attempted  to  characterize  the  protective  films  on  duplex  steels.8 

Role  of  HZS  during  mechanical  depassivation 

Tensile  tests  were  conducted  on  ferritic  specimens  that  were 
simultaneously  exposed  to  electrochemical  and  chemical  conditions 
similar  to  those  obtained  during  SCC  in  order  to  investigate  the  role 
of  H2S  in  promoting  either  hydrogen  embrittlement  or  anodic 
dissolution. 

Precharging  experiment.  In  "free"  corrosion  conditions  in  the 
NACE  solution,  if  the  passive  test-piece  is  not  stressed,  the  potential 
falls  down  to  about  500  mV  vs  SCE,  at  which  potential  hydrogen  is 
discharged.  Having  been  so  exposed  for  24  h,  the  specimen  was 
removed  from  the  electrolyte  and  strained  in  air  at  10  3  s  ’.  The 
mechanical  behavior  of  the  ferrite  specimen  is  typically  ductile, 
without  any  evidence  of  any  effect  of  the  hydrogen  precharging 
during  the  24-h  immersion  in  the  NACE  solution. 
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Introduction  of  H2S.  In  the  course  of  plastic  deformation  in 
Solution  B,  that  solution  was  replaced  by  Solution  A.  Whatever  the 
mode  of  deformation,  twinning  or  slip,  the  first  event  observed  was  an 
electrochemical  one,  i.e.,  exactly  coincident  with  the  introduction  of 
H2S,  and  before  the  drop  in  stress,  a  fall  of  the  electrochemical 
potential  occurred  from  about  -200  mV  down  to  -500  or  -600  mV 
vs  SCE  (Figure  3).  From  this  experiment,  it  can  be  concluded  that  the 
influence  of  H2S  on  cracking  is  closely  related  to  the  electrochemical 
potential  it  imposes. 


FIGURE  3-Tensile  test  on  the  ferrite  phase  with  a  change  of 
solution  during  straining,  strain  rate  =  10~®  s'1.  Stress  (MPa) 
and  potential  (SCE)  variations  vs  time. 

Role  of  the  potential.  The  same  test  was  conducted  through¬ 
out  in  Solution  B,  but  the  change  in  potential  was  controlled  by  a 
potentiostat  (Figure  4).  Comparing  times-to-failure  between  both 
tests  after  the  potential  reached  the  range  of  -500  mVsce  clearly 
demonstrates  that  failure  either  in  Solution  A  or  B  results  from 
hydrogen  embrittlement  of  the  specimen  and  that  the  presence  of 
H2S  (Figure  3)  decreases  the  time-to-failure.  Nevertheless,  in  the 
light  of  these  results  alone,  it  cannot  be  concluded  that  this 
enhancement  is  related  only  to  an  increase  of  the  hydrogen  entry  in 
presence  of  H2S,  as  an  important  effect  on  the  anodic  dissolution 
cannot  be  ruled  out  in  the  domain  of  potential  involved.  In  comparison 
with  the  first  “precharging”  experiment,  this  result  shows  that  H2S 
can  readily  exert  an  important  influence  only  on  a  depassivated 
surface.  This  highlights  the  difficulty  of  understanding  clearly  the 
stress  corrosion  cracking  processes  occurring  on  strongly  passive 
materials  in  presence  of  H2S,  contrary  to  what  obtains  on  low-alloy 
steels,  upon  which  surface  films  are  much  less  protective,  are  more 
easily  dissolved  and  reform  much  less  rapidly,  and  are  therefore  less 
important  to  determine  the  behavior.4 


FIGURE  4— Tensile  test  on  the  ferrite  phase  with  a  change  of 
potential  during  straining  In  Solution  B.  Stress  (MPa),  Imposed 
potentials  (SCE),  and  current  (microamps)  variations  vs  time. 


Hydrogen  permeation  measurements 
on  a  depassivated  surface 
The  protective  role  of  passive  films  formed  in  the  absence  of 
H2S  (Solution  B)  and  also  of  metallic  sulfide  films  resulting  from 
sulfidation  of  either  austenite  or  ferrite  has  been  shown  to  control  the 
effect  of  H2S  in  the-cracking  of  DSS.  The  straining  experiments 
described  above  do  provide  evidence  for  the  sensitivity  of  ferrite  to 
hydrogen  without  clearly  demonstrating  the  role  of  H2S.  The  main 
question  to  be  answered  now  is  relative  to  the  effect  of  H2S  on  the 
depassivated  metal,  on  anodic  dissolution  or  hydrogen  entry. 

At  the  corrosion  potential.  Using  the  permeation  cell  with  a 
depassivated  membrane  (Figure  1),  it  has  been  possible  to  simulate 
the  electrochemical  changes  resulting  from  the  introduction  of  H2S 
that  was  observed  on  a  straining  electrode  (Figure  3).  Typical 
permeation  current  transients  can  be  recorded  simultaneously  with 
the  changes  of  the  potential  induced  by  abrasion  (Figure  5). 
Considering  the  breakthrough  time9  and  the  peak  current  transient  it 
is  found  that  the  hydrogen  permeation  rate  increases  following 
mechanical  depassivation,  although  the  duration  of  the  mechanical 
depassivation  is  limited. 


FIGURE  5— Effect  of  mechanical  depassivation  on  the  electro¬ 
chemical  behavior  of  the  ferrite  phase.  Potential  (SCE)  and 
permeation  current  (nA)  vs  time  after  abrasion  (1  mm)  (Solution 
A). 

In  potentlostatic  conditions.  In  addition,  abrasion  experi¬ 
ments  have  been  conducted  while  maintaining  the  potential  at  a 
value  relevant  to  the  corrosion  potential  of  ferrite  in  the  NACE 
solution,  i.e.,  around  -600  mV  vs  SCE.  But,  before  the  depassivation 
experiments,  the  surface  "oxide”  layer  was  previously  reduced  at  low 
potential,  i.e.,  -1200  mVSCE,  in  Solution  B,  and  then  a  sulfide  film 
was  formed  at  the  open-circuit  potential  in  Solution  A.  As  the  main 
purpose  of  the  experiment  was  to  study  the  permeation  transient 
during  abrasion,  the  depassivation  experiment  was  conducted  after 
an  immersion  of  about  24  h  to  obtain  as  low  a  residual  permeation 
current  as  possible.  To  that  aim,  the  specimen  potential  was 
maintained  at  -300  mVsce,  at  which  potential  impedance  measure¬ 
ments  showed  that  the  sulfide  film  is  not  destroyed  (Figure  2).  The 
imposed  change  of  the  potential  during  the  test,  with  or  without 
abrasion,  consisted  in  a  potential  step  to  -650  mVSCE  during  5  min, 
followed  by  a  potential  scan  at  high  rate  (1  V  per  h)  to  -300  mVSCE. 
This  test  allows  simultaneously  measurement  of  the  polarizing 
current  (anodic  or  cathodic)  on  the  corroding  surface  and  the 
permeation  current  on  the  other  face.  The  results  are  summarized  in 
Figures  6  and  7.  First,  the  anodic  current  transients  observed  during 
abrasion  seem  to  be  related  to  the  discontinuous  scratches  on  the 
filmed  surface;  they  contrast  with  the  lower  constant  cathodic  current 
observed  in  the  absence  of  abrasion.  Following  well-known  data,  it 
can  be  assumed  that  H2S  increases  the  rate  of  dissolution  of  the 
depassivated  surface  (Figure  6).  On  the  other  hand,  the  complemen¬ 
tary  effect  of  H2S  on  the  depassivated  surface  is  outlined  simulta¬ 
neously  by  the  transient  permeation  current  arising  on  the  abraded 
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specimen,  the  maximum  peak  of  which  is  higher  and  the  break¬ 
through  time  shorter  than  on  the  sulfide's  filmed  membrane  (Figure 
7). 


FIGURE  6— Change  of  the  corrosion  current  after  a  potential 
step  to  -650  mVSCE  for  a  sulfide-film-covered  electrode  (Solu¬ 
tion  A):  (a)  potential  step  and  (b)  potential  step  and  mechanical 
abrasion. 


30  25  20  15  time  (mn) 


FIGURE  8— Analysis  of  the  build-up  of  the  permeation  tran¬ 
sients. 

In  case  of  strong,  discontinuous,  mechanical  depassivation 
events,  i.e.,  twinning,  hydrogen  embrittlement  could  be  the  more 
important  process,  as  hydrogen  has  sufficient  time  to  build  up  and 
embrittle  the  metal  in  front  of  the  crack  between  the  bursts  of  violent 
deformation  that  characterize  mechanical  twinning.  Nevertheless, 
straining  experiments  (not  reported  here)  on  cathodically  precharged 
specimens  in  a  NaOH  0.1  N  solution  have  shown  that  hydrogen  does 
not  affect  the  mechanical  behavior  of  the  ferrite  phase  in  any  way, 
i.e.,  twinning  is  not  induced  nor  reduced  by  hydrogen.  In  case  of  slip, 
which  is  a  more  continuous  process  occurring  by  very  small 
increments  of  deformation,  the  anodic  dissolution  (sulfidation)  could 
be  the  controlling  factor.  Because  of  the  less  important  local 
elementary  depassivations,  depassivation  of  ferrite  takes  place  for 
much  longer  elongations.  Twinning  is  more  dangerous,  as  it  occurs 
for  smaller  elongations,  sometimes  below  yield.3 


FIGURE  7— Change  of  the  permeation  transient  for  the  experi¬ 
mental  conditions  described  In  Figure  6. 

Discussion 

The  influence  of  H2S  on  the  several  reactions  that  occur  on  a 
depassivated  surface  has  been  shown  to  cause  simultaneously  an 
increase  of  the  dissolution  rate  with  formation  of  sulfides  and  the 
enhancement  of  the  entry  of  hydrogen.  The  permeation  transient  can 
be  analyzed  using  mathematical  models  proposed  by  J.  McBreen,  L 
Nanis,  and  W.  Beck.'0  According  to  that  treatment,  as  shown  in 
Figure  8,  significant  differences  can  be  observed  between  the 
diffusion  coefficient  on  the  filmed  or  on  the  mechanically  depassiva¬ 
ted  surfaces.  The  enhancement  of  the  entry  of  hydrogen  into  the 
depassivated  surface  can  be  interpreted  as  being  dependent  on  an 
increase  of  the  hydrogen  concentration  on  that  surface.  H2S  would 
therefore  seem  to  inhibit  hydrogen  recombination  on  the  mechani¬ 
cally  depassivated  surface,  permitting  a  greater  proportion  of  hydro¬ 
gen  atoms  to  enter  the  metal.  This  assumption  for  a  mechanically 
depassivated  surface  is  totally  in  agreement  with  the  conclusions 
drawn  in  the  case  of  an  anodically  depassivated  surface  of  a 
low-alloy  steel. 

Regarding  the  cracking  behavior  of  the  ferrite  phase,  the 
contribution  of  the  anodic  dissolution  of  the  depassivated  metal 
cannot  be  neglected,  but  both  anodic  and  cathodic  processes  are 
active  The  entry  of  hydrogen  should  be  concentrated  at  the  crack  tip, 
as  the  walls  of  the  crack  are  very  probably  covered  by  passive  or 
sulfide  films  that  have  been  found  to  form  barriers  to  hydrogen. 


Conclusion 

It  has  been  shown  that  the  metallic  sulfide  film  formed  on  the 
ferritic  SSs  investigated  in  this  paper  acts  as  a  barrier  for  both  anodic 
dissolution  and  hydrogen  entry;  this  is  in  contrast  to  what  happens  in 
low-alloy  steels  not  protected  by  iron-sulfide  films.  But  for  a  depas- 
siva'ed  surface,  the  same  effect  of  H2S  is  found  whatever  the  means 
of  depassivation,  i  e ,  electrochemical  in  case  of  low-alloy  steels  or 
mechanical  for  the  ferrite  phase  of  the  DSS. 

These  observations  can  help  to  explain  the  better  resistance  of 
the  ferritic  steels  and  of  the  DSS  when  the  ferrite  phase  is  not  prone 
to  twinning,  and  when  the  metallurgical  processing  ol  the  ailoy  has 
been  correctly  controlled  3  n  ,*  '3  If  the  DSS  has  been  so  designed 
that  the  austenite  phase  is  first  strained  and  depassivated,  because 
of  its  lower  mechanical  properties,  it  exerts  mechanical  protection  on 
ferrite  This  latter  phase  will  not  be  depassivated,  and  hydrogen 
embrittlement,  or  anodic  dissolution,  will  be  very  slight  or  negligible 
as  the  unruptured  surface  film  (be  it  tho  so-called  passive  film  or  a  film 
made  up  of  sulfides)  can  protect  ferrite  from  entry  of  hydrogen  and 
from  dissolution  In  this  situation,  cracking  of  the  duplex  steel  will  be 
controlled  mainly  by  the  localized  anodic  dissolution  of  tho  austenite 
phase,  which  is  not  very  sensitive  to  hydrogen  embrittlement.  For 
higher  stresses  applied  to  the  austenite-ferrite  duplex  structure,  after 
austenite  has  been  significantly  strained,  ferrite  will  begin  to  undergo 
depassivation  either  by  twinning  or  by  slip,  and  the  sensitivity  to 
hydrogen  of  that  phase,  or  the  twinnmg-enhanced  and  localized 
anodic  dissolution,  can  cause  fast  cracking.  It  should,  however,  be 
pointed  ^ut  that  such  a  situation  will  arise  only  for  very  high  stresses, 
usually  in  excess  of  the  yield  point  of  the  duplex  steel.  But  this 
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highlights  again  the  great  importance  of  designing  and  processing 
correctly  the  DSSs,  as  regards  their  ferrite  content  and  the  solution¬ 
annealing  treatment,  to  avoid  the  formation  in  ferrite  of  precipitates  or 
phases  that  enhance  mechanical  twinning,  like  sigma  or  hardening 
phases,  which  are  detrimental  particularly  when  the  environment  can 
cause  entry  of  hydrogen. 
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Mechanical  Condition  Dominating  Cyclic 
Stress  Corrosion  Cracking  of  a  High-Strength  Steel 
Under  Combined  Multiaxial  Loads 

K.  Komai  and  K.  Minoshima* 


Abstract 

Cyclic  stress  corrosion  (SC)  cracking  tests  of  smooth  specimens  under  combined  tensile  and  torsional 
loads  have  been  conducted  on  a  type  4135  high-strength  steel  in  a  3.5%  NaCI  solution  at  298°K.  The 
stress  wave  form  was  triangular  at  a  stress  cycle  frequency  of  0.1  Hz.  Two  series  of  loading  patterns 
were  used:  multiaxial  cyclic-load  tests  under  an  in-phase  cyclic  tension  and  torsion  [tensile  stress  ratio 
(RJ  of  0  and  torsional  stress  ratio  (Rr)  of  0],  and  multiaxial  cyclic-static  tests  where  one  of  the  two 
applied  loads  was  cyclic  and  the  other  static  (i.e.,  R„  =  0,  R,  =  1  or  R.  =  1 .  R,  =  0).  Combined  stress 
ratios  of  Tmox/<rmax  were  selected  as  0, 1/2, 1, 2,  and  infinity.  In  the  case  of  multiaxial  cyclic-load  tests, 
a  cyclic  SC  crack  normal  to  the  maximum  principal  stress  is  initiated  at  the  bottom  of  a  corrosion  pit. 
In  this  case,  the  life  of  cyclic  SC  cracking  is  dominated  by  the  maximum  principal  stress  (tr1-max),  which 
equaled  the  maximum  principal  stress  range  (Aul  mox).  In  the  case  of  multiaxial  cyclic-static  loads,  a 
cyclic  SC  crack  normal  to  the  maximum  tensile  stress  range  is  initiated  at  the  bottom  of  a  corrosion  pit, 
provided  that  a  static  tensile  load  in  the  plane  of  the  maximum  tensile  stress  range  is  relatively  small. 
In  this  case,  the  life  of  cyclic  SC  cracking  was  dominated  by  the  maximum  tensile  stress  range  (Aun  max). 
In  either  case,  the  mechanical  condition  dominating  crack  initiation  at  the  bottom  of  a  corrosion  pit  is 
determined  by  the  stress-intensity  factor  range  (AKIFSCC)  calculated  on  the  assumption  of  a  corrosion 
pit  being  a  surface  crack. 


Introduction 

High-strength  materials  a>e  sensitive  to  environments.  Their  environ¬ 
mentally  induced  degradation,  including  stress  corrosion  vSC)  Ci  ach¬ 
ing,  poses  serious  problems.  In  high-strength  materials  sensitive  to 
an  environment,  fracture  modes  dominated  by  SC  cracking  are  often 
observed  even  under  dynamic  loads.  For  example,  when  materials 
sensitive  to  static  SC  cracking  under  a  sustained  load  are  subjected 
to  dynamic  loads  such  as  a  low  frequency  variation  ^stress  ratio  R  - 
Kru.r'Kmax  being  near  0),  the  crack  growth  is  greatly  accelerated 
compared  to  fatigue  in  an  inert  environment,’  *  which  results  from  SC 
cracking  promoted  by  dynamic  loads.  Therefore,  such  phenomena 
are  termed  "cyclic  SC  cracking"’ 1 4  6  and  are  differentiated  from 
conventional  corrosion  fatigue.  In  this  field,  many  investigations  have 
been  reported  on  the  initiation  and  growth  behavior  of  SC  cracks 
under  a  uniaxial  loading  condition,  though  SC  cracking  behavior 
under  multiaxial  loading  has  rarely  been  reported.6’9 

In  tho  present  study,  cyclic  SC  cracking  tests  of  smooth 
specimens  under  a  combined  tensile  and  torsional  load  were 
conducted  on  a  typo  4135  high  strength  steel  sensitive  to  a  hydrogen 
embrittlement  type  of  SC  cracking.  Crack  initiation  sites  were  closely 
examined,  and  the  mechanical  condition  dominating  the  initiation  of 
SC  cracks  under  a  multiaxial  load  is  discussed. 

Experimental  Procedures 

The  material  tested  was  type  4135,  a  high-strength  steel  whose 
chemical  composition,  heat  treatment,  and  mechanical  properties  are 
listed  in  Tables  1  to  3,  respectively.  Extruded  rod  materials  were 


•Department  of  Mechanical  Engineering,  Kyoto  University,  Yoshida 
Honmachi,  Sakyo-ku,  Kyoto  606,  Japan. 


machined  into  smooth  specimens  in  a  longitudinal  direction.  Speci¬ 
mens  shown  in  Figure  1  were  finished  with  2.5-jim  diamond  paste 
after  polishing  with  #2000  emery  papers.  The  corrosive  environment 
was  a  3.5  wt%  NaCI  solution  at  298  ±  1”K,  and  it  was  circulated 
between  a  corrosion  chamber  and  a  corrosion  reservoir  at  a  flow  rate 
of  12.5  mL/s. 

An  electrohydraulic  tension  (98  kN)-torsion  (980  N  mj  fatigue 
testing  machine  was  used.  The  stress  wave  form  was  triangular  at  a 
stress-cycle  frequency  of  0.1  Hz.  Two  series  of  loading  patterns  were 
used,  multiaxial  cyclic-load  tests  under  in-phase  cyclic  tensile  and 
torsional  loads  [tensile  stress  ratio  (R„)  of  0  and  torsional  stress  ratio 
(R,)  of  0]  and  multiaxial  cyclic-static  tests  In  which  one  of  the  two 
applied  loads  was  cyclic  and  tho  other  static  (i.e..  R„  -  0,  R,  -  1  or 
R„  =  1,R,  =■  0).  Combined  stress  ratios  of  TmoxArm,x  were  selected 
as  0, 1/2, 1,  2,  and  infinity. 

Specimens'  surfaces  were  closely  examined,  and  depths  of 
corrosion  pits  were  measured  using  a  defocusing  method.  The 
expected  maximum  pit  depth  in  tho  exposed  area  was  obtained  by  an 
oxtreme  value  analysis.® '  ’  Doubly  exponential  distribution  parame- 
teis  were  calculated  by  the  minimum-variance  linear  unbiased 
estimator  method." 

Experimental  Results  and  Discussion 

Initiation  of  cyclic  SC  cracks 
under  multiaxial  cyclic  loads 

S-t  diagram  and  Initiation  sites  of  cyclic  SC  cracks.  Figure 
2  shows  the  relation  between  von  Mises-type  maximum  equivalent 
stress  (ugq  max)  and  time  to  fracture  (t).  The  figure  also  contains  the 
fatigue  data  in  dry  air  under  uniaxial  loading  =0)  at  R„=  0. 
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TABLE  1 

Chemical  Composition 


c 

SI 

Mn 

P 

S 

Cu 

Ni 

Cr 

Mo 

0.36 

0.19 

0.71 

0.030 

0.011 

0.07 

0.05 

0.99 

0.16 

TABLE  2 

Heat  Treatments 


Normalizing 

Quenching 

Tempering 

1143°K  1  hAC 

1128°K  1  hOQ 

523°K  1  h  WC 

TABLE  3 

Mechanical  Properties 


0.2%  Yield  Strength 

Tensile  Strength 

Elongation 

1380  MPa 

1770  MPa 

13% 

From  the  figure,  it  is  clear  that  cyclic  SC  cracking  life  became 
longer  with  an  increase  in  t max/o-max,  compared  at  a  fixed  value  of  the 
equivalent  stress.  Regardless  of  the  loading  condition,  a  cyclic  SC 
crack  normal  to  a  maximum  principal  stress  was  initiated  at  the 
bottom  of  a  corrosion  pit  and  propagated  as  shown  in  Figure  3.  The 
initiation  behavior  was  quite  similar  to  that  of  cyclic  SC  cracks  under 
a  pure  bending  or  a  pure  torsional  load,  reported  elsewhere.’2  The 
data  in  Figure  2  were  replotted  in  terms  of  the  maximum  principal 
stress  (crt  max).  The  results  are  shown  in  Figure  4.  In  the  case  of 
multiaxial  cyclic  loads,  o-,  max  is  equal  to  maximum  stress  range  of 
principal  stress  (A<r1max)  and  also  to  maximum  stress  range  of  tensile 
stress  (Aonmax).  It  is  clear  that  a  single  curve  is  obtained  between 
of,. max  and  time  to  fracture  regardless  of  Tmax/crmax  value,  and 
low-frequency  variation  caused  a  considerable  decrease  in  cyclic  SC 
cracking  strength  from  those  of  static  SC  cracking  under  a  sustained 
load  as  well  as  from  those  of  fatigue  in  dry  air. 


FIGURE  1— Shape  and  dimensions  of  test  specimens.  All  di¬ 
mensions  are  In  mm. 


FIGURE  2-Relatlon  between  and  time  to  fracture  (t). 


FIGURE  3-Crack  Initiated  at  the  bottom  of  a  corrosion  pit 
=  2,  crmBX  =  222  MPa,  Trnnx  =  444  MPa). 


t  ks 


FIGURE  4— Relation  between  <T,,„,ax  and  time  to  fracture  (t). 

Growth  of  corrosion  pits  and  crack  Initiation.  Similar  to  the 
initiation  behavior  of  cyclic  SC  cracks  under  a  uniaxial  loading 
condition,'2  cyclic  SC  cracks  under  multiaxial  cyclic  loads  wero 
initiated  at  the  bottom  of  a  corrosion  pit.  Consequently,  the  most 
important  parameter  dominating  the  crack  initiation  is  considered  to 
be  depth  of  a  corrosion  pit.  Figure  5  shows  the  relationship  between 
the  extreme  value  of  pit  depth  (dp  max)  and  testing  duration  (t).  Here, 
tests  were  interrupted  at  a  duration  of  25%,  50%,  and  75%  of  time  to 
fracture  represented  by  a  solid  line  in  Figure  4.  The  data  in  Figure  5 
show  that  growth  rate  of  the  corrosion  pit  was  independent  of 
Tma*/<W  value,  and  a  single  relation  (dpmax)  (pm)  =  4.8t0:’7  (ks) 
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was  concluded,  which  is  plotted  by  a  solid  line  in  the  figure.  Also, 
cracks  at  the  bottom  of  corrosion  pits  were  first  observed  at  a  duration 
of  about  50%  of  total  life,  regardless  of  Tmax/wmax  value.  This  means 
that  Tmax/crmax  value  may  not  affect  time  to  crack  initiation  and  may 
not  affect  time  to  fracture  either. 


Fracture  mechanics  approach  to  initiation  of  cyclic  SC 
cracks.  Figure  6  shows  the  relation  between  the  maximum  principal 
stress  (=  Aa,.™,  =  Acrn  max),  and  the  pit  depth  with  and 

without  cracks.  A  cyclic  SC  crack  was  initiated  when  a  pit  depth 
exceeded  a  threshold  value. 


FIGURE  6-Relatlon  between  i71imax  and  pit  depth  under  multla- 
xtal  cyclic  load. 


Assuming  a  corrosion  pit  with  cracks  as  a  sharp  semi-elliptical 
surface  crack, ,3M  a  Mode  I  stress-intensity  factor  range  at  tho 
bottom  of  a  corrosion  pit  (AK,)  (=  Kl>max)  was  computed  using  the 
Newman  Raju  equation.15  Here,  the  maximum  principal  stress  range 
(Acr,.™);-  ow  -  Aan.mJ,  was  substituted  for  stress  range.  As 
for  surface  crack  length,  a  projected  pit  width  normal  to  the  direction 
of  maximum  principal  stress  was  adopted  assuming  a  surface  shape 
of  tho  pit  as  an  ellipse,  and  pit  depth,  including  general  wastage  by 
corrosion,  was  substituted  for  tho  crack  depth.’4  Most  of  the  aspect 
ratios  of  corrosion  pits  (a)  were  smaller  than  unity.  At  high  stress 
levels,  however,  some  pits  have  values  of  groater  than  unity.  The 
Newman-Raju  equations  used  here  are  valid  with  u  smaller  than 
unity  An  aspect  ratio  a  was  thus  assumed  to  be  unity,  when  a  .  1 . 

Ten  pits,  each  with  a  crack,  were  randomly  chosen  in  each 
fractured  specimen  and  AK,  values  were  calculated,  tho  relationship 
between  the  minimum  values  of  AK,  in  each  specimen  and  Aa1-max 
is  shown  in  Figure  7.  The  data  except  at  high  Aa)  max  values  were 


almost  constant,  and  the  average  value  of  AK,,  AK,FSCC  was  obtained 
at  5.4  MPa-m1/2.  The  relationships  between  o,-max  (=  Aa)max)  and 
the  pit  depth  at  AK,FSCC  are  plotted  in  Figure  6  with  an  aspect  ratio 
of  1.0,  the  maximum  aspect  ratio  (a^);  0.77,  the  average  of  the 
mean  aspect  ratio  (amean);  and  0.55,  the  average  of  the  minimum 
aspect  ratio  (amin).  From  the  figure,  it  is  clear  that  the  threshold  pit 
depth  above  which  a  crack  was  initiated  at  the  bottom  of  a  pit 
coincided  with  the  line  of  AK,FSCC  =  5.4  MPa-m,/2.  At  high  stress 
levels,  where  the  aspect  ratios  were  close  to  unity,  the  threshold  pit 
depth  existed  between  the  lines  of  a ^  and  ameari,  whereas  at  low 
stress  levels,  where  the  aspect  ratios  ranged  from  0.77  to  0.64  on  the 
average,  the  threshold  pit  depth  existed  between  the  lines  of  ctmoan 
and  amin.  These  results  support  the  idea  that  the  mechanical 
condition  dominating  crack  initiation  at  the  bottom  of  a  corrosion  pit 
is  the  stress-intensity  factor  range  calculated  on  the  assumption  of  a 
corrosion  pit  being  a  surface  crack. 


FIGURE  7— Relation  between  AK,  and  Ao1max  (A<rn,max). 

Initiation  of  cyclic  SC  cracks 
under  multiaxial  cyclic-static  loads 

S-t  diagram  and  Initiation  sites  cf  cyclic  SC  cracks.  Figures 
2  and  4  also  show  the  results  under  multiaxial  cyclic-static  loads.  In 
Figure  2,  the  lifetime  in  terms  of  Ooq.max  became  longer  than  that 
under  multiaxial  cyclic  loads  shown  by  solid  marks.  The  lifetime  in 
terms  of  <jl  max  was  longer  than  that  under  multiaxial  cyclic  loads, 
though  the  scatter  band  was  smaller  than  that  in  terms  of  awl  max 
(Figure  2).  Figures  8  and  9  illustrate  the  initiation  sites  of  cracks  at  R„ 
=  0  and  R,  =  1  and  at  R„  =  1  and  R,  =  0,  respectively.  At  R„  = 
0  and  R,  =  1  with  7m0X/omnx  =  1/2,  a  crack  normal  to  the  longitudinal 
direction  of  a  specimen  was  initiated  at  the  bottom  of  a  corrosion  pit, 
as  shown  in  Figure  8,  whereas  at  R„  =  1  and  R,  =  0  with  Tmax/amnx 
=  2,  cracks  at  an  angle  of  45  degrees  against  the  longitudinal 
direction  of  a  specimen  were  initiated  as  shown  in  Figure  9;  these 
prove  that  the  cracks  were  initiated  in  the  plane  where  the  tensile 
stress  range  took  maximum,  not  in  the  plane  of  the  maximum 
principal  stress.  Therefore,  the  data  shown  in  Figure  4  were  plotted 
in  terms  of  the  maximum  tensile  stress  range  (Aun  mox).  The  results 
are  shown  in  Figure  10.  Here,  Acrnmox  under  multiaxial  cyclic  loads 
equals  trtmax  or  Aa)  max,  so  the  S-t  diagram  under  multiaxial  cyclic 
loads  in  Figure  4  is  shown  in  Figure  10  by  a  solid  line.  The  results 
under  multiaxial  cyclic-static  loads  coincided  fairly  well  with  the  line 
under  multiaxial  cyclic  loads,  cyclic  SC  cracking  life  under  multiaxial 
cyclic-static  loads  was  proved  to  be  dominated  by  A<xn  max. 

Fracture-mechanics  approach  to  initiation  of  cyplic  SC 
cracks.  Similar  to  multiaxial  cyclic-load  tests,  the  maximum  pit  depth 
in  an  exposed  surface  was  estimated  by  an  extreme  value  analysis. 
The  results  are  shown  in  Figure  5  with  those  under  multiaxial  cyclic 
loads. 

The  maximum  pit  depth  under  multiaxial  cyclic-static  loads 
almost  equaled  the  one  under  multiaxial  cyclic  loads,  so  differences 
of  growth  behavior  of  pits  between  multiaxial  cyclic  and  multiaxial 
cyclic-static  load  tests  were  not  observed,  as  long  as  the  Afxnmax  was 
identical. 
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FIGURE  8— Crack  Initiated  at  the  bottom  of  a  corrosion  pit  under 
multiaxial  cyclic-static  loads  (-rmax/< rmax  =  1/2, 7max  =  800  MPa, 
R(r  =  0,  t  =  400  MPa,  Rr  =  1). 


FIGURE  9— Crack  Initiated  at  the  bottom  of  a  u.  ’oslon  pit  under 
multiaxial  cyclic-static  load  (t max/trmax  =  2,  <r  =  400  MPa,  R„  = 
1,W  =  800  MPa,  R,  =  0). 


substituted  for  the  stress  range  instead  of  Acrlmax  and  projected  pit 
width  normal  to  the  direction  of  A<rn  max  for  surface  crack  length.  AK, 
values  under  multiaxial  cyclic-static  loads  equaled  the  AK,FSCC  value 
obtained  under  multiaxial  cyclic  loads.  The  three  lines  in  Figure  1 1 
represent  the  relation  between  pit  depth  and  Aan  max  at  AK,FSCC  = 
5.4  MPa-m1/a  with  the  aspect  ratios  (a)  of  1.0,  0.77,  and  0.55, 
respectively.  The  threshold  pit  depth,  above  which  a  crack  was 
initiated,  lay  in  the  zone  between  the  lines  of  a  =  1.0  and  a  =  0.55; 
whether  or  not  a  crack  is  initiated  at  the  bottom  of  a  corrosion  pit 
under  multiaxial  cyclic-static  loads  is  determined  by  the  stress- 
intensity  factor  range  deduced  from  Acrn  in  the  same  manner  as 
the  crack  initiation  under  multiaxial  loads. 


0  10  20  30  40  50 


PIT  DEPTH  pm 

FIGURE  11— Relation  between  pit  depth  and  Acrn  mnx. 

We  should  note  that  the  tensile  stress  ratio  in  the  plane,  where 
the  tensile  stress  range  is  maximum,  was  rather  small  in  the  present 
experiment,  ranging  from  0  to  0.2.  One  author  already  reported  that 
the  threshold  values  of  cyclic  SC  crack  growth  were  strongly 
dependent  on  stress  ratios,  and  that  the  linear  relationship  existed 
between  stress  ratios  and  the  threshold  values.16  Therefore,  one 
should  also  consider  the  effects  of  a  maximum  tensile  stress  or  a 
mean  value  of  stress  variations  in  addition  to  the  tensile  stress  range 
on  crack  initiation,  when  an  applied  tensile  stress  ratio  is  high.  In  fact, 
some  cracks  existed  in  the  plane,  where  a  tensile  stress  range  was 
not  maximum,  as  shown  in  Figure  12.  In  the  plane,  a  maximum  or  a 


FIGURE  10— Relation  between  Acrnm„  and  time  to  fracture  (t). 

Figure  11  shows  the  relationship  between  Aon  max  and  the  pit 
depth  with  and  without  cracks.  A  crack  was  initiated  when  a  pit  depth 
exceeded  a  threshold  value,  in  a  similar  way  to  the  crack  initiation 
behavior  under  multiaxial  cyclic  loads.  Therefore.  AK,  values  at  the 
bottom  of  a  pit  with  cracks  were  calculated  with  the  Newman-Raju 
equation  by  assuming  a  pit  has  the  characteristics  of  a  sharp  crack, 
and  the  minimum  values  of  AK,  in  each  specimen  are  plotted  in 
Figure  7.  Here,  the  maximum  tensile  stress  range  (Aon  max)  was 


mean  value  of  tensile  stresses  was  larger  than  those  in  the  plane 
where  the  tensile  stress  range  reached  the  maximum.  Figure  13 
shows  the  relation  between  the  number  of  cracks  and  crack  angle  (0) 
defined  by  the  angle  between  the  longitudinal  direction  of  a  specimen 
and  the  normal  direction  of  a  crack.  Most  of  cracks  were  dominated 
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FIGURE  13— Distribution  of  cracks  against  crack  angle  (6) 
(W* max  =  1/2,  <W  =  1100  MPa,  R„  =  0,  T  =  550  MPa,  R,  = 
1)- 

Conclusion 

Initiation  behavior  of  cyclic  SC  cracks  under  multiaxial  loading 
conditions  were  investigated  in  a  high-strength  steel,  type  4135, 
sensitive  to  hydrogen  embrittlement  SC  cracking,  and  the  following 
were  made  clear. 

(1)  In  the  case  of  multiaxial  cyclic-load  tests,  where  in-phase  cyclic 
tensile  and  torsional  loads  at  a  stress  ratio  of  0  were  applied  to 
specimens,  a  cyclic  SC  crack  normal  to  the  maximum  principal 
stress  was  initiated  at  the  bottom  of  a  corrosion  pit.  In  this  case, 
the  life  of  cyclic  SC  cracking  was  dominated  by  the  maximum 
principal  stress  (u1-max),  which  equaled  the  maximum  principal 
stress  range 

(2)  In  the  case  of  multiaxial  cyclic-static  loads,  where  one  of  two 
applied  loads  was  cyclic  and  the  other  static,  a  cyclic  SC  crack 
normal  to  the  maximum  tensile  stress  range  was  initiated  at  the 
bottom  of  a  corrosion  pit,  provided  that  a  static  tensile  load  in  the 
plane  of  the  maximum  tensile  stress  range  was  relatively  small 
In  this  case,  the  life  of  cyclic  SC  cracking  was  dominated  by  the 
maximum  tensile  stress  range  (A<rn  max). 

f3)  The  mechanical  condition  dominating  crack  initiation  at  the 
bottom  of  a  corrosion  pit  was  determined  by  the  stress-intensity 
factor  range  (AK1FSCC)  calculated  on  the  assumption  of  a 
corrosion  pit  being  a  surface  crack. 
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Discussion 

R.P.  Wei  (Lehigh  University,  USA):  Does  stress  corrosion 
(SC)  cracking  always  initiate  from  corrosion  pits? 

K.  Komai:  Whether  SC  cracks  initiate  from  corrosion  pits  or  not 
depends  upon  the  material-environment  system,  but  in  many  cases 
corrosion  pits  play  a  dominant  role  in  the  initiation  of  SC  or  corrosion 
fatigue  cracking.  Our  proposal  is  very  simple  and  useful,  which 
enables  us  to  make  iife  predictions  of  machines  and  structures 
operated  in  aggressive  environments. 

D.J.  Duquette  (Rensselaer  Polytechnic  Institute,  USA): 
Quite  often  pitting  is  not  observed  on  some  alloys  unless  stress  is 
applied.  One  of  the  difficulties  of  correlating  pits  with  crack  initiation 
is  that  cracks  and  pits  are  often  associated,  and  pitting  that  precedes' 
cracking  cannot  be  treated  independently.  The  relationship  between 
pitting  and  cracking  is  still  not  well  established. 

K.  Komai.  In  the  case  of  aluminum  alloys  in  sodium  chloride 
solution,  SC  cracks  under  sustained  load  with  small  vibratory 
stresses  superimposed  were  initiated  at  grain  boundaries  or  hydrogen- 
induced  (111)  cleavages,  and  corrosion  pits  were  not  observed  prior 
to  the  cracking  (Komai,  et  al„  Japan  Soc.  Mech.  Eng  Internat  J 
30(1987).  p.  401].  On  the  other  hand,  in  corrosion  fatigue  [Komai,  et 
al.,  ibid.  30(1988):  p.  606]  as  well  as  in  cyclic  SC  cracking  of  high 
tensile  strength  steels  in  synthetic  seawater,  or  in  sodium  chloride 
solution,  corrosion  pits  always  preceded  cracking,  and  the  mechan¬ 
ical  condition  dominating  the  crack  initiation  at  the  bottom  of  a 
corrosion  pit  was  strictly  determined  by  the  stress-intensity  factor 
range  calculated  on  the  assumption  of  a  corrosion  pit  being  a  surface 
crack. 

R.P.M.  Procter  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  I  would  like  to  confirm  and  support  the 
point  just  made  by  Duquette,  but  in  a  different  alloy  system.  My 
colleague  Cottis  has  shown  that  in  carbon-manganese  ferritic/pear- 
litic  structural  steels  subject  to  corrosion  fatugue  in  seawater,  cracks 
initiate  at  pits  that  form  around  sulfide  inclusions;  however,  the  pitting 
around  sulfide  inclusions  is  much  more  severe  in  specimens  that  are 
subjected  to  cyclic  loading  than  in  static  unstressed  specimens.  This 
is  another  example  of  a  synergistic  interaction .  between  cyclic 
loading,  pitting  corrosion,  and  corrosion  fatigue  crack  initation. 

K.  Komai:  In  corrosion  fatigue,  stress  variation  plays  the  most 
important  role,  and  I  agree  with  your  opinion  of  a  synergistic 
interaction  between  cyclic  loading,  corrosion  pits,  and  corrosion 
fatigue  crack  initiation. 
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Relationships  Between  Plasticity 
and  Stress  Corrosion  Cracking 

D.B.  Kasul,  C.L.  White,  and  L.A.  Heldt * 

Abstract 

Polycrystalline  (5-brass  was  prestrained  various  amounts  in  air  or  in  an  inhibiting  environment  (aqueous 
NaCI).  The  subsequent  ductility  in  distilled  water,  which  causes  stress  corrosion  cracking  (SCC), 
decreases  linearly  with  prestrain. 

SCC  crack  growth  in  large,  single-crystal  compact-tension  specimens  has  also  been  characterized 
using  crack  velocity  vs  stress  intensity  and  x-ray  rocking-curve  measurements.  Rocking-curve  results 
on  a  (100)  SCC  fracture  surface  indicate  a  high  near-surface  dislocation  density  that  does  not  change 
appreciably  with  increasing  stress  intensity. 

These  results  are  consistent  with  models  of  SCC  that  are  based  on  environment-induced  dislocation 
activity. 


Introduction 

Several  studies  of  stress  corrosion  cracking  (SCC)  have  shown  that 
a  high  density  of  dislocations  develops  in  the  near-surface  region 
before  cracking.1-3  Kamachi,  Otsu,  and  Obayashi  used  transmission 
electron  microscopy  and  x-ray  diffraction  methods  and  found  that  for 
austenitic  stainless  steels,  under  otherwise  identical  conditions  of 
stress  and  temperature,  boiling  MgCI2  solution  (an  SCC  environ¬ 
ment)  causes  a  much  higher  dislocation  density  to  form  in  the 
near-surface  regions  than  does  an  innocuous  environment 4  There 
are  similar  observations  for  other  materials,  including  Naval  brass1 
and  titanium  alloys.2  These  researchers  have  noted  that  stress 
corrosion  cracks  initiate  when  a  critical  dislocation  density  is  reached 
Similar  behavior  has  been  observed  for  materials  undergoing  fatigue 
cracking.5'7  For  example,  Kramer,  et  al.,1  have  shown  that  cracking 
occurs  in  Naval  brass  when  the  dislocation  density,  as  determined 
from  measurement  of  microstrains  by  x-ray  diffraction,  reaches  a 
value  of  approximately  6  x  10"  cm'*  for  both  SCC  in  a  CuS04 
environment  and  for  fatigue  in  air. 

.Vi:.,  the  above  „i  mind,  a  serios  of  slow-strain-rate  experiments 
was  designed  to  test  the  effects  of  prestraining  in  an  innocuous 
environment  on  subsequent  ductility  in  an  SCC  environment,  p-brass 
polycrystals  were  prestrained  various  amounts  in  air  or  in  0.015  M 
aqueous  NaCI  and  then  strained  to  failure  in  distilled  water  These 
alloys  typically  exhibit  55%  elongation  to  failure  in  air  and  about  6% 
elongation  in  distilled  water  (an  SCC  environment)  Tensile  elonga¬ 
tions  in  aqueous  NaCI,  an  inhibiting  environment,  are  comparable  to 
those  in  air. 

If  there  is,  in  fact,  a  critical  dislocation  density  required  for 
cracking,  and  if  the  rate  at  which  that  density  Is  accumulated  depends 
on  the  presonce  or  absence  of  an  SCC  environment,  then  wo  expect 
a  quantifiable  relationship  between  the  extent  of  prestrain  in  air  or  an 
inhibiting  environment,  and  the  subsequent  strain  exhibited  in  an 
SCC  environment.  We  will  show  that  such  a  relationship  apparently 
exists  for  p-brass. 

Measurements  wore  also  made  of  crack  velocity  as  a  function 
of  stress  intensity  for  p-brass  single  crystals.  X-ray  rocking  curves® 
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were  taken  from  the  fracture  surface  at  two  different  locations  in  the 
Stage  II  cracking  region  to  determine  the  near-surface  strains 
associated  with  SCC. 

Experimental  Procedure 

The  materials  used  for  study  were  single-crystal  and  poly- 
crystalline  p-brass  containing  approximately  49.0  wt%  Zn.  Polycrys¬ 
tal  tensile  specimens  were  produced  by  alternately  swaging  and 
annealing  as-cast  bars  20  mm  in  diameter  down  to  6.4  mm.  Gauge 
sections  12.7  mm  long  and  3.2  mm  in  diameter  were  machined  and 
the  samples  final  annealed  at  500°C  for  1  h,  which  resulted  in  a  grain 
size  of  approximately  250  n.  Single  crystals  of  p-brass  37.5  mm  in 
diameter  and  23  cm  long  were  grown  parallel  to  (100J  by  the 
Bridgman  method.  A  (1 00J  seed  crystal  6.4  mm  in  diameter  and  5  cm 
long  was  used  to  Initiate  growth  parallel  to  [100]  in  the  larger  crystal. 
Round  compact-tension  (CT)  specimens9  5.6  mm  thick  and  37.5  mm 
in  diameter  were  then  obtained  by  slicing  the  crystal  with  a 
high-speed  watering  saw.  These  were  notched  parallel  to  [100]  with 
a  slow-speed  diamond  saw  using  a  60°  beveled  blade.  All  specimens 
were  electropotished  in  a  cold  bath  of  33%  nitric  acid  and  67% 
methanol  prior  lo  testing. 

Polycrystal  samples  were  tested  at  a  strain  rate  of  1  x  10*5  s'1 
in  a  nylon  and  polystyrene  environmental  cell.  After  prestraining  in 
either  air  or  a  0.015  M  NaCI  solution,  straining  was  continued  in 
distilled  water  until  the  onset  of  cracking  was  indicated  by  a  drop  in 
the  measured  load.  For  the  air  prestrain  tests,  distilled  water  was 
simply  added  to  the  cell  once  the  desired  extent  of  prestrain  had 
taken  place.  For  the  0.015  M  NaCI  prestrain  tests,  the  solution  was 
flushed  from  the  cell  and  replaced  with  distilled  water  at  the 
appropriate  level  of  strain.  In  both  cases,  straining  was  continuous 
during  the  entire  test.  The  single-crystal  CT  samples  wore  tested  in 
distilled  water  under  constant  load.  Crack  growth  was  monitored  by 
a  Krak-Gage1  and  the  resulting  fracture  surfaces  were  examined  by 
scanning  electron  microscopy  (SEM).  X-ray  rocking  curves  were 
taken  from  the  fracture  surfaces,  as  shown  in  Figure  1.  A  Cu  target 
with  0.1°  beam  slits  was  used  for  the  x-ray  source.  The  full-width  half 
maximum.  (FWHM)  of  the  (200)  diffraction  peak  was  measured  for  the 
fracture  surface  (B)  and  for  an  annealed  specimen  (b).  The  normal- 
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ized  rocking-curve  breadth  (B/b)  was  taken  as  a  measure  of  the 
dislocation  density  in  the  sampled  volume.  Depth  profiles  were 
obtained  by  measuring  B  after  electropolishing  known  thicknesses  of 
material  from  the  fracture  surface. 


Cooi] 


FIGURE  1  -Schematic  diagram  of  apparatus  for  obtaining  rock¬ 
ing  curves  from  (200)  fracture  surface  of  single-crystal  compact- 
tension  specimens.  Fracture  surfaces  were  incrementally  elec- 
tropolished  to  obtain  a  depth  profile. 


Results 

Prestrain  effects 

As  previously  noted,  ductility  of  the  polycrystalline  material  is 
approximately  55%  in  air  and  failure  is  by  ductile  rupture,  whereas  in 
distilled  water  the  value  is  about  6%.  The  SCC  fracture  of  the 
polycrystalline  samples  is  totally  intergranular  with  zero  prestrain; 
increasing  prestrain  increases  the  fraction  of  transgranular  cracking. 
Figure  2  gives  the  effects  of  specific  amounts  of  prestrain  on 
subsequent  deformation  and  fracture  in  distilled  water.  The  plot  of 
additional  strain  in  distilled  water  vs  prestrain  in  air  has  a  constant 
slope  of  approximately  -0.3.  This  indicates  that  straining  in  distilled 
water  is  approximately  three  times  as  effective  in  bringing  the 
material  to  the  point  of  crack  initiation  as  is  prestraining  in  air.  This  is 
also  indicated  by  the  plot  (Figure  2)  of  (1/3  prestrain  +  strain  in 
water],  which  is  remarkably  constant  over  the  tested  range  of 
prestrain  (0  to  21%).  For  specimens  having  the  greatest  amount  of 
prestrain  (21%).  very  little  additional  strain  in  water  can  be  accom¬ 
modated;  fracture  occurs  within  one  minute. 

Figure  3  shows  the  effects  of  prestraining  p-brass  polycrystals 
in  a  0.015  M  NaCI  solution  on  additional  strain  in  water.  This  NaCI 
solution  is  an  effective  inhibitor  of  SCC  in  brasses;’0  it  causes  the 
ductility  of  p-brass  to  bo  nearly  that  observed  in  dry  air.  Comparison 
of  Figure  3  to  Figure  2  indicates  prostraining  in  the  NaCI  solution  has 
a  similar  effect  to  prestraining  in  air. 

Compact-tension  specimen  testing 

Figure  4  shows  the  results  of  the  crack  velocity  vs  stress 
intensity  for  p-brass  single  crystals.  The  SCC  cracks  propagate  on 
{100}  pianos  in  <110>  directions"  and  have  the  macroscopic 
appearance  of  brittle  transgranular  cleavage  fractures.  Ksco  was 
found  to  be  approximately  4.8  MPa-m,/2.  The  Stage  II  crack  velocity 
was  found  to  be  1.4  x  io~*  mm  s~’. 

The  results  of  x-ray  rocking-curve  studies  taken  from  a  CT 
specimen  fracture  surface  at  two  locations  representing  different 
stross  intensities  are  shown  in  Figure  5.  Figure  6  shows  an  example 
ol  the  fracture  surface  in  the  Stage  It  region.  Interpreted  in  terms  ol 
dislocation  densities,  these  curves  indicate  relatively  high  densities 
within  20  to  30  n  of  the  fracture  surface  that  are  not  strongly 


dependent  upon  the  local  stress  intensity.  The  normalized  peak 
breadths  decrease  to  values  comparable  to  those  for  annealed 
crystals  upon  removal  of  approximately  100  p  from  the  SCC  fracture 
surface.  Of  particular  interest  in  Figure  5  are  the  points  corresponding 
to  the  as-fractured  surface.  The  B/b  ratios  for  the  two  locations  are 
nearly  the  same  (2.9  and  3.0  for  the  low  and  high  K  regions, 
respectively). 


FIGURE  2-Prestrain  in  air  vs  etotal,  ewatar,  and  (1/3eaIr  +  €watar). 


FIGURE  3— Pic-straln  in  0.015  M  NaCI  vs  ctota„  ewatar,  and 
1/2.5eNaC|  .ol,,  +  ewatar. 

Discussion 

According  to  the  data  presented  in  Figure  2,  there  is  a  linear 
relationship  between  the  amount  of  prestrain  in  air  and  the  additional 
amount  of  strain  that  can  be  accommodated  by  p  brass  in  distilled 
water  (1/3C,,,  +  ewat<)1  =  constant).  Kramer,  et  al..’  have  shown  that 
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an  SCC  environment  for  Naval  brass,  0.1  M  CuS04  at  open-circuit 
potential,  causes  the  observed  average  linear  rate  of  dislocation 
accumulation  with  strain  (dp/de)  for  both  the  surface  and  the  interior 
regions  to  be  higher  by  a  factor  of  two  than  the  rate  measured  in  air. 
This  factor  increases  to  nearly  three  when  the  samples  are  anodically 
polarized  to  +540  mVSCE  and  goes  to  unity  when  the  samples  are 
cathodically  protected. 


10 


o 

0) 

m 


•o 


a) 

•O 


-»  -4 


T  - 

•  • 


STAGE  H 


6.0  6.0  10.0  12.0 
K  (MPa  m1/2) 


16.0 


FIGURE  6— SEM  micrograph  from  Stage  II  cracking  region  of 
(100)  fracture  surface  from  single-crystal  compact-tension  spec¬ 
imen.  River  lines  are  parallel  to  <11 0>. 


If  we  assume  that  p-brass  in  distilled  water  (and  perhaps  other 
systems)  behaves  similarly  to  Naval  Brass  in  0.1  M  CuS04,  we  can 
take  the  average  rate  of  dislocation  accumulation  during  tensile 
deformation  in  air  [(dp/de)airJ  and  the  rate  during  deformation  in  water 
[(dp/de)watar)  to  be  constants.  The  work  of  Kramer,  et  al.,  suggests 
that 


(dp/de)air  x  eair  +  (dp/de)walar  x 

^wator  (Pcnt)water  (i) 

where  (pcrit)wator  is  the  critical  dislocation  density  required  for  crack 
initiation  in  water.  Thus,  based  on  a  slope  of  approximately  -0.3  for 
strain  in  water  vs  prestrain  in  air  (Figure  2),  our  results  suggest  that 

(dp/de)wotor  ®  3  (dp/de)air  (2) 


FIGURE  4— Crack  velocity  as  a  function  of  stress  Intensity  for  p- 
brass  single-crystal  compact-tension  specimens.  Specimens 
were  oriented  so  that  SCC  occurred  on  (100). 


FIGURE  5— Ratio  (Bib)  (B  =  as-measured  full-width  half  maxi¬ 
mum  (FWHM),  b  =  annealed  (FWHM)  for  rocking  curves  from 
(200)  fracture  surface  of  p-brass  single-crystal  compact-tension 
specimen. 


Then  from  Equation  (1), 

1/3£air  +  w  =  J-^V10'-  =  constant  (3) 

(dp/de)wotor 

The  constancy  of  1/3eair  +  ewnt0,  for  0  <  ca,r  <  21%  is  seen  in  Figure 
2.  Similar  results  were  obtained  for  p-brass  prestrained  in  the 
inhibiting  0.015  M  NaCI  solution  (Figure  3).  Here  the  slope  of  the 
prestrain  vs  distilled  water  strain  is  ■*  -0.4,  implying  that 

(dp/de)walor  ®  2.5  (dp/de)NaCI  (4) 

a  value  that  is  comparable  to  that  for  air  prestraip.  Accordingly,  our 
results  are  consistent  with  the  concept  of  environment-enhanced 
dislocation  accumulation  preceding  crack  initiation. 

Environment-induced  deformation  is  also  invoked  in  the  model 
proposed  by  Lynch  for  stress  corrosion  crack  propagation.12'16  Here, 
crack  advance  is  accomplished  by  environment-induced  slip  in  the 
crack-tip  region.  The  nature  of  the  necessary  environmental  interac¬ 
tion  is  not  known.  Lynch  has  postulated  an  adsorption  process;  and 
a  model  described  by  Hintz17  takes  into  account  that  dissolution 
products  may  be  active  as  adsorbates  at  the  crack  tip.  Kaufman  and 
Fink18  suggest  that  dissolution  and  enhanced  local  plastic  flow 
combine  synergistically  to  cause  crack  propagation.  Whatever  the 
interaction,  the  present  results  indicate  the  response  to  the  environ¬ 
ment  can  be  very  rapid;  samples  prestrained  in  air  21%  or  more 
began  to  crack  within  one  minute  of  exposuie  to  distilled  water. 

The  rocking-curve  results  (Figure  5)  demonstrate  the  line 
broadening  measured  at  two  locations  on  the  fracture  surface  in  the 
Stage  II  cracking  region  (K  =  8MPa-m1/2  and  K  =  16  MPa-m1*)  is 
nearly  the  same,  with  B/b  ratios  of  2.9  and  3.0  respectively.  These 
FWHM  ratios,  indicative  of  the  relative  dislocation  density,  suggest 
that  the  final  dislocation  density  at  the  fracture  surface  is  insensitive 
to  K  in  the  Stage  II  cracking  region  where  these  data  were  taken. 
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Although  the  observed  line  broadening  could  result  from  dislocations 
generated  either  ahead  of  the  crack  tip  or  at  the  crack  tip,  the  high 
dislocation  density  is  uniform  along  the  fracture  surface.  This  also 
supports  the  previously  reported  concept  that  cracking  in  an  SCC 
medium  occurs  at  a  critical  dislocation  density. 

Summary 

For  (3-brass,  the  additional  strain  that  can  be  accommodated  in 
distilled  water  (which  causes  SCC)  decreases  linearly  with  increasing 
prestrain  in  an  innocuous  environment  (air  or  aqueous  NaCI). 

Rocking-curve  measurements  on  a  single-crystal  SCC  fracture 
surface  indicate  a  relatively  high  dislocation  density  near  the  surface. 
The  density  does  not  change  appreciably  as  the  stress  intensity 
increases. 

The  results  support  the  concepts  of  environment-induced  dis¬ 
location  activity  and  cracking  occurring  at  a  critical  dislocation 
density. 
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Discussion 

W.W.  Gerberich  (University  of  Minnesota,  USA):  In  your 
single-crystal  [001],  (001)  orientation,  the  crack  appears  to  be 
growing  in  a  <1 10>  direction.  We  also  find  this  in  hydrogen-induced 
or  overload  cracking  in  many  body-centered  cubic  materials.  Do  you 
understand  why  cracking  always  occurs  in  the  <11 0>  direction? 

L.A.  Heldt:  We  have  confirmed  (Blanchard  and  Heldt,  Metall. 
Trans.,  in  press)  that  the  direction  of  cracking  is  [110],  Ayres  and 
Stein  [Acta  Metall.  19(1971)  p.  789]  assumed  cleavage  is  a 
high-velocity  process  accompanied  by  plastic  deformation  at  the 
crack  tip.  Although  cleavage  on  the  {01 1 }  is  predicted  on  the  basis  of 
surface  energy  alone,  they  considered  that  the  favored  cleavage 
system  would  be  that  which  caused  minimum  plastic  deformation  in 
front  of  the  crack  tip,  i.e.,  the  cleavage  system  that  results  in  the 
lowest  shear  stress  on  the  slip  planes.  Their  analysis  shows  that 
cleavage  on  the  {100}  plane  in  the  [110]  direction  is  the  favored 
system. 
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Crack  Initiation  and  Short  Crack  Growth 
During  the  Corrosion  Fatigue  of  Steels 
in  Saline  Solutions 

R.A.  Cottis,  A.  Markfield,  A.  Boukerrou,  and  P.  Haritopoulos* 


Abstract 

The  initiation  and  early  stages  of  growth  of  fatigue  and  corrosion  fatigue  cracks  have  been  studied  for 
two  steels.  The  first  of  these  was  a  quenched  and  tempered  steel  equivalent  to  HY80;  the  second  was 
a  ferritic-pearlitic  structural  steel  to  BS4360  grade  50D.  Tests  were  performed  in  fully  reversed 
four-point-bend  loading  at  a  frequency  of  25  Hz.  For  both  steels,  cracks  were  found  to  nucleate  primarily 
at  inclusions  and  to  propagate  at  stress-intensity  factor  ranges  well  below  the  threshold  for  long  cracks. 
For  tests  conducted  above  the  air  fatigue  limit,  the  effect  of  corrosion  in  3.5%  NaCI  solution  was  to 
enhance  the  growth  of  the  small  cracks;  at  the  same  time,  the  cracks  were  seen  to  be  significantly  wider 
than  those  formed  in  air.  The  acceleration  of  crack  growth  in  this  regime  is  postulated  to  be  associated 
with  the  effects  of  corrosion  in  assisting  the  growth  of  the  crack  through  microstructural  barriers  such 
as  grain  boundaries.  For  tests  performed  below  the  air  fatigue  limit,  the  inflation  process  appeared  to 
consist  of  pitting  corrosion  associated  with  sulfide  inclusions,  followed  by  fat  gue  crack  growth  when  the 
crack  length  approached  that  required  to  achieve  an  appropriate  threshold  stress-intensity  factor  range. 
Once  the  cracks  were  growing  in  the  “longer  crack”  regime  (above  about  1  mm  in  length),  an 
acceleration  due  to  corrosion  was  observed  in  these  tests  that  was  attributed  to  fully  reversed  loading 
conditions  combined  with  crack  broadening  by  corrosion.  This  reduced  the  effects  of  crack  closure  and 
increased  the  effective  stress-intensity  factor  range. 


Introduction 

The  initiation  of  corrosion  fatigue  cracks  has  frequently  been 
associated  with  the  development  of  pitting  corrosion.  Recently, 
understanding  of  the  initiation  and  early  stages  of  growth  of  fatigue 
cracks  has  been  markedly  enhanced  by  studies  of  the  growth  of 
cracks  with  dimensions  on  the  order  of  the  grain  size  (References  1 
and  2)  This  work  has  demonstrated  that  fatigue  cracks  nucleate 
relatively  easily,  even  in  inert  environments,  and  the  fatigue  behavior 
tends  to  be  controlled  by  the  ability  of  the  cracks  to  cross  the  first  few 
grain  boundaries  (or  other  microstructural  barriers).  This  can  be 
explained  qualitatively  in  terms  of  the  relative  ease  of  slip  on  a  single 
slip  plane  in  a  surface  grain,  compared  to  the  much  more  difficult 
situation  when  the  crack  crosses  into  the  next  grain.  This  is  repeated 
at  subsequent  grain  boundaries  and  results  in  crack  propagation  of 
the  form  indicated  in  Figure  1 .  Small  cracks  also  tend  to  grow  under 
conditions  in  which  the  validity  of  linear  elastic  fracture  mechanics 
breaks  down,  and,  consequently,  it  becomes  necessary  to  express 
the  crack  growth  behavior  in  the  form 

da/dN  =  f  ( a.  Ac)  (1) 

where  a  is  the  crack  length,  N  is  the  number  of  cycles,  and  A  a  is  the 
stress  range.  Figure  2  attempts  to  present  the  typical  form  of  this 
relationship,  which  is  essentially  a  three  dimensional  representation 
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of  contour  maps  suggested  by  Brown.3  Three  regions  can  be  seen  on 
this  diagram: 

(1 )  Small  a,  low  Ao.  No  crack  growth  will  occur,  although  it  is  not  clear 
whether  there  is  any  threshold  stress  range  below  which  no 
cracks  will  develop  within  single  grains  at  the  surface  of  the 
specimen. 

(2)  Small  a,  high  Au.  Crack  growth  occurs  within  single  grains,  and 
there  is  a  marked  reduction  in  growth  rate  as  the  crack  ap¬ 
proaches  microstructural  barriers  such  as  grain  boundaries.  The 
crack  growth  rate  in  this  regime  is  expected  to  be  somewhat 
complex  and  probably  requires  statistical  treatment  to  achieve  a 
quantitative  model.  Thus,  this  region  is  only  indicated  schemati¬ 
cally  in  Figure  2. 

(3)  Larger  a,  Acr  sufficient  to  give  AK  ->  AKm.  The  behavior  will  be 
defined  by  a  crack  growth  law  such  as  that  due  to  Paris.  For  the 
shorter  crack  lengths  and  higher  Air,  the  plastic-zone  size  may  be 
sufficiently  large  that  elastic-plastic  fracture  mechanics  methods 
may  be  necessary  to  quantify  the  behavior. 

The  objective  of  the  work  presented  here  was  to  investigate  the 
effects  of  corrosion  on  fatigue  processes,  with  particular  reference  to 
the  above  views  of  the  early  stages  of  crack  growth.  Two  materials 
have  been  investigated,  a  ferntic-pearlitic  structural  steel  to  BS4360 
grade  SOD  and  a  quenched  and  tempered  steel  to  specification  Q1 N. 
The  latter  specification  falls  almost  entirely  within  the  specification  for 
HY80,  and  this  material  will  be  referred  to  as  HY80  hereafter,  as  this 
specification  is  more  widely  known.  The  results  obtained  for  the  H  Y80 
have  been  presented  elsewhere.4  This  paper  will  concentrate  on  the 
results  obtained  for  the  structural  steel,  although  the  earlier  results 
will  be  reproduced  in  sufficient  detail  to  display  their  support  for  the 
models  proposed. 
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FIGURE  1— Propagation  of  a  small  fatigue  crack,  constant  Ac, 
crack  length  varying. 


FIGURE  2— Schematic  representation  of  crack  growth  as  a 
function  of  a  end  Act. 

Experimental 

Materials 

The  composition  and  mechanical  properties  of  the  two  materials 
that  have  been  investigated  are  presented  in  Tables  1  and  2. 

TABLE  1 

Chemical  Composition  of  Steels 


Element 

BS4360-50D 

HY80 

Carbon 

0.16 

0.15 

Silicon 

0.30 

0.32 

Manganese 

1.44 

0.35 

Sulfur 

0.011 

0.007 

Phosphorus 

0.026 

O.GiO 

Nickel 

0.03 

2.61 

Chromium 

0.06 

1.62 

Molybdenum 

<0.02 

<0.05 

TABLE  2 

Mechanical  Properties  of  Steels 

BS4360-50D 

HY80 

0.2%Proof  Stress  (MPa) 

378 

610 

Ultimate  tensile  stress  (MPa) 

522 

730 

Elongation  (%) 

30.5 

23 

Reduction  of  area  (%) 

69 

69.5 

Fatigue  testing 

Fatigue  tests  were  performed  in  an  Avery-Denisont  model  7803 
testing  machine.  This  uses  a  rather  complex  loading  arrangement  to 
provide  a  constant  bending  moment  over  the  central  region  of  the 
specimen  (i.e.,  the  loading  is  essentially  four-point  bend).  The  tests 
were  performed  at  a  frequency  of  25  Hz,  with  a  load  ratio  (R-value) 
of  -1  (i.e.,  fully  reversed  bend).  The  test  frequency  was  fixed  by  the 
design  of  the  test  machine.  While  it  is  high  by  comparison  with  recent 
crack  growth  studies  on  long  cracks,  it  has  been  found  to  provide 
useful  information  for  short  cracks.  An  additional  effect  of  the  high 
frequency,  fully  reversed  loading  is  that  the  flat  surfaces  of  the 
specimen,  in  which  the  fatigue  cracks  initiate,  are  alternately  exposed 
to  tensile  and  compressive  stresses.  Thus,  it  seems  unlikely  that  any 
accumulation  of  hydrogen  to  regions  of  triaxial  stress  can  occur  in  the 
20  ms  tensile  half-cycle,  and  it  is  considered  improbable  that 
hydrogen  effects  play  a  significant  part  in  the  results  obtained  in  this 
work.  For  corrosion  fatigue  tests,  the  solution  was  placed  in  an 
open-topped  silicone  rubber  cell  surrounding  the  specimen.  The 
vibration  resulting  from  the  fatigue  cycling  was  presumed  to  ensure 
that  the  solution,  which  was  in  contact  with  the  air,  was  fully  aerated. 


Specimen  configuration 

The  specimen  configuration  is  shown  in  Figure  3.  Prior  to 
testing,  both  surfaces  and  the  edges  of  the  specimen  were  polished 
to  1/4  p.m  diamond.  It  was  necessary  to  polish  all  surfaces  because 
any  unpolished  regions  modified  the  corrosion  behavior  of  the 
polished  surfaces  by  virtue  of  their  different  corrosion  potential.  The 
specimen  was  clamped  into  the  testing  machine  with  steel  bolts,  and 
for  the  tests  in  solution,  these  were  isolated  from  the  solution  by  a 
thick  coating  of  lacquer. 

(25.4  R) 


1  3/32" 
(27.8) 


3  1/4"  (82.6) 

Units  :  Inches  (approx,  mm) 
Thickness :  1/8"  (3.2) 


(a)  Geometry  ot  Bending  Fatigue  Specimen 


Rolling  Direction  (L) 


Short 
Transverse 
Direction  (ST)' 


HX3 


Transverse 
Direction  (T) 


(b)  Specimen  Orientation 
FIGURE  3— Specimen  configuration. 

Crack  growth  measurements 
The  lengths  of  cracks  developing  on  the  surface  were  deter¬ 
mined  by  optical  microscopy.  To  achieve  .this,  it  was  necessary  to 
remove  the  specimen  from  the  testing  machine,  and,  in  the  case  of 
the  tests  in  solution,  to  clean  the  specimen  to  remove  loose  corrosion 
product  and  (probably  more  importantly)  to  remove  the  saline 
environment  to  restrict  corrosion.  While  it  is  clear  that  this  procedure 
will  have  modified  the  corrosion  behavior  to  some  extent,  it  is 
considered  preferable  to  the  alternative  of  taking  plastic  replicas  from 
the  surface,  since  there  is  evidence  that  the  latter  causes  major 
perturbations  in  corrosion  reactions.5  Crack  growth  rates  were 
computed  directly  from  differences  between  individual  crack  lengths. 


tTrade  name. 
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Results 

S-N  curves 

The  curves  of  stress  amplitude  vs  number  of  cycles  to  failure  are 
presented  in  Figures  4  and  5.  As  expected,  the  effect  of  3.5%  sodium 
chloride  solution  is  to  reduce  the  fatigue  endurance  for  both 
materials,  with  indications  that  the  fatigue  limit  observed  in  air 
disappears  in  the  corrosive  environment. 


Number  of  Cycles-fo-Failure 


FIGURE  4— S-N  curve  for  HY80. 


Number  of  Cycles  to  Failure 


FIGURE  5— S-N  curve  for  structural  steel. 


Crack  growth  behavior 

The  typical  variation  of  crack  length  with  time  for  the  structural 
steel  is  presented  in  Figures  6  and  7  for  air  and  3.5%  sodium  chloride, 
respectively.  To  compare  crack  growth  rates  in  the  two  environ¬ 
ments,  these  tests  were  both  performed  above  the  air  fatigue  limit, 
and  the  extent  of  pitting  associated  with  tho  tests  in  corrosion  was 
very  limited.  Similar  data  for  tho  quenched  and  tempered  steel  have 
been  presented  elsewhere.'4  Crack  growth  rates  are  plotted  in  Figure 
8  as  a  function  of  crack  length  (for  a  constant  stress  amplitude  of  350 
MPa).  Similar  data  for  the  quenched  and  tempered  steel  are 
presented  in  Figure  9,  together  with  data  obtained  by  other  workers 
for  long  cracks  (the  latter  have  been  converted  from  da/dN  vs  AK  to 
da/dN  vs  a  by  assuming  an  appropriate  K  calibration,  together  with 
the  actual  stress  amplitude  of  540  MPa.  As  the  crack  is  expected  to 
be  closed  during  the  compressive  half  of  the  load  cycle,  only  the 


tensile  half  of  the  cycle  has  been  used  in  calculating  AK).  As  all  crack 
lengths  in  this  work  were  measured  at  the  specimen  surface,  the  K 
calibration  is  based  on  a  semielliptical  crack  with  a  c/a  ratio  of  0.75, 
which  has  been  shown  by  other  workers  to  be  typical  of  small  surface 
cracks.7 


FIGURE  6— Crack  length  vs  number  of  cycles  for  structural  steel 
in  air,  stress  amplitude  350  MPa. 


Half  Crack  Length,  o  (mm) 


FIGURE  7— Crack  length  vs  number  of  cycles  for  structural  steel 
In  3.5%  sodium  chloride  solution,  stress  amplitude  350  MPa. 


FIGURE  8— Crack  growth  rate  vs  crack  length  for  structural 
steel  determined  by  difference. 
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FIGURE  9— Crack  growth  rate  vs  crack  length  for  quenched  and 
tempered  steel  determined  by  difference. 

Crack  initiation  sites 

For  both  steels,  the  sites  of  crack  initiation  in  air  were  primarily 
oxide  inclusions,  while  in  the  corrosive  environment,  initiation  moved 
to  sulfur-containing  inclusions,  either  plain  sulfides  or  duplex 
inclusions.4  At  lower  stress  amplitudes,  particularly  below  the  air 
fatigue  limit,  crack  initiation  in  corrosion  was  accompanied  by  pitting 
corrosion  around  the  inclusions.  As  the  applied  stress  range  was 
reduced,  the  diameter  of  the  pits  found  at  fracture  tended  to  increase, 
and  the  diameter  of  the  largest  pits  found  on  failed  specimens  of  the 
quenched  and  tempered  steel  are  plotted  on  the  Kitagawa  diagram 
of  Figure  10. 


FIGURE  10— Pit  depth  at  failure  plotted  on  a  Kitagawa  diagram 
for  quenched  and  tempered  steel. 

Discussion 

Three  regimes  of  behavior  can  be  considered,  according  to  the 
applied  stress  rango  and  crack  length; 

(1)  Low  Act,  small  a.  In  this  region,  a  fatigue  crack  would  not  be 
expected  to  grow  in  air  (i.e„  the  stress  range  is  below  the  air 
fatigue  limit),  although  nonpropagating  cracks  may  develop  within 
individual  grains.  As  indicated  by  Figure  10,  it  appears  that  cracks 
in  corrosion  fatigue  initiate  by  pitting  corrosion.  Once  the  pits 
reach  a  sufficient  size  to  attain  the  threshold  stress-intensity 
factor  range  for  crack  growth,  fatigue  crack  growth  takes  over. 


The  pitting  corrosion  process  may  itself  be  influenced  by  the 
fatigue  cycling,  as  pitting  tests  performed  on  static  samples  gave 
significantly  lower  pit  densities  than  were  observed  on  the  fatigue 
samples,  and  the  pitting  on  the  fatigue  samples  tended  to 
concentrate  in  the  region  of  high  cyclic  stress.  The  mechanism  of 
the  pitting  corrosion  has  been  discussed  elsewhere,4  and  it  is 
considered  to  be  associated  with  the  enhancement  of  the  anodic 
dissolution  of  the  iron  by  the  reduced  sulfur  species. 

(2)  High  Act,  small  a:  These  have  been  described  as  microstructurally 
short  cracks,  and  they  will  grow  both  in  air  and  in  the  corrosive 
environment.  For  corrosion  fatigue  tests,  relatively  little  pitting 
corrosion  is  observed  over  the  time  scale  of  the  fatigue  test.  In  this 
regime,  it  is  notable  that  the  fatigue  cracks  are  much  wider  in  the 
corrosive  environment  than  in  air.  It  is  suggested  that  a  primary 
role  of  corrosion  in  this  situation  is  to  assist  in  the  propagation  of 
the  crack  across  microstructural  barriers  such  as  grain  bound¬ 
aries.  To  some  extent,  this  may  be  considered  simply  a  result  of 
crack  advance  by  a  corrosion  process.  This  would  give  a  lower 
bound  to  the  crack  growth  rate,  which  can  be  estimated  from  the 
pit  growth  rate.  For  the  HY80,  this  may  be  estimated  from  Figure 
10,  which  indicates  that  pits  will  grow  to  200  pm  in  depth  in  the 
time  required  for  a  specimen  to  fail  at  an  applied  stress  amplitude 
of  about  200  MPa.  From  Figure  5,  this  implies  a  crack  growth  rate 
of  2  x  10-7  mm/cycle.  It  is  difficult  to  test  whether  or  not  this 
minimum  crack  growth  rate  actually  applies  for  the  experiments 
presented  here,  as  readings  were  taken  rather  infrequently,  and 
the  data  obtained  are  averaged  over  a  rather  large  number  of 
cycles.  However,  it  may  be  significant  that  the  lowest  crack  growth 
rate  observed  in  corrosion  is  on  the  order  of  10  7  mm/cycle, 
whereas  lower  growth  rates  are  observed  in  air. 

Another  aspect  of  the  effect  of  corrosion  of  the  crack  tip  in  this 
regime  is  that  corrosion  will  tend  to  blunt  the  crack  tip.  At  first  this 
might  be  expected  to  reduce  the  crack  growth  rate,  and  this 
process  has  been  postulated  to  explain  the  increase  in  threshold 
stress-intensity  factor  range  (AKth)  that  is  observed  in  some 
corrosive  environments.  However,  further  consideration  of  cur¬ 
rent  views  on  the  growth  of  microstructurally  short  cracks  leads  to 
a  rather  different  conclusion.  These  cracks  initiate  easily  within 
individual  grains  at  free  surfaces  but  tend  to  be  arrested  or 
delayed  at  microstructural  barriers  such  as  grain  boundaries. 
Thus,  a  sharp  crack  at  a  grain  boundary  must  be  less  damaging 
than  an  uncracked  free  surface.  This  is  further  demonstrated  by 
the  phenomenon  of  nonpropagating  cracks  that  develop  at 
notches  but  are  unable  to  continue  to  propagate  into  the  bulk 
material.  This  may  be  rationalized  in  terms  of  the  effect  of  plastic 
constraint  at  the  crack  tip,  which  makes  the  reinitiation  of  the 
crack  in  the  new  grain  more  difficult  than  it  is  at  the  free  surface, 
despite  the  stress  concentration  at  the  crack  tip.  Additionally,  the 
slip  planes  in  the  new  grain  will  usually  be  misaligned  with  respect 
to  the  crack  tip,  and  the  new  crack  will  not  bo  able  to  initiate  on  a 
single  slip  plane.  By  broadening  the  area  of  new  grain  exposed  at 
a  grain  boundary,  it  is  suggested  that  corrosion  makes  it  easier  for 
the  crack  to  reinitiate  in  the  new  grain.  In  part  this  is  because  the 
reduction  of  plastic  constraint  will  make  slip  in  the  new  grain 
easier,  and  because  the  broader  crack  tip  makes  it  easier  to 
accommodate  misalignment  between  the  slip  planes  in  the  new 
grain  and  the  plane  of  the  crack  as  it  approaches  the  grain 
boundary. 

(3)  High  Act,  larger  a:  In  this  work,  the  cracks  in  this  region  could  be 
decribed  as  “chemically  short,"  in  that  the  crack  length  is  larger 
than  the  grain  size  of  the  steel,  but  the  chemical  processes  within 
the  crack  will  be  more  markedly  affected  by  the  chemical 
conditions  outside  the  crack  than  would  bo  the  case  for  longer 
cracks.  In  particular,  it  might  be  expected  that  the  rate  of  corrosion 
at  the  crack  tip  will  be  much  greater  than  would  be  the  case  for  a 
long  crack,  which  tends  to  be  shielded  from  corrosion.  This  will  be 
especially  true  for  the  results  this  work,  which  are  based  on 
measurements  of  surface  cracx  length  and  will  therefore  be 
biased  toward  the  effects  of  surface  corrosion  rates.  In  this  region, 
cracks  grow  by  essentially  the  same  processes  as  long  cracks. 


226 


EiCM  Proceedings 


For  the  test  conditions  studied  in  this  work  (in  particular  R  = 
-1),  broadening  of  the  crack  by  corrosion  of  the  crack  walls  leads  to 
a  reduction  in  the  crack  closure  and  a  consequent  increase  in  crack 
growth  rate.  At  first  sight,  this  effect  is  directly  opposed  to  the  concept 
of  corrosion-product-induced  crack  closure  postulated  by  Ritchie  and 
others,6  but  these  two  phenomena  can  be  reconciled  by  considering 
the  site  at  which  corrosion  product  is  precipitated.  If  the  corrosion 
product  forms  within  the  crack,  it  will  probably  act  as  a  wedge  and 
increase  the  closure  load  (since  the  corrosion  product  wi'l  almost 
inevitably  have  a  larger  volume  than  the  metal  from  which  it  was 
formed).  This  is  most  likely  to  occur  for  longer  cracks,  particularly  for 
cracks  produced  in  humid  air  or  low-conductivity  electrolytes.  In 
contrast,  if  the  corrosion  product  precipitates  outside  the  crack,  as 
appears  to  be  the  case  for  the  short  cracks  in  the  relatively 
concentrated  chloride  solutions  used  in  this  work,  the  closure  load  will 
be  reduced,  and  crack  growth  rates  will  increase. 


Summary  of  Proposed  Mechanisms  of  initiation 
and  Early  Growth  of  Corrosion  Fatigue  Cracks 


FIGURE  11— Effect  of  corrosion  on  the  relationship  between 
da/dN,  a,  and  Air. 


The  general  behavior  of  fatigue  cracks  in  corrosive  environ¬ 
ments  is  indicated  in  Figure  1 1 .  It  is  suggested  that  the  crack  growth 
rate  is  enhanced  in  all  three  regions  (for  the  test  conditions  used  in 
this  work),  although  the  detailed  mechanisms  may  differ: 

(1)  Below  the  air  fatigue  limit,  the  main  role  of  corrosion  is  to  create 
pits  that  act  as  stress  concentrators  and  cause  the  stress- 
intensity  factor  range  to  exceed  the  threshold.  A  secondary  effect 
may  be  to  reduce  crack  closure  by  corrosion  of  the  walls  of  the 
crack  and  thereby  reduce  the  effective  threshold. 

(2)  Above  the  air  fatigue  limit,  corrosion  increases  the  growth  rate  of 
small  cracks  by  corrosion  of  the  crack  tip,  which  allows  the  crack 
to  cross  the  grain  boundary  more  easily.  This  is  partly  because  of 
the  direct  extension  of  the  crack  by  corrosion,  partly  because  of 
the  reduction  of  constraint  at  the  crack  tip,  which  allows  easier  slip 
in  the  new  grain,  and  partly  because  the  broader  ciack  tip  makes 
it  easier  to  accommodate  the  misorientation  between  the  crack 
plane  and  the  slip  planes  in  the  new  grain. 

(3)  As  the  crack  moves  into  the  long-crack,  Paris-law  regime,  the 
main  effect  of  corrosion  is  to  reduce  closure  by  dissolution  of  the 
crack  walls.  For  the  fully  reversed  loading  used  in  this  woik,  this 
results  in  a  doubling  of  the  effective  K,  with  a  consequent  increase 
in  crack  growth  rate. 
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Low-Temperature  Creep  of  Austenitic-Ferritic  and  Fully 
Austenitic  Stainless  Steels  and  a  Ferritic  Pipeline  Steel 

M.M.  Fester),*  J.G.  Erlings,**  and  R.A.  Fransz*** 

Abstract 

Low-temperature  creep  (LTC)  behavior  of  duplex  and  type  31 6L  (UNS  S31 603)  stainless  steels  and  API 
5L  X60  pipeline  steel  at  20’C  has  been  determined  at  various  stress  levels  below  the  yield  stress  (o-0  2). 

It  will  be  shown  that  even  at  these  low  stress  levels,  the  LTC  process  may  produce  the  plastic-straining 
conditions  necessary  for  crack  initiation  in  plastic-deformation-induced  environmental  cracking. 

Dynamic  loading  may  pose  an  additional  risk  for  stress  corrosion  cracking  initiation  as  a  result  of  a 
recurring  LTC  process. 


Introduction 

In  many  cases  of  stress  corrosion  cracking  (SCC)  and  cracking  that 
results  from  hydrogen  embrittlement  (HE),  slow  plastic  deformation  is 
a  prerequisite  for  crack  initiation  and  crack  growth.’  ’  Careful  test 
design  is  thus  needed  to  acquire  meaningful  SCC/HE  data.  To  this 
end,  we  previously  developed  a  test  procedure  that  permitted 
identification  of  the  role  of  dynamic  plastic  deformation  in  SCC/HE 
cracking.  This  test  procedure,  based  on  various  slow-suain-rate 
(SSR)  tests,  is  explained  in  Figures  1  and  2?  The  procedure  is 
presently  used  for  studies  on  SCC  and  HE  mechanisms,  for  the 
assessment  of  environmental  cracking  susceptibilities  under  specific 
operating  conditions,  and  for  the  generation  of  data  for  fitness-for- 
service  analyses.  For  duplex  stainless  steel  (SS),  for  example,  in  a 
variety  of  H2S-containmg  environments,  initiation  of  SCC  was  only 
observed  when  the  material  was  subjected  to  slow  plastic 
deformation.3 

In  constant-load  tests,  low-temperature  creep  (LTC)  is  known  to 
result  in  significant  amounts  of  plastic  straining  at  tensile  stresses 
above  the  yield  stress.4,5  Experimental  confirmation  that  LTC  at 
stress  levels  above  the  yield  stress  can  result  in  SCC  initiation  was 
found  in  a  cyclic  loading  experiment  on  carbonate/bicarbonate  SCC 
of  API  6L  X60,  a  ferritic  pipeline  steel.  Cyclic  loading  between  360 
and  460  MPa  (a^g  was  520  MPa  and  cr0  2  was  382  MPa)  at  a  strain 
rate  of  7  a  10  7  s  '  and  a  frequency  of  7  *  10  4  Hz,  with  the  first 
cycles  being  performed  at  potentials  outside  the  critical  potential 
range  for  SCC  initiation,  rosulted  in  severe  cracking  with  a  crack 
growth  rate  of  0.42  jim/cycle  (2.1  jxm/h).  The  stress-strain  curve 
(Figuro  3j  clearly  points  to  LTC  during  cyclic  loading.  In  another  test, 
no  LTC  was  observed  after  prestressing  of  the  specimen  at  prior 

to  the  same  load  cycling  in  the  corrosive  environment,  and  the  SCC 
crack  growth  rato  was  an  order  oi  magnitude  smaller. 

Quantitative  LTC  data  at  stress  levels  below  the  yield  stress, 
being  of  more  practical  importance,  are  scarco.  In  view  of  the 
dominant  rolo  of  plastic  straining  for  the  initiation  and  propagation  of 
environmental  cracking  in  a  number  of  cases,  we  investigated  the 
occurrence  of  slow  plastic  deformation  at  stress  lovels  below  the  yield 
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stress  (o02).  In  the  present  study,  a  strain  rate  between  10-5  and 
10"9s*'  is  considered  to  be  of  practical  significance  for  SCC 
initiation.  The  lower  limit  was  chosen  because  of  practical  experi¬ 
mental  limitations,  because  we  observed  SCC  to  occur  at  a  strain 
rate  in  this  order  of  magnitude,2  and  in  view  of  realistic  SCC  crack 
propagation  rates. 

At  low  temperatures,  creep  is  a  transient  process  resulting  from 
work  hardening  The  LTC  strain  (euc)  generally  obeys  the  equation 
«uo  3  co  !°g(1  +  PI),  with  t  being  time  and  eQ  and  (J  being  constants. 
Dynamic  loading  may  cause  additional  creep  after  the  creep  by  static 
loading  has  been  exhausted.56  This  phenomenon  can  be  explained 
as  a  special  case  of  the  Bauschinger  effect,  whereby  the  flow  stress 
decreases  as  a  result  of  unloading.7  Since  it  was  recently  found  that 
duplex  SS  is  only  susceptible  to  sulfide  stress  cracking  in  a  sour 
environment  if  it  is  subjected  to  slow  plastic  straining,  we  performed 
LTC  measurements  with  this  material.  API  5L  X60  and  type  31 6L 
(UNS  S31603),  an  austenitic  SS,  were  also  examined. 

Experimental 

Solution-annealed  duplex  SS  (UNS  S31803),  annealed  type 
3^  SS,  and  API  5L  X60  pipeline  steel  were  tested  for  LTC  ir.  the 
as  received  condition.  Tests  were  performed  with  dumbbell  tensile 
specimens  with  a  gauge  length  of  1 7.5  mm  and  a  diameter  of  3.5  mm 
for  duplex  SS  and  API  5L  X60;  for  type  316L  SS  the  dimensions  were 
31  mm  and  4  mm, 

LTC  tests  were  performed  in  Mayes  Unisteel*  constant-load 
testing  machines  of  12  kN  capacity,  which  were  modified  to  enable 
gentle  loading  and  load  cycling.  The  LTC  tests  were  done  in  a  silicone 
oil  bath  at  20'C.  Straining  was  measured  with  strain  gauges  of 
Hoettinger*  Baldwin  Messtechnik,  a  Vishay*  2110/2120  amplifier, 
and  a  Fluko*  8840A  digital  voltmeter.  The  load  was  measured  with  a 
load  cell  of  Hoettinger  Baldwin  Messtechnik  and  recorded  with  a 
Hewlett  Packard*  3955  digital  voltmeter.  The  data  acquisition  and 
measurement  control  took  place  with  a  Hewlett  Packard  86B 
computer.  Constant  load  LTC  straining  was  measured  at  several 
stress  levels  between  the  proportionality  stress  up  and  <r02.  op  and 
o02  were  measured  at  ambient  temperature  with  a  50  kN  tensile 
machine,  built  in-house.  trp  is  strain  rate  dependent  and  wasdeter- 
mined  at  a  slow-strain  rate.  Dynamic  loading  LTC  was  measured  on 
the  same  specimen  after  LTC  by  static  loading  had  been  exhausted. 
The  load  was  cycled  on/off  between  zero  and  the  load  used  in  the 
static  test,  at  time  intervals  of  10  min. 
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constant  stress  level  of  500  MPa,  the  specimen  creeps  with  a  strain 
rate  larger  than  1 0"9  s- '  for  almost  3  days.  Even  at  a  constant  stress 
level  of  225  MPa,  the  creep  rate  is  above  this  level  for  1  h.  The  cyclic 
loading  LTC  strain  rates  are  given  in  Figure  4(c);  they  show  that,  as 
a  result  of  load  cycling  between  0  and  500  MPa— after  the  500  MPa 
static  load  creep  has  been  exhausted— the  material  still  crept  with  a 
creep  rate  above  10-9  s-'  for  approximately  1  day. 

LTC  MICROSTRAIN 


DEFORMATION  DURING 


SERVICE? 


STATIC  TESTS 


DYNAMIC  PLASTIC 
STRAINING  TESTS 


FIGURE  1  —Stress  corrosion  cracking/hydrogen  embrittlement 
test  method  selection  procedure  identifying  the  role  of  dynamic 
plastic  straining.  SSR  =  slow-strain  rate;  ESSR  =  elastic 
slow-strain  rate;  SCC  =  stress  corrosion  cracking. 

STRESS 


FIGURE  2-Schematic  description  of  various  test  modes: 
Mode  1  ss  A  =  monotonlcally  rising  load  SSR  test 
Mode  2  =  B  +  C  =  monotonlcally  rising  load  ESSR  test 
Mode  3  =  B  +  D  =  cyclic  loading  ESSR  test 

STRESS  [MPoj 


O  2  1ti4  6  8  10  12 

x  1000  TIME  [s] 

tog  LTC  STRAIN  RATE  [i/s] 
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Log  LTC  STRAIN  RATE  1/S 


STRAIN  [% ] 

FIGURE  3-Stress-strain  curve  of  API  5L  X60  pipeline  steel, 
showing  low-temperature  creep  during  cyclic  loading  at  75°C; 
ffyis  —  520  MPa;  (J0.3  =  380  MPa. 

Results  and  Discussion 
The  LTC  straining  during  constant  loading  did  obey  the  equation 
given  in  the  introduction.  The  strain  rate  during  load  cycling  was 
derived  from  a  curve-fitting  procedure  applied  to  the  envelope 
connecting  successive  Individual  cycles  of  loading  using  the  same 
equation. 

Duplex  SS.  Tensile  testing  revealed  a  <j02  of  525  MPa, 
whereas  an  SSR  test  with  a  strain  rate  of  6  x  10*6  s-1  showed  irp 
to  bo  265  MPa.  Figure  4  gives  the  results  of  the  LTC  experiments  with 
duplex  SS  Figure  4(a)  shows  the  constant-load  creep  curves.  Figure 
4(b)  shows  the  strain  rate  vs  time  for  the  constant-load  test.  At  a 


1  2  3'»  41151* 

c  log  TIME  [»} 

FIGURE  4-Low-temperaturo  creep  of  duplex  stainless  steel  at 
room  temperature  (yield  stress  Is  525  MPa):  (a)  and  (b)  constant- 
load  LTC  strain  vs  time  and  (c)  cyclic-load  LTC  (10/10  min)  strain 
rate  vs  time. 
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Type  316L  SS.  SSR  tensile  testing  at  a  strain  rate  of  7  x 
10-6  s-'  resulted  in  a  o-p  value  of  80  MPa  and  a  <r0  2  of  250  MPa.  The 
experimental  results,  presented  in  Figure  5,  show  that  LTC  with  a 
creep  rate  higher  than  10'9s_1  can  be  sustained  during  static 
loading  for  1  h  at  <rp  and  1  day  at  210  MPa.  Cyclic  loading  between 
0  and  210  MPa,  at  10-min  intervals,  resulted  in  an  LTC  strain  rate 
higher  than  10"9  s"1  for  9  h  after  exhaustion  of  the  static  load  LTC 
[Figure  5(c)]. 

API  5L  X60  pipeline  steel.  SSR  tensile  sting  with  a  sVain  rate 
of  1 .3  x  1  o-5  s-'  revealed  a  crp  of  1 56  MPa  and  a0  2  of  485  MPa.  The 
LTC  results  are  given  in  Figure  6.  The  constant-load  LTC  strain  rate 
is  larger  than  10~9  s-’  for  0.7  h  at  ap  and  9.3  h  at  cr0  2  The  additional 
LTC  straining  with  a  strain  rate  above  10"9  s-'  lasts  for  1.5  h  during 
cyclic  loading  at  crp  and  6.7  h  at  <r02  (Figure  6(c)]. 

The  total  constant-load  LTC  strains  of  the  three  materials  as  a 
function  of  the  ratio  of  the  constant-load  stress  over  <r02  is  given  in 
Figure  7.  As  a  function  of  these  relative  stresses,  the  ranking  of  the 
materials,  in  order  of  decreasing  LTC  straining,  is  type  31 6L  SS, 
duplex  SS,  API  5L  X60;  this  is  especially  so  at  stress  levels  close  to 
<r02.  Note  that  the  <r02  of  duplex  SS  and  X60  steel  is  a  factor  of  2 
higher  than  that  of  type  31 6L  SS.  The  period  during  which  the 
material  plastically  strains— with  a  strain  rate  above  10-9s-1 
—during  application  of  a  constant  load  below  aoz  is  shown  in  Figure 
8.  At  stress  levels  close  to  a0  2,  the  duration  of  LTC  straining  for  X60 
is  considerably  shorter  than  that  of  duplex  and  type  316L  SSs. 

The  occurrence  of  LTC  during  constant-load  tests  may  well  be 
the  cause  of  SCC/HE  failures  of  duplex  SS  in  sour  environments 
during  static  testing  and  may  explain  the  large  scatter  in  these  results 
in  the  literature.3 

Under  more  realistic  operating  conditions,  additional  LTC  strain¬ 
ing  may  occur  if  the  load  fluctuates.  Following  SCC  crack  initiation, 
local  LTC  may  be  sustained  at  the  crack  tip  because  of  the  stress 
concentration.  The  continued  plastic  straining  can  then  result  in  the 
propagation  of  SCC  cracks. 


Conclusion 

LTC  measurements  at  20°C  have  shown  that  at  stress  levels 
below  a02,  significant  creep  can  occur  in  duplex  and  type  31 6L  SSs, 
and  to  a  lesser  extent  in  API  5L  X60  pipeline  steel.  The  lower  limit  for 
the  stress  required  to  result  in  macroscopic  LTC  at  constant  load  was 
found  to  be  close  to  <rp.  Assuming  a  strain  rate  lower  limit  of  1CT9  s~’ 
is  required  for  the  initiation  of  SCC/HE,  these  materials  would  be 
vulnerable  as  a  result  of  constant-load  LTC  for  a  time  period  of 
approximately  1  h  at  <rp  up  to  several  days  close  to  (t02.  Additional 
LTC  straining,  after  exhaustion  of  the  constant-load  LTC,  may  occur 
if  the  load  fluctuates. 
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FIGURE  5-Low-temperature  creep  of  type  316L  (UNS  S31603) 
stainless  steel  at  room  temperature  (yield  stress  Is  250  MPa):  (a) 
and  (b)  constant-load  LTC  strain  vs  time,  and  (c)  cyclic-load  LTC 
(10/10  min)  strain  rate  vs  time. 
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FIGURE  6— Low-temperature  creep  of  API  5LX  X60  pipeline  steel 
at  room  temperature  (yield  Is  485  MPa):  (a)  and  (b)  constant¬ 
load  LTC  strain  vs  time  and  (c)  cyclic-load  LTC  (10/10  min)  strain 
rate  vs  time. 


CONSTANT  LOAD  STRESS /<r02 

FIGURE  7— Total  constant-load  LTC  strain  for  duplex  and  type 
31 6L  (UNS  S31603)  stainless  steels  and  X60  pipeline  steel  as  a 
function  of  the  ratio  of  stress  vs  yield  stress. 


FIGURE  8— Duration  of  LTC  straining  in  the  critical  strain-rate 
range  for  duplex  and  type  31 6L  (UNS  S31 603)  stainless  steel  and 
X60  pipeline  steel  while  applying  a  constant  load. 

Discussion 

F.P.  Ford  (General  Electric  R&D,  USA):  It  is  encouraging  to 
see  the  relationship  between  creep  rate  and  stress  corrosion 
cracking  (SCC)  since  this  is  fundamental  to  current  cracking  models. 
I  would  love  to  see,  however,  the  relationship  between  stress  (or 
stress  intensity)  and  crack-tip  creep  rate,  where  the  latter  term  is 
governed  by  the  dynamnic  equilibrium  associated  with  loss  of  active 
dislocation  sources  (due  to  a  logarithmic  creep  law)  and  introduction 
of  new  dislocation  sources  (due  to  the  moving  crack). 

M.M.  Festen:  The  low-temperature  creep  measurements  done 
at  the  Koninklijke/Shell  laboratory  in  Amsterdam  have  been  per¬ 
formed  with  uniaxially  stressed  plain  tensile  specimens.  Localized 
creep  at  a  crack  tip  will  be  very  difficult  to  determine  experimentally. 
We  intend  to  derive  crack-tip  rates  from  a  model  that  translates 
uniaxial  creep  data  into  crack-tip  creep  data  under  the  condition  of  a 
multiaxial  stress  state  at  a  crack  tip.  For  SCC-induced  plastic 
straining,  crack  propagation  should  occur  at  such  a  rate  that  a 
sufficiently  high  creep  rate  is  maintained  at  the  crack  tip. 

We  would  be  very  pleased  to  learn  more  of  your  work  in  relation 
to  this  subject.  Are  there  appropriate  references? 

F.P.  Ford:  The  formulation  of  the  crack-tip  strain  rate  in  terms 
of  engineering  “stress"  parameters  remains  one  of  the  hardest  tasks 
in  the  overall  objective  of  quantifying  mechanisms  based  on  life- 
prediction  models,  primarily  because  of  the  difficulty  in  experimen¬ 
tally  verifying  the  various  algorithms.  References  are  given  in  my 
paper  at  this  conference  (Ford,  "The  Crack-Tip  System  and  Its 
Relevance  Prediction  of  Cracking  in  Aqueous  Environments,"  this 
proceedings)  on  the  crack-tip  systems  that  tackle  this  problem. 
Realistically,  I  expect  it  will  be  several  years  before  we  have  an 
unambiguous  agreement  between  experiment  and  theory  on  this 
subject.  The  best  we  can  do  now  is  formulate  empirically  based 
algorithms.  This  is  unsatisfactory  from  an  academic  viewpoint,  but  is 
usable! 
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Aqueous  Environment  Effects 
on  intrinsic  Corrosion  Fatigue  Crack  Propagation 

in  an  Ai-U-Cu  Alloy 

R.S.  Piascik  and  R.P.  Gangloff* 

Abstract 

Intrinsic  corrosion  fatigue  crack  growth  (FCG)  in  Al-Li-Cu  alloy  2090  exposed  to  aqueous  NaCI  is 
examined  by  new  fracture  mechanics  methods  applied  to  short  cracks  of  depth  less  than  5  mm.  Two 
regimes  of  the  environmental  effect  are  studied:  low  mean  stress-high  cyclic  stress-intensity  range  and 
high  stress  ratio-near-threshold  or  ripple  loading.  Within  each  regime,  alloy  2090  exhibits  accelerated 
transgranular  FCG  in  an  aqueous  NaCI  environment  with  anodic  polarization,  relative  to  moist  air  and 
inert  helium.  Corrosion  FCG  in  the  LT  orientation  exhibits  a  crystallographic  "cleavage”  morphology  at 
low  AK  and  highly  deflected  slip  band  cracking  at  high  AK.  Aqueous  NaCI  experiments  reveal  mildly 
increased  FCG  rates  with  increased  cyclic  frequency,  strongly  reduced  da/dN  with  cathodic  polarization, 
and  a  decreased  environmental  effect  because  of  Li2C03  addition.  Hydrogen  embrittlement  is 
suspected,  with  surface  films  retarding  crack-tip  environmental  reactions  for  hydrogen  production  and 
dissolution.  Alloy  2090  is  more  resistant  to  aqueous  corrosion  FCG  than  Al-Zn-Mg-Cu  alloy  7075  and 
behaves  similarly  to  conventional  2000  series  alloys  such  as  2219. 


Introduction 

The  objective  of  this  research  is  to  characterize  and  understand 
intrinsic  fatigue  crack  propagation  in  advanced  aluminum-lithium- 
based  alloys  with  emphasis  on  the  damage  mechanisms  for  envi¬ 
ronmentally  assisted  transgranular  cracking.  While  the  importance  of 
complex  extrinsic  contributions  (namely  crack  closure,  delamination, 
and  crack  deflection)  to  the  fatigue  crack  propagation  (FCP)  resis¬ 
tance  of  Al-Li  alloys  is  established,'  gaseous  and  aqueous  environ¬ 
mental  effects  have  not  been  examined. 

Intrinsic  corrosion  fatigue  crack  growth  (FCG)  is  that  governed 
by  crack  tip  microstructure  and  mechanical  and  chemical  driving 
forces  independent  of  the  external  influences  of  closure  contact, 
crack  deflection,  and  transient  chemical  factors  that  alter  steady- 
state  crack  growth.  We  believe  that  it  is  fundamentally  important  for 
mechanistic  interpretation  to  define  intrinsic  FCG  rates  that  are 
constant  with  constant  applied  AK  and  with  constant  applied  bulk 
environment  conditions  for  any  number  of  load  cycles,  crack  size,  or 
specimen  geometry. 

In  this  study,  fracture  mechanics  experiments  developed  to 
characterize  intrinsic  FCP  for  benign  environment  exposure  and 
based  on  short  crack,  programmed  stress-intensity  methods2  are 
extended  to  investigate  the  effect  of  aqueous  sodium  chloride. 
Emphasis  is  placed  on  electrochemical  control  of  the  environment 
and  on  high  resolution  measurements  of  fatigue  crack  length  changes 
in  response  to  chemical  variations. 

Experimental  Procedure 

A  3.8-cm-thick  plate  of  an  advanced  Al-Li-Cu-Zr  alloy  (AA  2090) 
was  studied  in  the  rolled,  unrecrystallized,  peak-aged  condition.  Alloy 
composition,  heat  treatment,  mechanical  properties,  and  microstruc¬ 
ture,  defined  by  optical  and  transmission  electron  metallography,  are 
summarized  in  Table  1 .  Results  are  compared  to  Al-Zn-Mg-Cu  alloy 
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7075-T651  (6.4-cm  oiled  plate);  chemical  composition  and  mechan¬ 
ical  properties  are  shown  in  Table  2. 

Corrosion  behavior  was  characterized  by  standardized  poten- 
tiodynamic  polarization  experiments  at  a  standard  scan  rate  of  0.16 
mV/s  in  helium  deaerated,  1%  aqueous  NaCI  at  pH  8  and  297°K.3  All 
scans  were  performed  from  the  most  cathodic  to  the  most  anodic 
potentials.  Corrosion  fatigue  experiments  were  conducted  with 
specimens  fully  immersed  in  flowing  (30  mL/mm),  helium  deaerated, 
1%  NaCI  (pH  8)  in  a  1.5  L  sealed  Plexiglast  chamber.  The  electrode 
potential  was  maintained  constant  by  a  Wenkingf  potentiostat  and 
platinum  counter  electrodes  isolated  from  the  solution  through 
asbestos  frits.  Results  are  compared  to  FCG  in  moist  air  (30  to  60% 
relative  humidity)  and  in  purified  helium  contained  in  a  bakable,  metal 
bellows  and  gasket-sealed  chamber  capable  of  a  dynamic  vacuum  of 
1  jiPa,  as  detailed  elsewhere.4 

Short  crack  fatigue  propagation  experiments  were  conducted 
with  single  edge  notched  specimens  (10.16  mm  wide,  2.54  mm  thick, 
0.25  or  0.89  mm  notch  depth)  machined  in  the  LT  orientation  at  the 
one  third  thickness  position  in  the  rolled  plate.  Pinned,  freely  rotating 
grips  were  used,  consistent  with  the  stress-intensity  solution.4  The 
growth  of  short  edge  cracks,  of  total  length  (a)  between  0.35  and  5 
mm,  was  monitored  continuously  by  a  direct  current  electrical 
potential  method  including  8  to  12  amps  current,  0.1  |xv  potential 
measurement  resolution,  and  an  analytical  calibration  relation."  This 
method  was  successfully  applied  to  aluminum  alloys,  with  better  than 
3  |im  crack  growth  resolution  and  long-term  (10-day)  stability  for 
near-threshold  growth  rate  measurements.2  Long-crack  compact- 
tension  (CT)  experiments  with  compliance  monitoring  were  con¬ 
ducted  in  accordance  with  ASTM  E647.7 

Intrinsic  and  transient  or  steady-state  corrosion  fatigue  crack 
propagation  rates  were  studied  for  both  the  high  cyclic  stress 
intensity  (AK)  Paris  and  near-threshold  regimes.  Edge-cracked 
specimens  were  stressed  cyclically  (sine  waveform;  0.07  Hz  < 
frequency  <  20  Hz;  0.05  <  stress  ratio  <  0.95)  in  a  closed-loop 
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TABLE  1 

Alloy  2090  Material  Properties(A) 


Chemical  Composition  (wt%) 

Li  Cu 

2.14  2.45 

Zr 

0.09 

Fe  Si  Mn(B>  Mg  Cr 

0.05  0.04  0.00  0.00  0.00 

Ni  Ti  Na 

0.00  0.01  0.001 

Zn 

0.01 

Yield  MPa 
496  MPa 

Mechanical  Properties  (Longitudinal) 

Ultimate 

517  MPa 

Grain  size 

Suborai 

Mlcrostructure 

n  size  Precipitates  Matrix  phases 

Hiah-anale 

Subarak)  boundary  arain  boundary 

3.3  mm  (transverse) 

0.11  mm  (short  transverse) 

15  pm  (transverse)  8'  -  At3U  8’ 

5  pm  (short  transverse)  0’  -  AI2Cu  T, 

T,  -  AljCuU  0' 

Tj  *  AI6CuLt3 

8  -  AI3Zr 

T, 

t2 

<A)Material  condition:  solutionized,  water  quenched,  and  stretched;  peak  aged  190“C  for  4  h. 
lB)Less  than  detection  limit. 

TABLE  2 

Alloy  7075-T651  Material  Properties 

Chemical  Composition  (wt%) 

Zn  Mg  Cu 

5.74  2.31  1.58 

Cr 

0.20 

Zr  Fe  Si  Mn  Ni 

0.01  0.26  0.10  0.05  0.01 

Ti  Na'A> 

0.05  0.000 

Ca 

0.000 1 

466  MPa 

Mechanical  Properties  (Longitudinal) 

Ultimate 

540  MPa 

<A,Less  than  detection  limit. 


(b) 


FIGURE  1— (a)  Potentlodynamlc  polarization  of  alloy  2090  In  aerated  and  deaerated  1%  NaCI,  and  (b)  photomicrograph  of 
alloy  2090  exposed  to  deaerated  1%  NaCt  for  8  days  at  -0.840  Vsce- 
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servohydraulic  machine  operated  in  load  control.  Using  computer 
measurement  and  feedback  control,  AK  was  maintained  constant 
over  segments  of  growing  crack  length  (about  0.25  to  1  mm),  with 
step  reductions  (or  increases)  in  AK  at  constant  K^,  producing 
increasing  (or  decreasing)  stress  ratio  (R).  Crack  growth  rates 
(da/dN)  were  calculated  by  linear  regression  analysis  of  crack  length 
(a)  vs  load  cycles  (N)  data.  For  a  single  specimen,  the  load  sequence 
initially  probes  high  AK,  low  R  cracking;  followed  by  near-threshold 
AK,  high  R  fatigue  for  deeper  crack  depths.  Short  crack  length  for  the 
former  and  high  stress  ratio  for  the  latter  conditions  minimize 
complicating  extrinsic  effects.  Crack  bifurcation  was  never  observed 
Continuous  reduction  in  AK  at  constant  K^  provides  an  effective 
characterization  of  intrinsic  FCG.8  Step  changes  in  constant  AK  with 
increasing  or  decreasing  R  more  effectively  characterize  transient  to 
steady-state  crack  propagation  associated  with  AK  changes,  elec¬ 
trochemical  variables,  and  microstructure. 

Results  and  Discussion 

Corrosion  characteristics 

Potentiodynamic  polarization  data  are  summarized  in  Figure 
1(a)  for  peak-aged  alloy  2090  exposed  to  deaerated  and  oxygen- 
containing  1%  NaCI  solutions.  In  oxygen-containing  aqueous  NaCI, 
the  open-circuit  potential  of  alloy  2090  is  near  the  breakaway 
potential,  resulting  in  extensive  surface  pitting.  Deaeration  of  the 
solution  limits  the  oxygen  reduction  reaction  and  decreases  the 
open-circuit  potential  in  the  cathodic  direction,  forming  a  passive 
region  extending  from  -1.0  V  to  -0.7  VSCE.  At  passive  potentials, 
general  corrosion  and  pitting  are  greatly  reduced.  Long-term  (8-day) 
constant  potential  experiments  (-0.760  VSCE,  deaerated  1%  NaCI) 
nonetheless  reveal  that  T ,  precipitates  at  sub-grain  boundaries  and 
constituent  particles  (AI7Cu2Fe)  are  sites  of  localized  attack  [Figure 
1(b)]-2 

Corrosion  fatigue  experiments  were  performed  in  deaerated  1% 
NaCI  to  limit  fracture  surface  corrosion  and  pitting,  to  reduce  crevice 
corrosion  at  the  electrical  potential  probes,  and  to  minimize  electro¬ 
lyte  IR-type  errors  in  measured  potential.  Since  the  open-circuit 
potential  of  alloy  2090  varies  by  100  to  400  mV  during  long-term 
exposure,  fatigue  experiments  were  performed  at  a  constant  anodic 
potential  of  0.840  VSCE  and  a  cathodic  potential  of  either  - 1  240  or 
-1.340  VSCE  [Figure  1(a)]. 

Intrinsic  FCG  in  moist  air  and  helium 

The  intrinsic  FCG  characteristics  of  alloy  2090  in  moist  air  and 
purified  helium  are  shown  in  Figure  2.  The  data  points  (A)  for  moist 
air  were  calculated  from  the  linear  a  vs  N  responses  shown  in  Figuiu 
3  for  seven  constant  AK  levels  obtained  by  step  increases  or 
decreases  in  R  at  a  constant  K^  ol  17  MPa-m,y2.  Note  that  linear 
crack  growth  lor  the  low  AK  region  (AK  =  1.7  MPa-m'^/R  =  0.90) 
reveals  no  evidence  of  delay  retardation,  demonstrating  that  AK 
reductions  at  constant  K™,  do  not  induce  overload  effects,  presum¬ 
ably  because  the  maximum  or  forward  loading  plastic  zone  size  is 
constant. 

Results  lor  short-crack,  constant  AK-step-changed  R  and  long- 
crack,  continuously  decreasing  AK  constant  experiments  are  in 
excellent  agreement.  Figure  2  shows  the  results  of  a  continuously 
decreasing  AK  experiment  conducted  with  a  large  crack  CT  spev. 
men  rLT)  and  using  two  K-gradient  parameters,  C  -  0.19  mm  ’for 

AK  ranging  Irom  13  MPa  m”2  to  8  MPa  m”2  and  C  «  0,39  mm  ’ 
for  AK  Irom  8  MPa  m’7  to  threshold.  Because  the  experiment  was 
performed  at  constant  K^,  the  low  K  gradient  parameter  (ASTM 
E647  recommends  C  -  0.08  mm  ')  does  not  introduce  overload 

eltects,  causing  reduced  da/dN.  The  data  contained  in  Figure  2  are 
in  excellent  agreement  with  literature  results  for  alloy  2090  and 
represent  the  mtnnsic  FCG  behavior  of  this  alloy  for  moist  air.’ 28 

Accelerated  transgranuiar  FCG  in  moist  air  compared  to  helium 
reveals  the  damaging  effect  of  water  vapoi ,  and  suggests  a  hydrogen 
embrittlement  mechanism  for  alloy  2090.4  Figure  2  shows  the  results 


of  FCG  experiments  performed  in  purified  helium.  At  high  AK,  da/dN 
for  helium  and  moist  air  are  equivalent,  revealing  little  environmental 
effect.  At  low  AK  and  high  R,  moist  air  causes  a  factor  of  five  increase 
in  intrinsic  FCG  compared  to  that  for  helium.  Crack  growth  rate  data 
in  purified  He  provide  a  mechanical  basis  for  analysis  of  aqueous 
environmental  effects.  Moist  air  data  in  Figure  2  provide  the 
customary  base  line. 


Aqueous  corrosion  fatigue 

Intrinsic  corrosion  fatigue  characteristics.  Figure  4  shows  a 
comparison  of  the  intrinsic  transgranuiar  corrosion  FCG  kinetics  of 
alloy  2090  in  helium,  moist  air,  deaerated  1%  NaCI  (-  0.840  VSCE  and 
-1.240  Vseg)  and  deaerated  1%  NaCI  +  0.37%  Li2C03  (-0.840 
VSCe).  experiments  were  performed  at  a  cyclic  frequency  of  5  Hz, 
using  the  constant  AK/K^-step-changed  R  sequence  similar  to  that 
shown  in  Figure  3.  These  results  show  that  alloy  2090  exhibits  a 
moderate  environmental  effect  at  high  levels  of  AK  where  differences 
in  crack  growth  rate  are  less  than  three-fold.  Near  threshold, 
considerable  differences  in  FCG  are  observed,  with  a  factor  of 
fourteen  increase  in  da/dN  revealed  by  comparing  1%  NaCI  with 
anodic  polarization  and  helium,  the  largest  corrosion  fatigue  effect.  In 
contrast,  cathodic  potential  (-1.240  V^)  reduced  FCG  to  a  level 
slightly  greater  than  that  observed  for  moist  air  and  produced  crack 
arrest  above  the  moist  air  threshold  similar  to  fatigue  in  helium.  The 
addition  of  Li2C03  to  1%  NaCI  (-0.840  VscE)  retarded  crack  growth; 
the  reduction  is  not  as  dramatic  as  that  produced  by  mild  cathodic 
polarization. 

Corrosion  fatigue  experiments  performed  in  aqueous  1%  NaCI 
at  constant  anodic  potential  (-0.840  VSCE)  show  that  alloy  2090 
exhibits  better  transgranuiar  corrosion  FCG  characteristics  than  alloy 
7075-T651.  Results  for  alloy  7075  are  shown  by  the  dashed  line  in 
Figure  4  for  the  high  and  low  AK  regimes.  At  high  AK,  alloy  7075 
exhibits  a  factor  of  1 .5  to  4  increase  in  da/dN,  and  at  low  AK,  1 0-fold 
greater  FCG  rates  are  revealed  compared  to  alloy  2090.  Alloy  7075 
growth  rates  are  in  agreement  with  previous  findings  by  Stoitz  and 
Pelloux,  where  accelerated  FCG  was  observed  for  3.5%  NaCI  with 
anodic  polarization.9 

For  all  cases  in  Figure  4,  crack  length  increased  linearly  within 
the  range  from  0.35  to  3.5  mm  and  at  constant  AK.  No  evidence  was 
obtained  for  crack-geometry-dependent  increases  or  decreases  in 
da/dN.  While  comparisons  are  limited,  the  corrosion  fatigue  effect 
shown  in  Figure  4  is  similar  to  the  behavior  of  20-  to  50-mm-long 
cracks  in  2090  and  7075.°  '°  Experiments  with  short  (0.1  to  3  mm) 
and  long  (20  to  50  mm)  cracks  for  the  steel-aqueous  chloride  system 
evidenced  dramatic  increases  in  corrosion  FCG  kinetics  for  the 
former  and  attributed  to  geometiy-dependent  crack 
electrochemistiy."  Additional  work  is  in  progress  to  examine  chem¬ 
ical  crack-size  effects  on  corrosion  fatigue  in  high-strength  aluminum 
alloys. 

Frequency  effects.  The  typical  frequency  effect  on  FCG 
propagation  in  2000  and  7000  series  aluminum  alloys  (viz.,  increased 
or  constant  da/dN  with  decreasing  frequency)  was  not  observed  for 
alloy  2090  in  1%  NaCI.,iM4 

In  deaerated  1%  NaCI  solution  (  0.840  Vm_t),  alloy  2090 
exhibits  mildly  increased  corrosion  FCG  rates  with  increased  fre 
quency  at  high  cyclic  stress  intensity  and  little  frequency  effect  at  low 
AK.  Figure  5  shows  the  companson  of  average  crack  growth  rate  vs 
frequency  at  two  levels  of  constant  AK,  9.9  and  2.2  MPa  m1'2.  For 
each  frequency,  the  total  variation  in  crack  growth  rate  (calculated 
with  a  two-point  secant  method)  and  the  least  squares  value  are 
plotted.  The  numbers  shown  adjacent  to  each  data  point  describe  the 
sequence  ol  experiments  conducted  on  two  specimens.  At  high 
constant  AK,  a  factor  of  two  decrease  in  FCG  rate  is  observed  when 
decreasing  the  cyclic  frequency  from  5  to  0.1  Hz.  Similar  results  were 
reported  by  Yoder  and  coworkers  for  alloy  2090  in  aerated  3  5% 
NaCI.10 
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FIGURE  2— A  comparison  of  constant  AK/Kmax-step-changed  R 
results  with  decreasing  AK-constant  Kmax  data  showing  the 
intrinsic  fatigue  crack  growth  behavior  of  AA  2090  in  moist  air 
and  compared  to  helium. 


FIGURE  3— Crack  length  vs  loading  cycles  data  for  the  constant 
AK/Kmax-step-changed  R  results  of  Figure  2,  moist  air. 


FIGURE  4— Corrosion  fatigue  crack  growth  behavior  of  alloy 
2090  In  deaerated  1%  NaCI  at  constant  anodic  (-0.840  Vsce)  and 
cathodic  (  1.240  Vsce)  potentials  In  1%  NaCI  +  0.37%  LI2C03 
(  0.840  VSCE)  and  In  moist  air  environments;  and  of  rtloy  7075 
(UNS  A97075)  In  aqueous  1%  NaCI  at  constant  anodic  (  0.840 
Vsce)  potential. 
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FIGURE  5— The  dependence  of  corrosion  fatigue  crack  growth 
rate  on  cyclic  frequency  at  high  and  low  constant  AK;  alloy  2090 
in  deaerated  1%  NaCI  with  anodic  polarization  (-0.840). 


At  low  AK,  little  difference  in  FCG  rate  is  observed  for  cyclic 
frequencies  between  0.07  and  20  Hz.  Experiment  4,  performed  at 
0.07  Hz,  exhibits  a  slightly  higher  FCG  rate  compared  to  the  mean 
da/dN  at  2.2  MPa-m1*.  The  origin  of  this  result  is  unclear.  Fracto- 
graphic  analysis  revealed  evidence  of  increased  dissolution  for  this 
long-term  experiment  (0.25  mm  of  crack  extension  in  8  days), 
possibly  suggesting  either  an  increased  driving  force  for  fatigue  or 
simple  crack-wake  corrosion.  Long-term  electrical  potential  system 
variations  may  have  contributed  to  the  increased  growth  rate.  The 
slight  reduction  in  da/dN  observed  during  Experiment  6  is  attributed 
to  a  chemical  or  mechanical  history  dependence  associated  with 
crack  length  and  shape.15  These  factors  complicate  characteriza¬ 
tions  of  moderate  frequency  effects  in  corrosion  fatigue. 

The  important  point  to  be  made  for  Figure  5  is  that  corrosion 
fatigue  in  alloy  2090  is  not  exacerbated  by  decreasing  frequency;  on 
the  contrary,  the  opposite  trend  is  likely,  particularly  at  higher  AK.  The 
rate  differences  shown  here  are  small  but  significant,  as  demon¬ 
strated  by  resolvable  changes  in  a  vs  N  upon  a  frequency  change  at 
constant  AK  for  a  single  specimen.2 

Polarization  effects.  The  results  of  constant  AK  experiments 
show  that  corrosion  FCG  in  1%  NaCI  is  mitigated  by  cathodic 
polarization.  Cathodic  polarization  da/dN  data  are  compared  to  the 
anodic  case  in  Figure  4.  Note  the  two-fold  reduction  in  rate  at  high 
AK,  increasing  to  a  five-fold  decrease  at  low  AK  and  an  increase  in 
the  approximate  threshold  stress  intensity.  Cracking  under  cathodic 
potential  is  similar  to  the  behavior  recorded  for  moist  air  and 
enhanced  relative  to  inert  He  for  all  AK  except  the  near-threshold 
regime. 

The  beneficial  effect  of  cathodic  polarization  is  clearly  evi¬ 
denced  by  cyclic  crack  length  measurements  at  constant  AK.  Figure 
6(a)  reveals  that,  at  low  AK  (2.2  MPa-m1*,  R  =  0.8)  and  anodic 
polarization  (-0.840  VSCE),  a  constant  crack  growth  rate  is  main¬ 
tained  to  a  crack  length  of  2.1  mm.  Here,  a  cathodic  potential  of 
- 1 .240  VSCE  was  applied,  resulting  in  crack  arrest  consistent  with  the 
threshold  elevation  shown  in  Figure  4.  At  1  million  load  cycles,  a 
potential  of  -0.840  VSCE  was  again  applied.  Crack  growth  resumed 
after  76  hours  or  2.2  million  additional  load  cycles  had  elapsed, 
achieving  a  steady-state  rate  similar  to  the  initial  anodic  condition.  A 
second  cathodic  polarization  of  -1.240  VSCE  reproduced  crack 
arrest.  Cathodic  polarization  also  reduced  rates  of  corrosion  fatigue 
at  high  cyclic  stress  intensity  (9.6  MPa-m1'2,  R  =  0.1),  as  shown  in 
Figure  6(b).  After  initial  cracking  at  -  0.840  VSCE,  a  small  reduction  in 
da/dN  was  produced  by  polarization  to  1.240  VSCE,  and  a  signifi¬ 
cant,  time-dependent  retardation  m  crack  growth  was  observed  at  a 
cathodic  potential  of  1.340  VSCE.  At  a  crack  length  of  3.1  mm,  the 
applied  stress-intensity  range  was  decreased  to  2.1  MPa  m1 *  at  R  - 
0.9  with  Kmax  maintained  constant,  and  the  electrode  potential  was 
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made  anodic  (-0.840  VSCE).  A  slow  recovery  to  a  constant  growth 
rate  was  observed.  Crack  growth  arrest  occurred  because  of 
cathodic  polarization  at  -1 .240  ^SCS'  reproducing  the  results  shown 
in  Figure  6(a).  The  results  of  constant  AK  and  R  experimentation 
(Figure  6)  are  consistent  with  the  single  specimen  constant  AK-step- 
changed  R  results  presented  in  Figure  4. 


FIGURE  6— The  effect  of  cathodic  polarization  on  Intrinsic 
corrosion  fatigue  crack  growth  in  alloy  2090;  deaerated  1%  NaCI 
at  constant  AK  levels  of  (a)  2.2  MPa-m112  for  high  R  and  (b)  9.6 
and  2.1  MPa-m1'2  for  low  and  high  R  conditions,  respectively. 

The  reduction  in  corrosion  FCG  by  cathodic  polarization  for  alloy 
2090  is  consistent  with  the  findings  of  other  researchers.  Cathodic 
polarization  of  alloy  7075  in  aqueous  3.5%  NaCI  reduced  corrosion 
fatigue  crack  propagation  at  AK  =  11  MPa-m1'2.®  The  enhanced 
stress  corrosion  cracking  resistance  of  conventional  2000  and  7000 
series  alloys  resulting  from  cathodic  polarization  is  documented.16 
Consistent  with  data  in  Figures  4  and  6,  although  not  conclusive,  the 
smooth  specimen  fatigue  life  of  an  AI-4.2Mg-2.1Li  alloy  was  in¬ 
creased  by  mildly  cathodic  potentials.17 

Ion  addition  effects.  The  experimental  results  shown  in  Figure 
7  demonstrate  that  a  lithium  carbonate  (U2C03)  addition  to  1%  NaCI 
reduces  the  rate  of  transgranular  corrosion  FCG  at  constant  AK,  pH, 
and  electrode  potential.  At  a  cyclic  stress  intensity  of  2.3  MPa-m1'2  (R 
=  0.87)  and  an  anodic  potential  of  -0.840  VSCE,  a  constant  crack 
growth  rate  was  initially  established  in  deaerated  1%  NaCI  (pH  = 
8.1).  No  change  in  crack  growth  is  observed  as  the  solution  pH  is 
increased  from  8.1  to  10.4  by  addition  of  NaOH.  At  a  crack  length  of 
1  9  mm.  the  cell  environment  was  changed  by  coi.liuuuusly  pumping 
deaerated  1%  NaCI  +  0.37%  Li2C03  (pH  -  10.4)  solution  from  a 
separate  reservoir.  After  purging  the  cell  with  flowing  1%  NaCI  t 
0  37%  Li2C03,  ihe  experiment  was  resumed,  resulting  in  a  30% 
reduction  in  the  corrosion  FCG  rate.  This  beneficial  effect  was 
reproduced  at  two  higher  AK  levels  (Figure  4). 


FIGURE  7— The  effect  of  Li2C03  addition  and  pH  change  on 
intrinsic  fatigue  crack  growth  in  alloy  2090  exposed  to  deaera¬ 
ted  1%  NaCI  at  constant  anodic  potential  and  constant  AK. 


Fractographic  analysis 

The  fatigue  crack  surface  morphologies  for  moist  air  and 
deaerated  1%  NaCI  (-0.840  VSCE)  environments  exhibit  similar 
components  of  microscopic  fracture  but  in  different  proportions.  At 
high  AK  (15  MPa-m1/2),  severe  planar  crack  surface  deflections 
resulting  from  decohesion  or  shear  separation  along  intense  slip 
bands  and  regions  of  inter-sub-grain-boundary  fracture  are  observed 
for  each  environment.  Results  suggest  that  NaCI  promotes  increased 
sub-grain-boundary  fracture  and  reduced  crack  deflections  because 
of  reduced  slip-band  cracking.  The  latter  crack  path  is  dominant  for 
fatigue  in  moist  air.10 

As  the  stress-intensity  range  decreases,  the  amount  of  crack-tip 
deflection  is  reduced  and  the  fracture  surface  is  characterized  by 
increased  areas  exhibiting  a  flat,  crystallographic  "cleavage-type” 
appearance.  A  comparison  of  the  fracture  surfaces  for  moist  air  and 
deaerated  1%  NaCI  (-0.840  V^)  environments  at  low  AK  is  shown 
in  Figure  8.  In  moist  air  [Figure  8(a)],  the  transgranular  fracture 
surface  is  crystallographic  cleavage  with  intervening  regions  of 
deflected  crack  growth  exhibiting  a  ductile  appearance.  The  trans¬ 
granular  fracture  morphology  for  1%  NaCI  [Figure  8(b)]  exhibits 
broad  regions  of  cleavage  fracture  with  little  evidence  of  ductile 
tearing.  Results  suggest  a  greater  proportion  of  crystallographic 
fracture  for  aqueous  NaCI  compared  to  moist  air. 

High-angle  and  sub-grain-boundary  precipitates,  T2  and  T,, 
respectively,  do  not  appear  to  be  sites  for  crack-tip  dissolution. 
Detailed  examination  of  the  corrosion  fatigue  crack-final  overload 
fracture  interface  region  reveals  no  evidence  of  corrosion.  Behind 
this  region,  where  crack  surfaces  are  exposed  to  the  occluded 
environment  for  longer  times,  small  and  widely  dispersed  regions  of 
sub-grain-boundary  T,  precipitate  corrosion,  similar  to  that  shown  in 
Figure  1(b),  were  observed.  No  evidence  was  obtained  for  Ta 
precipitate  corrosion  along  high-angle  grain  boundaries.  Secondary 
cracking  along  these  generally  low-strength,  high-angle  boundaries 
was  not  observed  for  the  LT  orientation.  Corrosion  fatigue  was  purely 
transgranular. 

Mechanistic  Implications 

Many  mechanisms  have  been  proposed  to  explain  rates  of 
environmental  cracking  in  aluminum  alloys,  including  hydrogen 
embrittlement,  adsorbate  decohesion,  film  rupture/dissolution/repas- 
sivation,  film-induced  slip  irreversibility,  enhanced  localized  plasticity, 
and  crack-tip  blunting  by  corrosion.® 12 131S'18  in  these  studies,  Pans 
tegime  corrosion  fatigue  has  been  emphasized,  crack  closure  has 
not  been  accounted  for,  and  aqueous  environmental  effects  on 
near-threshold  cracking  have  not  been  considered.  For  FCG  at 
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moderate  AK,  the  cleavage  fracture  morphology  was  linked  to  both 
hydrogen  embrittlement  and  surface  film  effects  without  resolution  of 
the  cause.  Hydrogen  from  cathodic  reduction  in  electrolytes  and 
chemical  reactions  in  water  vapor  is  believed  to  embrittle  aluminum, 
with  possible  contributions  from  dislocation  and  grain-boundary 
transport  processes.  Alternately,  surface  films  suppress  plastic 
deformation  by  blocking  the  crack-tip  emission  of  dislocations,  the 
local  normal  stress  is  elevated,  causing  cleavage. 


FIGURE  8— A  comparison  of  the  fracture  morphology  resulting 
from  corrosion  fatigue  at  low  AK  in  (a)  moist  air  at  2.5  MPa-m1'2 
and  (b)  deaerated  1%  NaCI  (-0.840  V0CE)  at  2.2  MPam1/2.  Crack 
growth  is  from  right  to  left,  with  the  fatigue  crack-overload 
fracture  Interface  shown. 

Based  on  experimental  observations  of  FCG  rate  response  to 
AK,  frequency,  cathodic  polarization,  and  Li2C03  addition,  and  on  the 
behavior  of  alloy  2090  in  water  vapor  and  oxygen,4  we  speculate  that 
hydrogen  embrittlement  is  likely,  but  that  surface  films  and  crack 
electrochemistry  play  an  important  role  in  crack-tip  damage  during 
transgranular  corrosion  fatigue.  Faster  crack  growth  is  correlated 
with  those  environmental  conditions  that  promote  less  protective 
crack-tip  surface  films  and  thus  enhance  hydrogen  entry.  This 
complex  interplay  and  the  effects  of  frequency  and  cathodic  poiar 
ization  are  not  consistent  with  surface  reaction  or  transport  limited 
hydrogen  embrittlement,  as  suggested  for  steels  and  7000  series 
aluminum  alloys.,2,,3J9-2° 


Increased  crack  growth  rate  with  increasing  frequency  suggests 
that  time-dependent  chemical  reactions  and  mass  transport  within 
the  electrolyte  or  crack-tip  plastic  zone  are  rapid  and  do  not  limit 
environmental  crack  propagation.  Considering  mechanical  effects, 
crack-tip  strain  rate  is,  on  average,  proportional  to  loading  frequency 
and  stress-intensity  range  raised  to  a  power  on  the  order  of  2. 21  At 
high  AK,  mechanical  film  disruption  provides  a  plausible  explanation 
for  the  small  increase  in  crack  growth  with  increasing  frequency 
(Figure  5).  Here,  crack-tip  strain  rate  increases  with  increasing 
frequency,  the  film  is  locally  breached  more  frequently,  and  transient 
dissolution  and  hydrogen  production  progress  to  greater  degrees. 
Crack  extensions  per  unit  time  and  cycle  increase.  The  strong 
environmental  effect  for  low  AK  may  be  ascribed  to  localization  of 
crack-tip  deformation  and  mechanical  disruption  of  surface  films. 
Since  da/dN  is  independent  of  frequency,  it  is  necessary  to  conjec¬ 
ture  that  film  rupture  by  strain  localization  near  threshold  is  not 
sensitive  to  frequency. 

The  frequency  result  is  unique  to  the  Al-Li  alloy.  Based  on 
modeling  and  data  for  2000  and  7000  series  alloys  in  water  vapor, 
Wei  and  coworkers  argue  for  fast  surface-reaction  kinetics,  which 
lead  to  da/dN  independent  of  frequency  and  at  a  level  that  is 
governed  by  “saturation”  surface  reaction  and  hydrogen  produc- 
tion.'3-19  (Low-frequency  crack  growth  rates  in  7000  series  alloys 
may  increase  with  decreasing  frequency  because  of  the  intervention 
of  a  slow  surface-reaction  step.)  Crack  growth  rates  for  aqueous 
chloride  conditions  increased  with  decreasing  frequency  for  7017, 
7075,  and  2618  alloys,  for  example,  a  factor  of  250  decrease  in 
frequency  resulted  in  7  fold,  3-fold,  and  2-fold  increases,  respec¬ 
tively,  in  da/dN  at  AK  =  15  MPa-m,/2.'2''4 

Increased  and  decreased  crack  growth  rates  with  anodic  and 
cathodic  polarization,  respectively,  could  correspond  to  changes  in 
the  formation  of  crack-tip  surface  films.  Reduced  da/dN  and  the 
formation  of  a  black  corrosion  product  by  cathodic  polarization  is 
evidence  of  a  protective  crack-tip  surface  film,  possibly  hydroxide 
based.  (Under  cathodic  conditions,  excess  hydroxide  ions  are 
present  within  the  crack  to  react  with  aluminum  and  lithium  ions  to 
form  AI(0H)3  +  LiOH,  resulting  in  a  black  surface  film.  A  similar  black 
surface  film  has  been  observed  on  the  fracture  surfaces  of  alloy  2090 
specimens  fatigued  in  pure  oxygen,  followed  by  exposure  to  moist 
air.4  The  reaction  for  LiOH  formation  during  water  vapor  exposure  is 
LijO  +  H20  =  2LiOH.22)  The  formation  of  a  surface  film  may  limit 
hydrogen  production  by  inhibiting  the  water  reduction  reaction, 
resulting  in  reduced  hydrogen  entry.  The  reduced  cathodic  effect  on 
da/dN  with  increased  AK  is  consistent  with  mechanical  film  rupture  by 
intensified  slip.  Hydrogen  production  and  entry  are  enhanced  by 
increasing  the  area  ol  reactive  surface  along  slip  steps.  Increased 
da/dN  is  also  observed  for  anodic  potential,  an  environment  that 
favors  a  less  protective  crack-tip  surface  film. 

Reduced  transgranular  corrosion  FCG,  with  the  addition  of 
Li;,C03,  possibly  results  from  the  formation  of  a  passive  film,  a  result 
consistent  with  decreased  da/dN  associated  with  a  cathodically 
formed  surface  film.  Li2C03  is  thought  to  form  a  passive  film  on  Al-Li 
alloys,  which  increases  the  susceptibility  to  intergranular  stress 
corrosion  cracking  in  aqueous  NaCI.23  The  mechanism  is  unclear; 
Li + '  passivates  aluminum,24  and  C03  2  affects  surface  film  stability.23 

The  beneficial  effect  of  a  surface  film  is  likely  to  be  chemical  in 
origin.  Film-  or  corrosion-product-induced  crack  closure  is  not 
operative  because  the  environmental  influences  are  observed  at 
stress  ratios  more  than  0.85  and  for  short  crack  wakes.  Also,  there  is 
no  evidence  that  surface  films  promote  irreversible  dislocation 
damage.4  Rather,  we  speculate  that  films  interfere  with  crack-tip 
environmental  reactions  (hydrogen  production  oi  dissolution^,  result¬ 
ing  in  a  reduction  in  FCG  rate.  Once  damaged  by  chemical  or 
mechanical  means,  such  as  localized  anodic  pitting  dissolution  oi 
slip  step  formation,  the  film  no  longer  acts  as  a  barrier,  the  alloy  is 
rendered  susceptible  to  brittle  crack  growth. 

Although  experimental  evidence  strongly  suggests  that  surface 
films  play  a  primary  role  in  retarding  crack-tip  damage  during 
transgranular  fatigue  of  alloy  2090  in  aqueous  environments,  further 
work  must  be  performed  to  understand  the  roles  of  hydrogen  and 
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transient  localized  anodic  dissolution.  Gaseous  environment  corro¬ 
sion  fatigue  experiments  and  high-resolution  fractographic  analyses 
are  being  conducted  in  this  regard.4 

Conclusion 

The  high-resolution  electrical  potential  difference  technique, 
short-crack  specimen  geometry,  and  constant  AK/Kmax-step-changed 
R  approach  successfully  characterizes  intrinsic  FCG  in  complex 
aluminum-lithium-based  alloys  exposed  to  aggressive  aqueous 
environments. 

Al-Li-Cu  alloy  2090,  peak  aged,  is  susceptible  to  corrosion 
fatigue  crack  propagation  in  aqueous  1%  NaCI  under  anodic 
polarization.  At  low  AK/high  R,  near-threshold  crack  growth  rates  are 
significantly  increased,  with  growth  occurring  by  a  crystallographic 
cleavage  process.  High  AK/Iow  R  growth  rates  are  increased  by  the 
aqueous  NaCI  environment,  with  highly  deflected  slip-band  cracking 
and  sub-grain-boundary  fracture  the  dominant  microscopic  modes. 
Environmental  effects  on  alloy  2090  are  less  severe  than  those 
observed  for  high-strength  alloy  7075,  the  new  aluminum  lithium  alloy 
behaves  similarly  to  conventional  2000  series  alloys. 

Crack-tip  films  play  an  important  role  in  corrosion  fatigue 
damage,  as  evidenced  by  (1)  increased  da/dN  with  increased  cyclic 
frequency,  particularly  at  high  AK,  (2)  retarded  crack  growth  due  to 
cathodic  polarization  in  NaCI,  and  (3)  reduced  da/dN  due  to  Li2C03 
additions.  Film  formation  hinders  the  hydrogen  embrittlement  pro¬ 
cess  that  is  presumed  to  control  environmental  crack  propagation. 
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Corrosion  Fatigue  of  Alloy  X-750 
in  Aqueous  Environments 

R.G.  Ballinger ,*  C.K.  Elliott,**  and  I.S.  Hwang*** 

Abstract 

The  corrosion  fatigue  behavior  of  alloy  X-750  (UNS  N07750)  investigated  in  aqueous  environments  as 
a  function  of  heat  treatment  over  the  temperature  range  25  to  288°C.  Variables  studied  were  AK  (12  to 
45  MPaVm),  R  (0.1  to  0.6),  and  frequency  (0.01  to  10  Hz).  The  investigation  was  conducted  in 
high-purity  deoxygenated  water,  air-saturated  water,  and  0.05  M  Na2S04  (pH  3  adjusted  with  H2S04). 
Tests  were  performed  at  the  free-corrosion  potential  as  well  as  under  anodic  and  cathodic  polarization. 
The  corrosion  fatigue  behavior  is  shown  to  exhibit  two  distinct  temperature  regimes:  (1)  a  low- 
temperature  regime  below  200°C  and  (2)  a  high-temperature  regime  above  200°C.  In  the  low- 
temperature  regime,  the  behavior  is  characterized  by  a  strong  dependence  of  crack  growth  rate  on 
frequency,  temperature,  heat  treatment,  and  environment.  In  the  high-temperature  regime,  crack  growth 
rate  increases  gradually  with  temperature  with  minimal  dependence  on  heat  treatment,  environment, 
and  mechanical  variables. 

In  high-purity  water  for  microstructures  containing  7'  (Ni3(AI,Ti)],  intergranular  crack  growth  is  observed 
in  the  low-temperature  regime  for  frequencies  greater  than  0.3  Hz.  In  this  temperature  range,  the  peak 
crack  growth  rate  is  approximately  two  orders  of  magnitude  greater  than  that  outside  this  region.  Outside 
this  temperature  range,  or  below  a  frequency  of  0.3  Hz,  crack  growth  rate  is  transgranular.  For  other 
microstructures,  the  same  effect  is  observed  but  to  a  much  lesser  extent  and  only  for  R  values  greater 
than  0.4. 

The  frequency-dependent  intergranular  crack  growth  regime  is  absent  in  0.05  M  Na2S04  (pH  3.0 
adjusted  with  H2S04)  solution  unless  the  material  is  cathodically  polarized.  For  the  case  of  cathodic 
polarization,  a  gradual  transition  from  transgranular  to  intergranular  crack  growth  occurs  with  increasing 
degree  of  polarization.  The  maximum  in  crack  growth  rate  for  these  conditions  corresponds  closely  with 
the  maximum  observed  in  the  high-purity  water  case. 

It  is  proposed  that  a  hydrogen  mechanism  is  responsible  for  the  behavior  observed  in  the  low- 
temperature  regime.  In  the  high-purity  water  case,  it  is  proposed  that  the  source  of  hydrogen  is  the 
galvanic  couple  between  grain  boundary  7'  and  the  adjacent  matrix,  hydrogen  reduction  being  highly 
localized  because  of  the  high  IR  drop  in  the  solution.  In  the  Na2S04  solution,  the  local  source  of 
hydrogen  must  bo  augmented  by  cathodic  polarization  because  of  delocalization  of  the  hydrogen- 
reduction  process  in  the  high-conductivity  solution.  In  the  high-temperature  regime,  the  results  are  much 
less  conclusive  but  suggest  that  competition  between  hydrogen  recombination  and  absorption  is 
dominated  by  recombination  as  the  temperature  increases.  The  results  of  this  investigation  demonstrate 
the  importance  of  galvanic  effects  when  considering  a  material  for  aqueous  service. 


Introduction 

High  strength  nickel  base  alloys  are  used  extensively  m  light  water 
reactor  (LWR)  nucloar  power  systems  because  of  then  excellent 
corrosion  resistance  and  strength  in  high-temperature  aqueous 
environments.  However,  in  spite  of  their  excellent  general  corrosion 
resistance,  this  class  of  materials  has  been  found  to  be  susceptible 
to  various  forms  of  localized  attack.  These  mciudo  stress  corrosion 
cracking  (SCC),  corrosion  fatigue  (CF),  and  hydrogen-asststed 
cracking  (HAC).’  While  the  causes  for  failure  have  been  the  subject 
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of  considerable  debate,  it  is  well  known  that  the  fracture  path  Is 
intergranular  and  strongly  affected  by  the  morphology  and  type  of 
grain  boundary  precipitate  and  the  composition  of  the  adjacent 
matrix.’ 

Alloy  X  750  (UNS  N07750)  is  the  most  commonly  used  high- 
strength  alloy  in  LWR  environments.7  Table  1  lists  some  of  the  heat 
treatments  that  are  commonly  used  in  service,  Table  2  shows 
chemical  composition.  The  HTH  and  AH  treatments  are  used  in 
aqueous  environments.  The  primary  strengthening  phase  in  alloy 
X-750  is  y'  (Ni3(AI,Ti)J,  which  Is  an  ordered  precipitate  coherent  with 
the  matrix  and  precipitates  as  an  ordered  variant  of  face-centered 
cubic  (fee),  L12  structure  Other  phases  of  importance  include 
(TI,Nb)(C,N)  carbonitride,  Cr^Ce  carbide,  and  -ij(Ni3Ti). 

Unfortunately,  for  some  heat  treatments,  alloy  X-750  has  been 
found  to  be  susceptible  to  one  or  more  forms  of  environment- 
assisted  cracking  (EAC),  as  mentioned  above.  In  particular,  the  AH 
heat  treatment  has  been  found  to  be  extremely  susceptible  to  EAC  in 
rising-load  tests  in  93°C  water  and  in  high-temperature  aqueous 
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environments.3  On  the  other  hand,  the  HTH  heat  treatment  has  been 
found  to  be  much  less  susceptible.4  In  addition,  the  degree  of 
susceptibility  has  been  observed  to  be  a  strong  function  of  temper¬ 
ature  as  well  as  frequency  in  fatigue3  Since  accelerated  cracking  is 
intergranular  and  the  heat  treatments  in  Table  1  produce  significantly 
different  grain-boundary  morphologies,  it  is  likely  that  these  factors 
play  an  important  role.  However,  an  exact  mechanism  has  not  been 
pinpointed. 

Because  of  the  technological  importance  of  alloy  X-750  and  the 
uncertainty  in  knowledge  concerning  the  mechanism(s)  involved  in 
EAC  in  this  material,  an  investigation  was  conducted  to  determine  the 
relationship(s)  between  heat  treatment  and  EAC  susceptibility  in 
aqueous  environments  and  to  attempt  to  determine  the  fundamental 
mechanisms  involved.  The  test  technique  selected  to  evaluate 
susceptibility  was  CF. 

The  CF  behavior  was  investigated.  The  mechanical  variables 
included  in  the  program  were  (1)  AK(12  to  45  MPaVm),  (2)  R  (0.1  to 
0.6),  and  (3)  frequency  (0.01  to  1 0  Hz).  The  electrochemical  variables 
were  (1)  electrochemical  potential,  (2)  the  effect  of  polarization,  and 
(3)  the  effect  of  electrolyte  conductivity.  The  temperature  range  for 
the  study  was  25  to  288°C.  The  aqueous  environments  studied  were 
(1)  high-purity  deoxygenated  water,  (2)  air-saturated  water,  and  (3) 
0.05  M  Na2S04  (pH  3  adjusted  with  H2S04). 


Materials  and  Heat  Treatment 

Alloy  X-750  for  this  study  was  procured  in  the  form  of  13-  and 
3.18-mm-thick  hot-rolled  plates.  The  chemical  composition  and  heat 
numbers  are  listed  in  Table  2.  The  RPI(1>  heat  was  obtained  from  D. 
Duquette  at  Rensselaer  Polytechnic  Institute  in  its  final  form.  It  is  a 
typical  commercial  grade,  although  no  processing  information  was 
available.  The  1 3-mm-thick  plates  were  processed  from  1 0-  by  1 0-cm 
length,  electroslag-remelted  forging  stock.  The  billets  were  subse¬ 
quently  hot  rolled  to  13-mm-thick,  15-cm-wide  plates.  The  rolling 
procedure  consisted  of  heating  the  billet  to  1 121°C  and  reducing  the 
thickness  by  1.3  cm/pass  to  a  thickness  of  7.6  cm.  On  subsequent 
passes  the  thickness  was  reduced  by  0.6  cm/pass  to  the  final 
thickness  of  13  mm.  Reheats  were  performed  when  the  temperature 
decreased  to  954°C.  Subsequently,  the  material  was  given  the  heat 
treatments  listed  in  Table  1. 

The  heat  treatments  used  in  the  investigation  were  intended  to 
result  in  the  precipitation  of  specific  grain-boundary  phases.  The  AH 
heat  treatment  was  designed  to  produce  grain  boundaries  charac¬ 
terized  by  a  predominance  of  y  precipitation.  The  HTH  heat 
treatment,  on  the  other  hand,  was  designed  to  produce  a  predomi 
nance  of  Cr2JC0  grain  boundary  precipitation.  The  AH  and  HTH  heat 
treatments  represent  commercial  heat  treatments  that  are  highly 
susceptibie  (AH)  and  less  susceptible  (HTH)  to  EAC  in  LWR 
environments.5 


Procedures 

Microstructura!  characterization 
Thin  foils  for  tiansmission  electron  microscopy  tTEMj  exami¬ 
nation  were  prepared  by  jet-polishing  3-  by  0,5-mm-thick  disxs  in  a 
solution  of  50  mL  butycellosolve,  60  mL  perchloric  acid,  70  mL 
distilled  water,  and  350  mLof  methanol  at  a  temperature  of  -40  C  at 
35  V  and  a  current  of  40  to  60  mA.  Foils  were  examined  using  a 
JEOL*  JEM-200CX  TEM  with  a  LaBa  filament. 

Intermetallic  phases  were  electrolytically  extracted  in  a  solution 
of  10%  hydrochloric  acid  in  methanol  and  identified  using  x-ray 
powder  diffraction  analysis,  following  the  phase-identification  proce¬ 
dures  of  Donachie  and  Kriege.®  The  composition  of  precipitated 
phases  were  analyzed  using  energy  dispersive  x-ray  analysis  of  thin 
foils,  extraction  replicas,  and  extracted  phases  in  a  Vacuum  Gener¬ 
ators*  HB  5  scanning  transmission  electron  microscope  rSTEMj. 

"’Rensselaer  Polytechnic  Institute,  Troy,  NY. 
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TABLE  1 

Typical  Alloy  X-750  (UNS  N07750)  Heat  Treatments 


Designation 

Description 

Treatment 

AH 

Double  aged 

Hot  rolled 

24  h/885°C/air  cool  + 
20  h/704°C/air  cool 

HTH 

Solution  annealed 

Hot  rolled 

and  aged 

1  h/l093°C/air  cool  + 
20  h/704°C/air  cool 

TABLE  2 

Alloy  X-750  (UNS  N07750)  Chemistries 
Composition  (wt%) 


Element 

Heat 
96457E6 
(13  mm) 

Heat 

94501 A2 
(13mm) 

RPI 

Heat 

(3.18  mm) 

Ni 

70.6  ±  1.5 

73.2 

71.4 

Cr 

15.0  *  0.5 

15.1 

15.5 

Fe 

6.8  ±  0.1 

6.9 

7.5 

Ti 

3.9  ±  0.1 

3.6 

2.3 

B 

0.004  ±  0.002 

0.004 

— 

Al 

1.23  ±0.05 

1.13 

0.67 

Cb 

1.36  ±0.05 

1.21 

0.89 

Ta 

0.004  ±  0.002 

0.002 

0.037 

Mn 

0.15  ±  0.01 

0.22 

0.21 

Si 

0.09  ±  0.01 

0.18 

0.13 

S 

<0.002 

<0.002 

0.003 

Cu 

0.10  ±  0.01 

0.10 

— 

C 

0.058  ±  0.001 

0.056 

0.035 

Co 

0.08  ±  0.02 

0.056 

0.34 

Zr 

0.048  ±  0.002 

0.032 

— 

P 

0.003  ±  0.001 

0.007 

— 

Corrosion  fatigue  tests 

Corrosion  fatigue  tests  were  performed  over  the  range  of 
mechanical  and  environmental  variables.  Two  specimen  geometries 
were  used,  compact  tension  and  single-edge  notch.  Figure  1  shows 
the  physical  characteristics  of  these  specimens.  Specimens  were 
electrically  isolated  from  grips  and  fixtures. 

Tests  were  conducted  at  constant  AK  using  a  closed-loop 
servohydraulic  fatigue  machine  adapted  for  use  with  a  high-temper¬ 
ature.  high-pressure  titanium  autoclave  system  that  has  been  de¬ 
scribed  elsewhere.7  For  single-edge  notch  specimens  tested  at 
temperatures  lower  than  65°C,  a  plastic  cell  was  used. 

Crack  length  was  measured  using  either  compliance  or  optical 
measurement  techniques.80  A  fully  automated  system  was  used  to 
measure  and  adjust  all  relevant  parameters  to  ensure  constant  AK 
conditions  in  the  former  case.  Electrochemical  control  was  exercised, 
where  necessary,  with  potential  measured  using  an  external  Ag/AgCI 
reference  electrode  at  a  high  temperature  and  a  saturated  calomel 
electrode  a  low  temperature.'0 


Results 

Microstructura I  characterization 
A  Summary  of  the  results  of  the  microstructura)  characterization 
is  given  in  Table  3.  Figure  2  shows  a  TEM  extraction  replica  of  the 
microstructure  that  results  from  the  AH  heat  treatment.  The  micro¬ 
structure  is  characterized  by  (1)  a  grain  size  of  approximately  10  pm, 
(2)  a  duplex  y’  size  in  the  matrix  consisting  of  a  coarse  (0.1  pm)  and 
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a  fine  (0.01  urn)  fraction,  (3)  gram  boundaries  containing  a  third  size 
fraction,  slightly  larger  than  the  coarse  matrix  fraction,  and  (4)  a 
region  adjacent  to  the  grain  boundaries  that  is  devoid  of  the  large  y'- 
size  fraction.  The  microstructure  also  contains  occasional  grain¬ 
boundary  ij-phase  (Ni3Ti)  and  large  (1.0  fim)  (Ti,Nb)(C,N)  carboni- 
trides  throughout  the  material.  The  coarse  y’  precipitates  during  the 
885°C  heat  treatment;  the  fine  7’  fraction  precipitates  during  the 
704°C  heat  treatment.  The  narrow  denuded  zone  results  from  the 
coarsening  of  the  grain-boundary  7'  at  the  expense  of  the  matrix  7’ 
adjacent  to  the  grain  boundaries  during  the  885°C  age. 


1.27 


Figure  3  shows  a  TEM  micrograph  of  the  HTH  heat-treated 
material.  The  microstiucturo  is  characterized  by  (1)  a  grain  size  of 
approximately  100  |im,  (2)  extensive  grain-boundary  Cr23C6  precip¬ 
itation,  and  (3)  fine  (0.01  pm)  7'  precipitation  throughout  the  matrix. 
Significant  grain-boundary  chromium  depletion  was  observed  (sen¬ 
sitization)  by  STEM  analysis,  which  manifests  itself  as  high  weight 
losses  in  corrosion  tests. 


The  results  of  the  precipitated-phase  analysis  are  summarized 
m  Table  4.  The  t  is  rich  in  titanium  and  dissolves  a  significant  amount 
of  chromium.  This  is  especially  true  of  i  precipitated  at  lower 
temperatures.  The  means  and  standard  deviations  listed  in  Table  4 


are  based  on  analysis  of  a  minimum  of  10  particles  for  each  phase, 
therefore,  the  totals  may  deviate  slightly  from  100%.  The  authors  felt 
it  more  important  to  illustrate  variability  in  individual  concentrations 
than  to  force  the  sum  of  the  mean  values  to  equal  100%. 


Corrosion  fatigue 

The  crack  growth  data  from  the  CF  tests  are  shown  in  Figures 
4  through  6.  Figure  4  compares  the  data  for  the  HTH  heat  treatment 
in  93°C  water  with  helium  data  for  both  heat  treatments  at  frequen¬ 
cies  of  1 0  and  0.1  Hz  and  an  R  of  0.1 .  As  the  data  shows,  there  is  only 
a  marginal  effect  of  environment  or  frequency.  The  fracture  path  for 
both  heat  treatments  is  transgranular  in  helium.  In  water  the  crack 
path  is  also  transgranular  but,  in  this  case,  is  crystallographic. 


Figure  5  shows  the  data  for  both  heat  treatments  tested  in  high- 
purity  water  at  288°C.  The  crack  growth  rate  in  the  AH  material  is 
slightly  higher  than  that  for  the  HTH  heat  treatment.  However,  the 
difference  is  marginal.  The  crack  path  for  both  heat  treatments  is 
transgranular  and,  for  the  HTH  treatment,  crystallographic. 

Figure  6  shows  the  data  for  the  AH  heat  treatment  in  high-purity 
water  at  93°C.  There  is  little  environmental  effect  but  a  strong 
dependence  on  frequency  and  stress  ratio  (R).  The  crack  growth  rate 
at  10  Hz  is  more  than  an  order  of  magnitude  greater  than  that  at  0.1 
Hz.  The  increase  in  crack  growth  rate  is  accompanied  by  a  change 
in  fracture  path  from  transgranular  to  intergranular.  Figures  7  and  8 
show  the  fracture  surfaces  for  material  tested  at  0.1  Hz  and  10  Hz, 
respectively.  Figure  9  shows  the  crack  growth  rate  results  plotted  for 
a  constant  AK  25  MPaVm,  and  two  temperatures,  69  and  93°C,  for 
the  AH  treatment  as  a  function  of  frequency.  The  threshold  frequency 
for  the  transition  to  intergranular  crack  growth  is  approximately  0.3  Hz 
in  93°C  water.  The  transition  to  intergranular  crack  growth  is  present 
at  60'C,  but  the  increase  in  crack  growth  rate  is  much  less. 

All  of  the  results  presented  to  this  point  have  been  for  an  R  of 
0.1.  Additional  tests  were  conducted  at  a  frequency  oflO  Hz  with  R 
values  of  0.4  and  0.6  for  both  heat  treatments.  Tests  were  conducted 
at  a  constant  AK  of  25  MPaVm  at  25°C  intervals  from  25  to  200°C. 
At  R  ratios  of  0.4  and  higher,  both  of  the  heat  treatments  showed  a 
peak  in  crack  growth  rate  at  approximately  100°C.  The  crack  growth 
rate  for  the  AH  heat  treatment  was  in  all  cases  much  higher.  Indeed, 
the  crack  growth  rate  for  R  =  0.6  was  too  high  (>  1  mm/cyclo)  for  the 
computer  to  maintain  a  constant  AK. 

The  crack  growth  behavior  in  sulfate  solution  is  entirely  different 
from  that  in  high-purity  water.  Figures  1 0  and  1 1  show  results  of  tests 
conducted  in  sulfate  solution  [0.05  M  Na2S04  (pH  3)].  Also  shown,  for 
comparison  purposes,  is  selected  data  from  the  high-purity  water 
cases.  Figure  10  shows  results  of  tests  performed  under  electro¬ 
chemical  control  (galvanostatic).  In  a  conductive  electrolyte,  cathodic 
polarization  results  in  an  increase  in  crack  growth  rate  for  both  the  AH 
and  HTH  heat  treatments.  A  gradual  transition  from  transgranular  to 
intergranular  crack  growth  is  observed  until,  at  a  cathodic  current 
density  of  0.05  mA/cm2,  crack  growth  is  completely  intergranular.  It 
is  important  to  note  that  at  the  free-corrosion  potential,  the  crack 
growth  for  the  AH  heat  treatment  is  intergranular,  while  in  the 
conductive  electrolyte,  it  is  transgranulai  and  much  lower.  Also,  tho 
crack  growth  rates  for  both  the  AH  and  HTH  heat  treatments  are 
comparable  at  the  free-corrosion  potential.  Anodic  polarization 
results  in  a  decrease  in  crack  growth  rate  for  the  AH  heat  treatment 
in  the  conductive  electrolyte.  On  the  other  hand,  the  crack  growth  rate 
is  high,  intergranular,  and  independent  of  charging  current  density  in 
high-purity  water. 

Figure  1 1  shows  tho  data  m  sulfate  solution  as  a  function  of 
frequency.  While  the  data  are  limited,  there  is  a  clear  inverse 
frequency  dependence  for  cathodic  polarization  conditions. 
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Grain-Boundary  Phases  in  Alloy  X-750(A) 


TABLE  3 


Intragranular  Phases  in  Alloy  X-750(A) 


Treatment  Phase  Description  Treatment  Phase  Description 


AH 

y’ 

Predominant  phase, 

0.3pm,  cuboida!  shape 

AH 

Fine  7* 

Uniform  distribution — 
0.01  pm 

(Ti,Nb)C 

Rarely  present,  usually 
found  at  GB  triple  points 

Coarse  7’ 

Absent  near  all  grain 
boundaries,  0.14  pm 

n 

Predominant  phase  in  some 
regions,  large,  rod  shaped 

High  concentrations  in 
some  regions  of  plate 

HTH 

CrjgCg 

Predominant  phase— several 
types,  shapes,  discrete  and 
continuous 

HTH 

Fine  7’ 

Uniform  distribution — 
0.02pm 

V 

Usually  present— 0.04  pm, 
usually  rod  shaped 

<A,UNS  N07750 


FIGURE  2 — Bright  field  TEM  micrograph  of  the  AH  heat  treat¬ 
ment  showing  a  typical  grain-boundary  region.  Note  the  three  y’- 
slzed  fractions  and  the  region  devoid  of  the  large  matrix-sized 
fraction  adjacent  to  the  grain  boundary. 


FIGURE  3— TEM  extraction  replica  of  the  HTH  heat  treatment. 
Matrix  contains  fine  y’.  Grain  boundaries  are  decorated  with 
Cr23Cg  carbides. 


TABLE  4 

Compositions  of  Precipitated  Phases  in  Alloy  X-750  (UNS  N07750)  (wt%) 


Element 

Gamma  Prime 

MjjCs 

Carbides 

Eta  Phase 

AH-C'a» 

AH-F<A> 

HTH 

HTH 

AH 

Al 

6.4  a  0.6 

6.9  a  0.6 

6.4  a  0.8 

0.2  a  0.2 

3.0  a  1.3 

Ti 

13.5  a  0.3 

13.9  a  0.2 

12.1  a  0.4 

0.4  a  0.2 

20.3  a  0.5 

Cr 

1,9  a  0.2 

4.3  a  0.6 

2.3  a  0.5 

94.1  a  3.7 

2.6  a  0.2 

Ni 

74.7  a  0.8 

71.1  a  1.4 

75.3  a  1.0 

5.0  a  2.9 

68.5  a  0.8 

Nb 

0.7  a  0.1 

1.0  a  0.1 

0.4  a  0.1 

0.1  a  0.05 

1.6  a  0.3 

Fo 

2.8  a  0.1 

2.9  a  0.1 

3.5  a  0.4 

2.7  a  0.7 

3.9  a  0.2 

<*>C  -  coarso;  F  «  lino 
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FIGURE  4-Fatlgue  crack  growth  for  all  heat  treatments,  includ¬ 
ing  that  for  the  AH  heat  treatment  In  helium  at  93°C. 
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FIGURE  5— Fatigue  crack  growth  for  all  heat  treatments  tested 
In  hlgh-purity  water  at  288*C. 
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FIGURE  6— Fatigue  crack  growth  data  In  air-saturated  and 
deaerated  hlgh-purity  water  at  93°C  for  the  AH  heat  treatment. 


FIGURE  7— SEM  micrograph  of  fatigue  fracture  surface  In  the 
AH  heat  treatment  tested  at  93°C  In  deaerated  hlgh-purity  water 
at  a  iSK  of  25  MPaV'rn,  frequency  of  0.1  Hz,  and  an  R  ratio  of  0.1. 


To  demonstrate  clearly  the  effect  of  electrolyte  type  and 
cathodic  polarization  on  the  crack  path,  a  test  was  conducted  in 
which  the  same  specimen  was  exposed  to  a  series  of  different 
electrolytes  and  polarization  conditions,  after  which  the  crack  path 
was  examined.  Figure  12  shows  a  SEM  micrograph  for  one  of  these 
tests.  In  this  case,  a  stable  crack  growth  rate  was  first  established  in 
high-purity  water  at  a  constant  AK  of  25  MPaVm,  a  frequency  ol  1 
Hz,  and  an  R  ratio  of  0.1.  The  test  was  then  stopped  and  the  solution 
drained  from  the  cell.  A  solution  of  0.05  M  Na2S04  (pH  3)  was  then 
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introduced  and-  the  test  restarted.  The  crack  growth  rate  was 
observed  to  decrease  by  approximately  an  order  of  magnitude.  After 
ensuring  a  stable  constant  crack  growth  rate,  the  sample  was 
cathodically  polarized  such  that  a  constant  current  density  of  -0.5 
mA/cm2  was  achieved.  The  crack  growth  rate  was  observed  to 
increase  to  a  value  that  was  approximately  the  same  as  for  the 
high-purity  water  condition.  Figure  12  shows  the  fracture  surface  for 
this  test.  Upon  introduction  of  the  conductive  electrolyte,  the  crack 
path  changes  immediately  from  intergranular  to  transgranular.  Ca¬ 
thodic  polarization  results  in  an  immediate  transition  to  intergranular 
growth.  This  type  of  test  was  performed  several  times  with  identical 
results.  However,  for  cases  in  which  the  test  sequence  consisted  of 
high-purity.water,  sulfate  (no  polarization),  and  sulfate  (polarization), 
the  transition  from  intergranular  to  transgranular  and  back  to  inter¬ 
granular  was  immediate.  This  is  not  the  case  when  either  high-purity 
water  is  introduced  after  a  conductive  electrolyte  test  or  when 
cathodic  protection  is  terminated  in  a  conductive  electrolyte  test.  In 
these  cases,  the  transition  in  crack  path  is  gradual  and  depends  on 
the  test  frequency. 


FIGURE  8— SEM  micrograph  of  fatigue  fracture  surface  In  the 
AH  heat  treatment  tested  at  93°C  In  deaerated  hlgh-purlty  water 
at  a  AK  of  25  MPa  Vin,  a  frequency  of  1 0  Hz,  and  an  R  ratio  of  0.1 . 


FIGURE  9-Fatlguo  crack  growth  rate  at  a  AK  of  25  MPaVm  and 
an  R  ratio  of  0.1  as  a  function  of  frequency  In  deaerated 
hlgh-purlty  water  at  60  and  935C  for  the  AH  heat  treatment. 


Discussion 

The  results  of  the  experimental  program  show  that  the  CF 
behavior  Is  a  strong  function  of  microstructure  and  environment. 
Moreover,  in  the  case  of  the  low-temperature  regime,  the  behavior 
would  seem  to  be  counterintuitive  in  that  an  increase  in  crack  growth 
rate  Is  observed  with  increasing  frequency.  The  more  common 
manifestation  of  an  environmental  effect  is  an  increase  in  crack 


growth  rate  with  decreasing  frequency.  This  is  indeed  the  case  when 
a  conductive  electrolyte  is  present.  However,  the  high-purity  water 
case  would  appear  to  be  anomalous.  In  light  of  this  complex 
behavior,  for  the  following  discussion,  it  is  appropriate  to  summarize 
the  results  of  the  investigation  thus  far: 

(1)  The  crack  growth  rate  in  high-purity  water  is  higher  than  that  in 
helium  for  certain  combinations  of  microstructure,  mechanical, 
and  environmental  variables. 

(2)  There  is  a  strong  frequency  effect  that  peaks  at  around  100°C. 
The  AH  heat  treatment  exhibits  the  strongest  frequency  effect, 
but  the  effect  is  present  in  all  of  the  other  heat  treatments.  The 
low-temperature  regime  (<  200°C)  shows  behavior  distinct  from 
the  high-temperature  regime  (>  200°C). 

(3)  The  high-growth-rate  regime  does  not  extend  to  higher  temper¬ 
atures  for  the  conditions  studied.  At  temperatures  above  200°C, 
the  crack  growth  rate  exhibits  a  gradual  increase  with  temper¬ 
ature  for  a  given  AK  and  is  largely  independent  of  heat 
treatment. 

(4)  There  is  no  significant  effect  of  oxygen  or  hydrogen  concentra¬ 
tion  in  high-purity  water  for  any  heat  treatment. 

(5)  In  the  increased  growth-rate  regime,  the  crack  path  becomes 
intergranular  for  the  AH  heat  treatment  at  an  R  value  of  0.1.  For 
the  HTH  heat  treatment,  intergranular  fracture  becomes  notice¬ 
able  only  at  higher  R  ratios. 

(6)  The  threshold  frequency  for  increased  crack  growth  rate  in  the 
AH  heat  treatment  is  approximately  0.3  Hz  at  an  R  ratio  of  0.1. 
The  threshold  frequency  decreases  with  increasing  AK  and  R. 

(7)  Cathodic  polarization  in  a  conductive  electrolyte  results  in 
intergranular  crack  growth.  Anodic  polarization  reduces  the 
crack  growth  rate. 


Current  Den$ity(mA/cm2) 


FIGURE  10-Fatlgue  crack  growth  rate  of  the  AH  and  HTH  heat 
treatments  as  a  function  of  charging  current  density  and 
environment.  Tests  conducted  at  a  AK  of  25  MPaVm^  a  fre¬ 
quency  of  1.0  Hz,  and  an  R  ratio  of  0.1. 
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AH  heat  treatment  In  0.05  M  Na2S04(pH  3)  as  a  function  of 
frequency  at  a  AK  of  25  MPaVrn  and  an  R  ratio  of  0.1 

The  observed  behavior  at  low  temperature  in  high-purity  water 
is  consistent  with  a  mechanism  whereby  the  embrittling  agent  is 
produced  by  the  material  itself,  as  a  result  of  crack  propagation  in 
sufficient  quantity  for  the  effect  to  manifest  itself.  Since  one  would 
normally  expect  that  a  rapidly  propagating  crack  would  eventually 
"out-run”  the  embrittling  agent  at  some  critical  rate,  there  must  also 
be  a  mechanism  whereby  the  embrittling  agent  remains  concentrated 
at  the  crack  tip,  independent  of  crack  propagation  rate. 

Figure  13  shows  a  schematic  of  a  typical  crack  tip  in  a 
precipitation-hardened  alloy.  If  we  consider  only  the  environmental 
aspects  of  the  propagation  process,  the  major  components  of  the 
system  include  the  following:  (1 )  fresh  metal  surface  at  the  immediate 
crack  tip,  which  for  fatigue  would  be  present  even  if  crack  propaga¬ 
tion  were  not  environmentally  assisted;  (2)  grain-boundary  and 
matrix  chemistries  that  may  be  quite  different;  (3)  grain-boundary 
precipitatos  that  may  bo  anodic  or  cathodic  with  respect  to  the 
adjacent  matrix,  grain  boundary,  or  other  precipitate;  and  (4)  passi¬ 
vated  or  filmed  crack  flanks  the  nature  and  extent  of  which  will 
depend  on  the  stability  and  kinetics  of  film  formation.  As  the  crack 
propagates,  these  components  are  continuously  being  exposed  to 
the  environment.  For  these  conditions,  there  will  be  competition 
between  the  exposure  of  fresh  surface  and  the  elimination  of  fresh 
surface  because  of  film  formation.  The  thermodynamics  of  a  partic¬ 
ular  reaction,  hydrogen  reduction,  and/or  metal  dissolution,  for 
example,  wiii  determine  if  a  reaction  is  possible.  The  kinetics  of  these 
reactions  and/or  their  inhibition  by  film  formation  will  determine  the 
total  change  transferred  during  the  crack-extension  increment. 

For  the  y/NI-Cr-Fe  system,  it  has  been  demonstrated  that  a 
sufficient  galvanic  couple  exists  in  these  environments  for  the 
generation  of  corrosion  currents  of  as  much  as  of  0.5  mA/cm2,  with 
7*  being  the  anode  and  the  matrix  composition  being  the  cathode." 
In  this  case,  the  cathodic  reaction  was  hydrogen  reduction.  Figure  1 4 
shows  the  results  of  polarization  studies  on  (Ni  Co)3f  Al)  with  variable 
titanium  content  in  0.05  M  Na2S04(pH  3  using  H2S04  additions)  as 


a  function  of  temperature."  The  y’  in  this  study  exhibited  a  transition 
from  active/passive  to  active  and  back  to  active/passive  behavior 
over  the  temperature  range  50  to  150°C.  As  was  discussed  earlier, 
the  AH  heat  treatment  results  in  a  predominance  of  7’  precipitation  on 
the  grain  boundaries.  It  is  interesting  to  note  that  the  peak  in  critical 
anodic  current  density  occurs  at  100°C,  the  same  temperature  at 
which  the  peak  in  accelerated  crack  growth  occurs  in  alloy  X-750.  It 
is  thus  proposed  that  the  7 ’/matrix  couple,  which  will  exist  at  the  crack 
tip,  can  provide  for  local  hydrogen  generation  during  crack  propaga¬ 
tion. 


FIGURE  12— Transitions  In  fracture  mode  In  response  to  envi¬ 
ronmental  changes.  Tests  conducted  at  a  AK  of  25  MPa'/m,  a 
frequency  of  1  Hz,  and  an  R  ratio  of  0.1  (crack  proceeded  from 
top  to  bottom). 

The  discussion  thus  far  has  focused  on  the  potential  for 
significant  galvanic  effects  in  the  material  with  y'  grain-boundary 
precipitation.  However,  the  total  charge  transferred  due  to  hydrogen 
reduction  must  equal  the  charge  transferred  during  the  anodic 
process.  The  critical  anodic  current  density  is  a  strong  function  of 
titanium  concentration.  The  range  of  y'  titanium  concentrations  in  this 
study  was  from  12.1  to  13.9  at%,  which  results  in  rapid  passivation, 
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as  shown  by  ihe  results  of  potential  jump  experiments.11  However, 
during  the  first  second  after  a  potential  jump,  the  anodic  current 
density  of  the  y'  composition  in  alloy  X-750  is  comparable  with  that 
of  titanium-free  y',  which  does  not  passivate.  Thus,  the  potential 
exists  for  significant  charge  transfer  on  the  time  scale  of  approxi¬ 
mately  one  second.  For  longer  times,  however,  the  anodic  current 
density  of  the  y'  in  X-750  decreases  to  small  values.  This  behavior 
allows  for  a  partial  explanation  of  the  observed  frequency  effect  in  the 
low-  temperature  regime.  At  low  crack  propagation  rates  (da/dt), 
which  would  correspond  with  propagation  at  low  frequency,  the 
amount  of  hydrogen  available  for  interaction  at  the  crack  tip  will  be 
limited  both  by  metal  exposure  rate  and  film  formation  and  its  effect 
on  the  anodic  half  reaction. 


AWOO’C  OR  CATXOOtC  PRECIPITATES 


FIGURE  13— Model  for  intergranular  crack  propagation  in  pre¬ 
cipitation-hardened  materials. 

For  a  complete  explanation  of  the  increase  frequency  effect,  we 
must  examine  and  compare  the  results  of  tests  performed  in  the 
sulfate  solution  with  those  of  tests  performed  in  high-purity  water.  As 
shown  in  Figures  10  and  11,  no  acceleration  in  crack  growth  is 
observed  for  tests  performed  at  the  free-corrosion  potential  in  the 
conducting  electrolyte.  In  contrast,  accelerated  crack  growth  is 
observed,  for  some  mechanical  conditions,  in  high-purity  water.  In 
addition,  cathodic  polarization  results  in  accelerated  crack  growth  in 
a  conducting  electrolyte,  and  anodic  polarization  results  in  a  de¬ 
crease  in  crack  growth  rate.  This  is  strong  evidence  that  hydrogen  is 
responsible  for  the  accelerated  crack  growth  rate— at  least  in  the 
conductive  electrolyte  case.  For  the  case  of  high-purity  water,  it  is 
also  proposed  that  hydrogen,  this  time  self-generated  because  of  the 
•yVmatrix  couple  at  the  crack  tip,  is  also  responsible  for  the  acceler¬ 
ated  crack  growth  rate.  However,  there  still  remains  the  task  of 
explaining  why,  at  the  free-corrosion  potential,  accelerated  crack 
growth  occurs  in  the  nonconducting  (high-purity  water)  case  and 
does  not  occur  in  the  conducting  electrolyte.  As  an  explanation  for 
this,  it  is  proposed  that  the  high  IR  drop  present  in  the  nonconducting 
electrolyte  forces  a  severe  localization  of  the  hydrogen-reduction 
process  to  the  immediate  crack-tip  region.  The  hydrogen-reduction 
process  is  thus  forced  to  "follow1'  the  crack  tip.  At  a  sufficiently  high 
propagation  rate,  enough  hydrogen  is  generated  for  an  effect  to 
manifest  itself.  In  the  conducting  electrolyte,  the  localization  of  the 
hydrogen-reduction  process  is  not  possible.  Thus,  an  insufficient 
amount  of  hydrogen  is  generated  at  the  crack  tip  in  spite  of  the  same 
total  hydrogen  being  generated  by  the  7 /matrix  couple.  It  is  thus 


necessary  to  impose  a  local  hydrogen-reduction  process  by  cathodic 
polarization.  As  an  additional  note,  Figure  10  shows  that  cathodic 
polarization  has  no  effect  on  crack  propagation  rate  in  high-purity 
water.  This  is  most  likely  because  the  high  IR  drop  is  making  it 
impossible  to  polarize  the  crack  tip  sufficiently  for  additional  hydrogen 
generation. 


TEMPERATUREt  *C) 


FIGURE  14— Effect  of  temperature  on  the  active-dissolution 
peak  density  of  Ni3AI  with  various  titanium  contents  in  0.05  M 
Na2S04  (pH  3)  compared  with  solution-annealed  alloy  X-750 
(UNS  N07750).  Compositions  are  In  atomic  fractions. 

The  gradual  transition  between  transgranular  and  intergranular 
crack  propagation  when  high-purity  water  replaces  the  sulfate 
solution,  and  between  intergranular  and  transgranular  crack  propa¬ 
gation  after  termination  of  cathodic  polarization  can  be  explained  as 
follows.  When  the  conductive  solution  is  drained  from  the  system,  it 
is  not  possible  to  eliminate  residual  solution  from  the  crack  enclave; 
thus,  some  amount  of  pumping  by  the  fatigue  process  is  required  to 
clean  the  crack.  During  this  process,  the  conductivity  of  the  solution 
in  the  crack  decreases  gradually,  resulting  in  a  gradual  transition  For 
the  case  after  termination  of  cathodic  polarization,  one  can  hypoth¬ 
esize  that  some  residual  hydrogen  remains  either  absorbed  in  the 
metal  or  adsorbed  on  the  surface  at  the  crack  tip.  Thus,  the  crack 
must  propagate  through  this  region  or  use  up  the  remaining  hydrogen 
during  the  transition  period. 

In  contrast  to  the  AH  heat  treatment,  the  HTH  heat  treatment 
grain-boundary  microstructure  is  completely  different  In  this  case, 
the  dominant  grain-boundary  phase  is  Cr23C6  carbide  In  contrast  to 
7',  the  carbide  has  been  shown  to  be  cathodic  with  respect  to  the 
matrix.12  In  addition,  the  fraction  of  grain-boundary  carbide  coverage 
is  small,  hence,  the  small  cathode  is  coupled  with  a  large  anode  For 
these  conditions,  it  is  unlikely  that  sufficient  galvanic  current  can  be 
generated  to  sustain  an  environmental  effect  for  the  conditions  of  this 
investigation.  This  does  not  mean  that  if  an  external  source  is 
available,  as  with  the  cathodic-charging  case  in  the  sulfate  solution, 
accelerated  cracking  will  not  occur. 

The  behavior  at  high  temperature  clearly  indicates  that  the  low- 
temperature  mechanism  is  not  operative,  or  at  least  is  not  controlling 
crack  growth.  One  would  expect  that  as  the  temperature  is  increased, 
the  hydrogen  recombination  reaction  would  become  increasingly 
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rapid.  This  would  result  in  a  given  amount  of  hydrogen  being  less 
effective  as  an  embrittling  agent.  Since  the  crack  path  is  transgran- 
ular  for  all  heat  treatments,  grain-boundary  morphology  cannot  be  an 
important  variable  in  this  regime.  However,  the  crack  growth  rate  is 
significantly  higher  than  that  in  helium,  and  the  rate  does  increase 
with  decreasing  frequency  for  a  constant  AK.  This  would  imply  that  an 
environmental  component  of  crack  growth  is  present.  Thus,  in  this 
regime,  we  can  hypothesize  (with  much  less  confidence,  however) 
that  crack  growth  rate  acceleration  results  from  crack-tip  reactions  in 
which  the  anodic  process  is  dominant  because  of  the  generally 
increased  reaction  rates  that  arise  as  a  result  of  the  increased 
temperature. 

Conclusion 

The  results  of  this  analysis  indicate  that  at  least  two  mecha¬ 
nisms  are  responsible  for  the  observed  behavior  in  the  temperature 
range  20  to  288°C:  hydrogen  embrittlement  at  low  temperatures 
(<  200°C)  and  anodic  mechanisms  at  high  temperatures  (>  200°C). 
The  results  of  the  investigation  demonstrate  that  hydrogen  plays  a 
critical  role  in  the  CF  process  at  low  temperatures.  It  has  also  been 
shown  that  it  is  only  necessary  that  a  source  of  hydrogen  be  present 
in  sufficient  quantities  for  an  effect  to  be  observed.  In  the  case  of  heat 
treatments  that  result  in  y  precipitation  on  the  grain  boundaries,  the 
source  of  nydrogen  is  provided  by  the  > '/matrix  galvanic  couple.  For 
the  HTH  heat  treatment,  the  gram-boundary  couple  between  carbide 
and  matrix  is  insufficient  for  the  production  of  enough  hydrogen 
except  at  high  crack  growth  rates. 

The  results  of  this  investigation  demonstrate  the  importance  of 
galvanic  coupling  between  grain-boundary  phases  in  multiphase 
alloys  and  their  potential  roles  in  the  EAC  process. 

While  a  hydrogen  mechanism  is  responsible  for  the  observed 
behavior  at  low  temperatures,  this  mechanism  is  not  controlling  at 
high  temperatures.  In  this  case,  an  anodic  mechanism  is  more  likely. 
Further  work  is  necessary  to  confirm  this. 
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Transgranular  Stress  Corrosion  Cracking 
in  Copper-Gold  Alloys 

B.D.  Lichter,  VJ.F.  Flanagan,  J.B.  Lee,  and  M.  Zhu* 

Abstract 

Transgranular  stress  corrosion  cracking  (TGSCC)  was  studied  for  disordered  single  crystals  of 
Cu-25at%Au  and  Cu-50at%Au  alloys  in  aqueous  NaCI  and  FeCI3  over  the  potential  range  0  to  750 
mVsce.  In  this  domain,  selective  dissolution  of  copper  occurs,  and  both  anodic  dissolution  of  gold  and 
hydrogen  generation  are  thermodynamically  excluded.  Under  slow-strain-rate  and  constant-deflection 
loading,  TGSCC  readily  occurs  concurrent  with  rapid  dealloying  above  a  critical  potential  (Ec),  which 
increases  with  increasing  gold  concentration  in  the  alloy  and  decreasing  chloride  concentration  in 
aqueous  NaCI.  However,  embrittlement  of  Cu-25Au  was  also  observed  below  Ec  (where  the 
steady-state  dealloying  rate  is  relatively  low,  ~  1  x  10'6  amp/cm2)  under  constant  deflection  in  FeCI3 
and  for  slow-strain-rate  loading  in  NaCI.  The  minimum  average  crack  growth  rate  was  found  to  be  1  to 
3  orders  of  magnitude  higher  than  the  steady-state  dealloying  rate,  indicating  that  although  the 
dealloying  process  assists  crack  growth,  it  cannot  account  for  the  rate  of  crack  propagation  predicted 
by  Faraday’s  law.  Scratching  experiments  were  conducted  to  determine  the  transient  dealloying  rates 
of  Cu-25Au  crystals  in  aqueous  NaCI  at  potentials  below  Ec.  Recurring  current  transients  and 
associated  load  drops  were  also  observed  during  slow-strain-rate  testing,  providing  clear  evidence  for 
the  discontinuous  nature  of  crack  advance.  The  time  dependence  of  these  current  transients  was  similar 
to  that  observed  during  scratching.  An  attempt  is  made  to  interpret  these  results  in  the  light  of  current 
theories  of  TGSCC. 


Introduction 

It  is  now  believed  that  for  many  metal  systems,  transgranular  stress 
corrosion  cracking  (TGSCC)  occurs  by  discontinuous  cleavage.'  6 
The  evidence  includes  the  following.  (1)  For  face-centered  cubic  t,fcc) 
systems  in  general  and  copper  base  systems  in  particular,  the 
fracture  surfaces  generally  occur  as  (110)  facets  rather  than  lying 
along  [ill]  slip  planes,  as  would  be  expected  if  the  dominant 
mechanism  were  shear,' 2  (2)  observation  of  the  fracture  surfaces 
reveals  that  opposing  faces  are  nearly  matching  and  that  the 
surfaces  are  cleavage  like,  displaying  a  distinctive  'facet-step 
morphology  and  "river  markings",”4  (3)  distinct  crack-arrest  mark¬ 
ings  are  observed  on  the  fracture  surface;2,5  and  (4)  discrete 
acoustic  emission  pulses  have  been  observed  to  correlate  with 
electrochemical  noise.® 

Such  results  suggest  that  the  processes  leading  to  cleavage 
events  must  Involve  corrosion  as  well  as  deformation.  This  was 
discussed  by  Forty,  who  suggested  that  in  brass,  dezincification  at 
the  tip  of  an  arrosted  crack  loads  to  local  embrittlement  and  resumed 
crack  advance  7  On  the  basis  of  two-dimensional  computer  simula¬ 
tion  models,  Sieradzkl  and  Newman  have  proposed  that  surface 
modification,  be  it  deallo/ing  or  film  formation,  could  lead  to 
embrittlement  under  the  influence  of  the  stress  field  of  a  crack  tip.9  9 
In  their  model,  the  misfit  stress  arising  from  dealloying,  fur  example, 
leads  to  the  formation  of  a  crack  at  the  interface  between  the 
underlying  matrix  and  the  surface  affected  zone  when  the  disparity 
between  the  atom  sizes  is  sufficiently  large. 

Recent  findings  suggest  that  the  initial  nucleation  step  for 
TGSCC  may  differ  from  the  continued  reinitiation  process  associated 
with  propagation  of  the  crack.  This  initial  step  presumably  develops 
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the  appropriate  stress  state  and  environmental  conditions  for  TGSCC 
and  involves  the  formation  of  a  groove  or  crack,  not  necessarily  of  the 
same  orientation  as  the  ensuing  transgranular  crack.’0  For  the  case 
of  brass  in  ammoniacal  solutions,  local  dissolution  of  active  slip 
planes  provides  the  necessary  nucleus  for  TGSCC.”  In  engineering 
alloys,  pits,  inclusions,  intergranular  cracks,  etc.,  may  serve  as 
suitable  nuclei  for  transgranular  cracks.  We  have  previously  reported 
an  alternative  mechanism  that  occurs  in  copper-gold  alloys  in  which 
a  brittle  gold  sponge  forms  on  the  surface  in  both  NaCI  and  ferric 
chloride  solutions.0  Under  tensuo  loading,  cracks  form  in  this  sponge 
and  propagate  into  the  underlying  matrix,  providing  the  nucleus  for 
TGSCC. 

Assuming  that  crack  propagation  in  TGSCC  occurs  discontm- 
uously,  it  must  involve  a  succession  of  renucloation  and  rapid 
propagation  events  separated  by  finite  time  intervals  during  which  the 
crack  is  momentarily  arrested.  A  comprehensive  theory  must  explain 
both  the  observed  crack  morphology  (i.e.,  the  crack  orientation,  the 
crack  arrest  markings,  the  details  of  the  “river  markings,  etc.)  and 
the  observed  kinetics  (i.e.,  the  effect  of  potential  and  crack-tip 
environment  on  the  average  propagation  rate,  which  is  the  ratio  of 
crack  advance  distance  to  timo  interval  between  microcracking 
events).  Processes  similar  to  those  that  lead  to  initial  nucleation  may 
be  involved,  such  as  selective  dissolution  (dealloying;  leading  to  the 
formation  of  a  sponge.0  4  Alternatively,  selective  dissolution  may  lead 
merely  to  a  depleted  surface  region  ("film")  or  oxide  at  the  crack  tip.® 
A  distinctly  different  process  involves  dissolution  along  slip  planes 
intersecting  the  crack' tip.  This  was  suggested  by  Forty,  but  the 
detailed  mechanism  was  unspecified.7  For  any  of  these  mechanisms 
to  be  applicable,  they  must  provide  the  necessary  stress  condition  for 
crack  renucloation.  The  subsequent  arrost  of  the  reinitiated  crack  has 
been  explained  by  the  activation  of  a  slip  band  that  absorbs  the  crack 
driving  energy.7'12  Howevor,  in  .some  instances  it  could  be  the 
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consequence  of  a  decaying  crack  driving  force  from  a  fixed  crack¬ 
opening  displacement,  caused,  for  example,  by  the  release  of  a 
dislocation  pile-up.13 

Rice  has  modeled  the  tensile  crack-tip  deformation  fields  in 
elastic,  ideally  plastic  crystals  and  has  shown  that  because  of  stress 
and  displacement  compatibility  requirements,  velocity  discontinuities 
occur  that  are  coincident  with  slip  planes  for  a  [110](001)  crack  but 
oblique  to  them  for  a  (010](101)  crack  in  an  fee  lattice.14  Despite  the 
fact  that  the  analysis  considers  only  infinitesimal  strains  without 
lattice  rotations,  Rice  concludes  that  fee  materials  should  be  prone  to 
{110}  fracture.  This  is  because  for  such  {110}  cracks,  crack-blunting 
slip  involves  kink-like  shear  for  which  the  required  dislocation 
sources  may  not  be  available,  leading  to  cleavage.  This  contrasts 
with  the  case  for  {100}  cracks,  in  which  crack-blunting  slip  could 
easily  initiate  at  the  crack  tip.  Such  an  analysis  is  moot  for  normally 
ductile  materials  in  the  absence  of  corrosion,  but  if  TGSCC  occurs, 
the  role  of  corrosion  becomes  critical  and  must  be  included  in  the 
analysis.  It  might  be  that  corrosion  is  capable  of  producing  sharp 
cracks  that  could  extend  by  cleavage  according  to  the  Rice  mecha¬ 
nism;  nowever,  it  is  known  that  propagating  cleavage  cracks  are 
blunted  „..J  therefore  arrested  by  pre-existing  active  slip  bands.7 
Therefore,  our  attention  should  be  focused  on  the  details  of  the  arrest 
and  (re)initiation  of  cleavage  cracks,  and  the  specific  role  of 
environment  in  this  process. 

From  the  foregoing  account,  the  detailed  mechanism  for  crack 
propagation  remains  unclear.  Indeed,  there  may  be  more  than  one 
mechanism  that  could  explain  the  process.  However,  anodic  disso¬ 
lution  is  certainly  involved,  and  the  study  of  transient  currents 
associated  with  the  initial  nucleation  and  the  subsequent  discontin¬ 
uous  cracking  events  seems  appropriate.  The  presen.  work  presents 
results  for  copper-gold  alloys  in  aqueous  NaCI.  undertaken  to 
elucidate  some  of  the  details  of  TGSCC.  Results  aie  presented  for 
both  steady-state  and  transient  dealloying.  In  addition,  results  of 
slow-strain-rate  tests  are  presented  and  compared  with  earlier 
bend-test  results,  and  an  attempt  is  made  to  interpret  these  based  on 
the  dealloying  process.  The  copper-gold  system  was  chosen  be¬ 
cause  over  the  investigated  potential  range  exclusive  dissolution  of 
copper  occurs.  Also,  in  this  potential  range,  involvement  of  hydrogen 
in  the  cracking  process  can  be  discounted  both  on  thermodynamic 
grounds  and,  more  convincingly,  because  of  the  results  of  recent 
crack-chemistry  modeling  by  Bertocci.15 

Experimental  Procedures 

Experiments  were  performed  on  Cu-25Au  and  Cu-50Au  single 
crystals  produced  using  the  Bridgman  technique  by  co-melting 
copper  and  gold  of  '.‘9.99%  purity  in  a  high-purity  split  graphite 
mold 111  Samples  with  dimensions  3.5  by  0.3  by  0.03  to  0.1  cm  were 
cut  from  single-crystal  slabs.  The  crystals  were  wet-ground  using 
320-  to  600-grit  SiC  paper,  followed  by  Ire  polishing  with  a 
succession  of  suspensions  of  alumina  powders,  ending  with  0.05  jim 
alumina  particles,  which  resulted  in  bright  and  smooth  surfaces,  The 
specimens  were  then  degreased  with  ethyl  alcohol  and  acetone, 
vacuum  sealed  in  quartz  capsules,  annealed  at  850’C  for  120  h  to 
ensure  homogenization  and  relieve  any  residual  stresses,  and  brine 
quenched  to  obtain  a  disordered  structure. 

Steady-state  (potentiostatic)  anodic  polarization  was  performed 
using  platinum  counterelectrodes  in  0.006  to  0.6  M  NaCI  solutions, 
deaerated  with  hydrogen  or  helium,  using  PAR7  Model  173/276  and 
Solartron7  Model  1286  potontiostats,  Electrode  potentials  were 
measured  with  respect  to  a  saturated  KCI  calomel  electrode  (SCE). 


(,,Gotd  was  provided  by  Englehard  Corporation  through  the  assis¬ 
tance  of  Dr.  Richard  Lanam. 
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Scratching  experiments  were  performed  on  Cu-25Au  samples 
in  0.6  M  NaCI.  One  experiment  was  conducted  to  reveal  the  effect  of 
scratching  on  dealloying  below  Ec.  A  sample  was  scratched  in  air, 
immediately  submerged  into  the  solution  while  polarized  at  350  mV, 
and  maintained  at  this  potential  for  three  days  without  an  applied 
stress.  The  other  experiment  involved  scratching  crystals  while  they 
were  submerged  in  the  aqueous  environment  and  anodically  polar¬ 
ized  to  potentials  between  1 00  and  30  mV,  using  a  Thompson7  Model 
184  low-noise  potentiostat.  The  transient  current  pulses  following 
scratching  were  measured  using  a  Nicolet7  digital  storage  oscillo¬ 
scope  (Model  4094/4562.) 

Slow-strain-rate  tests  were  performed  with  Cu-25Au  crystals  in 
a  specially  constructed  corrosion  cell,  controlled  with  the  Thompson 
low-noise  potentiostat  and  mounted  on  an  Applied  Test  Systems7 
universal  testing  machine  (ATS  Series  1  102E).  This  is  a  relatively 
“hard"  machine,  so  sudden  extensions  of  the  sample  give  rise  to  a 
load  drop.  This  feature  was  useful  in  detecting  initiation  as  well  as 
renucleation  during  discontinuous  crack  propagation,  as  discussed 
below  The  potential  domain  for  TGSCC  was  established  under 
slow-strain-rate  loading  using  samples  polarized  between  300  and 
430  mVSCE,  and  the  resulting  data  were  compared  with  prior  results4 
obtained  under  constant  deflection  in  both  aqueous  NaCI  and 
aqueous  FeCI3.  During  some  of  these  tests,  which  were  performed  at 
a  strain  rate  of  1 .1  to  1 .3  x  1 0*6/s,  current  transients  and  associated 
load  drops  were  observed  and  recorded  with  the  Nicolet  oscillo¬ 
scope  In  these  instances,  the  sample  area  was  masked  with 
“Miccrostop,”7  leaving  only  a  small  region  along  the  edge  containing 
the  crack-initiation  site  exposed  to  the  solution. 

Microprobe  observations  were  done  using  an  Hitachi7  X-650 
scanning  electron  microscope  (SEM)  equipped  to  do  electron  micro¬ 
probe  x  ray  analysis  using  either  energy  or  wave-length  dispersion. 


Results 

Steady-state  polarization  studies 
Effect  of  alloy  composition.  Figure  1  includes  the  results  for 
anodic  polarization  for  unstressed  crystals  of  Cu-25Au  and  Cu-50Au 
in  oxygen-free  0.6  M  NaCI.  A  low-current  plateau  is  observed  up  to 
a  critical  potential  (Ec)  (~  +430  mV  for  25  Au  and  ~  +620  mV  for 
50  Au),  above  which  a  steep  rise  in  current  is  noted.  Similar  behavior 
has  previously  been  reported  for  this  system’6  as  well  as  for 
acid  sulfate  solutions.’7  The  phenomenon  may  be  described  as  a 
"transpassiva”  transition,  in  which  the  dealloyed  (gold-rich)  surface 
layers  are  no  longer  protective  above  Ec,  leading  to  formation  ol  a 
gold  "sponge"  and  rapid  dissolution  of  copper.4  The  subject  has  been 
reviewed  by  Pickering’6  and  more  recently  by  Kaiser.’9  Figure  2 
shows  the  appearance  of  the  sponge  formed  above  Ec. 

Effect  of  Cl'  concentration.  Figure  3(a)  shows  results  for 
anodic  polarization  of  Cu-25Au  for  different  concentrations  of  aque¬ 
ous  NaCI  and  indicates  a  systematic  variation  of  Ec  with  Cl"  activity. 
The  dependence  as  shown  in  Figure  3(b)  follows  the  relation 

E0  =  A  +  B  log,0(aC|-)  (1) 

where  the  constant  B  is  found  to  be  0.05  V.  These  results  are  similar 
to  those  obtained  by  MacDonald,  et  al.,  in  studies  of  the  Cl" 
dependence  of  the  pitting  potential  in  stainless  steels,20  suggesting 
possible  relevance  of  their  proposed  model  for  the  breakdown  of 
passive  films  in  chloride  media.  Thus,  there  exists  the  novel 
possibility  of  an  oxide  or  salt  film  on  the  alloy  surface,  a  condition  that 
becomes  more  probable  at  higher  potentials.  The  possible  relevance 
of  this  situation  to  dealloying  needs  further  consideration. 
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FIGURE  1 -Steady-state  anodic  polarization  for  Cu-25Au  and 
Cu-50Au  single  crystals  in  oxygen-free  0.6  M  NaCI. 


FIGURE  2— Gold  sponge  formed  on  surface  of  alloys  polarized 
above  Ec:  (a)  Cu-25Au4  and  (b)  Cu-SOAu.23 


EFFECT  OF  CL‘  ION  CONCENTRATION  ON  CRITICAL  POTENTIAL 


FIGURE  3- (a)  Anodic  polarization  behavior  of  Cu-25Au  for 
different  concentrations  of  aqueous  NaCI  showing  systematic 
variation  of  Ec;  and  (b)  the  dependence  of  Ec  on  chloride  Ion 
activity  for  Cu-25Au. 


Scratching  experiments 

Samples  scratched  in  air.  Several  authors  have  suggested 
that  dealloying  occurs  only  above  the  critical  potential  (EC).,B'19 
However,  Cu-25Au  crystals,  scratched  in  air  and  immediately  anod- 
realty  polarized  in  0.6  M  NaCI  solution  at  350  mVsce,  well  below  Ec, 
exhibited  gold  enrichment  in  the  scratched  region.  This  was  con-' 
firmed  by  SEM  microprobe  analysis,  which  indicated  extensive 
dealloying  in  the  scratch,  as  can  bo  seen  in  Table  1 .  More  important, 
though,  was  the  observation  that  cracks  were  formed  in  this 
dealloyed  region  perpendicular  to  the  scratch,  and  that  these  cracks 
even  extended  into  the  unscratched  region  (Figure  4).  No  cracks 
were  observed  on  crystals  that  were  scratched  but  not  immersed  in 
the  solution,  nor  was  sponge  or  cracking  detected  in  samples  that 
were  immersed  unscratched,  even  after  17  days  of  exposure  at  350 
mVScE-  Thus,  it  seems  that  in  the  proper  environment,  prior 
deformation  caused  by  scratching  can  lead  to  an  increased  rate  of 
steady  state  dealloying.  This,  in  conjunction  with  residual  stresses 
presumably  caused  by  the  surface  deformation,  can  initiate  TGSCC. 
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TABLE  1 

Variation  of  Cu  and  Au  Composition 
Between  the  Matrix  and  the  Scratched  Region 


Weight%  Atomic% 


Cu 

Au 

Cu 

Au 

Matrix 

49 

51 

75 

25 

Scratched  Region 

30 

70 

57 

43 

FIGURE  4— SEM  micrograph  of  scratched  region  for  Cu-25at%Au 
crystal  scratched  in  air  and  Immersed  In  0.6  M  NaCI  for  3  days 
at  350  mV,  well  below  Ec.  Note  cracks  In  scratched  region,  some 
of  which  propagate  Into  the  unscratched  matrix. 

Samples  scratched  while  Immersed.  To  study  the  scratching 
behavior  more  carefully,  the  corrosion  current  was  monitored  for 
Cu-25Au  samples  scratched  while  they  were  immersed  in  solution, 
as  a  function  of  imposed  potential.  A  rapid  rise  in  current  accompa¬ 
nied  the  scratching  followed  by  a  current  decay  at  a  rate  related  to  the 
imposed  overpotential  (Figure  5).  The  measured  projected  area  of 
the  scratch  was  0.12  mm2.  The  area  exposed  by  scratching  was  not 
measured  in  each  case,  but  the  procedure  was  identical.  This 
involved  scratching  across  the  entire  specimen  surface  each  time. 
The  pressure  exerted  during  the  scratching  was  assumed  to  be  the 
same,  but  variations  in  this  pressure  would  lead  to  variations  in 
exposed  surface  as  well  as  in  the  related  deformation  and  resulting 
residual  stresses.  A  measure  of  such  variation  can  be  deduced  from 
the  measured  transient  peak  heights,  and  since  these  varied  linearly 
with  potential  with  relatively  little  scatter  (Figure  6),  it  was  assumed 
that  the  variation  in  scratched  area  was  not  significant. 

Slow-strain-rate  experiments 

Potential  dependence  of  tlme-to-fallure.  Figure  7  shows  the 
effect  of  the  applied  potential  on  the  time-to- failure,  which  is  seen  to 
approach  zero  as  Ee  is  approached  for  Cu  25Au  samples  in  0.6  M 
NaCI.  A  comparison  is  also  shown  with  earlier  results  undei  constant 
deflection.*  At  potentials  below  350  mV,  the  failure  mode  in  the 
constant  strain-rate  tests  is  predominantly  ductile,  however,  some 
environment-induced  loss  of  ductility  is  still  evident  at  300  mV.” 
Typical  fracture  surfaces  are  shown  in  Figure  8.  These  show  the 


characteristic  morphological  features  associated  with  cleavage-like 
fracture,  and  they  demonstrate  the  occurrence  of  TGSCC  at  poten¬ 
tials  well  below  Ec. 


T  (ms) 


FIGURE  5— Current  transients  following  scratching  Cu-25at%Au 
crystals  immersed  in  oxygen-free  0.6  M  NaCI  and  anodically 
polarized  to  various  potentials  below  Ec  (background  current  of 
~  1  pA  subtracted).  The  Inverted  periodic  pips  are  Instrumental 
artifacts. 
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FIGURE  6 -Potential  dependence  of  transient  current  maximum 
shown  in  relation  to  steady-state  anodic  polarization  curve  for 
pure  copper. 

Observations  of  crack  growth.  In  these  tests,  the  sample 
was  maintained  at  the  rest  potential  (~  -100  mV)  for  2  h  and  then 
anodically  polarized  in  steps  to  a  potential  below  Ec.  Straining  was 
begun,  and  the  sample  displayed  an  easy  glide  where  serrated 
yielding  was  observed  (nominal  stress  of  90  to  1 10  MPa.)  Usually,  a 
long  induction  period  was  observed  prior  to  crack  initiation,  however, 
tor  the  two  tests  reported  below,  initiation  was  promoted  by  polarizing 
the  sample  momentarily  to  430  or  450  mV.  The  onset  of  cracking  was 
detected  by  the  appearance  of  a  series  of  transient  current  peaks  that 
coincided  with  drops  in  the  measured  load.  Once  the  crack  was 
nucleated,  the  potential  was  lowered  to  values  below  Ec.  Subsequent 
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current  transients  and  load  drops  continued  to  occur  at  regular 
intervals  throughout  the  test,  with  a  magnitude  and  frequency  that 
increased  with  potential  and  decreased  with  increasing  crack  length. 


FIGURE  7- Effect  of  environment  and  loading  mode  on  embrit¬ 
tlement  of  Cu-25Au  single  crystals  in  subcritlcal  potential 
domain.4,24 


Figures  9  and  10  show  results  from  a  single  test  in  which 
nucleation  occurred  at  450  mV.  After  nucleation,  the  potential  was 
reduced  and  changed  successively  to  400,  380,  and  350  mV  and 
then  increased  to  400  mV  before  fracture  was  completed.  Figure  9(a) 
shows  a  single  instance  of  coupled  events  observed  at  380  mV. 
Figure  9(b)  shows  the  series  of  events  occurring  shortly  after  the 
initial  nucleation  of  cracking  at  450  mV.  In  Figure  10,  the  current  and 
load  are  shown  for  three  potentials  (all  below  Ec)  following  nucleation. 
These  data  were  taken  under  constant  average  strain  rate  as  the 
crack  length  increased  (from  —  0.5  mm  to  -  1  mm  along  the  3-mm 
fracture  path)  producing  a  decreasing  average  load  at  400  and  380 
mV  but  an  increasing  load  when  the  potential  was  changed  to  350 
mV.  The  decrease,  with  decreasing  potential,  of  both  the  magnitude 
and  the  frequency  of  occurrence  of  the  transient  current  peaks  and 
accompanying  load  drops  is  evident  from  Figures  9(b)  and  10. 

In  a  second  test,  initiation  was  affected  at  430  mV,  and  then  the 
potential  was  alternately  varied  (in  - 10-  to  20-min  intervals) 
between  400  and  0  mV  during  the  test  until  failure  occurred.  During 
the  0  mV  intervals  when  the  crack  was  stationary,  load  drops  without 
associated  current  transients  were  observed  under  an  increasing 
average  load;  during  the  400  mV  intervals,  the  average  load 
decreased  at  an  average  rate  of  -  70  N/h,  and  both  the  magnitude 
of  the  load-drop/current  transient  events  and  the  time  interval 
between  these  ovents  decreased  as  the  crack  length  increased.  A 
section  of  the  fracture  surfaco  for  a  potential  of  400  mV  is  shown  in 
Figure  1 1.  Crack  arrests  (five  of  which  are  shown)  could  bo  identified 
on  the  matching  fracture  surfaces,  and  an  approximate  correspon¬ 
dence  could  be  made  with  the  current  transients  and  load  drops.  By 
summing  the  successive  crack-arrest  distances  (Ax*)  and  the  corre¬ 
sponding  time  intervals  between  load-drop/current  transient  events 
(At*),  it  was  possible  to  ascertain  the  average  velocity  over  this 
interval. 

v  =  Ax*/At*  =  -  0.7  pm/s  (2) 

An  alternative  method  of  estimating  the  velocity  for  this  interval  is 
discussed  below. 


C 

FIGURE  8-SEM  micrographs  showing  fracture  surfaces  of 
crystals  deformed  under  anodic  polarization  and  slow-strain- 
rate  (1.3  x10'8/s):  (a)  350  mV,  (b)  380  mV,  and  (c)  430  mV.2S 
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FIGURE  9— (a)  Current  transient  and  associated  load  drop  observed  during  crack  growth  in 
Cu-25Au  single  crystal  under  slow-straln-rate  loading  (1.1  x  10'6/s)  In  0.6  M  NaCI,  anodically 
polarized  to  +400  mV;  and  (b)  series  of  prior  events  observed  at  450  mV,  shortly  after  the 
initiation  of  discontinuous  crack  propagation. 


FIGURE  10-Potontlal  dependence  of  current  transients  and 
associated  load  drops  during  crack  growth  In  Cu-25Au. 


Discussion 

Discontinuous  crack  advance  during  TGSCC 
To  understand  the  above  results,  it  should  bo  noted  that  a 
current  transient  occurs  as  a  consequence  of  a  new  surface  created 
during  crack  advance,  and  this  is  associated  with  a  simultaneous 
load  drop  resulting  from  the  accompanying  reduction  in  area.  The 
magnitude  of  the  load  drop  should  be  proportional  to  the  magnitude 
of  the  crack  advance  under  conditions  in  which  the  flow  stress  can  be 
considered  constant  (i.e..  in  the  "oasy-glide"  region  of  single-crystal 
deformation).  Plastic  flow  of  the  crystal  should  be  unaffected  by  this 
event,  except  for  recovery  of  the  elastic  strain  in  the  system,  which  is 
likely  to  bo  small.  A  complicating  factor  is  the  load  drop  associated 


with  any  accompanying  slip.  The  continuous  deformation  associated 
with  constant  strain-rate  testing  has  no  effect,  but  sudden  bursts 
generated  at  the  crack  tip  when  the  crack  is  arrested,  particularly  if 
the  arrest  involves  collision  with  an  "active"  slip  band,  could  lead  to 
load  drops  of  the  same  order  of  magnitude  as  those  resulting  from 
crack  advances.  In  this  case,  though,  there  is  a  recovery  period, 
because  a  drop  in  stress  accompanies  the  load  drop  (unlike  the 
situation  for  the  crack  advance),  and  the  stress-strain  curve  must 
recover  to  the  flow  stress  for  deformation  to  proceed  as  before.  We 
have  observed  that  the  formation  of  such  slip  bands  in  samples 
deformed  in  air  (or  in  solution  prior  to  crack  nucleation)  are  also 
accompanied  by  load  drops,  followed  by  just  such  a  stress  recovery. 
This  presumably  occurs  in  these  alloys  because  of  the  presence  of 
short-range  order,  which  loads  to  coarse  slip.  For  cases  in  which 
crack  advance  and  shear  bands  occur  together,  these  effects  are 
superimposed.  Normally  (except  when  pre-existing  shear  bands 
arrest  the  crack),  any  slip  generated  from  the  arrested  crack  is 
relatively  small  and  can  be  Ignored.  In  preliminary  straining-electrode 
tests  with  unmasked  samples,  the  formation  of  such  slip  bands  prior 
to  crack  initiation  displayed  both  a  load  drop  (which  recovered  with 
further  straining)  and  a  large  current  transient  because  of  a  new 
surface  being  created  where  the  slip  intersects  the  sample  surfaco. 
For  samples  coated  with  Miccrostop,  only  the  load  drop  without  a 
current  transient  is  seen  on  formation  of  slip  bands  prior  to  crack 
nucleation. 

As  mentioned  above,  over  a  20-min  interval  at  400  mV,  the 
average  velocity  of  crack  growth  could  be  estimated  from  the 
approximate  correspondence  between  the  time  interval  between 
transient  events  and  the  spacing  between  crack-arrest  markings  on 
the  fracture  surface  (Figure  11).  The  average  velocity  at  a  given 
potential  can  also  be  estimated  for  this  case  from  the  rale  of  change 
of  the  average  load  under  the  assumption  that  the  load  decreases  at 
constant  stress  because  of  the  decrease  in  cross  section.  Under 
these  conditions,  the  load  drop  per  unit  crack  advance  is  given  by 

(dP/dl)  =  W0  Oma,  =  Pmax^o  (3) 
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where  wQ  and  l0  are  the  initial  width  and  length  of  the  fracture  plane, 
and  <7mm<  and  Pmax  are  the  "easy  glide”  or  flow  stress  and  the 
corresponding  load,  respectively  For  the  experiment  described 
above,  dP/dl  =  33  N/m  and  dP/dt  =  -  70  N/h.  The  velocity  is 
therefore  given  by 

v  =  (dP/dt)/(dP/dl)  =  -  0.6  tim/s  (4) 

in  approximate  agreement  with  the  value  obtained  above.  It  should 
be  noted  that  these  velocities  are  “average '  values,  in  that  the  crack 
is  usually  stationary  while  the  corrosion  renueieation  process  occurs. 
The  actual  velocity  of  the  crack  tip  during  the  discontinuous  motion  is 
very  high  and  may  be  estimated  from  the  load-drop  relaxation  time 
(Figure  10). 


FIGURE  1 1  -  Fracture  surface  of  Cu-25Au  crystal  showing  crack- 
arrest  markings  formed  In  slow-strain-rate  test  at  400  mV.  Arrest 
markings  correlate  with  occurrence  of  current  transients  and 
associated  load  drops. 


Steady-state  dealloying  and  TGSCC 
Steady-state  dealloying  varies  with  noble  metal  conlent  in  a 
manner  expected  from  the  treatment  of  Kaesche2,  and  ol  Kaiser.18 
As  seen  in  Figure  1 ,  the  polarization  curve  shifts  downward  and  to  the 
right  for  the  higher-gold  alloy,  i,e„  the  rates  in  the  subcntrcal  potential 
domain  are  an  ordor  ol  magnitude  lower  for  the  higher-gold  alloy, 
and,  correspondingly,  the  critical  potential  is  1 70  mV  higher.  Accord¬ 
ing  to  previous  analyses,’9  above  Ec,  the  large  increase  in  copper 
dissolution  rate  occurs  as  a  consequence  of  the  activation  of  copper 
from  the  more  plentiful  terrace  sites,  distinct  from  kink  sites  of 
relatively  limited  effective  concentration,  which  accounts  for  the 
extremely  low  dissolution  rate  below  Ec.  In  the  absence  for  this 
system  of  alternative  mechanisms  for  TGSCC  (e.g.,  hydrogen 
charging,  oxide,  or  salt  film  formation),  we  presume  that  a  critical 
amount  of  selective  dissolution  is  required  to  nucleate  cracks  and 
sustain  crack  growth  Generally,  this  will  require  terrace  site  disso¬ 
lution.  which  can  readily  occur  above  E<..  However,  we  have  shown 
(Figure  7)  that  for  Cu  25Au.  TGSCC  occurs  as  low  as  150  mV  below 
E._  under  slow  strain  rate  in  0  6  M  NaCI  and  as  low  as  450  mV  below 
E„  under  constant  deflection  in  aqueous  FeCI3  4  We  suggest  that 
once  initiation  has  occurred,  the  required  dissolution  may  occur  as  a 
high  rate  transient  following  discontinuous  crack  advance. 


Transient  dealloying  and  TGSCC 

When  a  fresh  surface  is  presented  to  the  solution  below  Ec,  as 
occurs  on  scratching  or  with  the  production  of  a  cleavage  crack,  a 
high  rate  of  copper  electrodissolution  occurs.  This  is  followed  by  a 
decay  to  the  steady-state  value,  as  available  kink  sites  are  blocked 
by  gold  atoms.  The  process  is  phenomenologically  analogous  to  the 
"repassivation”  that  occurs  on  reformation  of  passivating  oxide  films. 
The  high  mobility  of  gold  adatoms  assures  a  continuing  low  steady- 
state  rate  of  copper  dissolution  In  Figure  5,  the  total  charge  transfer 
(area  under  the  current  vs  time  curve)  suggests  a  discontinuous 
change  to  lower  values  below  a  scratching  potential  of  300  mV.  This 
may  account  for  the  fact  that  under  slow-strain-rate  loading,  the 
ductility  appears  to  be  restored  in  0.6  M  NaCI  as  this  potential  is 
approached,  as  seen  in  Figure  7.  It  is  also  likely  that  the  kinetics  of 
transient  dealloying  are  significantly  influenced  by  solution  compo¬ 
sition,  and  this  may  account  for  the  fact  that  in  aqueous  FeCI3,  even 
under  the  less  severe  condition  of  constant-deflection  loading, 
embrittlement  persists  to  a  potential  as  low  as  0  mV,4  as  shown  in 
Figure  7  It  would  be  of  interest  to  explore  the  transient  dealloying 
behavior  in  this  solution,  unfortunately,  the  measurements  are 
hampered  by  the  high  background  current  resulting  from  the  reduc¬ 
tion  of  ferric  ion.  An  alternative  explanation  for  the  persistence  of 
embrittlement  in  FeCI3  was  offered  by  Newman, 22  who  suggested 
that  a  more  positive  potential  (  400  mV)  may  exist  near  the  crack 
tip,  in  view  of  the  fact  that  in  this  instance  the  sample  is  cathodically 
polarized.  According  to  recent  modeling  of  this  system  by  Bertocci,15 
a  potential  gradient  of  this  magnitude  is  unlikely. 

Figure  6  shows  that  the  transient  current  density  maxima 
observed  during  scratching  experiments  vary  linearly  with  applied 
potential  under  anodic  polarization  between  300  and  100  mV.  The 
peak  values  fall  between  the  two  limits  of  (actual)  diffusion-limited 
and  (extrapolated)  charge-transfer-limited  electrodissolution  of  pure 
copper,  supporting  the  basic  contention  that  the  transient  dissolution 
process  is  completely  selective.  The  true  instantaneous  peaks  are 
expected  to  be  closer  to  the  Tafel  extrapolation  and  higher  than  the 
time-averaged  recorded  peaks,  which  represent  a  lower  limit. 

The  similarity  between  the  transient  currents  observed  after 
scratching  and  those  detected  during  crack  growth  can  be  seen  by 
comparing  results  in  Figures  9(a)  and  10  with  the  scratching  profiles 
in  Figure  5.  In  a  previous  work,  we  showed  that  the  kinetics  of  the 
transient  dissolution  process  during  TGSCC  are  the  same  as  that  for 
a  surface  newly  exposed  by  scratching.24  From  this  result,  we  can 
infer  that  the  scratching  experiments  adequately  model  the  events 
following  cleavage,  and  the  current  transients  during  constant 
strain-rate  tests  reflect  the  sudden.exposure  of  new  surface  to  the 
corrosive  environment.  In  other  systems,  dynamic  straining  markedly 
affects  the  dissolution  process.”  Thus,  it  is  expected  that  the 
enhanced  slip  activity  at  the  crack  tip  leads  to  high  dissolution  rates 
there,  but  the  contribution  of  this  strain-enhanced  dissolution  could 
be  lost  in  the  observed  transients.  The  actual  mechanism  by  which 
this  enhanced  dissolution  leads  to  renueieation  of  the  cleavage  event 
is  not  yet  known  Observation  of  the  details  of  current  transients  and 
load  drops  that  coincide  with  cleavage  events  allows  one  to  study  the 
details  of  these  events  and  their  time  sequence.  Further  work  that 
attempts  to  distinguish  among  possible  anodic  dissolution  mecha¬ 
nisms  and  to  integrate  these  findings  into  a  quantitative  model  is  in 
progress. 

Failure  of  the  Faraday  condition 

In  previous  studies,4  we  showed  that  the  average  crack  growth 
rate  determined  from  time-to-failure  measurements  (which  neglects 
the  time  for  initial  nucleation)  is  1  to  3  orders  of  magnitude  higher  than 
the  steady-state  dissolution  rate  (expressed  as  a  linear  interface 
recession).  This  is  illustrated  by  the  results  plotted  in  Figure  12.  it  can 
be  argued  that  the  average  velocity  so  calculated  is  a  lower  limit,  in 
view  of  the  inclusion  of  an  unknown  initial  nucleation  time.  Similarly, 
the  calculated  interface  recession  may  be  larger  than  that  prevailing 
in  a  crack,  in  view  of  the  tendency  of  the  occluded  environment  to 
approach  equilibrium  in  this  instance,  according  to  the  modeling 
calculations  of  Bertocci.25  Thus,  the  results  in  Figure  12  may 
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represent  a  “best-case"  situation  for  the  Faraday  condition,  which 
nevertheless  fails  to  attain.  This  failure  of  the  Faraday  condition  casts 
doubt  on  the  general  applicability  of  the  slip-dissolution  or  film- 
rupture  model,  which  is  currently  fashionable  and  forms  the  basis  for 
much  mechanistic  modeling.  As  shown  rather  conclusively  by  the 
present  results,  TGSCC  in  the  present  system  occurs  as  a  series  of 
discontinuous  cleavage-like  events  with  local  “average"  velocities  as 
high  as  28  pm/s,  strongly  dependent  on  potential  (Table  2  and 
Figures  9  through  11)  Finally,  the  interesting  result  obtained  for  an 
air-scratched  sample  after  long-time  immersion  in  the  subcritical 
potential  domain  (Figure  4)  supports  our  earlier  observation  of  the 
propagation  of  cracks  from  a  corrosion-affected  domain  into  unat¬ 
tacked  alloy.3 


LOG  A&  (nm/s) 


FIGURE  12— Evidence  of  failure  of  the  Faraday  condition  when 
average  crack  growth  rates  (derived  from  bend  tests)  are 
compared  with  average  rate  of  Interface  advance  (derived  from 
steady-state  anodic  dealloying  currents.)  Data  taken  from  Table 
3,  Reference  4. 


TABLE  2 

Values  of  Crack  Advance  Distance,  AX*,  and 
Time  Interval  Between  Current  Peaks,  AT', 
In  0.6  M  NaCI  at  400  mV 


Current  Peak  # 

AX*  (mm) 

AT*  (S) 

Vc  (pm/s) 

1 

144 

5 

28.8 

2 

92 

12.1 

7.6 

3 

126 

24.6 

5.1 

4 

81 

123 

0.7 

5 

58 

161 

0.4 

6 

63 

101.4 

0.6 

7 

95 

14.8 

6.4 

8 

104 

177.5 

0.6 

9 

78 

10.4 

7.5 

10 

75 

98.4 

0.8 

Conclusion  , 

(1)  TGSCC  occurs  for  disordered  Cu-25at%Au  and  for  Cu- 

50ato/oAu  in  aqueous  NaCI  at  or  above  a  critical  potential  (Ec),  which  ; 

increases  with  increasing  gold  concentration  and  with  decreasing  i 

chloride  ion  activity.  ! 

(2)  For  disordered  Cu-25at%Au,  TGSCC  also  occurs  below  Ec,  I 

where  the  steady-state  electrodissolution  rate  is  vanishingly  small. 

High  rates  of  transient  dealloying  occur  in  this  domain,  and  the 

kinetics  of  the  transient  current  decay  are  similar  to  those  observed 

during  scratching  experiments,  however,  neither  the  steady-state  nor 

the  transient  dealloying  rates  can  account  quantitatively  for  crack  ! 

propagation  in  a  Faradaic  sense.  ; 

(3)  The  discontinuous  nature  of  TGSCC  is  further  confirmed  by  ; 

the  occurrence  of  current  transients  and  load  drops  during  crack 

growth;  it  was  demonstrated  that  these  events  can  be  used  to  study 
cleavage  events  during  TGSCC;  in  particular,  the  local  average  crack 
growth  velocity  can  be  determined. 

(4)  Enhanced  dissolution  is  expected  at  the  crack  tip  because  of 
dynamic  deformation,  and  this  could  lead  to  crack  renucleation. 
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Discussion 

J.R.  Galvele  (Comision  Nacional  de  Energia  Atomica,  Ar¬ 
gentina).  If  the  yield  point  of  the  alloy  is  100  MPa  and  the  surface 
compound  is  Cu2CI2,  with  a  melting  point  of  430°C,  the  surface- 
mobility  mechanism  (SMM)  predicts  a  crack  velocity  of  13  a  io  g 
m,'s,  which  is  very  close  to  what  was  reported  by  the  authors. 

B.D.  Lichter:  This  is  an  interesting  observation,  which  requiies 
further  consideration.  However,  before  accepting  the  SMM  proposed 
by  Galvele,  we  shall  have  to  explain  the  discontinuous  nature  of  crack 
advance.  The  actual  crack  propagation  rate  is  considerably  higher 
than  that  calculated  in  our  paper,  which  is  an  average  that  takes  into 
account  the  time  during  which  the  crack  is  locally  arrested.  (Actually, 
this  value  is  closer  to  1  x  10"6  m-s"'  than  the  value  quoted  by 
Galvele.)  Furthermore,  the  potential  range  of  cbserved  transgranular 
SCC  exceeds  that  for  which  we  may  expect  stable  surface  chloride 
films  to  be  present,  according  to  the  data  and  analysis  of  Nobo,  et  at., 
for  pure  copper.  Direct  observation  of  such  films  and  correlation  of 
their  presence  with  the  occurence  of  transgranular  SCC  in  this 
system  is  needed. 


S.C.  Jani  (Georgia  Institute  of  Technology,  USA):  How  do 
you  explain  the  fact  that  there  was  no  evidence  of  a  dealloyed  layer 
on  the  fracture  surface? 

B.D.  Lichter:  Once  a  crack  has  formed  and  is  discontinuously 
propagating,  the  local  environment  differs  considerably  from  the  bulk 
solution.  Near  saturation  conditions  may  prevail,  with  a  tendency  for 
equilibrium  to  be  approached  and  a  consequent  decrease  in  the 
overpotential  for  copper  dissolution.  Clearly  some  selective  dissolu¬ 
tion  may  occur  on  the  fracture  surface  during  the  process  of  crack 
growth,  but  our  observations  indicate  that  the  dissolution  rate  may  be 
significant  only  in  the  vicinity  of  an  arrested  crack  tip  prior  to 
renucleation.  We  are  presently  undertaking  Auger  spectroscopic 
studies  of  anodically  polarized  crystals,  as  well  as  of  fracture 
surfaces. 

E.l.  Meletis  (Louisiana  State  University,  USA):  Assuming  that 
dealloying  is  responsible  for  transgranular  cracking,  can  you  deduce 
the  length  of  the  propagating  crack,  from  the  measured  thickness  of 
the  dealloyed  layer? 

B.D.  Lichter:  It  is  clear  from  our  measurements  of  the  time 
interval  between  cracking  events  and  the  crack-arrest  distances  on 
the  fracture  surfaces  that  the  dimensions  of  the  dealloyed  region 
formed  while  the  crack  is  arrested  are  considerably  smaller  than  this 
crack-arrest  distance.  Our  present  view  of  the  process  is  that  the 
aack-arrest  distance  is  determined  by  mechanical  variables  rather 
than  electrochemical  ones,  while  the  time  interval  between  renuclea¬ 
tion  events  is  determined  by  the  extent  of  anodic  dissolution  occuring 
at  the  crack  tip. 
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Surface-Mobility  Stress  Corrosion  Cracking  Mechanism 

in  Silver  Alloys 

G.S.  Duffo*  and  J.R.  Galvele** 

Abstract 

New  experimental  evidence  supporting  the  surface-mobility  mechanism  for  the  embrittlement  of  metals 
was  found.  As  predicted  by  this  mechanism,  (1)  embrittlement  of  silver  alloys  in  aqueous  solutions 
occurred  only  at  those  electrode  potentials  where  AgCI,  AgBr,  Agl,  and  Ag2SO.,  were  formed  on  the 
alloy  surface,  (2)  crack  velocities  were  higher  as  the  melting  point  of  the  surface  compound  got  lower, 
and  (3)  measured  crack  velocity  values  were  very  close  to  those  predicted  by  the  mechanism. 


Introduction 

According  to  the  surface-mobility  mechanism,’  stress  corrosion 
cracking  tSCC),  liquid  metal  embrittlement,  and  hydrogen  embrittle¬ 
ment  of  nonhydride  forming  metals  have  a  common  mechanism  at 
the  tip  of  the  crack.  The  surface-mobility  mechanism  states  that  crack 
propagation  results  from  the  capture  of  vacancies  by  the  stressed 
lattice  at  the  tip  of  the  crack.  The  rate-controlling  step  is  the  rate  of 
movement  of  adatoms  along  the  surface  of  the  crack,  and  the  role  of 
the  environment  is  to  change  the  surface  self-diffusivity  of  the  metal 
or  alloy.  This  mechanism  predicts  that  embrittlement  should  be 
observed  on  tensile  stressed  metals  at  temperatures  below  0.5  Tm 
(Tm  being  the  melting  point  of  the  metal,  in  °K)  and  in  environmental 
conditions  that  allow  high  surface  mobility. 

Experimental  evidence  supporting  this  mechanism  has  been 
reported  in  four  recent  publications.  Bianchi  and  Galvele2  found 
embrittlement  of  high-purity  copper  in  argon  contaminated  with  CuCI 
at  200I>C.  where  high  surface  mobility  was  previously  measured.3 
Duffo  and  Galvele4  reported  SCC  of  Ag-Pd  and  Ag-Au  alloys  at  the 
electrochemical  potentials  where  compounds  with  a  low  melting  point 
were  formed  on  the  alloy  surface.  Through  this  mechanism.  Man- 
fredi,  Maier,  and  Galvele  were  ablo  to  explain  the  potential-depen¬ 
dent  intergranular  to  transgranular  SCC  transition  on  type  304  (UNS 
S30400)  stainless  steel  (SS)  in  MgCI2  solutions*  Finally,  Duffo, 
Maier,  and  Galvele  reported  that  the  dependence  on  temperalure  of 
SCC  for  type  304  SS  in  UCI  solutions  was  equal  to  that  predicted  by 
the  surface-mobility  mechanism.® 

Tho  aim  of  the  present  work  is  to  test  the  capability  of  the 
surface-mobility  mechanism  to  predict  crack  velocities  for  new 
systems  quantitatively.  As  previously  reported,  silver  alloys  are  ot 
particular  interest  oocause  ol  the  high  number  ot  low  melting  point 
compounds  thoy  form.'  For  this  purpose,  tho  same  alloys  and 
environments  used  in  a  previous  work  were  tested.4 

Experimental  Method 

All  the  measurements  reported  in  this  paper  wore  performed  on 
0  8-mm-diameter  wires  ol  Ag-15Pd  (a/o)  alloy.  The  environments 
used  wore  1  M  KCI.  1  M  KBr,  1  M  Kl.  and  1  M  Na2S04  aqueous 
solutions.  All  the  solutions  were  nitrogen  deaerated  and  at  room 


‘Comision  Nacional  do  Enorgia  Atomica,  Dopto.  Quimlca,  Av.  del 
IJbortador  8250, 1429-Buenos  Aires-Argontina. 

“Comision  Nacional  do  Energia  Atomica,  Depto.  Materiales,  Av.  del 
l  ibertador  8250, 1429-Buenos  Aires-Argentina, 


temperature.  The  samples  were  strained  to  rupture  in  a  slow- 
strain-rate  machine,  with  an  initial  strain  rate  of  2.6  /  10  f’s  '.After 
straining,  the  wires  were  metallographically  sectioned,  the  crack 
length  was  measured,  and  a  mean  crack  velocity  was  calculated. 
Both  the  alloy  composition  and  the  experimental  procedure  were 
described  in  a  previous  publication.4 

Results  and  Discussion 

The  surface-mobility  mechanism  predicts1  that  the  crack  prop¬ 
agation  rate  (CPR)  will  be  given  by  the  following  equation: 

CPR  =  £[exp(!Ll^)  -  ,]  (1) 

where  Ds(m2  *  s  ’)  is  the  surface  self-diffusion  of  the  metal;  L  is  the 
diffusion  path,  typically  10  8  m;  a  is  the  atomic  diameter;  <r  is  the 
maximum  stress  at  the  tip  of  the  crack,  k  is  the  Boltzman  constant; 
and  T  is  the  absolute  temperature.  While  D,  values  at  the  conditions 
of  interest  for  SCC  are  not  available,  a  rough  estimate  can  be  made 
with  the  following  equation,  based  on  the  publications  of  both 
Gjostein7  and  Rhead:89 

D,  *  7.4  x  10'2exp-(30Tln/RT) 

+  1.4  x  lO  ^exp-OSTJRT)  (2) 

whero  R  is  the  gas  constant  (R  1.987  cal.mole'’  K*'),  T  is  tho 
absolute  temperature,  and  Tm  is  the  melting  point  ol  the  surface- 
adsorbed  compound,  both  in  ’K  Equation  (2)  shows  that  a  compound 
with  a  low  molting  point  surface  will  induce  high  surface  mobility  and 
thus  high  SCC  susceptibility. 

The  cases  of  silver  and  silver  alloys  in  the  above-mentioned 
environments  are  of  particular  interest.  All  ol  them  belong  to  the 
family  of  the  Ag/AgCI  reference  electrode;  abundant  literature  is 
available  on  the  electrochomically  formed  surface  compounds,  and 
the  equilibrium  potentials  above  which  such  compounds  will  begin  to 
bo  produced  are  well  known.  The  standard  electrode  potentials  (E„) 
for  each  of  the  silver  compounds  involved  are  as  follows:  E0(Ag/AgCl) 
=  0.222  V;  E0(Ag/AgBr)  =  0.074  V;  E0(Ag/Agl)  =  -0.150  V;  and 
Ec,{Ag/Ag2S04)  -  0.653  V.  in  addition,  because  of  their  low  solubility, 
their  presence  during  the  SCC  process  can  be  confirmed  ex  situ  by 
surface  analysis  techniques.  Finally,  their  melting  points  are  low 
(AgBr:  432‘C,  AgCI:  4555C,  Agl:  558"C;  Ag2SO„:  652'C),  and 
according  to  Equations  0)  and  y2),  they  should  lead  to  rather  high 
CPR  values. 


EICM  Proceedings 


261 


Figure  1  shows  the  CPR  values  measured  in  the  present  work. 
The  results  were  plotted  as  a  function  of  the  overpotential  (i.e.,  the 
applied  potential  minus  the  standard  electrode  potential).  As  previ¬ 
ously  reported,4  SCC  was  found  only  when  the  silver  compounds 
became  thermodynamically  stable  on  the  metal  surface.  At  potentials 
below  the  standard  electrode  potential,  where  those  compounds 
were  absent,  no  SCC  was  found.  Therefore,  for  Ag-15Pd  alloys,  the 
presence  of  AgCI,  AgBr,  Agl,  or  Ag2S04  on  the  metal  surface  was 
concluded  to  be  a  necessary  condition  for  SCC.  Cracks  were 
intergranular,  as  shown  in  Figure  2,  and  the  presence  of  the  silver 
compounds  was  observable  under  the  scanning  electron  micro¬ 
scope.  At  low  overpotentials,  aside  from  the  adsorbed  monolayer  of 
silver  compound,  isolated  crystals  were  also  present  on  the  crack 
surfaces;  at  higher  overpotentials,  the  silver  compound  crystals 
covered  the  entire  surface.  In  every  case,  the  nature  of  the 
compounds  was  confirmed  by  surface  analysis.'0 


log  CPB/(m/s) 


Overpoteniial/(V) 

FIGURE  1  -Crack  propagation  rates  as  a  function  of  overpoten¬ 
tial.  Strain  rate:  2.6  x  itr6  s*1. 


FIGURE  2-Typlcal  Intergranular  fracture  surface  for  Ag-15Pd 
strained  in  1.0  M  KCI,  at  0.600  VNHe.  Deposits  of  AgCI  are 
observed  on  tho  fracture  surface.  Dashes  =  pm. 


Equation  (1)  does  not  explicitly  show  a  dependence  of  CPR  on 
the  electrode  potential.  The  surface-mobility  mechanism  only  re¬ 
quires  a  compound  with  a  low  melting  point  to  be  present  at  the  tip 
of  the  crack.  The  effect  of  the  potential  appears  only,  in  those  cases, 
e.g.,  in  aqueous  solutions  or  in  fused  salts,  where  a  charge  transfer 
reaction  is  involved  in  the  film  formation  process.  In  these  cases, 
SCC  will  be  observed  either  above  the  standard  electrode  potential 
for  the  formation  of  the  compound,  as  in  the  present  case,  or  above 
the  passivity  breakdown  potential,  as  found  by  Rebak,  Carranza,  and 
Galvele"  for  brass  in  nitrite  solutions.  Figure  1  shows  a  dependence 
of  CPR  on  the  overpotential.  This  is  due  to  the  electrochemical 
processes  taking  place  inside  the  crack,  such  as  ohmic  drop, 
diffusion  overpotential,  etc.  The  discussion  of  such  processes  falls 
outside  the  scope  of  the  present  work  and  will  be  discussed  in  a 
separate  publication.10  In  the  present  work,  only  the  maximum  CPR 
values  and  their  relation  to  Equation  (1)  will  be  considered. 

Because  of  the  very  low  strain  rate  used  and  the  high  crack 
velocities  found,  the  fractured  samples  showed  practically  no  plastic 
deformation.  It  seemed  reasonable  then  to  use  for  <r  in  Equation  (1) 
the  value  of  0.2%  proof  stress,  which,  for  the  samples  used  in  the 
present  work,  was  found  to  be  62.4  MPa.  The  other  values  used  were 
a  =  2.88  x  10_'°mandL  =  10-8m.  In  Figure  3,  the  maximum  CPR 
values  measured  in  the  present  work  were  compared  with  the 
predictions  of  the  surface-mobility  mechanism.  As  predicted  by  the 
mechanism,  a  low  CPR  corresponds  to  a  high  melting  point  of  the 
surface  compound.  The  predictions  of  the  theory  fit  very  well  with  the 
experimental  results  for  Kl  and  Na2S04  solutions.  A  strong  deviation 
was  found  in  those  solutions  in  which  much  higher  CPR  values  were 
expected;  it  seemed  as  if  the  SCC  rate  had  reached  a  saturation 
value.  This  was  a  result  of  the  nature  of  the  processes  taking  place 
inside  a  crack  in  aqueous  solutions  and  called  for  separate  analysis. 
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FIGURE  3— Maximum  crack  propagation  rate  values  measured 
In  the  present  work  (Exp,),  compared  with  the  predictions  of  the 
surface-mobility  mechanism  (The.).1 


As  shown  above,  tho  presence  of  the  silver  compounds  was  a 
necessary  condition  for  SCC  of  Ag-15Pd.  In  the  aqueous  solutions 
used  in  tho  present  work,  the  production  of  those  compounds  was  tho 
result  ol  reactions  of  the  following  type: 


The  SCC  procoss  observed  in  the  present  work  was  not 
specifically  related  to  the  presence  of  Pd  In  the  alloy,  since  Ag-15Au 
alloys  have  been  shown  to  have  a  similar  behavior.4-10  Neither  was 
it  due  to  tho  prosenco  of  water  in  the  environment,  as  shown  in 
separate  tests.  Silver  alloys  aro  known  to  roact  chemically  with  freo 
halogens,  leading  to  the  formation  of  silver  halides.  As  reported 
separately,10  SCC  was  found  when  Ag-15Pd  wires  were  slowly 
strained  in  benzene  or  in  tolueno,  both  saturated  with  iodine.  In  the 
first  case,  the  CPR  measured  was  6  x  10"8  m/s'1,  while  in  the 
second,  it  was  7  x  io~8  m/s-1.  both  values  falling  within  tho  range 
of  maximum  CPR  values  found  in  an  aqueous  1.0  M  Kl  solution  in 
Figure  1, 


nAg  +  Xn~  =  Ag„X  +  ne”  (3) 

wheroX"'  standsforCr.Br.l  ,  or  S04  * .  As  the  crack  propagated 
into  the  metal,  baro  metal  was  exposed  to  tho  environment,  but  at  the 
electrode  potentials  used,  this  bare  metal  reacted  according  to  the 
reaction  in  Equation  (3).  The  result  of  this  was  an  anodic  current 
flowing  through  the  crack.  Simultaneously,  by  the  same  reaction,  the 
anions  X"'  were  consumed  at  the  tip  of  tho  crack  and  had  to  be 
transported  from  the  bulk  solution  to  the  tip  of  the  crack  either  by 
diffusion  or  by  migration,  provided  convection  inside  a  crack  was 
negligible.  Making  a  very  conservative  approach,  a  monolayer  of 
Ag„X  was  assumed  to  be  formed  along  the  crack  walls.  From  this 
assumption,  it  was  easy  to  calculate  the  current  density  flowing 
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through  a  crack  at  each  CPR  value,  as  well  as  the  flow  rate  of  the  Xn~ 
ions  necessary  to  compensate  those  consumed  by  Reaction  (3).  The 
diffusion  coefficient  used,  similar  for  most  ions  in  aqueous  solutions, 12 
was  10-9  m2/s-1.  A  CPR  value  was  found,  above  which  the 
replenishment  of  ions  by  diffusion  was  insufficient  for  the  SCC 
process  to  continue.  This  was  equivalent  to  a  limiting  current  density 
in  electrochemistry  that,  when  reactions  of  the  type  of  Equation  (3) 
were  involved,  led  to  what  in  electrochemical  kinetics  is  called 
diffusion  overvoltage.13 

Using  the  equations  developed  for  diffusion  overvoltage  in 
electrochemical  kinetics,13  a  relation  between  the  maximum  CPR 
values  allowed  by  diffusion  vs  overpotential  was  calculated.  Figure  4 
shows  the  results  of  these  calculations  as  compared  to  the  CPR 
values  measured  in  KBr  solutions.  It  was  assumed  that  a  monolayer 
of  AgBr  was  formed  on  the  crack  surface,  and  that  the  diffusion  path 
was  of  0.01  cm.  Under  those  conditions,  it  was  found  that  for 
concentrations  of  1.0  M  of  the  active  species,  CPR  values  much 
higher  than  10  6  m/s  '1  were  not  possible  in  aqueous  solutions 
because  of  the  limitations  introduced  by  ion  diffusion  in  the  liquid 
environment.  The  calculations  were  conservative,  since  accumula¬ 
tions  of  AgBr  much  thicker  than  a  monolayer  were  observed  on  the 
crack  surfaces.  On  the  other  hand,  the  diffusion  path  assumed  was 
that  of  a  stagnant  solution13  without  allowance  for  the  crack  length. 


Overpotential/{V) 

FIGURE  4 -Maximum  crack  propagation  rate  values  allowed  by 
diffusion  overvoltage  compared  to  the  values  measured  In  KBr 
solution. 

Thus,  the  deviation  from  surface-mobility  mechanism  (Figure  3) 
is  concluded  to  bo  duo  to  the  presence  of  a  volume  diffusion 
rate-controlling  stop. 


Conclusion 

Tho  conclusions  from  tho  present  work  are  as  follows:  (1) 
Ag-lSPd  alloys  show  intergranular  SCC  in  KCl,  KBr,  Kl,  and  Na2S04 
solutions,  f2)  SCC  is  observed  only  above  the  electrode  potentials 
where  tho  respective  AgnX  compounds  are  formed,  and  the  presence 
ol  those  compounds  is  a  necessary  condition  for  SCC;  (3)  the 
surface-mobility  mechanism  quantitatively  predicts  the  CPR  values 
expected  in  those  environments;  and  (4)  in  aqueous  solutions  with 
1.0  M  active  species,  CPR  values  are  limited  to  about  10  6  m/s  1 
because  of  bulk  diffusion  of  the  active  species. 
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Discussion 

R.A.  Oriani  (University  of  Minnesota,  USA):  Your  rrt  del  of 
stress  corrosion  cracking  (SCC)  is  based  on  the  idea  that  because  of 
the  different  states  of  stress  between  the  crack  tip  and  the  crack 
flanks,  vacancies  move  from  the  crack  flanks  to  the  tips  by  surface 
diffusion,  causing  the  crack  to  advance.  I  wish  to  point  out  that  this 
idea  is  based  on  a  misunderstanding  of  how  stresses  can  affect  the 
force,  and  hence  the  direction,  of  a  diffusive  flux. 

A  diffusive  flux  is  motivated  by  a  gradient  or  a  difference  in 
chemical  potentials,  and  for  lattice  atoms  (A)  in  a  stress  field,  the 
relevant  equation  is  that  of  Herring  [Scripta  Metall.  5(1971):  p.  273], 
which  is 

uA-uv  =  uA°-VAn  (D1) 

where  u  =  chemical  potential;  VA  =  partial  molal  volume  of  the 
species  A;  n  =  normal  component  of  the  stress  at  the  interface, 
which  can  exchange  atoms  with  a  hydrostatically  stressed  surround¬ 
ings,  and  V  refers  to  the  vacancy.  The  chemical  potential  of  A  and  V 
in  a  nonhydrostatically  stressed  system  can  be  defined  only  at  an 
interface,  not  in  the  interior.  This  equation  says  that  at  constant 
volume  concentration,  (uA  -  uv)  decreases  with  increasing  positive 
g.e..  tensile)  normal  stress  on  the  interface.  The  flux  equation 
becomes  (again  from  Herring) 

JA  =  -  (D/kTVA)  x  (uA  -  uv)  (D2) 

so  that  a  flux  of  A  atoms  may  be  established  toward  the  surface  or 
interface  having  the  larger  tensile  normal  stress.  This,  of  course,  is  in 
keeping  with  the  direction  of  mass  flux  in  Herring-Nabarro  creep.  The 
manner  of  how  the  transport  of  A  species  is  accomplished,  whether 
by  volume  diffusion  or  surface  diffusion  or  by  some  other  mechanism 
is  here  irrelevant,  since  I  wish  to  discuss  only  the  direction  of  the 
mass  flux. 

Now,  to  the  extent  that  one  can  apply  continuum  concepts  to  the 
region  of  a  crack  tip,  il  one  believes  that  atoms  at  tho  crack  tip 
experience  a  component  of  stress  normal  to  the  "surface,"  whereas 
the  atoms  on  the  flanks  of  the  crack  surface  clearly  have  zero  normal 
stress,  then  the  above  equations  would  predict  a  force  for  transport 
of  atoms  from  the  flanks  to  the  crack  tip.  If  the  crack  tip  is  considered 
as  mote  rounded  because  of  plastic  deformation,  it  is  easier  to  see 
that  the  norma!  stress  at  the  crack  tip  is  zero,  so  that  in  either  case 
one  does  not  expect  a  flux  of  atoms  away  from  the  crack  tip  (i.e.,  of 
vacancies  toward  the  crack  tip)  as  your  model  demands. 

That  your  model  is  based  on  how  stress  affects  vacancy 
diffusion  is  clear  in  the  reference  to  Corrosion  Science  (27(1987):  p. 
1],  but  it  is  mistakenly  based.  Therefore,  I  must  regretfully  conclude 
that  whatevei  success  you  have  had  in  making  phenomenological 
correlations  must  have  a  different  basis. 
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J.R.  Galvele:  I  am  sorry  to  say  that  the  first  statement  made  by 
Oriani  (“Your  model  for  SCC  is  based  on  the  idea . . .  causing  the 
crack  to  advance.")  is  not  correct,  and  consequently  his  further 
considerations  do  not  apply  to  our  work.  Otherwise,  we  should  be 
talking  about  intergranular  creep  cracks,  growing  by  surface  diffu¬ 
sion,  a  problem  that  was  extensively  discussed  by  Chuang,  et  al. 
[Acta  Metall  21(1973)- p  1625  and  27(1979)- p.  265,  and  by  Cocks 
and  Ashby  in  Prog  in  Mater  Sci  27(1982)- p  189]  Such  a  process 
should  be  present  at  temperatures  well  above  0  5  Tm,  and,  as  I  stated 
in  the  paper  in  Corrosion  Science  [27(1987):  p.  1],  we  are  only 
interested  in  what  happens  below  0.5  Tm. 

As  for  the  thermodynamic  aspects  of  a  SCC  process  based  on 
surface  mobility,  these  have  already  been  treated  by  R.J.  Asaro  and 
W.A  Tiller  [Metall.  Trans.  3(1972):  p.  1789].  Our  1987  model  is 
oriented  to  the  kinetic  analysis  of  the  process  at  a  molecular  level,  an 
aspect  that  had  not  been  treated  in  any  previous  publication.  The 
main  idea  on  which  our  model  is  based  is  not  about  where  vacancies 
move  to,  but  what  is  the  equilibrium  concentration  of  vacancies  at  the 
tip  of  a  crack,  and  how  such  equilibrium  is  reached  It  is  based  on  very 
elementary  metallurgical  concepts.  Let  me  quote,  for  example,  J.P. 
Hirth  and  J  Lothe  [Theory  of  Dislocations  (New  York,  NY:  McGraw 
Hill,  1968),  p.  458]:  “  .  As  an  example,  consider  vacancies  equili¬ 
brated  at  an  external  surface  under  hydrostatic  pressure,  P.  Forming 
a  vacancy  by  removing  an  atom  from  the  interior  and  placing  it  on  the 
surface  leads  to  external  work  in  the  final  step 

W0  =  P  x  Va  [(D3)] 

Thus,  the  vacancy  concentration  in  equilibrium  with  the  surface  is 

Cv  =  Cv°  x  exp  {-PVa/kT}  ((D4)] 

where  Va  is  the  atomic  volume”  [See  also  Franklin,  Statistical 
Thermodynamics  of  Point  Defects  in  Crystals,  in  Point  Defects  in 
Solids,  Vol  1,  ed  Crawford  and  Slifkin  (New  York,  NY:  Plenum 
Press),  p.  19.] 

For  the  sake  of  simplicity,  to  reach  the  same  equation,  in  my 
Corrosion  Science  (1987)  paper,  I  quoted  Nabarro's  work.  From 
Oriani’s  question,  I  see  now  that  it  was  not  a  very  fortunate  choice, 
since  it  has  led  to  confusing  our  mechanism  with  high-temperature 
creep  fracture. 

So  far  we  have  nothing  new.  Where  I  think  originality  lies  in  our 
model  is  in  the  analysis  of  the  sources  of  vacancies  with  the  crack 
propagation  process  Usually  the  sinks  and  sources  of  vacancies  are 
surfaces,  grain  boundaries,  and  dislocations.  When  an  excess  of 
vacancies  is  produced  in  a  metal,  they  will  cause  climbing  of 
dislocations,  or  coalescence  of  dislocation  loops  (as  shown  by 
Smallman  in  the  oxidation  of  metals),  or  alternatively  they  will  diffuse 
to  grain  boundaries  or  external  surfaces.  An  inversion  of  these 
processes  is  observed  in  the  case  of  a  depletion  of  vacancies. 

In  our  model  we  assume  that  the  temperature  is  below  0.5  Tm 
and  that  volume  diffusion  is  negligible.  This  means  that  the  usual 
sources  of  vacancies  will  be  inactive.  The  other  assumptions  made 
in  our  Corrosion  Science  model  are  as  follows. 

(1)  Under  high  surface-mobility  conditions,  the  metal  atoms 
close  to  the  surface  will  be  easily  exchanged  with  those  in 
the  surface. 

(2)  The  capture  of  vacancies  from  the  tip  of  the  crack  wilt  lead 
to  a  crack  propagation  process. 

(3)  The  above  reaction  will  lead  to  an  injection  of  adatoms  at  the 
tip  of  the  crack,  and  the  rate-controlling  step  will  be  the  rate 
at  which  this  excess  of  adatoms  is  removed  from  the  tip. 

Incidentally,  it  is  important  to  point  out  that,  even  if  a  stress- 
assisted  anodic  dissolution  process  were  acting  in  SCC,  adatoms 
must  be  emitted  at  the  tip  of  the  crack,  in  the  same  way  as  described 
in  our  model,  and  Parkins’s  rejection  of  our  mode!  should  be 
reconsidered. 

In  conclusion,  most  probably  the  surface  diffusion  SCC  mech¬ 
anism,  as  described  in  our  Corrosion  Science  (1987)  paper,  has 


some  weak  points  that  will  have  to  be  corrected  in  future  versions,  but 
as  far  as  I  can  see,  none  of  those  points  are  addressed  by  Oriam's 
question. 

R.A.  Oriani:  My  understanding  of  Galvele's  poster  and  the  1 987 
Corrosion  Science  paper  is  that  the  mass  flux  envisioned  is  between 
the  surface  at  the  crack  tip  and  the  surface  of  the  crack  away  from  the 
crack  tip.  His  response  implies  that  he  envisions  a  mass  flux  between 
the  crack-tip  surface  and  the  volume  immediately  below  that  surface. 

I  therefore  reshape  my  comments  to  this  scenario.  His  reply  in  no  way 
answers  the  basic  point  of  my  objections. 

Following  the  sequence  of  his  reply,  I  point  out  that  his  Equation 
(D4)  presents  equilibrium  (i.e.,  equal  chemical  potential  of  the 
vacancies)  between  a  compressed  region  of  a  lattice  and  a  region  not 
under  compression.  Hence,  there  will  not  result  a  vacancy  flux 
between  the  two  regions.  Therefore,  this  equation  is  irrelevant  to  the 
question  of  the  direction  of  the  driving  force  for  generating  a  vacancy 
flux  or  vacancy  injection  in  the  region  of  the  crack  tip.  As  I  pointed  out 
in  Equation  (D1)  above,  the  driving  force  for  mass  flux  is  ?  (uA  -uv), 
and  of  course  the  mass  flux  is  equal,  and  oppositely  directed,  to  the 
vacancy  flux. 

Galvele  states  that  his  model  considers  only  cases  for  T  <  0.5 
Tm,  so  that  volume  diffusion  is  negligible  and  “the  usual  sources  of 
vacancies  will  be  inactive.”  In  the  previous  paragraph,  he  states 
"Usually,  the  sinks  and  sources  of  vacancies  are  surfaces,  gram 
boundaries,  and  dislocations.”  Hence,  it  is  surprisingly  inconsistent 
that  in  the  first  of  the  assumptions  made  in  his  model  he  assumes  that 
metal  atoms  close  to  the  surface  (i.e.,  the  volume  close  to  the 
surface)  will  be  easily  exchanged  with  those  in  the  surface.  This  must 
occur  by  vacancy  exchange  in  the  opposite  sense,  thereby  negating 
his  assumption.  The  most  important  aspect  of  Galvele’s  model  for  the 
present  discussion  is  contained  in  his  assumptions  2  and  3.  Therein 
he  suggests  that  the  stressed  lattice  at  the  tip  of  the  crack 
(presumably  a  tensile  stress)  captures  vacancies  from  the  crack 
surface  (presumably  at  zero  stress).  Although  in  his  response 
Galvele  does  not  clearly  state  what  he  believes  to  be  the  driving  force 
for  the  vacancy  capture,  his  1 987  Corrosion  Science  paper  indicates 
that  he  believes  it  to  be  a  stress  difference.  However,  the  direction  of 
the  vacancy  flux  he  assumes  is  wrong.  The  vacancies  will  flow  from 
a  region  of  tensile  stress  to  one  of  smaller  tensile  stress  or  one  of 
compressive  stress.  The  mass  flux  will  consequently  go  toward  a 
region  of  larger  tensile  stress,  in  keeping  with  the  thermodynamic 
driving  force,  and  in  keeping  with  the  direction  of  mass  flux 
associated  with  Herrmg-Nabarro  creep.  The  last  part  of  assumption 
3,  that  the  rate-controlling  step  is  the  rate  at  which  injected  adatoms 
move  away  from  the  tip,  is  irrelevant  to  tms  discussion. 

I  must  reiterate  that  the  basis  of  Gaivele's  model  is  incorrect. 

J.R.  Galvele:  I  am  afraid  this  discussion  is  becoming  unbear¬ 
ably  long!  However,  before  concluding,  let  me  clarify  a  few  of  my 
points.  Let  us  assume  that  we  have  a  cracked,  stress-free  metal.  The 
vacancy  concentration  at  the  tip  of  the  crack  will  be  Cvo.  If  we  now 
apply  a  tensile  stress  to  the  metal,  a  stress  concentration  will  be 
generated  at  the  tip  of  the  crack.  In  equilibrium,  the  new  concentra¬ 
tion  of  vacancies  at  the  tip  of  the  crack  will  be  given  by  Equation  (D4). 
As  Oriani  correctly  points  out,  this  is  an  equilibrium  equation.  The  key 
point  in  our  model  is  that  at  temperatures  below  0.5  Tm,  this 
equilibrium  is  never  reached.  Thus,  the  driving  force  in  our  model  is 
the  difference  between  the  vacancy  concentration  the  metal  has  at 
the  tip  of  the  crack,  Cuo,  and  that  it  should  have  according  to  Equation 
(D4),  namely  Cv.  Oriani  is  right  about  the  direction  vacancies  should 
move  in  a  stress  field,  but  this  does  not  apply  to  our  work.  Whenever 
we  talk  about  movement  of  vacancies  or  adatoms  it  is  on  the 
stress-free  surface  Taking  into  account  the  contaminants  that  induce 
high  surface  mobility,  liquid  metals,  or  low  melting  point  metals  or 
salts,  this  surface  must  be  stress  free.  Finally,  Oriani  misquotes  me 
when  he  says  there  is  an  inconsistency  in  my  assumption  concerning 
the  exchange  of  atoms  with  the  surface.  I  assumed  a  condition  of  high 
surface  mobility.  Since  such  a  surface  behaves  as  if  the  metal  were 
at  a  high  temperature,  it  is  reasonable  to  expect  that  some  degree  ol 
exchange  will  take  place  between  the  surface  and  the  first  layer  of 
atoms. 
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The  Contribution  of  Localized  Surface  Plasticity 
to  the  Mechanism  of  Environment-Induced  Cracking 

D.A.  Jones * 

Abstract 

A  comprehensive  mechanism  of  environment-induced  cracking  (EIC)  is  described  in  which  localized 
surface  plasticity  can  induce  brittle  fracture  in  a  surrounding  alloy  matrix.  The  key  element  in  stress 
corrosion  cracking  (SCC)  is  the  anodic  attenuation  of  strain  hardening  at  film-rupture  sites,  caused  by 
galvanic  coupling  to  adjoining  passive  surfaces.  Anodic  attenuation  of  strain  hardening  induces 
localized  surface  plasticity  and  provides  a  critical  link  between  chemical  and  mechanical  factors 
affecting  EIC.  The  proposed  mechanism  explains  numerous  experimental  factors  affecting  SCC.  The 
mechanism  of  anodic  attenuation  of  strain  hardening  is  discussed,  as  well  as  common  elements  with 
corrosion  fatigue  and  hydrogen-assisted  cracking. 


Introduction 

Some  degree  of  enhanced  plasticity  has  been  associated  with  the 
common  forms  of  environment-induced  cracking  (EIC),  including 
stress  corrosion  cracking  (SCC),  corrosion  fatigue  cracking  (CFC), 
and  hydrogen-assisted  cracking  (HAC).  The  objective  of  this  paper  is 
to  further  describe  a  mechanism  whereby  enhanced  microscopic 
localized  surface  plasticity  (LSP)  can  induce  brittle  cracking  in  a 
surrounding  hard,  strong  alloy  matrix. 

The  mechanism  was  previously  introduced  with  emphasis  on 
SCC  and  CFC,'  in  which  anodic  attenuation  of  strain  hardening 
(AASH)  can  induce  localized  plasticity  by  anodic  currents  that  result 
from  coupling  film-rupture  sites  with  surrounding  passive  surfaces. 
Considerable  discussion  was  devoted  to  the  mechanism  of  attenu¬ 
ation  of  strain  hardening  invoking  corrosion-gonerated  vacancies. 

The  emphasis  in  this  paper  is  on  the  common  element  of 
increased  plasticity  in  many  forms  of  EIC,  and  the  ability  of  the  LSP 
mechanism  to  explain  numerous  experimental  factors  known  to 
affect  SCC.  Common  factors  affecting  CFC  and  HAC  are  discussed 
as  appropriate  and  summarized  later  in  the  paper. 

Enhanced  Plasticity 
in  Environment-Induced  Cracking 

Corrosion  and  anodic  dissolution  have  been  observed  to 
Increase  primary  creep  under  constant  load  in  thin  sheet  and  wire 
specimens.  If  conditions  are  favorable  for  SCC.  cracking  will  ensue 
after  an  initial  period  of  creep,  as  shown  for  type  304  (UNS  S30400) 
stainless  steel  (SS)  in  Figure  1.*  In  the  absence  of  SCC,  creep  will 
continue  under  conditions  of  general  corrosion  or  anodic  dissolution. 
Figure  2  shows  that  the  creep  rate  for  copper  was  enhanced  by  an 
impressed  anodic  current3  whore  no  surface  film  was  present  and  no 
SCC  could  occur. 

Normal  primary  creep  in  noncorrosive  conditions  Is  suppressed 
with  time  as  strain  hardening  develops  above  the  yield  stress. 
However.  Figures  1  and  2  show  that  corrosion  and  anodic  dissolu¬ 
tion,  respectively,  attenuate  this  strain  hardening  and  allow  creep  to 
continue. 


•Department  of  Chemical  and  Metallurgical  Engineering,  University 
of  Nevada-Reno,  Reno,  NV  89557. 


Careful  examination  of  SEM  fractographs  reveals  ductile  ser¬ 
rations  within  larger  areas  of  brittle  cleavage  in  both  SCC4  and  HAC.5 
SCC  and  HAC  are  enhanced  in  high-strength  alloys  in  which 
dislocations  are  pinned  by  strain  fields  associated  with  solute  atoms, 
nonequilibrium  phases,  and  precipitates.  Also,  austenitic  SSs  are 
susceptible  to  HAC  only  after  having  been  cold  worked  (strain 
hardened)  to  high  strength  levels  because  of  strain  fields  created  by 
dislocation  tangles.  Both  anodic  dissolution  and  dissolved  or  ad¬ 
sorbed  hydrogen  apparently  act  to  increase  dislocation  mobility. 

Fatigue  in  the  absence  of  corrosion  has  also  been  observed  to 
increase  primary  creep.  Figure  3  shows  recent  data6  for  carbon- 
manganese  steel  in  which  primary  creep  was  enhanced  by  low-cycle 
fatigue  loading.  Cyclic  loading  apparently  also  acts  to  attenuate  strain 
hardening  at  persistent  slip  bands  and  again  to  increase  dislocation 
mobility.  It  has  been  observed  that  a  minimum  corrosion  (anodic 
dissolution)  rate  is  necessary  to  cause  corrosion  fatigue/  Corrosion 
fatigue  therefore  includes  enhanced  dislocation  mobility  by  both 
corrosion  and  cyclic  loading. 

Thus,  corrosion-enhanced  plasticity  is  a  common  feature  of  the 
major  forms  of  EIC  and  may  provide  the  key  to  a  common  explanation 
of  many  factors  affecting  those  forms  of  metal  failure. 

Description  of  the  LSP  Mechanism 

SCC  must  initiate  with  film  rupture  because  a  passive  surface 
film  is  a  prerequisite  for  virtually  every  system  experiencing  SCC.  A 
dissolved  oxidizer  is  usually  required  to  form  the  film  on  the  surface. 
Film  rupture  may  be  expected  at  the  emergence  of  slip  bands  during 
yielding  at  the  onset  of  plastic  deformation.  Exposed  bare  surfaces  at 
the  rupture  sites  have  a  transient  rest  potential  that  is  considerably 
active  to  the  passive  surface  potential.  However,  these  bare  surfaces 
are  anodically  polarized  to  the  passive  potential  by  coupling  to  the 
relatively  large  surrounding  passive  surfaces.  The  anodic  current 
densities  will  bo  very  high  because  of  the  high  cathode/anode 
surface-area  ratio  and  will  cause  a  localized  softening  or  plasticity  by 
attenuation  of  strain  hardening  at  the  rupture  sites,  according  to  the 
data  of  Figure  2. 

Straining  electrode  current  transients  in  Figure  4  simulate 
conditions  at  the  film-rupture  sites  during  SCC.8  The  area  under  the 
current-transient  curves  are  proportional  to  SCC  susceptibility.8 
Potential  was  controlled  polentiostatically  at  the  original  passive 
corrosion  potential  during  the  rapid-straining  experiments,  generat- 


EiCM  Proceedings 


265 


ing  transient  anodic  currents.  The  potentiostat  replaced  the  “chemical 
potentiostat,”  which  results  from  coupling  to  large  surrounding 
passive  surfaces  during  usual  SCC,  and  provided  measurable  anodic 
currents  when  rapid  straining  formed  numerous  film-ruplure  sites. 
Note  that  a  current  increase,  evidence  of  film  rupture,  was  not 
appreciable  until  yielding  was  apparent  on  the  load-time  curve.  It 
should  be  noted  that  only  ductile  cup-and-cone  rupture  resulted  from 
the  rapid-straining  experiments  of  Figure  4.  Only  the  film-rupture 
conditions  needed  to  initiate  SCC  were  simulated.  Strain  rate  was  too 
rapid  to  permit  actual  initiation  and  growth  of  brittle  SCC  cracks. 


FIGURE  1  -Creep  followed  by  Initiation  of  SCC  in  type  304  (UNS 
S30400)  stainless  steel  loaded  to  64%  of  the  ultimate  tensile 
strength  in  35%  MgCI2  solution  at  60°C.  (Reprinted  with 
permission.2) 


Ttmo,  minutes 


FIGURE  2-Creep  of  unfllmed  copper  wlro  resulting  from  Im¬ 
posed  anodic  dissolution  current.  (Reprinted  with  permission.3) 

A  specific  environment  is  generally  required  for  SCC,  although 
additional  experience  continually  reveals  new  conditions  that  pro¬ 
mote  SCC  in  most  alloy  systems.  In  Figure  4.  the  maximum  current 
transient  coincident  with  maximum  SCC  occurs  in  the  presence  of  an 
oxidizer,  dissolved  oxygen,  and  some  critical  aggressive  species;  in 
this  case,  nitrogen  The  specific  aggressive  nature  of  Cl"  for  SSs  and 
NH„  *  for  brass  is  well  known.  It  is  thought  that  these  critical  species 
act  to  weaken  the  film  by  chemical  interaction  or  adsorption  to  retard 
repassivation  and  sustain  anodic  dissolution  at  film-rupture  sites. 


FIGURE  3— Creep  of  carbon  manganese  steel  enhanced  by  low- 
cycle  fatigue.  (Reprinted  with  permission.6) 


FIGURE  4— Current  transients  at  straining  steel  electrodes 
potentlostated  In  liquid  anhydrous  ammonia  solutions  at  the 
unstrained  free-corrosion  potential.8 


As  deformation  progresses  in  a  slip  band  emerging  at  the 
surface,  lateral  stresses  (<r,)  normal  to  the  primary  tensile  stress  (<r„) 
must  develop  to  maintain  continuity  in  the  slip-band  volume  (Figure 
5),  A  component  of  the  lateral  stress  on  the  slip  plane  opposes  the 
shear  component  of  the  tensile  stress.  A  plane-strain  condition  with 
a  triaxial  stress  results,  and  further  slip  is  restricted  in  the  slip  band 
in  which  the  materia!  has  been  softened  by  localized  attenuation  of 
strain  hardening. 

Restrictions  on  slip  become  very  severe  in  a  small,  thin  volume 
of  softened,  plastic  material  embedded  in  surroundings  that  are  at  full 
strength  and  hardness.  An  analogous  phenomenon  has  been 
described  in  an  introductory  text  on  materials  science.9  When  lead 
solder  used  to  join  the  ends  of  two  steel  bars  (Figure  6ia)),  a 
sulficie.  .ensile  stress  parallel  to  the  common  axis  of  the  bars  and 
perpendicular  to  the  thin  solder  joint  produces  brittle  cleavage 
fracture  in  the  solder  within  the  joint.  Under  conditions  of  severe 
triaxial  stress,  plastic  slip  is  totally  suppressed,  and  normally  soft, 
ductile  solder  fractures  in  an  entirely  brittle  manner.  Similar  condi¬ 
tions  are  present  in  the  microvolume  at  a  slip  band  (Figure  6(b))  in 
which  the  strain  hardening  has  been  locally  attenuated  by  anodic 
current  resulting  from  film  rupture  and  galvanic  coupling  to  the 
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surrounding  passive  surfaces.  The  softened  slip-band  material 
fractures  by  brittle  cleavage  that  has  resulted  from  restricted  slip 
under  severe  triaxial  stress  conditions. 


FIGURE  5-Lateral  stress  (a,)  developed  In  a  slip  band  to 
oppose  usual  shear  stresses  (<r„)  resulting  from  tensile  stresses 

K). 


.  cn 


(a)  (b) 


FIGURE  6— (a)  Triaxial  stress  state  developed  in  a  thin  layer  of 
soft  lead  joining  the  ends  of  two  steel  bars  and  (b)  similar  triaxial 
stress  state  developed  In  softened  slip-band  material  at  a 
film-rupture  site  caused  by  anodic  current. 


With  restricted  plasticity,  the  localized  relief  of  strain  hardening 
at  a  film-rupture  site  Is  sufficient  to  trigger  a  brittle  cracking  "event" 
that  then  propagates  the  sharp  crack  from  the  softened  region  into 
the  adjacent  unaffected  material  at  a  rate  higher  than  can  be 
explained  by  either  electrochemical  dissolution  or  solid-state  diffu¬ 
sion  processes.  As  the  crack  grows  into  material  that  has  been 
unaffected  by  corrosion,  brittle  fracture  may  be  expected  to  slow  or 
even  stop.  At  the  end  of  each  such  event,  film  formation  and  rupture, 
anodic  dissolution,  and  attenuation  of  strain  hardening  must  be 
renewed  to  initiate  a  now  burst  of  brittle  cleavage  fracture. 

The  following  list  of  steps  summarizes  the  proposed  LSP 
mechanism  of  SCC  The  steps,  designated  by  "  are  summarized 
schematically  in  Figure  7. 


(1)  Film  rupture  by  initial  plastic  deformation  at  slip  bands  exposing 
underlying  bare  surface  at  the  rupture  sites. 

(2)  Anodic  dissolution  of  bare  metal  at  rupture  sites  from  galvanic 
coupling  to  adjoining  large  passive  surfaces. 

(3)  Chemical  interactions  or  competitive  adsorption  of  a  critical 
dissolved  species  at  the  rupture  sites  to  retard  film  healing  and 
prolong  localized  anodic  dissolution. 

(4)  Attenuation  of  the  localized  strain  hardening  in  the  surface 
slip-band  volume  and  consequent  softening  of  the  alloy  (LSP)  at 
the  rupture  sites. 

(5)  Restriction  of  continued  plastic  flow  at  slip  bands  because  of 
lateral  stresses  that  develop  normal  to  the  imposed  tensile 
stress  and  oppose  the  shear  stresses  on  the  slip  plane. 

(6)  Crack  initiation  in  the  slip-step  volume  that  becomes  stressed 
triaxially  by  the  developing  lateral  stresses  from  anodically 
stimulated  attenuation  of  strain  hardening.  Brittle  cracking  is 
required  to  satisfy  attenuation  of  strain  hardening  when  plastic 
slip  is  restricted  by  the  trivial  stress  state. 

(7)  Crack  propagation  in  a  brittle  burst  of  cleavage  fracture  from  the 
softened,  triaxially  stressed  (plane-strain)  volume  at  the  initiated 
crack  tip  into  the  surrounding  unaffected  alloy,  where  it  is 
temporarily  arrested  before  continuing  in  a  new  cycle  of  film 
rupture,  galvanically  imposed  anodic  current,  and  LSP. 


FIGURE  7-Schematic  diagram  of  localized  surface  plasticity 
mechanism  of  SCC. 


Explanation  of  Experimental  Factors  Affecting  SCC 

The  following  listed  factors  generally  affect  SCC  in  most  alloy 
systems  and  are  discussed  relative  to  LSP.  While  isolated  exceptions 
to  theso  factors  may  be  present,  the  LSP  mechanism  seems  to 
explain  the  great  majority  of  experimental  information  relating  to 
SCC. 

Film  rupture.  A  common  feature  of  alloys  susceptible  to  SCC 
is  the  presence  of  a  passive  surface  film  that  serves  as  a  barrier  to 
active  and  rapid  general  corrosion.  Consequently,  an  oxidizer  is  often 
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required  for  film  formation  The  application  of  mechanical  stress  with 
the  attendant  local  deformation  at  slip  bands  is  expected  to  rupture 
the  surface  film. 

Film  rupture  of  a  passive  surface  film  is  required  by  LSP  to 
concentrate  anodic  dissolution  and  attenuation  of  strain  hardening  at 
the  slip  band  that  underlies  each  film-ruplure  site. 

Specificity  of  environment.  Environments  causing  SCC  are 
specific  to  the  alloy.  For  example,  hot  chloride  solutions  cause  SCC 
of  SSs  but  few  if  any  other  alloys.  The  same  can  be  said  for  carbon 
steel  in  hot  nitrate  and  brass  in  ammonia  solutions. 

The  LSP  mechanism  assumes  that  specific  ions  or  environ¬ 
ments  for  each  alloy  retard  repassivation  at  film-rupture  sites, 
maintaining  localized  anodic  currents  to  attenuate  strain  hardening  at 
underlying  slip  bands  during  initiation  and  at  the  crack  tip  during 
propagation  of  SCC. 

Resistance  of  pure  metals.  Pure  metals  are  almost  univer¬ 
sally  immune  or  at  least  more  resistant  to  SCC  than  alloys  of  the 
same  metal.  As  alloying  elements  are  added  to  a  pure  metal,  the 
strain  hardening  and  the  ultimate  tensile  strength  increase  while  the 
ductility  decreases.  On  the  other  hand,  during  slow-strain-rate  tests 
(Figure  8'°),  loss  of  ductility  (embrittlement)  by  SCC  is  accompanied 
by  reduced  stress  to  produce  deformation.  Cracks  are  initiated 
during  plastic  flow  above  yield  at  stresses  below  those  required  for 
plastic  flow  in  the  absence  of  the  SCC  solution.  Therefore,  it  is 
concluded  that  SCC  causes  an  attenuation  of  strain  hardening  before 
initiation  of  cracks. 


FIGURE  8 — Slo w-straln-rate  curves  for  stainless  steel  In  hot 
magnesium  chloride  solutions,  (Copyright  ASTM.  Reprinted 
with  permission.10) 

LSP  requires  some  degree  of  s'rair ,  .ardening  that  is  relieved  or 
attenuated  by  anodic  dissolution  in  an  alloy.  In  the  absence  of 
extensive  strain  hardening  in  most  pure  metals,  considerable  defor¬ 
mation  and  ductility  are  permissible  before  strain  hardening  is 
sufficient  to  initiate  brittle  cracks,  and  pure  metals  are  resistant  to 
SCC. 

Electrochemical  dissolution  at  straining  surfaces.  It  has 
been  found  that  the  rate  of  SCC  crack  growth  Is  proportional  to  the 
anodic  current  density  on  a  straining  olectrode  surface  of  the  same 
alloy  In  the  SCC  environment 11  Thus,  cathodic  polarization  stops 
SCC  by  suppressing  the  causative  anodic  reaction  in  AASH. 

Figure  9  shows  a  log-log  plot  of  crack  growth  rate  vs  current 
density 11  The  linearity  indicates  direct  participation  of  anodic  reac¬ 
tion  in  the  SCC  mechanism.  It  must  be  noted,  however,  that 
proportionality  does  not  guarantee  that  the  actual  cracking  procoss  is 
electrochemical.  The  crack  growth  velocity  is  usually  greater  than 
can  be  accounted  for  by  charge-transfer  processes.'* 

In  LSP  local  plasticity  stimulated  by  anodic  current  at  slip-band 
rupture  sites  may  trigger  those  mechanical  processes  that  account 
for  the  brittle,  structure-dependent  nature  of  SCC  crack  surfaces.  The 
softened  material  at  the  slip  band  becomes  brittle  when  embedded  in 


the  surrounding  alloy,  which  is  still  at  full  strength  and  hardness 
(Figure  7).  Brittle  crack  propagation  through  this  softened  material 
into  the  surrounding  alloy  is  more  rapid  than  any  electrochemical 
dissolution  or  solid-state  diffusion  processes. 


Average  Current  Density  on  Straining  Surface  A.cm-2 


FIGURE  9— Proportionality  between  SCC  crack  growth  rate  and 
anodic  current  density  at  straining  electrodes  of  ductile  alloys.4 

Sieradzki  and  Newman  proposed  that  a  dealloyed  surface  layer 
will  initiate  sharp,  brittle  cracks  that  can  gain  sufficient  velocity  to 
propagate  into  the  adjacent  ductile  alloy.13  Forty  originally  discarded 
this  concept  because  of  the  unlikely  continuity  of  the  dealloyed  layer 
with  the  substrate  alloy.14  Fritz  and  Pickering  observed  more  recently 
that  brittle  cracks  would  propagate  through  the  dealloyed  layer  into 
the  substrate  only  in  the  presence  of  an  anodic  current.15  Thus,  it 
would  seem  that  dealloying  is  probably  a  symptom  rather  than  a 
cause  of  SCC. 

Dealloying  was  found  only  on  mechanically  strained  brass 
surfaces  when  exposed  to  a  solution  causing  SCC.16  Unstressed 
specimens  showed  no  dealloying.  These  results  are  consistent  with 
the  LSP  mechanism.  Mechanical  strain  produces  film  rupture,  and 
the  resulting  high  anodic  galvanic  currents  cause  dealloying  coinci¬ 
dent  with  AASH  at  film-rupture  sites. 

Metallurgical  effects.  Effects  of  metallurgical  parameters  are 
varied  depending  on  the  alloy  involved.  No  dominating  metallurgical 
factors  have  emerged,  and  it  is  difficult  to  prevent  transgranular  SCC 
simply  by  changing  the  metallurgical  structure  or  other  features  of  a 
particular  alloy.  Grain-boundary  composition  can  be  adjusted  to 
affect  intergranular  SCC.  Higher-strength  alloys  are  more  susceptible 
than  lower-strength  alloys. 

Explanations  of  these  and  other  metallurgical  effects  often 
require  considerable  speculation,  and  LSP  is  no  exception.  However, 
strain  hardening  will  be  affected  by  most  metallurgical  factors,  and 
AASH  provides  a  unique  link  between  chemical  and  mechanical 
parameters  affecting  SCC.  Thus,  the  LSP  mechanism  readily  ac¬ 
counts  for  the  fact  that  highly  strain-hardenable  alloys  such  as  brass 
and  SS  are  susceptible  to  SCC,  although  both  are  ductile  with 
relatively  low  yield  strength.  Similarly,  pure  metals  with  low  strain 
hardening  are  resistant,  as  discussed  above.  High-strength  alloys 
generally  depend  on  dislocation  pinning  effects,  and  LSP  can 
account  for  higher  susceptibility  by  enhanced  dislocation  mobility  on 
a  localized  microscopic  scale. 

Brittle  fracture.  Fractographic  examinations  of  transgranular 
SCC  fracture  surfaces  have  shown  cleavage  planes  of  the  type  (100), 
[1 10},  and  {210}  in  otherwise  ductile  fee  alloys.17  On  the  other  hand, 
in  the  more  frequent  intergranular  mode,  SCC  fracture  surfaces  often 
follow  the  grain  boundaries  rather  closely.  Facing  halves  of  cracked 
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specimens  exactly  match  one  another,  whether  intergranular  or 
transgranular,  indicating  a  strong  brittle-fracture  component  of  the 
SCC  mechanism. 

In  the  LSP  mechanism,  slip  is  restricted  by.  the  triaxial  stress 
state  in  the  small  softened  volume  at  the  film-rupture  site.  The 
softened  material  must  faii  by  cleavage  on  {100},  {210},  and  {110} 
planes  with  minimal  opportunity  to  deform  by  slip.  Such  low  index 
planes  are  weakest  in  cleavage  because  of  their  low  atomic  density, 
subsequent  low  density  of  atomic  bonds,  and  maximum  interplanar 
spacing. 

Mechanism  of  Anodic  Attenuation 
of  Strain  Hardening 

The  mechanism  of  attenuation  of  strain  hardening  by  anodic 
dissolution  and  corrosion  remains  for  study  and  speculation.  Lynch 
proposed  that  adsorbed  hydrogen  increases  plasticity  by  increasing 
dislocation  mobility  at  the  crack-tip  surface.'8-20  As  discussed  above, 
cathodic  processes,  which  stop  most  forms  of  SCC,  are  required  to 
produce  hydrogen.  However,  hydrogen  is  the  acknowledged  cu.prit 
for  very  high-strength  steels  and  other  nonferrous  alloys  when 
cathodic  polarization  enhances  cracking. 

One  can  speculate  that  other  species  such  as  chloride  could 
adsorb  or  interact  with  surface  films  to  stimulate  anodic  reactions  and 
dislocation  mobility  at  the  crack  tip.  Surface  dissolution  has  often 
been  suggested  to  remove  surface  dislocation  barriers21  and  thereby 
facilitate  dislocation  movements  to  the  surface. 

Revie  and  Uhlig  proposed  anodically  generated  vacancies  to 
explain  the  increased  creep  resulting  from  anodic  dissolution  (Figure 
2)  in  application  to  CFC.3  Vacancies  generated  during  corrosion  were 
postulated  to  form  divacancies,  which  have  sufficient  mobility  to 
migrate  to  subsurface  dislocations  and  facilitate  movement  of  dislo¬ 
cations  around  obstacles  by  climb  mechanisms.  Apparently,  they  did 
not  appreciate  the  possible  importance  of  corrosion-induced  relief  of 
stain  hardening  in  SCC  as  well  as  CFC. 

The  present  author  suggested  that  corrosion-generated  vacan¬ 
cies  are  responsible  for  initial  attenuation  of  strain  hardening  and 
subsequent  embrittlement  during  SCC.1  Divacancies  can  take  an 
alternative  role  to  enhanced  slip  or  dislocation  mobility  to  reduce 
strain  hardening.  As  they  accumulate  in  the  plane-strain  region  at  the 
crack  tip,  divacancies  will  randomly  populate  prismatic  planes  of  low 
crystallographic  indices.  The  cleavage  stress  across  such  planes  will 
be  reduced  by  displacement  or  weakening  of  bonds  by  the  vacancies,’ 
and  a  transgranular  crack  can  initiate  and  grow.  The  fracture  stress 
and  ductility  will  be  reduced  as  a  result,  in  agreement  with  the  slow- 
strain-rate  results  of  Figure  7. 

Diffusion  calculations  indicate  that  penetration  of  corrosion¬ 
generated  divacancies  may  be  up  to  a  few  thousand  angstroms,1 
sufficient  to  trigger  brittle  cracking  events  and  account  for  crack 
growth  rates  above  that  of  simple  electrochemical  dissolution.  While 
divacancy  penetration  is  adequate  to  affect  mechanical  behavior,  it  is 
questionable  whether  divacancies  are  sufficient  in  number  to  cause 
such  effects,  since  Pickering  and  Wagner  estimated  that  the  upper 
limit  of  lattice  sites  occupied  by  vacancies  would  be  1%  22  However, 
anodic  dissolution  may  create  a  supersaturation  of  vacancies  that 
would  produce  a  far  higher  concentration  at  the  surface.  At  present, 
it  is  difficult  to  experimentally  verify  the  presence  of  vacancies  during 
anodic  dissolution  at  a  slip  band  or  the  crack  tip, 

Common  Effects  in  SCC,  CGC,  and  HAC 

Several  investigators  have  suggested  that  hydrogen  acts  to 
increase  plasticity  (or  attenuate  strain  hardening)  during  HAC. 
Beachem  proposed  that  hydrogen  enhances  dislocation  mobility, 
leading  to  softening  on  a  local  microscopic  scale  at  the  crack  tip.5 
Similar  suggestions  by  Lynch  have  already  been  reviewed  in  this 
paper.18-20  Finally,  Birnbaum  has  shown  considerable  electron 
microscopic  evidence  of  enhanced  dislocation  mobility  by  hydrogen 
charging.23  Thus,  hydrogen  may  act  to  cause  cathodic  softening  and 
subsequent  embrittlement  in  a  smal1,  localized  near-surface  volume 
in  Figure  6(b)  in  a  manner  similar  to  AASH  during  SCC.  Recently, 


published  work  has  emphasized  the  importance  of  film  rupture  in 
HAC,24  which  would  localize  hydrogen  penetration  to  such  small 
volumes.  The  disturbed  lattice  in  the  slip-band  volume  may  also  be 
inherently  more  susceptible  to  hydrogen  pene.ration. 

For  CFC,  attenuation  of  strain  hardening  comes  about  by  anodic 
dissolution  as  for  SCC.  Cyclic  loading  in  CFC  should  inhibit  repas¬ 
sivation  at  persistent  slip  bands  and  replace  to  some  extent  the 
function  of  a  critical  dissolved  species  in  SCC.  No  specific  environ¬ 
ment  is  required  for  CFC  or  HAC.  Both  can  occur  in  numerous 
solutions  and  require  only  a  cyclic  tensile  stress  and  a  source  of 
hydrogen,  respectively,  in  the  presence  of  corrosion.  For  HAC, 
dissolved  hydrogen  generated  by  cathodic  electrochemical  pro¬ 
cesses  apparently  attenuates  strain  hardening,  whereas  anodic 
processes  serve  the  same  function  for  SCC  and  CFC.  In  any  case, 
hydrogen  may  be  generated  from  most  aqueous  solutions  during 
corrosion  and  does  not  require  any  specific  dissolved  species. 

Conclusion 

(1)  Some  degree  of  enhanced  plasticity  has  been  associated  with 
the  common  forms  of  EIC,  including  SCC,  CFC,  and  HAC. 

(2)  For  conditions  of  SCC,  microscopic  LSP  can  be  introduced  at 
emergent  surface  slip  bands  because  of  AASH  by  anodic 
currents  from  galvanic  coupling  between  film-rupture  sites  and 
adjoining  passive  surfaces. 

(3)  LSP  can  result  in  brittle  cleavage  fracture  of  softened  slip-band 
material  constrained  by  the  surrounding  unsoftened,  full-strength 
alloy  resulting  from  restricted  slip  under  a  triaxial  stress. 

(4)  The  LSP  mechanism  of  SCC  explains  (a)  the  need  for  a  film¬ 
forming  oxidizer  with  some  critical  aggressive  species,  (b)  the 
resistance  of  pure  metals  and  susceptibility  of  strain-hardenable 
alloys,  (c)  the  proportionality  of  crack  growth  rate  to  anodic 
current  on  straining  electrodes,  (d)  crack  growth  rates  too  high 
to  be  explained  simply  by  electrochemical  dissolution,  (e) 
intermittent  crack  growth,  and  (f)  brittle  transgranular  cleavage 
fracture  on  crystallographic  planes  of  types  {100},  {110},  and 
{210}. 

(5)  The  mechanism  of  AASH  may  be  related  to  removal  of  surface 
dislocation  tangles  or  formation  of  a  supersaturation  of  vacan¬ 
cies  at  the  surface  by  ancdic  dissolution. 

(6)  Cyclic  loading  in  CFC  inhibits  repassivation  at  persistent  oup 
bands  to  maintain  AASH  at  film  rupture  sites  and  replaces  the 
function  of  a  critical  dissolved  species  in  SCC.  Thus,  CFC 
requires  only  an  adequate  corrosion  rate  and  a  cyclic  tensile 
load  with  no  critical  aggressive  species  required. 

(7)  For  HAC,  hydrogen  dissolved  in  the  lattice  from  cathodic 
electrochemical  processes  apparently  generates  LSP  at  film- 
rupture  sites,  whereas  AASH  serves  the  same  function  for  SCC 
and  CFC. 
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Discussion 

T.  Murata  (Nippon  Steel  Corporation,  Japan):  As  a  dominant 
factor  of  SCC,  the  idea  of  "anodic-dissolution-assisted  localized 
deformation”  is  attractive,  but  we  need  to  state  it  together  with  a 
competitive  phenomenon  such  as  film  formation.  To  do  this,  I  think, 
you  should  address  the  critical  strain  rate  or  slip  formation  above 
which  you  continually  have  localized  straining. 

D.A.  Jones:  Figure  4  shows  that  anodic  current  transients  are 
present  only  after  yielding  when  slip  allows  film  rupture.  An  aggres¬ 
sive  species  such  as  chloride  is  often  necessary  to  retard  film  healing 
and  maintain  anodic  currents  at  the  film-rupture  sites.  Slow-strain- 
rate  tests  are  effective  because  they  maintain  film- rupture  rate  by 
continuous  mechanical  strain.  The  critical  strain  rate  is  often  near 
10_6/s.  Thus,  anodicaliy  attenuated  strain  hardening  must  coincide 
with  a  number  of  other  competing  processes  to  cause  SCC,  as 
Murata  suggests  and  as  is  summarized  in  our  Figure  7. 
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Environment-Assisted  Cracking  of  Nonferrous  Metals 

Co-Chairmen’s  Introduction 
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The  segment  of  the  conference  devoted  to  environmental  effects  on  specific  alloy 
systems  was  initiated  with  invited  reviews  of  nonferrous  systems.  The  review  by  Bertocci,  et 
al„  presented  at  the  conference  by  Pugh,  focuses  on  the  alpha-brass- aqueous  ammonia 
system.  Intergranular  and  transgranular  failure  modes  and  crack  propag  .lion  issues  are 
discussed  The  slip-dissolution  concept  (or  "film-rupture"  mechanism)  is  used  to  interpret 
observations  related  to  intergranular  stress  cracking.  For  the  transgranular  stress  cracking 
mode,  experimental  evidence  of  discontinuous  crack  propagation  is  shown  to  support  the 
film-induced  discontinuous  cleavage  model. 

Jones  and  Bruemmer  illustrate  numerous  cases  of  crack  growth  in  r.ickel-base  alloys  in 
gaseous  hydrogen  and  in  acid  and  basic  aqueous  environments.  Efforts  are  made  to  correlate 
the  crack  growth  to  microchemistry,  microstructure,  environmental  parameters,  and  stress 
conditions.  No  universal  theory  is  proposed,  as  it  pertains  to  clarifying  the  roles  of  the  critical 
factors  controlling  the  SCC  of  various  nickel-base  alloys. 

The  review  by  Holroyd  and  Seamans  provides  a  general  update  on  advanced  aluminum 
alloys  and  metal-matrix  composites.  The  role  of  hydrogen  embrittlement  is  discussed  in 
terms  of  its  applicability  to  "real  life"  conditions.  Alsu,  the  aspect  of  combined  effects  of  static 
stress  and  cyclic  load  is  illustrated  for  actual  service  performance.  Other  issues,  such  as 
mechanical  and  thermo  mechanical  effects  and  weldment  behavior,  are  covered  along  with 
a  new  “breaking  load"  test  method  for  evaluating  aluminum  alloys. 

The  review  paper  on  hexagonal  metals  by  D.  Hardie  points  out  that  the  corrosion 
behavior  of  these  metals  is  influenced  by  factors  such  as  the  very  low  nobility  of  these  metals, 
the  occurrence  of  protective  passive  films  that  are  stable  in  aqueous  media,  the  possibility  of 
stable  hydride  formation  at  ambient  temperature.  The  high  reactivity  and  corrosivity  is 
precisely  what  leads  to  the  formation  of  protective  oxide  films  that  require  a  sufficient 
concentration  of  free  water.  When  the  free  water  concentration  of  the  environment  decreases 
(for  example,  in  organic  solutions  or  in  concentrated  ionic  solutions  at  a  crack  tip),  film 
breakdown  can  occur,  leading  to  electrochemical  conditions  whereby  loss  of  protection  and 
possible  hydride  formation  can  produce  cracking.  It  is  pointed  out  that  investigations  of  these 
conditions  is  difficult,  and  results  are  often  inconclusive. 

Overall,  the  four  papers  on  nonferrous  metals  represent  brief  historical  reviews  of  the 
basic  phenomena  of  environment  induced  cracking  and  the  current  state  of  knowledge  in 
understanding  these  phenomena.  The  concept  of  a  film-induced  cleavage  model  for 
explaining  transgranular  SCC  is  an  interesting  one  that  provoked  productive  discussions. 
Thoughts  for  future  research  in  the  field  of  nonferrous  metals  should  ensue. 


Environment-Induced  Cracking  of  Copper  Alloys 

U.  Bertocci,  E.N.  Pugh,  and  R.E.  Ricker * 

Abstract 

The  path  of  stress  corrosion  cracking  (SCC)  in  a-phase  copper  alloys  can  be  intergranular  (IGSCC)  or 
transgranular  (7GSCC).  but  there  is  no  consensus  as  to  whether  these  correspond  to  two  different 
mechanisms.  Since  research  into  the  mechanism(s)  of  environment-induced  cracking  of  copper  alloys 
has  focused  overwhelmingly  on  a-brass  in  aqueous  ammonia  and  since  both  forms  of  cracking  are 
observed  in  this  system,  this  paper  deals  primarily  with  this  system. 

The  characteristics  of  IGSCC  in  brass  are  consistent  with  cracking  occurring  by  the  film-rupture  (or 
slip-dissolution)  mechanism.  TGSCC,  on  the  other  hand,  is  thought  to  proceed  by  discontinuous 
cleavage,  with  an  average  crack  velocity  on  {110}  planes  of,  typically,  10'7  ms"’.  The  mechanism  by 
which  the  environment  induces  brittle  failure  in  the  ductile  face-centered  cubic  metal  has  not  been 
established,  but  several  have  been  proposed.  Hydrogen  embrittlement  is  an  attractive  mechanism  in 
that  it  can  account  for  the  kinetics  of  propagation  and  for  the  repeated  crack  arrests.  However,  modeling 
of  the  chemistry  within  the  crack  indicates  that  hydrogen  discharge  is  unlikely  for  copper-zinc  in  aqueous 
ammonia  and  impossible  for  copper-gold  in  ferric  chloride.  An  alternative  mechanism  for  TGSCC 
proposes  that  a  thin  epitaxial  film,  such  as  an  oxide  or  dealloyed  layer,  forms  at  the  crack  tip  and  triggers 
brittle  fracture.  In  terms  of  this  model,  it  is  not  clear  why  the  crack  arrests,  particularly  under  conditions 
in  which  the  stress  intensity  increases  with  crack  length.  One  approach  involves  unfractured  ligaments 
at  the  crack  front.  Further,  the  shearing  of  these  ligaments  would  be  favored  by  coplanar  glide  and 
suggests  an  explanation  for  the  correlation  between  TGSCC  and  stacking  fault  energy. 


Introduction 

The  literature  on  the  mechanisms  of  environment-induced  cracking 
of  ooppei  alloys  deals  overwhelmingly  with  the  stress  corrosion 
cracking  (SCC)  of  «-brass  containing  approximately  30%  zinc  in 
aqueous  ammonia,  therefore,  this  system  is  the  focus  of  this  paper, 
with  work  on  ooppei,  other  u-brasses,  copper-gold,  other  copper 
alloys,  and  other  environments  being  described  where  it  relates  to  the 
Cu-30Zn, aqueous  ammonia  system.  As  in  other  systems,  there  has 
been  little  recent  work  on  the  initiation  of  SCC  in  Cu-30Zn,  and  thus 
this  review  deals  with  crack  propagation.  Since  one  of  the  authors 
has  previously  reviewed  this  subject,’ 1  the  present  paper  concen¬ 
trates  on  work  conducted  since  the  publication  ot  the  last  ot  these 
reviews. 

In  the  last  review,3  it  was  argued  that  two  basically  different 
mechanisms  for  crack  propagation  operate  in  Cu-30Zn,  correspond¬ 
ing  to  intergranular  and  transgranular  failure  (IG-  and  TGSCC). 
IGSCC  was  thought  to  propagate  by  the  classic  film-rupture  model,4,5 
in  which  localized  plastic  deformation  at  the  crack  tip  causes 
continual  film  rupture  and  preferential  anodic  dissolution.  TGSCC,  on 
the  other  hand,  was  considered  to  proceed  by  discontinuous 
cleavage,  that  is,  by  brittle  mechanical  fracture.  It  will  be  seen  that  this 
view  remains  tenable. 

The  mechanism  of  IGSCC  in  Cu-30Zn  has  received  littlo 
attention  since  1975,  but  there  has  been  considerable  activity  on  the 
transgranular  form,  both  experimental  and  theoretical.  New  experi¬ 
mental  results  include  the  observation  that  pure  copper  can  undergo 
this  lorm  of  cracking,50  that  Cu-30Zn  fails  transgranularly  in  an 
ammomacal  solution  that  causes  no  detectable  overall  dissolution,’0 
and  that  exposure  of  unstressed  Cu-30Zn  to  such  solutions  leads  to 
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embrittlement.”.  Efforts  on  the  theoretical  side  have  centered  on  the 
concept  that  thin  surface  layers  produced  by  reaction  with  the 
environment  can  initiate  cleavage  cracks,  which  then  propagate  for 
relatively  large  distances  into  the  unaffected  brass  substrate.10  The 
premise  that  cleavage  can  propagate  in  a  ductile  face-centered  cubic 
(fee)  alloy  has  understandably  generated  controversy  in  the  physical 
metallurgy  community.  There  has  also  been  some  attention  given  to 
the  related  question  of  why  a  propagating  cleavage  crack  should 
subsequently  arrest. 

In  the  second  section,  our  understanding  of  the  behavior  of 
unstressed  copper  and  u  brass  in  aqueous  ammonia  is  summarized. 
The  phenomenology  of  SCC  is  then  outlined  in  the  third  section, 
followed  by  a  discussion  of  the  proposed  mechanisms  of  crack 
propagation. 

Chemistry  of  the  Brass/Ammonia  System 

Electrochemical  reactions  and  complex  equilibria 

Practical  cases  of  SCC  of  brass  generally  occur  in  moist  air 
where  a  condensed  moisture  layer  acquires  ammonia  and  oxygen 
from  the  environment.’3  Since  small  amounts  of  water  are  involved 
in  the  condensed  layer,  the  concentration  of  both  ammonia,  which  is 
being  absorbed  in  the  film,  and  of  copper  ions,  which  are  produced 
by  anodic  attack,  can  become  quite  large.  This  justifies  the  use  of 
concentrated  solutions  in  laboratory  tests.  Although  early  studies 
were  conducted  in  the  vapor  phase,  since  the  well-known  work  of 
Mattsson,’4  the  general  practice  is  to  use  bulk  solutions  of  aqueous 
ammonia  containing  dissolved  copper,  e.g.,  ASTM  G37-85.  The 
corrosion  behavior  of  Cu-30Zn  in  such  solutions  is  illustrated  in 
Figure  1(a),  which  shows  the  well-known  relationship  between 
corrosion  rate  and  dissolved  copper  content.15’’7 

To  understand  this  relationship,  considei  first  the  behavior  of 
pure  copper  in  aqueous  solutions.  Two  reactions  must  be  taken  into 
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FIGURE  1— The  relationship  between  the  concentration  of 
copper  and  (a)  the  rate  of  dissolution  and  (b)  the  tlme-to-fallure 
for  Cu-30Zn  In  15  M  aqueous  ammonia.  The  critical  copper 
concentration  for  the  onset  of  tarnishing  (C‘)  as  determined 
from  visual  observations,  Is  Indicated  by  the  broken  line.  (Based 
on  data  In  Reference  5.) 

account:  a  metal/solution  transfer  reaction 


Cu  =  Cu*  +  e~ 


(1) 


and  a  redox  reaction 


Cu*=Cu**+e'  (2) 

whose  standard  potentials  are  El  520  mV  and  E2  159  mV  vs 
NHE.  In  aqueous  ammoma,  the  electrochemistry  is  dominated  by  the 
formation  of  very  stable  and  soluble  complexes.  Two  Cu  *  and  live 
Cu** -ammonia  complexes  are  known  to  exist;18  in  moderately 
concentrated  (NH3  a  1  M)  solutions,  cuprous  ions  are  overwhelm¬ 
ingly  prosont  as  (Cu(NH3)J  ]  complexes,  white  cupric  Ions  are  present 
either  as  (Cu(NH3);*]  or  [Cu(NH3)s  *],  the  second  becoming  the 
main  species  as  the  concentration  ol  ammonia  increases.  No  kinetic 
data  are  available  foi  the  complexatiun  reactions,  but  on  the  basis  of 
qualitative  measurements  of  copper  electrodes  in  these  solutions, 
the  homogeneous  equilibria  are  very  fast,  so  they  don’t  seem  to  bo 
rate  determining. 

Because  of  the  high  stability  of  these  complexes,  alkaline 
ammonia  solutions  can  contain  fairly  large  concentrations  of  copper 
ions  before  the  solubility  product  for  the  precipitation  of  Cu20  is 
reached.  The  solubility  depends  on  pH  as  well  as  on  ammonia 
concentration.  Foi  pH  between  12  and  13,  a  few  grams  pei  liter  of 
copper  as  cuprous  complexes  can  be  maintained  in  solution. 


To  account  for  the  ammonia  complexes,  Reactions  (1)  and  (2) 
must  be  rewritten  in  the  following  way: 

Cu  +  (P  +  2y)NH3  =  a  or  +  pCu(NH3)*  +  yCu(NH3)J  +  e" 
(with  ot  +  p+y  =  1)  (V) 

aCu+  +  pCu(NH3)+  +  •yCu(NH3)|  +  SNH3  = 
eCu++  +  £Cu(NH3)++  +  -nCu(NH3)2++  +  GCu(NH3)3+  + 

+  iCu(NH3tf +  +  kCu(NH3)5++  +  e"  (2’) 

(with  a  +  p+y+5  =  e+jj+n+O  +  i.+K  =  1 
andp+2y+S  =  £  +  2t)  +  30  +  4i  +  5k) 

The  value  of  the  various  stoichiometric  coefficients  can  be  found,  for 
a  given  ammonia  concentration,  by  solving  the  system  formed  by  (1), 
(2),  and  the  stability  constants  of  the  complexes  Kln  =  [Cu(NH3)*j/ 
[Cu+][NH3]n  (n  =  1  to  2)  and  K2n  =  [Cu(NH3)J;  +]/[Cu*  +][NH3] "  (n 
=  1  to  5).  Equilibrium  for  the  corrosion  reaction,  in  which  cupric  ions 
oxidize  copper  metal 


Cu+*  +  Cu  =  2Cu+  (3) 

is  reached  when  the  ratio  between  the  activities  of  the  uncomplexed 
species,  [Cu++]/[Cu+]2,  equals  the  equilibrium  constant  K,  whose 
value  at  25<’C  is  1.2  x  106.’9 

In  uncomplexed  solutions,  ii  the  concentration  of  Cu*  +  ions  is 
0.1  M.theCu*  concentration  is  [Cu*]  =  ([Cu**]/K)os  =  2.9  x  10~4 
M,  and  its  equilibrium  potential  will  be  310  mV.  In  aqueous  ammonia, 
however,  for  example,  5  M,  if  the  total  copper  in  solution  is  0.02  M, 
at  equilibrium  only  about  5.5  x  10“7  M  will  be  in  the  divalent  form, 
and  the  concentration  of  the  uncomplexed  form,  [Cu  *  *  ],  is  9  x  1 0~22 
M,  while  [Cu+]  is  2.7  x  10“14  M.  Therefore,  the  equilibrium  potential 
is  280  mV.  One  can  see  that  Reaction  (3)  is  completely  shifted  to 
the  right:  Copper  immersed  in  a  cupric-ammonia  solution  will  corrode 
with  the  formation  of  cuprous  ions. 

Kinetics 

Reactions  (1)  and  (2)  have  been  traditionally  supposed  to  be 
very  fast,  so  they  have  been  assumed  to  be  in  equilibrium  at  the  metal 
solution  interface  even  when  copper  is  rapidly  corroding.20  Such  an 
assumption  led  to  good  agreement  between  experimental  corrosion 
rates  and  those  calculated  on  the  basis  of  transport  control.2’ 
However,  for  a  more  detailed  understanding  of  the  electrochemical 
processes,  it  would  be  desirable  to  have  quantitative  data  on  the 
charge-transfer  kinetics  of  the  two  reactions.  Unfortunately,  pub¬ 
lished  data  on  this  are  very  sparse.22 

In  uncomplexed  solutions.  Reaction  (2)  is  slower  than  (1).  so  as 
to  be  kinelically  determining.23  This  is  probably  the  case  in  aqueous 
ammonia  as  well,  possibly  because  cuprous  and  cupric  ions  have  a 
different  number  of  ammonia  ligands,  and  the  redox  reaction  requires 
a  rearrangement  of  the  solvation  shell.  For  Reaction  U).  it  is  unlikely 
that  the  rate-determining  step  ^rds)  is  the  same  as  in  uncomplexed 
solutions,  involving  only  Cu  ‘ ,  since  its  concentration  is  so  small.  The 
rds  probably  can  be  written  as 


Cu  +  nNH3  =  [Cu(NH3)K1  +  e’  (4) 

but  the  reaction  oidei,  n,  is  unknown.  We  will  mention  here  that  some 
potentiodynamic  measurements  of  the  anodic  curient  density  of 
copper  m  pure  aqueous  ammonia  of  different  concentrations  have 
been  conducted  in  our  laboratory.  Major  obstacles  to  obtaining  good 
results  were  the  poor  conductivity  of  the  solutions  and  the  difficulty  in 
eliminating  oxygen.  The  results  showed  that  the  rate  of  Reaction 
was  transport  controlled  in  the  range  investigated,  making  it  impos 
sible  to  determine  the  reaction  order  of  ammonia  in  the  rds.  Only  a 
lower  limit  tor  the  rate  constant  could  be  established.  K  cannot  be  less 
than  1  ms,  otherwise  deviations  from  diffusion  control  would  have 
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been  detected.  No  kinetic  data  for  Reaction  (2)  are  available; 
however,  considering  that,  at  equilibrium,  the  ratio  of  the  concentra¬ 
tion  of  Cu++  to  Cu*  ranges  between  10~4  and  10-s,  even  if  the 
cathodic  overvoltage  at  a  corroding  copper  surface  were,  say,  120 
mV,  the  Cu**  concentration  at  the  interface  would  still  be  very  low. 
This  would  affect  the  electrode  potential 


Zn* *  is  in  the  0.1  M  range.  The  electrode  reaction  should  be  written 
as  follows: 

Zn  +  (4a+3(5)OH-  4*  47NH3  — 

(1-a-p— y)Zn**  +  -yZn(NH3)J*  +  aZnO“  +  pHZnOJ 


Cu+ 

(Cu* 


+ 


(5) 


which  depends  on  the  Cu**/Cu*  ratio,  but  not  the  corrosion  rate, 
which  depends  on  the  concentration  gradients.  The  concentration 
profiles  during  the  corrosion  of  copper  in  cupric-ammonia  solutions 
can  then  be  schematized  as  in  Figure  2,  with  the  concentration  of 
Cu  *  at  the  metal  surface  roughly  double  that  of  Cu  *  *  in  the  bulk  and 
zero  in  the  bulk  solution,  while  the  Cu**  concentration  is  close  to 
zero  at  the  metal  surface. 

Figure  2  illustrates  the  fact  that  the  corrosion  of  film-free  copper 
in  the  oxygenated  solutions  is  under  limiting  current  conditions,  so  the 
corrosion  rate  is  proportional  to  the  concentration  of  Cu  *  *  in  the  bulk 
solution.  This  accounts  for  the  linear  portion  of  Figure  1(a).  Figure  2 
also  illustrates  the  mam  role  of  oxygen  in  the  process,  which  is  to 
oxidize  to  Cu  *  *  the  Cu  *  ions  diffusing  away  from  the  metal  surface. 
This  reaction  occurs  within  the  diffusion  layer,  with  the  interesting 
consequence  that  oxygen,  normally  the  cathodic  reactant,  does  not 
contact  the  surface  in  solutions  containing  significant  concentrations 
of  Cu*  *  It  will  be  seen  below  that  the  presence  of  Cu  *  within  cracks 
eliminates  oxygen  in  similar  fashion.  Note  also  in  Figure  2  that  the 
concentration  of  Cu**,  the  primary  cathodic  species,  can  rapidly 
increase  outside  the  diffusion  layer  during  the  corrosion  process. 
Since  the  reduction  of  cupric  ion  generates  two  cuprous  complexes, 
which  in  turn  react  with  oxygen  to  generate  the  cupric  complexes,  the 
process  has  been  termed  autocatalytic  24  It  should  also  be  noted  that 
the  concentration  of  the  cupric  complexes  can  attain  values  many 
times  greater  than  that  of  oxygen,  which  is  limited  by  its  solubility  in 
the  aqueous  phase. 


FIGURE  2-Schomatlc  view  of  the  diffusion  layer  for  the  corro¬ 
sion  of  copper  In  oxygenated  cupric  ammonia. 


Effects  of  alloying 

The  presenco  of  zinc  in  a  brass  does  not  substantially  change 
tho  description  of  the  electrochemical  behavior.  Zinc  also  forms 
stable  and  soluble  ammonia  complexes;  as  far  as  solubility  is 
concerned,  only  at  pH  around  13  may  ZnO  precipitate  from  solutions 
containing  more  than  10-3  M  Zn**.  At  pH  =  12,  the  solubility  of 


+  (2a+P)H20  +  2e“  (6) 

Given  the  low  nobility  of  zinc  and  its  relatively  fast  electrode 
kinetics  in  ammonia, 25,26  the  generally  held  opinion  that  the  corrosion 
of  brass  is  qualitatively  similar  to  that  of  copper  is  quite  reasonable. 
The  quantitative  differences  are  mainly  due  to  a  smaller  Cu* 
concentration  at  the  electrode  than  for  pure  copper  for  the  same 
corrosion  rate,  as  stoichiometry  dictates. 


Film  formation 

During  the  corrosion  process,  the  Cu**  concentration  will 
increase  until  the  solubility  of  Cu20  at  the  metal  surface  is  exceeded 
and  a  film  is  formed.  As  illustrated  in  Figure  2,  the  concentration  of 
Cu*  is  greatest  at  the  surface,  approximately  twice  that  of  the  Cu  *  * 
in  the  bulk  Studies  have  indicated  that  the  tarnish  formation  process 
is  a  three-stage  process: 

(1)  The  formation  of  a  thin  (<-  20  nm)  protective  film  of  Cu20, 

(2)  Local  breakdown  of  the  thin  film  at  anodic  sites,  leading  to  rapid 

attack  at  these  sites  and  the  growth  by  precipitation  of  a  thick 

porous  layer  of  Cu20  (the  "tarnish  layer");  and 

(3)  The  formation  of  an  outer  layer  of  CuO. 

The  first  two  steps  of  this  process  were  originally  suggested  by 
Jenkins  and  Durham  on  the  basis  of  film  growth  studies  on  copper 
and  Cu-30Zn  in  15  M  aqueous  ammonia.27  However,  the  ellipso- 
metry  study  of  Green,  et  a!.,  in  15  M  aqueous  ammonia  with  8  g/L  of 
dissolved  copper  did  not  indicate  the  formation  of  a  thin  protective 
layer  as  the  initial  step.28  Later,  Cheng2'  studied  the  kinetics  of  film 
growth  on  copper  and  Cu-Zn  alloys  in  a  1  M  aqueous  ammonia 
solution,  where  the  kinetics  are  slower,  and  he  found  that  the  original 
view  of  Jenkins  and  Durham27  was  essentially  correct.  That  is,  he 
found  that  (1)  initially  a  thin  protective  film  formed  and  grew  to  a 
limiting  thickness  of  about  10  nm  for  pure  copper  and  abcut  20  nm  for 
Cu-Zn  alloys,  (2)  the  kinetics  of  film  growth  were  faster  for  the  Cu-Zn 
alloys,  and  (3)  the  rate  of  film  growth  and  breakdown  increased  with 
increasing  copper  content  of  the  solution.  Prolonged  exposure  to  the 
tarnishing  solution  results  in  the  formation  of  an  outer  layer  of  CuO  on 
the  tarnish  layer  and  eventually  x-ray  diffraction  reveals  the  presence 
of  CuO  only  in  the  tarnish  layer.20  During  this  process,  the  corrosion 
potential  undergoes  a  noble  shift,  with  the  final  values  in  the  regions 
of  stability  of  Cu20  and  CuO.2'  The  thick  layer,  which  is  porous  and 
relatively  poorly  protective,  Is  commonly  termed  the  tarnish.  The 
onset  of  tarnishing  causes  the  reduction  in  the  corrosion  rate,  as 
illustrated  in  Figure  1(a),  and  results  in  the  corrosion  potential 
becoming  more  positive,  indicating  that  the  Cu**  activity  at  the 
interface  has  increased  and  that  the  corrosion  process  is  no  longer 
under  transport  control.  The  tarnish  film  was  earlier  believed  to  play 
a  key  role  in  the  propagation  of  IGSCC,30  but  the  work  of  Holdt  and 
his  colleagues3'  demonstrated  that  the  thin  passive  film  is  present  at 
the  crack  tip  and  that  the  thick  tarnish  is  formed  at  some  distance 
behind  the  advancing  tip.  While  this  observation  eliminated  any  major 
role  for  the  thick  tarnish  film  in  crack  propagation,  it  does  not  preclude 
its  role  in  crack  initiation. 

The  difference  between  the  structure  of  the  tarnish  film  formed 
at  a  surface  accessible  to  the  cupric-ammonia  complexes  and  that  at 
the  crack  tip  may  be  related  to  differences  in  the  generation  of 
cuprous  ions.  On  the  outside.  Cu*  at  the  interface  is  provided  both 
by  Reaction  (1')  going  anodically,  possibly  forming  Cu20  by  a 
solid-state  process,  and  Reaction  (2‘)  proceeding  cathodically.  The 
reduction  of  Cu  *  *  might  have  a  tendency  to  occur  on  the  points  of 
the  oxide  film  protruding  into  the  solution,  where  Cu  *  *  transport  is 
easier,  rather  than  closer  to  the  metal,  since  Cu20  is  a  good 
electronic  conductor.  Therefore,  during  the  growth  of  the  tarnish 
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layer,  the  anodic  and  cathodic  parts  of  the  corrosion  reaction  might 
separate  in  space,  occurring  on  the  opposite  sides  of  the  oxide  film, 
contributing  to  its  loose  and  porous  structure.  Close  to  the  crack  tip, 
only  the  anodic  process  is  available  for  film  formation,  since  copper 
in  solution  is  almost  completely  in  the  monovalent  form. 

It  should  be  noted  that  the  concentration  of  copper  in  laboratory 
test  solutions  at  which  the  onset  of  tarnishing  occurs  depends  on  the 
method  of  preparation  The  so-called  preconcentrated  solutions  used 
in  Figure  1  were  prepared  by  dissolving  copper  powder  in  oxygen¬ 
ated  ammonia.  In  such  solutions,  the  only  anion  is  OH",  and  their  pH 
is  higher  than  that  of  solutions  prepared  by  dissolving  a  neuiral  salt 
such  as  Cu(N03)2  In  more  alkaline  solutions,  the  solubility  product  of 
Cu20  is  reached  at  lower  Cu+  concentrations.  In  solutions  prepared 
with  oxygen,  saturation  with  respect  to  Cu20  may  be  reached  at 
concentrations  4  to  5  times  lower  than  those  prepared  from  Cu(N03)2, 
since  their  pH  can  be  1  unit  greater  To  illustrate  this  point,  Figure  3 
shows,  as  a  function  of  the  total  copper  in  solution,  the  total 
concentration  of  cuprous  ions  in  equilibrium  with  the  metal  and  the 
concentration  of  Cu+  ions  at  saturation  for  the  two  methods  of 
solution  preparation-  (1 )  dissolution  of  copper  metal  by  oxidation  with 
oxygen  followed  by  equilibration  with  copper  metal  and  (2)  dissolu¬ 
tion  of  half  the  copper  as  a  neutral  cupric  salt,  again  followed  by 
equilibration  with  the  metal,  both  calculated  for  a  13  M  aqueous 
ammonia  solution.  The  maximum  amount  of  copper  in  solution  is 
quite  different  in  the  two  cases.  It  should  be  pointed  out  that,  in 
practice,  the  oxygen  present  in  solution  (or  slowly  leaking  into  the 
cell)  is  continually  reduced,  causing  an  increase  of  copper  in  solution 
as  well  as  an  increase  in  pH.  Formation  of  Cu20,  therefore,  might  be 
expected  at  concentrations  intermediate  between  the  two  limiting 
values. 


Aqueous  ammonia  13  mol/L 


FIGURE  3— Total  concentration  of  Cu*  In  equilibrium  with 
copper  metal  and  saturation  linos  with  respect  to  Cu20,  for 
different  methods  of  preparation  of  the  solution. 


SCC  Behavior  of  Brass/Ammonia  System 

This  section  is  divided  into  two  main  parts.  In  the  first,  the  status 
ot  our  knowledge  of  SCC  of  Cu-Zn  alloys  In  aqueous  ammonia  at  the 
timo  of  the  most  recent  review  of  this  subject  by  one  of  the  authors 
(1979)  will  be  surveyed  briefly.  For  more  details,  the  reader  is 
directed  to  the  earlier  reviews.'-3  In  the  second  part  of  this  section, 
the  results  of  experiments  that  have  been  conducted  since  the  time 
of  the  last  review  that  have  influenced  our  thinking  on  the  SCC 
behavior  of  this  system  are  presented.  Then,  the  significance  of  these 
results  on  our  understanding  of  the  mechanisms  of  SCC  of  these 
alloys  will  be  discussed  in  the  section  “Discussion." 


Summary  of  earlier  work 

Experimental  results  reviewed  previously  showed  the  strong 
dependence  of  the  SCC  behavior  on  copper  content  in  solution.  For 
example,  Figure  1(b)  shows  early  data  for  thin  sheet  specimens  of 
annealed  Cu-30Zn,  tested  under  constant  load  at  open  circuit.’5 
These  data  indicate  that  (1)  a  minimum  copper  content  is  necessary 
for  cracking,  (2)  time-to-failure  decreases  markedly  with  increasing 
dissolved  copper,  and  (3)  the  path  of  cracking  undergoes  a  transition 
from  transgranulai  to  intergranular  at  the  onset  of  tarnishing.  As 
noted  above,  copper  was  present  in  solution  as  cupric  complexes, 
and  observations  (1)  and  (2)  led  understandably  to  the  proposal  that 
the  complex  ions  play  a  major  role  in  crack  propagation.32  However, 
later  studies  established  that  the  complexes  simply  provide  the 
cathodic  reaction  for  the  corrosion  to  run  at  a  sufficient  rate. 
Therefore,  cracking  can  be  produced  in  the  absence  of  the  cupric 
ions  by  applying  an  anodic  current.33  The  simple  correlation  between 
crack  path  and  the  presence  or  absence  of  the  tarnish  assumed  in  (3) 
was  found  not  to  be  totally  valid.  Failure  of  Cu-30Zn  is  transgranular 
in  nontarnishing  solutions,  but  cracking  in  tarnishing  solutions  can  be 
either  intergranular  or  transgranular,  depending  on  factors  such  as 
crack  length,  stress  intensity,  strain  rate,  and  gram  size.  Transgran¬ 
ular  cracking  has  been  observed  in  tarnishing  solutions  for  heavily 
cold-worked  samples,34  in  admiralty  metal,35-37  and  a  transition  from 
intergranular  to  transgranular  is  observed  with  increasing  crack 
length.38-40 

In  nontarnishing  solutions,  crack  propagation  can  be  either 
intergranular  or  transgranular  depending  on  the  zinc  content  of  the 
alloy,  being  intergranular  for  zinc  contents  less  than  18%  and 
transgranular  for  zinc  contents  above  this  value.  The  slip  character  of 
the  alloy  and  the  dislocation  structure  also  varies  with  zinc  content, 
with  wavy  slip  and  cellular  dislocation  arrays  being  observed  at  low 
zinc  contents  and  planar  slip  with  the  formation  of  persistent  slip 
bands  being  observed  in  the  higher  zinc  content  alloys,  and  this  may 
be  responsible  for  the  change  in  crack  path.  However,  recent 
evidence  suggests  that  the  percolation  threshold  for  dealloying  of 
Cu-Zn  alloys  is  in  the  same  range  of  zinc  content;  this  may  be  a 
critical  factor  in  this  transition.4' 

Probably  one  of  the  most  important  observations  made  in  the 
1960s  and  1970s  was  that  the  transgranular  fracture  surfaces  were 
cleavage-like  in  appearance,  with  linear  features  resembling  fatigue 
striations.  McEvily  and  Bond  examined  replicas  of  fracture  surfaces 
in  the  transmission  electron  microscope  and  found  that  these  linear 
features  were  (1)  pa.allel  and  remained  so  over  dimensions  much 
greater  than  the  grain  size,  (2)  were  perpendicular  to  the  direction  of 
crack  propagation,  and  (3)  occurred  at  different  stress  levels.30  They 
concluded  that  these  features  vero  the  result  of  discontinuous  crack 
propagation  and  plastic  blunting  of  the  crack  when  it  arrests,  in 
accordance  with  the  earlier  surface'  trace  studies  of  Edeleanu,42  and 
Edeleanu  and  Forty,30  as  illustrated  in  Figure  4.  Those  investigators 
observed  that  the  crack  tip  remained  stationary  for  some  time,  as 
shown  in  Figure  4(a),  after  which  a  thin  crack  was  observed  to  extend 
past  the  crack  tip  some  distance,  marked  Ax*  in  Figure  4(b),  which 
then  widened  as  the  crack  blunted,  as  shown  in  Figure  4(c).  For  an 
average  time  (At*)  between  crack  propagation  events,  the  crack 
propagation  velocity  would  be 

da/dt  =  Ax*/At*  (7) 

Because  of  the  importance  of  these  observations  to  the  understand¬ 
ing  of  the  mechanisms  of  crack  propagation,  numerous  Investigators 
have  examined  transgranular  fracture  surfaces  over  the  last  10 
years;  their  results  will  be  discussed  below. 

Results  of  recent  studies 

Characterization  of  the  nature  of  crack  propagation.  Beggs, 
et  al.,44  confirmed  the  results  of  Edeleanu  and  Forty43  on  discontin¬ 
uous  crack  advance  and  demonstrated  that  the  crack  advance 
observed  optically  corresponded  to  the  detection  of  a  discrete 
acoustic  pulse.  Beavers37  reported  that  the  acoustic  activity  that 
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accompanied  transgranular  crack  propagation  in  admiralty  metal 
consisted  of  discrete  pulses  of  approximately  1  ms  duration,  includ¬ 
ing  ringdown  time,  indicating  discrete  crack  propagation  events  of 
approximately  1  ps  duration.  Newman  and  Sieradzki45  showed  that 
electrochemical  current  transients  also  occurred  within  1  ms  of  the 
acoustic  transients  and  that  the  magnitude  of  the  transients  was 
consistent  with  the  crack  advance  distances  measured  on  the 
fracture  surfaces  Finally,  the  application  of  load  pulses  to  mark  the 
location  of  the  crack  tip  at  discrete  time  intervals40  confirmed  the 
discontinuous  nature  of  crack  propagation  and  allowed  the  shape  of 
the  crack  front  to  be  determined  This  showed  that  the  linear  features 
originally  reported  by  McEvily  and  Bond42  are  crack-arrest  markings, 
as  these  authors  postulated. 


FIGURE  4— Schematic  of  the  successive  events  that  occur 
during  the  propagation  of  transgranular  stress  corrosion  cracks: 
(a-c)  section  through  crack  tip,  (d-f)  plan  view,  (a)  and  (e) 
Indicate  crack  advance  distance  per  propagation  event  (Ax*). 

The  results  of  the  fractographic  studies  have  been  reviewed 
recently46'47  and  will  be  summarized  here.  Transgranular  fracture 
surfaces  have  been  found  to  be  cleavage-like  in  appearance, 
consisting  of  flat,  parallel  primary  facets  separated  by  steps  that,  at 
low  stress  intensities,  are  also  crystallographic  in  nature.  This  is 
schematically  illustrated  in  Figure  5,  where  the  primary  facets  are 
{110}  planes  and  the  steps  are  {111}  planes.37-49  It  has  been  shown 
also  that  opposite  sides  of  the  fracture  surfaces  match  precisely,  that 
the  steps  between  the  fracture  facets  are  approximately  perpendic¬ 
ular  to  the  direction  of  crack  propagation,  that  the  steps  radiate  out 
from  the  initiation  site  as  indicated  in  Figures  4(d)  through  (f),  that 
river  patterns  form  when  the  crack  crosses  a  grain  boundary,  and  that 
undercutting  occurs  at  the  steps.46-47  Typically,  the  crack  advance 
distances  observed  on  the  transgranular  Iracture  surfaces  of  Cu- 
30Zn  tested  in  aqueous  ammonia  are  of  the  order  of  1  pm,  with  a  time 
interval  of  about  10  s  between  successive  crack  advance  events. 


[110] 


FIGURE  5— Schematic  of  the  features  observed  on  a  transgran¬ 
ular  SCC  fracture  surface. 


SCC  In  equilibrated  solutions.  A  recent  development  in  SCC 
studies  for  brass  has  been  the  observation  of  TGSCC  in  solutions  of 


equilibrium  composition  with  respect  to  copper.10-41  Since  copper  is 
not  anodically  attacked  in  these  solutions,  dissolution-based  models 
of  SCC  would  not  predict  cracking  in  these  conditions.  The  solutions 
were  prepared  by  adding  excess  copper  powder  and  allowing  it  to 
react  in  the  absence  of  oxygen  until  Reaction  (3)  reaches  equilibrium. 
The  justification  for  using  such  solutions  is  based  on  the  realization 
that,  because  of  the  relatively  fast  kinetics  of  Reactions  (1)  and  (2), 
the  solution  in  contact  with  the  bare  metal  is  always  close  to 
equilibrium  composition.  It  is  then  reasonable  to  assume  that  the 
same  conditions  exist  inside  a  crack,  where  a  small  amount  of 
solution  is  in  contact  with  a  large  metal  surface.  Because  of  the 
relatively  high  resistance  of  the  solution  that  electrically  connects  the 
tip  of  the  crack  to  the  exterior,  the  external  conditions  have  only  a 
minor  influence  on  the  electrochemical  processes  at  the  tip.  There¬ 
fore,  it  is  not  surprising  that  cracking  will  occur  in  a  similar  fashion 
both  in  equilibrated  and  nonequilibrated  solutions. 

Kaufman  and  Fink  have  also  conducted  experiments  in  equili¬ 
brated  solutions,  but  they  were  unable  to  observe  TGSCC.49-50  The 
solution  used  by  these  investigators  was  prepared  from  a  0.13  M 
cupric  solution  in  nominally  15  M  aqueous  ammonia  and  after 
equilibration  with  copper  metal  should  have  contained  at  least  0.25  M 
copper.  If  some  atmospheric  oxygen  had  to  be  scavenged,  the 
concentration  of  Cu+ -ammonia  complexes  might  have  been  some¬ 
what  higher.  Comparison  with  the  curves  in  Figure  3  shows  that  the 
solution  might  have  been  saturated  with  respect  to  Cu20,  particularly 
if  the  pH  had  become  slightly  higher  than  the  value  calculated,  which 
does  not  account  for  the  reduction  of  any  oxygen.  The  formation  of 
a  thin  Cu20  layer  might  have  been  very  difficult  to  detect  (no  thick 
tarnish  would  be  expected  in  these  marginal  conditions)  but  might 
have  prevented  crack  initiation  or  otherw.se  interfered  with  the 
cracking  process. 

More  recently,  Shahrabi51  conducted  constant-strain  tensile 
tests  in  carefully  controlled,  copper-equilibrated  solutions  at  various 
concentrations.  By  including  sensor  electrodes  in  his  experiment,  the 
cupric  ion  concentration  could  be  measured,  and  it  was  demon¬ 
strated  that  the  solutions  were  indeed  at  equilibrium.  TGSCC  was 
observed  at  potentials  ranging  from  slightly  anodic  to  slightly  cathodic 
of  equilibrium,  but  as  the  copper  concentration  of  the  solutions 
increased  and  approached  those  used  by  Kaufman  and  Fink,  the 
time-to-failure  and  the  load  required  to  cause  crack  propagation 
increased,  indicating  that  crack  initiation  and/or  piopagation  is  more 
difficult  in  these  environments.  These  results  have  demonstrated  that 
not  only  is  dissolution  of  copper  not  required  for  crack  propagation, 
but  that  crack  initiation  and  propagation  can  occur  under  conditions 
of  copper  deposition,  suggesting  that  the  only  anodic  process 
contributing  to  cracking  is  dissolution  of  zinc  from  the  alloy. 

Experimental  observations  of  embrittlement.  Some  of  the 
recent  advances  have  come  from  studies  on  alloys  other  than  brass. 
An  example  Is  Cu-Au  alloys,  which  have  close  structural  similarities 
with  a-brass.  From  the  chemical  point  of  view,  copper  Is  the  base 
metal,  corresponding  to  zinc  In  brass,  while  gold  takes  the  place  of 
copper  as  the  noble  metal.  In  the  1950s,  Bakish  and  Robertson52'54 
studied  various  aspects  of  the  corrosion  bohaviorof  Cu3Au  alloys.  In 
the  course  of  these  studies,55  thin  slices  of  annealed  Cu3Au  single 
crystals  were  exposed  to  a  FeCI3  solution  for  a  month.  When  these 
samples  were  bent  normal  to  the  {110}  plane  in  air,  they  exhibited 
brittle  behavior,  with  what  appeared  to  bo  cleavage  on  the  (110) 
plane  and  cleavage  steps  that  followed  the  (ill)  slip  planes.  Bakish 
concluded  that  the  samples  had  become  chomicaily  embrittled  by  the 
dissolution  of  copper  from  the  {110}  planes  and  the  formation  of  a 
gold-rich  sponge  on  those  planes.  Renewed  interest  in  this  alloy 
system  led  Lichtsr  and  coworkers56'59  to  undertake  a  detailed  study 
of  the  TGSCC  of  Cu-Au  alloys.  Their  observations  have  contributed 
significantly  to  our  understanding  of  the  mechanism  of  TGSCC. 

Lichter,  et  al.,59  found  that  the  transgranular  fracture  surfaces 
generated  during  SCC  of  ordered  and  disordered  Cu-Au  are  essen¬ 
tially  identical  to  those  that  form  during  transgranular  cracking  of 
brass  In  ammonia.  The  fractures  appeared  to  occur  by  discontinuous 
cleavage  with  {1 10}-type  cleavage  facets,  {1 1 1}-type  cleavage  steps, 
and  crack-arrest  marks  perpendicular  to  the  direction  of  crack 
growth.  They  found  that,  for  the  sample  size  and  exposure  time  used 
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by  Bakish,55  copper  had  been  completely  removed  by  the  FeCI3 
solution,  so  the  entire  sample  had  been  converted  to  a  dealloyed 
sponge  On  bending,  they  found  that,  while  the  samples  were 
macroscopically  brittle,  the  facets  formed  were  perpendicular  to  the 
loading  axis  and  not  crystallographic,  that  the  steps  on  the  surfaces 
of  the  fractures  were  not  crystallographic,  and  that  the  fractures 
occurred  by  ductile  failure  ot  the  remaining  gold  filaments  in  the 
sponge-like  structure  More  importantly,  they  exposed  samples  to  the 
FeCI3  solution  for  a  shorter  time,  so  that  only  a  thin  surface  layer 
about  30  urn  thick  was  dealloyed.  On  bending  these  samples, 
macroscopically  ductile  behavior  was  observed,  but  numerous 
"brittle"  cracks  perpendicular  to  the  loading  axis  we  re  observed.  On 
cross  sectioning  through  these  cracks,  it  was  found'that  most  of  them 
terminated  at  the  boundary  between  the  dealloyed  sponge-like  layer 
and  the  unattacked  alloy;  however,  several  of  these  cracks  propa¬ 
gated  up  to  20  ixm  into  the  unattacked  and  normally  ductile  alloy. 
Careful  microprobe  analysis  of  cross-sectioned  cracks  indicated  that 
dealloying  had  not  occurred  on  the  fracture  plane  beyond  the 
30-pm-thick  surface  dealloyed  layer  and  that  fracture  did  not  occur 
along  a  dealloyed  plane  but  penetrated  into  the  unaffected  matrix. 

More  recently,  Fritz,  et  al.,60  conducted  SCC  experiments  on  a 
Cu-1 8at%Au  alloy  in  a  1  N  Na2S04  0.01  N  H2S04  solution,  which  had 
been  shown  to  cause  TGSCC  of  this  alloy.59  Fritz,  et  al.,  dealloyed 
unstressed  samples  at  one  potential,  then  switched  to  a  second 
potential  and  applied  a  load  to  the  sample.  They  found  that  cracks 
propagated  beyond  the  dealloyed  layer  only  if  the  second  potential 
was  in  the  range  where  copper  dissolution  occurs,  and  that  the 
cracks  always  stopped  before  or  at  the  dealloyed  layer-unaffected 
matrix  interface  when  the  second  potential  was  at  a  value  where  little 
or  no  copper  dissolution  occurs.  They  concluded  that  dissolution  of 
the  less  noble  metal,  copper,  is  required  for  stress-corrosion  crack 
propagation,  and  that  the  cracks  observed  to  propagate  beyond  the 
dealloyed  layer56  were  due  to  either  (1)  crack  propagation  in  the 
FeC!3  solution  prior  to  bending  because  of  residual  stresses  in  the 
sample,  (2)  crack  propagation  during  bending  because  of  incomplete 
removal  of  the  FeCI3  solution  from  the  sponge  layer,  or  (3)  a 
difference  between  the  alloys  examined  (Cu-1 8at%Au  vs  Cu-25at%Au 
used  by  Lichter). 

The  recent  experiments  of  Newman,  et  al.,"  may  help  in 
reconciling  the  apparent  discrepancies  between  the  results  reported 
above.  These  investigators  tested  samples  of  a  12.5-pm-thick  brass 
foil  by  pulling  them  to  failure  in  different  environments  after  different 
pre-exposure  treatments.  They  found  that  the  pre-exposure  and  test 
environment  influenced  the  fracture  morphology.  Figure  6  is  a  flow 
chart  of  the  7  different  experiments  conducted  by  these  investigators, 
with  the  fracture  morphology  (ductile  vs  cleavage-like)  that  resulted 
from  each  experiment.  First,  these  investigators  demonstrated  that 
the  rapid  straining  of  the  brass  foil  in  air  at  room  temperature  or  at 
775K  results  in  ductile  fracture  (experiments  6  and  7  in  Figure  6)  and 
that  rapid  straining  in  IS  M  NH3  +  0.04  M  Cu(NH3)|  *  rosults  in  brittle 
cleavage-like  fracture  (oxporiment  1  in  Figure  6).  By  analogy  with  the 
results  of  Lichter  and  his  coworkers,56'59  one  would  assume  that 
pro-exposure  to  this  solution,  which  causes  dealloying  and  brittle 
fracture,  followed  by  testing  in  air,  would  be  all  that  is  required  to 
induce  brittle  cleavage,  but  this  was  not  the  case.  Instead,  after 
rinsing  in  mothanol  and  drying  in  air  at  room  temperature,  the  fracture 
behavior  at  both  room  temperature  and  at  77T<  was  ductile.  This 
would  seem  to  refute  the  role,  if  any,  of  a  dealloyed  layer  in  nucleating 
a  fracture  event  that  propagates  into  the  unattacked  matrix.  However, 
those  investigators  took  a  sample  out  of  the  ammonia  solution  and 
Immediately  quenched  it  in  liquid  nitrogen  and  pulled  it  at  775K.  This 
sample  failed  by  brittle  cleavago  (exporimont  4  In  Figure  6).  Since 
earlier  experiments  had  demonstrated  that  cooling  at  775K  does  not 
induce  brittle  fracture  in  this  alloy  (experiments  6  and  3  in  Figure  6), 
and  since  the  surface  of  the  sample  would  not  bo  wet  at  775K, 
Newman,  et  al,."  concluded  that  they  had  demonstrated  that  a 
dealloyed  layer  less  than  100  rim  thick  could  Induce  cleavage 
propagation  over  several  pm,  but,  since  cleavago  was  not  observed 
in  the  room-temperature  experiments  (experiments  2  and  5  in  Figure 
6),  they  concluded  that  exposure  at  room  temperature  to  conditions 
that  do  not  cause  dealloying  rosults  in  room-temperature  "aging"  of 
the  dealloyed  film  such  that  the  film  can  no  longer  nucleate  cleavage. 


TGSCC  of  pure  copper.  One  of  the  most  important  experimen¬ 
tal  results  of  the  last  10  years  is  the  observation  of  TGSCC  in  pure 
copper.6'9  A  thorough  study  of  the  conditions  leading  to  SCC  in  pure 
copper  was  recently  conducted  by  Cassagne.8  He  observed  TGSCC 
in  nitrite  solutions,  but  also  in  acetate,  confirming  previous  reports.61 
The  presence  of  an  oxide  film  was  found  to  be  necessary  for 
cracking,  so  that  in  acetate  solutions  no  SCC  was  observed  at  pH  = 
3,  where  no  oxide  forms.  Cracking  was  also  dependent  on  electrode 
potential  and  strain  rate,  indicating  that  when  the  strain  rate  is  too  fast 
(thus,  decreasing  the  time  available  for  film  growth),  and  the  potential 
is  too  negative  (thus  reducing  the  driving  force  for  oxide  formation), 
brittle  fracture  does  not  occur.  Figure  7  shows  potentiodynamic 
scans  obtained  in  copper  acetate  at  two  pHs.  Cracking  was  observed 
only  in  conditions  where  oxide  formation  was  detected  as  indicated 
by  the  anodic  current  increase  and  by  the  existence  of  a  reduction 
peak  in  the  cathodic  scan.  The  oxide  growth  process  was  investi¬ 
gated  by  ellipsometry  in  the  two  solutions  in  which  TGSCC  was 
observed,  namely  0.1  M  sodium  acetate  at  pH  =  5.5,  and  1  M  sodium 
nitrite  at  pH  =  9.  Initially,  a  thin  Cu20  film  (1  nm  or  less)  was  found 
to  form  in  both  solutions,  but  subsequently  the  film  breaks  down  by 
micropitting,  and  this  is  followed  by  the  formation  of  a  thick  porous 
tarnish  layer,  several  tens  of  nm  thick.  Based  on  his  results, 
Cassagne  concluded  that  it  is  not  the  formation  of  the  initial  thin  film, 
but  rather  the  breakdown  of  this  film  that  is  important  for  the  initiation 
of  the  brittle  crack.8 

Modeling  of  crack  chemistry.  A  possible  explanation  for  the 
occurrence  of  TGSCC  in  otherwise  very  ductile  alloys  such  as  brass 
and  Au-Cu  could  be  hydrogen  embrittlement.  Such  an  explanation  is 
attractive  in  that  it  can  account  for  the  observed  kinetics  of  cracking. 
Thus,  for  Cu-30Zn,  the  diffusivity  of  hydrogen  required  to  account  for 
the  embrittlement  to  a  depth  of  1  nm  ahead  of  the  crack  tip  in  10  s 
is  10  9  cm*/s,  a  reasonable  extrapolation  from  high-temperature 
diffusion  data.  One  can  speculate,  therefore,  that  cathodically 
generated  hydrogen  is  absorbed  at  the  crack  tip  and  produces  a 
hydrogen-containing  zone.  The  crack,  once  initiated,  propagates 
through  this  zone  and  arrests  when  it  emerges  into  the  hydrogen-free 
lattice.  The  process  is  then  repeated. 

Hydrogen  discharge  is  made  credible  because  selective  disso¬ 
lution  of  the  less  noble  metal  at  the  fresh  surface  immediately 
following  crack  advance  is  expected  to  produce  a  transient  decrease 
in  potential,  well  below  the  values  measured  in  steady-state  condi¬ 
tions.  The  potential  would  then  return  to  the  prior  value  as  dealloying 
becomes  limited  by  solid-state  diffusion.  Evidence  for  periodic 
potential  transients,  correlated  to  the  acoustic  signals  caused  by  the 
crack  advance,  has  been  reported.45  Also,  if  75Cu-25Au  alloy  is 
abraded  with  emery  paper  and  rapidly  immersed  in  FeCI3,  the 
potential  shows  an  initial  minimum  of  about  400  mV  vs  NHE  and  then, 
In  less  than  a  second,  returns  to  its  steady-state  value  of  about  700 
mV.6* 

When  tho  crack  advances,  frosh,  undealloyed  surface  is  ex¬ 
posed  to  the  solution.  In  the  case  of  TGSCG  of  brass  in  aqueous 
ammonia,  thv  cathodic  reaction  involves  the  deposition  of  copper 
according  to  Equation  (1 ),  while  the  surface  zinc  anodically  dissolves 
according  to  Equation  (6).  In  the  case  of  Cu-Au  alloys,  copper  is  tho 
base  metal  that  is  anodically  oxidized  to  CtT.  while  gold  is  not 
attacked  at  the  potentials  of  interest.  Since  the  typical  solution  for 
TGSCC  studies  of  Cu-Au  alloys  is  acidic  FeCI3,  copper  dissolves 
according  to  the  reaction 


Cu  +  (p+2y+35)C|-  = 
oCu*  +  |5CuCI  +  ■yCuClj  +  SCuCtJ '  +  e~ 
(a  +  P+y+5  =  1) 


(8) 


In  the  presence  of  FeCI3,  which  maintains  the  potential  ol  the  metal 
at  a  fairly  high  value,  cuprous  ions  are  further  oxidized  to  Cu  •  ’ .  As 
in  ammonia  solutions,  tho  greater  part  of  the  copper  ions  are 
complexed.  The  cathodic  reaction  consists  ol  the  reduction  ot 
Fo4"’"'  to  Fe4*.  Here,  too,  both  ions  are  present  mostly  as 
chlorocomplexes.  Electrochemical  experiments  have  shown  that 
TGSCC  can  occur  under  anodic  oxidation  in  chlorides,59  so  that 
Fe”  *  4  presence  is  not  important,  except  for  providing  the  cathodic 
reaction  in  the  absence  of  an  externally  impressed  current. 
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Expt.  No.  1 
Brittle  Fracture 


Hxpt.  No.  7 
Ductile  Fracture 


Hxpt.  No.  6 
Ductile  Fracture 


Expt.  No.  2 
Ductile  Fracture 


Expt.  No.  3 
Ductile  Fracture 


Expt.  No.  5 
Ductile  Fracture 


Expt.  No.  4 
Brittle  Fracture 


FIGURE  6— Chart  of  the  experiments  conducted  by  Newman,  et  al.,11  which  demonstrates  the 
embrittlement  of  Cu-30Zn  by  pre-exposure  (unstressed)  to  a  cuprous  ammonia  solution. 


Electrode  Potential,  mV  vs.  SCE 

FIGURE  7— Potontlodynamlc  scans  for  copper  In  copper  acetate 
at  two  different  pHs.  The  arrows  Indicate  the  potentials  at  which 
the  tensile  tests  were  run.8 

Since  reliable  measurements  at  the  crack  tip  are  difficult  to 
achieve,  modeling  calculations  of  the  transient  minimum  of  the 
potential  have  bean  used  to  test  the  possibility  of  hydrogen  discharge 
at  the  time  of  crack  advance.  The  details  of  the  calculations  have 
been  published.62  65  In  brief,  to  estimate  the  minimum  in  the 
electrode  potential  reached  at  the  crack  tip  at  the  instant  of  the  crack 
advance,  it  is  necessary  to  calculate  the  ratio  between  the  area 
where  the  anodic  reaction  occurs  [either  (6)  or  (8)  for  brass  and 
Au  Cu.  respectively]  and  the  cathodic  area,  which  extends  from  the 
tip  into  the  crack.  This  entails  the  treatment  of  an  eleurical  circuit 
analogous  to  a  transmission  line.  The  calculation  requires  knowledge 
of  the  kinetic  parameters  of  the  reactions  involved,  and  the  results 
depend  on  solution  composition  as  well  as  geometric  parameters  of 
the  crack. 


In  the  case  of  brass,  the  results  are  summarized  in  Figure  8, 
which  compares  the  calculated  minimum  potential  reached  in  solu¬ 
tions  containing  different  amounts  of  ammonia,  for  a  reasonable 
range  of  exchange  current  densities  for  the  cathodic  Reaction  (1’), 
with  the  equilibrium  potential  for  hydrogen  evolution  at  pH  =  12. 
Since  some  of  the  calculated  potentials  fall  below  the 
equilibrium  line,  hydrogen  discharge  at  the  crack  tip  cannot  be 
categorically  excluded  on  the  basis  of  the  modeling  calculations. 
However,  while  H2  evolution  may  occur  in  concentrated  ammonia 
solutions,  it  is  almost  impossible  in  the  more  dilute  ones.  Since  no 
changes  in  crack  behavior  or  morphology  have  been  observed  as  a 
function  of  ammonia  concentration,2  these  results  make  hydrogen 
embrittlement  as  the  cracking  mechanism  in  brass  very  unlikely. 


LOG  I0  (Cu/Cu+),  A/cm2 


FIGURE  8— Minimum  potential  at  the  crack  tip  for  Cu-30Zn  as  a 
function  of  the  exchange  current  density  of  the  cathodic 
reaction.  Different  lines  valid  for  the  ammonia  concentration 
marked  on  them. 

The  results  of  the  modeling  for  Au-Cu  alloys  in  acidic  FeCI3  aro 
summarized  in  Figure  9.  Here  there  is  no  possibility  for  hydrogen 
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discharge  at  the  minimum  potentials  calculated,  even  taking  into 
account  that  on  gold,  H  adsorption  may  occur  about  100  mV  more 
positive  than  the  equilibrium  potential  for  H2  evolution.66  The 
conclusion,  therefore,  is  that  hydrogen  embrittlement  can  be  ruled 
out  as  the  cause  of  TGSCC  in  Au-Cu  alloys,  strengthening  the  belief 
that  this  is  the  case  for  brass  also. 


FIGURE  9— Minimum  potential  at  the  crack  tip  for  25Au-75Cu  In 
acidified  ferric  chloride,  as  a  function  of  the  exchange  current 
density  of  the  anodic  reaction. 


Discussion 

In  a  review  of  this  subject  published  in  1971, 2  it  was  proposed 
that  intergranular  and  transgranular  cracking  in  nontarnishing  solu¬ 
tions  occurred  by  the  same  mechanism;  preferential  anodic  dissolu¬ 
tion  at  the  crack  tip.  However,  in  a  more  recent  review  (1979),3  this 
view  was  deemed  to  be  inconsistent  with  the  fractographic  observa¬ 
tions  made  in  the  1970s,  and  as  a  result,  it  was  concluded  that  the 
mechanisms  of  IGSCC  and  TGSCC  were  not  the  same,  and  that, 
whil -•  the  mechanism  of  IGSCC  still  appeared  io  be  preferential 
dissolution,  there  was  convincing  evidence  that  TGSCC  occurs  by 
discontinuous  brittle  mechanical  fracture.  Since  no  new  data  have 
appeared  that  would  lead  us  to  modify  this  conclusion,  we  will  discuss 
each  of  these  forms  of  crack  propagation  separately  below. 

Intergranular  cracking 

Relatively  little  recent  work  has  been  directed  to  studying  the 
mechanism  of  intc-tqranular  crack  propagation  in  the  brass-ammonia 
system,  and  existing  evidence  continues  to  support  the  Logan- 
Champion4-5  film-rupture  model.  The  model  has  been  modified  by  a 
number  of  workers,67-69  but  the  basic  concept  remains  that  the  crack 
propagates  by  preferential  dissolution  at  the  Crack  tip  where  the 
passive  film  is  ruptured  by  localized  plastic  deformation.  The 
evidence  for  this  model  in  the  Cu-30Zn/aqueous  ammonia  system  is 
as  follows: 

(1)  A  thin  passive  film  is  known  to  exist  at  the  crack  tip.3' 

(2)  The  fracture  surfaces  are  smooth,  consistent  with  a  dissolution 
process  and  exhibit  no  evidence  of  crack  arrest  or  crack-front 
markings.44 

(3)  Thore  is  no  evidence  for  discrete  acoustic  omissions  of  the  type 
detected  during  the  propagation  of  transgranular  cracks.44 

(4)  Tho  observed  crack  velocities,  approximately  10~6  ms*',  can 
bo  shown  by  a  Faraday's  law  calculation  to  be  fully  consistent 
with  a  dissolution  process.3 

While  those  observations  are  consistent  with  the  film-rupture  model, 
they  do  not  prove  that  it  is  operative,  and  it  is  possible  that  an 
alternative  mechanism  exists,  In  particular,  they  do  not  rule  out  a 
process  based  on  dezincification.  Such  a  process  would  be  expected 
to  be  discontinuous,  but  observations  (2)  and  (3)  above  would  not 
rule  out  this  possibility  if  the  crack  advance  distanco  were  small. 

It  should  be  noted  that  the  film-rupture  explanation  leaves 
several  details  to  be  resolved.  For  example,  tho  reason  for  the 
intergranular  path ’s  usually  rationalized  by  postulating  that  repassi¬ 


vation  is  slower  at  the  grain  boundaries  than  in  thesgrain  interiors, 
presumably  because  of  segregation,3  but  the  nature  of  the  segregant 
has  not  been  established.  There  has  also  been  debate  over  the 
question  of  whether  the  crack  tip  remains  bare  and  active  during 
propagation  or  whether  it  undergoes  cycles  of  repassivation.  The 
results  of  Loto  and  Cottis,  who  examined  the  electrochemical  noise 
generated  during  IGSCC  of  polycrystalline  Cu-30Zn  in  aqueous 
ammonia  and  detected  transients,  which  they  attributed  to  film- 
rupture  events,  would  tend  to  support  the  latter  viewpoint.70 

Present  treatments  of  the  film-rupture  model  have  been  criti¬ 
cized  for  limiting  consideration  of  the  crack  tips  to  two-dimensional 
representation.  In  particular,  this  oversimplified  picture  has  led  to  the 
implication  that  a  single  film-rupture  event  can  cause  the  entire  crack 
front  to  become  film  free.  However,  if  the  crack  is  viewed  in  three 
dimensions  (Figure  10),  it  can  be  seen  that  film  rupture  caused  by  slip 
would  be  expected  to  occur  at  a  number  of  sites  distributed  along  the 
crack  front,  each  leading  to  independent  anodic  attack.  Moreover,  at 
each  active  site,  the  crack  front  would  advance  locally  ahead  of 
neighboring  passivated  sections,  so  that  the  stress  on  these  sections 
would  increase  and  this,  in  turn,  would  shield  the  propagating  section 
from  the  externally  applied  load.  In  this  way,  the  stress  at  the  points 
where  the  crack  is  propagating  will  fall,  and  slip  will  no  longer  be  able 
to  keep  them  bare,  except  at  high  stress  intensities.  As  a  result,  the 
crack  tip  should  experience  cycles  of  rupture  and  repassivation,  with 
the  percentage  of  the  crack  tip  bare  increasing  with  the  stress 
intensity,  and  the  probability  of  repassivation  increasing  for  a  section 
of  the  crack  tip  that  deviates  from  the  plane  normal  to  the  applied 
load.  Crack  propagation  by  the  film-rupture  mechanism  can  thus  be 
viewed  as  the  summation  of  a  large  number  of  almost  independent 
events,  each  being  influenced  by  their  local  environment  and  loading 
conditions. 


Crack  Tip 


FIGURE  10— Schematic  diagram  of  the  film-rupture  process  In 
three  dimensions. 

Transgranular  cracking 

In  contrast  to  IGSCC,  over  the  past  ten  years  a  large  amount  of 
work  has  been  focused  on  TGSCC  of  brass  in  aqueous  ammonia, 
and  considerable  advances  have  been  made  in  understanding  its 
mechanism.  The  most  significant  experimental  results  were  dis¬ 
cussed  in  the  preceding  section,  and  the  impact  of  these  results  on 
our  understanding  on  the  mechanism  of  TGSCC  will  be  the  subject 
of  this  subsection.  The  mechanisms  that  have  been  proposed  for 
SCC  fit  into  five  basic  categories:  (1)  dissolution  (film-rupture  and 
dissolution  models),  (2)  adsorption,  (3)  hydrogen  embrittlement,  (4) 
dealloying  or  tarnish  rupture  (crack  propagates  in  films  only),  and  (5) 
lilm-induced  cleavage. 

In  the  last  review,3  it  was  concluded  that  dissolution  models  for 
TGSCC  were  not  consistent  with  the  fractographic  evidence.  At  that 
time,  there  was  no  direct  indication  thai  dissolution  of  the  noble 
component  of  the  alloy  was  not  required  for  T GSCC  in  brass,  and  the 
analogies  with  Au-Cu  were  not  appreciated.  Since  then,  experiments 
in  cuprous  ammonia,  so-called  equilibrated  solutions,  have  shown 
that  dissolution  of  copper  is  not  a  necessary  condition  for  observing 
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TGSCC'irinbnass  10-41’51  This  conclusion  has  been  challenged  by 
Kaufman,49,50  but,  as  previously  discussed,  there  are  sufficient 
reasons,  in  our  opinion,  to  be  skeptical  of  Kaufman’s  claims.  Also,  a 
dissolution-based  mechanism  cannot  explain  the  embrittlement  ob¬ 
served  at  77°K  by  Newman”  after  a  very  short  exposure  to  a 
corroding  medium.  These  results  demonstrate  that,  while  dissolution 
of  copper  is  not  required,  some  dealloying  is  necessary  to  induce 
brittle  cracking  Mechanisms  that  do  not  involve  mechanical  fracture 
of  a  dezincified  layer  cannot  explain  these  results.  Circumstantial,  but 
nonetheless  significant,  evidence  for  the  role  of  dealloying  in  TGSCC 
is  provided  by  the  close  correlation  between  the  percolation  limits  for 
dealloying  and  the  minimum  concentration  of  the  less  noble  compo¬ 
nent,  for  brass  as  well  as  for  other  alloy  systems,  necessary  to 
observe  cracking.72 

Once  it  is  concluded  that  crack  propagation  occurs  by  a 
mechanical  fracture  process,  it  is  necessary  to  evaluate  the  environ¬ 
mental  interactions  that  may  cause  this  type  of  propagation.  In  the 
adsorption  model,  a  chemical  species  is  adsorbed  from  the  environ¬ 
ment  on  the  bare  metal,  interacting  with  the  interatomic  bonds  and 
inducing  crack  propagation  by  lowering  the  energy  required  to  break 
these  bonds  This  would  explain  SCC  and  liquid  metal  embrittlement 
by  a  single  mechanism,  and  it  could  account  for  the  influence  of  the 
electrode  potential  on  cracking,  at  least  for  the  case  of  adsorption  of 
a  charged  species.  However,  it  is  unclear  which  species  could  play 
the  critical  adsorbing  role.  Uhlig,  et  al.,32  suggested  that  copper- 
containing  ammonium  complexes  could  be  responsible,  and  a  similar 
proposal  has  been  advanced  recently  by  Hintz.73  One  of  the 
problems  is  that  it  is  hard  to  envisage  how  an  adsorption  mechanism 
would  result  in  discontinuous  crack  advances.  Hintz,  et  al.,74  based 
on  examinations  of  crack-arrest  marks  in  a-p-brass,  suggested  that, 
at  high  stress  intensities  close  to  Kcl,t,  the  cracks  propagate  faster 
than  the  rate  of  transport  can  provide  the  damaging  species  to  the 
crack  tip,  resulting  in  crack  arrests  and  blunting.  This  would  imply  that 
crack-arrest  markings  are  only  present  near  the  point  of  final  ductile 
overload  However,  crack-arrest  markings  have  been  reported  to  be 
present  throughout  fracture  surfaces,  only  being  more  difficult  to 
observe  at  lower  stress  intensities.30  The  fact  that  acoustic  emission 
and  electrical  potential  transients  are  observed  over  the  entire  course 
of  crack  propagation  cannot  be  easily  explained  by  an  adsorption 
process  As  a  result,  we  conclude  that  while  adsorption  as  a  cause 
of  TGSCC  is  an  interesting  hypothesis,  it  fails  to  account  for  all  of  the 
observations. 

Hydrogen  embrittlement  may  be  considered  a  reasonable 
explanation  for  TGSCC  in  copper-base  alloys,  as  it  is  in  the  case  of 
other  metal  systems  It  would  explain  discontinuous  crack  propaga¬ 
tion  and  the  similarity  between  TGSCC  fractures  and  the  fracture 
surfaces  generated  by  hydrogen  charging  of  some  fee  metals. 
However  hydrogen  solubility  in  copper  alloys  is  generally  considered 
very  low  Recen'iy,  Nakahara  and  Okinaka75  reported  damage  as  a 
result  of  electrochemical  hydrogen  charging  of  pure  copper,  but  this 
was  achieved  only  by  poisoning  the  hydrogen-recombination  reac¬ 
tion  and  lengthy  exposures  Also,  as  discussed  above,  modeling  of 
the  electrochemical  conditions  at  the  crack  tip  has  indicated  that,  for 
brass  in  aqueous  ammonia,  hydrogen  discharge  Is  unlikely,  and  for 
Cu-Au  in  FeCfj,  impossible  Therefore,  while  hydrogen  embrittlemont 
may  be  the  cause  of  TGSCC  of  some  alloys  in  some  environments, 
it  can  be  safely  ruled  out  in  the  cases  considered  here. 

In  1959.  Forty76  proposed  that  TGSCC  of  brass  in  aqueous 
ammonia  resulted  U om  the  selective  dissolution  of  zinc  from  the  alloy, 
leaving  a  void-rich  layer,  which  then  fails  in  a  brittle  manner. 
According  to  this  model,  the  crack  blunts  and  stops  when  it  reaches 
the  end  of  the  dealloyed  layer  As  a  consequence,  the  rate  of  crack 
advance  would  be  limited  by  the  rate  of  doalloying.  Namboodhiri” 
has  reported  that  dozincification  of  brass  In  ammonia  is  significantly 
accelerated  by  stress.  If  these  results  could  be  shown  to  be 
applicable  to  the  crack  tip.  they  might  be  able  to  account  for  the 
observed  crack  velocities,  without  requiring  that  the  crack  move 
ahead  of  the  dealloyed  layer  Even  if  anomalously  high  dozincifica¬ 
tion  rates  are  possible  at  the  crack  tip,  a  modo!  based  on  brittle 
fracture  of  a  dealloyed  layer  would  have  difficulties  in  explaining 


TGSCC  of  pure  copper,6'9  or  the  results  of  Lichter,  et  al., 56-59  and 
Newman,  et  a!.,”  where  the  thickness  of  the  dealloyed  layer  and  the 
rate  of  its  growth  has  been  measured  and  shown  to  be  less  than  the 
crack  advance  distance.  We  must  conclude  that,  while  dissolution  of 
zinc  from  brass  and  of  copper  from  Cu-Au  alloys  appears  to  be 
required  for  TGSCC,  fracture  of  the  dealloyed  layer  alpne  cannot 
explain  the  crack  advance  distances,  the  cleavage-like  appearance 
of  the  fracture  surface  and  the  steps  between  the  cleavage  facets. 
The  explanation  of  the  cracking  of  pure  copper,  moreover,  must  be 
based  on  some  different  model. 

At  the  time  of  the  last  review,3  the  only  mechanistic  possibilities 
for  TGSCC  appeared  to  be  those  discussed  above,  and  each  of  them 
has  been  weakened,  if  not  eliminated  altogether,  based  on  the 
experimental  evidence  obtained  since.  Recently,  a  new  mechanism 
for  TGSCC  crack  propagation  has  been  proposed  by  Sieradzki  and 
Newman12  based  on  the  experimental  observations  and  the  model¬ 
ing  work  of  these  investigators  and  their  coworkers.78'82  According  to 
this  model,  in  the  presence  of  a  thin  surface  film  at  the  crack  tip,  a 
fracture  initiated  in  the  film  propagates  in  the  normally  ductile  matrix. 
The  critical  difference  between  this  film-induced  cleavage  model  and 
the  model  proposed  by  Forty76  is  that,  when  the  crack  in  the  film 
reaches  the  film/matrix  interface,  traveling  at  a  high  velocity  on  an 
orientation  favorable  for  cleavage,  the  ductile  matrix  cannot  arrest 
crack  propagation  and  blunt  the  crack  tip  until  the  crack  has 
propagated  for  some  distance  into  the  matrix. 

The  critical  questions  in  evaluating  this  mechanism  are  (1)  what 
is  the  film,  (2)  can  this  film  initiate  brittle  fracture,  (3)  can  the  brittle 
crack  propagate  in  the  ductile  matrix,  and  (4)  what,  then,  stops  the 
crack.  For  brass  in  ammonia,  the  surface  film  at  the  crack  tip  is 
supposed  to  be  the  copper-rich  dealloyed  layer.  The  embrittlement 
experiments  of  Newman,  et  al.,11  clearly  demonstrate  that  the 
presence  of  a  dealloyed  layer  on  the  surface  of  a  Cu-30Zn  sample 
can  induce  transgranular  crack  propagation  for  distances  of  about  1 2 
jxm.  Similarly,  Lichter  and  coworkers56'59  have  shown  that  the 
gold-rich  layer  in  Cu-Au  can  initiate  cleavage-like  fracture.  More 
recently,  it  has  been  reported  that  a  dealloyed  layer  on  Ag-Au  can 
cause  cracking.63  In  the  case  of  the  experiments  of  Newman,  et  al.,11 
on  Cu-30Zn  dealloyed  in  cuprous  ammonia,  since  the  measured 
thickness  of  the  dealloyed  layer  was  of  the  order  of  100  nm,  since  the 
cracks  propagated  up  to  12  nm  at  77°K,  where  no  adsorption  or 
dissolution  could  take  place,  and  since  the  cracks  were  identical  to 
the  transgranular  cracks  observed  during  SCC  of  Cu-30Zn  in 
aqueous  ammonia,  we  conclude  that  dealloyed  layers  can  initiate 
brittle  fracture  that  propagates  beyond  the  dealloyed  layer  into  the 
substrate.  However,  it  should  be  noted  that  the  presence  of  a 
dealloyed  layer  alone  is  not  sufficient  to  cause  brittle  crack  propa¬ 
gation.  For  example,  brass  dealloys  rapidly  in  chlorides  and.  as  yet, 
no  SCC  has  been  reported  in  this  system.  In  the  experiments 
discussed  above,  Newman,  et  al.,1 1  found  that  aging  the  foils  at  room 
temperature  resulted  in  the  recovery  of  ductility.  As  a  result,  we  must 
conclude  that,  although  dealloyed  layers  can  initiate  brittle  fracture 
that  propagates  into  the  alloy  matrix,  the  ability  of  the  layer  to  initiate 
brittle  fracture  depends  on  some  properly  of  the  dealloyed  layer, 
which,  in  turn,  depends  on  the  alloy  and  the  environment.  Obviously, 
more  research  is  needed  to  help  us  understand  this  point. 

The  situation  in  brass  is  further  complicated  by  the  observation 
that  pure  copper  undergoes  TGSCC,  also  by  discontinuous  propa¬ 
gation  on  [1 10}  planes.  Clearly,  a  dealloyed  layer  cannot  by  invoked 
in  this  case.  An  alternative  possibility  was  that  the  thin  passive  film 
represents  the  initiating  layer  in  the  pure  metal.  However,  the  studies 
of  Cassagne,8  discussed  above,  demonstrated  that  conditions  that 
maintain  the  presence  of  tho  film  do  not  lead  to  TGSCC,  but  rather 
the  breakdown  of  the  film  by  micropitting  appears  to  be  necessary  tor 
the  occurrence  of  cracking.  Cassagne  has  speculated  that  the  pitting 
process  can  produce  closely  spaced,  fine  tunnels,  which  form  a 
porous  layer  similar  to  that  resulting  from  dealloying,  and  that  this 
layer  also  initiates  cleavage  cracks. 

From  a  scientific  point  of  view,  the  elimination  of  all  of  the 
possibilities  for  crack  propagation  in  the  Cu-30Zn  aqueous  ammonia 
system  other  than  film-induced  cleavage  is  very  important,  and  the 
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realization  that  brittle  cleavage  cracks  can  propagate  in  a  ductile 
material  will  impact  many  areas  of  research  outside  of  the  corrosion 
research  community.  For  instance,  Lin  and  Thomson84  addressed 
the  issue  of  the  ability  of  a  high-speed  brittle  crack  to  propagate  into 
a  ductile  matrix.  This  is  a  critical  point,  because  previous  theories  on 
dislocation  emission  from  moving  cracks  would  predict  ductile 
behavior  for  this  case.  These  theorists  used  a  time-dependent 
dislocation  emission  and  cleavage  treatment  to  predict  that  cleavage 
cracks  can  propagate  in  ductile  materials  if  the  crack  velocity 
exceeds  some  critical  value.  For  copper  alloys,  they  estimated  that  a 
crack  velocity  of  about  half  of  the  speed  of  sound  would  result  in 
brittle  crack  propagation. 

Once  it  is  accepted  that  a  brittle  crack  can  propagate  in  a 
normally  ductile  matrix,  the  question  becomes  one  of  why  does  it 
stop.  Two  different  mechanisms  have  been  proposed.  First,  Sie- 
radzki  and  Newman  theorized  that,  as  the  crack  propagates,  it  leaves 
dislocations  in  its  wake  that  are  then  absorbed  into  the  fracture 
surface  as  a  result  of  image  forces.12  Using  the  simple  assumption 
that  the  energy  of  the  created  dislocation  is  provided  by  the  crack  out 
of  its  kinetic  energy,85  these  authors  predict  that  the  velocity  of  the 
crack  will  be  reduced  as  it  propagates  and  emits  dislocations  until  the 
velocity  drops  below  the  critical  value  required  to  maintain  brittle 
fracture.  On  the  other  hand,  Pugh46  suggested  that  arrest  results 
from  the  existence  of  unfractured  ligaments  at  the  crack  tip  (Figure  5). 
It  was  postulated  that  these  ligaments  are  produced  because 
cleavage  step  formation,  considered  to  involve  plastic  shearing,  lags 
behind  the  cleavage  crack  front  and  that  their  lengths  increase  during 
crack  advance.  The  ligaments  thus  become  increasingly  load  bear¬ 
ing,  eventually  reducing  the  crack-tip  stress  below  the  level  required 
for  propagation.  These  are  two  different  hypotheses,  one  based  on 
the  material’s  ability  to  nucleate  dislocations  during  propagation  and 
the  other  based  on  the  morphology  of  the  crack  tip. 

From  an  engineering  viewpoint,  the  critical  issue  is  to  determine 
how  we  can  use  our  understanding  of  the  mechanism  of  crack 
propagation  to  improve  the  resistance  of  alloys  to  SCC.  Equation  (7) 
indicates  that  there  are  two  approaches  that  can  be  taken  to  address 
this  issue.  One  would  be  to  alter  the  chemistry  of  the  alloy  or 
environment,  influencing  the  films  that  form,  so  as  to  avoid  the 
initiation  of  the  brittle  cracks  or  extend  the  time  interval  (At*)  between 
crack  propagation  events.  The  other  would  be  to  alter  the  alloy  in 
such  a  way  as  to  improve  its  ability  to  arrest  the  propagating  crack, 
and  thereby  reduce  the  travel  distance  at  each  advance  (Ax*). 
Success  in  either  of  these  options  or  both  woutJ  result  in  the 
development  of  alloys  that  are  more  resistant  to  SCC. 

Summary  and  Conclusion 

The  existing  evidence  continues  to  support  the  view3  that 
IGSCC  and  TGSCC  In  the  Cu-30Zn  aqueous  ammonia  system  occur 
by  basically  different  mechanisms.  There  has  been  little  recent  work 
on  the  mechanism  of  IGSCC,  and  the  film-rupture  model  remains  the 
main  contender.  In  the  case  of  TGSCC,  several  important  observa¬ 
tions  and  conceptual  advances  have  been  made. 

(1)  Dissolution  of  copper  is  not  required  for  TGSCC  in  this  system. 

(2)  Hydrogen  discharge  at  the  crack  tip  is  unlikely  in  the  case  of 
brass  in  ammonia  and  impossible  for  Cu  Au  in  acidic  chloride, 
ruling  out  hydrogen  embrittlement  as  the  cause  of  SCC  in  these 
systems. 

(3)  Computer  modeling  of  the  fracture  behavior  of  film-covered 
surfaces  showed  that,  once  a  brittle  crack  !s  nucleated  in  the 
film,  it  can  continue  to  propagate  in  the  matrix. 

(4)  Cleavage-liko  crack  propagation  can  occur  when  brass  is  briefly 
exposed  to  aqueous  ammonia,  then  quenched  to  77’K  and 
loaded  in  air,  showing  that  crack  propagation  extends  beyond 
the  dealloyed  layer. 

Based  on  this  evidence,  we  conclude  that  the  film-induced  cleavage 
mechanism  is  the  only  mechanism  of  those  proposed  so  far  that  can 
explain  ail  of  the  observations.  The  role  that  this  mechanism  may  play 
in  the  cracking  of  other  systems,  in  crack  nucleation  at  inclusions, 
and  in  IGSCC  remains  to  bo  determined  by  further  research. 
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Discussion 

H.-J.  Engell  (Max  Planck  Instltut  fur  Elsenforschung,  Fed¬ 
eral  Republic  of  Germany):  If  there  is  some  serrated  yielding 
(Portevin-Le  Chatelier  Effect),  the  discontinuous  yielding  may  con¬ 
tribute  to  the  observed  arrest  of  the  cleavage  cracks,  through 
discontinuous  blunting  of  the  crack  tip.  What  is  your  view? 

E.N.  Pugh:  The  idea  that  unpinning  of  dislocations  ahead  of  the 
advancing  crack  could  lead  to  blunting  is  reasonable.  However,  I  am 
unaware  of  any  evidence  for  serrated  yielding  in  copper-zinc  alloys, 
nor  would  I  expect  dynamic  solute-dislocation  interactions  at  ambient 
temperatures.  Also,  the  occurrence  of  similar  transgranular  cracking 
in  pure  copper  (i.e.,  discontinuous  failure  on  {110}  planes)  would 
seem  to  preclude  a  major  role  for  solute  atoms  in  the  cleavage 
process.  As  we  have  pointed  out  in  the  paper,  the  restraining  effect 
of  unfractured  ligaments  trailing  behind  the  crack  front  seems  a  morn 
likely  cause  of  crack  arrest. 

B.D.  Lichter  (Vanderbilt  University,  USA):  Regarding  the 
existence  of  serrated  yielding  in  systems  undergoing  transgranular 
SCC,  this  does  occur  in  copper-gold  alloys,  and  in  certain  instances 
in  our  laboratory  we  have  seen  that  pre-existing  slip  bands  serve  as 
crack  arrestors.  The  orientation  of  the  arresting  slip  band  clearly 
indicates  that  the  band  formed  prior  to  crack  arrest  and  not  as  an 
adjunct  to  crack  blunting, 

E.N,  Pugh:  Presumably  the  occurrence  of  serrated  yielding  in 
copper-gold  is  related  to  short-range  order  effects  and,  as  you  know, 
the  notion  that  the  absence  of  short-range  order  at  pre-existing  slip 
bands  promotes  crack  arrest  was  proposed  for  brass  by  Forty  In  his 
classic  paper  in  Physical  Metallurgy  ol  Stress  Corrosion  Fracture 
(tnterscience,  1959),  p.  99.  However,  the  evidence  for  crack  arrest  at 
such  slip  bands  in  both  Forty’s  and  your  cases  p  cased  upon  crack 
trace  studios  on  single  surfaces.  In  three  dimensions,  the  crack  front 
would  have  to  lie  in  a  cl  10^  direction,  that  is,  a:  the  intersection  of 
a  {1 10}  fracture  plane  with  a  (1 1 1}  slip  plane,  for  this  proposal  to  be 
credible,  and  this  is  contrary  to  observation. 

H  .*J.  Engell:  Could  you  please  address  the  question  of  whether 
or  not.  and  how,  short-range,1 long-range  order  affects  the  SCC 
mechanism  In  copper  alloys?  In  the  case  of  an  ordered  atom 
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distribution,  dislocation  movement  may  cause  antiphase  boundaries, 
which  in  turn  can  interfere  with  the  glide  process  and  cause 
discontinuous  cleavage, 

E.N.  Pugh:  As  I  indicated  earlier,  the  failure  of  pure  copper 
would  seem  to  rule  out  the  possibility  that  solute  atoms,  and  hence 
ordering  phenomena,  play  a  necessary  role  in  the  inherent  embrit¬ 
tlement  process  at  the  crack  tip.  However,  in  our  paper  it  is  argued 
that  factors  such  as  ordering  and  stacking  fault  energy,  which 
promote  coplanar  glide,  have  a  major  effect  on  shearing  of  ligaments 
and  on  the  ease  of  cleavage  step  formation,  and  therefore  on'  crack 
propagation.  Moreover,  we  speculate  that  this  effect  accounts  for  the 
correlation  between  restricted  cross  slip  and  susceptibility  to  trans- 
granular  SCC  under  static  loading  conditions. 

B.  Cox  (Atomic  Energy  of  Canada  Limited,  Canada):  In  the 
cracking  of  alpha-brass,  if  you  can  control  the  size  of  the  crack-front 
jump  distance  by  adjusting  experimental  conditions,  and  if  there  is 
always  significant  strain  during  the  stationary  phase  of  the  crack 
front,  then,  if  ligament  tearing  is  controlling  crack  arrest,  the  strain 
accumulated  during  crack  arrest  should  be  proportional  to  the  size  of 
the  jump  (i.e.,  length  of  ligament).  An  accurate  measure  of  this  strain, 
using,  for  example,  photoresist  and  a  video  camera,  could  provide 
useful  evidence.  Has  anyone  measured  these  crack-tip  strains  and 
strain  rates  and,  if  so,  are  they  constant  or  proportional  to  jump 
distance,  and  how  does  the  strain  rate  compare  with  identically 
loaded  precracked  specimens  in  air? 

E.N.  Pugh:  You  have  put  your  finger  on  the  major  assumption 
in  our  hypothesis,  that  step  formation  by  ligament  tearing  is  unable  to 
keep  up  with  cleavage,  so  that  the  ligaments  lengthen  and  increase 
the  restraining  force  at  the  crack  tip,  and  that  the  bulk  of  step 
formation  occurs  during  the  arrest  stage.  Experiments  of  the  type  you 
describe  have  not  been  performed  in  brass  or  in  other  cases  of 
transgranular  SCC  but  are  essential  to  evaluate  the  hypothesis. 

J.  Kelts  (Conoco,  Inc.,  USA):  In  view  of  the  fact  that  radiation 
can  cause  cleavage  in  face-centered  cubic  (fee)  metals,  and  since 
dissolution  in  specific  environments  can  cause  creep  in  alloys,  have 
you  considered  the  defect  structure  in  front  of  the  crack  tip  as  being 
the  cause  of  cracking?  Also,  can  results  from  slow-strain  rate  and 
dealloying  experiments  be  considered  consistent  with  defect  struc¬ 
ture  at  the  crack  tip? 

E.N.  Pugh:  In  the  early  1980s,  I  actively  pursued  the  idea  that 
the  defect  structure  induced  by  the  environment  could  initiate  brittle 
cracks,  specifically  that  vacancy  injection  caused  by  selective 
dissolution  of  zinc  might  cause  hardening  by  interacting  with  dislo¬ 
cations.  This  view,  first  proposed  by  Forty  in  1959  (see  reference  in 
my  previous  response,  above),  was  encouraged  by  various  obser¬ 
vations  of  hardening  of  brass  due  to  vacancy  annihilation,  for 
example,  anneal  hardening,  but  my  attempts  to  embrittle  foils  by 
producing  large  vacancy  concentrations  by  quenching  or  deforma¬ 
tion,  and  straining  at  various  temperatures  and  strain  rates,  wore 
unsuccessful.  The  observation  of  cracking  in  pure  copper  caused  me 
to  abandon  this  approach. 

Interestingly,  recent  results  at  our  laboratory  (see  T  B  Cas- 
sagne,  Ph.D.  diss.,  Johns  Hopkins  University,  1988)  suggost  that  a 
micropitting  process  at  the  crack  tip  Is  necossary  for  cracking  in  pure 
copper.  This  may  produce  a  structure  similar  to  that  of  the  porous 
dealloyed  layer  thought  by  Sieradzki  and  others  at  this  conference  to 
be  responsible  for  crack  initiation  during  transgranular  SCC  ol  copper 
alloys. 

R.H.  Jones  (Pacific  Northwest  Laboratories,  USA):  I  would 
like  to  make  the  observation  that  the  porous  structure  produced  by 
dealloying  is  similar  to  that  found  m  .rradiated  materials.  In  copper 
and  nickel  at  room  temperature,  radiation  damage  produces  hard 
ening  by  clusters  of  interstitials  and  vacancies. 

A.  Gelpl  (Framatomo,  France):  Is  there  any  experimental 
evidence  for  the  pores  in  front  of  the  crack  tip  or  a  the  dealloyed 
layer? 

E.N.  Pugh.  I  am  not  aware  of  any  experimental  evidence  for  the 
existence  ot  ,no  porous  structure  in  front  of  crack  tips  or  even  on 
crack  walls,  Out  there  are  a  numoet  of  papers  that  present  transmis 
sion  electron  micrographs  showing  the  characteristic  sponge  struc 


ture  in  specimens  dealloyed  in  the  absence  of  stress  An  early  paper 
by  Pickering  and  Swann  [Corrosion  19(1963).  p  373]  illustrates  the 
porous  layer  in  several  alpha-phase  copper  alloys  and  associates  its 
occurrence  with  susceptibility  to  cracking. 

M.M.  Hall  (Westinghouse  Electric  Corporation,  USA):  You 
discussed  the  difficulty  in  understanding  how  crack  arrest  may  occur 
for  transgranular  SCC  based  on  the  assumption  that  crack  advance 
occurs  due  to  extension  of  the  microcrack  into  the  matrix  by  cleavage 
fracture  initiated  in  a  thin  oxidized  or  dealloyed  crack-tip  layer  An 
alternative  crack  advance  mechanism  that  does  not  require  "crack 
arrest”  is  that  crack  advance  occurs  by,  first,  the  nucleation  of  a 
cleavage  crack  at  a  distance  ahead  of  the  microcrack  tip  and, 
second,  the  extension  of  this  microcrack  back  to  the  microcrack  tip 
by  fracture  of  the  intervening  ligament.  Dislocation  glide  and  block¬ 
age  within  the  ligament  could  account  for  the  cleavage  crack 
nucleation,  perhaps  on  hydrogen-embrittled  cleavage  planes,  and 
would  then  accommodate  microcrack  opening  and  extension  to  the 
point  of  ligament  rupture.  Are  not  your  experimental  observations 
consistent  with  this  alternative  crack  advance  mechanism? 

E.N.  Pugh:  The  possibility  that  a  subsurface  crack  is  initiated 
ahead  of  the  main  crack  and  runs  back  to  the  tip  has  been  suggested 
from  time  to  time  for  copper  alloys  and  other  systems.  However, 
existing  experimental  evidence  does  not  permit  this  possibility  to  be 
distinguished  from  the  more  conventional  view  that  the  crack  is 
reinitiated  at  the  surface.  Other  details  of  the  crack  advance  process 
remain  unclear.  For  example,  we  assume  that  each  propagating 
event  is  initiated  at  a  point  and  that  fracture  then  spreads  laterally 
along  the  crack  front.  There  is  no  direct  experimental  evidence  for 
this  view. 

I  should  also  comment  on  your  suggestion  that  hydrogen 
embrittlement  may  play  a  role.  In  our  paper,  we  conclude  that 
hydrogen  effects  can  be  ruled  out  in  alpha-phase  copper  alloys. 

L.A.  Heidt  (Michigan  Technological  University,  USA):  There 
is  increasing  evidence  [Kramer,  Wu,  and  Feng,  Mater.  Sci.  Eng. 
82(1986):  p.  141 ;  Kaufman  and  Fink,  Acta  Metall.  36(1988).  p.  2213, 
Kasul,  White,  and  Hetdt,  “Relationships  Between  Plasticity  and 
Stress  Corrosion  Cracking,"  this  proceedings]  that  environment- 
induced  local  plastic  flow  is  associated  with,  and  may  contribute  to, 
stress  corrosion  of  copper  materials.  Apparent  cleavage  may  result 
in  transgranular  SCC  from  microscopic  flow.  The  concept  is  prom¬ 
ising  for  explaining  (1)  susceptibility  of  copper  as  well  as  alloys  and 
(2)  crystallography  of  observed  fracture  planes. 

The  nature  of  the  environmental  interaction  is  not  known. 
Papers  by  Lynch  [J.  Mater.  Sci.  20(1985).  p.  3329,  Scnpta  Metall. 
18(1984]:  p.  321]  and  by  Hintz,  et  at.  [Metall.  Trans.  17A(1986).  p. 
1081],  have  invoked  adsorption,  Kaufmann  and  Fink  [Acta  Metall. 
36(1 988).  p,  2213]  envision  a  dissolution-deformation  synergism  that 
is  extremely  localized.  For  the  adsorption  case,  there  are  similarities 
to  processes  described  for  hydrogen  embrittlement  and  metal- 
induced  embrittlement,  as  discussed  separately  by  Birnbaum,  Ger- 
berich,  and  Stoloff  at  this  conference.  For  the  dissolution  case,  a 
similar  synergism  has  been  described  by  Duquette  for  corrosion 
fatigue.  A  similar  process  may  well  contribute  to  intergranular  SCC  in 
the  copper  materials. 

E.N.  Pugh:  The  view  that  the  propagation  of  transgranular 
stress  corrosion  cracKs  occurs  by  highly  localized  environmentally 
enhanced  plastic  flow  rather  than  by  discontinuous  cleavage  is 
legitimate  and,  as  we  state  in  the  papei,  merits  further  attention. 

I  agree  that  it  offers  an  attractive  and  straightforward  explana¬ 
tion  for  the  observed  orientation  of  the  fracture  surfaces  in  alpha 
phase  vopper  alloys.  Thus,  it  is  plausible  that  coordinated  slip  on 
intersecting  k1 1 1,  planes  could  result  in  macroscopic  fracture  on  a 
bisecting  (1 10*  plane,  ligament  shearing  would  then  occui  on  the  two 
(111)  planes  that  are  perpondicular  to  the  fracture  plane  and 
therefore  in  pianos  of  maximum  shear,  as  proposed  in  the  paper. 
However,  tho  case  of  type  310  (UNS  S31000)  stainless  steel,  also 
single-phase  fee,  is  not  as  straightforward,  since  failure  occurs  on 
,100j  rather  than  ,1 10],  The  (100)  plane  also  bisects  intersecting  slip 
planes,  but  in  this  case  ligament  shearing  would  occur  on  slip  planes 
that  are  nut  perpendicular  vactually  approximately  55')  to  the  fracture 
plane.  It  is  nut  Jeai  why  the  two  fee  alluys  should  behave  differently 
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or  why  the  steel  should  choose  a  less  efficient  option  for  ligament 
tearing. 

It  should  also  be  noted  that  these  crystallographic  observations 
cannot  be  rationalized  in  terms  of  the  cleavage  model  at  the  present 
time. 

N.S.  Stoloff  (Rensselaer  Polytechnic  Institute,  USA):  The 
copper-bismuth  experiment  of  Rice  you  described  seems  to  be 
unconvincing  support  for  a  film-induced  cleavage  model.  There  are 
many  instances  in  the  literature  of  solid  metal  embrittlement  of  cracks 
extending  well  beyond  initiating  inclusions,  often  along  transgranular 
paths.  In  the  absence  of  detailed  surface  analytical  experiments  on 
the  copper-bismuth  fracture  facets,  you  cannot  rule  out  a  simple 
metal-induced  fracture  model  to  explain  the  transgranular  facets. 

E.N.  Pugh:  I  agree  that  the  observation  is  not  conclusive 
without  surface  analysis. 

N.S.  Stoloff:  Cracking  of  pure  copper  in  nitrite  solutions  seems 
to  resemble  metal-induced  embrittlement  as  far  as  a  transgranular 
cleavage-like  crack  path  is  concerned.  Has  high-magnification  scan¬ 
ning  electron  microscopy  been  used  to  examine  copper  fracture 
surfaces,  to  determine  whether  localized  plasticity  is  responsible  for 
cracking? 

E.N.  Pugh:  The  nitrite  solution  causes  considerable  corrosive 
attack  of  the  fracture  surfaces,  so  that  detailed  fractographio  studies 
are  impossible.  However,  the  failure  in  copper  is  similar  in  many 
respects  to  that  of  the  alpha-brasses,  and  in  that  case  there  have 
been  several  high-resolution  studies  of  the  fracture  surfaces.  In 
particular,  Lynch  (Scripta  Metall.  18(1984).  p.  321]  has  used  the 
replica  technique  with  transmission  electron  microscopy  to  study 
cleavage-like  fracture  surfaces  in  Cu-30Zn  produced  at  our  labora¬ 
tory  in  ammoniacal  solutions  under  conditions  in  which  corrosive 
attack  is  minimized.  Fine  markings  were  reported  (not  detectable  with 
scanning  electron  microscopy),  and  these  were  claimed  to  be 
evidence  for  a  propagation  mechanism  involving  localized  plasticity. 
However,  I  believe  that  further  study  is  necessary  to  establish  that  the 
markings  are  slip  traces  rather  than  crack-arrest  markings,  and  that 
they  are  not  simply  slip  steps  produced  behind  the  crack  tront.  More 
recently,  Dixon,  in  unpublished  work  at  Ecole  Polytechnic,  Montreal, 
Canada,  1988,  has  produced  similar  evidence  in  austenitic  stainless 
steels  tested  in  chloride  solutions.  As  I  indicated  before  in  my 
response  to  Heldt,  I  agree  that  this  possibility  merits  attention. 

W.W.  Gerberlch  (University  of  Minnesota,  USA):  This  follows 
up  on  the  comments  of  Stoloff,  Heldt,  Lichter,  and  Engell,  concerning 
localized  slip.  If  [1 1 1  ]  slip  along  facets  can  shioid  with  additional  slip 
in  the  wake  uncoupling  the  shield  to  produce  high  local  stresses,  this 
might  be  an  alternative  cleavage  mechanism.  Serrated  yielding  might 
enhance  such  a  process,  so  this  question  addresses  this  aspect. 
Hydrogen  is  known  to  produce  serrated  yielding  in  nickel  at  low 
temperatures.  Has  anyone  evaluated  the  stress-strain  characteris¬ 
tics  of  copper-zinc  during  in  situ  electrochemical  charging  where 
large  hydrogen  fugacities  are  involved? 

E.N.  Pugh;  I  am  not  aware  of  such  experiments  in  copper-zinc. 
Several  workers,  including  Forty,  Parkins  (reported  at  an  unpublished 
workshop  on  SCC  of  coppor  alloys,  National  Institute  of  Standards 
and  Technology  (formerly  National  Bureau  of  Standards),  Washing¬ 
ton,  1983)  and  myself,  have  attempted  to  produce  transgranular 
cracking  in  Cu-30Zn  by  conducting  slow-strain-rate  tests  while 
hydrogen  was  cathodlcally  generated  at  the  surface.  These  attempts 
wero  unsuccessful,  so  that  the  experiments  we  re  never  reported.  I  do 
not  know  if  the  load-time  curves  showed  evidence  of  discontinuous 
yielding.  I  should  add  that  the  occurrence  of  transgran¬ 
ular  SCC  in  copper-gold  alloys  eliminates  the  possibility  of  a  unique 
role  for  hydrogen,  since  hydrogen  generation  can  be  unequivocally 
ruled  out  in  this  caso. 

A.  Atrens  (University  of  Queensland,  Australia):  What  envi¬ 
ronmental  parameters  govern  SCC  ot  copper  and  70/30  brasses  in 
other  aqueous  systems?  Recent  work  has  shown  the  possibility  ot 
cracking  in  sodium  chloride,  but  there  is  a  lot  ot  confusion  concerning 
the  necessity  of  Cu  ,  Cu  ‘ ,  E.  pH,  Cu20,  CuO.  is  it  possible  to  sort 
out  these  SCC-producing  environmental  conditions— perhaps  in 
terms  of  E-pH  diagrams?  Can  you  specify  what  surface  conditions 
are  needed  for  SCC  and  then  from  these  surface  conditions  predict 
environmental  requirements? 


E.N.  Pugh:  The  situation  is  complicated  by  the  fact  that  two 
forms  of  cracking  occur— intergranular  and  transgranular— and  that, 
in  my  opinion,  they  involve  basically  different  mechanisms.  In  the 
intergranular  case  in  brass,  it  seems  likely  that  crack  propagation 
occurs  by  the  film-rupture  mechanism,  that  is,  by  preferential  anodic 
dissolution  at  the  crack  tip  where  a  passive  film  is  continually  ruptured 
by  localized  slip.  Several  environments  cause  this  type  of  failure  in 
the  laboratory,  e.g.,  citrates,  tartrates,  acetates,  and  sulfur  dioxide,  in 
addition  to  ammonia.  The  governing  parameters  here  are  repassi¬ 
vation  kinetics  and  anodic  dissolution  rates,  so  that  thermodynamic 
data  alone  (E-pH  diagrams)  are  not  definitive.  The  use  of  poten- 
tiodynamic  techniques  of  the  type  pioneered  by  Parkins  [Corros.  Sci. 
20(1980):  p.  147]  offers  the  most  promise  for  prediction  at  present. 

In  the  case  of  transgranular  cracking  of  brass,  the  mechanism 
of  propagation  is  not  established,  but  it  seems  that  dezincification 
plays  a  key  role  Clearly,  the  simple  occurrence  of  dealloying  is  not 
a  sufficient  condition  for  cracking,  since  transgranular  failure  is  not 
commonly  observed  in  aqueous  chlorides  despite  rapid  selective 
dissolution  It  appears  that  the  rate  of  dealloying  is  critical,  perhaps 
through  its  influence  on  the  scale  of  the  porous  structure,  so  here 
again  it  is  difficult  to  identify  environmental  parameters  that  have 
straightforward  predictive  value. 

Of  course,  potential  has  a  profound  effect  on  both  processes, 
and  this  is  significantly  affected  by  many  extrinsic  factors. 

J.R.  Galvele  (Comlslon  Naclonal  de  Energia  Atomica,  Ar¬ 
gentina):  In  a  recent  publication  (Rebak,  Carranza,  and  Galvele, 
Corros  Sci  28(1988):  p.  1089],  we  have  shown  that  passivity 
breakdown  is  present  in  SCC  ol  brass  in  sodium  nitrite  solutions. 
Cracking  was  only  found  at  potentials  above  the  pitting  potential. 
Since  the  same  happened  in  pure  copper,  I  find  it  difficult  to  accept 
that  two  different  mechanisms  have  to  be  applied  for  transgranular 
cracking— one  for  brass  and  another  for  pure  copper. 

E.N.  Pugh:  In  our  paper,  we  speculate  that  the  basic  mecha¬ 
nism  for  transgranular  SCC  is  the  same  in  both  cases,  namely,  that 
it  involves  the  formation  of  a  zone  containing  pores  or  tunnels.  In  the 
case  of  copper,  this  obviously  cannot  result  from  dealloying,  and  it  is 
suggested  that  micropitting  may  be  responsible. 

J.-P.  Lynn  (Westlnghouse  Electric  Corporation,  USA):  The 
width  of  the  crack  at  the  crack  tip  must  be  on  the  order  of  the  film 
thickness  As  film  grows,  both  internal  (between  film  and  matrix)  and 
external  stresses  increase.  Which  force  is  the  more  likely  to  cause 
crack  advance0  Is  there  an  optimum  film  thickness  that  cracks  will  not 
grow? 

E.N.  Pugh:  In  brass,  two  types  of  film  are  thought  to  be 
Important;  a  passive  film  (oxide)  and  a  dealloyed  layer.  Both  are  thin 
(approximately  1  nm)  compared  with  the  width  of  the  crack  at  the  tip 
(approximately  100  nm)  Initially,  the  film-induced  cleavage  model 
proposed  by  Sieradzki  and  his  colleagues  [see,  for  example,  Paskin, 
et  al.,  Acta  Metall.  31(1983):  p.  1253]  placed  emphasis  on  the  role  of 
epitaxial  stresses  associated  with  both  types  of  film,  but,  at  this 
meeting,  this  view  has  been  overshadowed  by  the  idea  that  the 
porous  layer  is  more  likely  to  reinitiate  cloavago. 

J.-P.  Lynn:  If  film  Is  formed  by  the  environment  and  is  protective 
(at  least  thin  film),  why  should  the  same  environment  cause  pores  to 
form? 

E.N.  Pugh:  Depending  on  its  composition,  ammoniacal  solu¬ 
tions  can  lead  to  film  formation  (tarnishing)  in  Cu-30Zn,  or  may  cause 
active  anodic  dissolution  In  the  absence  of  protective  films.  A  quick 
answer  to  your  question  might  bo  that  passive  film  growth  and 
doalloying  (which  leads  to  pore  formation)  are  not  considered  to 
occur  in  the  same  environment,  the  latter  taking  place  only  in 
nontarnishing  solutions.  But  this  avoids  an  interesting  issue.  In 
tarnishing  solutions,  intergranular  failure  is  widely  believed  to  pro¬ 
ceed  by  preferential  anodic  dissolution  of  bare  metal  at  the  crack  tip, 
exposed  by  plastic  deformation.  However,  it  is  legitimate  to  suggest 
alternatively  that  deaiioying  takes  place  during  transient  anodic 
dissolution  and  that  crack  advance  is  mechanical,  as  is  believed  to  be 
the  case  for  nontarnishing  environments.  There  is  no  evidence  for 
discontinuous  propagation  in  intergranular  SCC  in  tarnishing  solu¬ 
tions.  but  this  might  be  a  result  of  small  crack  advance  distance  per 
event. 
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Environment-Induced  Crack  Growth  Processes 
in  Nickel-Base  Alloys 

R.H.  Jones  and  S.M.  Bruemmer* 

Abstract 

Nickel-base  alloys  exhibit  excellent  corrosion  resistance  and  are  used  extensively  in  corrosion 
applications,  although  environment-induced  crack  growth  has  occurred  in  several  applications. 
Environment-induced  crack  growth  in  nickel-base  alloys  occurs  in  a  number  of  environments,  including 
water,  acidic  and  basic  solutions,  and  gaseous  hydrogen.  Factors  controlling  environment-induced 
crack  growth  are  similar  to  those  in  other  materials,  namely,  microstructure/microchemistry,  environ¬ 
ment,  and  stress.  The  critical  factors  controlling  stress  corrosion  cracking  of  nickel-base  alloys  are 
generally  known,  but  many  of  the  details  are  not.  In  some  cases,  quantitative  information  is  lacking  with 
details  limited  to  knowledge  about  general  susceptibility.  The  crack  growth  mode  is  generally 
intergranular  for  aqueous  environments  and  hydrogen-gas  environments.  A  key  difference  between 
environment-induced  crack  growth  in  Fe-Cr-Ni  alloys  and  nickel-base  alloys  is  the  susceptibility  to 
cracking  in  hydrogen  environments  in  nickel-base  alloys,  while  Fe-Cr-Ni  alloys  exhibit  cracking  in 
hydrogen  environments  only  under  extreme  conditions.  This  paper  presents  a  comprehensive  review 
of  the  literature  on  environment-induced  crack  growth  of  nickel-base  alloys  and  covers  both 
phenomenological  observation  and  mechanistic  interpretation. 


Introduction 

Ni-base  alloys  exhibit  excellent  corrosion  resistance  in  a  wide  variety 
of  environments  This  behavior,  along  with  the  high-temperature 
strength  that  can  be  developed  in  many  Ni  alloys,  has  prompted  their 
extensive  use  in  chemical,  petrochemical,  pulp  and  paper,  food,  and 
electric  power  industries.  However,  environment-induced  cracking 
has  been  a  continuing  problem  for  certain  material/environment 
conditions.  It  is  important  to  keep  in  mind  that  even  though  cracking 
has  been  observed  in  service,  Ni-base  alloys  have  proven  to  be  the 
most  corrosion-resistant  system  for  severe  engineering  applications. 

Environment-induced  cracking  of  Ni-base  alloys  in  aqueous 
solutions  will  bo  reviewed,  analyzed,  and  evaluated  in  this  paper. 
Special  intorest  will  be  given  to  the  metallurgical  variables  that  have 
been  observed  to  influence  susceptibility  and  on  specific  crack 
growth  mechanisms.  Stress  corrosion  cracking  (SCC)  and  H-Induced 
cracking  (HIC)  of  solid-solution  and  precipitation-hardened  Ni  alloys 
will  be  examined  to  Identify  controlling  parameters  and  crack  growth 
processes.  Transgranular  and  intergranular  processes  will  be  iso¬ 
lated  and  evaluated  in  relation  to  mechanistic  models  for  environment- 
induced  crack  growth. 

Environment-Induced  cracking  of  austenitic  alloys  has  received 
considerable  attention  over  tha  last  25  years  and  has  been  the 
subject  of  sovera!  reviews.’  ’*  Most  of  these  reviews  have  dealt 
primarily  with  austenitic  stainless  steels  fSSs)  and  not  directly  with 
Ni-base  alloys.  The  only  Nl-base  alloy  that  is  often  discussed  is  .alloy 
600  (UNS  N06600),  which  exhibits  many  mlcrostructural  similarities 
to  the  unstabilized  SSs.  Other  alloys  ranging  from  simple  binary 
systems  (e  g.,  Monel1  alloys)  to  complex  systems  (e.g.,  Hastelloy* 
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alloys)  have  not  been  examined.  Ni  and  a  wide  range  of  Ni-base 
alloys  will  be  considered  in  order  to  develop  a  more  comprehensive 
understanding  of  environment-induced  cracking  in  this  important 
alloy  system. 

FACTORS  CONTROLLING 
ENVIRONMENT-INDUCED  CRACK  GROWTH 

Environment-induced  cracking  can  be  defined  similar  to  the 
classic  definition  of  SCC  Cracking  occurs  because  of  the  combined 
presence  of  a  susceptible  material/microstructural  condition,  a  suffi¬ 
ciently  corrosive  environment,  and  a  sufficiently  high  stress.  Each  of 
these  three  components  is  required  for  cracking,  and  each  will  be 
described  based  on  experimental  observations  in  Ni-base  alloys. 

Metallurgical  Aspects 
Bulk  effects 

Ni  is  used  for  many  corrosion-resistant  applications  without 
alloying  Commercial-purity  Ni  has  excellent  resistance  to  attack  in 
caustic  environments.  Numerous  elements  are  added  to  Ni  including 
C,  Cr,  Mo,  Fo,  Si,  Cu,  Al.  Ti,  Nb,  and  W.  These  elements  can  directly 
affect  microstructural  and  microchemical  development  and  impact 
material  strength  and  deformation  characteristics.  Each  of  these 
metallurgical  aspects  can  then  affect  cracking  resistance,  as  will  be 
discussed  below  A  number  of  common  Ni-base  alloys  are  listed  in 
Table  1  along  with  their  nominal  bulk  compositions. 

Bulk  composition  can  have  a  controlling  influence  on  environ¬ 
mental  cracking.  The  effects  of  individual  elements  are  a  function  of 
thermomechanical  treatment  and  service  environment.  For  example, 
the  susceptibility  of  alloy  600  to  intergranular  (IG)  SCC  tends  to 
increase  with  C  content  in  oxidizing  environments, ,3‘15  while  the 
opposite  behavior  is  found  in  deaerated,  high-temperature 
water.,6'MThus,  it  is  difficult  to  make  generic  conclusions  concerning 
bulk  effects  without  considering  specific  alloys,  metallurgical  condi¬ 
tions,  and  solution  chemistries. 
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TABLE  1 

Nominal  Compositions  of  Various  Alloying  Elements  in  Ni-Base  Alloys,  wt% 


Alloy 

C 

Cr 

Fe 

Mo 

Co 

Cu 

Al 

Tl 

Others 

Ni  200 

0.06 

0.15 

0.05 

Monel 

0.15 

— 

1.5 

— 

— 

30.0 

— 

_ 

Type  600(A> 

0.08(C> 

15.5 

8.0 

- 

1.0<c> 

0.5 

— 

— 

Type  625<a> 

0.1<c> 

21.5 

5.0<c> 

9.0 

1.0(0 

— 

0.4 

0.4 

Nb+Ta 

Type  690(A) 

0.08!C) 

29 

9.0 

- 

1.0<c> 

0.5 

— 

— 

Type  718(A) 

0.05 

18 

19.0 

3.0 

1.0<c> 

0.1 

0.5 

0.9 

Nb+Ta 

Type  X-750(A> 

0.08(C> 

15.5 

7.0 

- 

1.0<c> 

0.5 

0.8 

2.5 

Nb+Ta 

Type  825(A) 

0.05(C) 

21.5 

29.0 

3.0 

2.0(C> 

2.0 

— 

1.0 

Type  C-276(0> 

0.01 <C) 

16 

5.5 

16.0 

2.0(0 

— 

— 

— 

W 

(A,lnconel  alley,  INCO. 

<e)Hastelloy  alloy,  Haynes  International,  Inc. 
<c,Maximum  concentration. 


The  addition  of  many  minor  alloying  elements  on  IGSCC 
susceptibility  has  been  examined  for  alloy  X-750  (UNS  N07750)21,22 
While  there  is  some  disagreement  concerning  the  effects  of  Zr  and  B, 
other  elements  such  as  Cr,  Mg,  Cu,  La,  N,  O,  S,  and  P  ware  found 
to  have  no  significant  influence  on  cracking.  Floreen  and  Nelson 
reported  beneficial  effects  of  Zr  and  B  additions,2'  while  Hattori 
indicated  B  to  be  detrimental  and  Zr  to  have  no  effect  on  IGSCC.22 
Si  was  identified  as  being  particularly  detrimental  to  cracking 
resistance.22  Again,  it  is  important  to  keep  in  mind  the  complex 
interrelationship  among  composition,  metallurgical  condition,  and 
solution  chemistry  on  IGSCC  susceptibility.  Alloying  and  impurity 
elements  tend  to  modify  specific  aspects  of  the  material  microstruc¬ 
ture  and  microchemistry,  which  in  turn  impact  SCC.  Individual  effects 
of  certain  elements  will  be  explained  during  discussions  of  micro¬ 
structure  and  microchemistry  in  Ni-base  alloys. 

Strength  level  can  have  a  significant  effect  on  cracking, 
particularly  HIC  If  all  other  parameters  are  kept  constant,  increasing 
material  strength  will  increase  HIC  svrceptibility.  Cold  work  has  been 
shown  to  accelerate  cracking  in  many  materials,  including  alloys 
600, 23  24  X-750. 718  (UNS  N0771 8),2S  625  (UNS  N06625),  C-4  (UNS 
N06455),  and  C-276  (UNS  N10276).26  Precipitation-hardened  alloys 
tend  to  exhibit  an  increased  cracking  susceptibility  over  solid-solution 
alloys  of  the  same  basic  type.  A  good  example  of  this  is  the 
comparison  of  alloys  600  and  X-750,  in  which  the  higher-strength 
X-750  is  much  more  prone  to  cracking  in  H  and  high-temperature 
deoxygenated  water  environments.  However,  higher  strength  need 
not  involve  increased  HIC.  Alloy  718  has  shown  excellent  HIC  and 
SCC  resistance  in  several  solutions,  despite  its  high  strength.  'a24'28-27 

Deformation  characteristics  have  an  important  effect  on  SCC 
and  HIC  susceptibility.  In  particular,  slip  planarity  can  influence 
cracking  susceptibility  and  fracture  morphology.  Planar  slip  leads  to 
dislocation  pile-ups  and  high  local  stresses.  Crack  nucleation  at 
external  and  Internal  interfaces  may  be  enhanced,28  as  well  as  H 
transport  along  planar  arrays.29  An  example  ol  these  planar  dislo¬ 
cation  arrays  (pile-ups)  for  alloy  600  is  shown  in  Figure  1.  Materials 
with  relatively  low  stacking  fault  energies  (SFEs)  exhibit  this  behavior 
at  small  plastic  strains  because  of  higher  stress  requirements  for 
cross  slip  to  occur. 

Short-range  ordering  (SRO)  and  long-range  ordering  (LRO)  can 
also  promote  planar  slip  and  increase  susceptibility  to  HIC.  While 
other  factors  influence  HIC  resistance,  SRO  and  LRO  appear  to  have 
an  important  effect  on  the  cracking  of  alloy  C-276.30'38  Asphahani 
suggested  that  ordering  prompted  HIC  through  its  effect  on  slip 
characteristics.30  Dislocation  substructures  with  planar  arrays  de¬ 
velop  since  dislocations  move  as  coplanar  groups  and  large  stresses 
are  needed  for  cross  slip.  As  a  result,  ordering  causes  slip  charac¬ 
teristics  similar  to  low  SFE  metals  even  though  the  apparent  SFE 
increases.32 

Ordering  also  increases  material  strength  level,  which  corre¬ 
sponds  to  the  onset  of  HIC  susceptibility.  Results  of  Fiore  and  Kargol 
presented  in  Figure  2  illustrate  this  dependence  as  a  function  of  aging 


time  (i.e.,  degree  of  order)  at  500°C.32  The  initial  increase  in  hardness 
and  decrease  in  time-to-failure  is  related  to  SRO,  while  the  change 
after  long-time  aging  is  a  result  of  LRO.  It  is  not  known  at  this  time 
whether  SRO  or  LRO  is  a  sufficient  condition  to  promote  cracking  or 
if  P  segregation  is  also  required,  as  suggested  by  Berkowitz  and 
Kane.35  In  the  presence  of  cathodic  H,  Asphahani  observed  trans- 
granular  cracking  in  highly  deformed  and  aged  C-276,30  so  P 
segregation  may  not  be  a  factor  in  heavily  cold-worked  material.  P 
may  have  a  complex  effect  on  cracking  since  it  also  increases  the 
rate  of  SRO.32  In  a  more  general  sense,  P37-38  and  N38-80  have  been 
shown  to  have  the  largest  effect  on  slip  planarity  of  all  solutes  in 
austenitic  alloys.  This  is  believed  to  result  from  SRO  effects  and  not 
from  changes  in  SFE.7-38  Regardless,  both  elements  are  thought  to 
increase  environmental  cracking  susceptibility  because  of  their 
influence  on  deformation  characteristics.8 


0.3  (im 


FIGURE  1— Transmission  electron  micrograph  showing  dislo¬ 
cation  emission  from  grain-boundary  carbides. 
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FIGURE  2— Comparison  between  hardness,  Stage  II  crack  ve¬ 
locity,  and  time-to-failure  for  Hastelloy  alloy  C-276  (UNS 
N10276).32 

Microstructural  effects 

Environment-induced  failure  of  Wi-base  alloys  is  very  sensitive 
to  heat  treatment.  The  most  effective  heat  treatment  often  depends 
on  the  service  environment  (e.g.,  resistance  to  cracking  can  be 
markedly  different  in  oxidizing  vs  nonoxidizing  and  low  pH  vs  high  pH 
solutions).  Heat  treatment  impacts  SCC  and  HIC  through  its  effect  on 
material  microstructure  and  microchemistry.  For  many  alloys,  grain¬ 
boundary  microcharacteristics  control  material  behavior.  Microstruc- 
ture  and  microchemistry  effects  on  environmental  cracking  are 
isolated  (where  possible)  in  this  and  the  following  section. 

Carbide  precipitation.  C  and  Cr  are  primary  alloying  elements 
in  many  of  the  Ni  alloys,  particularly  in  Inconels,'  as  indicated  in  Table 
1  This  promotes  the  formation  of  Cr-rich  carbides,  typically  M7C3  in 
alloy  600  and  M23C6  in  the  more  complex  alloys.  In  addition,  Ti 
carbides/carbonitrides  and  refractory-metal  carbides  are  present  in 
some  of  the  precipitation-hardened  alloys.  Distribution  and  morphol¬ 
ogy  of  Cr-rich  carbides  in  alloys  600  and  X-750  have  been  shown  to 
influence  directly  IGSCC  resistance  in  high-temperature  caustic  and 
deaerated  water  environments.3 16  20  4°-S0  Because  these  alloys  are 
of  critical  interest  in  nuclear  power  plants  and  have  been  more 
extensively  studied  than  other  Ni  alloys,  carbide  precipitation  effects 
in  alloys  600  and  X-750  will  be  described  in  some  detail. 

Cr-carbide  precipitation  occurs  readily  because  of  the  extremely 
low  C  solubility  in  most  Ni-base  alloys.5’  Mill-anneal  temperatures 
below  about  1000°C  will  not  solutiomze  pre-existing  carbides  and 
result  in  predominantly  intragranular  carbides  in  the  final  structure. 
This  combination  of  intragranular  with  no  intergranular  carbides 
appears  to  be  very  susceptible  to  SCC  in  htgh-temperature  CmuSIic  cr 
deaerated  water.  As  mill-anneal  temperatures  are  increased  above 
1 000’C,  carbides  are  dissolved  so  that  C  is  available  for  intergranular 
precipitation  during  cooling  or  subsequent  thermal  treatment.  It  a 
•arge  fraction  of  tho  bulk  C  is  tied  up  in  intragranular  carbides,  tew 
intergranular  carbides  will  form  during  cooling  or  thermal  treatment. 

Tho  ability  to  produce  a  controlled  carbide  distribution  is  critical, 
since  intergranular  carbides  tend  to  increase  SCC  resistance. 
Semicontlnuous  or  continuous  distributions  have  been  shown  to 
improve  behavior  in  caustics  and  in  deaerated  water.  Most  evalua¬ 
tions  have  used  U  bend  specimens  and  have  assessed  susceptibility 
based  on  time-to-failure.  As  a  result,  crack  growth  data  are  very 
limited,  and  it  is  not  known  to  what  extent  carbides  influence  crack 
initiation  vs  crack  growth.  Hecent  results  suggest  a  relatively  small 
effect  on  subcritical  growth  rates,  while  the  larger  elfect  of  intergran¬ 
ular  carbides  appears  to  be  on  crack  nucleation  (or  growth  of  very 
small  cracks).48  47  Unfortunately,  a  clear  description  ol  carbide 
effects  on  mechanistic  aspects  of  environment-induced  cracking  of 
alloys  600  and  X-750  in  high-temperature  deaerated  water  or 
caustics  has  not  been  established. 

Tho  presence  of  intergranular  carbides  does  not  indicate  a  mure 
SCC  resistant  microstructure  if  alloy  600  or  X-750  is  tested  in  more 
oxidizing  environments  or  In  lower-temperature  H  environments.  On 
the  contrary,  microstructures  with  a  high  density  of  intergranular 

tTrade  name. 


carbides  can  be  extremely  susceptible  to  IGSCC.  Carbide  density 
effects  on  environment-induced  cracking  are  illustrated  by  the  results 
of  Miglin  and  Domian  in  Figure  3.49  The  extent  of  cracking  for  alloy 
X-750  drops  to  low  levels  as  intergranular  carbide  density  increases 
in  deaerated  water  tests,  while  the  reverse  is  observed  for  tests  in  a 
H  environment  at  lower  temperatures.  Cracking  in  H  does  not  result 
solely  from  the  presence  of  grain-boundary  carbides.  Cr  depletion 
that  develops  adjacent  to  the  growing  carbides  controls  susceptibility 
in  high-temperature  oxidizing  solutions13''4’52  or  in  acidic  sulfate 
environments.63'55  Grain-boundary  impurity  segregation  also  pro¬ 
motes  cracking,  particularly  in  low-temperature  H  environments.49’56' 
58  Cr  depletion  and  segregation  effects  on  environmental  cracking 
will  be  discussed  in  a  following  section. 


FIGURE  3— Average  crack  depth  vs  grain-boundary  carbide 
coverage  for  alloy  X-750  (UNS  N07750).49 


Intermetallic  phases.  A  large  number  of  intermetallic  phases 
can  form  during  aging  of  precipitation-hardening  alloys  (e.g.,  alloys 
X-750  and  718)  including  -y*.  Ni3(AI,  Ti),  y",  Ni3(AI,  Nb),  i),  Ni3Ti,  A, 
Ni3Nb,  and  Laves  (Fe2Ti)  phases.  While  many  of  these  phases  have 
an  indirect  impact  on  environment-induced  cracking  (by  matrix 
strengthening),  only  y’  has  been  directly  linked  to  the  cracking 
process  Hosoya  and  coworkers  have  suggested  that  preferential 
dissolution  of  y'  at  grain  boundaries  of  alloy  X-750  generates  H 
locally  and  prompts  HIC  in  high-temperature  deaerated  water.50  This 
proposal  is  based  on  electrochemical  polarization  work  on  single- 
phase  compounds  simulating  intermetallics  of  interest.  While  y  may 
play  a  role  in  the  mechanism  of  crack  growth  when  present,  the 
presence  or  absence  of  intergranular  carbides  remains  the  dominant 
microstructural  feature  influencing  behavior  in  alloy  X-750. 

Intermetallic  precipitates  can  also  have  an  important  effect  on 
bulk  deformation  behavior.  For  example,  exchanging  y  (alloy  X-750) 
fory"  (alloy  7 18)  as  tho  matrix-strengthening  phase  sharply  modifies 
resultant  deformation  structures.  The  >'  matrix  phase  in  alloy  X-750 
promotes  coplanar  dislocation  structures®’  and  localized  deformation 
behavior  On  the  other  hand,  alloy  718  with  y"  as  the  matrix¬ 
strengthening  phase  exhibits  a  much  more  homogeneous  dislocation 
structure  10  This  difference  in  deformation  characteristics  may  be  a 
key  aspect  in  the  improved  IGSCC  lesislance  observed  tor  alloy  718 
vs  X-750. 

Dislocation  density.  Cold  work  has  been  noted  to  increase 
cracking  susceptibility  for  many  Ni-base  alloys.  Any  prior  working  will 
lead  to  an  increased  dislocation  density  and  residual  stress  in  the 
material,  and  it  will  promote  an  overall  increase  in  strength  level.  It  the 
increased  dislocation  density  is  present  before  final  aging  treatments, 
elemental  diffusivities  and  precipitation  nucleation  sites  can  be 
significantly  modified  For  example,  Hosoi,  et  al.,43  reported  a  change 
from  globular  MjsCe  carbides  to  cellular  morphologies,  and  then  to  a 
fine  scatteied  shape  after  final  aging  it  cold  work  were  present  prior 
to  heat  treatment  The  fine  distribution  was  the  most  resistant  to 
cracking  in  high-temperature  deaerated  water. 

Radiation  damage.  Core  components  in  both  boiling  water 
reactors  (BWR)  and  pressurized  water  reactors  (PWR)  have  expe¬ 
rienced  IGSCC  after  a  specific  irradiation  exposure.  This  cracking, 
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termed  irradiation-assisted  stress  corrosion  cracking  (IASCC),  has 
been  observed  in  austenitic  SSs  and  Ni-base  alloys.10'60'63  The 
IASCC  process  is  extremely  complex,  with  radiation  influencing 
material  microstructure,  microchemistry,  and  deformation  behavior, 
and  solution  chemistry  and  electrochemistry. 

From  a  microstructural  point  of  view,  radiation  damage  of 
austenitic  SSs  and  Ni-base  alloys  at  300°C  produces  a  large  number 
of  matrix  defects  including  vacancies,  interstitials,  and  clusters. 
Increases  in  cluster  density  with  irradiation  exposure  produces  a 
significant  increase  in  material  strength  and  a  decrease  in  ductility. 
Local  chemistry  changes  and  second-phase  precipitation  or  phase 
transformations  can  also  be  induced  by  radiation.  The  presence  of  a 
high  density  of  clusters  can  lead  to  planar  deformation  behavior.64  65 
Dislocation  activity  becomes  localized  in  narrow  slip  bands,  which 
can  promote  large  stress  concentrations  where  these  bands  impinge 
on  grain  boundaries.  Intergranular  fracture  has  been  observed  in  air 
for  alloy  X-750  after  sufficient  radiation  damage,  apparently  because 
of  this  localized  deformation  behavior.65 

While  the  majority  of  the  data  on  IASCC  has  been  obtained  for 
austenitic  SSs,  observations  of  IASCC  in  Ni-base  alloys  have  been 
made.  Garzarolli,  et  al.,66  reported  on  stress  corrosion  experiments 
with  alloys  625,  X-750,  and  718  in  the  core  of  a  BWR  and  PWR 
reactor.  The  samples  were  irradiated  as  cladding  with  mixtures  of 
Al203  +  B4C  pellets  to  induce  various  strain  rates  while  being 
irradiated  in  the  core  and  in  contact  with  the  reactor  coolant.  Two 
impurity  concentrations  of  alloy  625  and  variable  heat  treatments  on 
a  single  heat  of  alloy  X-750,  given  three  different  heat  treatments, 
failed  in  both  the  BWR  and  PWR  environments  with  strains  of  1%  or 
less.  Alloy  718,  heat  treated  at  954°C/1  h  +  718°C/8  h  +  6215C/8  h, 
has  not  exhibited  IASCC  up  to  strains  of  1.5%  in  a  BWR  environment 
or  1.0%  in  a  PWR  environment;  the  same  alloy  heat  treated  at 
10654C/0.5  h  +  760°C/10  h  +  649X3/20  h  exhibited  IASCC  at  a 
strain  of  0.5%  in  a  PWR  environment.  An  intergranular  fracture  mode 
was  observed  in  all  materials. 


Microchemical  effects 

Environment-induced  cracking  of  Ni-base  alloys  tends  to  be 
intergranular  for  many  alloys  and  environments.  This  fact  specifies  a 
strong  interest  in  grain-boundary  characteristics  for  these  alloys. 
Precipitation  characteristics  at  grain  interfaces  were  shown  to  be 
important  in  assessing  cracking  resistance  in  the  previous  section;  in 
this  section,  grain-boundary  micrcchamisiry  effects  wiii  be  reviewed. 
Equilibrium  and  nonequilibrium  processes  can  lead  to  critical  enrich¬ 
ments  of  Impurity  elements  or  depletions  in  alloying  elements  that 
directly  mrdify  cracking  resistance. 

Impurity  segregation.  Ni  and  Ni-base  alloys  are  very  suscep¬ 
tible  to  intergranular  embrittlement  because  of  the  grain-boundary 
segregation  of  certain  trace  impurities,67-70  S  has  received  the  most 
attention,  but  other  impurities  such  as  Se,  Te,  Bi,  and  Pb  have  been 
shown  to  segregate  and  embrittle  Ni-base  alloys.70  It  is  expected  that 
this  tendency  for  segregation-induced  mechanical  embrittlement 
Indicates  that  these  elements  would  also  have  a  strong  effect  on 
environmental  cracking  and  HIC  in  particular.  Fortunately,  these 
elements  are  carefully  controlled  In  most  Ni-base  alloys,  resulting  in 
a  bulk  concentration  low  enough  to  minimize  grain-boundary  segre¬ 
gation. 

S  segregation  has  been  shown  to  promote  IG  corrosion71'74  and 
HIC74'79  in  Ni,  but  not  SCC.74'80-81  Bruemmer,  et  al„  have  docu¬ 
mented  direct  correlations  between  the  amount  of  S  segregated  to 
grain  boundaries  and  susceptibility  to  IG  corrosion73  and  HIC78  in  a 
low-temperature  acidic  solution  (Figure  4).  A  transition  In  behavior  is 
observed  for  both  cases  when  grain-boundary  S  coverages  increase 
from  about  5%  to  10%  of  a  monolayer,  This  “critical"  coverage  to 
induce  environmental  degradation  depends  on  electrochemical  po¬ 
tential,  as  demonstrated  by  Jones,  et  al„  for  HIC  at  various  cathodic 
test  potentials.79 

S  has  a  very  low  solubility  in  Ni  (100  appm  at  973'K)  and 
segregates  to  very  high  enrichment  ratios  at  grain  boundaries  (105 
times).  As  a  result,  an  alloy  with  1  ppm  in  the  bulk  can  still  reach  levels 


of  10%  at  the  boundary.  The  most  effective  method  of  limiting  S 
segregation  in  Ni  has  been  through  additions  of  Mg  or  other  strong 
sulfide-forming  elements.  Grain-boundary  segregation  in  Ni-base 
alloys  is  typically  quite  small  or  not  observed  because  of  the 
presence  of  sulfide  formers  such  as  Mg,  Zr,  Hf,  Ti,  or  Cr.69-82'84 
However,  these  elements  do  much  more  than  simply  tie  up  S  in 
complex  Ni-base  alloys,  and  their  effectiveness  depends  on  alloy 
chemistry  and  thermomechanical  processing.84 


GRAIN  BOUNDARY  FRACTURE  SURFACE  COVERAGE  OF  SUIFUR 
(MONOLAYERS) 

FIGURE  4— Percent  Intergranular  fracture,  strain  to  failure,  and 
reduction  of  area  vs  grain-boundary  S  concentration  for  NI 
tested  in  1  M  HjS04.76 

Grain-boundary  segregation  of  S  has  been  proposed  to  play  an 
important  role  in  the  IGSCC  of  alloy  800  in  deaerated  water 
environments.3  '6  This  appears  to  bo  unlikely  based  on  the  lack  of 
significant  S  segregation  measured  in  this  system.85"92  S  levels 
enriched  at  grain  boundaries  are  consistently  below  several  percent 
of  a  monolayer,  if  observed  at  all.  It  is  important  to  note  that  Andresen 
and  Briant  have  shown  that  S  segregation  may  enhance  SCC  of 
nonsonsitized,  austenitic  SS  in  aerated,  high-temperature  water.93 
No  comparable  results  have  been  documented  in  Ni-base  alloys. 

P  also  strongly  segregates  to  grain  boundaries  in  Ni  and 
Ni-base  alloys.35'58'67'78'85'82'04  It  is  the  primary  impurity  segregant  in 
most  Ni-base  alloys  and  can  achieve  grain-boundary  enrichment 
ratios  comparable  to  those  for  S.  Grain-boundary  segregation  data 
for  Ni  and  several  Ni  alloys  have  been  compiled  and  plotted  in  Figure 
5  P  enrichment  increases  with  decreasing  temperature  consistent 
with  the  equilibrium  segregation  prediction  shown  as  the  solid  line  in 
the  figure.  The  change  in  the  predicted  segregation  behavior  below 
about  700X3  results  from  the  solubility  limit  for  P  in  Ni  being 
exceeded.  Thus,  the  amount  of  P  available  to  segregate  is  expected 
to  decrease  as  heat-treatment  temperatures  drop  below  this  limit. 

Unlike  S,  P  segregation  does  not  embrittle  Ni  in  the  absence  of 
an  environmental  effect.  P  also  appears  to  have  a  very  small  effect 
on  HIC  in  low-strength  Ni,  certainly  much  less  than  that  for  S.76  In 
higher-strength  materials  such  as  alloys  600  and  X-750,  HIC  has 
been  shown  to  depend  on  grain-boundary  P  composition.58-85 
However,  the  same  heat  treatments  that  produce  high  levels  of  P 
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segregation  result  in  continuous  grain-boundary  carbide  precipita¬ 
tion,  which  can  influence  the  tendency  for  IG  fracture.  P  segregation 
has  been  found  to  decrease  the  tendency  for  IG  HIC  in  alloy  60057 
and  Monel  400  (UNS  N04400).94 

Grain-boundary  segregation  of  P  has  been  shown  to  promote  IG 
corrosion  in  oxidizing  solutions  for  Ni73-74'8'-95  and  Ni-base 
alloys.87'89’91-96'97  P  has  also  been  implicated  in  the  IGSCC  of  these 
same  alloys.  Bruemmer74  and  Jones  and  coworkers80'81  demon¬ 
strated  that  P  segregation  to  the  grain  boundaries  in  Ni  causes  IG 
cracking  at  passive  and  transpassive  potentials  in  a  low-temperature 
acidic  solution.  Evidence  for  a  similar  P  effect  in  austenitic  alloys  has 
not  been  obtained.  P  segregation  in  alloys  600  and  X-750  is  almost 
always  linked  to  IG  carbide  precipitation;  i.e.,  both  change  concur¬ 
rently.  Was  found  that  grain-boundary  P  did  not  promote  IGSCC  in  a 
carbon-free,  P-doped,  alloy  600  heat  when  tested  in  high-tempera¬ 
ture  water.98  This  is  consistent  with  recent  results  for  type  304  (UNS 
S30400)  SS.93 


FIGURE  6— Comparison  between  grain-boundary  carbide  pre¬ 
cipitation  kinetics  in  type  304  (UNS  S30400)  SS  and  alloy  600 
(UNS  N06600)  with  comparable  carbon  contents. 
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FIGURE  5— Grain-boundary  P  segregation  In  type  304  (UNS 
S30400)  SS  and  alloy  600  (UNS  N06600)  as  a  function  of 
temperature. 
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Several  other  impurities  have  been  shown  to  become  enriched 
in  grain  boundaries  in  Ni  and  Ni  alloys.  Carbon  segregation  leading 
to  graphite  precipitation  has  been  observed  in  commercial-purity 
nickel,99  which  can  result  in  poor  mechanical  and  corrosion  behavior. 
In  most  Ni-base  alloys,  C  !s  essentially  tied  up  in  the  form  of  carbides 
and  is  not  considered  to  have  an  independent  segregation  effect  on 
environmental  cracking.  B,  on  the  other  hand,  appears  to  have  at 
least  an  indirect  influence  on  cracking  susceptibility.  Grain-boundary 
B  segregation  in  alloy  600  has  boen  documented  by  several 
authors  86’88'90  B  additions  improve  the  HIC  of  pure  Ni100'101  and 
Ni-aluminide  intermetallic  compounds.102  The  effect  of  B  on  IG 
corrosion  and  SCC  of  alloy  600  appears  to  be  related  to  Cr 
carbide-precipitation  kinetics.  Low  bulk  levels  retard  precipitation, 
while  higher  levels  accelerate  precipitation.  Thus,  B  may  affect  SCC 
susceptibility  in  environments  in  which  IG  carbide  precipitation  and 
Cr  depletion  are  instrumental  in  the  cracking  process. 

Other  potentially  detrimental  elements  such  as  Se,  To,  Bi,  Pb,70 
and  Sb,52'78  which  can  segregate  in  Ni  and  Ni  alloys,  appear  to  do  so 
only  whon  the  bulk  concentration  is  significantly  increased  by  doping. 
Enrichment  ratios  comparing  segregated  grain-boundary  and  bulk 
concentrations  aro  too  small  for  significant  interfacial  enrichment  to 
occur  In  typical  alloys.  As  a  result,  even  though  these  elements  can 
promote  HIC,  they  probably  do  not  play  a  role  in  environment 
induced  cracking  of  commercial  alloys. 

Chromium  depletion.  The  precipitation  of  Cr  carbides  along 
grain  boundaries  in  the  Ni  Cr  alloys,  such  as  alloys  600  and  X  750, 
promotac  the  formation  of  a  Cr  depleted  region  for  certain  timo- 
temperature  treatments  Because  of  C's  low  solubility  and  Cr’s 
relatively  fast  diffusivity,  this  depletion  or  sensitization  occurs  much 
more  rapidly  in  Ni-base  alloy  600  than  Fe-base  alloy  304.  A 
comparison  of  typical  time-temperature-sensitization  kinetics  in 
alloy  600  and  austenitic  SSs  of  comparable  C  contents  is  shown  in 
Figure  6  Because  of  the  more  rapid  sensitization  kinetics  in  the  Ni 
base  alloy,  it  is  likely  that  moderate  to  high  C  heats  will  exhibit 
grain-boundary  Cr  carbides  and  some  Cr  depletion  in  the  mill 
annealed  condition  The  extent  of  this  depletion  will  depend  on 
processing  temperatures  and  cooling  rates. 


Cr  depletion  becomes  most  significant  during  heat  treatment  in 
the  temperature  range  550  to  750*0.  Desensitization  occurs  quite 
rapidly  at  higher  temperatures,  while  Cr  diffusion  kinetics  are  too  slow 
at  lower  temperatures  for  carbide  nucleation  and  sensitization,  as 
indicated  in  Figure  6.  Another  important  difference  between  Cr 
depletion  in  Ni-base  nd  Fe-base  stainless  alloys  is  the  carbide- 
precipitation  thermL_ii.amics.  Carbide  thermodynamics  specify  the 
Cr  concentration  in  equilibrium  with  the  growing  precipitate.  Local 
grain-boundary  Cr  concentrations  reach  much  lower  levels  than  for 
SSs  because  of  this  difference.  For  example,  minimum  concentra¬ 
tions  are  typically  about  10%  at  600°C  for  alloy  304103  and  less  than 
6%  for  a  comparable  alloy  600  heat.88 

Cr  depletion  controls  IGSCC  susceptibility  in  oxidizing  environ¬ 
ments  for  both  Fe  and  Ni-base  austenitic  stainless  alloys.  The 
susceptibility  of  alloy  600  to  IGSCC  in  aerated,  high-temperature 
water  environments  directly  depends  on  the  extent  of  Cr  depletion 
(degree  of  sensitization),  as  has  been  well  documented  for  austenitic 
SSs.104  This  same  correspondence  can  be  noted  for  SCC  tests  in 
low-temperature  sulfate  solutions.53'55  Was  and  Rajan  determined 
that  IGSCC  susceptibility  varied  with  the  extent  of  Cr  depletion  and 
the  minimum  Cr  concentration  at  the  grain  boundary  in  particular.53 
Intergranular  cracking  increased  as  Cr  at  the  boundary  was  de¬ 
creased  below  about  8  wt%.  Bruemmer  observed  a  similar  IGSCC 
dependence  on  the  minimum  grain-boundary  Cr  concentration  in 
type  304  during  tests  in  aerated,  high-temperature  water.104  These 
results  (illustrated  in  Figure  7)  point  out  the  critical  importance  of 
sensitization  and  specific  Cr-depletion  characteristics  on  IGSCC  in 
oxidizing  environments. 

The  previous  discussion  was  carefully  limited  to  oxidizing 
environments  because  nearly  the  opposite  behavior  has  been  seen 
concerning  carbide  precipitation  and  Cr-depletion  effects  on  IGSCC 
in  high-temperature  deaerated  water  and  caustics.  As  noted  in  some 
detail  earlier,  this  behavior  results  from  the  presence  or  absence  of 
IG  carbides.  Any  effect  of  Cr  depletion  is  minor  in  comparison  to  the 
beneficial  influence  of  the  carbides  in  these  environments. 

Irrcdlatlon-lnduced  microchemistry.  Grain-boundary  compo¬ 
sition  can  be  markedly  changed  during  neutron,  electron,  or  ion 
irradiation.  Displacement  damage  produces  a  nonequilibrium  con¬ 
centration  of  vacancies  that  can  enhance  diffusion  and  segregation. 
Undersized  solutes  migrate  to  available  sinks  such  as  grain  bound¬ 
aries,  while  oversized  solutes  tend  to  migrate  away  from  sinks.  Most 
work  iias  concentrated  on  SSs  in  which  Si  and  P  enrichment  and  Cr 
and  Mo  depletion  have  been  measured  at  grain  boundaries.80-61  Itr 

The  cause  of  IASCC  in  Ni-base  alloys  may  be  the  same  as  in 
austenitic  SSs,  or  there  may  bo  other  contributing  factors.  Brimhall, 
Baer,  and  Jones  evaluated  the  effect  of  irradiation  on  impurity 
segregation  of  Ni  t  0.03%  P  and  PE-16.’05  They  found  P  segrega¬ 
tion  occurred  at  a  rate  similar  to  that  observed  in  type  316  (UNS 
S31600),  therefore,  if  impurity  segregation  is  a  factor  in  IASCC  ot 
these  materials,  it  appears  that  it  can  occur  at  equal  rales  in  Ni-base 
and  Fe-Cr-Ni  alloys.  However,  the  effect  of  heat  treatment  on  the 
susceptibility  of  alloy  718  suggests  that  the  microstructure  is  a  (actor. 
Garzarolli,  et  al.,  observed  large  Ni3Nb  precipitates  at  the  grain 
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boundaries  of  the  unirradiated  alloy  718,  which  they  suggested 
contributed  to  this  alloy's  resistance  to  IASCC.66  However,  detailed 
microchemistry  and  microstructural  examinations  of  irradiated  mate 
rial  have  not  been  conducted,  so  the  role  of  segregation  and 
grain-boundary  microstructure  in  irradiated  material  is  largely  un¬ 
known. 
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IGSCC  of  Ni-base  alloys.  Was  and  Rajan  also  rioted  that  sodium 
tetrathionate  is  especially  effective  >n  causing  IGSCC  of  alloy  600.53 

Oxygen  concentration  is  a  critical  element  i.i  determining  the 
SCC  of  austenitic  steels  and  is  also  thought  to  be  a  factor  in  Ni-base 
alloys.  Crack  growth  is  more  predominant  in  aerated  solutions  than 
in  low-oxygen  solutions,  although  crack  growth  has  been  observed  in 
solutions  with  oxygen  concentrations  as  low  as  10  ppb  at  about 
300°C.49-107  An  example  of  the  effect  of  dissolved  oxygen  is  shown 
by  the  results  of  Matsushima  and  Shimizu  in  Figure  8.1CS 

Reduction  in  the  dissolved  oxygen  content  with  H  is  sufficient  to 
minimize  SCC  of  austenitic  SSs,  but  with  Ni-base  alloys,  this 
approach  was  shown  by  Totsuka,  et  at.,109  to  induce  crack  growth  by 
H  uptake.  This  result  suggests  that  the  IGSCC  of  solid-solution 
Ni-base  alloys  can  be  H  induced.  Other  results  by  Mager,  who 
demonstrated  crack  growth  in  steam-plus-H  environments,  further 
corroborates  this  idea.110  Matsushima  and  Shimizu  also  demon¬ 
strated  a  greater  SCC  susceptibility  in  alloy  600  at  pH  less  than  4.108 


FIGURE  7-Comparison  between  the  strain  to  failure  and  per¬ 
cent  Intergranular  fracture  vs  grain-boundary  Cr  minimum  for 
type  304  (UNS  S30400)  SS  and  alloy  600  (UNS  N06600). 

Environmental  Aspects 

SCC  results  when  the  environment,  microstructure,  and  stress 
factors  achieve  critical  conditions.  Of  these  three  controlling  factors, 
the  environment  can  assume  greater  importance  than  the  micro 
structure  and  stress  factors  because  it  can  change  with  time  in 
service  and  is  amenable  to  corrective  actions.  Microstructural  and 
stress  factors  are  established  by  fabrication  procedures  and  design 
and  do  not  change  appreciably  with  time  in  service,  while  water 
purity,  electrochemical  potential,  etc.,  can  change  appreciably  in  a 
short  time  period.  Also,  the  environment  is  amenable  to  monitoring 
and  alteration  to  minimize  the  potential  for  SCC. 

Water  environments 

Ni-base  alloys  are  susceptible  to  SCC  in  high-purity,  high- 
temperature  water,  given  that  the  material  is  in  a  susceptible 
condition  and  that  the  stress  is  sufficiently  high.  Alloys  600, 718,  and 
X-750  have  all  exhibited  crack  growth  in  high-temperature  water, 
although  in  general  the  crack  velocities  are  slow  (1 0*8  to  1 0  mm/s). 
In  high-purity  water,  impurities  such  as  Cl~,  Na2S203,  O,  etc., 
enhance  SCC  of  Ni-base  alloys  as  they  do  with  austenitic  SSs. 
Material  chemistry,  microstructure,  and  heat-treatment  effects  dom¬ 
inate  the  SCC  literature  for  Ni-base  alloys,  while  there  have  been 
relatively  few  controlled  water-chemistry  studies. 

Newman,  et  al.,  evaluated  the  effect  of  various  concentrations 
of  sodium  thiosulfate  and  sodium  tetrathionate  on  IGSCC  of  alloy 
600.'08  Sodium  tetrathionate  induced  crack  growth  at  22"C  in  U-bend 
tests  at  concentrations  as  dilute  as  ICr5  M  in  mill-annealed  material, 
while  sodium  thiosulfate  did  not  induce  crack  growth  up  to  a 
concentration  of  10’2  M  and  a  temperature  of  80’C.  A  reduction  in 
the  pH  to  3  caused  the  sodium  thiosulfate  to  be  as  effective  as  the 
sodium  tetrathionate  solutions  with  a  threshold  concentration  of  1 0  ~6 
M  at  40"C  in  aerated  solution  with  1 .3%  boric  acid.  This  concentration 
is  75  ppb  of  S,  which  is  thought  to  be  a  critical  species  in  causing 


FIGURE  8— Effects  of  dissolved  oxygen  and  a  crevice  on  the 
resistibility  index  of  solution-treated  material  in  pH  4  water  at 
300'C.108 


Concentrated  solutions 

Ni-base  alloys  are  frequently  used  in  applications  involving 
highly  corrosive  solutions  such  as  concentrated  acids  or  alkali 
solutions.  Considerable  SCC  work  has  been  performed  on  alloy  600 
in  high-temperature  caustic  environments.111 118  Caustics  were 
thought  to  play  a  critical  role  m  the  SCC  of  steam  generator  tubing 
and  have  been  used  to  accelerate  cracking  in  laboratory  tests.  Alloy 
600  has  been  shown  to  be  particularly  susceptible  to  cracking  in 
NaOH  solutions,  illustrated  by  the  data  in  Figure  9.  Cracking  was 
observed  in  NaOH  concentrations  as  low  as  4  g/L. 
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FIGURE  9— Comparison  of  SCC  resistance  of  type  316  (UNS 
S31600)  steel,  Incoloy  800  (UNS  N08300),  and  alloy  600  (UNS 
N06600)  In  NaOH  solutions.111 
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Theus,"1  Cels,"4  Lee,  et  al., 115  and  Bandy,  et  a!.,'16  all 
observed  IGSCC  of  alloy  600  tested  in  caustic  solutions  with 
bend,”1  constant  extension  rate  testing  (CERT),"4-”5  C-ring,  and 
constant-load  samples."6  Other  alloys  such  as  Incoloy1 800  (UNS 
N08800)  and  type  304  exhibit  transgranular  cracking  at  or  near  the 
open-circuit  potentials  and  intergranular  crack  growth  at  more 
oxidizing  potentials.  Theus  concluded  that  IGSCC  of  alloy  600 
occurred  at  electrochemical  potentials  in  the  active-to-passive  tran¬ 
sition,  as  shown  in  Figure  10.  Lee,  et  al.,  found  a  similar  potential 
dependence  to  cracking  in  mill-annealed  and  solution-annealed 
material.”5  Theus  also  observed  that  high-carbon  material  was  less 
susceptible  to  IGSCC  in  NaOH,  white  Lee  noted  that  high-carbon 
alloy  600  heat  treated  at  700°C  was  more  resistant  to  IGSCC  than  the 
mill-annealed  or  solution-annealed  material.  Alloy  690,  which  has 
about  twice  the  Cr  concentration  of  alloy  600,  was  shown  by  Crum  to 
be  much  more  resistant  to  IGSCC  than  alloy  600  in  both  the  annealed 
and  700°C  heat-treated  conditions."7 


FIGURE  10— Cracking  zone  for  alloy  600  (UNS  N06600)  shown 
with  respect  to  an  anodic  polarization  curve  in  10%  NaOH 
solution  at  288°C."1 


The  beneficial  effect  of  C  relates  to  the  dominant  influence  of 
gra.n-boundary  carbides  on  SCC  susceptibility  of  alloy  600  (and 
X-750)  in  high-temperature  caustics  and  deaerated  water.  This 
behavior  was  discussed  in  some  detail  in  the  section  on  microstruc- 
tural  effects.  The  presence  of  carbides  significantly  improves  SCC 
resistance  in  caustic  or  deaerated  water  but  may  indicate  a  micro¬ 
structure  susceptible  to  IG  attack  in  acidic  or  oxidizing  environments. 

The  severity  of  SCC  in  caustics  is  also  a  function  of  concentra¬ 
tion  and  temperature.  Several  researchers  have  reported  that  a  10% 
NaOH  solution  was  more  aggressive  than  a  50%  solution  at 
316°C.45-"2  Airey  rationalized  this  concentration  dependence  by 
considering  the  electrochemical  potential  and  corrosion  rate  in  these 
tests.87  Controlled  potential  tests  (near  the  active-passive  transition) 
showed  faster  crack  growth  with  increasing  NaOH  concentration. 
Temperature  has  a  large  effect  on  caustic  cracking.  Significant 
increases  in  cracking  have  been  reported  in  mill-annealed  and 
thermally  treated  alloy  600  by  increasing  test  temperatures  to  about 
340°C.87  Temperature  effects  on  and  activation  energies  for  SCC  will 
bo  discussed  in  a  following  section. 

Ni-base  alloys  are  resistant  to  SCC  in  concentrated  chloride 
solutions.  This  resistance  is  controlled  by  the  bulk  Ni  content  itself.  As 
Ni  is  increased  above  about  8%  (in  a  SS  alloy),  SCC  resistance 
increased  continually.  Ni  additions  shift  the  electrochemical  potential 
to  levels  below  the  critical  cracking  potential  in  boiling  MgCI2 
solutions.8  Evaluation  of  the  effect  of  Ni  concentration  on  corrosion  of 
a  17%  Cr  alloy  by  Coriou,  et  al.  (Figure  11),  illustrates  that  high  Ni 
alloys  do  not  exhibit  desirable  corrosion  resistance  in  low-pH,  highly 
oxidizing  solutions.”8 
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FIGURE  11  —Effect  of  Ni  content  on  corrosion  of  17%  Cr  steel  in 
boiling  5  N  HN03  solution  with  and  without  Cr6+.”8 


Hydrogen  environments 

Low-temperature  acidic  and  gaseous  hydrogen 
environments,  Ni  and  Ni-base  alloys  have  been  shown  to  exhibit 
H-induced  subcritical  crack  growth  at  25°C  under  a  variety  of 
conditions  including  cathodic  and  gaseous  H  precharging  and 
dynamic  cathodic  charging.33-53-75'79’93-”9'125  The  results  of  these 
studies  indicate  that  H  has  been  shown  to  induce  subcritical  crack 
growth  in  "high-purity”  and  commercial-purity  Ni,  and  in  solid-solution 
and  precipitation-hardened  Ni-base  alloys  and  Ni-Cu-AI  alloys. 

Ni  tested  under  dynamic  cathodic  charging  exhibits  a  reduced 
strain  to  failure  and  reductions  of  area,  as  shown  by  the  data  in 
Figures  12  and  13.75-78  Latanision  and  Opperhauser  demonstrated  a 
reduced  strain  to  failure  and  increased  tendency  for  intergranular 
fracture  with  increasing  cathodic  potential  and  increasing  grain 
Size.75  A  loss  of  ductility  and  increased  tendency  for  intergranular 
fracture  with  increasing  cathodic  potential  was  also  demonstrated  by 
Bruemmer,  et  al 7678  An  enhanced  H  effect  was  demonstrated  tor  Ni 
with  grain  boundaries  enriched  with  S  (Ni  case  in  Figure  13)  and  Sb 
relative  to  P-enriched  grain  boundaries.  Similar  effects  on  the  ductility 
of  Ni  are  obtained  whether  H  charging  occurs  simultaneously  with  the 
strain,  as  in  a  straining  electrode  test,  or  is  precharged  at  cathodic 
potentials  Boniszewski  and  Smith  demonstrated  that  the  strain  to 
failure  is  decreased  from  30%  for  H-free  samples  to  about  8%  for 
samples  charged  with  87  cc  (standard-temperature  pressure  (STP)] 
of  H  per  100  g  of  Ni  and  tested  at  25°C  and  a  strain  rate  of  8.33  x 
10-3  s-i  joe  reciUQtjon  jn  the  strain  to  failure  was  less  for  smaller  H 
concentrations."9 


FIGURE  12-Fracture  strain  of  polycrystalline  NI  with  grain 
sizes  ranging  from  40  pm  to  400  pm  tested  In  1  N  H2S04  at 
cathodic  potentials.75 


H  induces  subcritical  crack  growth  in  Ni  in  a  manner  very  similar 
to  that  observed  in  other  materials.  Examples  of  the  subcritical  crack 
growth  of  Ni  and  Fe  with  S-enriched  grain  boundaries  tested  at 
cathodic  potentials  are  shown  in  Figure  14.  The  results  of  Jones,  et 
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al  ,120  reveal  that  the  stress-intensity  threshold  and  Stage  I  crack 
velocities  for  Ni  and  Fe  with  S-enriched  grain  boundaries  are  very 
similar  Deviation  occurred  at  higher  stress  intensities  because  the 
subcritical  cracks  in  Fe  become  critical,  while  subcritical  cracks  in  Ni 
do  not  become  critical  because  of  plastic-zone  growth. 

Ni  tested  under  monotonic  or  cyclic  loading  is  also  influenced  by 
the  presence  of  gaseous  H 121'123  Wilcox  and  Smith12'  showed  that 
thermally  charging  Ni  with  H  was  equivalent  to  the  cathodic  charging 
results  of  Boniszewski  and  Smith119  for  equivalent  H  concentrations. 
For  instance,  at  1 0  cc  of  H2  per  1 00  g  of  Ni,  thermally  charged  Ni  had 
a  strain  to  failure  of  1 8%,  and  cathodically  charged  nickel  had  a  strain 
to  failure  of  22%  In  high-cycle  and  low-cycle  fatigue  tests  of  Ni  in 
gaseous  H,  Verpoort,  et  al  ,124  demonstrated  that  the  number  of 
cycles  to  failure  was  decreased  and  the  crack  growth  rate  increased. 


Potential,  Vsci 

FIGURE  13— Percent  IntergranMl&r  frscture  snd  reduction  of 
area  of  polycrystalllna  N f tested  In  1  ri  H2SO„  at  cathodic 
potentials.78 

Grain-boundary  segregation  of  elements  such  as  S,  Sb,  P,  and 
Sn77-ai.i2i.i22  has  been  shown  to  contribute  to  the  H-induced 
subcritical  crack  growth  of  Ni.  H  induces  an  intergranular  fracture 
mode,  and  the  evidence  suggests  that  grain-boundary  impurity 
segregation  contributes  to  this  transition  from  ductile  to  intergranular 
fracture.130  H  effects  in  commercial-purity  Ni  and  Ni-base  alloys  are 
more  complex  than  for  "high-purity”  Ni  because  of  the  additional 
effects  of  grain-boundary  and  matrix  precipitation.  For  instance,  Lee 
and  latanision  concluded  that  precipitation  of  grain-boundary  graph¬ 
ite  particles  at  425  to  650’C  reduced  the  effect  of  H  in  Ni-200  (UNS 
N02200).99  However,  it  should  be  noted  that  H  changed  the  reduction 
of  area  from  70%  for  tests  conducted  in  air  to  about  30%  for  tests 
conducted  in  H2S04  at  -1000  mVSCE,  The  reduction  of  area  of 
Ni-270  was  only  15%  for  the  same  heat  treatments  and  cathodic  test 
conditions.  Grain-  boundary  S  segregation  was  noted  to  be  the 
dominant  factor  contributing  to  the  H-induced  IG  fracture  mode. 

Solid-solution  alloys  of  Ni-Cr-Fe  are  also  susceptible  to  H- 
induced  intergranular  fracture.  Cornet,  et  al.,  demonstrated  that 
intergranular  fracture  would  occur  in  the  absence  of  grain-boundary 
segregation  for  straining  electrode  tests  conducted  in  1.8  N  H2S04 
and  a  current  density  of  50  mA/cm*.57  At  a  strain  rate  of  4  x  10-3s”1, 


the  high-purity  Ni-Cr-Fe  material  exhibited  the  same  embrittlement  as 
the  material  with  Sb  and  Sn  additions,  while  material  with  P  and  C 
additions  were  less  embrittled.  The  authors  presumed  that  the  purity 
additions  were  segregated  to  the  gram  boundaries  and  that  the 
high-purity  material  had  clean  grain  boundaries,  however,  no  direct 
Auger  election  spectroscopy  (AES)  measurements  were  reported. 
Based  on  the  AES  results  of  Bruemmer,  et  al.,  for  high-purity  Ni,  the 
high-purity  Ni-Cr-Fe  material  may  have  had  significant  S 
segregation.78  Therefore,  the  conclusion  of  Cornet,  et  al.,  that  H 
induces  intergranular  crack  growth  along  "clean’  gram  boundaries 
of  IN600  is  unproven.57  In  another  solid-solution  Ni-base  alloy, 
C-276,  Sridhar,  et  al.,  showed  that  the  stress-intensity  threshold  was 
decreased,  and  the  crack  growth  rates  increased  for  material 
charged  cathodically  with  H.33 


Subcritical  Crack  Growth 
for  2*  mm -Thick  Fe  and  Ni 
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Subcritical  Crack  Growth  Behavior 
of  10-mm-Thick  Iron  and  Nickel 
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FIGURE  14-SubcrltlcaI  crack  growth  (a)  for  2-mm-thlck  Fe  and 
NI  tested  In  1  N  H2S04  at  25°C,  and  (b)  for  10-mni-thick  Fe  and  NI 
tested  In  1  N  H2S04  at  25°C. 
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Measurements  of  H-induced  subcritical  crack  growth  in  two- 
phase  Ni-base  alloys  have  not  been  reported  to  the  same  extent  as 
for  Ni  and  solid-solution  Ni  alloys.  Kekkonen  and  Hanninen  reported 
on  the  time  dependence  for  crack  initiation  in  H-charged  alloy 
X-750.129  Small  U-bend  samples  were  cathodically  charged  with  H  at 
a  current  density  of  5  mA/cm2  and  the  time-to-failure  was  monitored. 
Failure  times  ranged  from -8  to  140  min  depending  on  solution- 
treatment  temperature  and  aging  conditions.  Higher  solution-  treat¬ 
ment  temperature  increased  the  failure  time,  while  samples  given  a 
single  aging  treatment  had  longer  failure  times  than  those  given  a 
double  age. 

Hydrogen-sulfide  effects.  The  subcritical  crack  growth  be¬ 
havior  of  Ni-base  alloys  in  aqueous  environments  with  H2S  bears 
many  similarities  to  their  behavior  in  low-temperature  acidic  environ¬ 
ments.  Kolts  and  Sridhar  have  discussed  the  parallels  between  the  H 
embrittlement  and  H2S  embrittlement  (sulfide  stress  cracking)  for 
ferritic  steels  and  Ni-base  alloys.13'  They  concluded  that  the  simi¬ 
larities  include  the  effects  of  grain-boundary  segregation,  test  tem¬ 
perature,  strain  rate,  and  applied  stress,  while  some  of  the  differ¬ 
ences  include  less  dependence  on  yield  strength  and  the  effect  of 
ordering  in  Ni-base  alloys.  Both  ferritic  steels  and  Ni-base  alloys  are 
susceptible  to  cracking  in  H2S  environments.  Kane'32  concluded  that 
H2S  causes  accelerated  H  charging  of  Ni-base  alloys  at  tempera¬ 
tures  lower  than  200°C  when  these  materials  are  cathodically 
coupled  to  steel.  At  temperatures  higher  than  200°C,  he  suggests 
that  cracking  results  from  anodically  induced  SCC. 

Subcritical  crack  growth  tests  on  Hastelloy  alloys  C-276,  G,  and 
X(LC)  (UNS  N10276,  N06007,  and  N06002)  in  the  NACE  H20-5% 
sodium  chloride-0.5%  acetic  acid  solution  saturated  with  H2S133 
indicates  that  Ni-base  alloys  perform  better  than  ferritic  steels  in 
H2S-bearing  environments.  The  stress-intensity  thresholds  for  Ni- 
base  alloys  decreased  with  increasing  yield  strength  with  alloys 
X(LC)  and  C-276  having  similar  thresholds  with  higher  yield  strengths 
than  alloy  G.  For  instance,  alloys  X(LC)  and  C-276  had  a  threshold 
of  60  MPaVm  at  yield  strengths  of  1300  MPa,  while  alloy  G  had  a 
similar  thresold  at  a  yield  strength  of  1150  MPa.  Crack  growth 
occurred  in  an  intergranular  mode  in  all  cases.  Kane  observed  crack 
growth  in  alloys  C-276,  C-4  (UNS  N06455),  and  625  tested  in  the 
NACE  solution  and  at  temperatures  ranging  from  25°C  to  149aC.'32 
Cold  work,  aging  time  and  temperature,  sample  orientation,  galvanic 
coupling  with  steel  and  environment  temperature,  and  composition 
were  all  evaluated.  Failures  were  observed  only  in  samples  galvan¬ 
ically  coupled  to  steel,  which  caused  the  Ni-alloy  potentials  to  be 
cathodic.  Aging  was  found  to  enhance  crack  growth,  while  the 
susceptibility  to  cracking  decreased  with  increasing  temperature.  In 
a  later  evaluation,  Berkowitz  and  Kane  concluded  that  grain¬ 
boundary  P  segregation  contributed  to  the  intergranular  subcritical 
crack  growth  of  alloy  C-276  in  the  NACE  solution  saturated  with 
HjS.35  P  segregation  was  correlated  with  aging  treatment  and  the 
increased  susceptibility  of  this  alloy  with  aging  treatment. 

Hydrogen  activity  and  temperature.  H-induced  subcritical 
crack  growth  is  controlled  by  the  microstructure  or  microchemistry  of 
the  material,  the  environment,  and  the  stress.  Grain-boundary 
chemistry  is  the  dominant  microchemistry  issue,  while  grain-boundary 
precipitation  effects  have  not  been  evaluated.  Other  transgranular 
effects  were  discussed  in  the  previous  section.  H  activity,  as 
measured  by  H  pressure,  cathodic  potential,  or  pH,  depending  on  the 
environment,  is  the  primary  environmental  parameter,  although  there 
are  instances  when  active  corrosion  enhances  H  uptake.  Also, 
stress,  stress  intensity,  and  strain  rate  are  driving  forces  for  H- 
induced  subcritical  crack  growth. 

Studies  of  the  effect  of  H  activity  on  H-induced  subcritical  crack 
growth  are  scarce  Jones  evaluated  the  effect  of  cathodic  potential  on 
the  fracture  node  transition  of  nickel  as  a  function  of  grain-boundary 
S  concentration  79  The  results  of  this  study  are  shown  in  Figure  1 5(b), 
where  it  can  be  seen  that  a  given  percent  of  intergranular  fracture 
requires  an  increasing  grain-boundary  S  segregation  with  decreasing 
cathodic  potential  By  analyzing  these  results  in  terms  of  the  Nernst 
equation,  Jones,  et  al  ,79  were  able  to  show  that  the  shift  in  C,  could 
be  described  by  t>  H-pressure  dependence  of  (PH2)”1'2,  which  is 


consistent  with  crack  growth  being  controlled  by  Sievert’s  law.  This 
similarity  suggests  that  the  intergranular  subcritical  crack  growth  of  Ni 
at  cathodic  potentials  is  dependent  on  H  pressure  similar  to  H  uptake 
in  gaseous  H.  Many  studies  have  shown  an  increasing  effect  of  H 
with  respect  to  H  concentration,  cathodic  potential,  or  H-charging 
time;32,99,1 19,134  however,  very  few  relate  a  crack  growth  parameter 
directly  to  H  activity  or  pressure.  Sridhar,  et  al.,  estimated  the 
dependence  of  the  Stage  II  crack  velocity  in  alloy  C-276  on  H  fugacity 
using  cathodic  current  density.33  They  concluded  that  the  velocity 
was  proportional  to  the  fH°-75,  which  is  similar  to  that  observed  by 
Jones,  et  al.,79  if  da/dt  is  assumed  to  be  inversely  proportional  to  Cs. 
Both  analyses  suggest  that  the  crack  growth  rate  is  controlled  by  the 
near-surface  H  activity,  which  is  controlled  by  the  H  pressure  or 
fugacity  at  the  crack  tip. 


c 


FIGURE  15— (a)  Dependence  of  the  fracture  mode  on  the  bulk  H 
concentration  for  specimen  series  NS1,  NS2,  and  NS3.  Point  A 
is  for  an  NS1  specimen  quenched  from  vacuum  while  Point  B  is 
for  a  similar  specimen  quenched  from  Ar  gas  containing  some 
water  vapor.  Point  C  Is  for  an  NS2  specimen  quenched  from 
vacuum,  (b)  Fracture  mode  transition  for  Ni  with  increasing 
grain-boundary  S  concentration  at  various  cathodic  potentials. 

Temperature  is  an  environmental  parameter  that  can  have  a 
strong  influence  on  H-induced  subcritical  crack  growth.  This  has 
been  shown  for  ferritic  steels,135  138  but  again,  less  information  is 
available  for  Ni  and  Ni-base  alloys.  Wilcox  and  Smith  found  that  the 
time-to-failure  of  charged  Ni  obeyed  a  1  fT  dependence  with  an 
activation  energy  of  6.8  kcal/mol  (Figure  16).121  They  concluded  that 
the  crack  growth  rate  of  precracked  samples  was  controlled  by  H 
mobility  at  temperatures  between  0  and  ~50"C.  Activation  energies 
for  crack  growth  of  alloy  600  in  high-temperature  water  with  variable 
water  additions  such  as  H2  and  H3B03  have  also  been  reported. 
Bandy  and  van  Rooyen139  reported  a  value  of  33  kcal/mol  and 
Totsuka  and  Smialowska140  a  value  of  1  kcal/mol  for  tests  conducted 
at  temperatures  of  about  300  to  350  C  and  for  high-purity  water  with 
H2.  Bandy  and  van  Rooyen  used  both  U-bend  and  CERT.  Totsuka 
and  Smialowska  used  a  flat  sample  with  a  crimp  that  produced  a 
stress  concentration  and  stress  gradients.  Bandy  and  van  Rooyen 
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have  suggested  that  the  large  disparity  in  activation  energy  resulted 
from  the  fact  that  activation  energy  for  Stage  I  crack  growth  was 
considerably  larger  than  for  Stage  II.  If  this  suggestion  is  correct,  the 
wide  difference  in  the  activation  energy  obtained  for  alloy  600  could 
be  explained  by  cracks  initiated  in  the  crimped  sample  used  by 
Totsuka  and  Smialowska,  propagated  mostly  in  Stage  II  because  of 
the  high  stress  concentration,  while  those  in  the  U-bend  and  CERT 
samples  used  by  Bandy  and  van  Rooyen  produced  data  for  cracks  in 
Stage  I.  However,  a  variation  in  activation  energy  is  also  likely  for  a 
change  in  the  crack  growth  mechanism  such  as  H  vs  anodic 
dissolution.  As  noted,  Wilcox  and  Smith  observed  an  activation 
energy  of  6.8  kcal/mol  for  H-charged  nickel.  While  these  tests  were 
at  a  lower  temperature  (~  0  vs  300°C),  they  suggest  the  possibility 
that  the  fotsuka  and  Smialowska  results  were  related  to  a  H 
mechanism  and  controlled  by  H  transport,  while  the  Bandy  and  van 
Rooyen  results  were  more  dependent  on  anodic  dissolution. 

T«mp,  “C 

0  -55  .50 


FIGURE  16— The  temperature  dependence  of  the  delay  tlme-to- 
fracture  for  H-charged  Nl  prestrained  15%  at  -80°C  and  €  =  3.3 
x  10'4/s. 


Strain  Rate,  Stress,  and  Stress-Intensity  Effects 
High-temperature  water  environment 

Strain  rate,  stress,  and  stress  intensity  are  primary  variables  in 
determining  whether  subcritical  crack  growth  will  occur  and  at  what 
rate  it  will  occur.  Strain  rate  can  be  an  independent  variable  or  a 
dependent  variable  controlled  by  the  stress  or  stress  intensity. 
Constant  extension  rate  tests  are  frequently  used  to  evaluate  SCC  of 
Ni  and  Ni-base  alloys,  although  few  results  have  been  reported  as  a 
function  of  variable  strain  rate.  Garud  has  suggested  that  the  crack 
initiation  rate  for  alloy  600  in  high-temperature  water  can  be 
described  by  '(e)  =  Aep  where  A  and  p  are  constants  dependent  on 
the  material  and  environment. A  value  of  0.65  for  p  was 
estimated  for  alloy  600  over  a  temperature  range  of  290  to  365°C. 

Data  on  the  crack  velocity  of  Ni-base  alloys  as  a  function  of 
strain  rate  have  not  been  presented  as  for  the  case  of  type  304;143 
however,  it  has  been  clearly  demonstrated  that  Ni8’  and  Ni-base 
alloys53’'39  exhibit  SCC  at  strain  rates  of  10"7  to  10'5  s"'.  The 
rising-load  test  using  a  notched  Charpy-type  sample  is  a  variation  of 
the  CERT  test,  except  that  a  sharp  crack  is  dynamically  strained 
throughout  the  rising-load  test,  while  crack  nucleation  and  propaga¬ 
tion  occur  with  the  smooth  CERT  test.  Examples  of  results  from  the 
rising-load  test  for  alloy  X-750  are  shown  in  Figures  17  and  18.  The 
data  of  Miglin  and  Domian  in  Figure  17(a)  indicate  that  the  rising-load 
time  which  increases  with  decreasing  crack  velocity,  increases  with 
increasing  grain-boundary  carbide  coverage  when  tested  in  high- 
temperature  water 49  In  contrast,  the  rising-load  time  decreases  with 
increasing  grain-boundary  carbide  coverage  when  tested  at  cathodic 
potentials  (Figure  17(b)]  Results  by  Grove  and  Petzold  (Figure  18) 
show  that  the  rising-load  time  of  alloy  X-750  decreases  with 
increasing  P  segregation 68  Therefore,  the  rising-load  tests,  which 
are  equivalent  to  a  notched  CERT  test,  suggest  that  the  crack  growth 
mechanism  in  alloy  X-750  supports  a  H  induced  subcritical  crack 
growth  mechanism  that  is  enhanced  by  P  segregation. 


FIGURE  17— (a)  Rising-load  time  In  water  vs  carbide  Interfacial 
area  per  unit  volume  of  material  for  alloy  X-750  (UNS  N07750) 
conditions  (IT  =  No.  1  temper).49  (b)  Rising-load  time  during  H 
charging  vs  percent  grain-boundary  coverage  by  Cr23CB  car¬ 
bides  for  alloy  X-750  (UNS  N07750)  conditions.49 


FIGURE  1 8-  Effect  of  grain-boundary  P  concentration  on  rising¬ 
load  performance  of  condition  BH  heats  In  93°C  water.58 


Stress  corrosion  tests  of  Ni-base  alloys  have  frequently  been 
conducted  at  constant  deflection  or  approximate  constant-stress 
conditions.  Tests  using  U-bend  or  reverse  U-bend  samples  are 
common  because  they  are  compatible  with  samples  removed  from 
tubing,  which  is  a  common  product  form  for  Ni-base  alloys.  Results 
for  U-bend  samples  of  alloy  600  tested  in  deaerated  high-tempera- 
ture  water  are  shown  in  Figure  19.  Tests  performed  at  a  stress  equal 
to  the  yield  strength  of  alloy  600  failed  in  100  days  or  less.  A  threshold 
stress  is  not  indicated  by  these  data.  In  NaOH  solutions,  alloy  600 
was  shown  to  exhibit  crack  growth  to  a  stress  of  100  MPa  (Figure  9) 
substantially  below  the  yield  strength.41  The  behavior  relative  to  other 
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alloys  is  also  shown  in  Figure  9  and  the  poor  performance  of  alloy  600 
in  high  pH  solutions  is  illustrated  Results  of  constant-stress  tests  on 
alloy  X-750  given  various  heat  treatments  and  tested  in  high-purity 
water  at  350’C  are  shown  in  Figure  20.'44  Solution  treatment  at 
885°C  resulted  in  a  stress  threshold  of  700.  MPa,  while  a  higher- 
temperature  anneal  at  1093°C  resulted  in  a  threshold  of  950  MPa.  A 
two-step  precipitation  heat  treatment  was  given  to  both  sets  of 
samples. 


FIGURE  19— Effect  of  applied  stress  on  failure  time  of  as- 
received  alloy  600  (UNS  N06600)  tubing,  365°C,  pure  H20. 


FIGURE  20— SCC  of  alloy  X-750  (UNS  N07750)  with  different 
heat  treatments  (solution  anneal  885<lC/24  h  (A2)  and  1 093°C/1  h 
(C2)  plus  precipitation  anneal  730°C/8  h  and  620°C/8  h]  In  pure 
water  (with  H25/50  mL  (STP)/kg]  at  350°C.144 

Subcritical  crack  growth  tests  are  useful  for  defining  the  stress- 
intensity  threshold  at  which  an  existing  crack  will  begin  to  grow  and 
for  determining  the  steady-state  crack  velocity  under  known  stress- 
intensity  conditions.  Crack  velocity  data  can  be  obtained  from  CERT 
or  U-bend  tests,  but  the  velocity  is  an  average  value  determined  from 
the  time  of  crack  initiation  and  propagation.  Also,  the  stress-intensity 
cannot  be  accurately  determined  because  the  crack  length  is  not 
known  as  a  function  of  time.  Subcritical  crack  growth  data  for  Ni  with 
0.13  monolayers  of  P  segregation  tested  at  a  low  temperature  at  an 
anodic  potential  of  +900  mV  are  shown  in  Figure  21.  These  data  of 
Jones,  ot  al„  indicate  that  under  these  conditions  Ni  is  very 
susceptible  to  SCC,  because  the  stress-intensity  threshold  is  low,  13 
MPaVm,  and  the  steady-state  crack  velocity  is  high,  2  x  10"* 
mm/s.81  Subcritical  crack  growth  data  for  alloy  600  are  not  available: 
however,  subcritical  crack  growth  data  for  alloy  X-750  are.'47''48 
Figures  22  and  23  show  a  wide  range  in  the  threshold  for  crack 
growth  but  a  similarity  in  the  crack  velocity.  The  results  of  Kawakubo 
and  Rosborg145  indicate  a  stress-intensity  threshold  of  70  MPaVm 
(at  10"'°  m/s),  which  is  relatively  independent  of  heat  treatment, 
while  the  results  of  Vaillant'48  indicate  a  stress-intensity  threshold  of 
10  MPaVm  at  the  same  crack  velocity.  The  material  tested  by 
Vaillant  was  solution  treated  at  885°C,  while  that  of  Kawakubo  and 


Rosborg  was  solution  treated  at  temperatures  exceeding  982”C.  A 
low  solution-treatment  temperature  also  coincided  with  a  low  stress 
threshold  in  constant-stress  tests,  shown  in  Figure  20,  however,  the 
crack  velocity  was  relatively  independent  of  solution-treatment  tem¬ 
perature. 

As  discussed  in  a  later  section,  the  film-rupture  model  given  in 
Equation  (5)  predicts  a  stress-intensity  exponent  of  2  to  4.  While  this 
equation  has  been  applied  primarily  to  austenitic  SSs,  it  is  informative 
to  compare  the  stress-intensity  exponent  of  the  data  shown  in 
Figures  21  and  22  with  that  predicted  by  Equation  (5).  It  is  also  worth 
noting  that  the  accuracy  of  the  exponent  determined  from  the 
experimental  data  is  very  sensitive  to  the  accuracy  of  the  crack- 
length  measuring  system  used  for  these  tests.  Since  this  is  not 
generally  known  or  given,  it  is  difficult  to  assign  a  standard  deviation 
or  accuracy  value  to  the  experimental  exponent  values.  For  the  data 
shown  in  Figure  21,  n  has  a  value  of  41  in  Stage  I;  for  the  data  in 
Figure  21 ,  n  has  a  value  of  5  in  Stage  I  and  1  in  Stage  II.  A  relatively 
large  stress-intensity-dependent  Stage  I  and  stress-intensity-inde¬ 
pendent  Stage  II  is  suggested  by  the  data  in  Figure  23  in  contrast  to 
the  linear  dependence  suggested  by  the  results  in  Figure  22.  Based 
on  this  relatively  small  database,  it  is  not  possible  to  determine 
whether  Ni  and  Ni-base  alloys  can  be  described  by  Equation(5). 
Further  testing  with  accurate  crack-length  measuring  systems  is 
needed  to  develop  a  model  of  the  crack  velocity  stress-intensity 
dependence. 


FIGURE  21  —Crack  growth  rate  vs  elastic-plastic  stress  Intensity 
for  Nl  +  P  a  +0.9  VSCE. 


FIGURE  22— SCC  growth  rates  of  alloy  X-750  (UNS  N07750 )  In 
pure  oxygenated  water  at  300’C.145 

Hydrogen-induced  crack  growth 
H-induced  subcritical  crack  growth  is  dependent  on  microslru- 
tural,  environmental,  and  stress  factors  similar  to  anodic-dissolution- 
induced  crack  growth.  Clearly,  the  specific  conditions  controlling 
crack  growth  in  H  and  anodic-dissolution  cases  may  differ,  but  the 
fact  remains  that  crack  growth  varies  with  changes  in  these  factors. 
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Of  the  three  factors,  the  stress  dependence  of  H  and  anodic- 
dissolution-induced  crack  growth  are  perhaps  the  most  similar.  For 
instance,  the  time-to-failure  decreases  with  increasing  stress  with 
evidence  for  a  stress  threshold  below  which  both  H  and  anodic- 
dissolution  crack  growth  ceases.  This  can  also  be  expressed  as  a 
stress-intensity  threshold  in  a  crack  velocity-stress-intensity  plot,  and 
both  H  and  anodic-dissolution-induced  crack  growth  exhibit  a  Klh. 
Also,  three  crack  growth-  stages  arc  evident  in  H-induced  and 
anodic-dissolution-induced  crack  growth  evaluations. 


FIGURE  23— Stress  corrosion  crack  growth  of  alloy  X-750  (UNS 
N07750)  given  a  solution  heat  treatment  of  885°C/24  h  and 
single-step  precipitation  treatment  (704°C/20  h)  in  PWR  primary 
water  at  325°C.'46 

Evaluation  of  the  stress  or  stress-intensity  dependence  of  H- 
induced  subcritical  crack  growth  of  Ni  and  Ni-base  alloys  is  limited  by 
a  sparse  database  Many  H-embrittlement  studies  have  used  CERT 
tests  in  H  gas  or  at  cathodic  potentials  or  tensile  tests  of  H-charged 
material  Tests  are  frequently  conducted  at  a  single  strain  rate,  and 
reduction  of  area  or  strain  to  failure  are  the  primary  properties 
reported  from  these  tests;  therefore,  stress  or  strain-rate  dependence 
is  not  established  However,  there  are  a  limited  number  of  subcritical 
crack  growth  tests  that  illustrate  that  H-induced  subcritical  crack 
growth  of  Ni  and  Ni-base  alloys  results  in  classical  V-K  relationships. 
Jones,  et  al ,  found  that  Ni  tested  at  cathodic  potentials  (Figure  14) 
had  a  crack  growth  threshold  of  10  MPaVm,  a  Stage  1  with  a  da/dt 
=  AK"  dependence  with  n  equal  to  17  and  a  Stage  11  crack  velocity 
of  10'4  mm/s  120  No  Stage  III  was  observed,  presumably  because  of 
the  large  amount  of  plasticity  in  Ni  and  a  large  plastic  zone.  Sridhar, 
et  al ,  also  observed  a  classic  V-K  relationship  for  H-charged  alloy 
C-276  34  They  evaluated  the  effects  of  H-charging  current  density 
and  aging  at  500°C  following  cold  work.  Stress-intensity  thresholds 
(at  10“5  mm/s)  decreased  from  105  to  90  MPaVm  with  charging 
current  densities  of  1 00  mA/cm2  to  200  m  A/cm2  for  material  aged  1 00 
h  at  500°C  Both  aging  and  H-charging  current  decreased  the 
threshold  and  affected  the  exponent  n.  For  instance,  values  of  n 
ranging  from  41  for  unaged  material  to  5  for  material  aged  1500  h  at 
500°C  were  observed,  while  the  threshold  decreased  from  105 
MPaVm  for  cold-worked  material  without  subsequent  aging  to  about 
65  MPaVm  for  material  aged  for  500  h  at  500’C.  Likewise,  the  Stage 
II  crack  velocities  increased  with  increasing  H-charging  current 
density  and  aging  time  Stago  II  crack  velocities  increased  from  2  a 
1 0'5  mm/s  to  3  x  1  o~4  mm/s  with  5005C  aging  up  to  1 500  hand  from 
about  4  x  10”5  mm/s  to  10"4  mm/s  for  current  densities  of  100 
mA/cm2  to  200  mA/cm2.  A  Stage  III  was  observed  In  alloy  C-276, 
unlike  in  the  Ni,  presumably  because  the  higher-strength  alloy 
supported  a  higher  local  stress  with  increasing  K,  while  Increasing  K 
in  the  Ni  did  not  appear  to  increase  the  local  stress,  only  the  size  of 
the  plastic  zone. 

H  has  also  been  found  to  enhance  the  fatigue  crack  growth  rate 
of  Ni  tested  in  H  gas  and  cathodically  charged  with  H.147  Verpoort,  et 
al.,  found  a  decrease  in  the  number  of  cycles  to  failure  and  an 
increase  in  the  crack  growth  rate  when  compared  to  tests  in  Ar 
gas.'47  Annealed  Ni  tested  in  H  gas  exhibited  a  crack  growth  rate  of 
10*4  mm/cycle  at  a  AK  of  10  MPaVm.  Only  Stage  II  crack  growth 


behavior  was  evident  with  no  threshold  or  Stage  I  or  III.  The  fracture 
mode  was  predominantly  intergranular  in  annealed  Ni,  while  trans- 
granular  crack  growth  occurred  during  the  early  stages  of  crack 
growth  with  a  transition  to  intergranular  crack  growth  as  the  cracks 
lengthened  in  cold-worked  Ni.  Therefore,  it  appears  that  with  cyclic 
load  conditions,  H  can  enhance  transgranular  crack  growth,  but  that 
intergranular  crack  growth  is  predominant  during  static  and  dynamic 
monotonic  tension  loading  modes. 

MECHANISTIC  UNDERSTANDING 
OF  CRACK  GROWTH  PROCESSES 

Hydrogen-Controlled 
Crack  Growth  Processes 

Intergranular  processes 

Most  of  the  experience  with  H-induced  subcritical  crack  growth 
of  Ni  or  Ni-base  alloys  reveals  that  the  predominant  growth  mode  is 
intergranular.  Grain-boundary  segregation  was  found  to  enhance  the 
subcritical  crack  growth  in  H.  There  is  also  evidence  that  H  affects  the 
bulk  properties  of  Ni  and  Ni-base  alloys,  which  will  be  discussed  in 
the  next  section. 

The  earliest  data  relating  grain-boundary  impurity  segregation 
to  H  embrittlement  of  Ni  were  published  by  Latanision  and  Opper¬ 
hauser.75  In  this  study,  the  authors  observed  a  decreasing  ductility 
and  increasing  tendency  toward  intergranular  fracture  with  increasing 
grain  size  and  cathodic  potential,  as  shown  in  Figure  12.  Latanision 
and  Opperhauser  detected  Sn  and  Sb  on  the  intergranular  fracture 
surfaces  of  the  Ni-270  specimens  that  were  fractured  in  the  electro¬ 
lyte  and  explained  the  tendency  toward  intergranular  fracture  by  the 
presence  of  H  recombination  poisons  in  the  grain  boundaries.  They 
postulated  that  the  H-recombination  poisons  enhanced  H  absorption 
at  the  grain  boundaries  and  therefore  induced  intergranular  fracture. 

The  work  of  Latanision  and  Opperhauser  identified  a  potentially 
new  H-embrittlement  process;  however,  their  work  also  demon¬ 
strated  the  need. for  tests  performed  on  Ni  with  a  range  of  grain¬ 
boundary  segiegants  and  for  AES  analysis  of  samples  fractured  in 
high  vacuum.75  Jones  and  coworkers  evaluated  the  fracture  mode 
and  ductility  of  Ni  with  several  grain-boundary  concentrations  of  S,  P, 
and  Sb.78  79  The  grain-boundary  compositions  were  determined  from 
samples  fractured  within  the  AES  chamber  and  therefore  excluded 
the  possibility  of  contamination  from  the  testing  solution  or  air.  The 
grain-boundary  concentrations  for  the  alloys  tested  by  Jones,  et  al„ 
are  shown  in  the  histograms  in  Figure  24.  The  distribution  in 
segregation  was  the  result  of  variations  among  individual  grain  faces, 
and  hence,  a  variation  in  the  range  of  gram-boundary  energies  and 
the  dependence  of  segregation  on  grain-boundary  energy.  Jones,  et 
al.,  used  the  straining  electrode  technique,  an  electrolyte  of  1  N 
H2S04,  and  strain  rates  and  cathodic  potentials  similar  to  those  used 
by  Latanision  and  Opperhauser  to  evaluate  the  effect  of  S,  P,  and  Sb 
on  the  intergranular  fracture  of  Ni.  The  results  of  these  tests 
demonstrated  that  S  was  the  most  effective  in  causing  intergranular 
fracture  of  NI  in  the  presence  of  cathodic  H,  Sb  was  slightly  less 
effective,  and  P  was  the  least  effective.  The  effectiveness  of  these 
impurities  can  be  expressed  by  the  following  relationship: 

Cf  =  Ca  +  0.5  +  0.07  Cp  (1) 

where  C°Jis  the  equivalent  grain-boundary  S  concentration  and  C„ 
Cjp,  and  Cp  are  the  S,  Sb,  and  P  grain-boundary  concentrations.  It 
can  be  seen  from  this  relationship  that  Sb  is  1/2  and  P  is  1/15  as 
effective  as  S.  The  effect  of  S,  Sb,  and  P  on  the  fracture  mode  and 
reduction  of  area  of  Ni  as  a  function  of  cathodic  potential  is  shown  In 
Figure  2.  Lee  and  Latanision99  evaluated  zone-refined  Ni,  Ni-270, 
and  Ni-200  and  found  that  intergranular  fracture  was  promoted  at 
cathodic  potentials  by  the  presence  of  grain-boundary  S.  It  is 
important  to  note  the  small  contribution  of  P  segregation  to  the 
intergranular  fracture  of  Ni  as  indicated  by  Equation  (1).  This  result  is 
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inconsistent  with  the  recombination  poison  mechanism  proposed  by 
Latanision  and  Opperhauser,  since  P  is  known  to  be  a  recombination 
poison  when  added  to  the  electrolyte. 

Oxygen  absorption  from  the  annealing  vacuum  was  claimed  to 
have  an  effect  on  Ni  tested  in  cathodic  H  by  Ogino  and  Yamasaki.10' 
They  concluded,  based  on  indirect  evidence,  that  undoped,  Sn- 
doped,  and  Sb-doped  Ni  were  susceptible  to  H-induced  crack  growth 
because  of  oxygen  absorption  from  the  vacuum  environment,  while 
P-  and  B-doped  materials  did  not  exhibit  susceptibility  to  H.  They 
suggested  that  P  and  B  impeded  oxygen  penetration  along  the  gram 
boundaries  Ogino  and  Yamasaki  did  not  measure  grain-boundary 
chemistries,  therefore  it  is  uncertain  which  mechanisms  control  mis 
behavior.10' 
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Grain  Boundary  Fracture  Composition  (monolayer) 

FIGURE  24— Distribution  of  S  and  P  on  intergranular  fracture 
surfaces  of  Ni.78 

The  results  of  Cornet,  et  al.,57  for  alloy  600  strained  at  a  cathodic 
current  density  of  50  mA/cm2  in  H2S04  are  consistent  with  those  of 
Bruemmer,  et  al.,  for  Ni.78  They  observed  that  alloys  doped  with  P 
and  C  exhibited  less  embrittlement  than  those  doped  with  Sn  and  Sb 
and  less  than  the  high-purity  material  without  additions. 

The  observation  that  Ni  tested  in  cathodic  H  is  susceptible  to 
intergranular  fracture  is  similar  to  observations'2'-'23  made  with  Ni 
precharged  with  H  or  tested  in  H  gas.  In  the  precharged,  charged  Ni 
studies,  the  grain-boundary  compositions  were  not  measured,  and 
therefore  information  about  combined  impurity  plus  H  effects  cannot 
be  obtained  from  these  results.  However,  according  to  the  segrega¬ 
tion  results  of  Bruemmer,  et  al.,78  the  material  used  by  Wilcox  and 
Smith,'2'  which  contained  about  20  appm  S  and  was  annealed  at 
1000°C,  may  have  had  as  much  as  0.1  monolayers  of  S  at  the  grain 
boundaries.  Therefore,  it  is  quite  possible  that  the  results  of  Smith 
and  coworkers  were  influenced  by  S  segregation.121'23  Smith  and 
coworkers  observed  that  the  maximum  embrittlement  occurred  at 
-  50°C  and  was  enhanced  by  the  occurrence  of  serrated  yielding  and 
grain-boundary  shear.  However,  Latanision  and  Opperhauor  re¬ 
ported  only  a  small  serrated  yielding  effect  in  400-jim  gram  size  Ni 
tested  at  aO’C  in  external  cathodic  H  and  no  measurable  serrated 
yielding  in  smaller  gram  size  material.75  Latanision  and  Opperhauser 
observed  grain-boundary  shear  ledges  that  were  very  similar  to  those 
reported  by  Windle  and  Smith,123  Therefore,  it  would  appear  that 
serrated  yielding,  a  temperature  of  -SCO,  and  the  source  of  H  are 
not  major  factors  in  the  intergranular  fracture  of  Ni,  while  grain¬ 
boundary  shear  and  impurities  (particularly  S)  may  be  important 
factors.  In  a  recent  study,  Eastman,  et  al.,  observed  the  intergranular 
fracture  of  Ni  in  external  gaseous  H  only  when  S  was  segregated  to 
the  grain  boundaries.148 

Lassila  and  Birnbaum134  illustrated  an  interdependence  be¬ 
tween  the  grain-boundary  concentration  ol  S,  the  bulk  H  concentra¬ 
tion,  and  the  extent  of  intergranular  fracture.  They  observed  that  less 
bulk  H  was  necessary  to  produce  an  equal  extent  of  intergranular 
fracture  with  increasing  grain-boundary  S  segregation.  Their  results 
are  very  consistent  with  those  of  Bruemmer,  et  al. 70  and  Jones,  et 


at.,79  who  demonstrated  a  relationship  between  the  grain-boundary 
concentration  of  S  and  the  cathodic  overpotential  for  Ni  tested  at 
cathodic  potentials  in  H2S04.  The  results  of  Lassila  and  Birnbaum'34 
and  Jones,  et  al.,79  are  shown  in  Figure  15.  The  percentage  of 
intergranular  fracture  is  shown  as  a  function  of  bulk  H  for  various 
grain-boundary  S  concentrations  in  Figure  15(a)  and  as  a  function  of 
grain-boundary  S  for  various  cathodic  potentials  in  Figure  15(b). 
Lassila  and  Birnbaum  show  that  intergranular  fracture  occurs  in  the 
absence  of  S  segregation  and  the  transition  from  transgranular 
fracture  to  intergranular  fracture  occurs  at  300  appm  of  H.  The  lowest 
grain-boundary  concentration  of  S  examined  by  Jones,  et  al„  was 
0.04  monolayers,  and  a  cathodic  potential  of  -0.72  VSCE  was 
needed  to  produce  50%  intergranular  fracture.  While  Jones,  et  al.,  did 
not  observe  intergranular  fracture  with  only  H  and  no  S  segregation, 
significant  intergranular  fracture  was  observed  at  very  low  concen¬ 
trations  of  S  (0.04  monolayers)  at  a  sufficiently  high  cathodic 
potential.  Lassila  and  Birnbaum  also  concluded  that  the  grain¬ 
boundary  segregation  of  H  was  necessary  for  H  to  induce  intergran¬ 
ular  fracture  and  H-induced  localized  plasticity  near  the  grain 
boundary.134  They  concluded  that  H-induced  localized  plasticity  and 
S-induced  decohesion  were  factors  in  the  intergranular  fracture 
mechanism. 

In  fatigue  crack  initiation  tests  of  Ni-oriented  bicrystals,  Vehoff, 
et  al.,  also  observed  that  intergranular  cracks  nucleated  when  S  was 
segregated  to  the  bicrystal  boundary,  and  the  samples  were  fatigue 
tested  in  H.'49  No  intergranular  fracture  was  observed  with  only  H  or 
S.  Persistent  slip-band  cracking  occurred  in  bicrystals  with  clean 
grain  boundaries  when  tested  in  H.  Bicrystals  with  asymmetrical 
grain  orientations  crack  more  readily  than  those  with  symmetrical 
grain  orientations.  The  bicrystal  results  are  generally  consistent  with 
the  polycrystalline  Ni  results,  even  though  the  bicrystals  were  loaded 
in  fatigue,  while  the  polycrystalline  materials  were  loaded  monoton- 
ically  Intergranular  crack  growth  induced  by  H  along  "clean"  grain 
boundaries  of  Ni,  as  observed  by  Lassila  and  Birnbaum,134  differs 
from  that  of  Vehoff,  et  al.,'49  and  to  some  extent  from  the  results  of 
Jones,  et  al 79  Although  Jones,  et  al.,  observed  intergranular  fracture 
at  0  04  monolayers  of  S,  the  trend  with  decreasing  S  segregation, 
Figure  15(b),  is  toward  decreasing  or  zero  intergranular  fracture  with 
no  S  segregation. 

Lassila  and  Birnbaum'34  tested  Ni  containing  internal  H  and 
treated  to  intentionally  allow  H  segregation  to  the  grain  boundaries, 
while  Jones,  et  al.,79  and  Vehoff,  et  al.,'49  tested  Ni  in  external 
cathodic  and  gaseous  H,  respectively.  Samples  tested  in  external  H 
would  have  a  concentration  gradient  ahead  of  the  crack  tip,  while 
samples  with  presegregated  H  would  have  a  uniform  H  concentration 
along  the  grain  boundary  ahead  of  the  crack  tip.  Therefore,  the  ability 
of  H  to  induce  intergranular  cracks  along  “clean”  grain  boundaries 
may  be  related  to  the  concentration  of  H  at  the  grain  boundary  within 
the  large  plastic  zone  ahead  of  the  crack  tip.  Evidence  for  H 
enrichment  at  grain  boundaries  has  been  presented  by  Fukushima 
and  Birnbaum  using  secondary  ion  mass  spectroscopy  techniques.'50 
They  concluded  that  H  was  enriched  at  grain  boundaries  and  free 
surfaces  of  Ni  and  that  S  on  the  surface  enhanced  the  H  enrichment. 
In  a  similar  study  using  electron-stimulated  desorption,  Jones  and 
Baer  evaluated  the  surface  concentration  of  H  on  a  type  4340  (UNS 
G43400)  steel  with  a  variable  surface  concentration  of  S  (Figure 
25). 151  They  observed  that  H  was  enriched  on  S  free  and  partially 
covered  surfaces  with  a  decrease  in  the  H  coverage  at  S  coverages 
above  0.5  monolayers.  Lee  and  Lee'52  reported  a  H  grain-boundary 
binding  energy  of  20.5  kJ/mol  for  Ni,  which  is  consistent  with  grain 
boundaries  as  strong  traps  for  H.  Therefore,  H  grain-boundary 
segregation  is  potentially  a  factor  in  H-induced  intergranular  fracture, 
as  suggested  by  Lassila  and  Birnbaum.134  The  role  that  impurity 
segregation  and  H  segregation  play  in  H-induced  intergranular 
fracture  of  Ni  and  Ni-base  alloys  could  be  to  reduce  the  intergranular 
fracture  energy  or  to  other  related  effects  on  dislocation  dynamics. 
H-induced  intergranular  fracture  mechanisms  are  discussed  in  more 
detail  in  a  later  section. 
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#/#max  (Fraction  Saturated  Sulfur  Coverage) 

FIGURE  25— Hydrogen  coverage  on  Fe  vs  S  coverage.151 

The  critical  distance  that  H  penetrates  ahead  of  a  growing  crack, 
the  H-transport  mechanism,  and  the  rate-limiting  step  in  H-induced 
subcritical  crack  growth  of  Ni  and  Ni-base  alloys  are  key  questions. 
Kimura  and  Birnbaum153  concluded  that  intergranular  crack  growth 
of  Ni  in  the  presence  of  external  H  could  be  explained  by  the  grain¬ 
boundary  diffusion  of  H.153  Using  the  following  equation  for  the 
annulus  area  of  grain-boundary  fracture  ratio  (GBFR): 

GBFR  =  4b  [  a(Dt)1/2  -  bDt]/a2  (2) 

where  a  is  the  sample  radius,  t  is  the  charging  time  at  295  K,  D  is  the 
diffusivity,  and  b  is  a  constant  taken  to  be  equal  to  2.0.  Kimura  and 
Birnbaum  showed  an  excellent  correlation  with  their  experimental 
data,  as  shown  in  Figure  26.  A  diffusivity  of  4  a  10  9  cm2/s  was  used 
(Kumura  and  Birnbaum’55).  Data  obtained  from  precharged  samples 
showed  the  best  fit  with  Equation  (2),  while  samples  charged  during 
deformation  gave  results  suggesting  slower  H  transport. 


FIGURE  26— Calculated  (solid  line)  and  experimental  grain¬ 
boundary  fracture  ratio  vs  cathodic  charging  time  at  22'C.156 


Transgranular  processes 
Hydrogen's  primary  effect  in  Ni  and  Ni-base  alloys  is  to  induce 
intergranular  fracture,  however,  transgranular  processes  such  as  H 
transport  and  effects  on  dislocation  dynamics  and  morphology  are 
contributing  factors.  H  transport  is  used  here  to  include  absorption 
from  the  environment  in  lattice  diffusion  and  dislocation  transport. 
Effects  on  dislocation  dynamics  include  possible  effects  on  disloca 
tion  mobility  such  as  serrated  yielding  and  H  induced  plasticity. 
Dislocation  transport  of  H  was  first  suggested  by  Bastien  and 
Azou’55  and  more  recontly  by  Tien,  Thompson,  and  Bernstein.” 
H-induced  serrated  yielding,’19 123 156 157  strain-enhanced  H 
release.’58  and  autoradiographic  evidence’59  are  used  to  support  the 
concept  that  dislocations  assist  hydrogen  transport.  The  serrated 
yielding  results  clearly  suggest  an  interaction  between  dissolved  H 


and  dislocations  but  do  not  indicate  whether  long-range  transport 
occurs.  Strain-enhanced  H  release  could  result  from  strain  effects  on 
surface  processes  and  need  not  be  due  solely  to  dislocation 
transport.  Frankel  and  Latanision  reported  on  H-permeation  mea¬ 
surements  using  single  and  polycrystalline  Ni  dynamically  strained  in 
an  electrochemical  permeation  cell.160,161  They  concluded  that 
enhanced  permeation  was  observed  only  for  single  crystals  strained 
in  the  easy-glide  region  and  that  H  increased  the  easy-glide  strain. 
The  extent  of  enhanced  permeation  was  small,  on  the  order  of  a  few 
percent  increase,  but  their  results  support  earlier  observations  of 
H-dislocation  interactions.  However,  no  evidence  for  dislocation 
transport  of  H  was  observed  for  polycrystalline  material  undergoing 
multiple  slip.  Frankel  and  Latanision  concluded  that  dislocations  are 
traps  for  H  and  under  conditions  of  multiple  slip,  dislocation  tangles 
reduce  the  transport  distances  such  that  H  trapping  dominates. 
Zakroczymski  also  evaluated  the  effect  of  strain  on  the  H  permeation 
through  Ni  and  observed  only  a  slight  effect  of  plastic  deformation  on 
the  effective  diffusivity  and  permeation  of  H.162  He  also  examined  a 
low-carbon  steel  and  austenitic  SS  and  reached  the  same  conclu¬ 
sion. 

Therefore,  the  picture  that  emerges  regarding  dislocation  trans¬ 
port  of  H  is  one  in  which  H-dislocation  interactions  do  occur,  but 
long-range  transport  may  occur  only  under  selected  conditions.  In 
polycrystallme  materials  in  which  dislocation/dislocation  interactions 
tend  to  confine  dislocation  glide  distances  and  in  which  a  net 
dislocation  flux  in  the  direction  of  crack  growth  is  unlikely,  it  appears 
that  dislocation  transport  of  H  is  unlikely.  Since  intergranular  fracture 
depths  could  be  correlated  with  grain-boundary  diffusion,153  it  would 
appear  that  this  is  the  primary  H  transport  mechanism  in  polycrystal¬ 
line  Ni  and  Ni-base  alloys.  Grain-boundary  chemistry  and  structure 
would  be  expected  to  affect  H  transport  and  the  critical  gram- 
boundary  concentration  needed  for  crack  growth.  Kimura  and 
Birnbaum154  have  evaluated  the  effects  of  S  and  C  segregation  in  Ni 
on  these  parameters  based  on  the  kinetics  of  H  charging  to  attain  a 
GBFR  of  0.5. 

These  results  indicate  that  both  S  and  C  segregation  decreases 
the  grain-boundary  diffusivity  of  H  in  Ni;  they  concluded  that  S 
decreased  the  critical  concentration  of  H  needed  for  fracture,  while  C 
had  little  effect  or  caused  an  increase  in  the  critical  H  concentration. 
Therefore,  grain-boundary  impurity  segregation  can  alter  the  kinetic 
response  of  Ni  and  probably  Ni-base  alloys  to  external  H.  Evaluation 
of  the  effect  of  other  impurities  such  as  P  and  B,  which  segregate  to 
grain  boundaries,  on  grain-boundary  diffusivity  and  critical  grain¬ 
boundary  concentration  of  H  has  not  been  reported.  Also,  the  effects 
of  grain-boundary  precipitates  on  these  parameters  would  be  useful 
for  evaluating  their  role  on  crack  growth.  For  instance,  the  effect  of 
carbides  in  alloy  600  has  been  postulated  by  Bruemmer,  et  al.,  as 
being  that  of  dislocation  emission  sources  reducing  the  crack-tip 
stress;92  however,  the  carbides  may  also  reduce  the  grain-boundary 
H  diffusivity  or  the  dislocations  emitted  from  the  carbides  may  trap  H. 
Either  effect  would  increase  the  resistance  to  crack  growth  by  H 
uptake.  The  crack  growth  mechanism  of  alloy  600  in  high-tempera- 
ture  water  has  been  suggested  as  a  H-induced  crack  growth 
mechanism,  although  this  needs  further  verification. 

Evidence  for  a  H-dislocation  interaction  in  Ni  also  comes  from  H 
solubility  studies  and  the  observation  of  serrated  yielding  in  H- 
charged  Ni.  Strong  H-dislocation  trapping  has  been  suggested  by  the 
results  of  Louthan,  et  al.,’63  and  Lee  and  Lee.’52  Louthan,  et  al.,  also 
observed  an  increase  in  permeation  with  cold  work  while  Lee  and  Lee 
did  not.  Lee  and  Lee  reported  a  H-dislocation  binding  energy  of  7.5 
to  13.4  KJ.mol  and  a  H  gram-boundary  binding  energy  of  20.5  kJ.mol. 
These  results  support  the  contention  of  Lassila  and  Birnbaum  that 
grain-boundary  segregation  of  H  is  an  important  process  in  intergran¬ 
ular  fracture  because  H  grain  boundary  binding  energy  is  sizable.’34 
Also,  H  that  enters  along  the  grain  boundary  at  the  crack  tip  is  not 
likely  to  be  transported  away  by  dislocation  transport  or  bulk  diffusion. 

Serrated  yielding  of  H-charged  Ni  has  also  provided  significant 
evidence  for  a  H  dislocation  interaction.  These  effects  have  mostly 
been  observed  at  temperatures  below  0  C.  Bomszewski  and  Smith 
observed  serrated  yielding  and  yield  points  at  80  C  in  H-charged 
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Ni.119  They  determined  the  H-dislocation  binding  energy  to  be  7.7 
kJ/mol,  which  is  consistent  with  that  reported  by  Lee  and  Lee.'52 
Wilcox  and  Smith121-157  also  observed  serrated  yielding  at  -80°C 
and  noted  that  each  serration  is  associated  with  a  dislocation-mul¬ 
tiplication  process.  They  also  observed  that  fracture  was  intergranu¬ 
lar  and  that  the  embrittlement  was  most  severe  under  conditions  that 
promoted  serrated  yielding.  Wmdle  and  Smith156  measured  the  flow 
properties  of  H-charged  Ni  single  crystals  and  observed  serrated  flow 
at  temperatures  of  0  to  -125CC,  while  in  polycrystalline  Ni,’23 
serrated  flow  was  observed  at  -30  to  -130°C.  They  also  concluded 
that  intergranular  fracture  is  enhanced  under  conditions  that  promote 
serrated  flow  and  that  H  may  reduce  the  SFE  of  Ni  from  240  to  155 
erg/cm2. 

While  several  authors  observed  that  intergranular  fracture  is 
pronounced  under  conditions  that  promote  serrated  flow,  intergranu¬ 
lar  fracture  occurs  under  conditions  in  which  serrated  flow  does  not 
occur.  Therefore,  while  the  effects  of  H  on  the  dislocation  dynamics 
of  Ni  that  cause  serrated  flow  may  contribute  to  intergranular  fracture, 
these  processes  do  not  appear  to  be  necessary.  Wilcox  and  Smith 
concluded  that  the  observed  H-dislocation  interactions  contribute  to 
intergranular  fracture  by  dislocation  transport  of  H  to  the  grain 
boundaries.157  The  absence  of  long-range  dislocation  transport- in 
the  experiments  of  Frankel  and  Latanision160,181  and 
Zakroczymski162  suggest  that  only  short-range  transport  occurs.  In 
fact,  the  results  of  Frankel  and  Latanision  showed  dislocation 
transport  of  H  in  single  crystals  undergoing  easy  glide  so  that 
short-range  transport  from  some  distance  within  a  grain  to  the  grain 
boundary  is  quite  feasible.  Since  Wilcox  and  Smith  evaluated  Ni  with 
internal  H,  presumably  short-range  transport  would  significantly 
increase  the  grain-boundary  concentration  of  H,  and  since  the  H 
grain-boundary  binding  energy  exceeds  the  H-dislocation  binding 
energy,  H  would  be  deposited  at  the  grain  boundary. 

Increases  in  the  strain-hardening  rales  of  H-charged  Ni  have 
also  been  reported  as  evidence  for  a  H-dislocation 
interaction.119-121-123-156-157  Wilcox  and  Smith'57  concluded  from 
etch-pit  and  transmission  electron  microscopy  studies  that  the 
increased  strain  hardening  in  H-charged  Ni  resulted  from  an  increase 
in  the  dislocation  density.  They  suggested  that  each  serrated  yielding 
event  was  associated  with  a  dislocation  multiplication  process  that 
produced  a  greater  dislocation  density  per  unit  strain  than  in  the 
absence  of  H.  A  decrease  in  the  strain-hardening  rate  for  Ni 
deformed  at  cathodic  potentials  has  been  reported  by  Lunarska  and 
Flis.164  They  concluded  that  the  decrease  was  a  result  of  redistribu¬ 
tion  of  the  subsurface  stress  and  by  the  generation  of  new  glissile 
dislocations.  There  is  possibly  a  difference  between  the  strain¬ 
hardening  response  of  Ni  with  internal  H  and  external  H.  For  the 
internal  case,  H  can  redistribute  and  interact  uniformly  with  the 
dislocations,  while  for  the  external  case,  the  stresses  associated  with 
hydrogen  uptake  result  in  softening. 

No  increase  in  the  yield  strength  was  reported  in  early  research 
on  H-charged  Nii<19-'2'-,2:)-,5«-,s7  although  more  recent  work  by 
Eastman,  et  al.,165  indicated  that  H  is  a  solid-solution  strongthener  in 
high-purity  Ni.  H  also  caused  solid-solution  softening  in  less  pure  Ni 
and  especially  in  high-carbon  material,  Eastman,  et  al„  suggested 
that  the  thermodynamics  of  C-C  interactions  may  be  affected  by  the 
formation  of  C-H  pairs,  or  alternatively  that  H  affects  the  strain  field 
around  C-C  pairs.  In  any  event,  there  is  evidence  that  internal  H  can 
cause  an  increase,  no  change,  or  a  decrease  in  the  yield  strength  ol 
Ni. 

Wilcox  and  Smith’57  reported  a  factor  of  2  increase  in  the 
dislocation  density  of  H-charged  Ni  strained  to  0.1;  however, 
Mclnteer,  et  al. 166  and  Robertson  and  Birnbaum167  have  reported  no 
change  in  the  dislocation  cell  structure  or  dislocation  density.  The 
latter  observations  were  made  on  material  strained  at  254C,  while 
Wilcox  and  Smith  evaluated  material  that  was  strained  at  -80°C  and 
serrated  yielding  was  prominent.  Wilcox  and  Smith  associated  the 
increased  dislocation  density  to  the  serrated  yielding  process.  It 
appears  that  H  has  no  effect  on  the  dislocation  density  or  structure  of 
strained  Ni  at  254C.  H  may  cause  a  small  increase  in  the  dislocation 
density  at  -80°C, 


H  contributes  to  intergranular  fracture  by  segregation  to  grain 
boundaries  for  H-precharged  materials  or  by  diffusion  along  grain 
boundaries  for  crack  growth  in  external  H.  The  contribution  of 
H-dislocation  interactions  on  intergranular  fracture  of  Ni  is  more 
subtle.  Wilcox  and  Smith  concluded  that  dislocations  transport 
dissolved  H  to  the  grain  boundaries  and  thus  increase  the  local  H 
concentration  and  perhaps  also  the  local  stress.  H  causes  solid- 
solution  hardening  in  high-purity  material  and  increased  strain 
hardening.  Either  process  could  lead  to  increased  local  crack-tip 
stresses  that  promote  fracture.  However,  Eastman,  et  al.,  observed 
that  H  causes  solid-solution  softening.165-168  Deformation  studies  in 
a  high-voltage  electron  microscope  with  a  H-gas  environment168 
indicated  that  this  softening  was  associated  with  enhanced  disloca¬ 
tion  mobility  along  planes109  ahead  of  the  crack  tip.  In  subsequent  in 
situ  studies,  Robertson,  et  al.,  observed  crack  extension  by  planar 
slip  adjacent  to  the  grain  boundaries.169  They  concluded  that  H  in  or 
near  the  grain  boundaries  promoted  alternating  planar  slip  adjacent 
to  the  grain  boundaries  and,  ultimately,  transgranular  crack  growth 
that  propagated  along  the  grain  boundary.  Robertson,  et  al.,169 
suggested  that  this  is  a  H-induced  intergranular  crack  growth 
mechanism;  however,  there  is  considerable  evidence  that  impurity 
segregation  enhances  H-induced  subcritical  crack  growth  and  that 
impurity  effects  are  expected  to  be  localized  to  the  grain  boundary.78-79 
Also,  H-charging  is  used  to  promote  intergranular  fracture  for  in  situ 
AES  analysis,  and  this  fracture  is  clearly  along  the  grain  boundary, 
not  on  alternating  planes,109  since  the  AES  electron-escape  depth  for 
the  elements  of  interest  (S,  P,  Sb)  is  very  small.  Fatigue  crack  growth 
in  single  crystals  of  Ni  tested  in  acidic  solutions  and  H  gas  by  Vehoff 
and  Klameth170  support  the  observation  of  Robertson,  et  al.,169  of 
crack  extension  along  slip  planes,109  although  local  brittle  fracture 
along  planes100  was  also  observed  by  Vehoff  and  Klameth. 

Formation  of  LRO  in  highly  cold-worked  alloy  C-276  is  an  added 
feature  to  the  H-induced  crack  growth  of  Ni-base  alloys,134  which  is 
not  a  factor  in  Ni  and  solid-solution  strengthened  Ni  alloys.  It  has 
been  demonstrated  that  H  permeation  increases  with  the  develop¬ 
ment  of  ordered  zones171  and  that  crack  growth  in  H-bearing 
environments  is  related  to  H  transport.172  Alternatively,  Berkowitz 
and  Kane  concluded  that  the  H-induced  crack  growth  of  alloy  C-276 
was  related  to  grain-boundary  P  segregation.35  In  studies  of  H 
embrittlement  of  a  Ni2Cr  alloy,  Berkowitz,  et  al.,173  found  that  the 
disordered  and  100%-ordered  alloy  were  more  susceptible  to  H 
embrittlement  than  the  40%  to  50%  ordered  condition  (Figure  27).  An 
explanation  for  this  effect  was  an  increase  in  slip  planarity  with 
ordering  and  thus  in  H  transported  by  dislocations.  From  the  work  of 
Frankel  and  Latanision160  on  H  permeation  in  single-crystal  Ni, 
increased  slip  planarity  could  contribute  to  dislocation  transport  of  H. 
However,  the  increased  permeation  from  this  process  is  expected  to 
be  small.  The  effects  of  slip  planarity  on  dislocation  transport  of 
hydrogen  is  more  likely  to  influence  the  local  redistribution  of  internal 
H  to  grain  boundaries  and  not  to  uptake  from  the  external  environ¬ 
ment.  Mozzanote,  et  al.,171  observed  a  factor  of  2  increase  in  H 
permeation  following  aging  for  100  h  at  500°C.  Whether  this  is 
sufficient  to  explain  the  susceptibility  of  alloy  C-276  to  H-bearing 
environments  remains  an  open  question. 

Hydrogen-induced  crack  growth  mechanisms 

A  comprehensive  list  of  crack  growth  mechanisms  includes  the 
processes  that  affect  the  kinetics  of  crack  growth  as  well  as  the 
critical  processes  that  account  for  atomic  separation.  A  summary  of 
these  secondary  processes  such  as  H  uptake  and  transport,  order¬ 
ing,  and  segregation  have  been  reviewed  in  the  sections  on 
intergranular  and  transgranular  processes.  In  this  section,  the 
mechanisms  that  can  account  for  atomic  separation  will  be  reviewed, 
and  since  the  primary  failure  mode  of  Ni  and  Ni-base  alloys  in  H  is 
intergranular,  those  mechanisms  dealing  with  intergranular  separa¬ 
tion  will  be  emphasized.  These  mechanisms  include  (1)  intergranular 
decohesion  by  H  and  impurity  segregation;  (2)  enhanced  planar  slip 
and  near  grain-boundary  shear  failure;  (3)  reduced  surface  energy; 
and  (4)  formation  of  a  brittle  grain-boundary  hydride. 
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FIGURE  27— The  effect  of  the  degree  of  order  on  the  embrittle¬ 
ment  susceptibility  of  Ni2Cr.  Regions  of  intergranular  and 
ductile  transgranular  failure  are  shown.173 


Deuterium  segregation  to  grain  boundaries  has  been  detected 
using  secondary  ion  mass  spectroscopy  by  Fukushima  and 
Birnbaum150  in  support  of  the  suggestion  by  Lassiia  and  Birnbaum.134 
However,  embedded-atom  calculations  by  Baskes  and  Vitek  indicate 
that  H  is  not  readily  trapped  at  clean,  defect-free  grain  boundaries  of 
Ni 174  Differences  in  the  experimental  observation  of  Fukushima  and 
Birnbaum  and  the  theoretical  calculations  of  Baskes  and  Vitek  could 
result  from  the  H  binding  energy  between  clean,  defect-free  grain 
boundaries  being  substantially  different  from  grain  boundaries  with 
impurity  segregation  and  defects.  Also,  the  results  of  Fukushima  and 
Birnbaum  showed  deuterium  profiles  extending  75  nm  from  the 
boundary,  which  is  not  consistent  with  equilibrium  segregation,  that 
are  located  within  one  or  two  atom  layers  of  the  interface.  H  atoms 
located  several  atom  distances  from  the  interface  are  not  likely  to 
contribute  to  intergranular  decohesion  but  could  alter  dislocation 
behavior  near  the  grain  boundary.  Therefore,  that  H  can  concentrate 
at  grain  boundaries  and  contribute  directly  to  decohesion  of  Ni  has 
not  been  demonstrated;  however,  there  are  theoretical  calculations 
that  suggest  that  segregated  H  would  contribute  to  decohesion. 

Daw  and  Baskes,  using  the  embedded-atom  method,  con¬ 
cluded  that  when  slip  is  constrained,  H  at  the  crack  tip  of  Ni  reduces 
the  stress  required  to  break  Ni-Ni  bonds.175  When  slip  is  allowed, 
these  same  authors  found  that  H  assisted  dislocation  emission  from 
the  crack  tip  of  Ni  and  also  reduced  the  brittle  fracture  stress.'76  A 
conclusion  regarding  the  interdependence  of  these  two  processes 
was  not  possible  with  the  embedded-atom  method  calculations. 
Molecular  orbital  calculations  have  indicated  that  it  is  possible  for 
impurities  such  as  S  to  reduce  the  intergranular  fracture  stress.  Briant 
and  Messmer,  using  detailed  electronic  structure  calculations,  con¬ 
cluded  that  S  in  the  grain  boundaries  of  Ni  forms  very  strong  bonds 
within  the  plane  of  the  grain  boundary  while  weakening  the  Ni-Ni 
bonds  that  run  adjacent  to  the  boundary.177  Intergranular  fracture 
was  hypothesized  to  occur  between  Ni  atoms  adjacent  to  the  grain 
boundary  Eberhart,  et  al  ,176  performed  molecular  orbital  calcula¬ 
tions  of  a  Ni-S  cluster  and  concluded  that  there  is  a  significant  S-S 
interaction  within  the  grain  boundary  when  the  S-S  distances  are  less 
than  0.376  nm  They  concluded  that  at  a  critical  grain-boundary 
concentration,  the  grain-boundary  cohesive  strength  is  decreased 
and  the  shear  strength  is  increased.  Both  conditions  were  considered 
necessary  for  intergranular  fracture  Also,  it  was  suggested  that  S 
and  H  in  the  grain  boundary  formed  a  bonding  network  that  enhanced 
intergranular  fracture  Therefore,  atomistic  calculations  suggest  that 
H  could  contribute  to  intergranular  fracture  in  Ni,  and  that  this 
contribution  is  enhanced  by  impurity  segregation,  Birnbaum  and 
coworkers167'169  and  Lynch179  have  suggested  H-enhanced  plastic¬ 
ity  as  a  mechanism  for  H-induced  crack  growth.  Robertson,  et  al.. 
performed  in  situ  high-voltage  electron  microscopy  (HVEM)  tensile 


fracture  studies  of  Ni  in  a  H-gas  environment  and  observed  that 
fracture  occurred  in  the  vicinity  of  the  grain  boundary  but  not  along 
the  grain-boundary  interface.169  Localized  plasticity,  which  is  thought 
to  be  enhanced  by  H,  accompanied  crack  growth  on  planes  vicinal  to 
the  grain  boundary.  Vehoff  and  Klameth170  have  reported  H-induced 
crack  growth  along  slip  planes  in  fatigue  tests  on  single  crystals.109 
Therefore,  it  appears  that  H-induced  shear  fracture  of  Ni  is  feasible, 
but  the  relationship  of  H-induced  plasticity  and  the  transgranular 
fractures  observed  by  Robertson,  et  al.,169  to  intergranular  fracture  in 
macroscopic  samples  remains  uncertain.  The  lack  of  plastic  con¬ 
straint  in  thin  (<  1  pm)  HVEM  samples  appears  to  favor  plastic- 
fracture  processes  over  decohesion.  It  is  conceivable  that  H-induced 
plasticity  in  slip  planes  adjacent  to  the  grain  boundary  could  enhance 
decohesion  by  increasing  the  local  stress  on  the  grain  boundary. 
Many  fractures  reported  as  intergranular  may  indeed  be  mixed  mode 
between  decohesion  along  the  interface  and  shear  failure  adjacent  to 
the  grain  boundary  with  the  proportion  of  decohesion  increasing  with 
grain-boundary  impurity  concentration. 

Lassiia  and  Birnbaum134  observed  extensive  slip  traces  on  the 
intergranular  fracture  surfaces  of  H-charged  Ni  and  a  lower  density  of 
slip  traces  on  “brittle"  intergranular  fracture  surfaces  produced 
without  H  in  samples  with  a  thin  grain-boundary  sulfide.  No  change 
in  the  slip-line  spacing  was  found  with  changes  in  the  H  concentra¬ 
tion.  However,  Jones  et  al.,81  found  similar  slip-line  spacings  on 
Ni  +  P  samples  that  were  cracked  at  anodic  potentials  in  1  N  H2S04 
as  those  observed  by  Lassiia  and  Birnbaum.  Therefore,  evidence  for 
a  mixed  intergranular-transgranular  H-crack  growth  process  has  not 
been  presented  at  this  time.  A  detailed  study  of  fracture  surface 
morphology  as  a  function  of  grain-boundary  S  and  H  concentrations 
is  needed  to  clarify  whether  such  a  mixed  fracture  process  occurs. 

A  surface-energy  argument  to  explain  H-induced  intergranular 
fracture  has  been  suggested  by  the  analysis  of  Rice,180  who  used  the 
interfacial  crack  growth  model  of  Rice  and  Thomson181  and  the 
solute  segregation-interfacial  fracture  model  of  Mason.182  The  Rice 
and  Thomson  interfacial  crack  growth  model  considers  the  activation 
energy  for  dislocation  emission  vs  brittle  intergranular  crack  exten¬ 
sion.  Brittle  intergranular  crack  extension  is  based  primarily  on  the 
ideal  work  of  fracture,  which  is  a  function  of  the  grain-boundary 
surface  energy  in  the  absence  of  plastic  deformation.  Rice  treated  as 
a  segregant  and  used  the  data  of  Petch183  for  the  change  in  the 
surface  energy  of  Ni  with  H.  Using  appropriate  parameters  for 
face-centered  cubic  (fee)  Ni,  Rice  concluded  that  the  Rice-Thomson 
model  predicts  that  intergranular  fracture  of  Ni  is  favored  if  the 
surface  energy  is  reduced  by  750  ergs/cm2.180  The  Petch  data 
indicate  that  such  a  decrease  is  possible.  However,  the  relevance  of 
the  Rice-Thomson  model  to  intergranular  fracture  of  Ni,  which  is 
preceded  by  significant  plastic  deformation,  is  not  clear,  because  this 
model  is  based  on  an  evaluation  between  dislocation  emission  from 
the  crack  tip  and  intergranular  decohesion.  Matrix  dislocations  would 
have  to  be  sufficiently  pinned  to  make  crack-tip  emission  more 
difficult  than  bulk  dislocation  movement  and  both  processes  more 
difficult  than  intergranular  decohesion. 

Nickel-hydride  formation  has  been  an  elusive  mechanism  that 
has  been  postulated  to  explain  H-induced  crack  growth  of  Ni  and 
Ni-base  alloys.  Convincing  evidence  that  Ni  hydride  forms  at  high  H 
fugacities  during  cathodic  charging  has  been  presented.184 186 
Wayman  and  Smith  observed  beta  hydride  in  Ni  and  gamma  hydride 
in  Ni-20%Fe  alloys  with  x-iay  diffraction  following  cathodic  charging 
at  1  A/cm2  for  1  h.184  Upon  removal  of  the  cathodic-charging  current, 
the  hydride  decomposed  with  the  beta  hydride  decomposing  slower 
than  the  gamma  hydride.  Decomposition  took  several  hours  and  was 
controlled  by  H  transport.  Hinotam,  et  al.,  observed  beta  hydride  by 
x-ray  diffraction  of  Ni-Cr-Fe  alloys  charged  with  H  at  a  current  density 
of  40  mA/cm2  for  24  h, 185  although  hydrides  weie  observed  in  a 
50%Ni-20%Cr-30c  o  Fo  alloy  after  600  s  at  1 0  mA/cm2.  Hydrides  were 
observed  in  alloys  w,th  Ni  concentrations  ranging  from  30%  to  60%, 
with  the  loss  in  ductility  being  more  severe  with  Increasing  Ni 
concentration.  Surface  cracks  appeared  at  gram  boundaries  and  the 
Interfaces  of  microtwins  after  H  charging  ceased.109  The  authors 
concluded  that  the  surface  cracks  occurred  during  the  decomposition 
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of  the  hydride  and  that  the  tendency  to  intergranular  fracture  and 
concurrent  loss  in  ductility  with  increasing  Ni  content  resulted  from 
the  reduced  microtwin  formation  and  increased  intergranular  hydride- 
induced  microcracking  with  increasing  Ni  content.  In  a  recent  study, 
Tseng,  et  at.,  observed  surface  hydrides  in  Ni  following  H  charging  at 
10  mA/cm2  for  5  h  186  They  used  a  chemical  method  that  relies  on 
adsorbed,  H-reducing  Ag  ions  in  a  Ag-nitrate  solution.  A  surface 
phase  is  clearly  revealed  with  this  technique,  although  no  phase 
identification  was  made.  A  key  feature  in  all  of  these  studies184'186  is 
the  use  of  a  H-recombination  poison,  that  for  a  given  H-reduction  rate 
results  in  a  much  greater  surface  activity  than  in  the  absence  of  the 
poison. 

Clearly,  Ni  hydrides  can  be  formed  by  cathodic  charging  at 
current  densities  as  low  as  10  mA/cm2  for  600  s  when  a  H 
recombination  poison  is  added  to  the  electrolyte.  A  key  question  is 
whether  hydrides  are  involved  in  the  H-induced  crack  growth  results 
of  Ni  and  Ni-base  alloys  precharged  cathodically  with  H  or  tested  at 
cathodic  potentials.  In  the  study  by  Bruemmer,  et  a!.,78  straining 
electrode  tests  of  Ni  were  conducted  at  current  densities  of  0.01 
mA/cm2  to  100  mA/cm2  without  a  recombination  poison.  No  effort 
was  made  to  determine  if  hydrides  had  formed,  although  the  results 
do  not  show  a  discontinuity  across  this  wide  current  density  range, 
suggestive  of  a  change  in  crack  growth  mechanism.  Since  hydrides 
are  not  expected  at  current  densities  below  10  mA/cm2,  a  disconti¬ 
nuity  would  have  been  expected  in  the  results  as  a  function  of 
increasing  current  density. 

Dissolution-Controlled  Crack  Growth  Processes 

SCC  of  Ni-base  alloys  is  a  complex  process  that  may  involve  the 
simultaneous  occurrence  of  several  mechanisms  such  as  active  path 
dissolution,  film  rupture,  and  H  embrittlement.  Other  intergranular 
and  transgranular  processes  contribute  to  these  mechanisms.  For 
instance,  the  presence  of  carbides  at  the  grain  boundaries  can  cause 
localized  deformation187'189  that  alters  the  grain-boundary  stress, 
although  the  crack  growth  mechanism  may  not  be  affected.  Also,  the 
presence  of  precipitates  that  act  as  cathodes  may  contribute  to  crack 
growth  by  the  generation  of  H  A  summary  of  the  intergranular  and 
transgranular  crack  growth  processes  is  covered  in  the  next  two 
sections  followed  by  a  discussion  of  crack  growth  mechanisms. 

Intergranular  processes 

Impurity  segregation  to  grain  boundaries  is  an  intergranular 
process  that  has  been  demonstrated  to  affect  IGSCC  in  Ni  in 
low  temperature  environments,  but  a  clear  demonstration  in  Ni-base 
alloys  has  not  been  presented.  S  and  P  are  the  impurities  most  likely 
to  be  enriched  at  the  grain  boundaries  of  Ni-base  alloys.  Jones,  et  al„ 
evaluated  the  effect  of  these  impurities  on  the  IGSCC  of  Ni  in  1  N 
HsS04  at  25'C  and  found  that  P  induced  IGSCC  and  IGC,  but  S  did 
not  induce  IGSCC  and  produced  only  shallow  IGC.81  Evaluation  of 
the  effect  of  these  two  elements  on  the  passivity  of  Ni  revealed  that 
a  thin,  implanted  layer  of  P  will  inhibit  passivity,  but  P  is  oxidized,  and 
Ni  passivates  upon  complete  oxidation  of  P.  S  is  somewhat  more 
complex,  it  was  shown  to  enhance  the  active  corrosion  rate  and 
appeared  to  inhibit  passivity  similarly  to  the  results  of  Marcus,  et  al. 190 
However,  if  IR  correction  is  used,  the  passivation  potential  of  Ni  is 
unchanged  in  the  presence  of  S.  Therefore,  at  a  crack  tip,  an  IR  drop 
could  shield  the  cracx  walls  and  tip  from  the  applied  potential,  it  was 
concluded  that  the  crack  walls  and  crack  tip  remained  active.  At  high 
potentials,  both  the  crack  walls  and  crack  tip  could  passivate.  Either 
condition  was  shown  to  result  in  shallow  IGC  and  a  lack  of  IGSCC 
with  a  crack-tip  corrosion  model. 

Evidence  that  impurity  segregation  induces  IGSCC  of  Ni  alloys 
in  high-temperature  water  or  at  high  pHs  is  not  very  convincing.  As 
mentioned  previously,  S  has  been  proposed  as  contributing  to  the 
IGSCC  of  alloy  600, 3 16  but  direct  evidence  is  lacking.  In  oxidizing 
environments.  P  has  been  shown  to  cause  IGC  of  Ni-base 
alloys;87  89'81 86  97  however,  Was  found  that  P  segregation  did  not 
cause  IGSCC  in  a  low-carbon  alloy  600.1o° 


Cr-carbide  precipitation  at  grain  boundanes  and  Cr  depletion 
have  been  shown  to  occur  in  alloy  600  in  a  manner  analogous  to 
austenitic  SSs.  However,  carbide-precipitation  effects  occur  at  higher 
temperatures  and  lower  C  concentrations  m  Ni-base  alloys  relative  to 
austenitic  SSs.  Also,  overlapping  crack  growth  mechanisms  such  as 
H-induced  crack  growth  and  carbide  effects  on  microdeformation 
apparently  complicate  the  relationship  between  Cr  depletion  and 
IGSCC.  Bandy,  et  al.,  concluded  that  a  sensitized  structure  was  the 
cause  of  IGSCC  of  alloy  600  but  that  cracking  was  a  combination  of 
anodic  dissolution  and  intergranular  brittle  fracture.191  Was  and 
Rajan  found  a  specific  relationship  between  the  grain-boundary  Cr 
content  and  IGC  and  IGSCC,  where  a  grain-boundary  Cr  concen¬ 
tration  less  than  5%  was  found  to  promote  rapid  IGSCC  and  12% 
gave  complete  protection  in  sodium  tetrathionate  solutions.53  There¬ 
fore,  it  would  appear  that  under  some  circumstances  a  sensitized 
microstructure  contributes  to  the  IGSCC  of  solid-solution  Ni-base 
alloys. 

The  presence  of  carbides  and  intermetallic  precipitates  at  the 
grain  boundaries  of  Ni-base  alloys  can  cause  effects  other  than  Cr 
depletion.  It  has  been  suggested  by  Bruemmer,  et  al.,  that  grain¬ 
boundary  carbides  promote  crack-tip  deformation  by  acting  as 
sources  for  dislocation  emission.187  188  Presumably,  the  localized 
deformation  relaxes  the  crack-tip  stress  and  the  mechanical  driving 
force  for  crack  extension.  This  type  of  mechanism  was  proposed  for 
alloy  600  in  deaerated  high-temperature  water  and  caustic  environ¬ 
ments.  In  low-temperature  sodium  thiosulfate  and  sodium  tetrathio¬ 
nate  solutions,  Bandy,  et  al.,  proposed  that  lamellar  grain-boundary 
carbides  assisted  brittle  intergranular  fracture.191  Evidence  for  an 
intergranular  mechanical  fracture  was  based  on  crack  velocities 
exceeding  those  attributable  to  anodic  current  densities  in  an  active 
path  dissolution  mechanism.  A  process  in  which  intermetallic  precip¬ 
itates  on  grain  boundaries  contribute  to  local  galvanic  cells  has  been 
proposed  for  alloy  X-750  by  Hosoya,  et  al.50  In  this  case,  they 
determined  that  the  Ni3  (Al.Ti)  phase  was  highly  active  relative  to  the 
matrix  and  did  not  passivate  at  temperatures  around  100°C.  Based 
on  this  observation,  Hosoya,  et  al.,  concluded  that  crack  growth  of 
alloy  X-750  at  93"C  was  by  H  embrittlement,  but  at  higher  tempera¬ 
tures  the  Ni3(AI,Ti)  phase  was  able  to  passivate  so  that  the  galvanic 
current  was  substantially  less  than  at  93°C.  Under  these  circum¬ 
stances,  it  was  concluded  that  crack  growth  was  an  anodic- 
dissolution  mechanism. 

Transgranular  processes 

There  are  several  transgranular  effects  that  have  a  bearing  on 
SCC  of  Ni-base  alloys  These  include  bulk  composition  and  general 
corroson  resistance  and  slip  planarity  from  low  SFE  or  coherent 
precipitates  Alloying  elements  that  are  added  to  Ni  to  increase  its 
corrosion  resistance  include  Cr  for  oxidizing  conditions  and  Cu,  Mo, 
and  W  in  nonoxidizing  acids.  Cr  reduces  the  stacking  fault  of  Ni  and 
can  increase  slip  planarity,  while  ordering  and  coherent  precipitates 
also  increase  slip  planarity.  Slip  planarity  has  been  identified  as  a 
factor  in  H-induced  subcritical  crack  growth,  but  its  effect  on  SCC  of 
Ni-base  alloys  is  not  as  well  established.  In  austenitic  alloys,  slip 
planarity  has  been  identified  as  contributing  to  transgranular  stress 
corrosion  through  a  siip-dissolution  process.  Transgranular  stress 
corrosion  of  Ni-base  alloys  involving  an  anodic-dissolution  process  is 
uncommon,  although  Asphahani  has  observed  TGSCC  of  alloy 
C-276  when  tested  in  NaOH.192  It  is  possible  that  planar  slip  could 
contribute  to  IGSCC  by  increasing  the  local  grain-boundary  stress. 
Bruemmer,  et  al ,  concluded  that  transgranular  carbide  precipitation, 
which  promoted  dislocation  cell  structures,  contributed  to  IGSCC  of 
alloy  600  because  dislocation  emission  from  grain-boundary  car¬ 
bides  was  impeded.187-189  This  led  to  less  stress  relaxation  at  the 
crack  tip  and  increased  IGSCC. 

Anodic-dissolution  crack  growth  mechanisms 

Anodic-dissolution-controlled  crack  growth  mechanisms  are 
referred  to  as  those  in  which  the  crack  extension  process  results 
directly  from  anodic-dissolution  processes.  Included  in  this  section 
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are  active  path  and  film-rupture  mechanisms,  as  opposed  to  a 
H-induced  crack  growth  process.  However,  also  included  are  me¬ 
chanical  fracture  processes  that  occur  simultaneously  with  the 
anodic  process  or  that  may  be  induced  by  the  anodic  process.  More 
than  one  of  these  processes  may  occur  simultaneously. 

In  Ni  or  Ni-base  alloys,  active  path  stress  corrosion  occurs 
primarily  along  grain  boundaries  because  of  local  microchemistry 
effects,  such  as  segregation  or  depletion  of  specific  elements,  as 
discussed  previously.  For  impurity  segregation  in  Ni,  Jones,  et  al., 
have  shown  that  at  low  temperatures  in  low-pH  solutions,  P  promotes 
IGSCC  while  S  does  not.81  The  crack  velocity  for  an  active  path 
process  is  described  in  its  simplest  form  below:193 

da/dt  =  i  M/zF3  (3) 

where  i  is  the  bare-surface  current  density,  M  is  the  atomic  weight,  z 
is  the  valence,  and  F  is  Faraday's  constant  and  the  material  density. 
Foi  a  crack  growing  along  a  grain  boundary  enriched  in  a  species  that 
inhibits  passive  film  growth  such  that  the  grain  boundary  remains  in 
the  "bared"  condition,  and  there  are  no  transport  limitations  within  the 
crack,  Equation  (3)  describes  the  maximum  permissible  crack 
velocity  Using  Equation  (3)  and  data  on  current  density  vs  P- 
concentration  data,  Jones,  et  al.,  determined  that  the  calculated 
crack  velocity  was  about  10  times  less  than  the  measured  velocity  at 
high-stress  intensities  where  crack  transport  limitations  are  minimal.81 
Potential  processes  that  account  for  experimental  crack  velocities 
exceeding  calculated  velocities  will  be  discussed  below. 

There  are  a  number  of  processes  that  can  retard  crack 
velocities  below  those  given  by  Equation  (3).  These  processes 
include  crack  geometry  and  crack  width  effects  on  crack-tip  chem¬ 
istry  and  corrosion  rate,  salt  or  passive  film  formation,  crack-tip 
shielding  and  crack  deflection.  Danielson,  et  al.,  evaluated  the  effects 
of  crack  length  and  width  on  the  crack-tip  corrosion  rate  for  an  active 
path  corrosion  process.194  The  results  of  crack-tip  chemistry  model¬ 
ing  are  shown  in  Figure  28  for  crack  lengths  of  0.25  mm  to  3  mm  and 
crack  angles  up  to  3°.  The  crack  length  and  angle  effect  results  from 
the  contribution  of  the  crack-wall  corrosion  to  the  total  metal  ion 
concentration  in  the  crack.  Even  though  the  crack  wall  was  assumed 
to  be  passive  and  the  tip  was  active,  at  small  crack  volumes,  the 
crack-wall  contribution  is  significant.  Changes  in  crack  angle  result 
from  sample  stress:  the  angle  increases  with  increasing  stress.  The 
results  in  Figure  28  show  that  the  dependence  of  the  crack-tip  current 
density  on  crack  angle  decreases  with  decreasing  crack  length.  For 
crack  lengths  of..0.5  .mm  or  less,  the  crack-tip  current  density  is 
independent  of  crack  angle  or  stress-stress  intensity.  This  is  the 
regime  in  which  IGC  and  IGSCC  cannot  be  distinguished  because 
there  is  no  stress  dependence;  however,  for  longer  penetrations 
there  is  a  definite  stress  or  stress-intensity  dependence.  The 
maximum  current  corresponds  to  the  corrosion  rate  of  the  P-enriched 
grain  boundary  without  any  rate-limiting  processes  such  as  crack 
transport.  Results  in  Figure  28  suggest  that  the  K1SCC  and  the 
transition  from  Stage  I  to  Stage  II  cracking  are  crack-length  depen¬ 
dent.  as  shov/n  schematically  in  Figure  29.  Experimental  evidence  for 
crack-length  effects  in  anodic  dissolution-controlled  SCC  is  not 
presently  available  and  represents  a  fruitful  area  of  research. 

Passive-  or  salt-film  formation  at  the  crack  tip  can  retard  the 
crack-tip  corrosion  rate  and  crack  velocity  to  values  lower  than  the 
active  path  values,  A  film-rupture  model  presented  by  Ford,  as  given 
below,  expresses  the  crack  velocity  as  a  function  of  the  time  (t,) 
between  film-rupture  events  and  the  charge  density  (Q()  passed 
between  the  time  of  film  ruptures  and  re-forms:143 

da/dt  =  MQ,/z  Ft,  (4) 

This  model  is  an  adaptation  of  a  slip-dissolution  model,  originally 
presented  by  Vermilyea,  which  considers  the  corrosion  that  occurred 
on  a  slip  plane  following  slip  rupture  of  a  passive  film.195  For  active 
path  dissolution  retarded  by  film  growth,  crystallographic  slip  will  only 
rarely  produce  a  slip  surface  that  coincides  with  the  active  path  along 


the  grain  boundary.  Therefore,  the  more  general  concept  of  crack-tip 
strain  causing  rupture  of  a  passive  or  salt  film  is  a  more  appropriate 
description.  Ford  has  also  expressed  Equation  (2)  in  terms  of  the 
crack-tip  strain  rate,  film-rupture  strain,  and  repassivation  time,  and 
more  recently  in  terms  of  the  applied  stress  intensity  as  given  below. 

da/dt  =  (7.8  x  10“3  n3.6)(6  x  10“ 14  K4)n  (5) 

where  n  is  a  function  of  the  material  condition,  corrosion  potential, 
and  solution  conductivity  and  K  is  the  stress  intensity.  The  value  for 
n  ranges  between  0.5  and  1 ,  which  gives  a  K  exponent  between  2 
and  4.  Jones,  et  al.,  evaluated  the  stress-intensity  dependence  for 
crack  growth  of  SSs  and  found  that  the  exponent  for  K  in  Stage  I 
ranged  from  7  to  24, 196  which  is  considerably  larger  than  the  value 
given  by  Equation  (5).  Therefore,  this  equation  describes  more  of  a 
steady-state  crack  velocity,  such  as  in  Stage  II,  where  the  stress- 
intensity  dependence  is  very  small.  Ford  s  analysis  has  been  used  for 
austenitic  SSs  and  ferritic  steels,  but  a  detailed  application  to  Ni-base 
alloys  has  not  been  made.  Jones,  et  al.,197  determined  the  crack 
velocity-stress-intensity  dependence  of  Ni  +  P  in  1  N  H2S04  at  +  900 
mVscE  and  found  that  Stage  I  had  a  very  large  K  exponent  of  41.  At 
cathodic  potentials,  Ni  had  an  exponent  of  17  and  alloy  C-276  had  an 
exponent  that  ranged  from  5  to  41  as  discussed  in  the  section  on  H 
effects.  Based  on  these  values,  it  is  possible  that  Ni-base  alloys 
exhibit  the  classic  Stage  I  with  strong  K  dependence  and  a  Stage  II 
with  small  K  dependence,  at  this  time,  there  are  insufficient  data  to 
make  such  a  conclusion  possible. 


Calculated  Crack  Tip  Corrosion  Rates  for  Ni  +  P  System 


FIGURE  28  -  Calculated  crack-tip  corrosion  rates  vs  crack  angle 
forNi  +  P.194 


FIGURE  29-Schematlc  of  crack  growth  rata  vs  stress  Intensity 
for  various  crack  lengths,  based  on  calculated  crack-tip  corro¬ 
sion  rate  vs  crack-angle  results. 
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Mechanical  fracture  accompanying  active  path  dissolution  with 
or  without  film  rupture  has  been  suggested  by  Jones,  et  al.,81  to 
explain  the  crack  velocities  of  Ni  +  P  and  by  Bandy,  et  al.,191  to 
explain  the  crack  velocity  of  alloy  600.  Mechanical  fracture  during 
TGSCC  of  brasses  has  been  presented  as  a  stress  corrosion 
mechanism  by  several  studies.198'207  Evidence  for  discontinuous 
crack  advance  includes  a  correlation  between  acoustic  emission 
(AE)  and  current  pulses  and  fractographic  analysis. 

Jones,  et  al.,  found  that  the  measured  crack  velocity  of  Ni  +  P 
was  about  a  factor  of  1C  greater  than  that  determined  by  the  active 
path  mechanism,  with  no  film  formation  and  the  grain-boundary 
current  density  determined  with  buik  Ni+P  alloys.81  Crack-tip 
corrosion-rate  analysis  also  indicated  that  for  crack  angles  corre¬ 
sponding  to  the  high-stress-intensity  Stage  II  crack  growth  regime, 
the  crack-tip  corrosion  rate  was  not  controlled  by  crack-transport 
limitations  and  the  tip  corrosion  rate  equaled  that  of  a  flat  plate.  The 
approach  used  by  Jones,  et  al.,  is  illustrated  in  Figure  10;  it  was 
suggested  that  active  path  dissolution  along  a  P-enriched  grain 
boundary  could  sharpen  the  crack,  raise  the  local  stress,  and  induce 
mechanic  fracture.  The  geometry  for  a  propagating  (Ni+P)  vs 
nonpropagating  (Ni+S)  crack  (Figure  30(b)]  was  consistent  with 
crack-tip  shapes  below  and  above  the  blunting  line.  The  sequential 
process  detailed  in  Figure  30(a)  suggested  that  corrosion  along  a  1- 
to  2-nm-wide  grain  boundary  enriched  in  an  active  element  such  as 
P  could  sharpen  the  grain  boundary  such  that  the  crack  tip  is  sharper 
than  the  tearing  modulus  for  a  radius  p,  and  crack  extension  occurs 
to  bring  the  crack  into  correspondence  with  a  tearing  modulus  of  p2. 
Since  some  plastic  deformation  and  crack  blunting  is  likely  to 
accompany  the  mechanical  fracture,  the  crack-tip  condition  now 
corresponds  to  that  of  a  blunter  crack-tip  radius  such  as  p,  but  with 
a  new  crack  length  a2.  Resharpening  of  the  crack  tip  by  localized 
grain-boundary  corrosion  could  resharpen  the  tip,  which  again 
induces  mechanical  fracture.  Whether  crack  extension  will  occur  by 
mechanical  fracture  or  whether  crack-tip  sharpening  by  localized 
corrosion  induces  plastic  flow  without  crack  extension  is  a  key 
question  that  has  not  been  answered. 

In  an  effort  to  detect  mechanical  fracture,  Jones  and  Friesel196 
have  monitored  the  AE  emanating  during  subcritical  crack  growth  of 
Ni  +  P.  An  AE  event  rate  of  800  events/mm2  of  crack  extension  was 
detected;  however,  at  present,  the  events  detected  appear  to 
correlate  with  the  fracture  of  ligaments  such  as  transgranular 
ligaments  or  inclusion  behind  the  crack  tip.  Detection  of  short  10-pm 
crack  jumps  was  not  feasible,  and  no  conclusion  could  be  reached 
regarding  intergranular  mechanical  fracture.  Bandy,  et  al.,  suggested 
that  the  high  crack  velocities  of  alloy  600  tested  in  thiosulfate  and 
tetrathionate  solutions  correlated  with  the  presence  of  large  grain¬ 
boundary  carbides.191  Intergranular  fracture  extending  beyond  the 
grain-boundary  carbides  was  considered  a  possibility,  although  no 
detailed  mechanics  or  AE  analysis  was  performed  to  verify  the 
hypothesis. 

In  summary,  evidence  for  identifying  specific  crack  growth 
mechanisms  in  Ni-base  alloys  is  sparse.  There  is  some  evidence  that 
the  crack  growth  mechanism  in  Ni  with  P-enriched  grain  boundaries 
can  be  described  by  active  path  dissolution  with  the  possibility  of 
mechanical  fracture  For  alloy  600,  Cr  depletion  on  activate  path 
dissolution  and  Cr-carbide  effects  on  crack-tip  strain  or  mechanical 
fracture  are  processes  that  have  been  identified.  Alloy  X-750  has  the 
additional  effect  of  galvanic  coupling  between  intermetallic  phases 
and  the  matrix,  which  may  contribute  to  crack  growth. 


Summary 

Nickel  base  alloys  exhibit  environment-induced  crack  growth  in 
a  variety  of  environments.  This  cracking  is  controlled  by  the 
well-established  stress  corrosion  parameters:  (1 )  material  microstruc¬ 
ture/microchemistry,  (2)  environment,  and  (3)  stress.  Examples  of 
microstructural  effects  include  grain  boundary  carbide  precipitation, 
slip  planarity  induced  by  LRO,  grain  boundary  impurity  segregation, 
and  intermetallic  phase  precipitation.  Sensitization  occurs  in  Ni-base 


alloys  but  appears  to  promote  cracking  only  in  oxidizing  environ¬ 
ments,  while  grain-boundary  carbide  precipitation  is  beneficial  in 
high-purity  water  environments.  Slip-planarity  effects  contribute'to 
hydrogen-induced  crack  growth  by  assisting  local  hydrogen  transport 
to  the  grain  boundaries  and/or  contributing  to  grain-boundary  tensile 
stresses.  Impurity  segregation  of  elements  such  as  P  and  S  have 
been  clearly  related  to  hydrogen-induced  crack  growth  but  only 
implicated  in  crack  growth  in  aqueous  environments.  It  Jias  been 
suggested  that  intermetallic  phases  such  as  gamma  prime  produce 
local  corrosion  cells  at  the  crack  tip  and  thus  a  high  hydrogen  activity. 
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FIGURE  30— Schematic  of  a  corrosion-assisted  ductile  intergran¬ 
ular  fracure  mechanism.81 

Nickel-base  alloys  crack  in  high-purity  water,  although  the  crack 
velocities  are  relatively  slow  compared  to  austenitic  SSs.  Water 
impurities  such  as  Cl,  Na2S203,  02,  etc.,  accelerate  crack  growth 
rates  as  they  do  in  Fe-Cr-Ni  alloys.  Irradiation  that  produces  an 
oxidizing  environment  induces  cracking  in  nickel-base  alloys  and 
Fe-Cr-Ni  alloys.  Cracking  occurs  more  readily  in  acidic  environments 
and  hydrogen  gas  in  nickel-base  alloys  as  compared  to  Fe-Cr-Ni 
alloys,  and  hydrogen  has  been  implicated  in  the  crack  growth  of  alloy 
600  in  high-temperature  water.  Concentrated  caustic  solutions  have 
been  used  to  simulate  some  service  environments,  and  crack  growth 
has  been  observed  in  nickel-base  alloys  in  the  active-to-passive 
transition  in  these  solutions. 

Quantitative  relationships  between  stress,  stress  intensity  and 
strain  rate,  and  crack  growth  rate  are  essentially  unknown  for 
nickel-base  alloys.  SCC  tests  have  been  primarily  U-bend  and 
CERT,  which  produce  information  on  relative  susceptibility  but  not 
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detailed  relationships.  Some  information  on  crack  growth  rates  and 
temperature  dependence  of  crack  growth  rate  has  been  obtained 
with  these  techniques,  but  the  data  needed  to  develop  the  stress  and 
stress-intensity  dependence  of  cracking  are  absent. 

Improved  understanding  of  the  mechanisms  of  environment- 
induced  crack  growth  of  nickel-base  alloys  requires  further  research 
in  the  following  areas: 

(1)  The  role  of  grain-boundary  carbides  on  crack  growth  in  nonoxi¬ 
dizing  environments; 

(2)  The  role  of  intermetallic  phases; 

(3)  The  relationship  between  LRO  and  impurity  segregation  on 
crack  growth  in  hydrogen-bearing  environments; 

(4)  Grain-boundary  hydrogen  concentrations  and  critical  concentra¬ 
tions  for  IG  fracture; 

(5)  Grain-boundary  hydrogen-transport  rates,  impurity  trapping, 
disloction  transport  over  short  distances  (cell  diameter); 

(6)  Quantitative  da/dt  vs  K  in  high-temperature  water,  and 

(7)  da/dt  vs  strain  rate  in  high-temperature  water. 

This  list  may  not  be  exhaustive,  but  it  represents  the  most  glaring 
unknowns  encountered  in  writing  this  review. 
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Discussion 

S. C.  Janl  (Georgia  Institute  of  Technology,  USA):  You 
mentioned  the  possibility  of  dislocation  transport  of  hydrogen  to  the 
interior  of  a  metal.  It  should  be  pointed  out  that  although  there  is  an 
interaction  between  dislocations  and  hydrogen  in  face-centered 
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cubic  materials,  the  binding  energies  involved  are  relatively  low 
(compared  to  body-centered  cubic  materials),  and  therefore  transport 
of  hydrogen  by  dislocations  is  unlikely. 

R. H.  Jones:  I  agree.  The  results  of  Frankel  and  Latanision 
(References  160  and  161  in  the  paper)  on  hydrogen  permeation  in 
nickel  single  crystals  undergoing  single  slip  suggests  that  long-range 
transport  of  hydrogen  by  dislocations  occurs,  but  that  the  enhanced 
transport  is  only  of  the  order  of  a  few  percent. 

S. C.  Jani:  You  questioned  the  relevance  of  the  Griffith  criterion 
for  cracking  (brittle  transgranular  or  intergranular).  The  criterion  has 
no  inherent  limitations.  The  real  limitation  is  that  the  specific  energy 
to  form  new  surfaces  is  not  easily  determined  because  the  energy 
imparted  to  a  cracked  body  performs  plastic  work  in  addition  to 
causing  crack  extension. 

R.H.  Jones:  My  point  was  that  for  materials  in  which  disloca¬ 
tion  nucleation  and  mobility  is  relatively  easy,  the  balance  between 
cleavage  or  decohesive  fracture  and  slip  tends  to  favor  slip. 
Therefore,  the  use  of  the  Griffith  criterion  is  inappropriate,  unless  it 
can  be  shown  that  hydrogen  reduces  the  surface  energy  of  nickel 
sufficient  for  decohesion  to  be  favored  over  slip. 

A.  Gelpi  (Framatome,  France):  You  mentioned  briefly  high- 
temperature  stress  corrosion  cracking  (SCC)  of  nickel-base  alloys.  In 
your  opinion,  can  this  cracking  occur  by  an  anodic-dissolution 
mechanism? 

R.H.  Jones:  To  my  knowledge,  an  electrochemical  reaction  is 
not  possible  in  steam  without  condensed  water  on  the  surface.  Water 
can  be  stable  in  cracks  or  crevices  at  steam  temperatures,  so  the 
absence  of  condensed  water  must  be  demonstrated  before  anodic- 
dissolution  effects  can  be  discounted. 

J.M.  Sarver  (Babcock  and  Wilcox,  USA):  Can  the  work  by 
Bruemmer  be  used  to  explain  the  intergranular  and  transgranular 
cracking  of  annealed  and  sensitized  Inconel1 600  (UNS  N06600)  in 
the  presence  of  lead? 

R. H.  Jones:  Without  more  details  about  cracking  of  Inconel  600 
in  lead,  it  is  not  possible  to  correlate  observations  about  the  effect  of 
grain-boundary  carbides  on  microdeformation  in  high-purity  water  to 
the  case  in  lead. 

S.  Szklarska-Smialowska  (Ohio  State  University,  USA):  It  is 
well  established  that  by  increasing  the  partial  pressure  of  hydrogen 
in  primary  water,  the  intergranular  SCC  susceptibility  of  Inconel  600 
is  increased.  It  has  also  been  found  that  a  cathodicaily  treated  alloy 
is  suceptible  to  intergranular  SCC  in  high-temperature  water  [see,  for 
example  Totsuka  and  Szklarska-Smialowska,  Corrosion  43(1 987):  p. 
734)  On  the  other  hand,  there  are  reports  in  the  literature  that  high 
overpressures  of  hydrogen  in  water  solution  inhibit  intergranular  SCC 
of  Inconel  600. 

R. C.  Newman  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  Smialowska  appears  to  have  lost 
confidence  in  hydrogen  embrittlement  (HE)  as  the  mechanism  of 
intergranular  SCC  of  Inconel  600  in  high-temperature  borate  solution. 
Yet  in  her  papers  with  Totsuka  (for  example,  Totsuka,  et  al„ 
Corrosion  43(1987):  p.  505],  she  shows  a  continuity  in  behavior 
between  E(corr)  and  cathodic  potentials  as  high  as  -1  V  (I  think). 
Surely  this  more  or  less  proves  HE  is  the  mechanism,  does  it  not? 

S.  Szklarska-Smialowska:  Results  of  our  experiments  show 
that  in  dry  hydrogen  gas  at  high  pressure,  SCC  does  not  occur, 
although  hydrogen  is  absorbed  into  the  alloy.  However,  there  is  no 
corrosion,  and  no  surface  film  formation.  The  totality  of  our  results 
indicates  that  corrosion  in  hydrogenated  water  solution  that  is 
accompanied  by  oxide/hydroxide  film  formation  is  the  necessary 
condition  for  intergranular  SCC  of  Inconel  600.  So,  entry  of  hydrogen 
from  water  solution  and  oxide/hydroxide  film  formation  both  play 
important  roles  in  intergranular  SCC  of  Inconel  600  in  primary  water. 

R.N.  Iyer  (Pennsylvania  State  University,  USA):  Is  the  pres¬ 
ence  of  impurities  a  necessary  and  sufficient  condition  to  cause  HE? 
Oriani,  in  one  of  his  review  articles,  has  indicated  that  very  clean 
metals  and  alloys  (without  nitrogen,  phosphorus,  and  sulfur,  etc.)  do 
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not  embrittle  in  hydrogen,  but  in  the  presence  of  any  one  of  these 
impurities,  they  do.  Can  we  explain  the  impurity  effect  by  solute 
pinning  of  dislocations  by  the  impurities  that  increase  hydrogen 
residence  time  sufficiently  to  cause  dynamic  trapping? 

R.H.  Jones:  Based  on  our  results  and  those  of  Birnbaum 
(References  134,  153,  154  of  the  paper),  hydrogen-induced  inter¬ 
granular  crack  growth  of  nickel  can  occur  with  0.04  monolayer  or  less 
of  sulfur.  Comparable  Auger  electron  spectroscopy  data  for  nickel- 
base  alloys  is  not  available,  so  similar  conclusions  cannot  be  made 
for  these  materials.  Since  impurities  are  not  required  for  hydrogen- 
induced  intergranular  crack  growth  of  nickel  (and  iron),  your  sugges¬ 
tion  of  impurity  pinning  of  dislocations  is  not  appropriate.  However, 
there  is  some  evidence  that  impurities  in  grain  boundaries  can  alter 
the  properties  of  grain-boundary  dislocations,  such  as  the  critical 
stress  for  grain-boundary  dislocation  sources. 

J.  Kolts  (Conoco,  Inc.,  USA):  The  susceptibility  to  HE  of 
various  nickel  alloys  is  very  variable.  For  example,  alloy  C-276  (UNS 
N10276)  requires  strength  levels  beyond  150  ksi  (950  MPa),  while 
alloy  825  (UNS  N08825)  is  almost  immune  even  at  its  highest 
strength  levels.  How  can  these  large  variations  be  explained  by 
impurity  segregation  to  grain  boundaries? 

R.H.  Jones:  It  is  difficult  to  make  correlations  without  knowing 
more  about  specific  hydrogen  uptake  rates,  grain-boundary  micro¬ 
structures  and  chemistries. 

R.  Griffin  (Texas  A&M  University,  USA):  With  regard  to 
Kolts’s  comment  on  the  lack  of  cracking  in  nickel  alloys  until  very 
high-strength  levels  are  achieved,  I  want  to  ask  the  following 
question.  It  seems  that  Kolts’s  comments  would  suggest  that  a  critical 
strain,  at  or  near  the  crack  tip,  would  be  an  important  parameter.  Do 
you  think  this  might  be  a  useful  way  of  approaching  the  problem? 

R.H.  Jones:  It  is  difficult  to  generalize  the  role  of  crack-tip  strain 
and  stress,  since  different  mechanisms  will  be  activated  by  stress 
and  strain.  Decohesion  at  grain  boundaries  or  particles  such  as 
carbides  or  hydrides  is  initiated  by  stress,  while  film  rupture  (passive, 
salt,  or  dealloyed  layer),  crack  transport,  and  crack-tip  plasticity 
effects  are  Strain  and  strain  rate  related. 

K.  Sieradzki  (The  Johns  Hopkins  University,  USA):  It  might 
be  worthwhile  to  try  to  interpret  some  of  the  results  you  describe  in 
terms  of  recently  developed  models  for  intergranular  separation 
processes,  which  I  reviewed  yesterday.  Do  you  have  any  plans  to 
attempt  this? 

R.H.  Jones:  Our  current  emphasis  is  in  anodic  transgranular 
SCC  processes  and  we  are  therefore  not  actively  pursuing  mecha¬ 
nisms  of  hydrogen-induced  crack  growth.  However,  our  recent 
observations  (Jones,  et  al„  Corrosion,  in  press)  of  intergranular  SCC 
in  iron  at  crack  growth  velocities  of  10' 2  mm/s  may  require  us  to 
revisit  these  issues. 

J.  Stewart  (Harwell  Laboratory,  UKAEA,  UK):  Your  sug¬ 
gested  explanation  of  acoustic  emission  during  intergranular  SCC 
tests  is  consistent  with  our  findings  during  intergranular  SCC 
propagation  in  sensitized  stainless  steels.  We  find  that  the  corrosion 
current  flowing  during  the  early  stages  of  crack  propagation  is 
somewhat  cyclic,  with  each  cycle  corresponding  to  a  crack  advance 
of  a  grain-boundary  facet  length  or  less.  However,  cracks  do  not 
arrest  during  this  period,  but  appear  to  be  hindered.  Perhaps  you 
could  consider  using  electrochemical  techniques  in  conjunction  with 
acoustic  emission.  Also,  it  appears  to  us  that  the  propagating  crack 
is  hindered  by  "microstructural  barriers"  that  will  depend  on  the  alloy 
and  environment  corrosivity,  but  that  probably  include  grain-boundary 
triple  points  and  precipitates.  This  is  an  important  area  requiring 
future  research,  with  implications  for  alloy  design.  Would  you 
comment  please? 

R.H.  Jones:  If  your  quiescent  period  results  from  ligaments 
behind  the  crack  tip  and  further  crack  extension  occurs  when  these 
ligaments  fail,  then  acoustic  emission  should  occur  during  your 
quiescent  period  and  just  prior  to  the  next  electrochemically  active 
period.  We  are  currently  setting  up  an  experiment  to  make  these 
measurements. 
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D.J.  Duquette  (Rensselaer  Polytechnic  Institute,  USA):  Just 
a  comment.  As  has  been  pointed  out,  grain-boundary  impurities  are 
not  required  to  cause  embrittlement  of  nickel  in  hydrogen.  In  some 
cyclic  loading  tests  we  performed,  rapid  crack  advance  in  grain 
boundaries  of  very  pure  nickel  (no  sulfur  in  the  grain  boundaries)  was 
observed  for  annealed  samples,  while  transgranular  cracking  was 
observed  when  the  metal  surfaces  were  shot  peened.  It  appears  that 
shot  peening  provides  a  large  sink  of  dislocations  for  hydrogen  and 
accordingly  biases  the  crack  path.  In  addition  to  enhanced  fatigue 
crack  propagation  rates,  enhanced  cyclic  hardening  was  also  ob¬ 
served.  Thus  it  appears  that  there  is  a  strong  link  between  disloca¬ 
tions  and  hydrogen. 


R.H.  Jones:  Birnbaum  and  Lassila  (Reference  134  in  the 
paper)  have  also  reported  intergranular  crack  growth  of  nickel,  with 
very  little  sulfur  segregation,  while  we  have  also  shown  this  for  nickel 
with  as  little  as  0.04  monolayers  (this  was  zone-refined  nickel)  of 
sulfur  on  the  grain  boundary.  Cold  work  has  been  shown  to  promote 
transgranular  cracks  in  alloy  C-276  and  IN  600  in  hydrogen-bearing 
environments.  This  may  be  evidence  of  hydrogen-enhanced  shear 
along  the  planar  dislocation  arrays,  causing  a  localized  shear 
instability  type  of  fracture.  However,  there  has  been  little  fundamental 
work  performed  on  this  issue. 
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Environment-Induced  Cracking 
of  High-Strength  Aluminum  Alloys 

N.J.H.  Holroyd* 


Introduction 

Continual  development  ot  new  generation  aluminum  alloys  such  as 
aluminum-lithium-based  alloys,  powder  metallurgy  products,  7090 
and  7091,  and  new  variants  of  existing  alloys,  e.g.,  7010,  7050,  and 
7051,  prompts  a  review  of  the  current  understanding  of  stress 
corrosion  cracking  (SCC)  mechanisms.  Excellent  review  papers 
summarize  published  information  up  until  the  mid-1970s,1  6  and  the 
reader  is  directed  to  these  along  with  a  recently  updated  general  text7 
for  background  on  the  compositional,  metallurgical,  and  mechanical 
details  of  aluminum  alloys.  Environment-sensitive  fracture  of  alumi¬ 
num  alloys  is  almost  exclusively  intergranular  (IG)  unless  the 
mechanical  loading  conditions  are  severe  and/or  the  local  grain 
boundaries  (GBs)  are  unfavorably  oriented.  Although  numerous 
detailed  SCC  mechanisms  abound,  two  basic  theories  have  evolved. 
One  envisages  cracking  as  highly  localized  anodic  dissolution  of  GB 
regions  under  the  combined  influence  of  stress  and  environment,  the 
other  suggests  embrittlement  and  loss  of  ductility  is  promoted  after 
the  ingress  of  an  aggressive  species  (usually  atomic  hydrogen)  onto 
or  into  the  alloy.  The  Sprawls  and  Brown  review’  concluded  in  1969 
that  the  SCC  of  2XXX  (Al-Cu)  and  5XXX  (Al-Mg)  series  alloys  occurs 
via  an  anodic  dissolution  mechanism,  whereas  mechanistic  attribu¬ 
tions  for  7XXX  (Al-Zn-Mg(-Cu)l  series  remain  controversial. 

Many  authors  favored  anodic-dissolution-based  SCC  mecha¬ 
nisms  for  all  aluminum  alloy  systems  until  the  early  1980s,  ignoring 
the  pioneering  work  of  Gruhl  and  coworkers  in  Germany  on  7XXX 
series  alloys  (recently  reviewed8)  and  the  suggestions  of  Haynie,  et 
al,9'°  until  the  work  of  Gest  and  Troiano’’  triggered  numerous 
studies  showing  that  hydrogen  embrittlement  (HE)  generally  has  a 
role  in  the  SCC  of  7XXX  series  aluminum  alloys'2-'3  and  may  be 
involved  for  2XXX'4  and  5XXX  series  alloys.'5  Despite  the  above, 
some  authors  still  maintain  the  SCC  of  7XXX  series  alloys  propa¬ 
gates  via  purely  anodic-dissolution-based  mechanisms,  with  no  role 
for  HE.'6 

SCC  of  aluminum  alloys  is  a  complex  process  Involving  a 
multiplicity  of  time-dependent  interactions  that  remain  difficult  to 
evaluate  independently.  SCC  to  date  eludes  a  complete  mechanistic 
interpretation.  Nevertheless,  considerable  progress  has  been  made 
over  the  last  two  decades,  with  most  resulting  from  the  availability  ol 
sophisticated  experimental  techniques  involving  high-resolution  elec¬ 
tron  microscopy,  electrochemistry,  and  the  implementation  of  frac¬ 
ture  mechanics. 

The  aim  of  this  review  is  to  present  and  discuss  the  experimen¬ 
tal  observations  upon  which  the  current  understanding  of  the 
environment  sensitive  fracture  of  aluminum  alloys  is  based.  Discus 
sion  will  focus  upon  published  work  for  7XXX  series  alloy  plate 
material,  and,  where  expropriate,  results  for  other  aluminum  alloy 
systems  will  be  highlighted.  Important  experimental  observations  and 
conclusions  covering  microstructural,  environmental,  and  mechani¬ 
cal  aspects  of  environment  sensitive  fracture  of  aluminum  alloys  are 
summarized  in  the  following  sections. 

‘Alcan  International  Limited,  Banbury,  Oxon,  OX16  7SP  England. 


Microstructural  Aspects 

The  influence  of  alloy  microstructure  upon  the  SCC  of  2XXX 
(Al-Cu)  and  5XXX  (Al-Mg)  is  documented  in  detail  elsewhere,1 6  with 
SCC  susceptibility  being  directly  relatable  to  the  development  of  local 
anodes  and  cathodes  within  GB  regions.  Notable  exceptions  are  as 
follows  Hardwick,  et  al.,14  who  suggested  that  an  Al-Cu-Mg  alloy, 
2124,  can  suffer  HE  after  being  subjected  to  simultaneous  straining 
and  cathodic  charging  with  hydrogen  from  an  aqueous  environment, 
and  Higashi,  et  al.,15  who  reported  the  existence  of  pie-existing 
embrittled  zones  ahead  of  SCC  crack  fronts  in  precracked  AI-8%Mg 
specimens,  which  are  reversible  and  therefore  associated  with  HE. 

The  general  dependence  of  SCC  susceptibility  upon  iso-thermal 
aging  is  well  established  for  7XXX  series  [At  Zn  Mg(-Cu)]  alloys,5 
2XXX  series  alloys  Al-Cu(-Mg),' 6 '4  and  the  Al-Li-Cu-Mg  alloy 
8090'8-'9  (Figure  1): 

Microstructure 
Solution  Treated 
(No  GB 
precipitation) 

Underaged 
Peak  Aged 
Overaged 

For  7XXX  series  alloys,  numerous  attempts  to  correlate  sus¬ 
ceptibility  with  microstructural  features  known  to  be  influenced  during 
thermal  treatment  include  the  following; 

(1)  Grain-boundary  precipitate  size  and  spacing;20-34 

(2)  Precipitate  free  zone  (PFZ)  width  or  preferential  slip  in  the 
PFZ-20-2'-27,35-39 

(3)  Matrix  precipitate  size/distribution  and  deformation 
characteristics;40-44 

(4)  Solute  profiles  in  the  PFZ;7,29-45-54  and 

(5)  Grain-boundary  segregation.55-62 

Despite  claims  to  the  contrary  (Figure  2),  no  single  microstruc¬ 
tural  parameter  has  yet  been  identified  that  uniquely  controls  the 
SCC  of  7XXX  series  alloys.5  This  conclusion  is  sustainable  for  the 
following  reasons: 

(1)  In  many  studies,  microstructural  comparisons  have  been  made 
without  maintaining  strength  levels; 

(2)  It  is  almost  impossible  to  vary  independently  the  microstructural 
parameters  listed  above,  for  example,  most  parameters  could 
change  during  aging  of  a  solution-heat-treated  and  quenched 
alloy; 

(3)  Correlation  of  SCC  susceptioility  with  one  parameter  need  not 
exclude  the  possible  dependence  on  other  parameters  and 
independence  of  the  one  associated  with  the  apparent  correla¬ 
tion;  and 

(4)  Prior  to  the  mid-1970s,  SCC  data  was  rarely  considered  in  terms 
of  initiation  and  propagation  stages. 
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RESISTANCE  TO  SCC  STRENGTH 


FIGURE  1— Typical  dependence  of  SCC  resistance  upon  ther¬ 
mal  aging  condition  for  precipitate-hardening  aluminum  alloys.43 
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FIGURE  2— Implied  relationships  between  alloy  microstructure 
parameters  and  SCC  performance  for  7XXX  series  aluminum 
alloys  in  aqueous  0.5  to  0.6  M  sodium  chloride  solutions:  (a) 
influence  of  precipitate-free-zone  width  and  (b)  grain-  boundary 
precipitate  size  upon  failure  time  for  Al-Zn-Mg  alloys  and  (c)  for 
the  latter  parameter  upon  crack  growth  rate  in  precracked 
specimens  of  Al-Zn-Mg(-Cu)  alloys.  (Reprinted  with  permission 
from  Chapman  and  Hail  Publishers.33) 


Further  complications  arise  because,  although  it  is  well  known 
that  microstructural  development  during  commercial  thermal- 
mechanical  practices  almost  inevitably  differs  from  laboratory-based 
treatments,  most  published  work  involves,  almost  exclusively,  either 
laboratory-cast  and  -processed  alloys  or  commercial  alloys  subse¬ 
quently  subjected  to  laboratory-based  heat  treatments.  In  addition, 
many  studies  use  high-purity  analogue  alloys  that  normally  are 
completely  recrystallized  with  isotropic  SCC  properties,  whereas 
wrought  products  of  commercial  alloys  (e.g.,  plate  and  extrusion) 
generally  have  elongated  grain  structures  and  potential  SCC  sus¬ 
ceptibilities  restricted  to  the  short-transverse  direction.  The  validity  of 
equating  the  microstructural  dependence  of  SCC  for  high-purity 
alloys  with  recrystallized  GB  structures  with  those  of  nonrecrystal- 
lized  short-transverse  pancake  GB  structures  is  not  yet  established. 
Many  potentially  important  influences  are  thus  ignored,  for  instance; 
grain  refiners  and  dispersoids  (e.g.,  Mn,  Cr,  and  Ti),  impurity 
elements  (e.g,,  Fe  and  Si),  Race  element  segregants  (e.g.,  Pb,  Bi, 
Sn,  etc.),  and  the  effects  of  GB  shape  and  texture.  Due  care  must 
therefore  be  exercised  when  generalizations  are  made  for  commer¬ 
cial  alloys  based  upon  noncommercial  alloys  and/or  fabrication/ 
thermal  practices. 

Experimental  findings  in  which  the  above  complications  have 
been  minimized  are  summarized  in  the  following  sections  covering 
the  various  stages  of  thermal  aging  of  precipitate  age-hardening 
aluminum  alloys. 


Solution  heat  treatment 

Pickens  and  Langan  investigated  the  influence  of  solution 
heat-treatment  (SHT)  temperature  upon  SCC  susceptibility  of  a 
high-purity  AI-7Zn-3Mg  laboratory  alloy  and  attempted  to  eliminate 
other  variables,  such  as  recrystallization,  grain  growth,  yield  stress, 
and  solute  depletion,  by  carefully  controlling  alloy  thermomechanical 
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processing  and  aging  treatments.59-60  Reported  SCC  crack  growth 
rates  increase  with  decreasing  SHT  temperatures,  contrary  to  the 
trend  reported  by  Shastry,  et  al.,61  for  the  commercial  Al-Zn-Mg-Cu 
alloy  7075-T651,  but  are  in  general  agreement  with  the  earlier  data 
of  Taylor  and  Edgar46  for  the  Al-Zn-Mg  alloy  7004  (Figure  3). 
Recrystallization,  grain  growth  effects,  and  alloy  yield  stress  could 
account  for  these  differences  It  is  interesting  to  note  that  the  one 
result  of  Taylor  and  Edgar’s  that  is  contrary  to  the  trend  quoted  by 
Pickens  and  Langan  is  for  the  highest  temperature  they  tested, 
575°C,  the  only  one  promoting  significant  grain  growth. 

All  the  above  studies,  which  were  principally  aimed  at  assessing 
the  influence  of  GB  segregation  on  SCC,  will  be  reviewed  in  a  later 
section. 


FIGURE  3-lnfluence  of  solution  heat  treatment  upon  the  SCC 
performance  of  Al-Zn-Mg  alloys  In  saline  environments;  (a)  time- 
to-failure  from  smooth  specimens  and  (b)  Region  2  SCC  pla¬ 
teaux  crack  velocities  from  precracked  specimens. 


Quench  rate 

The  influence  of  quench  rate  upon  IG  corrosion  and  SCC 
susceptibility  for  2XXX  series  alloys  is  considered  to  be  well 
understood.1-6-63  For  alloys  such  as  2024-T3  and  -T4,  SCC  suscep¬ 
tibility  becomes  marked  when  quench  rates  fall  below  around 
500°C/s  (Figure  4),  and  GB  regions  become  sufficiently  anodic  with 
respect  to  grain  interiors  resulting  from  GB  precipitation  of  AljCuMg.1-6 
If  SCC  occurs  via  a  purely  anodic  dissolution  mechanism,  as  is 
currently  generally  accepted  for  2XXX  series  alloys,  it  may  be 
possible  to  predict  SCC  susceptibility  by  integrating  the  effects  of 
precipitation  at  intermediate  temperatures  during  a  quench.63 


Data  quoted  by  Sprowls  &  Brown  (1967)  REE  1 
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FIGURE  4— Effect  of  cooling  rate  during  quenching  between  315 
and  400’C  on  the  susceptibility  of  2XXX  series  alloy  to  SCC.1 

For  7XXX  series  alloys,  the  picture  is  less  clear-cut,  although 
there  are  undoubtedly  microstructural  changes  occurring  during 
quenching  (such  as  precipitation  on  chromium-rich  and  to  a  lesser 
extent  zirconium-rich  particles66  and  precipitation  near  high-angle 
boundaries20)  that  influence  subsequent  aging  responses.2-65-60 
Doig  and  Edington  reported  that  rapid  quenching  promotes  a  local 
enrichment  of  magnesium  on  as-quenched  grain  boundaries  for  an 
AI-6Zn-3Mg  alloy,48  and  Miller  and  Scott  argued  that  this  accounted 
for  the  SCC  they  observed  in  as-quenched  Al-Zn-Mg  alloys.64  In 
hindsight,  the  latter  explanation  is  improbable  if,  as  is  now  thought, 
GB  precipitation  is  a  prerequisite  for  SCC.62  A  more  plausible 
explanation  is  that  GB  precipitation  occurred  during  their  SCC  testing 
at  room  temperature . 

For  7XXX  series  alloys,  it  is  generally  believed  that  the  influence 
of  quench  rate  upon  SCC  is  dependent  upon  an  alloy's  copper 
content.  For  copper-lean  alloys,  SCC  resistance  is  progressively 
improved  by  reducing  quench  rates;22  low  rates  (e.g.,  air  cooling) 
offer  practical  immunity ,2-67  whereas  the  reverse  is  true  for  alloys 
containing  more  than  about  1  wt%  copper.2-68  Sarkar,  et  al.,69 
attribute  this  to  quench  rates  having  to  prevent  dispersoid  elements 
such  as  Cr  and  Mn  acting  as  nucleation  sites  for  copper-rich 
precipitation  and  the  removal  of  copper  from  solid  solution,70  which 
they  deem  detrimental  to  SCC  performance  of  Al-Zn-Mg-Cu  alloys. 
Slower  quench  rates  were  considered  beneficial  for  copper-lean 
alloys  because  more  incoherent  precipitation  and  homogeneous 
deformation  characteristics  are  promoted  that  are  well  known  to 
improve  SCC  performance.22-43,71 

Thermal  aging.  For  most  commercial  applications  of  high- 
strength  aluminum  alloys,  precipitation  hardening  is  of  paramount 
importance.  In  general,  the  potential  risk  of  stress  corrosion  prevents 
exploitation  of  the  maximum  strength  oltered,  because  although 
alloys  are  immune  to  SCC  in  the  as-quenched  condition  (as  long  as 
GB  precipitation  is  prevented82),  they  usually  become  susceptible 
with  increasing  precipitation  hardening,  reaching  a  maximum  before 
peak  strength  (Figure  I).43 

The  influence  of  thermal  aging  upon  the  SCC  of  Al-Cu(-Mg) 
alloys  generally  reflects  the  electrochemical  potential  difference 
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between  GB  regions  and  the  alloy  matrix.16  An  example  of  this  is 
given  in  Figure  5,  comparing  electrochemical  data  for  AI-4%Cu  with 
SCC  data  for  2024  during  aging  at  1S0°C. 

For  7XXX  series  alloys,  the  beneficial  effects  that  can  result 
from  overaging  are  strongly  influenced  by  the  presence  of  copper:6 
Alloys  with  copper  contents  below,  around  1  wt%  require  gross 
overaging  before  high  resistances  to  SCC  are  obtained,  whereas 
alloys  with  higher  copper  contents  need  only  sacrifice  10  to  15%  of 
the  maximum  strength,  as  is  exploited  in  the  commercial  -T73  duplex 
aging  practices  developed  during  the  1960s1  to  minimize  service 
problems  (Figure  6).5 


FIGURE  5— Comparison  between  measured  potential  difference 
between  grain-boundary  regions  and  the  matrix  and  the  SCC 
performance  of  2XXX  series  alloys  in  3.5%  NaCI  as  a  function  of 
aging  time  at  190°C. 
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FIGURE  6— Influence  of  copper  concentration  on  the  Improved 
SCC  performance  (Region  2  SCC  plateau  velocities)  Induced  by 
overaglng  alloys  at  160’C.3 

In  the  late  1960s,  it  was  hypothesized  that  dislocation- 
precipitate  interactions  play  an  important  role  during  the  SCC  of 
aluminum  alloys.5-39-69  Work  by  Thomas  and  Nutting39  led  to  the 
proposition  that  preferential  flow  occurs  in  GB  PFZs  of  SCC 
susceptible  Al-Zn-Mg  and  A!  Zn-Mg-Cu  alloys,  which  facilitate  local 
ized  corrosion  along  the  regions  subjected  to  plastic  flow.  This  view 
was  questioned  by  later  work  demonstrating  that  slip,  even  in  the 


most  susceptible  alloys,  concentrates  in  bands  across  grains, 40-41-71 
thereby  indicating  the  importance  of  the  overall  distribution  and 
nature  of  precipitates  within  the  matrix  and  their  interaction  with 
dislocations  during  plastic  deformation.  In  view  of  this,  Speidel 
suggested  that  SCC  susceptibility  is  enhanced  by  precipitates  being 
sheared  during  plastic  deformation,  with  the  effectiveness  of  particle 
shearing  being  determined  by  the  particle  size,  volume  fraction,  and 
coherency.43  Using  the  above,  an  argument  can  be  generated 
explaining  why  overaging  can  improve  the  SCC  resistance  of 
Al-Zn-Mg-Cu  alloys  containing  more  than  about  1  wt%  copper 
without  dramatic  loss  of  strength,  as  found  for  Al-Zn-Mg  alloys.  The 
addition  of  copper  to  Al-Zn-Mg  alloys  not  only  increases  the  volume 
fraction  of  strengthening  precipitates  but  also  modifies  the  kinetics  of 
the  precipitation  reaction.  In  the  presence  of  copper,  the  develop¬ 
ment  of  V  from  Guinier-Preston  (GP)  zones  is  accelerated  and  the 
semicoherent  V  precipitate  persists  to  longer  aging  times.74  Conse¬ 
quently,  precipitates  in  peak-aged  Al-Zn-Mg  alloys  will  be  sheared 
and  result  in  inhomogeneous  planar  deformation,  whereas  precipi¬ 
tates  in  Al-Zn-Mg-Cu  alloys  containing  sufficient  copper  will  develop 
dislocation  loops  and  result  in  a  more  homogeneous  deformation 
mode. 

The  dislocation-precipitate  interaction  hypothesis  and  the  pro¬ 
posal  of  preferential  deformation/corrosion  of  PFZ  regions  are  at  best 
incomplete,  and  most  workers  believe  that  a  realistic  model  of  SCC 
must  include  microstructural  features  of  the  GB  region.  PFZ  width  per 
se  is  unlikely  to  be  a  critical  parameter.  Most  investigations  have 
detected  little  or  no  effect  upon  SCC,22’34-49,79  although  reducing 
PFZ  width  has  been  claimed  to  increase37  and  decrease36  SCC 
susceptibility.  Evidence  for  SCC  resistance  increasing  with  increas¬ 
ing  GB  precipitate  size  and  spacing  is  more  convincing,  although 
there  are  discrepancies  here  as  well. 

Middleton  and  Parkins’s76  indirect  experimental  evidence  for 
the  SCC  in  Al-Zn-Mg  alloys  generally  being  along  GBs  rather  than 
within  PFZs  is  supported  by  the  later  detailed  fractographic  evidence 
of  Seamans,77  although,  as  reported  by  Lynch,78  cracking  can  in 
some  instances  involve  microvoid-coalescence  and  therefore  prop¬ 
agate  within  PFZs. 

Middleton  and  Parkins76  suggest  SCC  propagation  in  Al-Zn-Mg 
alloys  occurs  via  MgZn2  GB  precipitates  acting  as  an  active  path  for 
corrosion,  with  creep  preventing  the  formation  of  an  effective 
passivating  film  over  the  crack  tip  and  allowing  dissolution  of  the 
material  between  the  GB  precipitates.  Poulose,  et  al.,27  modified 
these  ideas  by  suggesting  that  GB  precipitates  act  as  sacrificial 
anodes  and  retard  SCC  and  that  crack  growth  rates  (cv)  in  the 
K-independent  domain  (Region  2)  are  inversely  proportional  to  the 
volume  fraction  of  MgZn2  GB  precipitate  (Figure  7).  These  authors 
held  the  alloy  composition  (AI-5.5Zn-2.5Mg)  and  strength  level 
constant  and  conducted  experiments  to  separate  the  microstructural 
variables  of  PFZ  width  and  GB  and  matrix  precipitate  sizes.  On  the 
basis  of  their  results,  they  maintain  that  rather  than  the  number  or  the 
size  of  GB  precipitates  being  critical,  it  is  the  volume  fraction,  and 
since  the  PFZ  width,  deformation  mode,  and  matrix  precipitation  are 
not  directly  involved,  their  model  is  consistent  with  there  being  many 
apparently  contradictory  findings  reported  in  the  literature.  Further 
work  is  needed  to  evaluate  these  ideas.  Recent  results  quoted  by 
Park  for  alloy  7075  (UNS  A97075)  in  a  3.5%  saline  environment  imply 
a  logarithmic  relationship  between  SCC  plateau  velocities  and  the 
volume  of  GB  precipitates/unit  GB  area34  (Figure  7). 

Starke  and  coworkers  used  the  above  arguments,  supple¬ 
mented  with  ones  based  upon  observed  deformation  and  electro¬ 
chemical  behavior,  to  explain  the  influence  of  aging  upon  the  SCC  of 
commercially  cast  and  fabricated  AI-6Zn-2Mg-XCu  alloys  containing 
various  levels  of  copper.69-70-73-74  Homogeneity  of  slip  was  shown  to 
be  dependent  upon  an  alloy's  copper  level73  and  the  strengthening 
precipitate  coherency,  volume  fraction,  and  the  number  of  partially 
coherent  and  incoherent  precipitates.74  It  was  argued69  that  SCC 
crack  growth  rates  in  the  stress-intensity  factor  (K)  insensitive  region 
(Region  2)  were  under  electrochemical  control,  whereas  those  in  the 
K  sensitive  region  (Region  1 )  were  influenced  by  the  deformation 
mode. 
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FIGURE  7— Implied  relationships  between  SCC  performance 
and  the  volume  fraction  of  grain-boundary  precipitates  for  7XXX 
series  alloys:  In  terms  of  (a)  crack  growth  rate  and  (b)  failure 
times  for  smooth  specimens  In  3  to  3.5%  NaCI. 


For  alloys  in  the  T651  temper  (Figure  8),  Sarkar,  et  al.,69 
suggested  the  following: 

(1)  In  Region  1,  copper  levels  up  to  1  wt%  had  little  influence 
upon  either  SCC  crack  growth  rates  or  deformation  mode,  whereas 
for  higher  copper  levels,  slip  homogeneity  increased  and  crack 
velocities  decreased;  and 

(2)  In  Region  2,  the  SCC  crack  growih  rate  progressively 
decreased  with  increasing  copper  level  because  copper  entered 
hardening  precipitates,  making  them  more  electrochemically  noble 
and  reducing  local  electrochemical  differences  in  the  crack-tip  region. 
The  beneficial  effects  of  overaging  copper-free  alloys  were  primarily 
attributed  to  a  deformation-mode  transition  from  predominantly 
inhomogeneous  (T651)  to  a  homogeneous  mode  promoting  reduced 
stress  concentration  at  grain  boundaries,  whereas  for  copper- 
containing  alloys,  both  copper  enrichment  of  precipitates  and  ho¬ 
mogenization  of  deformation  were  deemed  important  (Figure  8). 


Q  STRESS  INTENSITY  FACTOR. K  (MNiii^) 


FIGURE  8— SCC  of  AI-6Zn-2Mg-XCu  alloys  in  3%  NaCI;  (a)  SCC 
crack  growth  rate  as  a  function  of  stress-intensity  factor  and  (b) 
Region  2  plateau  velocity  at  various  copper  concentrations. 


EiCM  Proceedings 


315 


Further  development  of  the  deformation-mode  arguments  should 
be  possible  now  that  it  is  appreciated  that  strain  accommodation  in 
precipitate-hardening  alloys  is  strain-rate  dependent,  with  GB  defor¬ 
mation  being  favored  by  lower  strain  rates,75 

Concurrent  with  attempts  in  the  mid-1970s  to  characterize  SCC 
in  terms  of  deformation  mode  or  GB  precipitation,  other  workers 
focused  attention  upon  the  solute  content  of  the  GB  region  away  from 
precipitates.  Lorimer  and  Ryder  suggested  that  the  solute  profiles 
within  the  PF Z  may  provide  an  electrochemical  sensitive  path.80  Doig 
and  Edington  and  Doig,  et  al.,  in  a  series  of  publications,  reported 
solute  concentrations  across  GBs  for  Al-Mg,  A!-Zn-Mg,  and  Al-Zn- 
Mg-Cu  alloys  obtained  using  a  range  of  electron-microscopy-based 
techniques.50  Matrix  and  GB  microstructural  changes  observed 
during  the  overaging  of  7075  from  a  T6  to  a  T73  temper  were  minimal 
other  than  a  twofold  reduction  in  the  Cu  concentration  within  the  PFZ. 
On  (he  basis  of  this  and  electrochemical  studies,  they  concluded  that 
the  SCC  susceptibility  of  aged  Al-Zn-Mg-Cu  alloys,  although  inde- 
pf-v'ont  of  the  GB  PFZ  width,  are  controlled  by  the  width  of  a 
c' '  jleted  copper  zone  within  the  PFZ,  with  improved  SCC  resistance 
.sociated  with  overaging  being  attributed  to  reduced  cathodic 
-variation  characteristics  Peel  and  Poole  extended  these  argu¬ 
ments  by  observing  that  (1 )  Cu  entered  GB  MgZn2  precipitates  during 
overaging  leading  to  more  positive  electrochemical  potentials  in 
saline  environments,  and  (2)  cathodic  polarization  characteristics  for 
Al-Zn-Mg-Cu  solid  solutions  were  insensitive  to  Zn  and  Mg  depletion 
or  reducing  Cu  from  1  5  to  0  7  wt%  but  were  markedly  decreased  by 
the  complete  removal  of  copper.30  Later  work  by  Poole,  et  al., 
indicated  that  copper  reductions  from  1.5  wt%  downward  did 
significantly  influence  the  cathodic  polarization  characteristics  (Figure 
9)  and  reinforced  their  belief  that  the  beneficial  effects  of  overaging 
retarding  SCC  of  Al-Zn-Mg-Cu  alloys  is  associated  with  crack 
blunting  that  results  from  preferential  anodic  dissolution  of  relatively 
wide  GB  regions  with  copper  depletion.72 


FIGURE  9-  Electrochemical  potential  (vs  SCE  scale)  for  AI-0.6Zn- 
1.3Mg-XCu  solid  solutions  and  Mg-Znx-Cuy  Intermetallics  at  an 
anodic  current  density  of  10'*  mA/cm2  and  the  FCP,  respec¬ 
tively,  for  various  levels  of  copper  in  aerated  3.5%  NaCI. 

The  failure  of  Doig,  et  al.,50  to  detect  significant  Zn  or  Mg  solute 
level  changes  In  GB  regions  during  overaging  7075  must  be 
attributed  to  a  lack  of  measuring  technique  sensitivity,  because  more 
recent  electron  microscopy  studies32,8'  report  changes,  For  Zn, 
these  changes  are  consistent  with  those  expected,  i.e.,  concentration 
decrease  with  overaging, 32,91  whereas  those  for  magnesium  are  less 
clear,  with  increases,32,8'  decreases,48  and  minimal  changes55  all 
having  been  reported. 


During  the  late  1970s  and  early  1980s,  considerable  effort  was 
made  to  determine  whether  GB  segregation  of  magnesium  influ¬ 
enced  the  SCC  of  AI-Zn-Mg(Cu)  alloys.  Early  work  by  Montgrain  and 
Swann  noted  that  magnesium  oxide  developed  preferentially  at  GB 
surface  intersections  during  solution  treatment  and  was  thought  to  be 
responsible  for  accelerated  hydrogen  entry  and  subsequent  embrit¬ 
tlement  under  tensile  stress  (pre-exposure  embrittlement).12  This 
result  led  Viswanadham,  et  al.,  to  propose  that  magnesium  was  also 
enriched  in  ambient  oxide  films  adjoining  GBs  and  that  magnesium 
was  segregated  at  GBs  within  AI-Zn-Mg(Cu)  alloys.58  A  series  of 
publications  resulted,  with  spectroscopic  and  microscopic  techniques 
being  used  to  seek  evidence  of  magnesium  segregation  at  grain 
boundaries. 

A  research  group  at  Martin  Marietta  Laboratories  initiated  work 
(recently  reviewed  in  detail  by  Pickens,  et  al.82)  using  the  enhanced 
surface  sensitivity  of  Auger  electron  spectroscopy  (AES)  to  obtain 
segregation  profiles  at  grain  boundaries  in  high-purity  Al-Zn-Mg  and 
commercial  Al-Zn-Mg-Cu  alloys.  Initial  segregation  studies  con¬ 
ducted  by  Green  and  coworkers  involved  fracturing  several  Al-Zn- 
Mg-Cu  alloys  in  situ  in  an  Auger  chamber  under  ultra-high  vacuum  at 
around  194,’C  to  produce  IG  fracture.28  55  58  Segregation  on  the 
fracture  faces  was  then  measured  using  AES  with  information  being 
obtained  to  a  depth  of  3  to  6  atomic  layers  from  6  to  8  grains  under 
the  electron  beam.  These  workers  concluded  that  both  Zn  and  Mg 
atoms  segregate  to  GBs  with  "free"  magnesium  existing  in  addition 
to  MgZn2.  Further  support  for  this  was  provided  by  plasmon-loss 
energies  of  the  Auger  spectra56  which  suggested  that  60%  of  the 
magnesium  existing  on  peak-aged  7075  GBs  was  free,  with  all  of 
the  Zn  being  tied  up  as  MgZn2.  Attempts  to  reproduce  the  latter 
findings  have  been  unsuccessful83  and  several  questions  resulted. 
For  instance,  (1)  does  the  IG  microvoid  coalescence  fracture 
produced  in  the  Auger  chamber  truly  represent  SCC  fracture,  which 
predominantly  runs  along  GBs  rather  than  in  the  associated  PFZ,  and 
(2)  how  significant  are  local  compositional  changes  induced  by  the 
electron  beam  during  analysis?  Pickens  and  Langan  have  attempted 
to  minimize  the  first  problem  by  developing  an  embrittlement 
procedure  capable  of  promoting  the  appropriate  IG  fracture  morphol¬ 
ogy  in  ultra-high  vacuum.59'50  Three  techniques  were  assessed 
using  a  high-purity  laboratory  Al-Zn-Mg  alloy  with  a  composition  and 
temper  known  to  give  a  high  susceptibility  to  SCC:  fracture  at  near 
liquid  nitrogen  temperatures  without  prior  embrittlement  and  fracture 
at  room  temperature  after  pre-exposure  to  either  liquid  gallium  or 
water-vapor-saturated  air  (WVSA)  at  100’C.  Fractographic  evidence 
confirmed  that  the  IG  fracture  promoted  at  liquid  nitrogen  tempera¬ 
tures  was  via  microvoid  coalescence,  while  that  produced  after  the 
two  pre-exposure  procedures  showed  little  evidence  of  ductile 
dimpling  and  was  thought  to  bo  true  GB  fracture.  Problems  arose  as 
Ga  was  found  to  react  with  the  GB  and  lead  to  local  Mg  concentra¬ 
tions  increasing  with  time,  as  was  previously  reported  by  Seamans.84 
Thus,  by  elimination,  the  WVSA  pre-exposure  method  was  deemed 
the  most  appropriate.  However,  the  latter  method  also  has  draw¬ 
backs,  because  SCC  for  all  alloys,  save  the  most  highly  SCC 
sensitive  in  appropriate  tempers,  requires  strain  rates  lower  than 
those  provided  by  impact  fracture  in  the  Auger  chamber,85  and  if 
lower  strain  rates  are  used,  sufficient  time  is  now  available  for  the 
vacuum  to  remove  the  pre-exposure  effects,  and  ductile  fracture  will 
be  promoted.88 

The  above  spectroscopic  work  and  parallel  microscopic  work 
(reviewed  elsewhere62)  present  clear  evidence  for  magnesium 
segregation  on  boundaries  in  the  quenched  condition  in  the  absence 
of  GB  precipitation.  The  retention  of  segregation  after  precipitation 
remains  a  controversial  point,  although  the  weight  of  evidence  for 
“free"  magnesium  on  boundaries  of  aged  alloys  is  growing.60 

The  importance  of  GB  magnesium  segregation  during  SCC  of 
AI-Zn-Mg(Cu)  alloys  remains  unresolved,  since,  on  the  one  hand,  the 
presence  of  magnesium  at  GBs  is  known  to  promote  local  activity  and 
hydrogen  entry  into  grain  boundaries  that  can  be  detected  by  bubbles 
of  molecular  hydrogen  discharged  at  suitable  trap  sites;87,88  and,  on 
the  other  hano,  (1)  the  presence  of  GB  magnesium  is  not  a  sufficient 
condition  for  SCC;  (2)  in  the  as-solution-heat-treated  condition,  when 
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GB  segregation  is  maximized,  alloys  are  immune  to  SCC;  (3) 
experimental  evidence  suggests  that  magnesium  concentrations  at 
GBs  can  increase  when  SCC  susceptibilities  decrease,  e.g.,  Al-Zn- 
Mg-Cu  alloys  being  aged  from  T6X  to  T7X  tempers  (Figure  10).32-81 
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FIGURE  10— Influence  of  alloy  temper  upon  the  grain-boundary 
concentration  of  solid  solution  magnesium  in  various  Al-Zn-Mg- 
Cu  alloys. 


Retrogression  and  re-aging 

Although  successfully  minimizing  SCC  service  problems  for 
high  st'ength  Al  Zn  Mg  Cu  alloys,  duplex  aging  prevents  exploitation 
of  an  alloy’s  potential  maximum  strength.'5  Al.ernative  heat  treatment 
procedures  known  as  retrogression  and  re-aging  (RRA)  have  been 
claimed  to  provide  SCC  resistances  equivalent  to  an  overaged  T73 
temper  while  maintaining  peak-aged  strengths.89  These  heat  treat¬ 
ments  consist  of  a  retrogression  or  reversion  stage  where  peak  or 
underaged  material  is  heated  in  the  temperature  range  180  to  280  G 
followed  by  re  aging  at  a  lower  temperature.  Initial  applications  tor 
RRA  were  restricted  to  thin  sections9"  because  it  was  not  realized 
•hat  retrogression  temperatures  below  220  C  could  be  used  tor  some 
A!  Zn  Mg  Cu  alloys.  Use  of  these  lower  temperatures  extend  the 
required  retrogression  times  from  a  few  minutes  up  to  over  one  hour 
(Figure  11)  and  has  allowed  thick  sections  to  be  successfully  heat 
treated.91 

Several  papers  have  been  published  documenting  the  micro- 
structural  changes  introduced  during  RRA33-92  and  the  (actors 
promoting  improved  SCC  performance.33  34  Work  up  until  late  1986 
has  been  reviewed  by  Thompson,  et  al.,9’  who  conclude  that  there  is 
general  agreement  on  the  final  RRA  microstructure  but  that  two 
schools  of  thought  exist  on  how  it  is  obtained.  Danh,  et  al.,33  propose 
that  the  retrogression  step  promotes  GP  zone  dissolution  and  V 
nucleation  within  grains,  whereas  Park  and  Ardell92  favor  matrix 
nucleation  of  n  and  partial  dissolution  of  t\'.  These  differences  may 
arise  because  Park  and  Ardell  used  a  higher  retrogression  temper¬ 
ature  (as  suggested  by  Thompson,  et  al.93)  or  they  may  reflect 
microstructura!  differences  in  the  initial  plate  material,  which  are 
known  to  be  markedly  sensitive  to  commercial  fabrication  practice. 
As  yet,  there  is  no  general  understanding  of  why  the  RRA  micro¬ 
structure  offers  a  high  resistance  to  SCC.  Cina  and  Ranish’s94  initial 
explanation  of  the  improved  SCC  resistance  was  based  on  the 
proposal  of  Jacobs95  that  SCC  is  due  to  concentrations  of  disloca¬ 
tions  adjacent  to  undissolved  MgZn2  precipitates.  The  authors 
concluded  that  if  the  latter  mechanism  were  operative,  retrogression 


would  be  expected  to  reduce  SCC  susceptibility;  however,  they 
added  the  proviso  that  electron  microscopy  was  needed  for  confir¬ 
mation.  More  recent  explanations  have  focused  attention  upon  GB 
precipitates,  some33,93  have  invoked  ideas  of  Seamans,87  Christo- 
doulou  and  Flower,88  and  Pressouyre  and  Bernstein96  that  GB 
precipitates  need  to  exceed  a  critical  size  before  they  act  as 
preferential  sites  for  hydrogen  discharge  or  trapping,  whereas  others, 
who  have  also  found. SCC  growth  rates  are  related  to  GB  precipitate 
size,  believe  further  study  is  needed  to  describe  quantitatively  their 
results.34  Data  available  to  date  suggest  that  the  SCC  rankings  T6, 
T73,  RRA  are  not  linearly  related  to  precipitate  size,  spacing,  or 
volume  fraction34-81-97  (Figures  2  and  7),  so,  although  there  is  a 
consensus  that  SCC  resistance  generally  improves  as  GB  MgZn2 
precipitate  size  increases,  it  seems  probable  that  other  factors  are 
involved. 


FIGURE  1 1  —Retrogression  times  for  peak-aged  7075-type  (UNS 
A97075)  alloys  capable  of  providing  retrogressed  and  re-aged 
properties  with  at  least  T6  design  0.2%  proof  stress,  462  MPa, 
and  a  T73  electrical  conductivity,  38%  IACS.81 

A  recent  study  on  a  Al-Zn-Mg-Cu  alloy  71508’ 97  using  ultra- 
high  resolution  (  2  nm)  scanning  transmission  electron  microscopy 
(STEM)  has  revealed  that  both  RRA  and  duplex  aging  practices 
promote  significant  changes  to  GB  segregation  of  zinc,  magnesium, 
and  copper  These  results,  which  are  in  close  agreement  with  Raos 
for  7075-T651  and  T7351,32  show  that  both  duplex  aging  and  RRA 
treatments  promote  increases  in  magnesium  and  decreases  in  zme- 
and  copper  segregation  concentrations  at  grain  boundaries  (Figure 
12).  On  the  basis  of  these  results,  it  seems  unlikely  that  GB 
magnesium  segregation  controls  SCC,  and  although  the  observed 
changes  for  zinc  are  consistent  with  the  proposal  of  Schmiedel  and 
Gruhl54  that  zinc  controls  SCC  (Figure  13),  the  changes  for  copper 
are  more  striking  (Figure  12)  and  have  prompted  a  re-examination97 
of  the  proposals  made  by  Doig,  et  al..  in  the  mid-1970s  that  GB 
copper  segregation  controls  SCC  in  7075-type  alloys.50 

Transgranular  SCC 

Despite  the  SCC  of  aluminum  alloys  being  almost  exclusively 
1G,1 5,6  transgranular  (TG)  SCC  is  well  documented.8-70-85-98'112  It 
occurs  when  factors  such  as  grain  shape/orientation,99-103-109  crack- 
tip  strain  rate,65-100  or  local  environmental  conditions85-113  are 
unfavorable  for  IGSCC,  and  the  severe  loading  requirements  for 
TGSCC  may  be  established88-112  without  the  onset  of  overload 
mechanical  fracture.  For  example,  albeit  at  very  high  stresses, 
TGSCC  can  occur  in  high-strength  aluminum  alloys:  (1)  across  the 
fibrous  grain  structures  often  found  in  commercial  plate  and  extru¬ 
sions  alloys,  i.e.,  nonshort-transverse  onentations  that  in  general  are 
highly  resistant  to  IGSCC;103-105  (2)  in  short-transverse  precracked 
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specimens  of  7XXX-T73  alloys  loaded  at  stress-intensity  factors 
approaching  Klc;104J09  or  (3)  in  place  of  IGSCC  if  a  critical  crack-tip 
strain  rate  is  exceeded  and  sufficient  time  is  available  prior  to  ductile 
overload  failure.85-108  The  critical  strain  rate  for  the  IG/TGSCC 
transition  is  microstructure  sensitive,  increasing  with  an  alloy's  SCC 
susceptibility  and  the  aggressiveness  of  the  environment/ 
pre-exposure  conditions. 


FIGURE  12-Influence  of  alloy  temper  upon  zinc,  magnesium, 
and  copper  concentration  at  grain  boundaries  for  two  commer¬ 
cial  Al-Zn-Mg-Cu  alleys,  7075  (UNS  A97075)  and  7150. 

Alloy  composition  in  weight.  % 


FIGURE  13— Relationship  between  zinc  and  magnesium  content 
of  grain-boundary  regions  and  tlme-to-failure  for  Al-Zn-Mg 
alloys  with  varying  Zn/Mg  ratios  In  an  aqueous  saline  solution.54 


Hydrogen  embrittlement 

The  most  comprehensive  study  of  microstructural  effects  upon 
HE  of  aluminum  alloys  is  provided  by  Bernstein,  Thompson,  and 
coworkers, 14■114',,8  who  over  the  past  decade  have  conducted 
systematic  studies  on  Al-Zn-Mg-Cu  alloys  and  have  suggested  that 
similar  effects  are  operative  for  an  Al-Cu-Mg  alloy,  2124.14  Initial 
studies114  examined  the  influence  of  temper  [underaged  (UA).  peak 
aged  (PA),  and  overaged  (OA)]  upon  the  susceptibility  of  a  laboratory- 
re-aged,  commercially  produced  7075  plate  material,  cathodically 
charged  with  hydrogen  and  fractured  at  temperatures  between 


-196°C  and  room  temperature.  Their  results  confirmed  the  temper¬ 
ature-dependent  HE  previously  reported  by  Gest  and  Troiano,11  and 
demonstrated  a  microstructural  sensitivity  mirroring  that  known  for 
SCC;  i.e.,  HE  and  SCC  susceptibility  decrease  UA  >  PA  »  OA, 
despite  the  fact  that  in  this  work  the  principal  fracture  path  is  TG  for 
HE,  as  opposed  to  IG  for  SCC.  Albrecht,  et  al.,115  in  a  later  study 
obtained  similar  results  using  a  commercially  produced  high-purity 
7075  model  alloy  with  Cr,  Fe,  and  Si  minimized  and  demonstrated 
that  the  fracture  path  for  the  HE  (as  with  SCC)  is  primarily  IG  when 
grain  structures  are  favorably  oriented  and  the  local  hydrogen 
concentrations  are  sufficiently  high.  In  this  study,  a  test  procedure 
known  as  SET  (straining  electrode  test)  was  introduced,  in  which 
specimens  were  preloaded  to  about  70%  of  their  yield  stress  and 
then  continuously  plastically  strained  to  up  to  2%  total  plastic  strain 
using  a  low  nominal  strain  rate  of  around  2  x  lO-6/s,  while 
simultaneously  cathodically  charging  with  hydrogen  at  -2000  mVSCE 
in  a  HCI  environment  with  a  pH  of  1  prior  to  tensile  testing  in 
laboratory  air  using  a  nominal  e  ~  3.3  x  1 0_4/s.  SET  is  an  aggressive 
test  for  HE,  often  inducing  greater  embrittlement  than  static  cathodic 
charging  (Figure  14),  an  effect  that  has  been  attributed  to  the 
involvement  of  dislocation  transport  of  hydrogen1 1S  via  solute  atmo¬ 
spheres  being  associated  with  mobile  dislocations.119-121  In  view  of 
this,  Albrecht,  et  al.,115  concluded  that  microstructural  effects  upon 
the  HE  of  Al-Zn-Mg-Cu  alloys  were  accountable  in  terms  of  the 
relative  planarity  of  dislocation  motion,  the  strain  for  slip-band 
segregation,  and  the  effects  of  local  slip-band  softening.114  Further 
evidence  in  support  of  these  proposals  was  offered  by  concurrent 
studies118-118  on  commercially  produced  7050-type  alloys,  AI-6Zn- 
3Mg-xCu,  with  and  without  copper.  Here  it  was  shown,  as  expected, 
that  UA  (80%  PA  strength)  alloys  were  highly  susceptible  to  HE, 
whereas  the  Cu-containing  7050  alloy  when  PA  was  highly  resistant, 
unlike  the  copper-free  version  or  7075-type  alloys,1 14-11S  which 
contain  lower  levels  of  Cu  than  7050.  The  explanation  offered  was 
that  matrix  precipitates  are  sheared  for  7050-UA,  7075-PA,  and 
AI-6Zn-3Mg-PA  ,73-74  which  is  often  associated  with  a  poor  resistance 
to  HE,123  whereas  for  7050-PA,  they  are  looped73-74  and  thereby 
provide  an  improved  HE  resistance,122  i.e.,  the  same  argument  as 
previously  used  for  SCC  resistance  improving  with  aging.43-89-74 


FIGURE  14— Comparison  of  ductility  of  uncharged,  precharged 
and  straining  electrode  test  (SET)  specimens  for  a  high-purity 
7075  (UNS  A97075)  analogue  alloy  In  an  underaged  temper.115 

A  detailed  examination  of  the  microstructural  dependence  of  the 
HE  for  the  HP-7075  alloys  previously  used  by  Albrecht,  et  al.,115  has 
been  recently  presented  by  Nguyen,  et  al.1 17  These  authors  conclude 
for  high-strength  aluminum  alloys  in  general  that  (1)  matrix  precipi¬ 
tates  exercise  the  most  control  over  HE  through  their  influence  on  slip 
planarity,  (2)  GB  precipitates  play  a  secondary  role,  probably  via 
hydrogen  trapping  providing  localization  of  hydrogen  and  enhanced 
IG  embrittlement,  and  (3)  the  presence  and  size  of  PFZs  are  of  minor 
if  any  importance. 
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On  the  basis  of  the  data  obtained  (Figure  15),  it  appears  that  a 
remarkably  strong  resistence  to  HE  is  obtained  when  the  matrix 
precipitate  size  exceeds  around  9.3  nm,  which  compares  favorably  to 
the  8.5  nm  quoted  by  Jacobs'23  for  high  SCO  resistance. 

In  the  opinion  of  the  reviewer,  although  the  importance  of  matrix 
precipitation  for  transgranular  SCO  and  HE  is  undoubtable,  the  case 
for  matrix  precipitation  controlling  the  IG  HE  or  SCO  behavior  is  far 
from  proven.  The  conclusions  of  Bernstein,  Thompson,  and  cowork¬ 
ers  are  based  upon  observations  for  TG  HE  (IG  HE  in  general  being 
restricted  to  a  maximum  depth  of  a  few  grains).  Plausible  arguments 
for  GB  precipitation  controlling  IG  HE  can  be  made.  For  instance,  it 
is  interesting  to  note  from  the  data  of  Nguyen,  et  al„  given  in  Figure 
15  that  a  high  resistance  to  HE  occurs  when  GB  precipitate  sizes 
exceed  around  30  nm.  This  value  has  been  quoted  by  several 
authors  as  a  critical  minimum  size  for  good  SCC  resistance  in  7075- 
type  alloys,  as  used  by  Nguyen,  et  al.117 

The  most  convincing  evidence  for  the  importance  of  GB 
precipitates  during  IGSCC  is  provided  by  Vasudevan,  et  al., 124,125 
who  have  manipulated  the  microstructures  of  Al-Li-Cu-Zr  alloys  using 
reversion  and  re-aging  to  provide  microstructures  maintaining  PA 
GBs  while  varying  the  matrix  structure.  The  SCC  growth  data  for 
microstructures  with  PA  GBs  and  an  UA  matrix  closely  resemble  that 
of  the  PA  rather  than  the  UA  material  (Figure  16).  This  important 
observation  questions  the  importance  of  matrix  precipitation  and  the 
role  of  slip  planarity  during  SCC. 


FIGURE  15— Ductility  loss  as  a  function  of  precipitate  size,  both 
In  matrix  and  at  grain  boundaries.117 

Clearly,  more  study  is  needed  to  clarify  the  role  of  microstruc¬ 
ture  during  SCC  and  HE.  It  is  interesting  to  note,  however,  that  the 
dependence  shows  many  similarities,  a  point  that  will  be  returned  to 
in  a  later  section. 


Environmental  Aspects 

Almost  all  published  SCC  data  for  aluminum  alloys  (2XXX, 
5XXX,  7XXX,  and  AI-Li-based  alloys)  involves  cracking  in  aqueous 
saline  environments.  Some  data  is  available  for  7XXX  series  alloys 
in  (1)  various  gases, 3,5,6  (2)  aqueous  environments  containing  halide 
anions  other  than  chloride1,3,5,6,126  or  nonhalide  anions3,5,6,126'131 
and  (3)  nonaqueous  organic  environments.3,5,6,132 

Gaseous  environments 

The  influence  of  gaseous  environments  upon  the  SCC  of 
Al-Zn-Mg(-Cu)  alloys  is  summarized  by  Speidet  as  follows:3 

(1)  SCC  neither  initiates  nor  propagates  in  dry  gases. 

(2)  SCC  initiates  almost  immediately  in  wet  gases  when  precracked 
specimens  are  subjected  to  stress  intensity  factors  approaching 
K,c. 


(3)  SCC  fracture  morphology  is  IG  with  crack  growth  kinetics 
controlled  by  the  humidity  level  and  independent  of  gas  compo¬ 
sition  (Figure  17). 

(4)  SCC  is  observed  at  sufficiently  low  humidity  levels,  e.g.,  below 
30%  relative  humidity  (RH),  for  condensation  not  to  occur  at 
propagating  crack  tips  and  therefore  eliminate  the  possibility  of 
anodic  dissolution. 
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FIGURE  1 6- Variation  in  crack  growth  with  exposure  time  for  an 
under-,  peak-,  and  peak-aged  +  reverted  AI-2.9Li-1.1Cu-0.11Zr 
alloy  exposed  to  drip-fed  3.5%  NaCI  aqueous  solution.125 


FIGURE  17— Effect  of  humidity  upon  Region  2  SCC  crack 
growth  rate  in  an  Al-Zn-Mg-Cu  alloy,  7075-T651.3 

On  the  basis  of  the  above,  Speidel3  argues  that  a  HE  mecha¬ 
nism  must  control  the  SCC  of  7XXX  alloys  in  moist,  gaseous 
atmospheres. 

SCC  in  moist  environments  has  not  been  reported  for  7090  or 
7091  rapidly  solidified  powder  alloys  or  ingot  metallurgy  (I/M)  alloys 
other  than  7XXX  series,  althouyn  6XXX  series  alloys  (Al-Mg-Si)  are 
known  to  be  potentially  susceptible  to  nonenvironment-sensitive  slow 
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crack  growth  (SCG)  when  loaded  to  stress-intensity  factors  approach¬ 
ing  K,c.75  Further  work  is  warranted  to  confirm  these  observations 
and  to  establish  whether  7XXX  series  I/M  alloys  alone  are  suscep¬ 
tible  to  SCC  in  moist  environments. 

The  inability  of  dry  hydrogen  to  promote  nucleation  and  growth 
of  subcritical  SCG  in  high-strength  aluminum  alloys  has  been  used  in 
the  past  as  an  argument  against  HE  being  a  potential  SCC 
mechanism.  More  recent  work,  however,  now  has  demonstrated  that 
this  observation  results  from  hydrogen-entry  problems,  as  embrittle¬ 
ment  has  been  promoted  in  dry  hydrogen  when  (1)  ionization  occurs, 
e.g.,  during  electrical  discharge’05  or  in  the  electron  beam  of  a 
high-voltage  electron  microscope,133  and  (2)  very,  high  gas  pres¬ 
sures,  e.g.,  300  atmospheres,  are  combined  with  dynamic  loading 
close  to  overload.134 


Aqueous  environments 

Halide  solutions.  Published  information  on  the  influence  of 
environmental  parameters,  such  as  solution  composition,  pH,  tem¬ 
perature,  viscosity,  etc.,  and  electrochemical  potential,  on  SCC  in 
halide  solutions  is  limited,  almost  exclusively,  to  that  available  for 
7XXX  series  alloys.  Until  a  few  years  ago,  all  of  the  available 
information  was  based  upon  bulk  solution  conditions,  despite  it 
having  being  well  known  for  the  last  twenty  years  that  local 
environmental  conditions  within  cracks  generally  differ  significantly 
from  bulk  conditions.135  The  issue  of  bulk  vs  local  environmental 
conditions  will  be  returned  to  in  a  later  section.  Meanwhile,  environ¬ 
mental  effects  will  be  discussed  in  terms  of  bulk  conditions. 

Speidel3'5  and  Speidel  and  Hyatt6  have  presented  a  wealth  of 
data  in  the  form  of  SCC  crack  velocity-stress-intensity  factor  curves. 
Unfortunately,  most  of  this  data  is  for  7079-T651  and  is  unlikely  to  be 
truly  representative  of  7XXX  series  alloys.  SCC  crack  growth  rates  for 
7079-T651  (1 )  are  higher  than  for  other  7XXX  series  alloys  and  (2)  in 
0  5  M  sodium  chloride  are  at  least  two  orders  of  magnitude  higher 
than  those  in  distilled  water  (for  other  7XXX  series  alloys  the  increase 
is  less  than  an  order  of  magnitude)  (Figure  18). 
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FIGURE  18-Stress  corrosion  crack  growth  rates  in  distilled 
water  and  aqueous  sodium  chloride  solutions  for  commercial 
Al-Zn-Mg-Cu  alloys;  (a)  comparison  between  crack  growth  rates 
in  distilled  water  and  saturated  sodium  chloride  (note  7075-T651 
shows  a  significantly  smaller  difference,  more  typical  of  7XXX 
series  alloys);  and  (b)  crack  growth  rates  in  3.5%  NaCI  for  a 
range  of  commercial  7XXX  series  alloys. 

Solution  composition- Speidel3  has  proposed  that  the  pres¬ 
ence  of  cations  other  than  Hg2+  and  H+,  e.g.,  Li+,  Na+,  K+,  Rb+, 
Al3+,  and  NHj  ,  have  little  or  no  specific  effect  upon  the  SCC  growth 
kinetics  for  7XXX  series  alloys  in  neutral  aqueous  chloride  solutions 
other  than  their  influence  upon  solubility  products  and  possible 
limitation  on  local  concentration  of  specific  ions.6  Availability  of  Hg2+ 
presumably  leads  to  the  deposition  of  liquid  mercury  and  the 
possibility  of  rapid  cracking  via  liquid  metal  embrittlement.  Similar 
arguments  can  be  made  for  metallic  ions  of  other  low-melting-point 
elements  that  also  tend  to  activate  aluminum  surfaces,  e.g.,  Ga,  In, 
Sn,  and  Pb.136  The  influence  of  H+  ions  will  be  discussed  below  in 
the  section  on  solution  pH  effects. 

A  quantitative  study  of  the  SCC  of  7XXX  series  alloys  in 
aqueous  solutions  containing  different  halide  ions  is  not  available. 
From  data  given  by  Speidel  and  Hyatt6  and  Speidel3  for  7079-T651, 
the  following  can  be  concluded:  (1)  F*  and  the  pseudo-halide  ion 
SCN"  do  not  accelerate  SCC  like  other  halide  ions  and  that  F~  can 
act  as  an  inhibitor,  and  (2)  on  the  basis  of  the  limited  data  available, 
SCC  crack  growth  rates  increase  with  increasing  halide  ion  concen¬ 
tration  above  around  IO"2  M  and  are  not  significantly  different  in  Cl", 
Br*.  and  I"  solutions  of  given  anion  concentration  (Figures  19  and 
20). 

The  extent  to  which  the  above  is  valid  for  7XXX  series  alloys  in 
general  is  debatable.  The  marked  increase  in  Region  2  SCC  growth 
rates  reported  for  7079-T651  iri  halide  solutions6  has  no!  been 
observed  for  7075-T651  in  chloride  solutions.  For  example,  for  a 
concentration  increase  10“3  to  1  M  sodium  chloride,  Le,  et  al.,127  and 
deJong’37  report  that  ciack  growth  rates  for  7075-T651  increase  by 
less  than  an  order  of  magnitude,  whereas  for  7079-T651  in  potas¬ 
sium  iodide  solutions,  Speidel  and  Hyatt6  observed  an  increase  of 
three  orders  of  magnitude  (Figures  19  and  20).  (Although  deJong,137 
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like  others.  I0‘*’ia8-'40  failed  to  detect  Region  2  SCC  plateaux,  his  SCC 
crack  velocity  chta  for  7075-T651  are  consistent  with  the  plateaux 
data  of  Le  et  al.,127  when  assessed  for  stress- intensity  factors 
assccla'ed  with  Region  2,  Figure  20.) 


FIGURE  19-Stress  corrosion  crack  velocities  as  a  function  of 
stress-intensity  factor  for  7079-T651  in  distilled  water  and 
various  aqueous  halide  Ion  solutions. 


FIGURE  20-Stress  corrosion  crack  velocities  for  7XXX  series 
alloys  in  aqueous  solutions  containing  chloride  and  iodide  Ions; 
(a)  Region  2  SCC  plateau  velocities  for  various  alloys  and  (b) 
SCC  crack  growth  rates  as  a  function  of  sodium  chloride 
concentration  for  a  range  of  stress-intensity  factors. 

Detailed  study  of  the  influence  of  chloride  ion  concentration 
upon  SCC  initiation  has  not  been  reported.  Available  test  data  from 
smooth  specimens  involving  SCC  initiation  and  propagation  suggest 
that  increasing  sodium  chloride  concentrations  above  0.5  M  (3  wt%) 
has  little  effect  upon  whether  or  not  SCC  crack  initiation  occurs. 
Crack  propagation  data,  on  the  other  hand,  show  that  chloride 
additions  up  to  around  0.1  M  have  a  minimal  effect  upon  SCC  growth 
rates,  whereas  rates  increase  with  further  additions  up  to  about  1  M 
chloride  (Figure  20).  Le,  et  al.,127  noted  that  maximum  crack  growth 
rates  for  7075-T651  occur  for  sodium  chloride  concentrations  of 
around  1  M  and  suggested  that  this  is  probably  associated  with 
dissolved  oxygen  levels,  which  peak  at  similar  chloride  concentra¬ 
tions. 

Additions  of  aqueous  nonhalide  anions  to  saline  solutions  can 
promote  synergistic  effects  upon  tho  SCC  of  aluminum  alloys.  These 
will  be  discussed  in  a  later  section. 

Solution  pH-  There  is  general  agreement  that  the  occurrence 
of  SCC  in  high-strength  aluminum  is  reduced  as  saline  solutions 
become  more  alkaline.1'6  Constant-load  SCC  testing  was  used  in  the 
early  studies  of  solution  pH  effects  on  the  SCC  of  7075-T651  in 
sodium  chloride  solutions.  The  results  obtained  suggested  that  SCC 
performance  improves  gradually  with  increasing  bulk  solution  pHs  up 
to  10,  and  then  Improves  significantly  at  higher  pHs  (Figure  21).141  In 
contrast,  more  recent  data  for  7075-T651  subjected  to  slow-strain- 
rate  testing142  in  3%  NaCI  suggest  that  SCC  susceptibility  increases 
significantly  for  pHs  below  4  (Figure  21).143 

Examination  of  the  crack  propagation  data  reveals  that  crack 
initiation  and  Ihe  development  of  local  environments  within  cracks 
must  inlluence  tho  above  trends.  deJong’s  data  for  7075-T651 
suggest  that  crack  growth  rates  increase  logarithmically  with  bulk 
solution  pH  changes  either  side  of  7  and  that  a  discontinuity  exists 
somewhere  between  pH  10  and  12  (Figure  22).’37  Further  work  is 
needed  to  establish  whether  these  observations  can  be  related  to  the 
stability  of  aluminum  corrosion  products  such  as  AI(OH)3,  Al203  • 
xH20,  AI(OH)y(CI)j,  etc.  (Figure  22). 

In  contrast  to  that  reported  by  doJong  for  7075-T651,  Speidel 
and  Hyatt®  did  not  observe  any  influence  of  bulk  solution  pH  (pH  0  to 
1 1)  upon  Region  2  crack  growth  rates  for  either  7079-T651  in  5  M  Kl 
(-700  mVsce)  or  a  high-purity  AI-7Zn-3Mg  alloy  in  3.5%  NaCI  at 
room  temperature.  This  probably  reflects  the  very  high  SCC  suscep¬ 
tibility  of  the  alloys  used  by  Speidel  and  Hyatt. 
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FIGURE  21  —Influence  of  bulk  solution  pH  on  (a)  failure  times  for 
constant  tests  on  7075-T651  In  a  saline  solution14'  and  (b) 
failure  stress  ratio  after  slow-straln-rate  testing  in  3%  NaCI.143 


FIGURE  22-Crack  growth  rates  as  a  function  of  bulk  solution 
pH  for  7075-T651  suffering  SCC  In  3.5%  NaCI  at  various 
stress-intensity  factors. 


Solution  temperature— The  influence  of  temperature  upon  SCC 
has  been  assessed  by  several  researchers  in  attempts  to  identify 
rate-controllipg  processes.3'5,6,137’144'150 

In  the  early  1960s,  Gruhl145  reported  that  constant-load  SCC 
tests,  in  a  saline  solution  at  temperatures  in  the  range  25  to  70°C  for 
a  commercial  AI-5Zn-3Mg  sheet  alloy  in  a  highly  SCC  sensitive 
condition,  yielded  straight-line  plots  of  applied  stress  against  speci¬ 
men  life.  Helfrich147  obtained  similar  experimental  results  in  1  M  NaCI 
for  short-transverse  C-ring  specimens  from  7039-T64  plate  (Figure 
23)  and  calculated  activation  energies  and  activation  volumes  using 
an  approach  developed  by  Hillig  and  Charles151  that  assumes  SCC 
is  a  thermally  activated  process  in  which  the  rate  of  activation  is 
dependent  upon  the  local  state  of  stress  at  or  near  the  reaction 
boundary.  Helfrich  concluded  that  IGSCC  of  7039  is  a  stress- 
activated  and  thermally  activated  process  with  the  rate-determining 
step  (RDS)  involving  anodic  dissolution  of  GB  MgZn2  precipitates 
rather  than  a  transport  phenomenon  such  as  diffusion  of  species  to 
active  GBs.  He  also  suggested  that  factors  such  as  minimum  spacing 
of  GB  precipitates,  low  GB  ductility,  and  a  high  yield  stress  would  aid 
the  mechanical  aspect  of  SCC  crack  propagation. 


FIGURE  23-Effect  of  applied  stress  at  constant  temperature  on 
failure  time  for  constant  strain  SCC  tests  on  7039-T64  in  1  M 
NaCI.  (Copyright  ASTM.  Reprinted  with  permission.147) 


Apparent  activation  energies  (E„)  for  7XXX  series  alloys, 
calculated  using  time-to-failure  data  from  SCC  tests  on  smooth 
specimens  tested  in  saline  environments,  are  generally  in  the  range 
58  to  86  kJ/rnole,  with  values  depending  on  the  SCC  test  method  and 
stress  revel,  in  addition  to  alloy  microstructure/composition  and  the 
test  environment.  Speidel  and  Hyatt  suggest  that  the  Ea  values 
calculated  from  time-to-failure  test  data  for  smooth  specimens  will 
integrate  Region  1  and  Region  2  SCC  behavior,  with  a  bias  toward 
that  for  Region  1,  since  these  conditions  generally  prevail  during 
most  of  the  specimen  life  in  these  tests.6  Data  quoted  by  Helfrich147 
and  Romans  and  Craig148  is  in  qualitative  agreement  with  Speidel 
and  Hyatt’s  proposal  in  that  Ea  values  are  in  the  range  16  to  114 
kJ/mole  (see  below),  and  they  increase  with  decreasing  initial  load 
and/or  the  stiffness  of  the  test-method  loading  system  (Figure  24); 
i.e„  Ea  values  increase  as  the  Region  1  component  increases. 

Speidel  and  Hyatt  reported  that  the  activation  energy  (Ea)  for 
SCC  crack  growth  in  7079-T651  in  3  M  potassium  iodide  under 
conditions  of  anodic  polarization  depends  upon  the  operating  stress- 
intensity  factor  (K):  Ea  ~  113  kJ/mole  for  K  values  in  Region  1 
(stress-dependent  region)  and  Ea  - 16  kJ/mole  for  Region  2 
(stress-independent  region)  (Figure  25).6  Although  most  of  their 
reported  experimental  data  at  temperatures  above  25JC  involved 
potassium  iodide  and  anodic  polarization,  the  above  E„  values  were 
also  attributed  to  chloride  solutions  under  free-corrosion  conditions. 
On  the  basis  of  the  above,  Speidel  and  Hyatt  propose  that  the 
rate-controlling  step  (RDS)  during  SCC  crack  propagation  in  7079- 
T651  in  aqueous  halide  solutions  involves  a  chemical  process  in 
Region  1  and  a  mass  transport  process  in  Region  2.  To  explain  why 
SCC  crack  propagation  in  Region  2  for  7039-T61  in  5  M  potassium 
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iodide  at  the  tree-corrosion  potential  (FCP)  has  an  apparent  Ea  of  85 
kJ/mo!e  and  is  contrary  to  the  above,  Speidel  and  Hyatt  argue  that 
SCC  crack  propagation  for  7039-T61,  unlike  7079-T651,  can  display 
two  Region  2  crack  velocity  plateaux  (Figure  26), 6  with  the  lower  one 
being  equivalent  to  SCC  in  distilled  water  and  having  an  apparent  Ea 
of  ~  85  kJ/mole  (chloride-independent)  and  the  higher  one,  existing 
at  greater  K  values,  being  chloride-dependent  with  an  apparent  Ea  of 
~  16  kJ/mole,  similar  to  that  found  for  7079-T651  in  Region  2. 


90 


o 

£ 


>- 

<x 


70 


2 


g: 

2 

a. 

< 


50 


I  *  » 

I - 1 — 

•  7039-T64 

C-RING  1M  NaCt 

pH^ 

Data  from 

HELFRICH  (1967) 

REE  147 

- 

t\ 

“  AI-4Zn-2-8Mg(-Cr-Mn) 

3V2%NaCl  \ 

-  Data  from  ROMANS  &, CRAIG  \- 

(1967)  REE  148 

L  °C-Ring 

- 

^  Constant  Strain  oa 

o  Constant  Load 

- 

1  1  1 

1  1 

100  200  300 

STRESS  (MNm~3/2) 


400 


FIGURE  24— Apparent  activation  energies  for  7039-T64  suffer¬ 
ing  SCC  in  3%  NaCI  under  various  loading  conditions. 


RECIPROCAL  TEMPERATURE  x103(K"1) 

FIGURE  25-Apparent  activation  energies  for  thermally  acti¬ 
vated  SCC  crack  growth  under  anodic  polarization  for  7079- 
T651  In  an  aqueous  3  M  potassium  Iodide  solution. 


FIGURE  26— Stress  corrosion  crack  velocity  as  a  function  of 
stress-intensity  factor  for  7039-T64  in  distilled  water  at  the  FCP 
and  under  anodic  polarization  In  an  aqueous-S  M  potassium 
iodide  solution.6 


Whether  the  above  proposals  are  appropriate  for  the  SCC  of 
commercial  7XXX  series  alloys  in  saline  solutions  at  the  FCP  is 
debatable.  An  alternative  explanation  for  the  E0  for  7039-T61  Region 
2  SCC  being  too  high  to  fit  Speidel  and  Hyatt’s  proposal  can  be  made 
if  the  low  E0  values  quoted  above  for  Region  2  behavior,  i.e.,  16 
kJ/mole,  exist  only  when  highly  susceptible  alloys  such  as  7079-T651 
and  7039-T6X  are  subjected  to  sufficient  anodic  polarization.  (Note 
that  all  Speidel  and  Hyatt's6  and  Speidel’s3,5  reported  low  Ea  values 
were  obtained  using  the  above  alloys  or  a  high-purity  AI-7Zn-3Mg 
alloy  while  being  subjected  to  anodic  polarization.)  In  other  words,  it 
is  possible  that  it  is  the  low  E„  values  that  are  unusual.  Published  En 
values  from  other  authors  favor  this  proposition,  for  example: 

(1)  All  available  Ea  values  for  the  commercial  alloy  7075-T651  in 
saline  solutions  at  temperatures  below  40,5C  exceed  25  kJ/mole 
(E„  values  with  anodic  polarization  are  not  available); 

(2)  An  Ea  of  103  kJ/mole  has  been  quoted  by  Landkof  and 
Gal-OR'46  for  Region  2  SCC  in  7039-T63  cracking  in  a 
chromate-inhibited  saline  environment;  and 

(3)  Pathania  and  Tromans'44  quote  Ea  values  of  109  ±  26  and 
109  ±8  kJ/mole  for  SCC  initiation  in  distilled  water  and  a 
chromate  inhibited  3.5%  NaCI  solution  respectively,  for  a  slightly 
overaged  high-purity  AI-6.3Zn-2.6Mg  alloy. 

Apparent  Ea  values  calculated  from  the  SCC  crack  growth  data 
recently  reported  by  deJong137  for  freely  corroding  7075-T651  in  a 
range  of  saline  solutions  are  given  in  Figure  27  as  a  function  of  bulk 
solution  pH  and  applied  stress-intensity  factor  (K).  deJong  did  not 
observe  SCC  crack  growth  rate  plateaux,  and  the  calculated  Ea 
values  are  insensitive  to  K  for  the  range  8  to  20  MNrrT372.  The  most 
striking  observation  from  deJong’s  results  is  that  the  Ea  values  for 
solution  temperatures  above  and  below  about  40’C  fall  into  two  sets: 
Ea  values  55  to  80  kJ/mole  for  temperatures  40  to  55°C,  and  Ea 
values  27  to  47  kJ/mole  for  temperatures  25  to  40°C  (Figure  27).  The 
transition  temperature  of  around  40°C  is  insensitive  to  solution  pH  (2 
to  10)  and  decreases  slightly  with  increasing  K,  i.e.,  -  40  C  and 
32"C  for  K  values  of  8  and  16,  respectively  (Figure  28).  Because 
a  change  in  SCC  performance  at  temperatures  around  40°C  is  a 


EICM  Proceedings 


323 


common  experience,  it  is  tempting  to  speculate  that  this  behavior  is 
associated  with  surface  filming  characteristics,  which  also  change 
significantly  at  temperatures  around  40°C.152 


FIGURE  27— Apparent  activation  energies  for  7075-T651  suffer¬ 
ing  SCC  at  various  stress-intensity  factors  in  an  aqueous  3.5% 
NaCI  solution. 


FIGURE  28~Arrhenlus  plots  using  SCC  crack  growth  rates  for 
7075-T651  In  3  NaCI  at  various  temperatures  and  solution  pHs. 
(Note-  Implied  activation  energies  are  not  strongly  Influenced  by 
stress-intensity  factors  being  in  Region  1  or  Region  2.) 

The  dangers  of  attaching  mechanistic  significance  to  apparent 
activation  energies  are  clear  Even  when  all  experimental  variables 
are  removed  (which  is  not  always  readily  achieved)  and  apparent  Ea 
values  may  be  taken  as  actual  Ea  values,  it  must  be  remembered  that 
several  processes  can  have  similar  activation  energies,  and  there¬ 
fore  generally  only  when  strong  independent  evidence  is  available 
can  a  specific  process  be  confidently  selected.  For  example.  Ea 
values  of  around  100  kJ.’mole  have  been  reported  for  (1)  the  anodic 
dissolution  of  aluminum  alloys  in  aqueous  solutions,  80  to  100 


kJ/mole153),  (2)  creep-deformation  processes  controlled  by  cross  slip 
(103  to  117  kJ/mole154),  and  (3)  the  diffusion  of  hydrogen  in  the 
aluminum  lattice  (~  90  kJ/mole155).  Ea  values  of  around  50  kJ/mole 
have  been  quoted  for  (a)  anodic  dissolution,156  (b)  grain-boundary 
sliding150-157  and  diffusion,150-158  (c)  creep-deformation  processes 
controlled  by  intersection  of  dislocations,159  (d)  escape  of  disloca¬ 
tions  from  segregated  atmospheres,160  and  (e)  segregated  yielding 
in  Al-Mg  alloys.161 

In  summary,  the  RDS  during  SCC  of  7XXX  series  alloys  awaits 
identification.  Based  on  the  evidence  available,  it  is  unlikely  that  the 
diffusion  of  species  with  aqueous  environments  controls  SCC 
initiation  or  propagation  other  than  under  conditions  of  anodic 
polarization. 

Electrochemical  potential -Under  appropriate  anodic  polariza¬ 
tion  conditions,  all  medium-  and  high-strength  aluminum  alloys  can 
suffer  SCC.  Even  commercial  6XXX  series  alloys  (Al-Mg-Si)  are 
susceptible, 162-163  although  no  failures  have  been  attributed  to  SCC 
in  more  than  30  yearn  of  service  experience,  and  cracking  in  the 
laboratory  under  freely  corroding  conditions  only  occurs  for  uncon¬ 
ventional  heat  treatments.1  As  with  solution  composition,  pH,  and 
temperature,  the  available  published  data  on  the  influence  of 
electrochemical  potential  are  almost  exclusively  limited  to  those 
available  for  7XXX  series  alloys  in  halide  solutions. 

Speidel  claims  to  have  quantitatively  investigated  the  effect  of 
electrochemical  potential  upon  SCC  crack  growth  rates.3  Typical 
crack  velocity-stress-intensity  factor  (cv-K)  curves  for  7XXX  series 
alloys  in  ha'ide  solutions  is  given  in  Figure  29.  These  data  imply  for 
a  given  K,  a  crack  velocity  in  Region  1  decreases  as  anodic 
polarization  decreases,  while  a  Region  2  crack  velocity  remains 
constant  at  high  levels  of  anodic  polarization  but  decreases  with 
decreasing  potential  below  a  critical  value,  with  mild  cathodic 
polarization  promoting  crack  growth  rate  retardation  compared  to 
SCC  in  distilled  water  at  the  FCP. 

As  with  other  environmental  parameters  assessed  by  Speidel3-5 
and  Speidel  and  Hyatt5  using  cv-K  curves,  most  of  the  reported  data 
for  electrochemical  effects  involve  either  7079-T651  or  a  high-purity 
Al-Zn-Mg  alloy  in  potassium  iodide  solutions.  Limited  data  are 
available  for  these  alloys  in  other  halide  ion  solutions  (SCC  potency 
increases  in  the  order  F*  <  Cl"  <  I",  Figure  30)  and  for  7075-T651 
in  a  potassium  iodide  solution  (Figure  29).  Comparison  of  the  data  for 
7075-T651  with  that  for  7079-T651  or  the  AI-7Zn-3Mg  alloy  once 
more  demonstrates  that  the  latter  two  alloys  differ  significantly  from 
7075-T651  and  so  do  not  provide  characteristic  behavior  for  7XXX 
series  alloys. 

A  major  problem  restricting  interpretation  of  electrochemical 
potential  effects  upon  SCC  crack  growth  using  the  above  data  is  that 
external  electrode  potential  (i.e.,  potentials  for  DCB  surfaces  away 
from  the  crack)  will  only  equal  the  crack-tip  potential  for  potentials 
close  to  the  FCP.  Edwards  measured  electrode  potentials  within 
growing  SCC  cracks  for  7075-T651  immersed  in  aqueous  sodium 
chloride  and  potassium  iodide  solutions  and  published  the  relation¬ 
ships  he  obtained  between  impressed  external  potential  and  those 
developed  within  a  SCC  crack  (Figure  31).164  The  data  confirmed  the 
earlier  work  of  Davis'65  that  external  anodic  or  cathodic  polarization 
becomes  increasingly  less  influential  upon  crack-tip  potentials  as 
external  potentials  move  away  from  the  FCP,  with  limiting  crack-tip 
potentials  being  100  mV  anodic  and  300  mV  cathodic  to  the  FcP. 
Edwards’6,1  suggests  that  Speidel's3  *  and  Speidei  ana  Hyatt  s'  data 
can  be  corrected  to  allow  for  the  potential-drop  eflecis,  and  when 
adjusted,  their  data  show  good  agreement  with  his  own  experimental 
data  (Figure  32). 

The  implication  of  the  above  is  that  the  crack  velocity  plateaux 
shown  in  Figures  29  and  30  with  SCC  growth  rates  under  increasing 
external  anodic  polarization  are  nothing  more  than  uackgiowm  rates 
at  the  limiting  potentials  attainable  at  the  crack  tip.  in  suppon  ot  this 
proposal,  it  is  interesting  to  note  for  7075-T651  in  potassium  iodide 
that  the  potential  {  550  mVSCE;  below  which  Speidef  found  Region 
2  SCC  crack  velocities  started  to  decrease  with  decreasing  anodic 
polarization  corresponds  to  the  limiting  potential  reported  by 
Edwards’64  (compare  Figures  29  and  31 ).  Other  authors,’ 1  including 
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the  reviewer,85  86  in  the  past  have  ignored  potential  drops  when  they 
are  undoubtedly  involved: 

The  influence  of  crack-tip  potential  on  SCC  is  complex.  Some 
researchers  have  used  the  observations  that  mild  cathodic  polariza¬ 
tion  retards  SCC  initiation  and  propagation  rates  in  saline  environ¬ 
ments,  while  anodic  polarization  accelerates  SCC  to  conclude  or 
prove’66  that  HE  is  not  responsible  for  SCC  of  7XXX  series  alloys  in 
saline  environments.  The  arguments  presented  do  not  exclude  HE, 
and  other  experimental  evidence,  such  as  that  provided  by  Ohnishi 
and  Nakatani,'67  clearly  demonstrates  that  hydrogen  entry  can  be 
enhanced  by  anodic  polarization.  These  issues  will  be  returned  to  in 
a  later  section. 


FIGURE  29— (a)  The  effect  of  imposed  electrochemical  potential 
and  stress-intensity  factor  upon  SCC  crack  growth  rates  for 
7079-T651  In  an  aqueous  5  M  potassium  Iodide  solution;  (b)  data 
from  (a)  replotted  as  a  function  of  electrochemical  potential  (see 
text  for  potential-drop  effects)  and  (c)  comparison  of  SCC  data 
for  7079-T651  am'  7075-T651  as  a  function  of  electrochemical 
potential. 


FIGURE  30— Effect  of  Imposed  electrochemical  potential  on 
SCC  crock  growth  rates  for  an  underaged  hlgh-purlty  AI-7Zn- 
3Mg  alloy  In  various  aqueous  halide  Ion  solutions.8 

Solution  viscosity-  Published  information  on  the  influence  of 
solution  viscosity  upon  SCC  is  very  limited.  Speidei3  5  and  Speidel 
and  Hyatt6  provide  cv-K  data  for  7079-T651  in  a  2  M  potassium 
iodide  solution  doped  with  various  levels  of  glycerol  to  generate  a 
range  of  solution  viscosities  (Figure  33).  SCC  crack  growth  involved 
an  impressed  external  anodic  potential  of  about  200  mV,  and  so  the 
quoted  linear  relationship  between  Region  2  SCC  crack  growth  rate 
and  the  reciprocal  of  solution  viscosity  probably  reflects  that  SCC  is 
under  diffusion  control  for  the  specific  test  conditions  investigated. 
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It  has  been  reported  that  local  conditions  within  SCC  cracks  are 
highly  viscous,  even  for  dilute  bulk  solution  conditions,  and  so 
generally  differ  significantly  from  bulk  solution  conditions  or  freshly 
made-up  simulated  crack-tip  solutions.'68  Further  work  is  needed  to 
establish  the  influence  of  solution  viscosity  upon  SCC  of  aluminum 
alloys. 


EXTERNAL  POTENTIAL  mV  (SCE) 


FIGURE  31— Crack-tip  electrode  potential  measured  as  a  func¬ 
tion  of  externally  applied  potential  for  7075-T651  in  a  3%  NaCI 
bulk  solution.’64 
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FIGURE  32— Region  2  crack  growth  rate  as  a  function  of 
electrochemical  potential  of  the  crack  tip  calculated  taking  into 
account  potential-drop  effects.’64 


Nonhallde  solutions.  Prior  to  the  early  1980s,  SCC  data  in 
nonhalide  environments  was  scarce.  Data  quoted  in  the  review 
articles  by  Sprowls  and  Brown  in  1969’  and  Speidel  and  Hyatt  in 
1972®  are  limited  to  that  published  by  Hunter’26 169  in  the  late  1960s. 
These  data,  reproduced  in  Figure  34,  indicate  the  SCC  initiation 
propensity  for  the  alloys  2219, 7039,  and  7075  in  a  range  of  aqueous 
environments  of  sodium  salts.  7039-T63  suffered  SCC  in  all  of  the 
solutions  used;  Cl",  Br".  I*.  F",  N03‘  and  Cr04“  169  and  prompted 
Sprowls  and  Brown1  to  speculate  whether  7039-T63  would  resist 
SCC  in  any  aqueous  environment.  7075-T651,  although  generally 
more  resistant  than  7039-T63,  eventually  cracked  in  all  the 
environments, 126  whereas  7075-T7351  and  2219-T87  showed  no 
signs  of  SCC  initiation  during  the  test  period  adopted. 

During  the  1970s,  Speidel9 '  and  Speidel  and  Hyatt8  published 
cv-K  data  for  7079-T651  in  various  aqueous  environments  and 
reported  that,  for  the  anions  assessed,  only  Cl  ,  Br  ,  and  I 
accelerated  SCC  giowth  rates  above  the  scatter  band  found  for  SCC 
in  distilled  water,  irrespective  of  alloy  temper  or  imposed  electro¬ 
chemical  conditions.3  More  recent  work  by  Le,  et  al.,’27  indicates  that 


anions  other  than  halides,  such  as  perchlorate,  carbonate,  and 
benzoate,  can  markedly  increase  SCC  crack  growth  rates  for 
7075-T631  in  aqueous  solutions.  This  apparent  contradiction  prob¬ 
ably  reflects  the  difference  between  7079  T651  and  7075-T651 
highlighted  previously,  and  suggests  that  it  is  prudent  to  assume  for 
7XXX  series  in  general  that  anions  other  than  halides  may  potentially 
accelerate  SCC  crack  growth  rates  relative  to  those  in  distilled  water. 


VISCOSITY  ( centipoise) 

FIGURE  33— Effect  of  solution  viscosity  on  Region  2  SCC  crack 
velocity  plateaux  for  7079-T651  under  anodic  polarization  in  an 
aqueous  2  M  potassium  iodide  solution ? 
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FIGURE  34— SCC  test  data  for  smooth  tensile  specimen  of 
various  aluminum  alloys  in  a  range  of  aqueous 
environments.’26,169 


Le  and  Foley’28  statistically  assessed  the  reliability  of  SCC 
crack  propagation  data  from  DCB  SCC  testing  and  reported  that  their 
data  for  a  given  alloy  heat  of  7075  T651  generally  were  reproducible 
to  about  5  to  10%  at  a  90%  confidence  level  (6  7%  and  8  6%  for  tests 
in  1  N  NaCI  and  1  N  NaCI04  solutions,  respectively).  On  the  basis  of 
then  data,  it  was  suggested  that  sodium  perchlorate  solutions  should 
be  considered  for  use  as  standard  test  environments  for  SCC  testing 
as,  insofar  as  it  is  known,  perchlorate  ions  do  not  form  complexes 
with  aluminum  and  thus  should  yield  a  test  environment  minimizing 
specific  ion  effects  while  providing  a  high  conductivity  and  low 
chemical  reactivity. 
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SCC  crack  growth  rates  quoted  by  Foley  and  coworkers129'’3' 
for  7075-T651  in  aqueous  sulfate,  nitrate,  chloride,  and  perchlorate 
solutions  of  sodium  salts  are  reproduced  in  Figure  35.  Growth  rates 
increase  in  the  order  SO”  <  NOJ  <  CIOJ  <  Cf  for  SCC  at  the  FCP 
or  under  anodic  polarization,  whereas  the  order  is  reversed  for  SCC 
under  cathodic  polarization,  with  significant  SCC  being  promoted  in 
both  SO”  and  NO3  solutions.  Foley  and  coworkers'29''31  also 
assessed  the  local  environmental  conditions  developed  within  SCC 
cracks  during  crack  growih  in  7075-T651  in  these  aqueous  environ¬ 
ments;  this  work  will  be  discussed  in  the  next  section. 


TEST  ENVIRONMENT 

FIGURE  35— Region  2  SCC  crack  velocity  data  for  7075-T651  in 
various  aqueous  environments. 

Environmental  conditions  within  cracks.  As  mentioned  ear¬ 
lier,  it  has  been  known  for  more  than  20  years  that  the  environmental 
conditions  developed  within  cracks  generally  differ  significantly  from 
bulk  conditions  and  that  a  detailed  knowledge  of  these  solution 
chemistries  should  help  elucidation  of  the  mechanisms  of  SCC  in 
aluminum  alloys.135  A  major  restraint  in  obtaining  such  data  is  the 
limited  solution  volume  available  for  analysis  and  its  inaccessibility. 
Several  attempts  have  been  made  to  overcome  these  difficulties:  (1) 
simulation  of  the  local  environmental  conditions  within  a  crack  by 
immersing  alloy  shavings  into  restricted  solution  volumes, 170,171  i.e., 
minimizing  the  ratio  of  solution  volume  to  alloy  surface  area,  (2) 
monitoring  local  solution  pH  and  electrochemical  potential  within  real 
and  artificial  cracks  using  In  situ  microelectrodes, 1GJJt5'172'173  (3)  ex 
situ  solution  pH  and  chemical  analysis  of  environments  extracted 
from  within  SCC  cracks  using  freezing  and  thawing, ,29',31‘135  direct 
extraction,168,174  or  a  room-temperature  "freezing"  technique  that 
uses  specific  solution  gelling  agents175  and  (4)  post-fracture  analysis 
of  fracture  surfaces  using  high-resolution  electron  microscopy77  and 
surface  spectroscopy  techniques.55,176 

Simulation  of  local  environmental  conditions  using  alloy  shaving 
in  restricted  solution  volumes  at  first  seems  a  realistic  approach  to 
generate  relatively  large  volumes  of  crack-tip  environments.  The 
results  quoted  by  Sedriks,  et  al.,170 171  for  7075-T651  alloy  shavings 
immersed  in  highly  acidified  chloride  environments  are  readily 
reproduced168  with  solution  pH  values  of  around  3.5,  i.e.,  similar  to 
those  usually  associated  with  SCC  cracks.  Holroyd,  et  al.,168 
observed  that  if  the  initial  solution  pH  is  above  3.5,  the  solution  pH  in 
the  shavings  becomes  alkaline  within  a  few  minutes  (Figure  36)  and 
thus  questions  whether  the  “shavings  approach"  simulates  condi¬ 
tions  developing  within  SCC  cracks  that  are  not  necessarily  initially 
highly  acidic.  The  rationalization  of  these  observations  is  that  the 
“shavings  approach"  is  a  reasonable  simulation  of  a  crack  enclave 


region  for  7XXX  series  alloys  when  the  surface  condition  of  the 
shavings  is  similar  to  the  “oxide”  composition  ot  crack  walls  close  to 
crack  tips.168  Evidence  for  this  proposal  is  given  by  the  observed 
pH-time  behavior  when  shavings,  prior  to  exposure  to  a  limited 
volume  of  a  neutral  3.5%  NaCI  solution,  are  given  a  short  “wash"  in 
dilute  sodium  hydroxide  to  replace  the  "as-machined”  oxide  layer 
with  one  formed  in  an  aqueous  environment.  In  this  case,  unlike  that 
when  shavings  are  only  degreased,  as  for  example  in  the  previous 
studies,170,171  solution  pHs  become  acidic  and  approach  values 
quoted  for  SCC  cracks.  (Figure  37).168 


FIGURE  36— Solution  pH  as  a  function  of  time  for  7475  shavings 
exposed  to  3%  NaCI  solutions  with  various  critical  pH  values. 
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FIGURE  37— Influence  of  surface  pretreatment  upon  pH-tlme 
behavior  given  by  7475  shavings  exposed  to  3%NaCI.160 

Solution  pH-time  behavior  in  "shavings"  experiments  for  alu¬ 
minum-lithium-based  alloys  wetted  by  restricted  volumes  of  neutral 
3,5%  NaCI  differ  significantly  from  those  for  7XXX  series  alloys.18 
Identical  behavior  was  observed  for  Al-Li,  Al-Li-Zr,  and  Al-Li-Cu-Mg 
alloy  shavings  with  solution  pHs  rapidly  adopting  values  of  about  9, 
irrespective  of  whether  given  an  acid  or  alkaline  pretreatment,  and 
after  a  few  hours  displaying  a  sudden  pH  increase  to  1 1 ,  which  was 
followed  by  a  gradual  decrease  back  to  less  alkaline  pHs  controlled 
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by  C02  uptake  and  lithium  carbonate  generation  (Figure  38). 18  On 
the  strength  of  these  results,  it  was  suggested  that  solutions  within 
SCO  cracks  for  AI-Li-based  alloys  may  be  alkaline.18  Further  work 
has  shown  that  saline  solutions  in  long  (>  1  mm)  SCC  cracks  are 
acidic  with  pH  around  4,  slightly  higher  than  those  for  7XXX  series 
alloys,  as  dissolved  lithium  as  well  as  aluminum  species  are  in 
solution.  It  appears  that  the  Al-Li  alloy  “shaving”  experiments  are 
reflecting  the  behavior  of  cathodic  regions,  and  their  relevance  to 
SCC  initiation  awaits  clarification.  Langan,  et  al.,177  have  recently 
conducted  alloy  “shavings”  experiments  for  7XXX  series  rapidly 
solidified  powder  alloys,  7090  and  7091 ,  and  have  reported  similar 
findings  to  those  of  conventionally  cast  direct  chill  7XXX  series  alloys. 
These  authors  conclude  that  the  improved  SCC  resistance  of  the 
powder  alloys  could  not  be  attributed  to  oxides  present  in  these  alloys 
promoting  more  alkaline  conditions  within  cracks,  as  speculated  by 
Lyle  and  Cebulak,178  and  offered  an  alternative  explanation  that 
Co2AI9  precipitates  act  as  cathodic  reaction  sites  that  enhance  the 
kinetics  of  hydrogen  recombination  and  evolution,  thereby  reducing 
that  available  to  promote  HE  during  SCC. 


FIGURE  38-pH-tlme  behavior  given  by  8090  alloy  shavings  In 
various  tempers  exposed  to  3%  sodium  chloride  solution.10 
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FIGURE  39-Envlronmental  conditions  within  propagating  SCC 
cracks  reported  by  Davis185  for  7075-T651  immersed  In  a  4% 
potassium  chloride  bulk  solution;  (a)  solution  pH  In  crack  as  a 
function  of  distance  from  the  starter  notch  for  a  range  of  bulk 
solution  pHs  and  (b)  crack-tip  electrode  potential  as  a  function 
of  externally  applied  potential  in  a  neutral  pH  4.5%potassium 
chloride  solution. 


Direct  in  situ  measurement  of  local  environmental  conditions 
within  cracks  is  of  course  preferable  to  simulation  or  ex  situ  methods. 
In  the  early  1970s,  Davis  reported  some  elegant  work  using  specially 
developed  microelectrodes  to  measure  solution  pH  and  electrochem¬ 
ical  potentials  within  SCC  cracks  for  7075-T651  exposed  to  a  bulk 
4.5%  potassium  chloride  solution.165  The  data  clearly  demonstrate 
that  environmental  conditions  within  cracks  can  differ  significantly 
from  bulk  conditions:  solution  pHs  moved  to  values  around  3,5  to  4 
independent  of  bulk  pHs  in  the  range  2  to  10,  and  external 
polarization  only  significantly  influenced  potentials  within  cracks  for 
potentials  close  to  the  FCP,  with  limiting  crack-tip  potentials  being 
less  than  100  mV  anodic  and  300  mV  cathodic  of  the  FCP  (Figure 
39).  Davis  only  observed  acidification  when  a  sufficient  stress  was 
applied  to  his  notched  specimens  and  suggested  this  was  related  to 
the  need  for  a  minimum  stress-intensity  factor  for  SCC,  K,scc.165 
This  is  not  a  valid  assumption  for  aluminum  alloys  in  general, 
because  acidification  readily  occurs  in  cracks  and  crevices  in  the 
absence  of  stress  when  local  geometries  are  sufficiently  restricted. 168 
Rationalization  of  Davis’s  observation  is  possible  using  the  argument 
that  the  relatively  wide  open  "V"  notch  at  the  start  of  his  experiments 
had  a  local  solution  volume  to  surface  area  ratio  (V/A  ratio)  too  high 
to  allow  acidification  to  occur,  i.e.,  local  geometry  not  tight  enough, 
and  SCC  initiation  is  needed  to  reduce  the  V/A  ratio.  The  initial  V/A 
ratio  will  be  "»  0.15  cm  when  Davis's  notch  is  <6  mm  deep 
(assuming  a  60°  base  angle),  which,  on  the  basis  of  data  presented 
by  Holroyd,  et  al.,’68  is  too  high  to  expect  acidification  to  develop  in 
the  absence  of  a  bulk  solution  (Figure  40). 
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FIGURE  40-Solutlon  pH  and  dissolved  aluminum  concentra¬ 
tion  In  a  range  of  cylindrical  crevices  geometries  (V/A  ratios)  for 
7475-T651  exposed  to  3%  sodium  chloride  with  and  without  bulk 
solution  above  the  crevice.168 
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Although  other  researchers  using  microelectrcdes164  172  have 
now  confirmed  the  results  reported  by  Davis165  for  solution  pHs  and 
electrochemical  potentials  within  SCC  cracks  in  7075-T651 ,  the  only 
additional  solution  chemistry  variable  monitored  using  in  situ  micro¬ 
electrodes  is  chloride  concentration  with  silver/silver  chloride 
electrodes.179  These  measurements  show  that  a  significant  chloride 
accumulation  can  occur  within  cracks,  and  its  magnitude  is  increased 
by  anodic  polarization  (Figure  41).  How  much  of  the  measured 
chloride  is  present  as  “free”  chloride  ions  as  opposed  to  aluminum 
hydroxychloride  complexes  awaits  elucidation.  All  microelectrodes 
used  to  date  (pH,  potential,  and  Cl  )  are  physically  large  compared 
to  crack-tip  dimensions,  so  all  of  the  measurements  quoted  above 
apply  to  regions  “close  to"  rather  than  “at"  crack  tips. 
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characterization  of  the  solution  chemistries  developed  within  SCC 
crack  enclaves  for  7075-type  alloys  exposed  to  3.5%  NaCI  bulk 
environments. 

During  the  initial  stages  of  solution  development  within  a  crack, 
the  local  solution  pHs  are  accountable  in  terms  of  the  dissolved 
aluminum  via  the  equilibrium  reaction 

Al3*  +  H20  =  AI0H2+  +  H*  (1) 

For  example,  Le  and  Foley131  measured  a  dissolved  aluminum 
concentration  of  2  x  10'2  M  within  a  propagating  SCC  crack  for 
7075-T651  in  a  bulk  3.5%  NaCI  solution.  Their  measured  solution  pH 
of  3.0  to  3.2  compares  favorably  with  the  3.4  predicted  by  Equation 
(1 )  After  longer  immersion  times,  the  measured  dissolved  aluminum 
concentrations  become  too  high  and  the  chloride  levels  too  low  for 
pHs  to  be  controlled  by  Equation  (1)  (even  if  “activity”  is  used  rather 
than  concentration  to  allow  for  solutions  becoming  relatively  concen¬ 
trated),  and  aluminum  hydroxychloride  complexes  such  as  AI(OH)2CI2 
and  gel  products  AI(OH)2CI  and  AI(OH)CI2  promote  the  gelatinous 
solution  conditions  found  within  SCC  crack-tip  regions.168 

Foley  and  Nguyen180  argue  that  during  the  dissolution  of 
aluminum  in  aqueous  chloride  solutions,  high-energy  aluminum 
metal  ionizes  rapidly  to  the  Al3+  ion,  which  immediately  hydrolyzes 
via  Equation  (1),  and  the  two  species  Al3*  and  AIOH2+  react  with 
chloride  ions  to  yield 


Al3”-  +  CP  =  AiCI2+  (2) 

AICI3*  +  2HzO  =  A!(OH)2CI  +  2H+  (3) 

and 

AIOH2*  +  CP  =  AI(OH)CP  (4) 

A!(OH)CP  +  H20  =  AI(OH)2CI  +  H*  (5) 

and  AI(OH)2CI  +  H20  =  AI(OH)3  +  H*  +  CP  (6) 


FIGURE  41  — (n)  Chloride  concentration  In  a  propagating  SCC 
crack  tip  as  a  function  of  (a)  time  and  (b)  applied  electrode 
potential,  for  7075-T6  type  alloys  In  neutral  3%  sodium  chloride. 

Characterization  ot  local  solution  chemistries  associated  with 
propagating  SCC  cracks,  other  than  that  quoted  above,  has  involved 
solution-extraction  techniques  and  ex  situ  chemical  analysis,  with 
work  being  conducted  exclusively  on  7075-type  alloys.  Until  recently, 
little  quantitative  analytical  or  kinetic  data  has  been  published,  and 
that  available  up  until  the  mid-1980s  Indicated  the  presence  of 
dissolved  aluminum135  and  a  semiquantitative  estimate  of  its 
concentration,130  More  recent  data  obtained  using  the  freezing-tha¬ 
wing  technique  developed  by  Brown,  et  al.,135  and  the  extraction 
method  of  Holroyd,  et  al.,163,174  have  facilitated  more  quantitative 


AI(OH)3  +  H,0  =  AI(0H)3.H20  (7) 

(amorphous) 

An  overview  of  the  above  reaction  path  provided  by  Foley  and 
Nguyen180  in  the  form  of  a  schematic  free-energy  surface  is 
reproduced  in  Figure  42.  Based  on  these  ideas  and  their  own 
experimental  measurements,  Holroyd  and  Jarrett181  suggested  that 
the  solution  chemistries  within  SCC  cracks  for  7475-T651  exposed  to 
3.5%  NaCI  bulk  solutions  involve  a  range  of  aluminum  species;  with 
mainly  simple  Al3*  ions  at  the  crack  tip  and  then  a  series  of  complex 
aluminum  hydroxychloride  species  with  increasing  hydroxide  to 
chloride  ratio  moving  away  from  the  tip,  e.g.,  Al3*  -*  AI(OH)CI2  -» 
AI(OH)2CI  -» AI2(OH)5CI  —  AI(OH)3,  loading  to  AI(OH)3  associated 
with  the  crack  mouth  (Figure  43).  Solution  pHs  are  around  2.7  at 
crack  tips  and  steadily  increase  to  about  5.5  at  crack  mouths.  The 
actual  species  present  will  be  more  numerate  and  complex  than 
indicated  as  the  local  chloride  concentration,  solution  temperature, 
and  solution  "aging"  effects  all  influence  the  ratios  of  mononuclear 
and  polynuclear  ions  and  solids.182  Substitution  of  chloride  ions  with 
sulfate  ions  dramatically  reduces  SCC  crack  growth  rates  in  7075- 
T651 130 131  (Figure  35)  despite  local  solution  conditions  within  cracks 
being  similarly  acidic130 131  Foley  and  Nguyen’80  explained  this  by 
suggesting  that  the  presence  of  sulfate  ions  modifies  the  reaction 
pathway  for  aluminum  dissolution  <n  aqueous  solutions  by  introduc¬ 
ing  the  processes 

At3*  +  SOf  =  AtSO;  (8) 

and 

A10H2*  +  S04-  =  A!(0H)S04  (9) 

and  providing  low-energy  intermediate  species,  AI(0H)S04  and 
AIS04l  leading  to  the  formation  of  basic  aluminum  sulfate  with  a 
lower  energy  than  aluminum  hydroxide  (Figure  42)  and  an  environ¬ 
ment  with  an  appropriate  acidic  pH  and  a  low  chemical  reactivity. 
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FIGURE  42— Schematic  potential  energy  surface  for  (a)  Al- 
chloride  Ion  and  (b)  Al-sulfate  ion  constructed  by  Foley  and 
Nguyen.  (Reprinted  with  permission.180) 

SOLUTION  CONDITIONS  WITHIN  A  CRACK 


FIGURE  43— Schematic  representation  of  aluminum  hydroxl- 
chloride  species  existing  within  propagating  cracks  In  high- 
strength  aluminum  alloys  suffering  SCC  In  a  bulk  saline 
environment.181 

Le  and  Foley131  developed  these  ideas  to  explain  why  alumi¬ 
num  chloride,  nitrate,  perchlorato,  and  sulfate  all  hydrolyze  to  give 
solution  pHs  in  the  range  2.6  to  3.8, 183  and  yet  within  SCC  cracks, 
only  chloride  and  sulfate  solutions  adopt  acidic  pHs,  and  perchlorate 
and  nitrate  solutions  remain  at  neutral  pHs  of  6  to  7.  The  controlling 
factor  is  thought  to  be  the  reaction  pathway  pursued  during  the 
earliest  stages  of  aluminum  dissolution,  i.e.,  as  cracks  advance.  For 


perchlorate  and  nitrate  solutions  (and  distilled  water),  it. is  suggested 
that  transient  species,  including  hydroxide  species  produced  during 
oxygen  reduction,  provide  a  direct  pathway  to  AI(OH)3  and  thus 
prevent  acidification.  An  additional  complication  can  arise  in  nitrate 
solutions  because  "bare”  aluminum  at  growing  crack  tips  can 
promote  ammonia  formation  via  nitrate  ion  reduction  within  SCC 
cracks.129  Under  cathodic  polarization,  this  process  leads  to  the 
development  of  highly  alkaline  pHs  and  has  been  suggested  to 
account  for  why  cathodic  polarization  stimulates  SCC  for  7075-T651 
in  aqueous  nitrate  solutions  but  not  in  chloride  solutions.129-130 


Nonaqueous  environments 
Organic  environments.  Available  data  for  the  SCC  of  alumi¬ 
num  alloys  in  organic  environments  is  limited  to  that  quoted  for 
7075-T651  and  7079-T651.5'6'132-184  Procter  and  Paxton132'184  pro¬ 
vided  the  earliest  data  and  maintained  that  the  IG  and  transgranular 
SCC  promoted  in  their  work  was  not  due  to  traces  of  water.  SCC  was 
observed  in  7075-T651  in  a  range  of  organic  environments  including 
methanol,  ethanol,  isopropanol,  benzene,  ethylene  glycol,  and  car¬ 
bon  tetrachloride.  Reported  threshold  stress-intensity  factors  were  6 
to  10  MNm-2,  and  Region  2  crack  velocities  were  in  the  range  1CT10 
to  5  x  10"9  m/s  with  the  highest  being  in  ethanol  and  carbon 
tetrachloride  and  the  lowest  in  benzene.  Later  work  by  Speidel  and 
Hyatt6  concedes  that  SCC  may  occur  in  very  dry  organic  environ¬ 
ments  but  suggests  that  SCC  is  controlled  by  moisture  content  when 
water  trace  levels  exceed  about  10~2  wt%  (Figure  44),  and  thus  SCC 
in  re-agent  grade  organic  environments  will  result  from  the  presence 
of  water  for  most  practical  situations. 


WATER  CONTENT  OF  METHANOL  ( wh%) 

FIGURE  44-Velocity  of  SCC  cracks  In  commercial  7XXX  series 
alloys,  7075-T651  and  7079-T651,  as  a  function  of  water  content 
in  methanol.6 

Mechanical  Aspects 

The  issue  of  whether  the  SCC  of  aluminum  alloys  occurs  via  a 
continuous  process,  driven  by  anodic  dissolution  of  aluminum,  or  a 
discontinuous  process  involving  mechanical  and  electrochemical 
components  has  been  debated  in  the  literature  for  at  least  the  last 
three  decades.  Detection  of  SCC  initiation  from  smooth  surfaces 
remains  difficult  to  resolvo  even  with  the  high  degree  of  sensitivity 
provided  by  state-of-the-art  equipment. 

To  compound  the  problem,  the  definition  of  when  SCC  has 
initiated  is  not  obvious.  Tho  position  for  crack  propagation  is  more 
established,  with  published  work  generally  suggesting  that  SCC 
propagation  in  ago-hardening  aluminum  alloys  is  discontinuous  with 
continual  "reinitiation”  via  a  mechanism  probably  differing  from  that 
of  "true"  SCC  initiation  from  a  smooth  surface.  Published  SCC 
propagation  data  for  ingot  metallurgy  alloys  in  saline  environments  is 
available  in  abundance  for  7XXX  series  alloys,  less  so  for  2XXX 
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series  alloys,  and  is  limited  for  aluminum-lithium-based  alloys  and 
rapidly  solidified  alloys  Data  available  is  generally  in  the  form  of 
crack-velocity/stress-intensity  factor  plots  (cv-K  curves)  calculated 
from  crack  growth  time  data  obtained  using  a  coarse  time  scale  of  at 
best  hours  and  normally  days  between  crack  length  measurements, 
so  short-term  fluctuations  in  crack  growth  rates  go  undetected. 
Exceptions  to  the  above  will  be  discussed  in  the  next  sections. 

Crack  initiation 

As  implied  above  SCC,  initiation  is  a  poorly  understood  and 
loosely  defined  phenomenon  necessitating  further  wo.k  for  the 
development  of  a  clear  mechanistic  interpretation.  High-quality 
experimental  data,  as  far  as  the  reviewer  is  aware,  is  unavailable 
currently,  but  should  be  forthcoming  with  the  use  of  a  combination  of 
modern  techniques  such  as  time-lapse  video,  acoustic  microscopy, 
acoustic  emission,  and  electrochemical  noise  spectroscopy. 

Initiation  smooth  surfaces.  About  25  years  ago,  Gruhl185 
suggested  that  SCC  initiation  in  aluminum  alloys  involves  a  predom¬ 
inantly  corrosion-driven  process,  whereas  crack  propagation  re¬ 
quires  a  significant  mechanical  component.  It  is  not  clear  whether  this 
corrosion-driven  process  is  strongly  influenced  by  the  development 
of  local  environmental  conditions  within  tight  crevices/flaws/cracks, 
because  similar  conditions  develop  whenever  an  appropriate  local 
geometry  is  available,  independent  of  stress  level  or  an  alloys 
temper  and  inherent  SCC  susceptibility.168 1,4  Attempts  to  mathe¬ 
matically  model  the  development  of  environmental  conditions  within 
aluminum  crevices  look  promising,'86 187  and  with  refinement  and  a 
further  experimental  input,  they  should  be  capable  of  accurately 
describing  the  overall  process. 

The  critical  process  controlling  SCC  initiation  probably  involves 
the  establishment  of  a  sufficient  stress  raiser,  located  at  an  appro¬ 
priate  microstructural  site  within  a  susceptible  microstructure,  with 
the  site  of  attack  being  dictated  by  the  size  and  distribution  of  suitable 
anodic  and  cathodic  reaction  sites  within  an  alloy's  local  microstruc¬ 
ture.  Experimental  evidence  in  favor  of  this  argument  has  recently 
been  presented  by  Magnin  and  Rieux  for  crack  initiation  in  a 
commercial  weldable  Al-Zn-Mg  alloy,  7020  immersed  in  a  saline 
environment.188  These  authors  maintain  that  HE  during  SCC  or 
corrosion  fatigue  in  saline  environments  is  only  operative  in  the 
presence  of  a  stress  concentrator,  so  HE  does  not  influence  crack 
initiation  from  smooth  surfaces  unless  a  stress  raiser  is  established 
by  another  process  (e.g.,  corrosion  or  mechanical  deformation).  A 
universally  agreed  and  consistent  definition  of  SCC  initiation  is  not 
available. 

A  reasonable  definition  of  when  the  initiation  process  is  com¬ 
plete  is  that  the  propagation  stage  starts  when  a  SCC  crack  becomes 
self  sustaining  and  no  longer  a  short  crack/fissure,  often  referred  to 
as  "nonpropagating”  In  other  alloy/environment  systems,  e.g.,  mag¬ 
nesium  alloys109  and  ferritic  steels.190  Work  reported  to  date  on 
nonpropagating  in  aluminum-based  alloys  is  very  limited,191  and 
considerably  more  work  is  needed  to  establish  whether  SCC  initiation 
requires  a  critical  stress  raiser.  Evidence  in  favor  of  this  argument  is 
given  by  an  observed  correlation  between  surface  attack  morphology 
and  SCC  initiation  behavior  for  a  peak-aged  AI-li-Cu-Mg  alloy,  8090, 
This  alloy,  as  with  aluminum-lithium  alloys  in  general,18  rarely  suffers 
SCC  initiation  from  smooth  surfaces  in  neutral  saline  solutions  under 
total  immersion  conditions  but  does  so  under  alternate  immersion 
conditions,  as  will  other  aluminum-lithium  alloys  containing  sufficient 
copper.18  if  applied  stresses  are  sufficiently  high.  Surface  attack 
morphologies  for  polished  sections  exposed  to  3.5%  NaCl  under  total 
or  alternate  immersion  conditions  show  that  overaged  tempers  suffer 
general  attack,  i  e„  limited  stress  raisers  and  SCC,  whereas  for  peak- 
aged  material,  the  mode  of  attack  is  more  IG  in  nature  and 
significantly  more  pronounced  under  alternate  immersion  cond¬ 
itions.18  i  e  .  a  greater  stress  raiser  for  the  case  in  which  SCC  occurs 
more  readily  A  similar  situation  probably  exists  for  2XXX  series 
alloys  such  as  2014  T3  and  2024  T6.  in  which  SCC  tests  using 
smooth  specimens  under  total  immersion  conditions  tend  to  show 
large  batch  to  batch  variations  even  with  slow  strain  rate  testing, ,9:> 
whereas  SCC  initiation  under  alternate  immersion  conditions  is 
reasonably  reproducible. 


A  recent  experimental  observation  with  relevance  to  SCC 
initiation  is  that  strain  accommodation  in  the  Al-Mg-Si  alloy,  6351,  is 
strain  rate  dependent  with  gram-boundary  accommodation  of  slip 
becoming  more  significant  at  lower  strain  rates.75  An  example  of  this 
is  given  in  Figure  45,  which  shows  the  surface  deformation  of  flat 
polished  tensile  specimens  after  straining  to  0.4%  using  a  fast 
(10_9/s)  or  a  slow  (10“6/s)  nominal  strain  rate.  As  similar  observa¬ 
tions  have  now  been  made  for  other  precipitate-hardening  aluminum 
alloy  systems,  e.g  ,  2XXX,  7XXX,193  and  aluminum-lithium-based 
alloys,194  it  is  reasonable  to  question  the  concept  that  the  maximum 
strain  rate  for  SCC  initiation  is  dependent  upon  the  availability  of 
sufficient  time  for  corrosion  activity,  as  has  been  proposed  for  ferritic 
steels195  aluminum,108  and  other  nonferrous  alloy  systems.189 196 
The  correct  explanation  for  aluminum  alloys  is  likely  to  be  more 
subtle,  with  the  maximum  strain  rate  above  which  SCC  fails  to  initiate 
(which  will  depend  upon  environmental  and  pre-exposure  conditions) 
being  related  to  those  in  which  1G  deformation  becomes  insufficient 
to  sustain  IGSCC  Initial  results  suggest  that  the  influence  of  alloy 
temper  upon  (1)  SCC  susceptibility  and  (2)  the  maximum  strain  rate 
for  significant  GB  strain  accommodation  are  in  qualitative  agreement 
and  thus  have  the  same  microstructural  dependence.  Further  work  is 
needed  to  establish  the  importance  of  these  observations  and  to 
determine  whether  IGSCC  initiation  in  age-hardening  aluminum 
alloys  is  controlled  by  GB  precipitation,  matrix  slip  characteristics,  GB 
segregation,  or  some  combination  of  these  factors. 


FIGURE  45-Surface  of  Identical  heat-treated  polished  tensile 
specimens  strained  to  0.4%  plastic  strain  at  strain  rates  of  (a) 
10‘6/s  and  (b)  10  2/s.75  Grain-boundary  strain  accommodation 
Is  more  prevalent  In  the  specimen  tested  at  the  slow-straln  rate. 

Initiation  from  notches/precracks.  SCC  “initiation"  from 
notched  or  precracked  specimens  has  been  studied  by  many 
authors.144  149  ”4  197  199  Pathoria  and  Tromans144  report  that  SCC 
initiation  times  from  mechanical-produced  notches  in  high-purity 
AI-8.6Mg  and  AI-6.3Zn-2.6Mg  alloys  immersed  under  freely  corrod¬ 
ing  conditions  in  aqueous  saline  or  water-containing  ethanol  envi¬ 
ronments  decrease  with  increasing  solution  temperature,  stress- 
intensity  factoi,  oi  hydrogen  precharging  times.  Similar  observations 
are  quoted  by  Hermann  and  Holroyd200  for  a  commercial  Al-Zn-Mg- 
Cu  alloy,  7475-T651,  pre-exposed  to  saline  environments  prior  to 
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testing  in  WVSA.  Several  proposals  have  been  made  describing 
SCC  initiation  from  notches  and  precracks,  Skoulikidis  and  cowork¬ 
ers,  in  a  series  of  papers,201  203  recently  summarized204  present 
experimental  evidence  for  an  Al-Mg  alloy,  5052  (UNS  A95052),  from 
which  they  suggest  that  SCC  initiation  in  aluminum  alloys  relies  upon 
the  generation  of  an  “active  path,”  by  the  fast  solid-state  diffusion  of 
disordered  mobile  Al3+  during  pit  formation  leading  to  local  energy 
decreases  and  decohesion  along  the  IG  diffusion  path.  The  latter 
studies  have  generated  interesting  results  but  further  work  is  needed 
to  substantiate  the  mechanistic  proposals. 

Holroyd,  et  al.,174  observed  local  changes  in  the  optical  char¬ 
acteristics  of  the  crack-tip  region  just  prior  to  SCC  initiation  in  the 
Al-Zn-Mg-Cu  alloy,  7475-T651,  immersed  in  a  saline  environment 
(Figure  46).  These  changes  were  detected  using  a  technique  known 
as  the  “shadow  optical  method  of  caustics,”205'207  which  can 
generate  valid  plane-strain  stress-intensity  measurements  for  alumi¬ 
num  alloy  precracked  specimens  based  solely  on  the  diameter  of  the 
reflected  caustic  shadow  from  the  external  surface  containing  the 
crack-tip  region  (Figure  47).  Environment-induced  effects  were  found 
to  influence  results  and  the  term  “caustic  shadow  swelling"174  was 
used  to  describe  a  phenomenon  consistent  with  an  internally  driven 
process  leading  to  higher  stress-intensity  factors  without  any  change 
to  the  externally  applied  load  or  crack  length.  At  first,  caustic  shadow 
swelling  was  thought  to  be  uniquely  associated  with  SCC  initiation, 
but  subsequent  work  showed  it  could  be  induced  prior  to  SCC 
initiation  if  precracked  specimens  were  loaded  in  laboratory  air  after 
pre-exposure  to  aqueous  environments.208  The  controlling  process 
has  not  been  unambiguously  defined;  however,  factors  such  as 
corrosion-product  wedging,  crack  tunneling,  and  any  nonreversible 
processes  have  been  eliminated.  Later  work  by  Hermann209  has 
shown  that  repeated  loading/unloading  can  lead  to  caustic  shadow 
swelling  effects,  invoking  a  role  for  plasticity  effects  and  demonstrat¬ 
ing  that  the  phenomenon  may  be  induced  by  more  than  one  route. 
For  the  initial  observation  of  the  phenomenon,  however,  the  pre¬ 
cracked  specimen  (7475-T651 )  was  only  loaded  once  (under  constant- 
strain  conditions),  and  the  “caustic  shadow  swelling”  was  observed 
after  a  few  hours  without  any  further  changes  to  the  external  loading 
(Figure  46).  In  the  opinion  of  the  reviewer,  the  most  plausible 
explanation  of  the  “caustic  shadow  swelling"  effect  is  that  hydrogen 
uptake  promotes  a  local  elastic  modulus  increase  in  the  crack-tip 
region.  This  would  lead  to  increases  in  stress-intensity  factors  (K) 
without  crack  lengths  or  externally  applied  loads  having  to  change. 
Independent  evidence  that  environmental  effects  can  induce  K 
increases  is  provided  by  Domack,210  who  presented  load-time  data 
from  strain-gauged  bolts  in  a  precracked  DCB  specimen  during  SCC 
testing  of  7475-T651  in  a  saline  environment.  The  reported  load 
measurements  under  fixed  strain  conditions  increased  prior  to 
detection  of  SCC  initiation  from  the  precrack  (Figure  48).  This 
observation  is  not  readily  explained,  because  even  if  SCC  had 
initiated  undetected  the  measured  load  levels  would  be  expe  cted  to 
decrease  rather  than  increase.  An  increase  in  elastic  modviu.';  would 
account  for  the  observation,  but  how  hydrogen  ingress  would  achieve 
this  is  not  clear.  However,  it  is  interesting  to  note  that  otrer  elements 
with  low  atomic  numbers  such  as  lithium  and  beryllium  are  known  to 
increase  the  elastic  modulus  of  aluminum  alloys,7  and  similar 
proposals  after  hydrogen  uptake  are  being  voiced  for  ferrous 
alloys.211 

In  the  opinion  of  the  reviewer,  SCC  initiation  studies  using 
notched  or  precracked  specimens  almost  inevitably  reflect  crack 
propagation  behavior,  further  discussion  will  continue  in  the  next 
section. 


Crack  propagation 

Although  initial  studies  on  the  mechanical  aspects  of  the  SCC  of 
aluminum  alloys  conducted  in  the  early  1950s  involved  smooth  test 
specimens,  the  then-available  experimental  techniques  provided 
insufficient  sensitivity  to  resolve  “true”  SCC  initiation,  so  the  reported 
results  probably  reflect  the  propagation  of  short  SCC  cracks.  The 
eieuruchemical  potential  tiansients  toward  more  negative  potentials 
observed  during  SCC  in  saline  solutions  reported  by  Gilbert  and 


Hadden212  and  Farmery  and  Evans213  for  Al-Mg  and  Al-Cu  alloys, 
respectively,  are  significant  nevertheless  because  they  provide  the 
first  evidence  that  SCC  propagation  in  aluminum  alloys  is  a  discon¬ 
tinuous  process,  probably  involving  a  rapid  micromechanical  crack 
jump  followed  by  a  slower  step  involving  corrosion  prior  to  the  next 
mechanical  jump. 
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FIGURE  46— Swelling  of  the  caustic  diameter  prior  to  SCC  crack 
initiation.174 


FIGURE  47— Stress-intensity  factor  (K)  obtained  by  the  shadow 
method  of  caustic  (Kopt)  as  a  function  of  K  via  conventional 
linear  elastic  fracture  mechanics  (Kmoch).208  (Insert  shows  a 
typical  caustic). 
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FIGURE  48— Loaa-tlme  behavior  from  a  strain-gauged  bolt 
during  a  double-cantilever  beam  SCC  crack  propagation  test  on 
7075-T651  in  a  3.5%  sodium  chloride  solution.  (Note  a  load 
increase  occurs  under  fixed  displacement  conditions  prior  to 
SCC  initiation).  (Reprinted  with  permission.210) 
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In  the  early  1960s,  van  Rooyen214  extended  these  ideas  by 
observing  that  during  SCC  propagation  in  AT7Mg  and  AI-4Cu  alloys 
exposed  to  saline  solutions,  sound  generation  only  occurred  during 
the  initial  stage  of  the  negative  electrochemical  potential  transients, 
i.e.,  during  the  rapid  10  to  80  mV  potential  decrease,  and  not  at  other 
times,  including -those  during  the  subsequent  slower,  yet  still  fast 
(.  80%  recovery  within  1  s),  potential  rise  region  of  the  transient. 
These  results  are  important  because  they  complement  data  for 
AI-Zn-Mg(Cu)  alloys1’  149197  ,992,52,6  and  provide  quantitative  ev¬ 
idence  that  SCC  propagation  generally  is  discontinuous  for  Al-Mg, 
Al-Cu,  and  AI-Zn-Mg(Cu)  alloys,  with  one  stage  being  rapid  and 
mechanical  in  nature  and  the  other  being  slower  and  probably 
involving  a  corrosion  process,  van  Rooyen’s214  results  generally  are 
not  reported  in  the  context  of  the  SCC  of  aluminum  alloys  because  his 
results  appear  in  papers  principally  dealing  with  the  SCC  of  austenitic 
stainless  steels  in  chloride  environments.  (The  reviewer  is  indebted 
to  Dr.  R.C.  Newman  as  the  source  of  this  reference.) 

Work  on  AI-Zn-Mg(Cu)  was  initiated  in  the  early  1 960s  by  Gruhl 
and  his  coworkers  in  West  Germany.  Brenner  and  Gruh!2!S  detected 
sudden  deflection  changes  during  SCC  tests  on  an  Al-5Zn-3Mg  alloy 
in  a  saline  solution  and,  as  reported  by  van  Rooyen,  could  not 
attribute  the  transients  to  a  given  crack  but  noted  that  crack  jumps 
were  obviously  very  fast.  (Brungs  and  Gruhl  estimated  a  crack 
velocity  of  around  0.2  m/s.2'6) 

Several  authors  have  subsequently  reported  evidence  for  the 
discontinuous  nature  of  SCC  crack  propagation  in  7XXX  series 
alloys:  (1)  Gest  and  Troiano  observed  intermittent  rapid  strain  energy 
release  rates;"  (2)  Seamans  provided  high-resolution  fractographic 
evidence  that  face-matched  IGSCC  fracture  surfaces  can  display 
striations  fulfilling  the  requirements  of  "crack-arrest  markings,"  and 
that  regions  between  these  striations  show  perfect  face  matching 
with  minimal  evidence  of  corrosion  (Figure  49),”  (3)  others  report 
repeated  bursts  of  acoustic  emission  (AE)  events,149  198  199  and 
Martin,  et  al.,198  correlated  these  AE  signals  with  crack-arrest 
markings  similar  to  the  type  reported  by  Seamans,”  and  (4)  work  on 
high  purity  Al-Zn-Mg  alloys  in  saline  environments,  currently  in 
progress  by  the  reviewer  in  collaboration  with  R.C.  Newman  and 
coworkers,  identifies  periodic  electrochemical  transients  during  SCC 
that  show  a  1 .1  relationship  with  recorded  load  drops  and  striations 
on  SCC  fracture  faces. 


FIGURE  49— SEM  fractograph  of  an  IGSCC  fracture  face  of  an 
Al-Zn-Mg  alloy,  7018-T76,  stressed  In  an  acidified  Inhibited 
saline  environment  (courtesy  of  G.M.  Seamans). 

The  most  systematic  attempt  to  date  to  quantify  the  microme- 
chanical  contribution  to  the  SCC  of  aluminum  alloys  is  that  presented 
by  Wood  and  Gerberich'49  150  in  the  mid-1970s.  These  researchers 


designed  a  study  based  upon  a  commercial  Al-Zn-Mg-Cu,  7075- 
T651,  in  which,  to  aid  detailed  definition  of  the  mechanical  compo¬ 
nent,  they  (1)  re-heat  treated  the  alloy  to  produce  a  recrystallized 
microstructure  to  provide  a  reasonable  GB  path,  (2.)  used  a  pre 
cracked  specimen  geometry  to  allow  a  good  mechanical  description 
during  the  SCC  crack  growth  process,  <3y  selected  an  acidified  saline 
environment  and  a  peak-aged  temper  to  provide  a  high  SCC 
sensitivity,  ptj  ran  tests  at  relatively  constant  stress-intensity  factors 
as  a  function  of  temperature  to  permit  apparent  thermal  activation 
energy  determination,  and  |5j  used  AE  to  detect  discontinuous  crack 
jumps  and  scanning  electron  microscopy  in  an  attempt  to  separate 
mechanical  and  chemical  contributions  to  the  crack  growth  process. 

Remembering  that  the  above  study  was  conducted  in  the  mid- 
1970s,  it  is  a  remarkable  contribution.  In  hindsight,  it  is  regrettable 
that  the  stress-intensity  factors  (K)  used  were  generally  too  high  and 
that  the  thermal  aging  practice  used  sig.Jicantly  reduced  the  alloy 
strength  level  and  probably  rendered  the  alloy  temper  unrepresen¬ 
tative  of  commercial  7XXX  series  alloys.  The  data  obtained,  how¬ 
ever,  clearly  shows  that  IGSCC  crack  propagation  is  discontinuous 
and  that  at  high  K  values,  it  involves  a  component  of  IG  microvoid 
coalescence,  as  suggested  by  Jacobs 44  who  proposed  that  crack 
propagation  in  7XXX  series  alloys  occurred  by  a  series  of  chemical- 
mechanical  steps  between  MgZn2  precipitates.  In  summary,  Wood 
and  Gerberich’s  experimental  study  and  electrochemical-mechanical 
model150  should  be  used  as  the  basis  of  further  study,  capitalizing  on 
the  improved  AE  equipment  now  available  and  using  a  more 
appropriate  alloy  microstructure  and  loading  orientation. 

Martin,  et  al.,198  detected  striations "  on  7075-T651  IGSCC 
fracture  faces  promoted  in  3.5%  NaCI  or  humid  air  that  closely 
resembled  those  reported  by  Seamans”  for  other  7XXX  series  alloys 
(7010,  7017,  and  7079).  The  inferred  crack  jump  distances,  as 
reported  by  Seamans,”  were  insensitive  to  the  applied  stress- 
intensity  factor  (K)  and  the  SCC  crack  velocity  (cv).  AE  events 
recorded  during  SCC  were  consistent  with  the  above,  over  the  K 
range  studied,  in  that  the  AE  amplitude  remained  constant  while  the 
AE  event  count  rate  increased  in  proportion  with  SCC  crack  growth 
rates.  This  led  to  the  conclusion  that  cracking  occurs  by  a  series  of 
discrete  crack  jumps  with  a  frequency  depending  upon  the  crack 
velocity  and  the  characteristic  jump  distance  for  a  particular  alloy. 
The  issue  of  whether  SCC  propagation  occurs  by  a  microscopically 
"brittle"  or  "ductile"  fracture  process  remains  unresolved.  Lynch  has 
consistently  maintained  that  environmentally  assisted  cracking  of  a 
range  of  metallic  alloys,  including  high  strength  aluminum  alloys,  can 
be  described  by  a  "chemisorption-induced  localized  slip"  process, 
which  he  has  recently  reviewed  with  the  experimental  evidence.217 
Lynch  concludes  that  environment-assisted  cracking  occurs  because 
chemisorption  facilitates  the  injection  of  dislocations  from  crack  tips 
that  promote  coalescence  of  voids  ahead  of  cracks.  The  reviewer 
believes  the  most  likely  SCC  propagation  mechanism  for  7XXX 
series  and  probably  for  2XXX  series  and  aluminum-lithium-based 
alloys  cracking  in  aqueous  environments  involves  dissolved  hydro¬ 
gen  concentrating  in  grain  boundaries  in  high-stress  regions  ahead  of 
crack  tips  and  somehow  reducing  flow  stresses  locally  and  promoting 
a  highly  localized  "reduced  ductility"  fracture. 

Further  detailed  studies  are  needed  to  demonstrate  if  either  or 
both  of  the  above  mechanisms  operate.  The  information  available  is 
inconclusive  in  that  (1 )  recent  eviaence  from  in  situ  high-resolution, 
high-voltage  electron  microscopy  studies  reported  by  Bond,  et  at.,133 
(or  commercial  7050-T651  plate  and  7075-F  sheet  material  can  be 
used  to  support  either  mechanism,  since  the  high  strain  rate  and  the 
unfavorable  loading  orientation  used  led  to  transgranular  fracture, 
and  (2)  although  the  detailed  high-resolution  fractography  of 
Seamans77  and  others’98  2,8  shows  little  evidence  of  the  microvoids 
necessitated  by  Lynch's  mechanism,  it  remains  unproven  that  they 
are  absent,  as  it  is  conceivable  that  they  are  too  shallow  to  be 
resolved,  or,  as  is  more  likely,  that  they  are  not  easily  recognized 
because  they  are  only  partially  formed  with  the  reduced  ductility 
referred  to  above  being  a  hybrid  between  classic  grain-boundary 
decohesion  and  ductile  microvoid  coalescence. 
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Slow  crack  growth 

Recently  reported  experimental  observations  indicate  that  IG 
slow  crack  growth  (SCG)  can  occur  in  high-  and  medium-strength 
aluminum  alloys  in  vacuum  or  dry  air  without  any  precharging  with 
hydrogen.75-193-194-219  SCG  resembles  SCC  in  several  ways:  Both 
are  IG,  except  at  at  high  stress-intensity  factors,  high  strain  rates,  or 
unfavorable  loading  orientations,  and  the  cracking  susceptibility 
dependence  upon  thermal  aging  is  identical  for  the  two  phenomena, 
i.e.,  OA  «  PA<  UA. 

SCG  was  first  recognized  in  Al-Mg-Si  alloys75-219  because  this 
alloy  system  is  generally  immune  to  SCC,1  and  when  crack  growth 
resembling  SCC  was  observed  in  6063  {UNS  A96063)  and  6082- 
T651  at  room  temperature,  some  other  explanation  was  sought;  Solid 
metal  embrittlement  was  found  to  be  promoted  in  susceptible 
microstructures  by  minute  concentrations,  e.g„  >  20  ppm,  of  heavy 
metals  such  as  lead  and  bismuth.75-219  Further  work  has  demon¬ 
strated  that  SCG  is  possible  in  other  age-hardening  aluminum  alloy 
systems,  e.g.,  2XXX,193  7XXX,193  and  aluminum-lithium  alloys,194 
and  that  SCG  can  be  promoted  by  GB  contaminants  other  than  lead 
and  bismuth,  e.g.,  Lynch220  has  recently  reported  SCG  in  7075-T651 
induced  by  indium. 

For  the  Al-Mg-Si  alloy  6351,  a  detailed  mechanistic  study  of  the 
influence  of  lead  on  SCG  is  currently  in  progress.221  Crack  growth 
rate/stress-intensity  factor  relationships  are  sensitive  to  lead  concen¬ 
tration  (Figure  50).  The  apparent  thermal  activation  energy  for  SCG 
in  the  temperatures  in  the  range  -4  to  80°C  (- 17  kJ/Mole)  is 
consistent  with  control  by  GB  lead  self-diffusion  and  crack  growth  is 
predominantly  internal  and  associated  with  the  maximum  stress 
region  a  small  distance  ahead  of  the  crack  tip  222  The  similarity 
between  SCG  and  SCC  in  aluminum  alloys  is  obvious,  as  is  the 
mechanistic  implication  that  a  mechanical  aspect  of  SCC  propaga¬ 
tion  in  aluminum  alloys  may  have  been  overlooked.  Further  studies 
are  needed  to  examine  the  latter  possibility. 


FIGURE  50— Influence  of  bulk  alloy  lead  concentration  upon 
slow  crack  rale  In  an  AI-Mg-SI  alloy,  6351-T6,  as  a  function  of 
applied  stress-intensity  factor.75 


Hydrogen  embrittlement  and  pre-exposure  effects 
As  yet,  no  irrefutable  evidence  is  available  that  proves  the  SCC 
of  high-strength  aluminum  alloys  in  aqueous  environments  is  con¬ 
trolled  by  HE.  The  nearest  to  this  is  that  provided  by  Ratke  and 
Gruhl197  for  a  7XXX  series,  Al-Zn-Mg  alloy,  suffering  SCC  in  a  saline 
environment.  Their  ingenious  experiments  involved  loading  exter¬ 
nally  notched  hollow  tubes  in  tension  with  the  inside  of  the  tube  filled 
with  a  saline  environment  and  the  external  surfaces  carefully 
protected  to  prevent  moisture  access  (Figure  51).  Fractographic 


studies  revealed  that  SCC  crack  growth  initiation  from  the  notches 
was  internal  and  associated  with  a  region  ahead  of  the  notch.  These 
authors  suggest  that  the  only  plausible  explanation  is  that  during  the 
SCC  test,  hydrogen  was  generated  via  a  cathodic  electrochemical 
process  in  the  aqueous  electrolyte,  with  some  diffusing  into  the  alloy 
via  GB  diffusion  to  accumulate  at  sites  of  high  stress  ahead  of  the 
notch  and  lead  to  internal  cracking.  In  the  opinion  of  the  reviewer,  this 
is  a  true  reflection  of  the  events  that  occurred,  and  it  is  most  unlikely 
that  solid  metal  embrittlement  was  responsible  for  the  subroot-notch 
cracking222  and  was  mistaken  for  SCC. 


FIGURE  51  —Notched  hollow  tube  design  used  by  Ratke  and 
Gruhl197  to  show  SCC  initiation  from  a  notch  can  occur  inter¬ 
nally. 

The  earliest  suggestions  that  the  SCC  ot,7XXX  series  alloys 
suffered  HE  during  SCC  in  aqueous  environments  were  made  in  the 
early  1960s  by  Gruhl  and  his  coworkers  in  West  Germany  with  their 
work  on  pre-exposure  embrittlement  (PE),223  and  Haynie,  et  al.,9'10 
in  the  United  States  who  showed  that  stress  increases  the  solubility 
of  hydrogen  at  GBs  in  Al-Zn-Mg  alloys  exposed  to  aqueous  environ¬ 
ments.  Little  attention  was  paid  to  these  studies  until  the  work  of  Gest 
and  Troiano11  triggered  a  series  of  experimental  studies  worldwide, 
e.g.,  Seamans,  et  al.,224  Christodoulou  and  Flower,88  and  Holroyd 
and  Hardie85  in  the  United  Kingdom;  Bernstein  and  Thompson  and 
coworkers1 14-1 15  in  the  United  States;  and  Gruhl  and  coworkers, 54,197 
who  continued  their  studies  in  West  Germany. 

Gest  and  Troiano’s  work  proposed  that  a  high-strength  Al-Zn- 
Mg-Cu  alloy,  7075-T651,  was  susceptible  to  a  strain  aging  type  of 
reversible  HE  and  that  this  played  a  major  role  during  SCC  in 
aqueous  saline  environments.  They  provided  hydrogen  permeation 
data  (D0~2x  10" 13  m2/s)  and  related  their  internal  friction  and 
lattice  parameter  measurements  directly  to  hydrogen  uptake  from  the 
environment.  Later  work  by  Seamans,  et  al.,224  on  high-purity 
Al-Zn-Mg  alloys  and  Holroyd  and  Hardie85  on  commercial  Al-Zn-Mg- 
Cu  alloys  confirmed  the  observation  of  pre-exposure  embrittlement 
reversibility.  Seamans,  et  al.,224  detected  almost  complete  reversi¬ 
bility  together  with  hydrogen  out-gassing  at  low  stresses  during 
tensile  testing  of  precharged  specimens  to  failure  in  a  vacuum 
chamber  with  a  mass  spectrometer  attached.  Holroyd  and  Hardie85 
observed  complete  recovery  of  PE  when  tensile  specimens  pre¬ 
exposed  to  aqueous  environments  were  strained  to  failure  at 
appropriate  strain  rates  in  dry  air;  for  7049-T651  pre-exposed  to 
seawater  for  30  days  at  room  temperature,  the  degree  of  recovery 
increased  with  decreasing  strain  rates  below  -  10~3/s  (PE  was  not 
operative  at  higher  strain  rates)  and  was  complete  for  strain  rates 
below  about  5  x  io_7/s  (Figure  52).  These  results  are  important 
because  they  demonstrate  that  HE  of  7XXX  series  is  a  time-strain- 
dependent  phenomenon  and  imply  that  hydrogen  diffusion  or  some 
other  process  must  occur  during  both  crack  propagation  and  HE 
recovery.  Although  it  is  only  indirect  evidence  that  SCC  in  aqueous 
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environments  involves  HE,  it  is  interesting  to  note  that  a  similar  strain- 
rate  dependence  exists  for  pre-exposure  embrittlement  and  SCC, 
and  that  the  loss  of  ductility  promoted  by  the  tvyo  processes  is 
additive.85'"2 
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FIGURE  52— Variation  in  reduction  in  area  ratio  (test  environ¬ 
ment/vacuum)  with  strain  rate  for  7049-T651  tested  in  dry  air, 
laboratory  air  and  natural  seawater  after  pre-exposure  to  sea¬ 
water  for  72  h  at  ambient  temperature.85 

Pre-exposure  to  aqueous  environments  at  elevated  tempera¬ 
tures  can  introduce  complications.  It  appears  that  if  an  alloy's 
inherent  susceptibility  to  SCC  or  PE  is  decreased  during  the 
pre-exposure  period,  then  partial  PE  recovery  occurs  in  laboratory  air 
unstressed,86  and  the  alloy  adopts  a  sensitivity  equivalent  to  that  of 
the  final  alloy  temper  after  pre-exposed  at  room  temperature  (Figure 
53),  and  that  further  recovery  requires  sufficiently  slow  continuous 
straining  in  an  inert  environment.85 
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FIGURE  53-Recovery  of  0.2%  flow  stress  and  ultlmato  tensile 
stress  for  7179-T651  strained  to  failure  at  a  nominal  strain  rate 
ofl.7  .-  10  5/s  In  laboratory  air  after  Immersion  In  tap  water  at 
70’C  tor  72  h.'° 

Martin,  et  al..139  provided  Interesting  indiroct  evidence  that  HE 
controls  the  SCC  of  7XXX  series  alloys  in  aqueous  saline  environ¬ 
ments  During  SCC  propagation  in  7075-T651  in  3.5%  NaCI  or  humid 
air  they  detected  identical  AE  signal  count  rates/unit  crack  advance 
and  concluded  that  the  same  SCC  mechanism  must  be  operative  in 
both  environments  II  this  assertion  is  correct  and  it  is  accepted  that 
HE  must  be  reponsible  lor  SCC  in  humid  air  (David,  et  a!.,  have  stated 
that  crack  growth  in  moist  air  cannot  be  explained  in  terms  of  an 
anodic  dissolution  mechanism),  then  HE  must  also  be  occurring 
during  SCC  in  aqueous  environments.’93 


Loading  mode  effects.  Although  a  common  feature  of  most 
proposed  HE  mechanisms  is  the  need  for  hydrostatic  stresses, 225  it 
is  not  initially  apparent  why  a  triaxial  stress  state  is  a  prerequisite  for 
the  HE  of  aluminum  alloys,  since  hydrogen  diffusion  along  GBs,  in 
the  absence  of  stress,  can  occur  at  sufficiently  high  fluxes  to  account 
for  observed  SCC  crack  growth  rates  in  aqueous  environments.108 
However,  this  issue  is  resolved  by  the  recent  results  for  7XXX  series 
alloys  published  by  Magnin  and  Rieux,  who  showed  that  HE  only 
operates  in  the  presence  of  a  sufficient  stress  raiser,188  and  those  of 
Ratke  and  Gruhl,197  ’who  showed  that  SCC  propagation  generally 
initiated  internally  and  was  favored  by  highly  stressed  regions 
associated  with  stress  raisers,  i.e.,  a  triaxial  stress  state;  hence  the 
assumption  made  by  Green  and  coworkers226  and  others227  that 
Mode  III  loading  is  not  expected  to  promote  crack  growth  by  HE, 
whereas  Mode  I  loading,  with  its  high  hydrostatic  tension  immediately 
ahead  of  crack  tip,  should  promote  HE  of  7XXX  series  aluminum 
alloys  is  valid  and  Mode  l/lll  loading  experiments  are  an  appropriate 
method  to  determine  whether  HE  is  involved  during  SCC  in  aqueous 
environments.  These  authors  observed  that  SCC  initiation  and 
hydrogen-charging  effects  in  notched  7075-T651  specimens  im¬ 
mersed  in  saline  environments  occurred  far  more  readily  under  Mode 
I  loading  (tensile)  than  Mode  III  loading  (torsional)  (Figure  54)  and 
concluded  that  HE  was  involved  during  SCC  in  aqueous  environ¬ 
ments. 
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FIGURE  54-Influence  of  loading  mode  upon  SCC  susceptibility 
for  7075-T6  In  an  acidified  inhibited  saline  solution  with  and 
without  an  arsenic  addition  to  poison  hydrogen  recombination 
and  hydrogen  gas  formation.226 

Cyclic  loading 

Corrosion  fatigue  (CF)  of  aluminum  alloys  is  covered  in  detail 
elsewhere  in  this  volume,  so  discussion  here  will  be  restricted  to  the 
interfacial  region  between  SCC  and  CF  where  IG  environment- 
induced  fracture  processes  are  accelerated  by  cyclic  loading.  Limited 
research  has  been  conducted  in  this  area  of  environment-sensitive 
Iracture  of  aluminum  alloys,108  and  that  published  is  restricted  to 
7XXX  series  alloys  in  saline  solutions, 

Based  upon  data  obtained  for  7079-T651  in  a  saturated  NaCI 
solution,  Speidel228  showed  that  CF  crack  growth  rates  were 
predictable  using  a  simple  superposition  model  in  which  the  ob¬ 
served  CF  crack  growth  rate  [(da/dn)CF)  is  related  to  that  occurring  by 
faligue  in  an  inert  environment  [(da/dn)F)  and  the  crack  velocity 
resulting  from  SCC  ((da/dt)scc)  by  the  relationship 

(da/dn)CF  =  (da/dn)F  +  f(> da/dt)scc  (10) 

Unfortunately,  this  approach  is  inappropriate  for  other  7XXX 
series  alloys,’08  in  which  SCC  crack  growth  rates  are  two  to  three 
orders  of  magnitude  slower  (Figure  18),  and  the  (da/dn)CF  term  is  not 
controlled  by  the  (da/dt)scc  term,  as  occurs  for  7079-T651. 

Holroyd  and  Hardie108  addressed  this  issue  by  assessing  the 
influence  of  loading  frequency  (0.1  to  70  Hz)  upon  crack  propagation 
rates  in  the  Al-Zn-Mg  alloy,  7017-T551,  immersed  in  natural  seawa¬ 
ter  and  characterizing  CF  fracture  modes  in  terms  of  crack  growth 
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rate,  cyclic  loading  frequency,  and  AK  (Figure  55).  The  data  showed 
the  following: 

(1)  IG  CF,  fractographically  indistinguishable  from  SCC  (other  than 
possibily  SCC  “striations”  details),  was  promoted  at  the  highest 
loading  frequency  tested  (70  Hz)  as  long  as  the  AK  values  were 
sufficiently  low; 

(2)  IG  CF  crack  growth  rates  could  be  up  to  three  orders  of 
magnitude  faster  than  the  Region  2  plateau  crack  velocity; 

(3)  The  frequency  dependence  of  the  crack  velocities  associated 
with  the  transition  from  IG  to  TG  shows  a  linear  dependence 
upon  the  square  root  of  the  loading  cycle  period  and  an  implied 
RDS  consistent  with  GB  diffusion  of  hydrogen  during  the  loading 
cycle;  and 

(4)  A  simple  superposition  model  is  inappropriate  for  IG  CF,  and 
further  work  should  be  directed  toward  evaluating  the  influence 
of  crack-tip  strain  rates  upon  CF  (Figure  56).  (Gao,  et  al.,  used 
a  modified  superposition  model  to  describe  TG  CF.229) 

Magnin  and  Rieux'88  investigated  the  initiation  of  SCC  and  CF 

from  smooth  surfaces  for  an  Al-Zn-Mg  alloy,  7020,  immersed  in  a 
saline  environment.  Their  results  demonstrate  that  HE  only  initiates 
and  propagates  when  a  sufficient  stress  raiser  is  made  available  by 
some  other  process.  They  observed  that  (1)  under  cyclic  loading 
conditions,  stress  raisers  may  be  promoted  by  either  a  mechanical  or 
corrosion  process,  and  so  CF  initiation  and  HE  tend  to  occur  at  the 
FCP  or  under  cathodic  polarization  conditions  over  a  wide  range  of 
strain  rates;  and  (2)  under  static  loading,  corrosion  is  generally  the 
only  available  route,  so  SCC  initiation  from  smooth  surfaces  occurs 
at  the  FCP  at  sufficiently  low  strain  rates  but  is  difficult  or  impossible 
under  cathodic  polarization  conditions. 


Environment-Induced  Cracking  of  Welds 

For  weldable  aluminum  alloy  systems  other  than  medium- 
strength  Al-Zn-Mg  alloys,  service  failure  resulting  from  environment- 
induced  cracking  is  rare  and  is  restricted  to  occasional  instances  for 
Ai-Mg  alloy  welds230  invariably  associated  with  heat-affected-zone 
grain  boundaries  becoming  decorated  with  an  electrochemically 
active  phase,  p  (Mg2AI3),  and  SCC  occuring  via  a  predominantly 
anodic  dissolution  mechanism  that  would  occur  in  similarly  sensitized  > 
parent  plate  material.' 


FIGURE  55-Corroslon  fatigue  of  Al-Zn-Mg  alloy,  7017  in  natural 
seawater;  (a)  crack  growth  rate/cycle  as  a  function  of  AK  for  a 
range  of  cyclic  loading  frequencies,  (b)  the  dependence  of 
corrosion  fatigue  fracture  morphologies  in  terms  of  cyclic 
loading  frequency  and  AK,  and  (c)  fracture  morphologies  In 
terms  of  crack  growth  rate/cycle  and  cyclic  loading  frequency.'08 

Localized  corrosion  of  welded  Al-Zn-Mg  joints  has  been  ob¬ 
served  in  service2  23''233  and  laboratory  experiments  (see  .reference 
234  for  27  references).  It  generally  occurs  as  exfoliation  corrosion 
within  a  heat-alfected  region  a  few  millimeters  from  the  weld  bead  or 
as  a  type  of  SCC,  weld-toe  cracking  (WTC),  which  initiates  at  weld 
toes  and  propagates  into  the  interfacial  region  between  the  weld 
bead  and  heat-affected  zone  (Figure  57),  commonly  known  as  the 
"white  zone"  because  of  its  etching  behavior  in  nitric  acid.235 

The  reviewer  has  discussed  WTC  in  Al-Zn-Mg  welds  in  detail 
elsewhere.234  It  is  a  complex  phenomenon  that  involves  at  least  two 
processes;  the  first  being  separation  of  the  mechanically  weak/ 
chemically  reactive  weld  overlap  region  from  the  plate  (the  weld-toe 
region)  and  the  second  crack  initiation  and  propagation  in  the  white 
zone  driven  by  he,232-236-237 
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FIGURE  56— Schematic  representation  of  the  effect  of  crack-tip 
strain  rate  upon  the  relationship  between  crack  velocity  and 
stress-intensity  factor.'08 


Considerable  effort  has  been  expended  to  prevent  weld-toe 
cracking.  Initial  attempts  concentrated  upon  copper233'240  or 
silver239'24'  additions  to  the  parent  plate.  This  was  followed  by  work 
involving  silver  additions  to  the  filler  wire.235  242'245  Most  of  these 
studies  revealed  beneficial  effects  for  Al-Zn-Mg  weldments  in  both 
naturaily  aged  and  the  otherwise  highly  susceptible  post-weld  aged 
condition.  Encouraging  as  these  results  were,  they  have  not  led  to  a 
commercially  viable  solution.  Silver  additions,  as  well  as  being 
expensive,  promote  an  increased  quench  sensiti¬ 
vity239-2'*1  and  unacceptable  strength  losses  in  naturally  or  post-weld 
aged  welds.240  Copper  additions,  usually  limited  to  around  0.15  wt% 
because  of  hot  cracking  limitations,  and  silver  additions,  typically  0.5 
wt%,  both  can  promote  increased  tendency  toward  exfoliation 
corrosion,246'247  and  recent  observations  indicate  that  the  previously 
reported  beneficial  effects  toward  WTC  are  associated  with  crack 
initiation  rather  than  propagation247  and  therefore  do  not  offer  a 
long-term  solution. 

More  recent  approaches  have  concentrated  upon  minimizing 
stresses  in  welded  joints233,248  and  the  development  of  protective 
coatings.236,244,249  Di  Russo  and  Abis248  have  show  i  that  the  use  of 
weld  gaps  calculated  using  finite-element  analysis  can  significantly 
reduce  stress  levels  in  welded  joints,  as  can  controlled  peening.233 
These  findings  are  encouraging,  and  such  approaches  should  be 
incorporated  into  joint  design  since  any  reduction  in  stresses  will  be 
beneficial.  They  do  not,  however,  provide  a  complete  solution, 
because  inevitably  some  joints  will  be  highly  stressed  and  therefore 
potentially  susceptible  to  WTC. 

The  coatings  approach,  other  than  the  passing  reference  to  a 
“protective  varnish”  by  Pirner  and  Bischel,244  has  been  restricted  to 
aluminum-based  metal  spray  coatings  that  "cover  up”  weld¬ 
ments.236  Although  an  aluminum-5wt%zinc  flame-sprayed  coating 
has  been  used  with  some  success  to  prevent  exfoliation  corrosion  in 
Al-Zn-Mg  weldments  in  service  conditions,249  these  coatings,  whether 
flame-  or  arc-sprayed,  do  not  provide  complete  electrochemical 
protection  against  weld-toe  cracking  in  most  service  conditions 
unless  the  sprayed  compositions  are  specifically  tailored  to  do  so 
using  appropriate  “activator  additions."234,250  In  general,  therefore, 
protection  relies  upon  coatings  acting  as  a  physical  barrier.  This 
condition  is  rarely  maintained  long  term  in  service  because  all 
secondary  protection  systems,  e.g.,  paints,  eventually  allow  moisture 
penetration  and  the  sprayed  coatings  themselves  are  porous  (Figure 
58).  In  other  words,  to  guarantee  complete  protection,  it  should  be 
assumed  sprayed  coatings  are  breached,  and  the  coating  itself  must 
provide  controlled  sacrificial  protection  preventing  WTC  and  exfolia¬ 
tion.  In  view  of  this,  some  doubt  must  exist  about  the  recent  claims25' 
made  for  arc  sprayed  aluminum-zinc  coatings  not  containing  the 
activator  additions  needed  to  generate  sacrificial  protection. 
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FIGURE  57  -  (a)  Schematic  representation  of  the  weld-toe  region 
for  a  conventional  aluminum  alloy  weld  and  (b)  a  weld  toe  crack 
propagating  In  the  “white-zone”  region. 
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FIGURE  58-Scannlng  electron  micrograph  of  a  typical  arc- 
sprayed  aluminum-based  coating  on  a  medium-strength  weld¬ 
able  aluminum  alloy  substrate. 
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Previous  work  by  Hoiroyd,  ei  al.,236  outlined  an  approach  to 
develop  aluminum-based  spray  coatings  that  should  provide  immu¬ 
nity  to  WTC  and  exfoliation  corrosion  in  service  even  when  the 
coatings  are  mechanically  or  otherwise  locally  disrupted.  The  ap¬ 
proach  adopted  was  to  identify  first  the  local  environmental  condi¬ 
tions  associated  with  propagating  weld-toe  cracks  and  then  to  define 
the  electrochemical  conditions  providing  immunity  in  these  and  the 
full  range  of  environmental  conditions  expected  in  service.  Worst- 
case  laboratory  testing  indicates  that  immunity  to  all  forms  of 
localized  corrosion  is  guaranteed  if  electrochemical  potentials  are 
maintained  in  the  range  -1130  to  -1200  mVSCE,  irrespective  of 
solution  pH  as  long  as  general  corrosion  is  avoided  (Figure  59).  A 
wider  “safe”  potential  range  will  generally  exist  in  service  because 
the  environmental  and  loading  conditions  will  be  less  severe  than 
those  used  in  the  above  study. 


POTENTIAL  (mV)  SCE 


FIGURE  59— Influence  of  applied  potential  upon  elongation  and 
fracture  mode  for  welded  Al-Zn-Mg  specimens  slow-straln-rate 
tested  (cross-head  speed  2.5  a  10  5  mm/s)  In  2%  NaCI  + 
0.5%  NaiCr04,  pH  3.236 

Self-protecting  welds.  Analysis  of  the  available  published 
work  describing  electrochemical  potential  profiles  across  weldment 
cross  sections  during  exposure  to  aqueous  saline  solutions  reveals 
that  a  significant  difference  exists  between  Al-Zn-Mg  alloys252'25'1 
and  other  weldable  aluminum  alloys  such  as  Al-Cu,252  Al-Mg,252  and 
Al-Mg-Si.255  Weld  beads  are  electronegative  with  respect  to  the 
heat-affected  zono  and  parent  plate  for  all  of  the  alloys  other  than 
Al-Zn-Mg  (Figure  60).  The  potential  data  quoted  by  Shumaker,  et 
al. 252  for  a  7039-T651  weld  is  representantive  of  Al-Zn-Mg  alloys  in 
general  and  corresponds  closely  to  the  data  reported  by  Tuck264  for 
the  alloy  7017-T651,  welded  using  similar  welding  conditions. 

These  observations  are  Important  because,  when  interpreted, 
they  provide  clear  evidence  for  why  Al-Zn-Mg  alloys  tend  to  suffer 
weld-toe  cracking  while  other  weldable  aluminum  alloys  are  generally 
immune.  Hoiroyd,  et  al.,23'*  asked  the  question,  “why  are  Al-Mg  and 
Al-Mg-Si  welds  immune  to  WTC  while  Al-Zn-Mg  welds  are  suscep¬ 
tible  even  though,  like  the  Al-Zn-Mg  welds,258  the  Al-Mg  and  Al-Mg-Si 
welds  also  have  white  zones257  with  recrystallized  microstructures 
and  high  concentrations  of  magnesium  on  the  grain  boundaries?" 
The  answer  proposed  was  that  the  potentially  susceptible  white 
zones  are  sacrificially  protected  by  the  weld  bead  in  cases  where 
WTC  is  not  observed.  To  test  this  hypothesis,  an  attempt  was  made 
to  reverse  the  weld-bead/white-zone  potential  couple  for  a  7017- 
T651  weld  by  using  a  super-purity-based  AI-5Mg  filler  wire  compo¬ 
sition  containing  “activator"  additions.  Potentiokinetic  polarization 


data  in  both  3%  sodium  chloride  and  an  acidified  saline  solution 
indicated  that  the  "activator”  additions  had  promoted  the  desired 
potential  shift  toward  more  electronegative  potentials,  but  unfortu¬ 
nately  both  the  weld  bead  and  the  white  zone  were  similarly  effected, 
so  the  potential  couple  was  not  reversed.  The  reason  for  this  is  that 
parent  plate  melt-back  during  welding  promotes  up  to  a  50%  dilution 
of  the  weld  pool  and  promotes  diffusion  of  "activator”  elements  into 
the  white  zone  via  partially  liquated  grain  boundaries. 


FIGURE  60— Electrochemical  potential  profiles  across  medium- 
strength  weldable  alloy  weldments.  (Data  from  Shumaker,  et 
al.252) 

To  overcome  the  problem  of  white-zone  activation,  a  double¬ 
pass  welding  technique  was  developed  in  which  the  second  pass 
involves  the  super-purity  "active”  filler  wire,258  and  the  first  pass 
involves  a  commercial  AI-5Mg  filler  wire  that  acts  as  a  diffusion 
barrier  preventing  activator  transfer  in  one  direction  and  iron/silicon 
pick-up  from  the  plate  in  the  other  (Figure  61). 

Summary 

Evidence  presented  in  the  previous  sections  in  this  review 
clearly  demonstrates  that  considerable  progress  has  been  achieved 
over  the  last  20  years  in  the  quest  to  understand  environment- 
induced  cracking  of  aluminum  alloys.  Significant  issues  remain 
unanswered,  and  with  the  continual  commercial  drive  toward  using 
stronger  alloys  and  less  conservative  designs  for  transport,  struc¬ 
tural,  and  other  applications,  the  potential  risk  of  environment- 
induced  service  failures  will  become  more  pronounced  unless  a 
greater  predictive  capability  is  established. 

Some  of  the  more  important  unresolved  questions,  in  the 
opinion  of  this  reviewer,  are  summarized  below. 

Alloy  microstructure.  Recent  SCC  crack  velocity  data193 
showing  that  long-term  room-temperature  aging  of  a  peak-aged 
Al-Zn-Mg-Cu  alloy  can  significantly  influence  crack  velocity/stress- 
intensity  factor  (cv-K)  behavior  (Figure  62)  indicate  that  the  control¬ 
ling  microstructural  features  can  bo  subtle,  possibly  involving  GB 
segregation  effects. 

Work  reported  during  the  mid-1970s  proposed  that  rapidly 
solidified  powder  metallurgy  (PM)  7XXX  series  aluminum  alloys  offer 
an  inherently  better  combination  of  strength  and  resistance  to  SCC 
initiation  and  exfoliation  corrosion  than  conventional  ingot  metallurgy 
(IM)  alloys,  because  for  PM  alloys,  the  number  of  heterogeneous 
corrosion  sites  available  for  SCC  initiation,  e.g.,  large  iron-rich 
inclusions,  are  minimized  and  the  corrosion  attack  is  more  uniform  in 
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nature  5 178  While  it  is  a  fact  that  rapid  solidification  rates  potentially 
offer  castability  for  a  wider  range  of  alloy  compositions  and  hence 
alloys  with  higher  strength  than  IM  alloys,  it  is  not  inevitable  that  PM 
alloys  have  superior  SCC  resistances  compared  to  compositionally 
similar  IM  alloys.  Published  cv-K  data  for  PM  7XXX  series  alloys 
7090  and  7091 259  260  indicate  that  crack  propagation  characteristics 
can  be  matched  by  conventional  IM  alloys  (Figure  63). 
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b  WELD  FILLER  WIRE 

FIGURE  61— (a)  A  schematic  representation  of  a  double-pass 
self-protecting  weld  and  (b)  fracture  elongation  given  by  double¬ 
pass  7017-T651  welds  after  slow-strain-rate  testing  In  2%  NaCI 
+  0.5%  Na2Cr04,  pH  3.234 

Cuticui  niiuidsttuotuial  featuiejs/  controlling  SCC  ;ui  CFj  await 
identification.  Attempts  to  achieve  this  need  to  augment  those 
focused  upon  understanding  the  influence  alloy  microstructure  has 
on  fracture  characteristics  and  other  mechanical  properties.  The 
overall  aim  is  to  optimizo  the  balance  of  properties  offered  by 
high-strength  aluminum  alloys. 

Environmental  conditions.  Enviionment  sensitive  ftaduie 
studies  for  aluminum  alloys  in  aqueous  environments  generally  have 
been  conducted  in  halide  ion  solutions,  with  some  limited  work  in 
other  solutions  involving  single  anions.  The  significance  of  syiier 
gistic  effects '  needs  to  be  established,  as  it  is  conceivable  that  a 
new  aluminum  alloy  may  be  deemed  insensitive  to  SCC  jand  CF / 
on  the  basis  of  laboiatury  testing  using  conventional  test  environ 
ments.  when  a  significant  susceptibility  occurs  m  service  because  of 


a  synergistic  effect  between  various  aqueous  species.  In  hindsight,  it 
is  true  that  this  situation  has  not  promoted  service  problems  for 
existing  alloys,  although  synergistic  effects  are  known  to  occur  for  (1 ) 
7075-T651,  where  nitrate  ion  additions  to  saline  solutions  can 
accelerate  SCC  crack  growth  rates,127  and  (2)  an  Al-Li-Cu-Mg  alloy, 
8090,  where  sulfate  ion  additions  to  a  3%  NaCI  solution  can  promote 
SCC  initiation  in  smooth  specimens  under  total  immersion  conditions 
that  otherwise  would  not  have  occurred.26' 


STRESS  INTENSITY  FACTOR,  K  (MNnf3/2) 

FIGURE  62— Stress  corrosion  crack  velocity  as  a  function  of 
stress-intensity  factor  for  a  peak-aged  AI-6Zn-2.5Mg-1 ,6Cu  alloy 
after  various  storage  time  at  room  temperature  after  solution 
heat  treatment  and  prior  to  SCC  testing  in  a  saturated  aqueous 
potassium  chloride  solution.199 


STRESS  INTENSITY  FACTOR.  K  (MNnf3/2) 

FIGURE  63— SCC  crock  propagation  data  for  PM  alloys  7090  and 
70gi«9-26o  ancl  im  a||0y  7475’°“  |n  an  acidified  inhibited  saline 
environment. 

Future  work,  of  course,  should  be  directed  toward  the  develop¬ 
ment  of  alloy  microstructures  that  minimize  crack  propagation; 
however,  composition  modifications,  surface  coatings,  or  novel 
processes  mat  prevent  the  development  of  acidified  conditions  within 
pits,  fissures,  crevices  and, or  minimize  potential  stress  raisers  also 
offer  major  benefito  if  SCC  and, or  CF  initiation  can  be  significantly 
retarded  or,  ideally,  prevented. 

Mechanical  aspects.  Perhaps  the  least  well-understood  as 
pect  of  environment-induced  cracking  of  aluminum  alloys  is  the  role 
of  stress.  Recently,  two  important  observations  were  made  foi 
mtergianular  SCC.  jlj  SCC  can  involve  internal  fracture  and  {2) 
SCG  in  inert  environments  can  occur  in  all  precipitate-hardening 
aluminum  alloys.  It  is  possible  that  environment-induced  cracXmg  ot 
aluminum  alloys  propagates  by  a  similar  mechanism  to  SCG 
somehow  accelerated  by  the  environment,  e.g„  by  a  HE  mechanism 
that,  like  SCG,  tends  to  involve  cracK  propagation  ahead  of  the  crack 
tip.  Further  work  is  needed  to  establish  this  proposal. 
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In  the  past,  it  has  been  generally  inferred  that  SCC  crack- 
velocity-stress-mtensity  factor  (cv-K)  behavior  provides  a  unique 
relationship  independent  of  test  procedure.  Experimental1’4  222  and 
theoretical  evidence262  now  show  that  this  assumption  is  often  invalid 
with  crack  growth  rates  tending  to  be  higher  for  increasing  than 
decreasing  K  conditions263  264  and/or  different  initial  starter  K  values. 
In  addition,  now  that  SCC  crack  growth  rates  can  be  continuously 
monitored,  using  techniques  such  as  potential-drop  or  compliance 
methods,  it  is  evident  that  true  'plateau  velocities"  rarely  occur,  but 
that  crack  velocity  generally  fluctuates  with  an  overall  tendency  for 
the  mean  to  increase  with  increasing  K.174 

Conclusion 

A  mechanistic  interpretation  of  environment-induced  cracking  of 
high-strength  aluminum  alloys  remains  controversial.  The  wealth  of 
experimental  evidence  that  SCC  propagation  in  these  alloys  is 
generally  a  discontinuous  process  indicates  that  a  growth  mecha¬ 
nism  controlled  solely  by  continuous  anodic  dissolution  at  the  crack 
tip  is  impossible,  and  much  systematic  study  is  still  required  to 
achieve  an  adequate  description. 

To  end  on  a  positive  note,  (1)  significant  progress  toward 
understanding  environment-induced  cracking  of  high-strength  alumi¬ 
num  alloys  should  be  possible  over  the  next  decade  with  the 
availability  of  novel  experimental  techniques  and  improved  resolution 
and  data  capture/analysis  capability  for  existing  techniques,  and  (2) 
alloy  microstructural  "mampulation/optimization"  offers  a  route  to 
provide  current  and  the  new  emerging  high-strength  aluminum  alloys 
with  inherently  high  resistances  to  environment-induced  cracking. 
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Discussion 

S.M.  Bruemmer  (Pacific  Northwest  Laboratories,  USA):  You 
discussed  several  methods  to  minimize  weld  heat-affected  zone 
(HAZ)  SCC  but  did  not  discuss  optimization  of  welding  technique 
itself  In  other  SCC-susceptible  materials  (e.g.,  stainless  steels) 
control  of  pass-by-pass  welding  parameters  can  produce  SCC- 
resistant  microstructures  and  controlled  grain-boundary  chemistries, 
in  particular  This  has  resulted  from  our  ability  to  predict  "quantita¬ 
tively"  temperatures  and  strains  through  the  HAZ  region  and  to 
predict  microstructure  and  microchemistry  development.  Has  re¬ 
search  been  performed  in  this  area  for  these  high-strength  aluminum 
alloys?  Could  you  comment  on  the  ability  to  use  such  an  approach  for 
these  alloys? 

N.J.H.  Holroyd:  To  my  knowledge,  the  approach  you  outline  for 
the  welding  of  stainless  steels  has  not  been  successfully  applied  to 
aluminum  alloys,  other  than  it  being  known  that  minimizing  specific 
heat  input  during  welding  is  beneficial  [Kim  and  Pyun,  Aluminum 
59(1983).  p.  123  and  Brit.  Corr.  J.  18(1983).  p.  71).  For  weldable 
aluminum  alloy  systems  other  than  the  7XXX  series,  weld  beads 
generally  provide  sacrificial  electrochemical  protection  to  the  poten¬ 
tially  SCC-susceptible  HAZs  and  thereby  minimize  service  problems 
resulting  from  environment-sensitive  fracture  [Holroyd,  et  al.,  in 
Environmental  Degradation  of  Engineering  Materials  III  (Pennsyl¬ 
vania  State  University,  1987),  p.  329).  For  7XXX  series  alloy  welds 
the  reverse  is  generally  true,  i.e.,  the  weld  bead  is  cathodic,  and  over 
the  years  various  routes  have  been  adopted  attempting  to  prevent 
weld-toe  cracking.  These  are  reviewed  elsewhere  (Holroyd,  et  al., 
and  Birley,  ibid.,  p.  281)  and  include  the  following:  (1)  elemental 
additions  to  the  parent  alloy  or  welding  wire,  e.g.,  copper  or  silver;  (2) 
various  mechanical  surface  treatments  or  thermal/vibratory  tech¬ 
niques  to  reduce  residual  stresses;  (3)  weld  joint  design  using 
finite-element  analysis,  and  (4)  metallic  coatings.  It  has  been  claimed 
that  complete  protection  against  weld-toe  cracking  is  only  provided 
when  local  electrochemical  potentials  are  maintained  within  a  ‘safe 
window,"  and  the  environmental  conditions  provide  the  alloy  elec¬ 
trochemical  stability,  e.g.,  a  pH  in  the  range  4  to  9.  Complete 
protection  has  been  achieved  on  small-scale  weldments  in  the 
laboratory,  and  scale-up  and  commercialization  is  now  in  progress 
[Holroyd,  el  al.,  European  Patent  Applications  No.  EP  0  261  969  Al 
(1987)  and  No.  EP  0  282  174  Al  (1987)). 

Returning  to  your  comment  about  the  development  of  resistant 
microstructures  in  weldments,  a  unique  advantage  for  the  7XXX 
series  welds  is  that,  unlike  other  alloys,  the  weld  HAZ  regains  most 
of  its  strength  via  room-temperature  ago  hardening  [Kent.  Metall. 
Reviews  147, 15(1970):  p.  135).  This,  coupled  with  the  parent  alloy's 
higher  strength,  potentially  offers  desirable  mechanical  properties. 
Unfortunately,  the  age  hardening  promotes  SCC  susceptible  micro¬ 
structures  that  are  not  readily  removed  by  thermal  treatment  without 
either  sacrificing  strength  or  promoting  SCC  elsewhere  in  the 
structure.  For  example,  post-weld  heat  treatments  that  successfully 
prevent  exfoliation  corrosion  in  HAZs  generally  exacerbate  weld-toe 
cracking  (Birley,  as  above). 

E.l.  Meletls  (Louisiana  State  University,  USA):  Our  experi¬ 
mental  results  show  that  aluminum-lithium-copper  longitudinal  spec¬ 
imens,  pre-exposed  in  sodium  chlorido  solution  and  then  tested  in  air, 
fail  under  a  transgranular  mode.  However,  severe  intergranular 
cracking  also  occurs.  Since  the  effect  is  reversible,  the  only  expla¬ 
nation  is  that  hydrogen  can  cause  transgranular  cracking.  This  is  in 
disagreement  with  your  statement  that  anodic  dissolution  is  neces¬ 
sary  for  intergranular  cracking. 

N.J.H.  Holroyd:  Similar  experiments  and  results  to  those  you 
describe  were  reported  for  7XXX  series  alloys  some  years  ago 
[Hardie,  et  al..  Metal  Sci.  13(1979):  p.  603).  Transyranular,  pre¬ 
exposure  embrittlement  is  favored  in  commercial  plate  alloys  when 
strained  to  failure  in  the  longitudinal  direction,  although  intergranular 
cracking  also  occurs.  Further  study  showed  that  these  alloys,  after 
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pre-exposure  to  aqueous  environments,  did  not  suffer  intergranular 
embrittlement  when  tested  in  vacuum  or  dry  air,  but  did  in  laboratory 
air  or  aqueous  environments  when  the  test  strain  rates  were 
sufficiently  low  [Holroyd  and  Hardie,  Corros.  Sci.  21(1981):  p.  129], 
These  results  imply  that  intergranular  embrittlement  requires  anodic 
dissolution  and/or  hydrogen  uptake  during  straining. 

In  my  opinion,  it  is  not  yet  established  whether  the  SCC  of 
aluminum-lithium  alloys  differs  from  7XXX  series  alloys.  The  exper¬ 
iments  you  describe  were  conducted  in  laboratory  air  and  so 
hydrogen  pick-up  during  testing  was  not  prevented.  A  further 
complication  arises  for  aluminum-lifhium-copper  alloys,  because  the 
normal  mode  of  nonenvironment-sensitive  fracture  is  ductile  inter¬ 
granular  failure  [Suresh  and  Vasudevan,  Aluminium  63(1987):  p. 

1 020],  which  is  difficult  to  distinguish  from  intergranular  embrittlement 
because  of  the  reactivity  of  fracture  faces  with  laboratory  air. 

W.W.  Gerberich  (University  of  Minnesota,  USA):  The  back- 
face  hydrogen  sntry  experiment  with  the  notch  that  Ratke  and  Gruhl 
[Werkst  und  Korros.  31(1980).  p.  768]  made  is  very  convincing  for 
hydrogen  embrittlement  (HE),  but  the  amount  of  hydrogen  that  can 
be  there  in  equilibrium  with  the  mild  stress  effect  of  the  notch  is  small. 
This  implies  that  either  slip-induced  large  stresses  and/or  binding  to 
trap  sites,  such  as  precipitates,  is  required.  Do  you  have  a  feeling  for 
whether  one  or  both  of  these  is  essential  to  produce  HE? 

N.J.H.  Holroyd:  It  is  presently  impossible  to  answer  your 
question  unequivocally,  it  is  known  that  atomic  hydrogen  enters 
unstressed  aluminum  alloys  exposed  to  aqueous  environments 
without  the  need  for  electrochemical  stimulation  (Seamans,  et  at.. 
Corros.  Sci.  27(1987).  p.  329],  and  for  some  time  this  observation 
caused  the  authors  to  doubt  the  relevance  of  Mode  l/lii  fading 
experiments  for  aluminum  alloys.  The  work  of  Ratke  and  Gruhl 
provides  strong  evidence  for  HE  occurring  during  the  SCC  of  7XXX 
alloys  in  aqueous  environments  and  implies  a  role  for  triaxia! 
stresses,  thereby  validating  the  Mode  l/lll  approach  adopted  by 
several  workers  in  attempts  to  determine  whether  SCC  involved  HE 
[Green,  et  a!..  Effect  of  Hydrogen  on  Behavior  of  Materials  (New 
York,  NY:  AIME,  1975),  p.  200;  Swanson,  et  al..  Hydrogen  Effects  in 
Metals  (New  York,  NY.  AIME,  1980),  p.  459].  SCC,  HE,  and 
pre-exposure  embrittlement  of  7XXX  series  alloys  all  require  the 
presence  of  grain-boundary  age-hardening  precipitation  (Holroyd 
an w  Seamans,  Scripta  Metall.  19(1985).  p.  915]  and  loading  at 
suMciently  low  strain  rates  [Holroyd  and  Hardie,  Corros.  Sci.  210981  j. 
p  129]  Thus,  grain  boundary  precipitation  almost  certainly  has  a  role 
during  intergranular  environment-sensitive  fracture.  How  the  pres¬ 
ence  of  hydrogen  affects  this  is  unclear.  Several  workers  have 
observed  during  transmission  electron  microscopy  studies  that 
grain  boundary  precipitates  above  a  critical  size  (250  to  300  run;  tend 
to  act  as  hydrogen  recombination  sites  and  generate  hydrogen  gas 
bubbles  (Seamans,  J.  Mater.  Sci.  13(1978).  p.  27,  Christodoulou  and 
Flower,  Acta  Metall.  29(1980).  p.  481,  Rajan,  et  al.,  J.  Mater.  Sci. 
17(1982).  p.  2817,  note  misprint  acknowledged  in  Metall.  Trans. 
16A(1985).  p.  2086]  whereas  smaller  precipitates  are  thought  to  act 
as  trap  sites.  The  time  dependency  for  environment-sensitive  frac¬ 
ture.  implied  by  the  required  slow-strain  rates,  has  been  interpreted 
as  hydrogen  having  to  move  from  a  trap  site  to  a  site  to  do  damage 
[Holroyd  and  Hardie.  Hydrogen  and  Materials  III  (Pergamon  Press, 
1982)  p  659]  A  possible  role  for  hydrogen  is  that  it  somehow 
influences  strain  accommodation.  Recent  work  on  Al-Mg-Si  alloys 
has  shown  that  the  strain  accommodation  mode  is  strain  rate 
sensitive  (Lewandowski,  et  al.,  Mater.  Sci.  and  Eng.  96(1987):  p. 
185].  For  small  plastic  strains,  up  to  2%,  strain  accommodation  is  via 
transgranular  slip  when  strain  rates  are  high  but  involves  grain¬ 
boundary  sliding/creep  if  strain  rates  are  sufficiently  lo w.  In  this  work, 
solid  lead  was  found  to  increase  the  maximum  strain  rate  for 
intergranular  strain  accommodation.  Could  hydrogen  have  the  same 
effect  for  7XXX  series  alloys?  If  so,  it  would  explain  many  experi¬ 
mental  observations,  e.g..  maximum  strain  rate  for  pre-exposure 
embrittlement  increases  with  pro-exposure  time  and/or  availability  of 
a  hydrogen  supply  during  testing,  Further  work  is  needed  to  clarify  if 
the  above  could  lead  to  slip-induced  high  stresses. 


B.  Cox  (Atomic  Energy  of  Canada  Ltd.,  Canada):  In  the 
three-dimensional  micrographs  you  showed,  which  were  used  to 
support  your  claim  of  a  HE  mechanism,  there  were  undoubtedly 
many  precipitates  on  the  fracture  face.  However,  there  did  not  seem 
to  be  an  equivalent  number  of  holes.  If  the  precipitates  were  there  as 
the  crack  front  passed,  then  (on  the  average)  there  should  be  equal 
numbers  of  precipitates  and  holes  on  each  face.  Since  there  appear 
to  be  very  few  holes,  other  origins  for  the  visible  features  could  be 
precipitation  from  solution  after  crack  passage  or  extensive  dissolu¬ 
tion  (greater  than  twice  the  mean  precipitate  size)  during  crack 
formation.  Either  route  to  the  observed  microscopy  would  seem  to 
support  a  dissolution,  rather  than  a  HE  mechanism. 

N.J.H.  Holroyd:  Grain-boundary  precipitates  grow  in  coherent 
registry  with  one  grain  surface  and  have  an  incoherent  interface  with 
the  opposing  grain  surface.  On  fracture,  the  fracture  path  tends  to  be 
along  the  incoherent  interface,  and  hence  an  intergranular  surface 
can  show  either  a  complete  set  of  precipitates  or  a  complete  set  of 
precipitate  holes  Equal  numbers  of  precipitates  and  holes  on  one 
grain  surface  are,  in  fact,  quite  rare.  This  illustrates  the  need  to 
examine  both  fracture  surfaces  at  high  resolution.  This  technique 
also  demonstrates  that  the  observed  features  are  not  formed  by 
precipitation  from  solution,  since  the  holes  and  the  grain-boundary 
precipitates  are  fully  matching.  This  wouid  not  be  the  case  for 
particles  deposited  from  solution.  Fracture  matched  surfaces  have 
been  published  by  Seamans  (Metall.  Trans.  1 1 A  (1980):  p.  846  and 
Aluminium  58(1982):  p.  332], 

E.N.  Pugh  (National  Institute  of  Standards  and  Technology, 
USA):  You  concluded  in  your  talk  that  intergranular  SCC  in  7XXX 
series  alloys  propagates  by  HE  I  recognize  that  hydrogen  absorption 
can  lead  to  '  itergranular  cracking,  but  it  is  not  clear  that  HE,  rather 
than  the  film-rupture  (anodic  dissolution)  mechanism,  is  responsible. 
Could  you  summarize  the  main  reasons  for  your  conclusions?  If  the 
observation  of  crack-arrest  markings  on  the  intergranular  fracture 
surfaces  is  considered  important,  I  should  add  that  it  is  generally  not 
possible  to  detect  such  markings  on  intergranular  SCC  surfaces- 
indeed,  their  occurrence  may  be  a  special  case. 

N.J  H.  Holroyd:  This  question  has  been  specifically  addressed 
in  the  written  paper,  with  a  more  detailed  argument.  Briefly,  our 
conclusion  is  that  the  SCC  of  Al-Zn-Mg  and  Al-Zn-Mg-Cu  (7XXX 
series)  alloys  occurs  via  a  HE  mechanism  with  sufficient  anodic 
dissolution  occurring  during  SCC  to  guarantee  the  req  Jired  hydrogen 
generation  Thus,  crack  propagation  is  principally  via  HE,  and  in  the 
absence  of  anodic  dissolution,  intergranular  SCC  will  be  negligible. 
Evidence  for  subsurface  SCC  initiation,  provided  by  Ratke  and  Gruhl 
(Werkst  u  Korros.  31(1980).  p.  768]  via  notched,  hollow  tube 
experiments,  taken  together  with  the  indirect  evidence  from  acoustic 
emission,  electrochemical  noise,  and  load  drops  measured  during 
cracking,  provides  strong  evidence  that  SCC  involves  sudden  bursts 
of  crack  growth  followed  by  periods  of  crack  arrest.  This  in  my  opinion 
demonstrates  that,  generally,  a  film-rupture  mechanism  is  not 
operative  during  the  intergranular  SCC  of  7XXX  series  alloys  in 
aqueous  saline  environments.  The  situation  is  less  clear  for  trans¬ 
granular  SCC. 

The  point  yuu  make  concerning  the  fact  that  crack-arrest 
markings  are  not  generally  detected  on  intergranular  SCC  surfaces 
is  accepted  These  markings  are  often  difficult  to  identify  and  are 
easily  obscured  or  destroyed  by  post-fracture  corrosion. 

H.  Kaescho  (Friedrich  Alexander  University  of  Erlangen- 
Nurnburg,  Federal  Republic  of  Germany):  It  seems  that  the 
essential  mechanism  of  intergranular  SCC  of  age-hardened  aluminum- 
zinc-magnesium  alloys,  i.o.,  discontinuous  crack  propagation  due  to 
HE,  is  by  now  well  established.  An  important  point  then  is  that  the 
micropitting  type  of  localized  corrosion,  apparently  producing  hydro¬ 
gen  at  the  crack  tip,  does  occur  at  a  value  of  electrode  potential  far 
below  the  potential  for  onset  of  either  pitting  or  intergranular 
corrosion.  The  effect  therefore  appears  to  be  one  of  crack  triggering 
by  stress-  or  strain-induced  local  crack-tip  corrosion  events.  This  also 
answers  Pugh’s  question  concerning  the  alternative  possibility  of 
crack  propagation  by  continuous  anodic  metal  dissolution,  at  least  for 
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the  particular  case  of  aluminum-zinc-magnesium  alloys,  intergranu¬ 
lar  SCC,  and  chloride-containing  aggressive  environment 

N.J.H.  Holroyd:  The  proposal  for  micropitting  occurring  at 
potentials  below  the  pitting  potential  is  validated  by  your  own  work 
and  that  of  others.  [See  Kaesche,  Werkst.  und  Korros.  39(1988).  p. 
152,  Baumgartner  and  Kaesche,  ibid.,  p.  129,  Foley,  Corrosion 
42(1986).  p.  277.)  The  process  of  crack  triggering  is  not  well 
understood.  Hydrogen  entry  into  grain  boundaries  occurs  without  the 
need  for  stress-/strain-induced  events.  However,  intergranular  em¬ 
brittlement  for  7XXX  series  alloys  precharged  with  hydrogen  be¬ 
comes  difficult  to  initiate  if  anodic  dissolution  is  prevented  during 
straining  and  transgranular  cracking  generally  occurs  [Holroyd  and 
Hardie,  Corros.  Sci.  21(1981):  p.  129). 

E.N.  Pugh:  I  accept  that  anodic  dissolution  may  be  ruled  out  in 
the  specific  case  Kaesche  has  described  and  that  cracking  corre¬ 
sponds  to  HE,  but  I  am  not  sure  that  this  is  true  in  general  for 
intergranular  SCC  of  7XXX  series  alloys  in  aqueous  solutions. 

N.J.H.  Holroyd:  SCC  of  7XXX  series  alloys  in  aqueous 
environments  can  occur  under  electrochemical  conditions  where  HE 
is  improbable  (Holroyd  and  Hardie,  Corros.  Sci.  21(1981):  p.  129). 
However,  available  experimental  evidence  strongly  suggests  that 
SCC  at  potentials  close  to  the  free-corrosion  potential  occurs  via  a 
HE  mechanism  requiring  hydrogen  generation  and  hence  anodic 
dissolution  during  SCC  propagation. 

B.E.  Ricker  (National  Institute  of  Standards  and  Technol¬ 
ogy,  USA):  In  an  aqueous  environment,  hydrogen  evolution  and 
metal  dissolution  will  occur  simultaneously  at  the  tip  of  a  propagating 
stress  corrosion  crack,  regardless  of  the  external  environment, 
potential,  etc  As  a  result,  you  cannot  use  potentiostatic  tests  to 
discriminate  between  mechanisms,  and  that  is  why  we  [Ricker  and 
Duquette,  Metall  Trans  19A(1988).  p.  1775]  elected  to  use  water 
vapor  as  i  hydrogen  source  in  our  corrosion  fatigue  and  precharging 
experiments  However,  the  debate  over  whether  anodic  dissolution, 
HE.  or  both  are  involved  neglects  the  fact  that  both  processes  have 
a  common  step  that  can  be  rate  limiting,  and  that  is  passive  film 
breakdown  As  a  result,  it  seems  to  me  that  the  best  way  to  improve 
the  environmentally  induced  fracture  resistance  of  these  alloys  is  to 
improve  the  resistance  of  the  passive  films  to  breakdown  at  occluded 
sites  and  at  the  crack  tip  What,  if  anything,  can  be  done  to  achieve 
this? 

N.J.H.  Holroyd:  The  inherent  corrosion  resistance  of  aluminum 
and  its  alloys  relies  upon  the  stability  of  a  protective  surface  film. 
Upon  immersion  into  aqueous  saline  environments,  air-formed  and 
anodized  oxide  films  chemically  react,  with  aluminum  ions  going  into 
solution  and  chloride  ions  being  adsorbed  [see  Nguyan  and  Foley,  J. 
Electrochem.  Soc  127(1980).  p.  2563,  Foley,  Corrosion  42(1986).  p. 
277]  Local  geometric  features,  e.g.,  film  defects  ot  weak  spots,  can 
allow  the  local  development  of  acidic  solutions  and  provide  potential 
initiation  sites  for  localized  corrosion.  Hydrogen  entry  into  7XXX 
series  alloys  has  been  recorded  even  when  corrosion  rates  are 
negligible,  e.g..  chromate  inhibited  saline  environments  [Seamans, 
et  al .  Corros.  Sci.  27(1987).  p.  326],  and  facilitates  HE  when  an  alloy 
temper  is  susceptible  and  loading  conditions  are  appropriate. 

To  date  no  obvious  approach  has  been  identified  offering 
self-repairing  film  generation  that  prevents  hydrogen  entry.  Hence, 
the  most  effective  route  to  minimize  environment-sensitive  fracture  is 
to  generate  alloy  microstructures  that  tolerate  tne  presence  of 
hydrogen,  while  providing  maximum  mechanical  strength,  ductility, 
and  toughness  in  addition  to  good  resistance  to  all  forms  of  corrosion. 

R.L.  Jones  (Pacific  Northwest  Laboratory,  USA):  A  comment 
in  response  to  Ricker's  statement  that  crack  growth  occurs  in 
aluminum  alloys  at  conditions  when  anodic  dissolution  and  hydrogen 
generation  occur,  and  therefore  a  detailed  understanding  of  the  exact 
mechanism  does  not  matter.  I  disagree.  If  we  are  striving  to  improve 
the  performance  of  alloys  in  corrosive  environments  It  is  neuessary  to 
know  the  specific  mechanism  associated  with  the  crack  advance 
process.  Even  though  anodic  dissolution  und  hydrogen  reduction  are 
involved  in  the  crack  growth  process,  it  may  be  necessary  to  add 


hydrogen  traps  or  alter  the  sites  at  which  hydrogen  is  collecting  and 
causing  crack  propagation.  Reductions  in  the  crack  growth  rate  can 
also  be  accomplished  by  reducing  the  corrosion  rate  and  hence  the 
hydrogen  reduction  rate,  but  there  may  be  restrictions  in  the  potential 
to  reduce  corrosion  rates.  Improving  a  material’s  tolerance  for 
hydrogen  can  serve  as  a  back-up  to  the  reduced  corrosion  rate 
approach  in  the  event  that  local  corrosion  causes  a  breakdown  in  the 
protective  film. 

R.P.  Gangloff  (University  of  Virginia,  USA):  !  have  four 
questions  relating  to  SCC  in  aluminum  alloys.  (1 )  Are  your  results  on 
copper  segregation  and  retrogression  aging  sufficient  to  exclude  the 
effects  of  planar  slip  on  SCC  in  the  7000  series  alloys?  (2)  What  is 
the  consensus  mechanism(s)  for  the  enhanced  environmental  crack¬ 
ing  of  7XXX  alloys,  compared  to  the  2XXX  series  alloys?  (3)  What  is 
the  accepted  mechanism  for  the  beneficial  effect  of  cathodic  potential 
on  stress  corrosion  and  transgranular  corrosion  fatigue  cracking  in 
aluminum  alloys?  and  (4)  on  a  more  modern  note,  do  you  have  any 
results  that  indicate  grain-boundary  segregation  effects  in  aluminum- 
lithium  alloys? 

N.J.H.  Holroyd:  Your  first  three  questions  are  addressed  in 
detail  in  the  written  paper,  and  I  will  not  discuss  them  further  here.  On 
your  last  point,  experimental  work  is  now  in  progress  to  determine 
whether  grain-boundary  segregation  effects  are  important  in  the 
environment-sensitive  fracture  of  aluminum-lithium  alloys  [Gray,  et 
al.,  Proceedings,  Aluminum-Lithium  V  (Charlottesville,  VA.  University 
of  Virginia,  1989,  in  press).  Indirect  evidence  is  consistent  with 
copper  segregation  being  important.  For  example,  SCC  initiation  is 
difficult  in  alloys  not  containing  copper,  but  generally  occurs  more 
readily  as  the  copper  content  increases  [Holroyd,  et  al.,  in  Aluminum- 
Lithium  lit  (London,  England.  The  Institute  of  Metals,  1985),  p.  310). 
Surface  analysis  of  intergranular  fracture  of  Al-Li-Mg-Cu  alloys 
produced  by  mechanical  overload  promoting  gram-boundary  micro¬ 
void  coalescence  has  failed  to  reveal  copper  segregation  [Wert  and 
Lumsden,  Scripta  Metall.  19(1985).  p.  205,  Miller,  et  al.,  Mater.  Sci. 
and  Techn.  2(1986).  p.  1210,  Lewandowski  and  Holroyd,  Mater.  Sci. 
Eng.,  in  press],  so  if  segregation  occurs,  it  is  on  and  close  to  the  gram 
boundary,  i.e.,  within  nanometers,  as  found  for  the  7XXX  series 
alloys  and  described  in  our  poster  paper  here  (Hepples,  et  at.,  The 
Influence  of  Microstructure  on  the  Stress  Corrosion  Cracking  and 
Exfoliation  of  Commercial  Al-Zn-Mg-Cu  Alloys,”  this  proceedings). 

J.-P.  Lynn  (Westinghouse  Electric  Corporation,  USA):  I 
would  appreciate  having  more  detail  on  your  technique  for  measuring 
crack-tip  chemistry.  How  close  is  the  probe  tip  to  the  crack  tip?  If  HE 
is  reversible,  what  is  the  role  of  precipitates  (S,  Zn)  on  cracking? 

N.J.H,  Holroyd.  Experimental  details  tor  the  techniques  used  to 
characterize  crack  tip  chemistry  are  published  elsewhere  [Holroyd,  et 
al.,  Embrittlement  by  the  Localized  Crack  Environment,  ed.  R.P. 
Gangloff  (Wanendale,  PA.  TMS-AIME,  1 984),  p. 327,  and  Corrosion 
Chemistry  within  Pits,  Crevices  and  Cracks  (London,  England. 
HMSO,  1 987),  p.  495],  During  work  on  real,  as  opposed  to  simulated 
cracks,  environment  extraction  techniques  were  used,  and  hence  the 
issue  of  probe  tip  to  crack  tip  does  not  directly  arise.  In  the  initial 
studies,  we  removed  5  or  10  pL  solution  samples  from  the  crack-tip 
region,  so  oven  if  all  of  the  solution  were  removed  from  the  crack  tip, 
it  would  be  diluted  by  solution  associated  with  the  initial  few 
millimeters  of  the  crack  walls.  Hence,  solution  chemistry  character 
ization  is  that  of  the  "crack  tip  region”  rather  than  the  “crack  tip” 
itself  Current  work  is  aimed  at  addressing  this  by  using  a  room 
temperature  freezing  technique  using  tailored  gels  containing  pH  and 
ion-specific  indicators,  which  should  provide  good  spatial  resolution 
(Menys,  et  al.,  submitted  to  Corros.  Sci.). 

The  doubt  you  express  on  the  subject  of  reversibility  of  the  HE 
in  7XXX  series  alloys  should  be  balanced  against  the  considerable 
weight  of  positive  experimental  evidence.  Several  roles  have  been 
envisaged  for  precipitates  during  SCC,  these  are  discussed  in  the 
written  paper  lui  three  types  of  precipitate.  MgZn2  hardening 
precipitates,  Mn,  Cr,  or  Zr  dispersoids,  and  Fe-nch  inclusions. 
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The  Environment-Induced  Cracking  of  Hexagonal  Materials: 
Magnesium,  Titanium,  and  Zirconium 

D.  Hardie* 

Abstract 

An  attempt  has  been  made  to  present  an  overall  picture  ot  the  environment-sensitive  fracture  of 
materials  having  a  hexagonal  crystal  structure:  particularly  magnesium,  titanium,  zirconium,  and  their 
alloys.  This  does  not  include  an  exhaustive  examination  of  the  many  specific  environments  that  may 
induce  such  fracture  in  these  metals,  but  rather  presents  a  global  view  of  the  processes  involved  using 
particular  examples  of  many  systems  to  illustrate  the  points  being  made. 

The  three  metals  mentioned  all  adopt  highly  cathodic  potentials  when  bare  metal  is  exposed  to  aqueous 
environments;  hence  the  influence  of  hydrogen  uptake  on  their  mechanical  behavior  becomes  of  great 
importance.  The  relevance  of  hydrogen  embrittlement  (HE)  and  hydrogen-induced  cracking  to  failure 
mechanisms  is  therefore  discussed. 

Environment-sensitive  fracture  is  very  much  influenced  by  the  passive  film  that  may  develop  on  the 
metal  surface  under  many  environmental  conditions,  and  the  chemical  and  mechanical  breakdown  of 
such  films  is  given  appropriate  consideration. 

Since  HE  mechanisms  do  not  offer  a  universal  explanation  of  the  failures  observed,  the  competition 
between  this  and  anodic  dissolution  is  investigated. 

The  properties  of  the  alloys  based  on  these  metals  may  be  adjusted  by  suitable  heat  treatment,  and  the 
influence  of  the  resultant  microstructures  on  reaction  to  particular  environments  and  their  promotion  of 
failure  is  of  great  importance.  In  this  context,  the  occurrence  of  characteristic  fractography  may  provide 
useful  information. 


Introduction 

Only  three  of  the  metals  having  a  hexagonal  crystal  structure  appear 
to  have  been  involved  in  industrial  failures  or  have  been  the  subject 
of  a  significant  amount  of  laboratory  investigation  with  respect  to 
environment-induced  failure:  magnesium,  titanium,  and  zirconium. 
The  last  two  of  these  are  exothermic  occluders  of  hydrogen  and  form 
very  stable  hydrides,  whereas  magnesium  hydride  (MgH2)  will 
decompose  rapidly  at  temperatures  above  280’C,'  unless  high 
hydrogen  pressures  are  sustained,  and  these  make  a  considerable 
contribution  to  the  major  failure  processes  in  these  materials.  The 
environments  most  involved  in  studies  on  these  metals  and  their 
alloys  reflect  the  particular  applications  for  each. 

Zirconium  has  a  low  neutron-capture  cross  section  for  thermal 
neutrons  and  hence  has  wide  applications  in  the  nuclear  industry, 
mainly  as  alloys  used  for  fuel  sheathing  and  pressure  tubes.  As  a 
result,  most  concern  relates  to  its  performance  in  high-temperature 
water,  possibly  with  additions  of  halide  that  are  relevant  to  contam¬ 
ination  by  fission  products.  But  Cox  found  that  zirconium  alloys  were 
susceptible  to  environment-sensitive  fracture  in  most  of  the  environ¬ 
ments  that  produced  failure  in  titanium  alloys,2  The  restricted  use  of 
the  magnesium  appears  to  be  attributable  to  undue  concern  about  its 
inflammability,  but  it  is  generally  believed3  that  only  the  aluminum- 
containing  alloys  show  any  appreciable  tendency  to  stress  corrosion 
cracking  (SCC),  with  the  susceptibility  increasing  with  aluminum 
content  up  to  6%.  Environment-induced  cracking  in  such  alloys  has 
been  widely  reported  since  it  was  first  observed  by  Althoff4  in  1938. 
By  far,  the  most  extensively  used  hexagonal  material  is  titanium,  and 
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many  applications,  particularly  in  the  chemical  industry,  exploit  its  low 
density  and  excellent  corrosion  resistance.  This  is  retained  in  a  wide 
variety  of  potentially  aggressive  environments,  largely  because  of  the 
strongly  adherent  film  of  stable  oxide  that  provides  a  protective  layer 
on  its  surface.  The  metal  and  its  alloys  remain  protected  under  most 
oxidizing,  neutral,  or  inhibited  neutral  conditions,  but,  while  they 
remain  passive  under  mildly  reducing  conditions,  they  may  be 
attacked  by  strongly  reducing  or  complexing  media.  Although  SCC  of 
a  titanium  alloy  in  aqueous  sodium  chloride  was  first  reported  in 
1966, 6  the  first  incidence  of  SCC  in  commercial  purity  (cp)  titanium 
occurred  in  1953  in  red,  fuming  nitric  acid.6  The  report  of  the  latter 
included  an  extensive  list  of  environments  that  did  not  induce  such 
cracking. 

If  the  surface  film  on  passivated  metals  is  removed  or  damaged 
in  any  way,  then  the  underlying  metal  so  exposed  is  extremely  active. 
The  standard  potential  of  a  bare  magnesium  metal  surface  is  -2.69 
VSCE  in  acid  ard  -2.93  Vsce  in  an  alkaline  environment,7  even 
though  the  steady-state  potential  in  the  presence  of  a  passive  film  is 
usually  about  1 V  more  positive,8  Although  not  nearly  so  cathodic,  the 
potential  of  titanium  in  the  absence  of  an  oxide  film  is  still  in  the  region 
-1.0  to  -1.5  Vsce.9  Such  potentials  are  well  below  the  necessary 
potentials  for  hydrogen  evolution  on  these  metals  in  aqueous 
environments,  and  this  inevitably  introduces  the  likelihood  of  consid¬ 
erable  hydrogen  uptake  under  appropriate  conditions.  As  a  conse¬ 
quence,  any  consideration  of  environment-induced  fracture  in  these 
metals  invariably  involves  considerable  discussion  of  hydrogen 
embrittlement  (HE)  effects,  and  most  proposed  failure  mechanisms 
take  account  of  the  possible  involvement  of  hydrogen  at  some  stage. 

Since  hydrides  may  play  a  significant  role  in  many  fracture 
mechanisms,  both  the  oveiall  solubility  of  hydrogen  and  the  terminal 
solubility  in  the  hexagonal  a-phase  are  very  important.  The  overall 
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solubility  of  hydrogen  in  solid  magnesium  is  never  very  high,  rising  to 
a  maximum  of  about  20  wppm  at  640°C.10  This  is  in  marked  contrast 
to  that  in  both  zirconium  and  titanium,  in  which  the  capacity  for 
absorbing  hydrogen  is  such  that  the  amount  taken  up  in  the  metal 
before  precipitation  of  a  hydride  phase  is  considerably  in  excess  of 
the  total  solubility  in  magnesium  (Figure  1).  Such  a  variation  plays  an 
important  part  in  comparisons  of  the  HE  of  these  materials,  and  it  is 
worth  noting  that  extrapolation  of  high-temperature  data  indicates  a 
terminal  solubility  of  hydride  in  titanium”  at  300°K  of  about  20  wppm, 
whereas  that  in  zirconium12  is  less  than  0.05  wppm. 

350  100  0  #C 


FIGURE  1  -A  comparison  of  the  overall  solubility  of  hydrogen 
in  magnesium10  with  the  terminal  solubility  of  hydride  in 
titanium”  and  zirconium.12 


Hydride  Cracking 

Although  normal  tensile  ductility  is  only  significantly  affected  at 
relative  high  hydrogen  concentrations,  when  large  quantities  of  brittle 
precipitate  are  present,  both  titanium13  and  zirconium14  are  very 
susceptible  to  embrittlement  by  relatively  small  amounts  of  precipi¬ 
tated  hydride  at  high  strain  rates  or  in  the  presence  of  triaxial 
stressing.  With  the  latter,  high  strain  rates  are  not  essential  but  do 
increase  the  effect.15  Since  the  solubility  of  zirconium  and  titanium 
hydrides  is  less  than  20  wppm  at  ambient  temperature  (Figure  1), 
hydride  precipitate  is  likely  to  be  present  in  both  in  the  as-received 
condition.  Much  more  contamination  would,  however,  be  required  to 
induce  precipitation  in  titanium  than  in  zirconium  at  temperatures 
above  about  100°C. 

Tho  observation  that  the  degree  of  embrittlement  decreases 
rapidly  with  increasing  temperature  provoked  various  theories  re¬ 
garding  the  contributory  factors.  An  early  belief18  that  the  decrease  in 
the  quantity  of  hydride  in  zirconium  arising  from  the  increasing 
hydride  solubility  at  higher  temperatures  was  responsible  for  the 
ductility  transition  was  dispelled  by  solubility  determinations.'7  The 
importance  of  twinning  as  a  deformation  mechanism  in  these 
hexagonal  materials,  particularly  at  lower  temperatures  and  higher 
strain  rates,  together  with  the  observation  that  twinning  led  to  fracture 
of  hydrides,18  focused  attention  upon  this  as  a  cause  of  the  transition, 
but  such  a  position  was  later  shown  to  be  untenable.19'20 

In  fact,  the  two  critical  events  in  the  fracture  of  hydride- 
containing  materials  are  the  initiation  of  cracking  in  the  brittle 
precipitates  and  the  propagation  of  these  microcracks  through  an 
essentially  ductile  matrix  from  one  hydride  to  the  next.  The  first  stage 
is  strain  dependent,21  whereas  the  second  appears  to  be  stress 
dependent.22  A  study  of  seven  samples  of  zirconium  and  Zircaloy1-2 
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in  various  conditions  revealed  that  the  temperature  for  transition  from 
ductile  to  brittle  behavior  in  notch-bend  specimens  hydrided  to 
various  levels  up  to  1000  wppm  depended  upon  both  the  hydrogen 
content  and  the  flow  stress  of  the  matrix.  Although  the  variation  of 
flow  stress  with  temperature  was  very  different  for  the  different 
materials,  the  transition  temperature  for  a  particular  hydrogen 
content  invariably  corresponded  to  the  attainment  of  a  specific  value 
of  the  0.7%  flow  stress  in  the  material  concerned.  This  immediately 
suggests  that  whether  or  not  an  unstable  crack  may  readily  propa¬ 
gate  through  the  matrix  from  one  brittle  hydride  to  the  next  is 
determined  by  how  much  energy  has  been  stored  in  the  material  by 
deformation  before  the  hydride  cracks  (at  something  approaching  1  % 
plastic  strain)  and  thus  releases  the  energy  for  crack  propagation. 
The  amount  of  energy  required  does,  of  course,  also  depend  upon 
the  distance  to  be  traveled  from  one  hydride  to  the  next,  and  this 
explains  the  dependence  of  embrittlement  upon  the  interhydride 
spacing.15  In  general,  the  occurrence  of  intergranular  hydride  intro¬ 
duces  a  dependence  upon  grain  size  as  well  as  hydrogen  concen¬ 
tration. 

As  the  hydrogen  concentration  increases,  so  does  the  hydride 
concentration,  up  to  a  point,  and  the  embrittlement  becomes  worse 
as  a  direct  consequence  of  the  decreasing  interhydride  spacing.  The 
variation  in  the  critical  applied  stress  with  hydrogen  concentration  for 
unstable  fracture  of  a  particular  type  of  specimen  (Table  1  shows 
results  extracted  from  earlier  work22)  may  be  examined  in  terms  of  a 
simple  energy  model  by  equating  the  amount  of  energy  stored  up  to 
the  point  of  fracture  with  the  amount  of  energy  of  the  fracture  surface 
produced.  The  elastic  strain  energy  stored  (S)  in  unit  volume  of 
material  after  deformation  by  a  simple  tensile  stress  is  given  by 

S  =  JV  x  de  =  |g-  (1) 

O 

where  <•  is  the  strain  and  E  is  Young’s  modulus  of  elasticity,  although 
Griffith23  has  demonstrated  that  the  presence  of  a  crack  of  length  (c) 
increases  the  strain  energy  of  a  sheet  of  unit  thickness  by  an  amount 
w2c2/E. 

Assuming  that  a  moving  crack  can  draw  energy  from  the  volume 
surrounding  the  initiating  hydride,  the  total  energy  available  (ST)  will 
be  related  to  the  hydride  spacing  (r): 

Sr  =  |§  x.Ar3  (2) 

where  A  is  simply  a  geometric  constant.  The  energy  of  fracture  (F)  will 
be  related  to  the  specific  surface  energy  and  the  area  of  new  surface 
created,  which  will  depend  upon  the  distance  traveled  from  one 
fractured  hydride  to  the  next: 


F  =  2y  Br2  (3) 


where  B  is  again  a  geometric  constant. 

The  critical  level  of  stress  necessary  to  store  sufficient  energy  to 
propagate  an  unstable  crack  when  it  is  released  (uc)  can  then  be 
ascertained  by  equating  Equations  (2)  and  (3). 

2|  x  Ar3  =  2-yBr2  (4) 


when 

0  A 

where  B/A  «  1. 
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TABLE  1 

The  Critical  Stresses  for  Unstable  Fracture  in  Slow-Bend  Specimens22,<A) 


Hydrogen 

Content 

wppm 

Hydrides 
in  Section 
/mm2 

Average 

Hydride 

Spacing  (r) 

10"3m 

Critical  Stress  (ac) 
at  Hydride 

Fracture 

MN/m2 

Measure 
of  Stored 

Energy 

lO'Vr2 

50 

37 

0.164 

380 

38.84 

50 

40 

0.158 

380 

36.06 

100 

52 

0.139 

360 

25.03 

150 

76 

0.115 

345 

15.74 

200 

89 

0.106 

330 

12.23 

250 

76 

0.115 

313 

12.96 

350 

101 

0.100 

290 

8.41 

400 

90 

0.105 

280 

8.64 

600 

97 

0.102 

280 

8.16 

800 

92 

0.104 

280 

8.48 

1000 

90 

0.105 

280 

8  64 

<A>Related  lo  the  average  distance  between  hydrides  for  various  hydrogen  concentrations  in  Zircaloy  2. 


A  simple  plot  of  of  r2  against  r  should  therefore  produce  a 
straight  line  of  approximate  slope  4yE  For  the  results  obtained  from 
slow-bend  specimens  of  Zircaloy22  (Figure  2),  there  appears  to  be 
amazing  agreement  with  such  a  simple  relationship,  and  the  slope 
obtained  is  4,74  *  1 0'3  N2/m3  For  a  Young’s  modulus  of  about  1 0' ' 
N/m2  (actually  around  9  5  v  10'°  N/m2),  this  would  indicate  a  mean 
surface  energy  of  474  J/m2  The  testing  of  Charpy  specimens  of 
zirconium  instrumented  to  provide  a  direct  measure  of  the  energy  of 
fracture24  gave  fracture  energies  of  about  50  ft-lb  (about  68  J)  in  the 
ductile  materials  at  room  temperature,  and  this  corresponds  to  a 
specific  surface  energy  of  0.43  MJ/m2  This  implies,  therefore,  a 
significant  lowering  of  the  fracture  energy  of  the  matrix  by  hydrogen 
in  solution  It  is  interesting  to  note  that  when  Beevers25  applied  a 
Griffith’s  criterion  to  the  extension  of  hydride  cracks  in  a  ductile 
zirconium  matrix,  he  obtained  an  effective  surface  energy  of  200 
J/m2, 


FIGURE  2— Plot  of  irf  r2  indicating  the  critical  stored  energy 
required  when  hydrides  crack  for  unstable  fracture  to  occur  in 
various  hydrlded  bend  specimens  of  Zircaloy-2.  Hydrogen 
contents  In  wppm  are  noted  against  the  points. 

If  the  relationship  of  Equation  (5)  were  still  applicable  for  much 
closer  hydride  spacings,  the  plot  should  ultimately  pass  through  the 
origin,  which  it  obviously  does  not.  However,  it  must  be  remembered 
that  the  model  is  greatly  ovei  simplified  and  takes  no  account  of  the 
finite  size  of  the  hydrides  themselves  The  latter  varies  considerably 


with  grain  size,  even  with  slow  cooling,  and  the  prevalent  length, 
which  is  always  greater  than  the  thickness,  is  about  double  the  grain 
size.26 

Similar  mechanisms  to  those  developed  for  the  various  hydride 
effects  in  zirconium  might  be  expected  to  apply  to  hydride  embrit¬ 
tlement  of  titanium,  but  the  significant  difference  is  that  considerably 
higher  hydrogen  concentrations  would  generally  be  required  in  this 
malerial  to  produce  similar  hydride  distributions  to  those  found  in 
zirconium. 

Where  hydride  separates  from  solution  on  cooling  in  the  form  of 
rather  coarse  plates,  it  is  obvious  that  the  prec.pitate  orientation  has 
a  considerable  influence  upon  the  fracture  path  and  hence  on  the 
macroscopic  ductility.  The  dependence  of  such  orientation  on  the 
preferred  orientation  in  fabricated  zirconium  alloy  tubes  and  plates, 
and  therefore  upon  the  thermomechanical  history,  was  recognized 
quite  early.27  Following  a  number  of  failures  in  Zircaloy  fuel  element 
tubes,  Louthan  and  Marshall28  conducted  an  extensive  investigation 
of  the  control  of  hydride  orientation  in  these  materials  when  cooled 
under  stress.  Since  the  hydride  has  a  lower  density  than  zirconium 
itself,  an  expansion  occurs  on  precipitation;  hence,  it  is  energetically 
favorable  for  precipitation  of  hydride  plates  to  occur  with  the  plane  of 
the  plate  perpendicular  to  a  tensile  stress  and  parallel  to  a  compres¬ 
sive  stress.  While  the  fabrication  history27  and  the  associated 
deformation  were  recognized  as  important  factors  in  precipitation  in 
unstressed  materials,  it  was  found  that  under  stress,  the  texture29'30 
and  stress28'29  became  of  greater  significance.  Reorientation  of 
precipilated  hydride  in  zirconium-niobium  alloy  under  stress  was 
found  to  depend  intimately  upon  solution  of  the  hydride.3’  That  is,  the 
proportion  of  precipitate  that  became  oriented  perpendicular  to  an 
applied  (or  residual)  stress  on  cooling  was  directly  related  to  the 
amount  dissolved  during  a  heating  cycle,  and  even  then  only 
occurred  when  the  tensile  component  of  stress  was  along  a  direction 
having  a  high  concentration  of  basal  poles,  i.e.,  it  was  perpendicular 
to  a  high  proportion  of  basal  planes. 

An  equation  based  upon  the  nuclealion  relationship  proposed 
by  Ells32  has  been  found3'  to  provide  a  good  representation  of  the 
results  of  reorientation  under  a  stress  (a,). 


Ra  =  R0  exp  (Bor,)  (6) 


where  R  represents  the  ratio  of  hydride  lying  between  45  and  90“  to 
the  applied  stress  to  that  within  0  to  45°.  (The  subscripts  a  and  0 
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represent  the  presence  and  absence  of  stress,  respectively.)  R0  is 
indicative  of  the  prevalent  hydride  orientation  in  the  material  in  the 
absence  of  stress,  and  B  is  a  factor  appropriate  to  the  nucleation 
process  that  is  not  particularly  sensitive  to  the  stressing  temperature. 

Stress-Induced  Diffusion 

Since  the  introduction  of  an  interstitial  solute  into  a  metal  lattice 
invariably  introduces  a  localized  distortion,  the  presence  of  a  stress 
gradient  would  be  expected  to  result  in  migration  of  the  foreign 
atoms.  The  idea  that  hydride  precipitation  may  be  enhanced  by 
stress  in  supersaturated  titanium  alloys  was  floated  by  Williams33  as 
early  as  1962,  and  Westlake34  subsequently  suggested  that  hydride 
precipitation  in  exothermic  occluders  could  be  induced  by  tensile 
stresses,  particularly  in  the  region  of  triaxial  stress  ahead  of  a  crack 
tip  or  other  stress  concentration.  As  a  result,  stress-induced  diffusion 
of  hydrogen— up  a  stress  gradient— was  proposed35  as  the  mecha¬ 
nism  for  delayed  hydride  cracking  in  the  Zr-Nb  alloy  end-cap  welds 
of  an  experimental  nuclear  fuel  sheath  after  a  period  of  two  years. 
Earlier,  Weinstein  and  Holtz36  had  investigated  the  susceptibility  of 
zirconium  and  some  of  its  alloys  to  delayed-failure  effects  when 
containing  500  ppm  hydrogen.  They  reported  no  effects  in  either 
unnotched  or  notched  specimens  of  zirconium  and  Zircaloy-2  at 
ambient  temperature,  but  moderate  susceptibility  in  Zr-2.5Nb  and 
high  susceptibility  in  a  high-strength  Zr-AI-Sn-Mo  alloy.  Lack  of 
susceptibility  was  attributed  not  to  lack  of  crack  initiation  but  to 
subsequent  stress  relaxation  by  localized  plastic  yielding  in  the  softer 
materials. 

Waisman,  et  al.,  quoted  the  catastrophic  delayed  failure  of  a 
titanium  pressure  vessel  that  was  the  result  of  the  build-up  of  hydride 
stringers  during  operation  over  a  period  of  1.5  years  at  room 
temperature,  and  they  investigated  the  diffusion  of  hydrogen  at  600 
to  800°C  resulting  from  composition,  temperature,  and  stress 
gradients.37  They  concluded  that  the  stress  effect  was  a  direct 
consequence  of  the  lattice  dilation  required  to  accommodate  the 
interstitial  hydrogen  atom,  which  corresponded  to  a  partial  molar 
volume  V„  of  1.7  to  2.2  cm3/mol.  Wreidt  and  Oriani38  had  previously 
developed  an  equation  for  the  effect  of  stress  on  the  solubility  of 
hydrogen  in  a  solid  and  applied  it  to  a  palladium  silver  alloy  Dutton, 
et  al.,19  subsequently  developed  a  general  model  for  hydrogen 
induced  delayed  cracking  in  hydride-forming  materials  that  attempted 
to  combine  theories  for  the  diffusion  of  interstitial  solutes  to  stress 
concentrations40-41  with  ideas  concerning  stress-assisted  precipita¬ 
tion.  They  calculated  a  rate  of  hydride  growth  from  the  anticipated 
hydrogen  flux  and  compared  calculated  crack  velocities  expected 
from  such  precipitation  in  Zr-2.5Nb  with  those  observed  in  earlier 
work.42'43 

The  temperature  dependence  of  the  crack  velocity  arising  from 
their  model  was  principally  a  consequence  of  the  term  involving  the 
product  of  the  hydrogen  diffusivity  and  the  terminal  solubility  for 
hydride,  which  varied  by  six  orders  of  magnitude  over  the  tempera¬ 
ture  range  involved.  The  reasonable  agreement  of  calculated  and 
experimental  results  revealed  at  higher  temperatures  did  not,  how¬ 
ever.  apply  at  temperatures  below  100’C.42  43  Indeed,  if  the  plateau 
velocities  apparent  from  the  reported  results  are  plotted  against  the 
reciprocal  of  the  tostmg  temperature  (in  K).  the  general  trend  toward 
higher  crack  velocities  at  higher  temperatures  can  be  seen  to  be 
unaffected  by  hydrogen  content  over  the  range  studied  (Figuro  3), 
i.e.,  the  variation  can  be  explained  by  the  activation  energy  for 
diffusion  alone  [taking  a  diffusivity  D„  =  2,17  a  io  7 
exp(-42l  7/T)m2/s44).  This,  of  course,  is  hardly  surprising  when  all  of 
the  specimens  involved  contained  considerably  more  hydrogen  than 
corresponded  to  the  terminal  solubility  in  zirconium  C,  at  the 
stressing  tomperaturo. 

Although  it  has  been  suggested  that  the  terminal  solubility  in 
Zr-2.5Nb  could  be  higher  by  a  factor  of  5,  Erickson45  considered  that 
the  equilibrium  value  was  unaffected  by  the  presence  of  niobium, 
dospito  tno  increased  hysteresis  between  heating  and  cooling 
results.  While  it  <s  essential  that  the  terminal  solubility  (under  the 


appropriate  stress)  must  be  locally  exceeded  for  precipitation  of 
hydride  to  take  place,  it  is  not  clear  why  the  terminal  solubility  should 
exercise  any  other  constraint  on  either  precipitation  or  the  crack 
velocity.  Diffusion  control  of  the  crack  velocity  would  seem  to  be  more 
likely,  and,  indeed,  an  activation  plot  for  diffusion  does  provide  a  good 
fit  to  the  crack  velocities  quoted  (Figure  3)  (only  deviating  very  slightly 
from  the  calculated  line  of  best  fit),  bearing  in  mind  the  experimental 
scatter. 


FIGURE  3— Reported  results4243  for  the  velocity  of  sustained- 
load  cracking  of  cold-worked  Zr-2.5Nb  compared  with  the  rate  of 
variation  of  diffusion  with  temperature  (dotted  line).  44 

On  the  other  hand,  Simpson  and  Cann46  have  produced 
evidence  for  a  crack  velocity  dependence  upon  the  product  DHC,  in 
Zr-2.5Nb  hydrided  to  200  wppm,  with  an  activation  energy  of  65  5 
kJ/mol  compared  with  the  35.1  kJ/mol  associated  with  diffusion 
alone.  One  factor  that  they  discovered  to  have  a  considerable 
influence  upon  crack  velocity  was  the  distribution  of  the  p-phase  in 
the  alloy.  Higher  crack  velocities  were  observed  in  the  as-received 
material,  compared  wilh  the  hydrided  or  annealed,  and  this  they 
attributed  to  the  continuous  p-phase  present  in  that  condition 

Thus,  obvious  points  of  conflict  still  exist,  and  carefully  designed 
experiments  will  bo  necessary  to  unravel  a  complex  situation  that  is 
further  complicated  by  the  influence  of  fabrication  route  and  heat 
treatment  on  the  Inherent  microstructure  of  alloys  Whatever  the 
controlling  factors,  there  Is  no  doubt  that  stress  induced  diffusion  of 
dissolved  hydrogen  may  take  place  The  question  that  arises  is  how 
great  a  concentration  gradient  can  be  established  as  a  consequence 
of  stress  gradients  that  may  exist  in  the  material  The  change  in  the 
solubility  of  hydrogen  Cs  under  the  influence  of  a  hydrostatic  stress 
(P)  (which  is  equal  to  a, *3  where  a  is  a  uniaxial  applied  stress) 
derives17  from  the  work  done  against  the  external  stress  in  expanding 
the  metal  lattice  and  is  related  to  the  solubility  In  the  absence  of  stress 
(C0)  by  tho  following: 

C,  =  C0  exp  (PVh/RT)  (7) 

and  is  Increased  under  a  tensile  stress,  i.e.,  where  P  is  positive 

The  maximum  enhancement  of  solubility  will  thus  be  related  to 
the  maximum  stress  that  can  be  generated  in  the  material  In  tho 
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region  of  triaxial  stress  ahead  of  a  crack  tip,  the  maximum  hydrostatic 
pressure  can  exceed  the  uniaxial  yield  stress  (oy),  but,  even  under 
plane-strain  conditions,  the  enhancement  factor  is  only  about  2.4. 
Dutton  suggests  that  the  maximum  increase  in  hydrogen  concentra¬ 
tion  promoted  by  such  conditions  is  given  by  the  following.47 


2a 

Co 


exp  ( 


2.4oryVH 

RT 


) 


(8) 


The  enhancement  thus  depends  exponentially  upon  the  yield  stress 
and  the  partial  molar  volume  as  well  as  the  reciprocal  of  temperature. 
In  their  examination  of  titanium  alloys,  Waisman,  et  al.,  surveyed  a 
large  amount  of  data  from  previous  literature  and  found  quoted- 
values  of  VH  from  1.1  to  2.2  crrrVmol.37  Taking  a  value  of  VH  =  2.0 
cm3/mol  and  a  yield  stress  of  350  MN/m2  (perhaps  on  the  high  side 
for  cp  titanium,  for  example)  gives  an  enhancement  factor  of  2.0  at 
ambient  temperature  and  1.53  at  200°C  (if  the  associated  drop  in 
yield  stress  is  ignored).  Doubling  the  yield  stress  by  alloying  would 
double  the  room-temperature  enhancement. 

It  is  immediately  obvious  that,  although  there  is  a  definite  effect 
of  stress  upon  the  hydrogen  solubility  in  zirconium  alloys,  the  effect 
is  not  particularly  great  and  is  only  likely  to  significantly  influence 
failure  mechanisms  if  the  terminal  solubility  is  exceeded  at  some 
point.  Under  such  circumstances,  a  steady  flux  of  hydrogen  to  the 
stress  concentration  would  inevitably  lead  to  localized  hydride 
growth.  Coleman  has  pointed  out  that  such  processes  may  lead  to 
catastrophic  failures  when  zirconium  alloys  are  used  under  condi¬ 
tions  in  which  corrosion  by  high-pressure  water  or  steam  may  lead  to 
excessive  hydrogen  pick  up.48  Although  Margolin49  proposed  a 
model  for  sustained-load  cracking  that  was  based  simply  upon  the 
movement  of  hydrogen  in  solid  solution  between  different  interstitial 
sites,  most  of  the  mechanisms  postulated  involve  strain-induced 
precipitation.50 

It  would  seem,  therefore,  that  even  if  the  crack  velocity  in 
sustained-load  cracking  is  essentially  controlled  by  diffusivity,  as 
suggested  earlier,  initiation  of  cracking  is  likely  to  be  determined  by 
the  solubility  limit  for  hydride  and  perhaps  the  degree  of  supersatu¬ 
ration.  Under  such  circumstances,  the  susceptibility  of  a  zirconium 
alloy  with  a  particular  hydrogen  content  at  a  particular  temperature 
would  be  considerably  greater  than  that  of  a  titanium  alloy  under  the 
same  conditions  simply  because  of  the  lower  hydride  solubility 
therein. 

The  situation  is  further  complicated  by  alloys  containing  both  «- 
and  p-phases,5’  but  Boyer  and  Spurr  suggested  that  a  hydride 
precipitation  model  fitted  their  crack  growth  data  for  Ti-6AI-4V:  A 
reduction  in  temperature  reinitiated  crack  growth  In  high-hydrogen- 
content  materials  and  produced  initiation  in  lower-hydrogen-content 
materials 52  They  reported  that  stress  Intensity  did  not  play  a  major 
role  in  sustained  load  cracking  beyond  the  minimum  vaiue  required 
to  induce  hydrogen  migration  to  the  crack  tip,  which  could,  however, 
be  very  low  (**  12  MPam1'2).  Moody  and  Gerberich53  suggest  that 
provision  of  hydrogen  internally  (38  wppm)  in  a  Ti  6A1 6V  2Sn  alloy 
results  In  an  exponential  dependence  of  crack  growth  on  stress 
intensity  They  also  point  out  that  the  crack  growth  rates  are 
dependent  upon  tho  diffusion  of  hydrogen  through  the  p  phase. 
Increase  in  crack  velocity  up  to  a  temperature  of  300”K  was  attributed 
to  the  temperature  dependence  of  diffusion  and  decrease  at  higher 
temperatures  to  problems  of  hydride  nucleation.  Subsequently,  the 
same  workers54  extended  their  investigation  to  include  the  effect  of 
plane-strain  conditions  on  the  threshold  stress  intensity  and  crack 
velocity  They  found  that  the  threshold  approached  a  lower  limiting 
value  of  32  MPa  m1'2  as  total  plane-strain  conditions  were  ap¬ 
proached,  but  with  increasing  plane  stress  it  moved  toward  Immunity 
from  hydrogen  effects  A  modified  model  was  therefore  developed 
that  allowed  for  the  stress  state  in  tho  material  and  provided  good 
agreement  with  observations.  Where  the  ratio  of  the  radius  of  tho 
plane-stress  plastic  zone  to  tho  sample  thickness  was  greater  than 
0.1,  the  threshold  rapidly  increased. 


Integrity  of  the  Passive  Film 

For  a  wide  range  of  environments  and  conditions  of  exposure, 
titanium  is  protected  by  an  adherent  surface  film  of  either  rutile  or 
anatase,  which  not  only  promotes  passivity  but  may  present  a 
reasonably  effective  barrier  to  hydrogen  absorption.  In  a  similar  way, 
a  passive  film  that  forms  on  the  surface  of  magnesium  when  it  is 
cathodically  polarized  in  aqueous  solutions8  may  prevent  hydrogen 
uptake.  Stampella,  et  al.,  suggest  that  rupturing  this  film  by  straining, 
even  at  5.7  x  lO’6/s  and  -1500  to  -2000  mVSCE,  is  not  sufficient 
to  allow  hydrogen  absorption  because  of  the  rapidity  of 
repa'sivation  55  As  a  result  of  such  effects,  Blackburn,  et  al.,  went  so 
far  as  to  state  categorically  that  SCC  does  not  initiate  in  smooth 
specimens  of  titanium  in  aqueous  environments.56 

Under  certain  circumstances,  however,  the  protective  film  may 
become  disrupted  and  allow  both  localized  corrosion  and  hydrogen 
absorption  to  occur  The  requirements  for  such  breakdown  could 
prove  quite  critical  Such  effects  are  believed  to  be  involved  in  the 
SCC  of  titanium  and  zirconium  when  they  are  exposed  to  solutions 
containing  chlorides,  particularly  in  the  presence  of  organic  solvents 
that  inhibit  the  repair  of  the  passive  film.57  Very  rapid  cracking  of  both 
metals  was  observed  when  they  were  stressed  in  methanol  contain¬ 
ing  more  than  0 1%  hydrochloric  acid.  The  same  authors  pointed  out 
the  beneficial  effect  of  the  presence  of  water  in  the  test  environment 
and  suggested  that  the  addition  of  1  5%  of  water  was  sufficient  for  the 
prevention  of  cracking  in  titanium,  whereas  double  this  quantity  was 
necessary  for  zirconium  Such  suggestions  are  consistent  with  the 
repassivation  behavior  of  Ti-5AI-4V  investigated  by  Buhl,  who 
showed  (Figure  4)  that,  although  the  amount  of  water  present  above 
25%  had  little  influence  upon  repassivation  kinetics,  as  indicated  by 
current  decay,  repassivation  was  prevented  when  the  water  level 
was  only  0.05%.58 


FIGURE  4-Influence  of  tho  water  content  of  the  solvent  (meth¬ 
anol)  on  repasslvatlon  of  TI-GAI-4V  after  surface  planing  In  0.1  M 
sodium  chloride,  from  the  results  of  Buhl.57 

Dawson59  has  drawn  attention  to  the  fact  that  the  level  ot  water 
or  other  inhibitor  required  to  achieve  substantial  improvement  in  the 
corrosion  fatigue  behavior  of  Ti-6AI-6V-2Sn  at  1  Hz  and  low  4K  is 
much  greater  than  that  needed  to  produce  stable  passivity  in 
unstressed  specimens  or  to  prevent  fracture  under  static  loading. 
Chloride  additions  to  the  environment  increase  delay  times  tor 
repassivation,60  and  even  though  titanium  alloys  exhibit  passive 
behavior  in  pure  methanol,  a  very  small  amount  of  chloride  produces 
breakdown  of  passivity  followed  by  pitting  and  intergranular  attack. 
Depending  upon  both  the  alloy  and  the  chloride  concentration,  the 
necessary  water  additions  to  restore  passivity  and  inhibit  intergranu¬ 
lar  attack  vary  from  a  fraction  of  1%  to  more  than  10%  by  volume.61 

The  importance  of  oxygen  or  water  to  prevention  of  hydrogen 
uptake  at  high  pressures  and  temperatures  has  also  been  stressed 
in  connection  with  the  extensive  use  of  titanium  in  oil  refineries  tor 
process  streams  containing  hydrogen.52  However,  such  protection 
may  be  lost  where  cathodically  impressed  or  galvanically  induced 
currents  generate  atomic  hydrogen  directly  on  the  surface  of  tho 
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metal.  The  presence  of  >  1.34%  water  appears  to  introduce  suffi¬ 
cient  passivity  to  titanium  when  in  contact  with  fuming  nitric  acid.63 

The  entry  of  hydrogen  into  magnesium  is  generally  prevented 
by  the  passive  Mg(OH)2  film  that  forms  on  the  metal  surface  in 
alkaline  solutions  As  a  result,  pitting  is  a  necessary  precursor  to  HE 
and  consequential  cracking.  The  walls  of  a  pit  provide  the  bare, 
active,  film-free  magnesium  surface  that  allows  any  hydrogen 
produced  by  local  cathodic  reaction  to  enter  the  metal.  The  corrosion 
potential  of  magnesium  in  aqueous  solutions  of  sodium  sulfate 
corresponds  to  the  breakdown  potential  and  hence  pitting,  with 
resultant  hydrogen  entry  and  embrittlement,  can  occur  under  open- 
circuit  conditions. 

Recent  studies64  of  the  effect  of  cathodic  polarization  on  the 
ductility  of  titanium  slowly  strained  in  hot,  deoxygenated  aqueous 
chloride  have  confirmed  the  possibility  of  hydrogen  uptake  under  the 
appropriate  conditions  Slow  straining  Grade  12  titanium  (containing 
1%  nickel)  revealed  hydride  formation  at  temperatures  above  100°C 
and  potentials  below  about  730mVSHE  Where  the  time  available 
for  hydrogen  dissemination  was  restricted  and  potentials  were  only 
slightly  below  the  expected  hydrogen  evolution  potential,  the  hydride 
appeared  in  the  form  of  channels,  which  seemed  to  reflect  the  local 
mechanical  breakdown  of  the  oxide  film  (Figure  5),  but  with  longer 
timps  and  more  drastic  cathodic  charging,  a  more  continuous  hydride 
layer  developed  Subseauent  work  using  cyclic  loading  instead  of 
straining  to  failure  has  indicated  that  plastic  deformation  makes  an 
essential  contribution  to  oxide  film  rupture  and  the  consequent 
embrittlement  by  hydrogen. 


FIGURE  5-Sectlon  of  Grade  12  titanium  strained  In  3.5% 
aqueous  sodium  chloride  at  200°C  and  a  potential  of  -908 
mVSHE.  e  =  2.8  x  10"7/s. 


At  the  temperature  concerned,  the  diffusivity  of  hydrogen  is 
adequate  enough  to  promote  extensive  penetration  of  the  specimen 
and  therefore  does  not  restrict  crack  growth  once  the  surface  film  is 
disrupted.  In  fact,  subsequent  metallographic  examination  (Figure  5) 
indicates  considerable  general  dispersion  of  hydride  throughout  the 
section,  with  precipitation  of  large  hydride  needles. 

One  surprising  outcome  of  the  investigation  was  that  conditions 
giving  rise  to  extensive  hydride  formation  and  consequential  embrit¬ 
tlement  in  the  Grade  12  material  had  no  effect  whatsoever  upon 
Grade  2  samples,  nor  had  a  large  variety  of  oiner  combinations  of 
temperature,  cathodic  polarization,  and  strain  rate.  This,  despite  the 
concurrent  observation  that  application  of  a  potential  of  -750  mVSHE 


to  the  Grade  2  material  promotes  essentially  the  same  cathodic 
current  density  as  measured  for  the  Grade  12  in  deaerated  solutions: 
1  mA/cm2  at  room  temperature  and  10  mA/cm2  above  100°C.  If 
similar  hydrogen  fugacities  are  being  developed  at  both  surfaces,  the 
obvious  inference  is  that  the  hydrogen  generated  is  being  prevented 
from  entering  the  Grade  2  titanium,  presumably  by  the  surface  oxide. 
This  implies  that  there  is  some  subtle  difference  in  the  character  of 
the  surface  film  on  the  two  materials.  Leckie  has  suggested,  from  a 
study  of  the  stress  corrosion  resistance  of  a  Ti-AI-Nb-Ta  alloy,  that 
metallurgical  structure  plays  a  relatively  minor  role,  but  alloying 
affects  the  electrochemical  stability  of  the  oxide  formed.6S  It  has 
certainly  been  reported  that  the  thermal  oxide  on  Grade  12  does  not 
constitute  an  effective  barrier  to  hydrogen  entry  and  that  the 
presence  of  nickel  in  the  alloy  may  be  a  contributory  factor.66  There 
is  also  some  evidence  that  incorporation  of  nickel  from  the  alloy  in  the 
passive  film67  or  deposition  of  nickel  on  the  metal  surface68  can 
greatly  increase  the  efficiency  of  penetration  by  hydrogen.  Sander¬ 
son  and  Scully  also  refer  to  the  detrimental  effect  of  alloying  on  the 
adherence  of  the  protective  film  on  T1-6AI-4V  when  immersed  in  a 
methanol-hydrochloric  acid  mixture. 69 

The  incorporation  of  iron  particles  into  the  surface  oxide  during 
abrasion  likewise  provide;.  effective  disruption  of  the  passive  film  and 
greater  hydrogen  pick  up.70  On  the  other  hand,  galvanic  coupling  with 
iron  in  seawater  does  not  result  in  hydrogen  uptake  unless  hydrogen 
sulfide  is  present  in  the  environment.62 

The  high  chemical  reactivity  of  magnesium  greatly  restricts  its 
use  in  corrosive  environments.  The  passive  film  of  hydroxide  that 
only  forms  under  strongly  alkaline  conditions  is  readily  destroyed  by 
the  presence  of  chlorides  in  the  environment.  Where  the  environ¬ 
mental  conditions  are  such  as  to  promote  passivation,  i.uwever,  the 
environment-sensitive  cracking  that  may  occur  exhibits  many  simi¬ 
larities  to  that  occurring  in  titanium.  Competition  between  the 
disruption  of  the  surface  film  and  repassivation  thus  constitutes  an 
important  factor  in  the  SCC  of  magnesium-aluminum  in  a  mixture  of 
chloride  and  chromate.7'  The  investigations  conducted  by  Franken- 
thal  established  fairly  conclusively  that  there  is  a  relationship 
between  SCC  and  pitting  in  magnesium  alloys.72  While  the  addition 
of  chromate  to  less  aggressive  solutions  prevents  SCC,  in  more 
aggressive  environments  containing  sodium  chloride  or  sodium 
sulfite,  it  promotes  a  sharp  increase  in  the  rate  of  cracking.  Chloride 
ions  in  the  environment  tend  to  disrupt  the  passive  film  by  the 
formation  of  pits,  but,  although  cracking  may  occur  from  the  base  of 
pits  (Figure  6),  the  presence  of  another  species  such  as  potassium 
chromate  is  necessary  to  prevent  excessive  pitting  and  failure  by 
more  general  corrosion  rather  than  by  stress  corrosion. 


0.1mm 


FIGURE  6— Cracking  at  the  base  of  a  corrosion  pit  In  Mg-7AI 
strained  to  failure  at  2.0  x  l0~6/s  in  an  aqueous  solution 
containing  35  g/L  sodium  chloride  and  5  g/L  potassium  chro¬ 
mate. 
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SCO  does  not  take  place  if  either  chloride  or  chromate  are 
present  on  their  own,  but  with  both  species  present,  a  delicate 
balance  may  be  set  up  that  influences  both  the  crack  velocity  (Figure 
7)  and  the  threshold  stress.73  The  minimum  threshold  stress  and  the 
maximum  crack  velocity  are  promoted  by  solutions  containing  almost 
equal  proportions  (by  weight)  of  both  sodium  chloride  and  potassium 
chromate.  Excess  chromate  and  excess  chloride  each  result  in  a 
reduction  in  the  cracking  rate.  The  general  relationship  between  the 
chloride/chromate  ratio  and  the  crack  velocity  does,  however,  appear 
to  fall  down  at  low  ratios  of  chloride  to  chromate  when  the  chloride 
concentrations  are  high  (Figure  7),  presumably  because  of  the 
excessive  pitting  that  then  occurs  and  the  inability  of  the  chromate  to 
localize  the  cracking  process.  The  inhibiting  effect  of  sodium  nitrate 
on  SCC72  appeared  to  be  associated  with  prevention  of  the  break¬ 
down  by  chloride  of  the  passive  film  promoted  by  chromate. 


CRACK  VELOCITY  JJm/s 

FIGURE  7-Dependence  of  crack  velocity  on  the  ratio  of  sodium 
chloride  to  potassium  chromate  (by  weight)  In  aqueous  solu¬ 
tions  containing  5  to  35  g/L  sodium  chloride. 

The  question  of  film  repair  and  maintenance  is  important  even 
in  the  hot-salt  cracking  of  titanium  alloys.74  Titanium  and  its  alloys 
suffer  from  pitting  when  exposed  to  moist  chlorine,  and  a  critical  level 
of  moisture  must  be  present  to  inhibit  attack  by  repair  of  the  protective 
film.75 

The  importance  of  strain  rate  and  the  consequential  influence  of 
creep  on  the  progress  of  SCC  has  been  highlighted  by  Parkins,76-77 
and  it  is  interesting  to  compare  such  effects  in  magnesium76  and 
titanium73  (Figure  8),  in  which  the  data  produced  from  constant  strain 
tests  on  smooth  tensile  specimens,  either  stressed  for  3  h  (at  the  test 
stress  or  higher)  prior  to  introduction  of  the  test  solution  or  stressed 
immediately  after  addition  of  the  solution,  show  many  similarities. 

Whenever  significant  creep  deformation  occurred  while  the 
material  was  actually  exposed  to  the  corrosive  environment,  the 


lifetime  was  reduced  compared  to  specimens  in  which  stress 
relaxation  was  allowed  to  occur  for  a  period  before  specimens  were 
exposed  to  the  solution,  and  the  crack  velocities  were  consequently 
higher.  Both  cp  titanium  and  Mg-7A!  therefore  seem  to  be  prone  to 
environment-sensitive  cracking  at  the  slow-strain  rates  involved  in 
the  early  stages  of  creep.  Parkins  suggested  that  such  effects  were 
related  to  the  role  played  by  deformation  in  the  disruption  of  passive 
films  and  exposure  of  the  underlying  metal  to  the  corrosive 
environment.77  Naturally,  the  interplay  between  the  creep  properties 
of  the  material  concerned  and  the  critical  strain  rates  for  overcoming 
repassivation  effects  could  be  quite  critical.  Scully,  for  instance,  has 
pointed  out  that  the  range  of  cross-head  speeds  over  which  cracking 
occurs  in  tensile  straining  of  Zircaloy-2  is  lower  than  that  observed  for 
Ti-0  alloys.78 


FIGURE  8— Effect  of  creep  (stress  relaxation  for  3  h  under  load) 
prior  to  Immersion  In  the  test  environment  on  tlme-to-fallure  for 
(a)  commercial-purity  titanium  In  methanol-hydrochloric  acid90 
and  (b)  Mg-7AI  (quenched  from  350'C  after  1  h)  In  a  chloride- 
chromate  mixture.76 

Anodic  Dissolution  or  Hydrogen  Embrittlement 

In  many  of  the  stress  corrosion  systems  involving  magnesium, 
titanium,  or  zirconium,  extremely  high  crack  velocities  have  been 
measured,  and  this  has  presented  a  considerable  obstacle  over  the 
years  to  the  identification  of  a  cracking  mechanism.  When 'Scully 
considered  the  various  objections  raised  to  the  proposal  that 
hydrogen  played  a  principal  role  in  environment-induced  cracking  of 
titanium  alloys,  he  took  into  account  maximum  reported  crack 
velocities  up  to  10'3  mm/s  for  initially  smooth  specimens  and 
considerably  faster  for  precracked  specimens.76  Crack  velocities  as 
high  as  10”2  mm/s  have  been  quoted  for  specimens  of  a  Mg-AI 
alloy,73,76  for  which  Chakrapani  and  Pugh  mentioned  10"*  mm/s  for 
transgranular  cracking  of  smooth  specimens.  On  such  a  basis,  Scully 
went  on  to  point  out  that  it  was  very  unlikely  that  hydrogen  could 
sustain  such  high  propagation  rates  with  a  diffusivity  of  10"'4  m2/s, 
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since  this  would  mean  that  hydrogen  would  only  penetrate  a  distance 
of  about  10"4  mm  in  1  s.79  This  general  point  concerning  the 
necessary  diffusivity  has  been  discussed  by  Johnson,  who  stressed 
the  importance  of  the  ratio  of  crack  velocity  to  diffusivity  in  connection 
with  the  penetration  of  hydrogen  ahead  of  a  propagating  crack.80 
Mitigating  circumstances  quoted  for  the  apparent  discrepancy  be¬ 
tween  crack  velocity  and  diffusion  rates  tend  to  invoke  an  increased 
diffusivity  produced  by  dislocation  sweeping81  or  an  alternative 
mechanism  whereby  cracks  through  embrittled  materia!  continue  to 
propagate  a  certain  distance  into  the  unembrittled  region  before 
being  arrested.82 

On  the  other  hand,  many  authors  have  firmly  believed  that  the 
feasibility  of  producing  these  crack  velocities  by  an  anodic  dissolution 
process  was  even  less  likely  than  by  means  of  hydrogen-induced 
cracking.  Beck  considered  the  possibility  of  penetration  of  titanium  by 
an  "electrochemical  knife.”83  If  the  current  density  (iA)  required  for 
propagation  by  anodic  dissolution  is  given  by 


where  z  is  the  valency  of  the  metal,  F  the  Faraday  constant,  p  the 
density,  M  the  atomic  weight,  and  v  the  velocity  of  crack  propagation, 
then  a  velocity  of  1  mm/s57  would  require  a  current  of  3  x  107  A/m2. 
However,  Beck  did  not  believe  that  this  was  out  of  the  question  in 
view  of  his  estimated  current  density  at  the  mixed  corrosion  potential 
for  bare  metal  surfaces.  He  also  claimed  that,  since  the  average 
crack  velocity  in  double-notched  specimens  of  a  duplex  Ti-8AI-1Mo- 
IV  alloy  strained  in  aqueous  chloride,  bromide,  and  iodide  solutions 
was  directly  proportional  to  potential  (and  current),  the  crack  propa¬ 
gation  process  was  intrinsically  electrochemical.84  Taken  at  its  face 
value,  of  course,  this  statement  does  not  exclude  a  hydrogen- 
induced  mechanism. 

The  debate  on  the  relative  contributions  of  anodic  dissolution 
and  HE  to  the  failure  of  titanium  and  its  alloys  in  various  environments 
has  consequently  continued  over  many  years,  particularly  after 
Menzies  and  Averill85  demonstrated  that  the  preferential  dissolution 
of  grain  boundaries  that  occurred  when  titanium  was  anodically 
attacked  by  methanol-hydrochloric  acid  mixtures  was  accompanied 
by  entry  of  hydrogen  into  the  grains  to  form  hydride.  The  correct 
answer  may  well  be  that  the  relative  contributions  vary  with  the 
environment,  and,  in  this  context,  the  complementary  results  of 
different  workers  may  shed  considerable  light  on  the  subject. 

Powell  and  Scully88  showed  quite  definitely  that  unstressed 
titanium  specimens  could  be  embrittled  by  extended  exposure  to  a 
methanol-acid  mixture  before  straining  to  failure  in  air.  Both  grain¬ 
boundary  failure  and  cleavage  were  reported.  The  dependence  of  the 
degree  of  embrittlement  upon  strain  rate  and  the  occurrence  of  failure 
at  fast  strain  rates87  eliminates  the  possibility  that  loss  of  ductility 
could  be  attributed  to  extensive  anodic  dissolution  of  grain  bound¬ 
aries  during  the  period  of  pre-exposure,  the  extension  of  which 
nevertheless  increased  the  initial  loss  in  ductility.  Sedriks,  et  al.,88 
had  earlior  drawn  attention  to  the  fact  that  cracking  could  be  induced 
in  Ti-5AI-2.5Sn  by  prior  exposure  to  methanol,  either  as  liquid  or 
vapor,  before  stressing,  but  that  vacuum  annealing  at  8305C  before 
stressing  completely  eliminated  embrittlement.  This  immediately 
suggests  hydrogen-induced  embrittlement.  The  offects  are  acceler¬ 
ated  by  the  presence  of  halide  ions,  particularly  bromine,  in  the 
environment,  presumably  because  of  their  penetration  of  the  protec¬ 
tive  surface  film. 

Following  an  extensive  examination  of  the  cracking  of  titanium 
and  titanium  alloys  (containing  aluminum,  tin,  and  vanadium)  in 
methanol-hydrochloric  acid  mixtures,  Sanderson  and  Scully74  de¬ 
duced  that  two  different  processes  might  be  operative  in  their  stress 
corrosion  failure:  transgranular  hydride  formation  and  selective 
dissolution  of  the  a-grain  boundaries.  They  also  observed  that  alloy 
specimens  left  in  the  mixture  after  fracturing  or  immersed  unstressed 
for  similar  periods  of  time  suffered  extensive  intergranular  embrittle¬ 
ment.  This  did  riot  occur  when  immersion  was  in  methanol  alone, 


presumably  because  of  the  essentia)  part  played  by  the  chloride  in 
penetrating  the  passive  film.  There  was  then  a  tendency7487-89  to 
attribute  the  intergranular  cracking  to  anodic  dissolution  and  the 
transgranular  "cleavage”  failure  (with  river  patterns)  to  HE.  Speci¬ 
mens  pre-exposed  to  the  methanol-acid  mixture  prior  to  straining 
tended  to  exhibit  a  three-zone  fracture  surface89  in  the  early  stages 
before  complete  embrittlement,  where  a  central  dimpled  region  was 
separated  from  an  outer,  intergranular  region  by  a  fluted  “cleavage” 
region.  The  disappearance  of  the  fluted  region  that  resulted  from 
aging  up  to  75°C  before  straining  (but  after  exposure)  was  taken  as 
further  evidence  of  the  involvement  of  hydrogen;  i.e.,  the  aging 
allowed  more  general  dispersion  of  hydrogen  from  the  transition  zone 
between  intergranular  and  dimpled  failure.  The  authors  therefore 
believed89  that  their  experimental  results  were  consistent  with  the 
proposal  that  transgranular  cleavage  is  a  direct  result  of  hydrogen 
absorbed  during  the  anodic  dissolution  that  causes  the  intergranular 
fracture. 

Later  work  has,  however,  demonstrated  that  such  a  model  is  an 
over-simplification  of  the  true  situation  and  that  absorbed  hydrogen 
may  itself  give  rise  to  intergranular  failure,  whether  or  not  anodic 
dissolution  is  also  involved.90  With  less  aggressive  solutions,  i.e., 
with  a  higher  water  content,  the  anodic  dissolution  process  is 
retarded,  and  this  allows  more  time  during  pre-exposure  for  pene¬ 
tration  by  hydrogen  Significant  embrittlement  is  effected  after  only  48 
h  of  immersion  in  a  methanol-acid  mixture  (Figure  9)  and,  more 
significant  still,  considerable  recovery  of  ductility  occurs  when 
specimens  are  held  under  vacuum  at  200°C  for  two  days  before 
straining  Despite  the  lack  of  corrosive  attack,  except  at  the  surface, 
during  immersion,  there  was  significant  intergranular  fracture  to  a 
considerable  depth  on  subsequent  straining. 


IM 


FIGURE  9-Varfation  of  the  ductility  and  flow  stress  with  strain 
rate  for  commercial-purity  titanium  specimens  strained  In  air 
after  different  periods  of  Immersion  In  a  methanol-acld  mixture. 
The  open  points  on  the  ductility  plot  represent  specimens 
heated  under  vacuum  for  2  days  at  200’C,  following  48-h 
exposure  to  the  mixture,  and  then  tested  In  air  at  ambient 
temperature. 
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Another  interesting  phenomenon  associated  with  hydrogen 
uptake  was  also  observed:  the  occurrence  of  dark-etching  bound¬ 
aries  in  polished  sections  removed  from  the  pre-exposed  specimens 
after  straining  at  3.2  x  lO"5/s  (Figure  10).  No  such  effect  was 
observed  when  specimens  were  polished  and  etched  without  strain¬ 
ing  after  immersion.  That  connection  with  hydrogen  was  further 
confirmed  by  the  observation  that  no  dark-etching  grain  boundaries 
were  present  in  pre-exposed  specimens  that  had  been  left  for  60 
days  after  straining  to  failure  in  air.  The  obvious  inference  is  that 
hydrogen  becomes  concentrated  at  grain  boundaries  during  straining 
after  immersion  but  will  disperse  again  within  the  grains  on  subse¬ 
quent  holding  in  air  at  ambient  temperature.  The  introduction  of  the 
hydrogen  to  the  titanium  during  prior  exposure  clearly  provides  a 
species  that  can  become  concentrated  at  grain  boundaries  during 
straining  and  so  provide  a  susceptible  path  for  brittle  cracks  (Figure 
10).  The  variation  of  the  depth  of  penetration  (as  assessed  from  the 
appearance  of  the  dark-etching  boundaries)  with  time  of  immersion 
in  the  methanol-acid  mixture  indicates9'  a  hydrogen  diffusivity  of  1 .4 
x  1 0“ 13  m2/s,  if  hydrogen  is  indeed  the  cause.  Although  this  is  higher 
than  the  value  of  5.2  x  io-,s  m2/s  obtained  from  extrapolation  of 
high-temperature  data,92  Waisman,  et  al.,93  have  presented  evi¬ 
dence  in  welded  pressure  vessels  of  a  room-temperature  diffusivity 
(=5*  10~9cm2/s)  more  than  an  order  of  magnitude  higher  than  that 
derived  by  such  extrapolation. 


FIGURE  10-Dark  etching  boundaries  In  a  section  from  com- 
merclal-purlty  titanium  specimen  pre-exposed  to  a  methanol- 
hydrochloric  acid  mixture  for  73  h  before  straining  to  failure  In 
air  at  3.2  x  10‘5/s. 


The  possible  involvement  of  HE  in  the  stress  corrosion  failure  of 
magnesium  and  Mg  Al  has  proved  to  be  even  more  controversial 
over  the  years  HE  was  proposed,  as  is  often  the  case,  because  of 
the  difficulty  of  explaining  the  observed  high  crack  velocities  by 
anodic  dissolution  The  Mg  7AI  alloy  has,  however,  been  embrittled 
in  a  similar  fashion  by  cathodically  generated  and  by  dry  gaseous 
hydrogen  94  It  was  also  discovered  that  embrittlement  induced  by 
immersion  in  a  chloride-chromate  mixture  could  be  removed  by 
vacuum  annealing  at  385°C  One  of  the  obstacles  to  tho  acceptance 
of  a  mechanism  involving  HE  was  the  effect  of  applied  potential  on 
the  ductility  of  smooth  specimens  when  slowly  strained  In  tension 
(Figure  11);  embrittlement  is  decreased  by  tho  application  of  more 
cathodic  potentials  However,  it  now  seems  likely  that,  although  high 
cathodic  potentials  support  passivation  of  magnesium8  and  growth  of 
a  barrier  to  hydrogen  ingress,  anodic  polarization  not  only  causos 
breakdown  of  passivity  but  also  hydrogen  evolution  because  of  the 
“negative  difference  effect"95  It  is  therefore  believed  that  disruption 
of  the  surface  film  on  the  metal  by  chloride  pitting  enables  entry  of  tho 
evolved  hydrogen  and  initiation  of  brittle  cracks  at  the  base  of  pits 
(Figure  6), 


APPLIED  POTENTIAL  V(sce) 


FIGURE  11— Variation  of  the  reduction  in  area  at  fracture  for 
smooth  tensile  specimens  of  Mg-7AI  when  strained  at  2.0  x 
10'6/s  while  Immersed  in  an  aqueous  solution  containing  5  g/L 
sodium  chloride  and  5  g/L  potassium  chromate  at  various 
potentials. 

Intergranular  penetration  of  Zircaloy  in  a  methanol-iodine  mix¬ 
ture  at  room  temperature  and  in  a  fused  nitrate-chloride  mixture  at 
300  to  450°C  occurs  even  in  the  absence  of  applied  stress  and  is 
thought  to  be  governed  by  anodic  dissolution. 


Stress  Concentration  Effects 

The  very  high  rate  of  repassivation  of  cp  titanium  in  the 
presence  of  water  and  the  good  resistance  of  the  material  to  crevice 
corrosion  led  to  the  belief  that  it  was  immune  to  SCC  in  aqueous 
environments.  Similar  behavior  has  been  reported  for  Ti-6AI-4V  in 
halide  solutions,50  90  but  such  ideas  are  confounded  by  the  discovery 
that  specimens  of  this  and  Ti-8AI-lMo-1V  had  a  reduced  resistance 
to  crack  propagation  when  prefatigued,  notched  bars  were  stressed 
in  seawater  597  Investigation  of  a  duplex-annealed  Ti-8AI-1Mo-1V  in 
a  wide  range  of  environments84  clearly  demonstrated  that,  although 
precracking  was  not  essential  to  the  failure  mechanism,  there  was  a 
minimum  notch  radius  above  which  SCC  did  not  occur.  However,  the 
critical  radius  varied  with  the  type  of  environment. 

Scully  and  Adepoju89  showed  that  titanium,  even  when  it 
contained  0.37%  oxygen,  showed  similar  behavior  to  Ti-5AI-2.5Sn,88 
in  that  loss  of  ductility  in  smooth  specimens  occurred  over  only  a  very 
narrow  range  of  strain  rates  (from  2  x  10  4  to  5  x  10  3/s)  in  3% 
aqueous  sodium  chloride  (Figure  12),  because  ductile  fracture 
pre-empted  crack  initiation  at  higher  strain  rates,  and  repassivation 
occurs  faster  than  the  creation  of  bare  surfaco  at  slower  strain  rates. 
The  reason  for  cracking  at  slower  strain  rates  in  the  methanol-acid 
solution  is  that  the  p  resonco  of  tho  methanol  (in  the  absenco  ol  water) 
prevents  repassivation. 

Although  it  was  believed  that  stress  corrosion  did  not  initiate  in 
smooth  specimens  of  «/p  alloys  in  aqueous  solutions,50  precracked 
specimens  showed  a  well-defined  threshold  stress  intensity  for 
cracking.98 

It  seems  obvious  that  tho  protective  oxide  film  on  these 
materials  introduces  a  very  effective  barrier  to  crack  initiation.  Since 
titanium  does  not  suffer  from  pitting  under  the  relatively  mild 
conditions  involving  low  chloride  concentration  at  ambient  tempera¬ 
ture,  some  other  agent  for  penetration  of  the  film  is  required.  One 
solution  to  the  initiation  problem  is  to  use  notched  and/or  precracked 
specimens,  so  that  the  high  stresses  developed  at  tho  notch  root  or 
crack  tip  can  promoto  localized  deformation.  Smith,  et  al.,  were  able 
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to  deduce  K,scc  values  for  titanium  alloys  immersed  in  aqueous 
chloride  in  this  way."  Competition  between  cyclic  SCC  and  repas- 
sivation  at  the  crack  tip  has  been  offered  as  an  explanation  of  the 
AKSCc  transition  observed  under  cyclic-loading  conditions.100  Cleav¬ 
age  of  the  grains  in  the  Ti-6A!-6V-2Sn  and  Ti-6AI-4V  examined  was 
no  longer  suppressed  by  sufficient  repassivation  of  the  fresh  surface 
exposed  at  the  crack  tip.  It  has  also  been  discovered96  that 
transgranular  cracking  of  Ti-5A!-2,5Sn  in  acidified  sodium  chloride 
may  be  initiated  by  the  brittle  hydride  layer  produced  on  the  surface 
during  chemical  polishing. 


FIGURE  1 2- Variation  of  the  ductility  of  Ti-O.34%0  when  strained 
In  either  3%  aqueous  sodium  chloride  or  a  methanol-hydro- 
chloric  acid  mixture  at  various  strain  rates.49 

Straining  of  smooth  Ti-6AI-4V  tensile  specimens  at  a  variety  of 
strain  rates  in  aqueous  chloride  or  acidified  seawater  revealed  no 
significant  change  in  mechanical  properties  compared  with  testing  in 
laboratory  air  (Table  2).  However,  dead-weight  loading  of  bend 
specimens  produced  a  significant  reduction  in  resistance  to  crack 
propagation  in  similar  environments  (Figure  13),  with  resultant  crack 
velocities  of  about  10'®  iran/s.  The  performance  of  smooth  speci¬ 
mens  was  not  influenced  adversely  by  heat  treatment. 

Initiation  of  environment-induced  fracture  by  a  brittle  surface 
layer  may  also  be  achieved  by  heating  titanium  alloys  in  a  "low" 
vacuum,  to  produce  oxygen  diffusion  and  develop  a  hardened  a-caso 
that  suffers  brittle  cracking  when  specimens  are  strained.  The  stress 
concentrations  and  crevices  so  produced  introduce  a  susceptibility  to 
SCC  (Table  2). 

Microstructure  and  Heat  Treatment 

Alloying  may  influence  the  behavior  of  materials  in  a  variety  of 
ways  with  regard  to  their  resistance  to  environment-induced  fracture. 
The  strengthening  effect  of  any  alloying  additions  may  be  important 
from  the  point  of  view  of  the  manner  in  which  the  matrix  reacts  to  the 
presence  of  brittle  hydrides  or  the  way  in  which  creep  properties 
interact  with  the  integrity  of  any  passive  film  under  load.  Accompa¬ 
nying  variations  in  toughness  may  also  have  a  major  influence  on 
crack  propagation  and  ultimate  failure  because  of  the  different 
reaction  to  the  presence  of  initiated  cracks.  Where  susceptibility  to 
SCC  is  intimately  connected  with  the  properties  of  a  protective 
surface  film,  incorporation  of  alloying  elements  or  impurities  in  this 


film  may  promote  both  the  initiation  and,  because  of  effects  on  the 
rate  of  repassivation,  the  propagation  of  cracks  All  of  these  factors 
have  already  been  given  some  consideration  here,  but  another  very 
important  aspect  of  alloying  is  its  effect  upon  microstructure  and  the 
response  of  this  to  heat  treatment. 

Wearmouth,  et  al.,76  demonstrated  that  the  occurrence  of 
transgranular  or  intergranular  failure  was  a  consequence  of  the 
inherent  grain  size  and  applied  aging  treatment  in  the  stress 
corrosion  of  Mg-7AI;  coarse  grain  leading  to  transgranular  and  fine 
grain  to  intergranular  failure.  On  the  other  hand,  Stampella,  et  al.,ss 
deduced  that  the  crack  path  in  pure  magnesium  suffering  from 
environmentally  induced  cracking  in  sodium  sulfite  was  exclusively 
transgranular  in  the  finer-grained,  commercial  metal  and  mixed 
mode,  intergranular  with  transgranular,  in  coarse-grained,  high-purity 
material. 

Since  titanium  and  zirconium  each  undergo  a  phase  tranforma- 
tion  from  hexagonal  to  body-centered  cubic  (at  882  and  862°C, 
respectively),  the  structure  of  their  alloys  and  their  response  to 
thermal  treatment  are  very  susceptible  to  whether  or  not  the  alloying 
elements  stabilize  the  hexagonal  a  or  the  body-centered  cubic  p.  In 
practice,  this  aspect  of  alloy  behavior  has  not  always  received  the 
attention  that  it  deserves  and,  worse,  has  even  been  ignored  under 
certain  circumstances.  However,  Curtis,  et  al.,101  did  conduct  a 
comprehensive  survey  of  the  stress  corrosion  behavior  of  titanium 
alloys,  both  a  and  a  +  p,  in  3.5%  aqueous  sodium  chloride.  They 
identified  a  dependence  of  susceptibility  to  cracking  upon  microstruc¬ 
ture  over  a  wide  range  of  alloy  compositions  and  thermomechanical 
conditions:  Increasing  the  proportion  of  p-phase  generally  improved 
the  resistance  to  failure,  although  stabilizing  the  p-eutectoid  has  a 
detrimental  effect,  and  increasing  aluminum  (above  6%)  and  tin 
tended  to  make  the  alloys  more  prone  to  failure.  It  has  been 
proposed102  that  transgranular  stress  corrosion  fracture  may  be 
eliminated  in  certain  alloys  by  (1)  heat  treatment  in  the  p-range,  (2) 
the  introduction  of  a  p-stabilizer,  or  (3)  a  decrease  in  aluminum 
content. 

Heat  treatments  that  produce  a  discontinuous  network  of  the 
a-phase  at  least  appear  to  decrease,  and  possibly  even  eliminate, 
susceptibility.96  It  has  also  been  suggested103  that  martensitic 
conditions  in  Ti-6AI-4V  and  in  Ti-8AI-1Mo-1V  are  not  susceptible  to 
stress  corrosion.  There  is  certainly  no  doubt  that  the  behavior  of 
alloys  is  very  sensitive  to  the  detailed  distribution  of  the  a-  and  p- 
phases  in  alloys  with  a  duplex  microstructure.  Altering  this  distribu¬ 
tion  by  high  vacuum  heat  treatment  (1  h  at  800°C  followed  by  furnace 
cooling)  has  been  found  to  increase  .the  crack  velocity  for  bend 
specimens  of  the  Ti-6AI-4V  alloy  subjected  to  dead-weight  loading  in 
aqueous  sodium  chloride  by  two  orders  of  magnitude  (Figure  13), 
despite  the  absence  of  any  such  effects  from  smooth  tensile 
specimens  treated  in  the  same  fashion.104  This  deterioration  in  stress 
corrosion  resistance  was  associated  with  a  general  coarsening  of  the 
microstructure  and  an  increase  in  the  continuity  of  the  p-phase 
(Figure  14).  There  was  also  an  associated  increase  in  the  vanadium 
content  of  the  p-phase,  while  the  aluminum  distribution  did  not 
change  significantly. 

The  toughness  of  a  Ti-5AI-4V  alloy  in  three-point  bending  when 
surrounded  by  hydrogen  at  0.9  bar  has  also  been  shown105  to  be 
markedly  influenced  by  microstructuro,  but  this  was  explained  in 
terms  of  the  relative  hydrogen  transport  rates  in  the  a-  and  p-phases. 
Those  microstructures  having  a  continuous  a-phase  with  fine, 
dispersed  p  in  the  boundaries  were  least  embrittled,  whereas  those 
with  a  p-phase  throughout  were  most  embrittled  In  the  former,  failure 
occurred  by  a  transgranular  cleavage  mode;  intergranular  separation 
took  place  in  the  latter,  as  was  reported  in  the  early  work  on 
hydrogen-charged  alloys.33  This  conclusion  conflicts  with  some 
reported  results  for  internal  HE  of  a  near  a  alloy,105  where  fine 
discontinuous  films  of  p  were  associated  w,th  easy  fracture  The  net 
effect  will,  of  course,  depend  very  much  upon  the  specific  role  played 
by  the  p-phaso,  and  creep  deformation  appeared  to  dominate  the 
latter  work.  A  long  lifetime  was  obtained  at  203°K  where  no  creep 
effects  were  observed. 
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TABLE  2 

Mechanical  Properties  of  Smooth  Ti-6AI-4V  Specimens(A) 


Heat  Treatment 

Test 

Environment 

%Plastic 

Elongation 

0.2%  Flow  Stress 

MN/m2 

UTS 

MN/m2 

As  received 

Air 

12.1 

843 

918 

As  received 

Aqueous  3.5%  NaCI 

11.9 

848 

918 

As  received 

Seawater  pH  =  1 

13.0 

878 

963 

40  h  at  250”C 

Aqueous  3.5%  NaCI 

11.5 

900 

954 

2  h  at  650°C 

Air 

12.2 

904 

967 

2  h  at  650°C 

Aqueous  3.5%  NaCI 

13.4 

869 

938 

40  h  at  650°C 

Aqueous  3.5%  NaCI 

9.3 

890 

954 

5  h  at  800°C 

Aqueous  3.5%  NaCI 

9.6 

858 

932 

5  h  at  800°C 

Air 

10.8 

910 

990 

40  h  at  250°C+ 

Aqueous  3.5%  NaCI 

11.5 

900 

954 

40  h  at  650°C + 

Aqueous  3.5%  NaCI 

8.3 

850 

893 

5  h  at  800°C  + 

Air 

10.8 

910 

990 

5hat800<,C  + 

Aqueous  3.5%  NaCI 

5.5 

860 

886 

<A,Strained  in  tension  at  3  xi0'5/s  in  various  environments,  either  in  the  as-received  condition  or  after  vacuum  annealing.  Specimens  indicated  by  +  were 
annealed  in  “low”  vacuum. 


FIGURE  13— Variation  ot  crack  velocity  with  applied  stress- 
intensity  factor  for  TI-6AI-4V  specimens  subjected  to  constant 
load  In  aqueous  sodium  chloride.  The  material  was  either  In  the 
as-received  condition  (AR)  or  had  been  vacuum  annealed  at 
800°C  for  5  h  before  testing  (HT). 

The  consequences  ol  alloying  are  not  always  predictable.  This 
is  amply  illustrated  by  a  comparison  of  the  behavior  of  Ti-6AI-4V  to 
that  of  cp  titanium  when  tested  in  a  methyl  alcohol-hydrochloric  acid 
mixture  (1,13  vol%  of  35.5%  HCI)  (Figure  15).  The  loss  in  ductility  that 
the  cp  titanium  suffered  when  pre-exposed  to  the  mixture  and  then 
strained  in  air  (Figure  9)  was  not  exhibited  by  the  alloy.  By  contrast, 
when  the  alloy  was  strained  in  the  solution,  so  providing  mechanical 
disruption  of  the  passive  film,  it  was  more  readily  embrittled  than  the 
pure  metal. 


A  comprehensive  knowledge  of  the  influence  of  microstructure 
on  environment-induced  cracking  can,  of  course,  be  manipulated  to 
advantage  in  developing  a  structure  that  is  more  resistant  to  failure 
in  service.  Work  has  been  conducted  on  zirconium  alloys’06  to  this 
end:  to  help  identify  suitable  manufacturing  schedules  for  the 
production  of  pressure  tubes  that  would  resist  delayed  hydrogen 
cracking. 


Fluted  Fracture  Surfaces 

Over  the  years,  it  has  become  appreciated  that  the  fluted 
fracture  surfaces  identified  with  stress  corrosion  or  HE  of  these 
materials  (Figure  16)  are  not,  as  initially  believed,107  a  result  of 
cleavage  along  particular  planes  of  the  hexagonal  lattices  involved. 
The  observation  of  “pleated”  failures  in  Mg-AI,  which  could  be 
avoided  by  vacuum  annealing,  after  immersion  in  a  mixture  of  sodium 
chloride  and  potassium  chromate  was  interpreted  as  a  consequence 
of  cleavage  on  (31?0)  planes.94  However,  following  investigation  of 
analogous  failures  in  titanium  and  zirconium,  Aitchison  and  Cox'08 
suggested  the  term  "fluting”  and  emphasized  the  essentially  ductile 
nature  of  such  failures  with  complementary  river  patterns  on  mating 
fracture  surfaces  (ridge  matching  with  ridge);  i.e.,  the  characteristic 
(lutings  resulted  from  necking  between  tubular  voids  and  not  cleav¬ 
age.  They  also  referred  to  the  similar  fractography  associated  with 
liquid  metal  embrittlement  of  zirconium  alloys,2  particularly  with 
mercury  at  room  temperature. 

Knorr  and  Pelloux’09  observed  fluted  failures  when  studying  the 
effects  of  texture  and  microstructure  on  the  propagation  of  iodine 
stress  corrosion  cracks  in  Zircaloy  and  found  a  correlation  with  the 
orientation  of  the  hoxagonal  structure. 

Fracture  surfaces  presented  from  magnesium”0  and  magne¬ 
sium  alloys76  that  had  suffered  stress  corrosion  failure  in  a  mixture 
containing  sodium  chloride  and  potassium  chromate  and  showed 
obvious  fluting  have  frequently  been  referred  to  as  cleavage,  but 
appear  to  have  a  similar  origin  lo  analogous  fractures  in  titanium  and 
zirconium. 

It  has  been  proposed’08'1"  that  fluting,  which  appears  to  be 
peculiar  to  hexagonal  materials,  occurs  because  of  the  scarcity  of 
active  slip  systems  and  is  produced  by  the  coalescence  of  tubular 
voids  nucleated  by  the  interaction  of  particular  slip  bands,  or  the 
intersection  of  slip  bands  with  grain  boundaries,  ahead  of  crack  tips. 
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a  b  0.15mm 

FIGURE  14— Microstructure  of  the  TI-6AI-4V  alloy  (a)  in  the 
as-received  condition  and  (b)  after  vacuum  annealing  at  800°C 
for  1  h  and  furnace  cooling. 


FIGURE  15— Effect  pre-exposure  (for  0,  48,  or  168  h)  to  a 
methanol-hydrochloric  acid  mixture  followed  by  straining  to 
failure  In  air  (PE),  and  straining  In  the  same  solution  without 
pro-exposure  (TS)  on  the  ductility  of  TI-6AI-4V.  The  curves  for 
commorclal-purlty  titanium  (from  Figure  9),  tested  In  solution  or 
after  48  h  pre-exposure,  are  shown  (dotted)  for  comparison. 

Alter  comparing  the  transgranuiar  fractures  ol  Zircaloy  obtained 
in  a  methanol-hydrochloric  acid  mixture  at  room  temperature  with 
thoso  induced  by  molten  salts  at  300  to  450’C  and  in  liquid  metals, 
Cox'08  believed  that,  despite  certain  obvious  differences,  they  were 
all  a  consequence  of  the  adsorption  of  some  active  species  at  the 
crack  tip-the  agent  being  hydrogen  in  both  the  methanol-acid 
mixture  and  the  fused  salt  While  it  is  always  dangerous  to  base  any 
failure  model  solely  upon  fractographic  evidence,  there  does  seem  to 
be  reasonable  grounds  for  supposing  that  analogous  mechanisms 
operate  for  both  titanium  and  zirconium. 


Conclusion 

The  three  hexagonal  materials  concerned  here  exhibit  many 
similarities  in  their  susceptibility  to  environment-induced  cracking,  but 
there  are  also  obvious  essential  differences.  Although  such  failures 
in  magnesium  or  its  alloys  have  at  times  been  attributed  to  hydride 
formation,  it  is  only  in  titanium,  zirconium,  and  their  alloys  that  this 
plays  such  a  major  role  in  stress  corrosion  or  corrosion  fatigue.  Since 
the  hydride  solubility  is  less  in  zirconium  than  titanium,  the  former 
suffers  more  obviously  from  hydride  embrittlement,  but  both  are 
prone  to  the  more  insidious  delayed  failure  arising  from  stress- 
induced  hydride  formation. 

Passive  films,  and  particularly  the  tenacious  oxide  formed  on 
bolh  titanium  and  zirconium,  play  an  important  part,  not  only  in 
protecting  the  metals  from  attack,  but  in  preventing  the  ingress  of 
hydrogen  produced  by  ancillary  cathodic  reactions.  The  breakdown 
and  repassivation  of  such  surface  films  may  be  decisive  factors  in 
determining  whether  the  materials  remain  immune  to  failure,  undergo 
gross  general  attack  or  suffer  from  environment-induced  cracking. 

Once  metal  is  exposed,  there  may  be  competition,  as  well  as 
cooperation,  between  anodic  dissolution  and  HE  processes,  and 
differentiation  may  et  times  prove  difficult.  The  balance  may  also  be 
very  sensitive  to  environmental  and  material  variables. 

Introduction  of  brittle  surface  films,  or  embrittlement  of  the  metal 
surface  itself,  and  tho  occurrence  of  local  stress  concentrations  may 
also  Introduce  a  susceptibility  to  failure  that  is  notably  absent  from 
smooth  specimens. 

Alloying  can  have  an  important  influence  on  tho  character  and 
properties  of  passivating  films.  In  certain  circumstances,  this  may 
prove  decisive,  but  in  others  the  associated  changos  in  microstruc- 
ture  and  the  way  in  which  these  may  be  modified  by  heat  treatment 
may  be  of  greater  importance. 

All  these  factors  must  be  taken  into  consideration  to  make  a 
realistic  assessment  of  industrial  performance  or  service  failure. 
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FIGURE  18-Charactorlstlc  fluted  failures  associated  with  the 
environment-induced  failure  of  (a)  a  precracked  specimen  of 
Mg-7AI  broken  under  constant  load  In  an  aqueous  solution 
containing  35  g/L  sodium  chloride  and  15  g/L  potassium 
chromate,  (b)  titanium  broken  by  cyclic  loading  at  0.05  Hz  In 
3.5%  aqueous  sodium  chloride  at  -700  mVSCE,  and  (c)  commer¬ 
cial-purity  titanium  strained  to  failure  In  a  methanol-acid  mixture 
at  8.2  x  10'Vs. 
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Discussion 

E.N.  Pugh  (National  Institute  of  Standards  and  Technology, 
USA):  Do  you  consider  that  dealloying  plays  a  key  role  in  transgran- 
ular  SCC  of  Mg-AI?  In  our  work  [Chakrapani  and  Pugh,  Metall.  Trans. 
7A(1976):  p.  173],  we  found  that  failure  occurred  by  discontinuous 
cleavage  on  (31  ?0).  Hydrogen  embrittlement  is  attractive,  but  the 
fracture  morphology  and  orientation  is  quite  different  in  specimens 
tested  in  gaseous  hydrogen  and  in  precharged  samples.  Given  the 
current  interest  in  dealloying  as  the  cause  of  transgranular  SCC  in 
other  alloys  and  the  early  observation  by  Pickering  and  Swann 
[Corrosion  1 9(1 963):  p.  373t]  that  porous  dealloyed  layers  are  formed 
in  Mg-AI,  it  is  reasonable  to  suggest  that  transgranular  SCC  occurs 
by  film-induced  cleavage,  the  film  being  a  dealloyed  layer. 

D.  Hardie:  A  great  deal  of  reference  has  been  made  to 
doalloving  In  this  conference,  and  I  feel  that  it  is  too  frequently 
Invoked  in  an  apparent  attempt  to  unify  mechanisms.  No  dealloying 
has  been  detected  in  the  Mg-AI  alloys  and.  as  shown  by  Proctor 
(Reference  55),  identical  features  are  observed  on  the  fracture 
surfaces  produced  when  pure  magnesium  suffers  environment- 
induced  cracking  in  an  aqueous  environment,  where  no  doalloying 
can  in  fact  occur.  It  should  bo  noted  that  Pickenng  and  Swann  found 
dealloying,  both  in  solutions  that  caused  SCC  and  those  that  did  not. 

I  would  not  dispute  your  point  that  transgranular  fracture  caused 
by  hydrogen  (both  precharged  and  gaseous)  may  be  of  a  different 
crystallographic  character  to  that  observed  in  aqueous  environments, 
since  we  did  not  identify  the  crystal  plane  involved  in  cleavage  of  our 
Mg-AI.  This  does  not  in  itself  necessarily  preclude  hydrogen  playing 
a  role  in  the  failures  in  aqueous  environments. 

R.P.M.  Procter  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  In  the  work  referred  to,  we  showed  that 
both  commercially  pure  and  high-purity  magnesium  are  susceptible 
to  hydrogen  embrittlement  when  subjected  to  slow-strain-rate  tensile 
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testings  mid  Dr 3  M  sodium  sulfate  solution  at  pH  10.  The  source  of 
hydrogen  is  the  local  action  cathodic  reaction.  Atomic  hydrogen  can 
only  enter  the  metal  through  bare,  film-free  pit  walls.  Cathodic 
polarization  prevents  pitting  and  therefore  prevents  hydrogen  entry 
and  embrittlement.  On  the  other  hand,  anodic  polarization  promotes 
pitting  and  hydrogen  entry  and  therefore  results  in  more  severe 
embrittlement.  That  the  cracking  was  due  to  hydrogen  was  confirmed 
by  the  fact  that  specimens  exposed  unstressed  to  the  environment 
and  subsequently  tested  in  air  were  embrittled.  However,  this 
embrittlement  was  eliminated  by  holding  the  pre-exposed  specimens 
at  room  temperature  for  24  h.  The  cracking  was  transgranular  in 
commercial-puritv  magnesium  and  mixed  inter-  and  transgranular  in 
high-purity  magnesium.  We  did  not  study  the  crystallography  of  the 
cleavage  facets,  but  clearly  the  formation  of  a  dealloyed  layer  cannot 
be  involved  in  this  cracking. 

E.N.  Pugh:  I  was  not  aware  that  pure  magnesium  undergoes 
{3140}  cleavage-type  failure  in  aqueous  solutions.  We  have  been 
unable  to  produce  such  failures.  I  believe  it  will  fail  by  hydrogen 
embnttlement,  as  will  Mg-7AI,  but  this  is  not  equivalent  to  transgran¬ 
ular  SCC  of  Mg-7AI  in  the  aqueous  Cl  /CrOj  solutions. 

B.  Cox  (Atomic  Energy  of  Canada  Ltd.,  Canada):  I  thought  I 
heard  you  say  that  titanium  was  more  susceptible  than  zirconium  to 
hydrogen  embrittlement  because  of  its  high  hydrogen  solubility.  The 
only  way  that  would  be  true  would  be  if  both  could  be  cracked  in  the 
absence  of  hydride  precipitates.  This  is  not  so  for  zirconium  and 
(despite  the  electron  microscopy  of  Birnbaum)  I  know  of  no  well- 
attested  example  of  such  a  failure  in  a  macroscopic  titanium  sample. 
In  fact,  most  of  the  in-service  failures  of  zirconium  components  by 
hydride  cracking  have  occurred  with  the  as-received  hydrogen 
content,  because  that  is  inevitably  above  the  low-temperature 
hydrogen  solubility. 

D.  Hardle:  If  indeed  I  did  say  that,  it  was  a  slip  of  the  tongue.  The 
point  that  I  intended  making  in  Figure  1  was  to  emphasize  that  more 
hydrogen  would  be  required  to  promote  embrittlement  of  titanium 
than  of  zirconium  under  given  conditions.  At  ambient  temperature, 
the  amount  of  hydrogen  necessary  to  precipitate  hydrides  is  certainly 
well  below  the  normal  level  in  as-received  zirconium.  Like  you,  I  have 
not  come  across  any  reference  to  a  service  failure  (due  to  hydrogen) 
in  titanium  that  did  not  involve  hydrides. 

K.  Sieradzkl  (The  Johns  Hopkins  University,  USA).  A  large 
number  of  models  exist  for  the  brittle-ductile  transition  in  steels.  [See, 
for  example,  Lin,  Evans,  and  Ritchie,  J.  Mech.  Phys.  Solids  34(1 986). 
p.  477.)  These  models  incorporate  many  features  that  your  simple 
model  neglects.  Have  you  investigated  the  applicability  of  some  of 
these  models  to  the  brittle-ductile  transition  described  in  your  paper? 

D.  Hardle:  This  idea  would  certainly  be  worth  investigating,  but 
it  must  be  appreciated  that  the  ductile-brittle  transition  in  hydnded 
hexagonal  metals  is  entirely  different  in  character  from  that  in  carbon 
steels,  i.e.,  it  is  not  attributable  to  an  intrinsic  change  in  fracture  mode 
in  the  matrix,  but  rather  to  the  presence  of  brittle  hydrides. 

B.  Cox:  You  choose  between  anodic  dissolution  and  hydrogen 
embrittlement  cracking  mechanisms  in  zirconium  or  titanium,  using 
the  crack  velocity  as  one  criterion.  Yet  in  zirconium  tho  fastest 
transgranular  cracking  process  is  tho  "motal  embrittlement'  cracking, 
which  occurs  in  metal  vapor  (as  well  as  in  liquid  or  solid  metals)  and 
is  almost  certainly  an  adsorption-induced  cracking.  The  transgranular 
cracking  of  zirconium  (and  titanium)  in  dry  halogen  vapors  is  closely 
analogous  to  the  metal  vapor  case  and  is  also  probably  adsorption- 
induced,  since  neither  anodic  dissolution  (no  ionic  solvent,  the 
products  are  nonpolar)  nor  hydrogen  embrittlement  (hydrogen  in 
solution)  can  be  causing  it.  It  seems  possible  that  liberation  of 
halogen  at  tho  crack  tip  could  occur  in  methanol/hydrochloric  acid 
and  provide  a  third  potential  mechanism,  with  a  velocity  equal  to  or 
greater  than  that  due  to  hydrogen  embrittlement. 

D.  Hardle:  I  introduced  tho  section  on  anodic  dissolution  vs 
hydrogen  embrittlemont  by  quoting  the  arguments  that  have  been 


advanced  with  respect  to  the  high  crack  velocities  involved  My 
intention,  however,  was  not  to  choose  between  the  mechanisms  on 
a  velocity  basis.  There  is  obviously  an  even  greater  problem  in 
reconciling  high  crack  velocities  with  “diffusion”  of  metal  or  halide 
ions.  I  would  therefore  agree  that  the  fracture  mechanism  in  the  latter 
environments  must  be  entirely  different  and  may  indeed  be  attribut¬ 
able  to  surface  adsorption.  I  see  no  fundamental  objection,  however, 
to  invoking  different  basic  mechanisms  for  differing  circumstances 
Your  suggestion  that  halide  embrittlement  may  be  involved  in 
cracking  of  titanium  and  zirconium  in  methanol/hydrochloric  acid 
mixtures  is  interesting.  This  would  mean  there  are  three  competitive 
mechanisms.  There  is  no  doubt,  however,  that  the  dark-etching 
boundaries  to  which  I  referred  (Figure  10)  provide  unequivocal 
evidence  for  the  involvement  of  hydrogen  penetration 

R.A.  Oriani  (University  of  Minnesota,  USA):  You  said  that  in 
the  presence  of  stress  concentrators,  a  titanium  alloy  needs  more 
water  in  a  mixed  solvent  to  passivate  than  in  the  absence  of  stress 
concentrators.  Would  you  explain  this? 

D.  Hardie:  I  was  referring  to  the  corrosion  fatigue  results  of 
Dawson  (Reference  59)  with  respect  to  the  need  for  high  water  levels 
to  inhibit  cracking  in  the  presence  of  stress  concentrations  I  believe 
that  the  role  of  the  stress  concentrator  in  breaking  down  passivity  is 
to  promote  local  plastic  strain. 

T.-L.  Yau  (Teledyne  Wah  Chang  Albany,  USA):  It  seems  that 
too  much  attention  has  been  given  to  the  hydriding  tendency  of  these 
metals,  and  too  little  to  the  role  of  oxygen,  which  can  greatly  inhibit 
the  hydriding  tendency.  For  example,  an  environment  with  an 
oxygen/hydrogen  ratio  of  1 .40  is  sufficient  to  prevent  hydriding  of 
zirconium. 

D.  Hardle:  Your  comment  relates  to  the  effect  of  oxygen  in  the 
environment.  This  may  indeed  prevent  hydrogen  pick  up  in  materials 
such  as  titanium  and  zirconium,  which  have  a  very  high  affinity  for 
oxygen,  particularly  where  it  promotes  a  passive  surface  film  No 
mention  of  temperature  is  made  in  your  question,  but  it  should  always 
be  remembered  that  hydrogen  may  be  driven  out  of  exothermic 
occluders  at  high  temperatures,  unless  a  high  hydrogen  fugacity  is 
maintained. 

M.B.  Ives  (McMaster  University,  Canada):  It  is  not  clear  to  me 
what  is  unique,  if  anything,  about  the  environmental  cracking  of 
hexagonal  metals.  What  is  the  particular  role  of  crystallography  in 
these  materials? 

D.  Hardle:  Although  I  stated  that  crystallography  does  not 
provide  a  unifying  factor  in  the  environment  induced  cracking  of 
hexagonal  metals,  the  details  of  the  specific  failure  mechanisms  may 
indeed  involve  crystallographic  considerations  One  example  from 
the  literature  is  the  relationship  between  deformation  twin  planes  and 
the  habit  planes  for  hydride  precipitation  in  the  fracture  of  zirconium 
(Reference  18  in  m>  paper)  Others  are  the  importance  of  basal  pole 
concentration  in  stress  induced  hydride  formation  (Reference  31) 
and  delayed  failure  (Reference  52)  in  zirconium  and  titanium 

R,C.  Newman  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  I  recall  work  by  Latanision,  Opper- 
hauser,  and  Westwood  [Scripta  Metall.  12(1978)-  p.  475)  on  zinc  in 
sodium  sulfate  solution  They  suggested  that  the  effect  of  potential 
was  to  alfect  dislocation  interactions  with  the  surface,  via  the  surface 
charge  density  (or  maybe  there  was  a  film).  Does  this  have  any  value 
in  the  discussion  of  magnesium  cracking?  Incidentally,  the  zinc 
cracking  is  really  fun  to  studyl 

D.  Hardle:  I  did  not  include  zinc  in  my  review,  but  I  am  grateful 
to  you  for  bringing  this  work  to  our  attention  Latanision.  et  al .  do 
suggest  that  the  effect  of  charge  density  on  fracture  behavior,  where 
cracks  initiate  from  the  surface  in  contact  with  the  environment,  may 
be  relevant  to  hydrogen  embrittlement  because  of  the  electropositive 
absorbate.  They  certainly  observed  significant  reduction  in  the 
time-to-failure  of  zinc  crystals  with  an  applied  potential  of  -1200 
mVsce- 
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SECTION  VI 


Environment-Induced  Cracking  in  Nonferrous  Alloys 

Rapporteurs’  Report  on  Poster  Presentations 


LA.  Heldt 

Michigan  Technological  University 
Houghton,  Michigan,  USA 

B.D.  Lichter 
Vanderbilt  University 
Nashville,  Tennessee,  USA 


This  session  included  papers  dealing  with  a  variety  of  "nonferrous’’  materials, 
aluminum  ,  copper ,  nickel ,  and  titanium-based  alloys.  It  also  included  a  paper  on  stress 
corrosion  cracking  of  uranium-silver  interfaces  in  silver-coated  uranium/type  304  (UNS 
S30400)  stainless  steel  weldments. 

ALUMINUM  ALLOYS:  The  paper  by  Elboujdaini,  et  al.,  presents  data  showing  the 
relative  differences  in  the  stress  corrosion  cracking  resistance  of  commercial  aluminum- 
magnesium-silicon  alloys  at  room  temperature  in  chloride  media.  A  strong  relationship  exists 
between  pitting  mode  and  susceptibility  to  stress  corrosion  cracking.  Kim,  et  al.,  report 
interesting  results  for  type  6351  that  extend  the  concept  of  environment-muuced  cracking  to 
consideration  of  lead-assisted  failure.  This  work  is  interesting  both  from  the  variety  of 
analytical  techniques  used  and  because  of  its  relationship  to  solid  metal-induced  embrittle¬ 
ment  reviewed  earlier  in  the  conference  by  Stoloff.  During  the  plenary  session,  the  following 
comments  were  made  in  relation  to  this  paper: 

Y.S.  Kim  (Case  Western  Reserve  University,  USA):  We  show  in  our  paper  that  voids 
initiate  by  tensile  separation  at  the  interface  between  lead-containing  particles  on  the  grain 
boundaries  and  within  the  matrix  in  high  lead-containing  alloys.  Low-ductility  intergranular 
failure  is  promoted  by  lead,  which  is  released  from  the  cracked  or  decohered  particle  either 
in  the  matrix  or  at  grain  boundaries. 

The  contribution  of  Liao  presents  constant-deflection  test  results  for  7000  and  5000 
series  aluminum  alloys,  including  Klscc  values,  Stage  II  crack  growth  rates,  and  fractographic 
analysis  The  final  paper  in  this  group,  by  Hepples,  et  al„  deals  primarily  with  microstructural 
effects  in  alloy  7150,  as  affected  by  "retrogression  re-aging,"  and  shows  the  beneficial  effects 
of  this  treatment  in  reducing  copper  segregation  at  grain  boundaries. 

COPPER  ALLOYS  Two  papers  are  incorporated  into  the  proceedings  on  alpha-brass, 
although  only  one  was  presented  at  the  conference.  The  work  of  Shih  and  Tzou  presented 
results  of  CERT'SSRT.'SEXT  (call  it  what  you  will!)  tests  in  acidified  fluoride  solutions  showing 
the  effects  of  pH,  strain  rate,  and  potential  on  intergranular  stress  corrosion  cracking.  In 
response  to  several  questions  raised  in  the  plenary  discussion  session  following  the  poster 
viewing,  the  following  statement  was  made  by  the  author: 

H.C.  Shih  (National  Tslng  Hua  University,  Republic  of  China):  In  our  paper,  we  are 
dealing  with  brass  in  an  environment  containing  fluoride  ana  we  havo  found  that  (1)  there 
exists  a  critical  pH  value,  at  about  9.  below  which  stress  corrosion  cracking  will  take  place, 
but  above  which  stress  corrosion  cracking  is  inhibited.  The  fracture  mode  is  predominantly 
intergranular  (2)  Cathodic  potentials  prevent  stress  corrosion  cracking,  while  anodic 
potentials  promote  it  No  hydrogen  embrittlement  was  observed  in  this  system.  (3)  X-ray 
diffraction  showed  the  existence  of  cuprous  oxide  in  alkaline  environments.  (4)  The 
open-circuit  potential  changed  to  more  negative  values  as  solution  pH  was  increased.  OH 
ions  in  this  system  polarize  the  cathodic  reaction  and  therefore  can  be  considered  as  cathodic 
inhibitors  (5)  We  are  certain  that  the  mechanism  for  the  stress  corrosion  cracking  of  this 
system  is  the  anodic  dissolution  at  the  crack  tip.  Cuprous  oxide  retards  dezincification  at 
solution  pH  greater  than  9. 

Additional  concerns  on  this  paper  expressed  by  delegates  are  found  in  the  discussion 
immediately  following  the  paper  in  the  volume. 

One  other  paper  on  alpha-brass,  by  Chatterjee  and  Sircar,  was  not  presented  at  the 
conference,  and  therefore  was  not  discussed  there.  It  is  included  in  the  proceedings  without 
comment  to  provide  a  platform  for  the  views  of  the  authors. 


Pnolos:  M.B.  Ives 


NICKEL  ALLOYS:  The  paper  by  Kolis  presents  a  comparison  of 
the  susceptibilities  to  embrittlement  of  type  316  (UNS  S31600) 
stainless  steel  and  three  nickel-base  alloys  [types  825  (UNS  N08825), 
C-276  (UNS  N10276),  and  C-22  (UNS  N06022)]  commonly  used  in 
deep-well  environments.  The  test  environments  contained  hydrogen 
sulfide  and  hydrogen  chloride  at  room  temperature  and  produced 
transgranular  cracking,  which  was  accelerated  by  anodic  polarization 
and  retarded  by  additive  inhibitors.  Nagano,  et  al.,  present  an 
analysis  of  the  factors  that  produce  intergranular  attack  in  type  600 
(UNS  N06600).  This  includes  both  intergranular  corrosion,  which 
serves  as  a  crack  initiator,  as  well  as  the  ensuing  intergranular  stress 
corrosion  cracking.  The  third  paper  in  this  group,  by  Garud  and 
Mcllree,  develops  a  new  model  for  the  cracking  of  alloy  600.  During 
the  plenary  session  discussion,  one  of  the  authors  of  this  paper  led 
the  following  discussion  exchange: 

Y.S.  Garud  (S.  Levy  Incorporated,  USA):  In  connection  with 
the  mechanisms  of  stress  corrosion  cracking  (viz.,  metal  dissolution 
vs  hydrogen  embrittlement),  one  is  left  with  the  impression,  after 
reviewing  the  presentations  on  nickel-base  alloys,  that  either  one  or 
the  other  mechanism  prevails.  As  I  have  pointed  out  elsewhere  (EPRI 
Report,  N P-3057, 1983),  it  is  likely  that  metal  dissolution  is  essential 
for  the  intergranular  stress  corrosion  cracking  of  type  600  in  aqueous 
media,  but  that  possibly  hydrogen  also  influences  the  overall 
process.  This  may  occur,  for  example,  through  the  interaction  of 
hydrogen  with  localized  deformation,  which  in  turn  affects  the 
film-rupture  process.  In  effect,  the  two  mechanisms  need  not  be 
exclusive,  and  this  may  be  particularly  true  for  type  600. 

R.H.  Jones  (Pacific  Northwest  Laboratory,  USA):  There  are 
a  number  of  combined  anodic  dissolution/hydrogen  embrittlement 
processes  that  may  act  synergistically  to  cause  stress  corrosion 
cracking.  These  processes  include  corrosion  crack-tip  sharpening, 
hydrogen  uptake  during  film-free  corrosion,  and  hydrogen  effects  on 
the  behavior  of  crack-tip  dislocations. 

TITANIUM  ALLOYS:  The  poster  paper  by  Clarke,  et  al.. 
complements  the  review  paper  of  Hardie,  presented  orally  earlier  in 
the  session  with  a  practical  account  of  titanium  alloy  selection  for 
possible  application  as  a  nuclear  waste  container  material  in  which 
both  crevice  corrosion  and  hydrogen  embrittlement  may  occur.  One 
additional  paper,  not  discussed  during  the  conference,  is  authored  by 


Zhang  and  Vereecken,  and  describes  the  behavior  of  Ti-6AI-4V  in 
acidic  methanol  solutions. 

A  summaiy  observation  made  at  the  end  of  the  plenary  session, 
returning  to  the  question  of  whether  anodic  dissolution  and  hydrogen 
embrittlement  are  mutually  exclusive  mechanisms,  is  appropriate 
here: 

D.  Hardie  (University  of  Newcastle  upon  Tyne,  UK):  I  would 
like  to  link  a  comment  on  a  point  raised  in  this  discussion  with  both 
a  general  observation  made  in  my  own  presentation  and  the  poster 
presentation  on  titanium  Although  I  introduced  the  topic  of  "anodic 
dissolution  or  hydrogen  embrittlement”  in  my  talk,  I  then  continued  by 
describing  a  particular  situation  where  both  were  involved,  and  I 
believe  quite  firmly  that  this  is  frequently  the  case.  A  slight  change  in 
the  prevailing  conditions  (such  as  the  presence  of  water  in  the 
methanol-hydrochloric  acid  environment)  may  produce  a  pronounced 
change  in  the  balance  between  dissolution  and  embrittlement.  The 
dissolution  itself  may  play  a  dual  role  by  penetrating  passive  films  and 
producing  an  embrittling  species  such  as  hydrogen.  The  crevice 
corrosion  of  Grade  2  titanium  in  the  poster  presentation  by  Clarke, 
Ikeda,  and  Hardie  (this  proceedings)  provides  a  good  example  of 
such  a  situation,  where  localized  dissolution  results  in  penetration  by 
hydrogen  and  the  formation  of  embrittling  hydrides.  However,  in 
these  particular  circumstances,  penetration  by  crevice  corrosion  is  so 
rapid  that  hydrogen  embrittlement  plays  a  minor  role  in  the  overall 
failure.  Not  only  may  both  dissolution  and  hydrogen  embrittlement  be 
involved  in  a  particular  situation,  but  the  one  may  actually  depend  on 
the  other. 

URANIUM-SILVER  INTERFACES:  The  presentation  by  Rosen, 
et  at.,  is  concerned  with  the  integrity  of  welds  involving  a  uranium- 
silver  interface  when  exposed  to  moist  air.  Under  these  conditions, 
stress  corrosion  cracking  failures  are  observed  at  the  interface. 
Specimens  were  stressed  in  Mode  III  loading,  and  subjected  to 
long-term  tests  (four  years)  at  a  relatively  small  fraction  of  their 
ultimate  strength  For  short-term  tests,  specimens  exhibited  stress 
corrosion  cracking  within  days  when  stressed  to  one-half  their 
ultimate  strength. 

The  individual  papers  submitted  and  presented  as  poster 
presentations  now  follow,  along  with  specific  discussion  points  where 
these  are  addressed  primarily  to  specific  papers. 
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Stress  Corrosion  Cracking 
of  Aluminum  Alloys  in  Chloride  Media 

M.  Elboujdaini,  E.  Ghali,  and  A.  Galibois* 


Abstract 

Stress  corrosion  cracking  (SCC)  behavior  of  5083  aluminum-magnesium  (UNS  A95083),  6061  (UNS 
A96061),  and  6351  aluminum-magnesium-silicon  alloys  in  3%  NaCI  solutions  was  studied.  Potentio- 
kinetic  determinations  of  the  characteristic  pitting  potential  (Epit)  and  protection  potential  (Eprot)  for  a 
given  sweep  rate  were  made.  Impressed  potentials  equal  to  or  more  positive  than  the  pitting  potential 
(Ep,t)  generated  the  maximum  degradation  of  the  mechanical  properties,  while  at  values  lower  than  the 
protection  potential  (Epf0t),  no  mechanical  proper}^:  of  aluminum  alloys  were  altered.  The  mechanical 
and  fractographic  properties  showed  that  the  predominant  features  of  SCC  were  pitting  and  anodic 
dissolution,  attributed  in  some  cases  to  the  presence  of  precipitates  at  grain  boundaries.  The  alloy  5083 
showed  a  relatively  better  performance  than  alloy  6351 ,  which  demonstrated  susceptibility  to  SCC  with 
a  clear  intergranular  path.  A  correlation  between  electrochemical  behavior  and  SCC  resistance  of  these 
alloys  is  discussed. 


Introduction 

When  a  metallic  surface  is  not  protected,  it  will  suffer  uniform 
corrosion.  However,  when  the  material  is  susceptible  to  the  formation 
of  a  passive  film,  the  latter  corrosion  phenomenon  is  replaced  by  a 
localized  and  more  dangerous  one  resulting  from  the  breakdown  of 
this  film,  i.e.,  stress  corrosion  cracking  (SCC).  The  transition  from 
pitting  attack  to  SCC  has  been  noted  in  the  literature,1 3  The 
nucleation  ol  stress  corrosion  cracks  from  corrosion  pits  has  been 
observed  in  aluminum  and  como  of  its  alloys.4  Furthermore,  the 
plastic  deformation  at  a  crack  tip,  resulting  from  the  local  stress 
concentration,  could  prevent  the  re-formation  of  the  protective  film. 
This  leads,  in  an  aggressive  environment,  to  a  localized  and  high  rate 
of  metal  loss  by  dissolution,  thus  promoting  crack  growth58  The 
fundamental  processes  occurring  in  SCC  have  been  the  subject  of 
several  Investigations  roportod  and  reviewed  in  the  literat-re  7-1 1 
Aluminum  and  aluminum  alloys  are  materials  falling  into  this 
class  and  are  thus  susceptible  to  the  SCC  phenomenon.  However, 
because  of  thoir  compatibility  and  their  corrosion  resistance  to 
methane  and  hydrogen  environments,  aluminum  alloys  (except  those 
ol  high  mechanical  properties,  e.g.,  the  series  7000  \AI-2n-Mg)  and 
2000  (Ai-Cu)  senes,  which  are  in  fact  susceptible  to  hydrogen 
embrittlement’ :’3|  are  actually  used  to  process,  handle,  and  store 
these  gases  as  wen  as  natural  gas.  Indeed,  aluminum  is  generally 
suitable  lor  use  with  hydrogen  under  pressure  both  at  high  and  low 
temperatures.14  Tests  conducted  on  aluminum  and  aluminum  alloys 
(5000  and  6000  sorios)  revealed  that  they  represent  one  of  the  few 
classes  of  metals  not  embrittled  by  hydrogen.15  In  addition,  aluminum 
is  resistant  to  methane  both  in  gaseous  and  liquid  statos.18  The  U  S 
Department  of  Transportation  (DOT)  Exemption  6498  approves  the 
uso  of  Al  6351 -T6  for  the  Iransportation  of  compressed  methane 
Nevertheless,  some  problems  are  encountered  in  aluminum 
alloys  with  some  of  the  contaminants  either  in  commercial  grade 
gases  or  from  the  environment.  Therefore,  performance  of  the  more 
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susceptible  aluminum  alloys  to  be  used  in  different  corrosion  media 
should  be  fully  examined  for  safety  purposes.  This  paper  deals  with 
the  SCC  behavior  of  three  such  alloys,  two  from  the  6000  series  and 
one  from  the  5000  series,  for  comparison  purposes. 

Corrosion  behavior,  including  pitting  of  different  alloys,  was 
studied  by  potentiodynamic  techniques.  Electrochemical  control  was 
maintained  for  a  SCC  test  samples  by  galvanostatic  or  potentiostatic 
methods.  Surface  analyses  and  sample  morphology  were  examined 
by  x-ray  diffraction  analysis  and  scanning  electron  microscopy 
(SEM). 

Experimental 

Constant  tensile  load  tests  using  smooth  round-bar  specimens 
were  conducted  in  a  3  wt%  sodium  chloride  environment  to  examine 
the  influence  ol  applied  stress,  alloying  elements,  current  density 
(CD),  and  potential  on  the  SCC  behavior. 

Materials 

Plates  of  Al  5083  (UNS  A95083)  in  the  H321  temper  condition, 
of  Al  6351  (laminated)  and  of  Al  6061  (UNS  A96061 )  (extruded)  in  the 
T651  temper  condition  with  the  same  thickness  (13  mm)  were 
obtained  for  this  investigation.  The  chemical  composition  and  me 
chanical  properties  of  the  tested  material  are  summarized  in  Tables 
1  and  2,  respectively. 

Test  apparatus 

The  apparatus  consisted  of  a  solution  tank  (volume:  5  L)  and 
five  glass  cells  (volume:  50  mL),  each  containing  a  test  specimen. 
The  solution  was  circulated  between  the  tank  and  each  cell  by  a 
pump.  The  apparatus  was  constructed  by  ADAMEL.(1)17  Each  glass 
cell  was  provided  with  a  counter  electrode  (Pt)  and  a  saturated 
calomel  reference  electrodo  (SCE).  A  multichannel  potontiostat 
(ESC*  Model  440),  interfaced  with  a  computer  for  data  acquisition 

(1)lrsid,  France. 

'Trade  name. 


EICM  Proceedings 


365 


and  storage  purposes,  was  used  to  impose  the  desired  potential  or 
current.  Smooth-rod  specimens  with  5-mm  diameters  and  12.7-mm 
gauge  lengths  (2  cm2)  were  used.  The  specimens  were  machined 
with  long  axes  parallel  to  the  rolling  direction  and  were  strained 
between  30  to  80%  of  the  elastic  limit  during  the  anodic  polarization 
and  during  the  galvanostatic  measurements. 

Prior  to  exposure,  each  specimen  was  degreased,  cleaned  with 
acetone,  and  covered  with  Teflon1  tape,  except  for  its  gauge  portion, 
which  was  exposed  to  testing.  The  electrolyte  was  a  3%  NaCI 
solution,  deaerated  by  purging  with  argon  for  60  min  before  and 
during  the  test.  The  pH  measured  at  the  beginning  of  the  experiment 
was  5.5.  The  temperature  was  21  ±  1°C.  A  Princeton  Applied 
Research  Laboratories'*  potentiostat  (Model  1 73  plug-in)  was  used  to 
study  the  linear  sweep  polarization  behavior  and  to  determine  the 
characteristic  pitting  potential  (Ep,,)  and  protection  potential  (Ep,01). 
Polarization  curves  were  traced  in  the  following  sequence:  (1) 
increasing  the  impressed  potential  in  the  positive  direction  at  a  rate 
of  17  mV/min,  and  (2)  reversing  the  direction  of  potential  scan  after 
a  CD  of  1  mA  cm-2  was  reached. 


Results  and  Discussion 

The  characteristic  pitting  potential  (Ep,-,)  and  protection  potential 
(Eprot)  are  shown  in  Figure  1 .  The  scan  speed  was  fixed  at  17  mV/min 
and  has  been  found  to  be  relatively  appropriate  and  representative 
for  this  study.  In  our  experimental  conditions,  pitting  corrosion 
initiates  and  propagates  freely  at  potentials  more  positive  than  E^,.  In 
addition,  existing  pits  propagate,  but  no  new  ones  initiate,  at 
potentials  between  Ep,,  and  Eprot.  The  failure  mechanism,  which  is 
attributed  to  SCC,  was  found  at  potentials  approximately  equal  to  or 
more  positive  than  Ep,,. 


Galvanostatic  studies 

A  galvanostatic  study  was  conducted  for  the  aluminum  alloys 
5083  and  6061  with  and  without  different  levels  of  external  loads  (30, 
45, 60,  and  80%  of  the  elastic  limit).  The  relationship  between  applied 
stress  and  time-to-failure  is  shown  in  Figure  2.  The  curves  reveal  that 
both  alloys  failed  at  much  lower  stresses  than  the  material  tensile 
strength,  implying  that  both  alloys  exhibit  SCC  susceptibility  in 
deaerated  3%  NaCI  solution. 

For  a  CD  of  3  mA  cm'2,  the  5083  alloy  displayed  a  much  better 
corrosion  resistance  than  Al  6061  under  all  applied  loads.  As  shown 
in  Figures  3  and  4,  the  alloy  5083  did  not  display  any  active  shift  of 
the  potential  as  a  function  of  imposed  loads;  however,  an  important 
systematic  active  shift  was  observed  for  alloy  6061  as  a  function  of 
the  stress  level,  and  this  shift  reached  60  mV  for  the  80%  elastic  limit 
test.  The  results,  shown  in  Figures  2  to  4,  confirm  the  good  stress 
corrosion  behavior  attributed  to  the  alloy  5083. 

The  important  observation  for  alloy  5083  is  the  presence  of 
uniform  pitting,  numerous  but  shallow  on  the  side  surface,  with 
predominant  general  corrosion  (Figure  5(a)).  The  fractographs  show 
the  side  surface’s  flat  appearance  and  shallow  dimples,  indicating 
poor  ductility  (Figure  5(b)),  whereas,  for  alloy  6061 ,  pits  observed  on 
the  side  specimens  aro  accompanied  with  secondary  cracks  (Figure 
5(c)).  Mixed  failure  modes  are  apparent,  with  about  20  to  30% 
intergranular  cracking  (Figure  5(d)).  Cracking  of  the  Al  6061  initiates 
at  oxide-filled  pits  that  aro  probably  associated  with  inclusions, 
Dissolution  of  stressed  specimens  begin  at  the  particle-matrix 
interface;  in  somo  instances,  mechanical  rupture  of  tho  constituents 
occurred  and  SCC  started  at  these  Interfaces.  Therefore,  tho  initial 
stage  of  SCC  is  caused  apparently  by  localized  corrosion  or 
intergranular  attack;  when  the  stress  intensity  at  the  crack  tip 
increases  to  a  sufficiently  high  value,  intergranular  attack  can  no 
longer  be  sustained,  and  ductile  failure  ensues.  Similar  observations 
were  supported  by  other  authors.,8•,9 
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FIGURE  1— Polarization  curves  of  aluminum  alloys. 


TIME  TO  FAILURE  (hrs) 


FIGURE  2— Relationship  between  applied  stress  and  time-to- 
failure. 
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TABLE  1 

Chemical  Composition  of  Aluminum  Alloys  (wt%) 
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TABLE  2 

Mechanical  Properties  of  Aluminum  Alloys 
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FIGURE  3— Potential  evolution  during  galvanostatlc  studies  of 
Al  5083. 
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FIGURE  4 -Potential  evolution  during  galvanostatlc  studies  of 
Al  6061  (UNS  A96061). 


FIGURE  5— SEM  fractographs  of  specimens  strained  at  60%  of 
the  elastic  limit  under  current  density  (1  =  3  mA/cm3)  In  a  3% 
NaCI  solution:  (a)  shallow  pits  and  general  corrosion  on  side 
specimen  of  Al  5083,  (b)  fracture  surfaces  of  Al  5083,  and  (c) 
propagation  corrosion  pits  In  Al  6061  (UNS  A96061),  and  (d) 
fixture  surfaces  of  Al  6061. 
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FIGURE  6— Relationship  between  applied  stress  and  time-to- 
failure  in  3%  NaCI. 


Potentiostatic  Polarization 

The  influence  of  the  applied  potentials  and  stresses  on  SCC  are 
shown  in  Figure  6.  The  characteristic  pitting  potentials  (Epj,)  were 
found  to  be  -645  mV  for  Al  6061  and  -665  mV  for  Al  6351,  whereas 
the  protection  potentials  (Eprot)  were  -720  mV  and  -705  mV  for  the 
above  alloys,  respectively  (Figure  1). 

In  both  aluminum  alloys,  when  the  applied  potential  was 
controlled  at  the  pitting  potential  (Ep;,)  or  at  a  more  positive  potential, 
failure  occurred  within  a  very  short  time  after  the  stress  was  settled 
at  80%  of  the  elastic  limit.  However,  if  that  potential  was  more 
negative  than  the  protection  potential  (Eprol),  failure  took  longer  to 
occur  for  the  same  stress  level.  The  resistance  of  Al  6061  to  SCC  was 
about  twice  that  of  Al  6351  when  the  potential  was  set  up  between  Ep„ 
and  Eprot,  provided  that  the  stresses  were  lower  than  60%  of  the 
elastic  limit.  If  the  applied  stress  level  was  only  40%  of  the  elastic 
limit,  failure  by  SCC  did  not  occur. 

Anodic  CD  evolution 

Figure  7  shows  the  evolution  of  the  anodic  current  as  a  function 
of  time  for  Al  alloys  of  the  6000  series  when  either  E^  or  Ept0,  was 
imposed.  For  the  current  evolution  [Ep,,,  Figure  7(a)],  two  distinct 
regions  are  observed  in  each  curve  for  the  two  alloys.  (1)  a  rapid 
increase  at  the  beginning  (Part  I),  which  may  suggest  a  uniform 
attack  of  the  reactive  surface,  and  (2)  a  gradual  current  increase 
accompanied  by  a  certain  stabilization  (Part  II),  which  reflects  the 
propagation  of  the  pits.  No  efficient  passivation  is  observed  that  can 
contribute  to  a  decrease  of  the  corrosion  current.  For  Ep,0,  (Figure 
7(b)],  the  curve  showed  a  noticeable  decrease  of  current  that  is 
characteristic  cf  a  passivation  phenomenon.  The  amount  of  current 
at  Ep,,  was  30  times  greater  than  at  Ep,0,  level,  indicating  the 
importance  of  the  electrochemical  attack,  since  SCC  was  observed 
at  Ep,,  Both  potential  levels  show  that  the  corrosion  current  for  the  Al 
6351  alloy  was  always  higher  than  that  for  the  Al  6061  alloy. 

Figures  8  and  9  show  scanning  electron  fractographs  of  the 
specimens  tested  at  the  pitting  potentials  of  -645  mV  for  Al  6061  and 
of  -665  mV  for  Al  6351.  The  crack  morphology  on  the  specimens 
shows  localized  corrosion  (pits)  with  secondary  cracks  (Figures  8(b) 
and  9(b)  for  alloys  6061  and  6351,  respectively].  All  of  the  specimens 
that  underwent  SCC  exhibit  the  apparent  mixed  mode  (intergranular 
and  ductile  failure)  of  fracture  as  seen  in  Figures  8(c)  and  9(c).  This 
can  be  explained  as  follows;  Material  degradation  was  brought  about 
by  electrochemical  phenomenon,  causing  localized  intergranular 
attack.  This  induced  a  weakening  of  the  material,  and  led  to  a  purely 
mechanical  failure  through  overload,  as  shown  by  the  typical  dimple 
morphology. 

A  failure  of  the  Al  6061  at  the  pitting  potential  (-645  mV),  was 
observed  on  the  side  surface  (Figure  10(a)].  General  corrosion  is  also 
shown,  in  addition  to  the  dominating  preferential  attack  manifested  by 


FIGURE  7— Current  density  as  function  of  time  at  (a)  the  pitting 
potential  and  (b)  the  protection  potential. 

grooves  at  grain  boundaries.  In  the  passive  region  \  850  mV),  the 
attack  is  much  less  than  that  at  the  pitting  potential  [Figure  1 0tb)],  and 
the  time-to-failure  increases  exponentially.  The  question  that  may 
arise  now  is  whether  the  predominant  SCC  mechanism  cf  the 
aluminum  alloy  6061  and  6351  is  hydrogen  embrittlement  or  anodic 
dissolution.  This  work  has  shown  that  the  stress  corrosion  behavior 
of  these  alloys  is  greatly  affected  by  the  load,  and  a  large  time-to- 
failure  has  been  observed  as  a  function  of  imposed  potential. 

A  critical  potential  exists  below  which  failure  does  not  occur.  It 
was  also  noted  that  the  tirm  to-failure  is  dominated  by  the  initiation 
period  This  may  suggest  the  existence  of  a  critical  potential  for  the 
initiation  stage  The  initiated  crack  can  be  arrested  if  the  imposed 
potential  is  lower  than  the  critical  one,  while  at  potentials  more 
positive  than  the  pitting  potential  (Ep,,),  localized  arid  deep  pits  were 
formed  A  morphological  change  has  been  identified  previously2'1  as 
an  indication  of  the  significant  modification  of  the  protective  proper¬ 
ties  of  the  passive  film  that  formed  on  aluminum  alloys  when  the 
potential  was  increased  above  the  protection  potential  (Ep,ol). 

Experimental  data  suggests  the  main  factor  for  SCC  is  polar¬ 
ization  If  the  potential  is  lower  than  the  critical  potential  tE  Ep,,).  an 
aggressive  environment  cannot  build  up  at  the  crack  tip,  and  shallow 
cracks  will  remain  inactive  because  of  the  formation  of  a  protective 
film  However,  if  the  potential  is  high  enough,  the  rate  o!  metal 
dissolution  at  the  crack  tip  will  be  enhanced. 

The  electrochemical  phenomena  at  the  crack  tip  seem  to  control 
the  potential  that  plays  an  important  role  in  the  Al  alloys'  resistance 
to  SCC  The  time-to-failure  decreases  with  the  increasing  potential, 
indicating  an  increase  in  anodic  dissolution.  This  is  consistent  with 
the  results  of  other  previous  studies  of  the  microscopic  analysis  of 
different  aluminum  alloys.21'82 

Conclusion 

(1 )  In  a  solution  of  3%  NaCI  at  a  CD  of  3  mA/cm8.  SCC  in  both 
alloys,  i.e.,  Al  5083  and  6061,  is  strongly  affected  by  the  level  of 
external  loads.  In  spite  of  a  large  uncertainty  in  the  time-to-failure  vs 
stress  relationship,  the  Al  5083  alloy  appears  to  offer  much  better 
resistance  to  SCC  than  the  Al  6061  alloy  at  ambient  temperature. 
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(2)  When  the  tests  are  conducted  at  the  pitting  potential,  both 
the  Al  6061  and  A!  6351  alloys  display  ductile  and  intergranular 
cracks.  SEM  observations  indicate  that  corrosion  tunnels  are  formed 
occasionally  at  fracture  planes,  suggesting  that  propagation  results 
from  pitting.  Prior  to  the  protection  potential  (Eprot),  the  time-to-failure 
increases  exponentially,  and  fractographs  reveal  a  typical  dimple 
morphology  with  shallow  intergranular  cracks. 

(3)  Results  show  that  SCC  susceptibility  is  increased  by 
increasing  anodic  polarization.  The  better  performance  of  Al  5083 
alloy  can  be  ascribed  to  its  uniform  type  of  pitting  (numerous  but 
shallow  pits)  The  Al  6351  alloy,  however,  displays  a  more  localized 
pitting  pattern. 
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FIGURE  8— SEM  fractographs  of  fracture  surface  of  Al  6061 
(UNS  A96061)  produced  In  3%  NaCI  and  tested  at  60%  of  the 
elastic  limit;  (a)  overall  vlow,  (b)  Intergranular  and  ductile  failure, 
and  (c)  Intergranular  cracks. 
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FIGURE  9— SEM  fractographs  of  fracture  surface  of  Al  6351 
produced  In  3%  NaCI  tested  at  60%  of  the  elastic  limit  showing 
(a)  overall  view,  (b)  Intergranular  and  ductile  failure,  and  (c) 
Intergranular  cracks. 
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FIGURE  10— SEM  fractographs  of  the  lateral  surface  of  Al  6061 
(UNS  A96061)  In  3%  NaCI  at  (a)  E  „  =  -645  mV  and  (b)  Epro,  = 
-850  mV. 
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Pb-lnduced  Solid-Metal  Embrittlement  of  Al-Mg-Si  Alloys 

at  Ambient  Temperatures 

Y.S.  Kim,*  N.J.H.  Holroyd,**  J.J.  Lewandowski* 

Abstract 

Minute  amounts  of  Pb  (i.e.,  5  ppm  to  500  ppm)  are  shown  to  induce  embrittlement  of  Al-Mg-Si  alloys 
at  ambient  temperatures.  Transmission  electron  microscopy-energy-dispersive  x-ray  analyses  and 
high-resolution  scanning  Auger  microscopy  of  high-Pb  alloys  (i.e.,  500  ppm)  revealed  that  Pb  was  often 
associated  with  incoherent  particles  containing  Si,  Mn,  and  Fe,  although  isolated  Pb  particles  were  also 
found  on  the  grain  boundary  and  were  associated  with  Fe  in  the  grain.  In  the  low-Pb  alloys  (i.e.,  20  ppm), 
fracture  surface  analyses  using  backscattered  electrons  indicated  that  Pb  was  only  found  in  association 
with  Fe-containing  particles.  These  sites  of  high-Pb  concentration  are  preferential  sites  for  crack 
initiation  in  a  low-ductility  intergranular  mode  (LDIGF).  Sequential  straining  experiments  revealed  that 
grain-boundary  accommodation  of  slip  was  more  prominent  with  increased  Pb  level  in  alloys  tested  at 
a  slow-strain  rate.  It  was  additionally  shown  that  the  nonuniform  strain  to  failure  was  significantly 
reduced  in  Pb-containing  alloys.  Tensile  interruption  tests  indicated  that  both  increased  Pb  content  and 
high  holding  temperature  reduced  the  final  tensile  ductility,  suggesting  that  Pb  is  mobile  during  tensile 
straining  and  that  additional  accumulation  of  Pb  (i.e.,  internal)  by  diffusion  promotes  fracture  in  a  LDIGF 
mode.  It  is  proposed  that  locally  segregated  regions  r'  Pb  are  preferential  sites  for  cracking  in  a  LDIGF 
mode  either  by  decohesion  or  cracking  of  Pb-containing  particles,  with  subsequent  Pb-assisted  crack 
propagation  occurring  along  grain  boundaries.  Propagation  of  fracture  in  a  LDIGF  mode  requires  a 
continual  supply  of  Pb  to  the  crack-tip  region,  as  supported  by  the  tensile  interruption  tests,  which 
conclusively  showed  that  both  the  amount  of  LDIGF  and  the  loss  in  nonuniform  strain  to  failure 
increased  with  both  increasing  Pb  level  and  increasing  holding  temperature. 


Introduction 

Pb  is  virtually  insoluble  in  solid  aluminum  and  is  often  intention¬ 
ally  added  in  the  1  to  3  wt%  range  to  certain  aluminum  alloys  to 
increase  their  machinability.  In  free-machining  alloys,  these  low- 
melting-point  additions  enhance  machinability  by  liquefying  during 
machining,  thereby  aiding  the  formation  of  me.ai  chips.’  While 
enhanced  machinability  Is  achieved  with  these  additions,  it  has 
recently  been  discovered  that  minute  amounts  of  Pb  (e.g„  •-  500 
ppm)  may  be  detrimental  to  the  mechanical  properties  both  at 
intermediate  (eg..  100'C)’  and  low  te.g.,  -4C,  25 C)3  tempera¬ 
tures. 

Guttmann,  et  al.,2  have  indicated  that  small  amounts  ol  Pb  may 
induce  embrittlement  of  Al-Mg-Si  alloys  in  creep  conditions  at 
elevated  temperatures.  Severely  reduced  creep-rupture  lives  of 
Al-Mg-Si  alloys  tested  at  100'C  were  obtained  by  increasing  the  Pb 
content  in  the  range  <  10  to  165  ppm.  However,  there  was  little 
observable  effect  ol  Pb  content  on  either  the  room-temperature 
Charpy  impact  toughness  or  smooth  tensile  behavior. 

More  recent  work3’4  on  6XXX  series  aluminum  alloys  has 
demonstrated  the  deleterious  effects  of  Pb  at  ambient  temperatures 
In  sustained-load  cracking  tests  and  In  slow-slrain-rate  testing.  The 
schematic  in  Figure  1  illustrates  the  effects  of  Pb  level  and  applied 
stress  intensity  (K)  on  the  crack  velocity  in  bolt-loaded  double¬ 
cantilever  beam  (DC8)  specimens.3-4  Crack  growth  rates  exceeding 
100  mm/y  were  obtained  at  room  temperature,  with  threshold  values 
lower  than  18  MPa  Vm  at  room  temperature.  It  was  additionally 
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shown  in  that  work  that  the  fracture  morphology  in  the  DCB 
specimens  was  affected  by  the  Pb  level  and  applied  K.34  Fracture 
occurred  in  a  low  ductility  intergranular  mode  (LDIGF)  for  high-Pb 
alloys,  while  intergranular  microvoid  coalescence  (IGMVC)  was 
predominant  in  low-Pb  alloys.  LDIGF  was  also  observed  in  smooth 
tensile  specimens  of  high-Pb  alloys  tested  at  slow-strain  rate  (i.e., 
"  10"8's),  It  appeared  that  the  rate  of  crack  growth  and  the  type  of 
fracture  mode  was  controlled  by  the  availability  of  Pb.3  4 

The  present  work  was  undertaken  to  identify  the  locations  of  Pb 
in  the  microstructure,  in  addition  to  performing  experiments  designed 
to  elucidate  the  possible  mechanisms  of  Pb-assisted  failure  of 
Al-Mg-Si  alloys  A  variety  of  analytical  techniques  were  used  in 
combination  with  sequential  straining  tests  and  tensile  interruption 
tests,  in  addition  to  a  grid  technique  adopted  to  enable  local  strain 
measurements  as  a  function  of  total  strain. 

Experimental  Procedures 

Materials 

Aluminum  alloy  6351  containing  Pb  levels  in  the  range  5  to  500 
ppm  were  used  in  this  study.  The  laboratory  alloys  were  direct  chill 
cast  as  70  kg  ingots  by  ALCAN  International  Ltd."1  and  were 
homogenized  at  either  570°C/2  h  or  450’C/12  h.  Additional  process¬ 
ing  details  are  summarized  elsewhere,3-4  and  Table  1  lists  the 
compositions.  All  specimens  were  tested  in  the  peak-aged  condition. 

Tensile  testing 

Smooth,  Hat  tensile  specimens  of  gauge  length  13  mm  and 
thickness  2.54  mm  were  tested  at  room  temperature  at  either  3.3  x 
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TABLE  1 

Compositions  of  Alloys  (wt%) 


Cu 

Fe 

Zr 

Ti 

Pb 

0.001 

0.24 

0.02 

0.014 

0.0005 

0.007 

0.25 

0.02 

0.013 

0  002 

0.007 

0.23 

0.02 

0.017 

0.005 

0.007 

0.24 

0.03 

0.012 

0.01 

0.007 

0.23 

0.03 

0.016 

0.05 

STRESS  INTENSITY 


FIGURE  1 -Schematic  showing  the  effect  of  Pb  level  on  crack 
growth.3 

10  ®/s  or  9.8  *  10  3/S.  Two  kinds  of  tensile  tests  were  conducted. 
(1 )  sequential  straining  tests  and  (2)  tensile  interruption  tests.  In  the 
former,  tensile  specimens  were  sequentially  loaded  to  higher  strains 
in  the  uniform  strain  range,  while  the  details  of  surface  deformation 
were  investigated  using  Nomarsky  interference  microscopy  in  com¬ 
bination  with  the  use  of  a  carbon  grid  deposited  on  the  polished  flat 
surfaces  prior  to  testing.  The  grids  were  deposited  on  the  specimens 
by  placing  a  fine  nickel  mesh  ci  2000  lines/in.  on  a  flat,  polished 
tensile  specimen,  and  vacuum  depositing  carbon  onto  the  sample. 
Removal  of  the  nickel  mesh  revealed  a  regular  array  of  square 
carbon  dots  of  8-pm  size  and  6-pm  spacing,  as  shown  in  Figure  2. 
The  surface  deformation  was  subsequently  studied  by  photographing 
the  displacement  of  the  initially  uniform  grid,  while  the  level  of  local 
strain  was  compared  to  the  macrostrain,  as  Figure  3  illustrates.  The 
change  in  the  edge-to-edge  distance  of  the  dots  (i.o„  spacing  of  dots) 
in  Iho  tensile  direction  was  used  to  monitor  the  local  strains. 

Tensile  interruption  tests  were  additionally  conducted  to  deter¬ 
mine  the  effects  of  Pb  level  on  the  nonuniform  strain.  The  metallo- 
graphically  polished,  flat  tensile  specimens  were  strained  to  the 
ultimate  tensile  strength  (UTS),  unloaded,  and  subsequently  re¬ 
loaded  at  the  samo  rate  after  holding  for  24  h  at  either  room 
temperature  or  80°C.  Total  elongation  and  reduction  of  area  were 
measured  at  the  UTS  and  at  failure. 

Electron  microscopy 

The  polished  surfaces  and  fracture  surfaces  of  the  sequentially 
strained  tensile  specimens  were  examined  to  elucidate  the  details  of 
slip  characteristics  as  a  function  of  both  Pb  level  and  strain  rate  in  a 
JEOL’  35CF  scanning  electron  microscope  (SEM). 

Transmission  electron  microscopy  (TEM)  was  used  to  charac¬ 
terize  the  microstructural  features  as  well  as  the  deformed  tensile 
specimens,  while  energy  dispersive  x-ray  (EDX)  analysis  was  used 
to  chemically  analyze  the  features  present.  TEM  foil  preparation  is 
described  elsewhere.34  Subsequent  examinations  ot  foils  were 
performed  in  a  Phillips’  400T  analytical  TEM  at  120  kV. 

’Trade  name. 


Surface  analyses 

High-resolution  (i.e.,  500  A)  surface  analyses  were  obtained  on 
polished,  undeformed,  and  ion-sputter-cleaned  specimens  in  a 
Perkin-Eimer’  PHI  660  Scanning  Auger  Microprobe  operated  at  10 
kV  and  at  110  pA,  in  an  attempt  to  identify  the  source(s)  and 
location(s)  of  Pb  in  the  microstructure.  Auger  line  scans  were 
performed  across  grain-boundary  regions  in  both  high-  and  low-Pb 
alloys. 


AL/L 


FIGURE  3— Schematic  illustrating  local  and  macrostrain  mea¬ 
surement  technique  using  deposited  grid. 


Results 

Microstructure 

Homogenization  at  570°C.'2  h  produced  grain  sizes  in  excess  of 
1  mm.  while  homogenization  at  450°C/12  h  produced  grain  sizes 
below  30  pm  TEM  foils  taken  from  undeformed  specimens  contain 
ing  various  Pb  contents  revealed  small  (  0.5  pm),  slightly  faceted 
particles  in  the  matrix  and  at  the  grain  boundary,  as  shown  in  Figure 
4.  In  addition,  large  particles  in  excess  of  1  pm  were  observed  in  the 
matrix.  The  former  were  identified  by  analyses  of  diffraction  data  and 
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the  EDX  spectra  as  being  incoherent  AI(Mn,Fe)Si  phase  or  an 
Al-Mn-Si  phase,  while  the  latter  contained  Al,  Fe,  and  Si.  EDX 
analyses  of  the  small-grained  100-ppm  Pb  alloy  indicated  that  Pb 
was  often  associated  with  the  small,  faceted  grain-boundary  particles 
at  the  giain  boundary,4  and  was  also  detected  in  association  with  the 
large  Fe-containing  particles  both  at  the  grain  boundary  and  in  the 
grain  Auger  line  scans  across  a  grain  boundary  of  the  polished,  ion- 
sputter-cleaned,  undeformed,  500-ppm  Pb-coniaining  alloy  is  pre¬ 
sented  in  Figure  5.  Pb  signals  were  detected  both  at  the  grain 
boundary  and  within  the  grain,  as  Figure  5  illustrates.  Additional 
analyses  revealed  that  the  Pb  was  often  associated  with  Mn,  Fe,  and 
Si,  although  isolated  Pb  signals  were  detected  in  the  absence  of 
these  elements.4  Analyses  of  low-Pb  specimens  (i.e.,  20  ppm)  have 
failed  to  locate  the  site(s)  of  Pb  in  the  alloy.  However,  fractographic 
evidence  indicates  Pb  association  with  Fe  particles.4 


FIGURE  4 -TEM  micrograph  showing  faceted  particles  (arrows) 
at  the  grain  boundary  in  small-grained  100-ppm  Pb  alloy. 

Tensile  results 

The  local  (i.e.,  micro-)  strain  as  a  function  of  macrostrain  of  the 
sequentially  loaded  flat  tensile  specimens,  calculated  via  the  tech¬ 
nique  shown  in  Figure  3,  are  presented  in  Figure  6,  while  Figure  7 
shows  deformed  grids  of  specimen  surfaces  of  ta)  large-grained  500- 
ppm  Pb  alloy  strained  to  2.2%  and  (b)  large-grained  20-ppm  Pb  alloy 
strained  to  2%  by  slow-strain  rate.  Arrows  indicate  the  deformed 
grain-boundary  regions  in  (a)  and  tho  matrix  slip  lines  in  (b). 
Calculations  of  local  strain  wore  performed  both  across  gram- 
boundary  regions  and  within  the  matrix  for  the  two  strain  rates.  Figure 
6(a)  indicates  a  strong  effect  of  Pb  level  on  the  uiicrostrams  obtained 
*or  a  given  macrostrain.  when  measuted  across  gram  boundaries  in 
slow-strain  rate  tests.  Direct  comparison  of  the  behavior  of  the  500 
ppm  (STO’C)  alloy  and  tho  20  ppm  (570"C)  alloy  is  provided  by  the 
solid  lines  in  Figure  6  Increased  grain-boundary  accommodation  ol 
deformation  is  evident  in  higher  Pb  materials  (Figures  6(aj  and  7(ajj 
and  was  more  pronounced  at  the  larger  levels  of  macrostrain.  while 
deformation  by  matrix  slip  was  moro  prevalent  for  low-Pb  alloys 
tested  at  tho  same  rate  (Figures  6(b)  and  7(b)],  Figures  6(c)  and  (d) 
Indicate  that  there  was  no  measurable  effect  of  Pb  on  tho  balance  of 
deformation  by  grain-boundary  or  matrix  slip  for  specimens  tested  at 
a  fast  strain  rate  (i  o .  9  8  *  10~3fs)  Arrows  in  Figure  6  Indicate  tho 
strain  at  which  grain-boundary  failure  was  detected. 

The  nonuniform  strain  decreased  with  an  Increase  In  Pb 
content  As  detailed  earlier,  additional  specimens  were  unloaded  at 
the  UTS  and  were  subsequently  reloaded  after  holding  in  vacuum  for 
24  h  at  either  room  temperature  or  80'C.  The  nonuniform  strain  to 
failure  obtained  after  reloading,  summarized  in  Figure  8,  was  strongly 
affected  by  both  the  Pb  level  and  tho  holding  temperature.  Holding  at 
room  temperature  for  24  h  produced  no  measurable  effect  on  tho 


subsequent  nonuniform  strain  to  failure  at  either  Pb  level,  whereas 
significant  decreases  were  obtained  for  both  low-  and  high-Pb 
specimens  held  at  80“C  prior  to  reloading.  Greater  losses  were 
obtained  with  higher  Pb  levels,  the  orientation  of  gram  boundaries 
exhibiting  failure  was  determined  with  respect  to  the  tensile  axis  on 
the  tensile  interruption  tests.  Figure  9  summarizes  the  cumulative 
total  of  grain  boundaries  exhibiting  fracture  as  well  as  their  orientation 
with  respect  to  the  tensile  axis.  High  Pb  alloys  exhibited  a  predom¬ 
inance  of  failure  in  boundaries  oriented  at  90“  to  the  tensile  axis,  while 
grain-boundary  failure  for  low-Pb  alloys  did  not  reveal  any  orientation 
preference. 

Fractography 

The  fractography  of  failed  specimens  similarly  revealed  an 
effect  of  Pb  level  and  holding  temperature  on  the  fracture  mode.  The 
high-Pb  alloy  (500  ppm)  tested  at  slow-strain  rate  exhibited  regions 
of  LDIGF  surrounding  large  (i.e.,  >  5  p.m)  voids,  as  shown  in  Figure 
10(a).  In  contrast,  the  fast-strain-rate  tests  as  well  as  the  low-Pb 
alloys  exhibited  IGMVC  or  transgranular  microvoid  coalescence,  as 
shown  in  Figure  10(b).  SEM  stereo  pairs  of  the  fracture  surfaces 
revealed  that  LDIGF  was  typically  present  in  regions  normal  to  the 
stress  axis. 

TEM  observations 

TEM  micrographs  of  tensile  specimens  strained  various  amounts 
revealed  microvoid  initiation  both  at  the  grain  boundary  and  at 
cracked,  large  Fe-containing  particles  within  the  gram.  The  grain¬ 
boundary  microvoids  were  typically  associated  with  the  small  faceted 
particles  shown  earlier  (i.e.,  Figure  4)  at  which  Pb  was  detected. 
Figure  1 1  shows  a  TEM  micrograph  of  a  large-grained  500-ppm  Pb 
specimen  subjected  to  the  tensile  interruption  test  held  at  80°C,  and 
subsequently  tested  to  failure.  Pb  was  associated  with  the  large 
particle  shown  in  Figure  1 1 ,  while  the  grain-boundary  void  shown  was 
associated  with  a  precipitate-free  zone  (PFZ).  Cracks  associated 
with  the  large  Fe  containing  particles  were  observed  at  all  Pb  levels. 

Discussion 

The  above  results  detailing  Pb-assisted  low-ductility  failure  at 
ambient  temperatures  exhibit  a  number  of  similarities  to  solid-motal- 
induced  embrittlement  (SMIE).80  However,  the  present  Pb  embrit¬ 
tlement  phenomenon  was  observed  to  occur  at  room  temperature 
and  below  (i.e.,  -4°C),3'4  while  SMIE  is  typically  observed  to  occur 
near  the  melting  temperature  of  the  embrittler.58 

Although  Pb  exhibits  some  solubility  in  liquid  Al,  essentially  zero 
solubility  exists  in  the  solid  stale.  Tho  present  results  indicate  that  the 
Pb  distribution  is  affected  by  Pb  level.  In  low-Pb  alloys,  Pb  was  only 
observed  al  Fe-containing  inclusions,  while  high-Pb  specimens 
exhibited  a  variety  of  locations.  Isolated  Pb  peaks  were  detected  at 
the  grain  boundary,  within  grains,  and  at  incoherent  particles  [i.e., 
AI(Mn,Fe)SI  or  Al-Mn-Si]  and  inclusions  (i.e.,  Al-Fe-Si).  Pb  was  also 
detected  at  the  boundary  in  the  presence  of  Mn  and  Si. 

TEM  investigation  of  foils  taken  below  the  fracture  surface 
revealed  preferential  crack  initiation  at  Pb-contaming  grain-boundary 
particles.  Figure  9  shows  that  the  high-Pb  alloys  show  a  strong 
preference  for  grain  boundary  failure  by  LDIGF  for  boundaries 
oriented  normal  to  the  stress  axis.  These  cracks  subsequently  grow 
In  a  LDIGF  mode  by  the  continual  supply  of  Pb  from  the  process  zone 
ahead  of  the  crack.  Thus,  the  Pb-contammg  Fe  particles,  in  addition 
to  Isolated  Pb  globules  at  the  grain  boundary,  are  (internal)  sources 
of  Pb.3-4 

The  deleterious  effects  of  Pb  were  particularly  well  demon¬ 
strated  In  tho  tensile  interruption  tests.  While  it  appears  that  Pb  is 
released  either  from  cracking  or  decohesion  of  inclusions,  or  from 
decohesion  of  Pb  globules  from  the  matrix,  the  tensile  Interruption 
tests  demonstrate  the  effect(s)  of  allowing  additional  Pb  diffusion  to 
the  crack  surfaces  (i.e.,  internal).  High-Pb  alloys  held  at  80'C  prior  to 
retesting  produced  additional  reductions  in  total  elongation  to  failure. 
Low-Pb  alloys  as  well  as  those  held  only  at  room  temperature 
exhibited  considerably  less  reduction  in  ductility.  Therefore,  the 
availability  of  Pb  appears  to  be  a  major  controlling  factor  in  this 
embrittlement  phenomenon. 
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FIGURE  5— Auger  line  scans  of  the  polished  and  Ion-etched  surface  of  large-grained  500-ppm 
Pb  alloy.  Pb  is  detected  at  the  grain  boundary  (straight  arrow)  and  In  the  matrix  (curved  arrow). 


FIGURE  6-Local  strain  vs  macrostraln  measurements  for  different  Pb  levels  at  slow  I(a),(b)]  and 
fast  ((c), (d)]  strain  rate.  Solid  lines  compare  data  for  the  500-ppm  and  20-ppm  specimens.  Arrows 
Indicate  the  strain  at  which  grain-boundary  cracks  wore  noted. 
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FIGURE  7— Deformed  surfaces  of  (a)  large-grained  500-ppm  Pb  alloy  and  (b)  large-grained 
20-ppm  Pb  alloy  illustrating  deformed  grids  by  slow-straln-rate  tensile  test.  A  long  arrow 
Indicates  the  tensile  direction. 


PBlBa(pm) 

FIGURE  8— Nonuniform  strain  to  failure  vs  Pb  level.  (Data  obtained  in  the  tensile  Interruption 
tests.) 
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FIGURE  9-Cumulatlvo  locations  of  grain-boundary  failure  vs  angle  to  stress  axis, 
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FIGURE  10— SEM  frnctograph  of  (a)  low-ductlllty  intergranular 
mode  surrounding  largo  (5  pm)  grain-boundary  voids  (arrows) 
In  large-grained  500-ppm  Pb  alloy  and  (b)  Intergranular  micro- 
void  coalescence  In  large-groined  5-ppm  Pb  alloy.  Specimens 
were  taken  from  tensllo  Interruption  tests  held  at  80°C. 


these  regions.  In  contrast,  the  stronger  interfaces  in  the  low-Pb  alloys 
require  additional  stress  and  strain  to  decohere  the  interfaces.  Thus, 
in  the  latter  case,  higher  shear  stresses  along  the  grain  boundary 
result,  thereby  promoting  dimpled  fracture.  Once  a  crack  has 
initiated,  the  crack  will  propagate  with  a  continual  supply  of  Pb  (i.e., 
internal)  to  the  crack  tip.  Therefore,  the  observation  that  LDIGF  is  not 
obtained  in  low-Pb  or  high-Pb  alloys  tested  at  fast  strain  rates  can  be 
rationalized  as  resulting  from  the  mobility  of  Pb,  which  is  insufficient 
to  keep  up  with  the  growing  crack.  Although  there  is  no  unified 
mechanism  that  is  generally  accepted  for  SMIE,  it  has  been 
suggested  that  crack  propagation  is  controlled  by  surface  self¬ 
diffusion  of  embrittler  over  embrittler.9,10  The  present  results,  al¬ 
though  not  quantitative,  tend  to  support  such  a  mechanism,  since 
additional  embrittlement  as  measured  as  loss  in  nonuniform  strain 
was  obtained  in  the  tensile  interruption  tests,  where  it  is  expected  that 
additional  Pb  diffusion  may  occur  during  holding  at  high  temperature. 

Many  of  the  observations  in  the  present  work  are  similar  to  those 
made  on  specimens  undergoing  creep.  However,  conventional  creep 
theories  predict  an  increase  in  creep  rate  with  decreasing  gram  size. 
The  present  work  and  previous  work3  have  clearly  demonstrated  that 
large-grained  material  (i.e.,  high  homogenization  temperature)  ex¬ 
hibited  lower  macroscopic  strains  to  failure  and  faster  crack  growth 
rates  in  the  presence  of  internal  Pb  than  did  the  small-grained 
specimens.  Unfortunately,  the  heat  treatments  used  to  obtain  the  two 
grain  sizes  tested  in  the  present  work  may  additionally  change  both 
the  size  and  distribution  of  Mn  dispersoids  in  the  material,”  which 
has  also  been  shown  to  affect  the  deformation  and  fracture  charac¬ 
teristics.  Thus,  an  unambiguous  determination  of  grain-size  effects 
on  fracture  in  the  present  work  is  difficult.  Additional  work  on  this 
subject  is  continuing. 


FIGURE  11— TEM  micrograph  of  grain-boundary  voiding  (v) 
along  the  precipitate-free  zone  in  a  large-grained  500-ppm  Pb 
alloy.  Specimen  obtained  from  tensile  Interruption  test  where 
holding  at  80’C  was  performed  prior  to  reloading. 


In  the  absence  of  triaxia!  stress  conditions,  it  Is  difficult  to  obtain 
LDIGF  under  slow-strain-rate  conditions  unless  hlgh-Pb  levels  (i.e.. 
**  100  ppm)  are  tested.  LDIGF  is  not  typically  observed  in  aluminum 
alloys  tested  under  monolonic  conditions.  Although  previous  work 
has  indicated  that  Mn  removal  may  promote  intergranular  fracture  ol 
a  dimpled  nature  in  fracture  toughness  tests,7  8  the  present  materials 
contain  sufficient  Mn  to  prevent  low-ductility  intergranular  fracture  at 
fast  strain  rates,  it  follows  that  Pb  facilitates  both  crack  initiation  and 
propagation  Under  slow-strain-rate  conditions,  the  PFZs  are  pre¬ 
ferred  sites  for  deformation.  In  high  Pb  alloys,  cracks  will  preferen¬ 
tially  initiate  at  the  interfaces  of  Pb-containing  particles  situated  in 


Conclusion 

(1)  LDIGF  can  be  obtained  in  Al-Mg-Si  alloys  at  ambient 
temperatures. 

(2)  The  sources  of  Pb  and  LDIGF  sites  have  been  identified,  in 
low-Pb  alloys,  Fe-containmg  inclusions  provide  the  primary 
source  of  Pb,  while  a  variety  of  sites  were  identified  tor  the 
high-Pb  material. 

(3)  Increasing  the  availability  of  Pb  enhances  the  following  during 
deformation,  (a)  grain-boundary  accommodation  ot  slip  and  ibj 
reduction  of  nonuniform  strain  to  failure. 
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(4)  Evidence  for  stress-driven  mobility  of  Pb  in  producing  and 
sustaining  LDIGF  was  obtained  in  the  tensile  interruption  tests. 

(5)  Although  many  of  the  observations  obtained  on  Pb-induced 
LDIGF  are  similar  to  a  creep  mechanism,  the  observed  grain- 
size  effect  is  not  consistent  with  conventional  creep  theories. 
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Discussion 

B.  Cox  (Atomic  Energy  of  Canada  Ltd.,  Canada):  It  may  be 
that  the  type  of  cracking  you  observe  would  be  more  common  if  the 
active  metal  were  present  in  the  metal  lattice  and  so  by-pass  the 
protective  surface  film.  A  similar  phenomenon  occurred  during  an 
attempt  we  made  to  simulate  fast  reactor  irradiation  of  zirconium  in  a 
thermal  neutron  reactor,  by  doping  zirconium  with  boron  to  generate 
the  required  helium  production  during  irradiation  and  annealing  to 
form  helium  bubbles.  When  the  samples  were  deformed  to  failure  in 
tension,  the  observed  fracture  surfaces  between  the  helium  bubbles 
appeared  brittle,  characteristic  of  stress  corrosion  cracking  (SCC). 
This  was  surprising,  as  no  SCC  environment  was  thought  to  be 
present.  However,  lithium  is  also  a  by-product  of  this  neutron 
reaction.  We  concluded  that  failure  had  occurred  by  metal  embrit¬ 
tlement  due  to  its  formation  in  situ,  thus  avoiding  the  surface  barriers 
that  prevent  metal  embrittlement  of  Zircaloyt-2  by  an  external  source 
of  lithium. 
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The  Stress  Corrosion  Cracking 
of  AI-3.7wt%Zn-2.5wt%Mg  and  AI-4.7wt%Mg  Alloys 

C.-M.  Liao 
Abstract 

The  stress  corrosion  cracking  (SCC)  behavior  of  both  AI-3.7wt%Zn-2.5wt%Mg  and  AI-4.7wi%Mg  alloys 
in  3.5%  NaCI  solution  has  been  studied  using  the  double-cantilever-beam  technique.  Constant 
deflection  tests  for  AI-3.7wt%Zn-2.5wt%Mg  alloy  in  3.5%  NaCI  solution  were  also  conducted.  The  SCC 
resistance  of  AI-4.7wt%Mg  is  better  than  that  of  the  At-3.7wt%Zn-2.5wt%Mg  alloy.  The  fracture 
morphologies  of  both  alloys  are  intergranular  along  the  elongated  grains.  In  the  constant  deflection  test 
of  AI-3.7wt%Zn-2.5wt%Mg,  SCC  initiates  from  several  different  sites  near  the  outer  surface  of  the 
specimen  and  propagates  toward  the  center. 


Introduction 

Both  Al-Zn-Mg  (7000  series)  and  Al-Mg  alloys  (5000  series)  are 
high-strength  aluminum  alloys  popularly  applied  in  transportation, 
structural,  and  military  equipment.  Not  only  are  the  chemical  com¬ 
positions  of  these  two  kinds  of  alloys  different,  but  also  the  strength¬ 
ening  mechanisms  are  not  the  same.  The  Al-Zn-Mg  alloys  are 
strengthened  by  precipitation  hardening  after  the  solution  treatment, 
quenching,  and  aging  processes.  The  Al-Mg  alloys  are  strengthened 
by  work  hardening  after  the  rolling  process. 

Although  these  two  series  of  wrought  alloys  have  high  strength, 
they  are  susceptible  to  stress  corrosion  cracking  (SCC),  especially  in 
the  short  transverse  direction, 1  which  corresponds  to  the  plate 
thickness.  In  this  work,  tensile  stress  was  applied  in  the  short 
transverse  direction  of  AI-3.7wt%Zn-2.5wt%Mg  and  AI-4,7wt%Mg 
alloys,  and  the  SCC  resistance  of  these  alloys  in  this  direction  in  3.5 
wt%  NaCI  solution  was  examined.  The  results  are  discussed. 


Experimental  Procedures 

The  chemical  compositions  of  these  two  alloys  are  shown  in 
Table  1  Double  cantilever  beam  (DCB)  specimens  were  chosen  for 
the  SCC  testing;  the  dimensions  of  the  DCB  specimen  are  shown  in 
Figure  1  23  The  length  of  the  specimen  corresponds  to  the  rolling 
direction  of  the  aluminum  plates,  and  the  thickness  of  the  specimens 
corresponds  to  the  short  transverse  direction.  The  specimen  was 
stressed  in  the  short  transverse  direction  by  bolt  loading  to  pop-in 
crack  and  then  placed  in  a  vessel  containing  3.5%  NaCI  solution. 

The  propagation  of  the  crack  was  measured  witi>  a  micioscope 
(of  10  urn  resolution)  every  two  days  on  two  surfaces  of  the  specimen 
during  the  testing  period.  The  crack-tip  stress  intensity  value  (K) 
(MN-m  **)  was  calculated  by  Equation  (1): 

v  _  E-6h[3h(a+0.6h)*+  m 

4((a+0.6h)a+h2a] 

Where  E  =  Young’s  modulus  of  the  material  (Nm~2),  5  =  the 
deflection  at  the  load  line  (m)  (i.e.,  between  A  and  B  In  Figure  1),  h 
=  half  of  the  thickness  of  the  specimen  (m),  and  a  =  crack  length 
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TABLE  1 

Chemical  Compositions  of  Alloys 


Element  (wt%)/Alloy  Zn  Mg  Mn  SI  Cr  Fe  A1 


AI-3.7wt%Zn-2.5wt%Mg  3.66  2.48  0.29  0.062  0.22  0.17  bal. 
AI-4.7wt%Mg  0.025  4.74  0.70  0.11  0.09  0.24  bal. 


(m).  The  propagation  velocity  of  cracking  was  plotted  as  a  function  of 
the  crack-tip  stress  intensity  (v-K  curve)  after  testing. 

In  addition,  a  constant  deflection  SCC  test  was  used  for  the 
AI-3.7wt%Zn-2.5wt%Mg  alloy  in  the  short  transverse  direction. 
Specimens  were  stressed  by  constant  deflection4  and  then  im¬ 
mersed  in  the  3.5%  NaCI  solution  alternately.5 10  min  immersed  in 
solution  and  50  min  exposed  to  air.  The  specimen  and  the  stressing 
frame  are  shown  separately  in  Figure  2  before  and  after  testing. 

Results  and  Discussion 

The  resulting  v-K  curves  for  AI-3.7wt%Zn-2.5wt%Mg  and 
AI-4.7wt%Mg  alloys  are  illustrated  in  Figure  3,  The  shape  of  the 
curves  for  both  alloys  is  qui'^  'milar  At  the  lower  stiess  intensities, 
there  is  a  strongly  stress-dependent  region  called  Region  I.  The  SCC 
threshold  stress  intensity  (K,scc)  was  defined  by  the  stress  intensity 
corresponding  to  a  crack  growth  rate  of  1 0" 115  m/s.3-6  At  higher  stress 
intensities,  the  crack  velocity  is  independent  of  stress;  i.e.,  the  v-K 
curve  has  a  plateau,  and  this  region  is  called  Region  II  or  the  plateau 
region.  The  K1SCC  values  of  AI-3.7wt%Zn-2.5wt%Mg  and 
AI-4.7  wt%Mg  alloys  were  measured  to  be  3  to  7  MN-rrr3'2  and  28 
to  32  MN-m‘M,  respectively.  Crack  growth  rates  at  Region  II  are 
about  2  x  1CT8  m/s  and  3  to  4  x  10-9  m/s  for  AI-3.7wt%Zn- 
2.5wt%Mg  and  AI-4.7wt%Mg  alloys  respectively.  Both  K|SCC  and  the 
Region  II  velocity  are  the  indexes  of  the  SCC  sensitivity  of  materials. 

The  results  show  that  the  K|SCC  of  AI-3.7wt%Zn-2.5wt%Mg  alloy 
is  lower  than  that  of  AI-4.7wt%Mg  alloy,  and  the  Region  II  velocity  of 
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the  former  is  faster  than  that  of  the  latter.  This  indicates  that  the 
AI-3.7wt%Zn-2.5wt%Mg  alloy  is  more  susceptible  to  SCC  compared 
to  the  AI-4.7wt%Mg  alloy. 


CRACK  ORf KINO  DISRAACEUEHT  J  EQUALS  IME  KEA5UREO 
OCHECriON  AEtWEK  RCHNTI  A  ASO  t  ALONG  IME  BOAT  CEKTERIIHE 


FIGURE  1 —Dimensions  and  orientation  of  the  DCB  specimens. 


I  ,  I  Ml* 

o  i  3  j  <  «  «  >  e  <■.  2  cm 

FIGURE  2— The  specimens  and  the  stressing  frames  for  con¬ 
stant  deflection  tests.  (The  right-hand  specimen  Is  before 
alternate  Immersion  testing;  the  left  one  Is  after  the  test.) 


The  DCB  specimens  are  fractured  after  testing,  and  the  macro¬ 
structure  of  the  fracture  surface  is  shown  in  Figure  4.  There  are  three 
regions  on  the  surface.  The  first  is  the  “pop-in  region,”  which  is 
caused  by  initial  bolt  loading.  The  second  is  the  "stress  corrosion 
cracking  region,”  and  the  third  is  the  fast  fracture  or  “torn  away” 
region,  which  results  from  tearing  the  specimen  after  SCC  testing. 
The  surfaces  of  both  the  pop-in  and  torn-away  regions  are  rougher 
than  that  of  the  SCC  region,  which  is  smooth  and  contains  some 
microbranches. 


FIGURE  4— The  macrostructure  of  the  fracture  surface  of  a  DCB 
specimen  after  testing. 

The  fracture  surfaces  of  the  pop-in  and  torn-away  regions  are 
similar,  as  shown  in  Figure  5.  The  observed  fiber-like  and  dimple 
structures  are  representative  of  ductile  fracture,  i.e.,  both  these 
regions  are  ductile.  The  grains  are  elongated  by  rolling,  as  shown  in 
Figure  6,  and  SCC  of  the  wrought  aluminum  alloys  is  intergranular, 
so  the  propagation  of  the  crack  tip  along  the  elongated  grain 
boundaries  makes  the  surface  smooth.  This  SCC  fracture  shown  in 
Figure  7  is  similar  to  the  work  of  Landkof,  in  which  the  SCC  fracture 
morphology  is  smooth.7  In  the  SCC  region,  several  grains  have  been 
peeled  off  by  microbranching;8  this  phenomenon  can  also  be 
demonstrated  in  Figure  8,  which  shows  several  cracks  in  the 
specimen, 


FIGURE  3-Eflect  of  stress  Intensity  on  the  velocity  of  SCC  for 
AI-3.7wt%Zn-2.5wt%Mg  and  A!-4.7wt%Mg  alloys. 


The  fracture  surface  morphology  of  the  AI-4.7wt%Mg  alloy  is 
similar  to  that  of  AI-3.7vvt%Zn-2.5wt%Mg.  It  also  has  three  regions: 
pop-in,  SCC,  and  torn-away.  The  pop-in  and  torn-away  regions  are 
also  ductile  fracture,  including  fiberlike  and  dimple  structures,  while 
the  SCC  region  shows  intergranular  SCC. 

After  the  constantly  strained  specimens  of  AI-3.7wt%Zn- 
2.5  wtioMg  alloy  failed  during  the  alternative  immersion  test,  the 
fracture  surfaces  were  examined  by  optical  microscopy  and  scanning 
eleclron  microscopy. 

The  upper  left  side  of  Figure  9  illustrates  a  rough  surface,  while 
the  lower  right  side  is  planar.  When  the  magnification  of  the  picture 
Is  increased,  it  is  clear  that  the  fiber-like  and  dimple  structures  aro 
present  in  the  upper  region,  and  the  smooth  fracture  morphology  is 
present  in  the  lower  region.  Compared  to  the  fracture  surface 
morphology  of  the  DCB  specimens,  the  lower  region  is  the  intergran¬ 
ular  SCC  region,  and  the  upper  region  is  the  solely  mechanical 
fracture  region.  This  result  indicates  that  SCC  is  initiated  from  the 
lower  side,  and  the  crack  propagates  toward  the  upper  region  until 
the  cross  section  suddenly  fractures. 

Figure  10  shows  another  fracture  surface  for  the  constantly 
strained  specimen  of  the  AI-3.7wt%Zn-2.5wt%Mg  alloy.  There  are 
three  planar  regions  on  different  planes  near  the  outer  surface  of  the 
specimen,  and  the  zone  between  each  successive  two  planes  is  of 
the  suddenly  fractured  morphology.  This  means  that  SCC  initiates 
simultaneously  a!  several  sites  on  the  outer  sur.ace  and  propagates 
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toward  the  center  of  the  specimen  When  the  cross  section  of  the 
specimen  is  too  small  to  sustain  the  force  imposed  by  the  frame,  the 
specimens  suddenly.fracture  and  produce  a  surface  containing  both 
SCC  and  ductile  fracture  regions. 


FIGURE  6-Mlcrographs  of  the  elongated  grains  of  the  Al- 
3.7wt%Zn-2.5wt%Mg  alloy  after  rolling. 


Conclusion 

(1)  The  KiSCC  values  of  AI-3.7wt%Zn-2.5wt%Mg  and  AI-4  .7 
wt%Mg  alloys  are  about  3  to  7  MN-m'3'2  and  28  to  32  MN-rrT3'2, 
respectively. 

(2)  The  crack  propagation  velocities  for  Region  II  in  the  v-K 
curves  are  about  2  x  io*8  m/s  and  4  x  10"°  m/s  for  AI-3.7wt%Zn- 
2.5wt%Mg  and  AI-4,7wt%Mg  alloys,  respectively, 

(3)  The  SCC  frac'ura  morphologies  of  these  two  alloys  are  quite 
similar;  the  SCC  regions  are  planar  and  intergranular,  the  pop-in  and 
overload  fracture  regions  are  ductile,  including  fiber-like  and  dimple 
structures, 

(4)  The  constant  deflection  test  of  the  AI-3.7wt%Zn-2.5wt%Mg 
alloy  In  the  short  transverse  direction  shows  that  SCC  initiates  from 
several  sites  near  the  outer  surface  of  the  specimen  and  propagates 
toward  the  center  of  the  specimen. 
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FIGURE  9— The  fracture  morphology  of  a  constant  strained 
specimen  of  AI-3.7wt%Zn-2.5wt%Mg. 
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The  Influence  of  Microstructure 
on  the  Stress  Corrosion  Cracking  and  Exfoliation 
of  Commercial  AI-ZrvMg-Cu  Alloys 

IV.  Hepples,  M.R.  Jarrelt,  J.S.  Crompton,  and  N.J.H.  Holroyd* 

Abstract 

Retrogression  and  re-aging  (RRA)  Al-Zn-Mg-Cu  alloy  7150  using  commercially  viable  thermal  process 
routes  can  provide  materia!  with  peak  strength  and  high  resistance  to  stress  corrosion  cracking  (SCC) 
and  exfoliation  corrosion.  A  correlation  exists  between  alloy  conductivity  and  the  susceptibility  to 
localized  corrosion:  If  conductivity  exceeds  38%  of  the  International  Annealed  Copper  Standard  (IACS) 
exfoliation,  corrosion  and  SCC  resistance  are  high.  Transmission  and  scanning  transmission  electron 
microscopy,  along  with  very  high-resolution  chemical  analysis,  has  enabled  the  characterization  of  grain 
boundaries  in  peak-aged,  overaged,  and  RRA  material.  Significant  differences  in  grain-boundary 
precipitation  and  segregation  have  been  observed,  but  no  simple  relationships  between  SCC  resistance 
and  grain-boundary  microstructure  have  been  identified.  The  results  of  grain-boundary  segregation 
profiles,  however,  indicate  that  segregation,  particularly  that  of  copper,  can  significantly  affect  the 
response  to  environmental  attack. 


Introduction 

Commercial  exploitation  of  high-strength  Al-Zn-Mg-Cu  alloys  aged  to 
peak  strength  is  currently  restricted  by  the  potential  risk  of  environment- 
sensitive  cracking  (Figure  1).'  The  commercial  compromise  uses 
duplex  thermal  aging  practices  developed  during  the  1960s2  that 
minimize  service  prob'ems1  but  introduce  a  10  to  15%  loss  in 
strength.  Alternative  heai-treatment  procedures  known  as  retrogres¬ 
sion  and  re-aging  (RRA)  have  been  reported3  to  provide  stress 
corrosion  resistance  equivalent  to  an  overaged  T73  temper  while 
maintaining  the  peak-aged  strengths  These  heat  treatments  consist 
of  a  retrogression  or  reversion  stage  in  which  peak-aged  material  is 
heated  lor  short  times  (i.e.,  a  few  min)  in  the  temperature  range  220 
to  280’C,  followed  by  re-aglng  at  a  iower  temperature  '*  During 
retrogression,  strength  falls  rapidly  to  a  minimum,  partially  recovers 
alter  longer  times,  and  finally  decreases  (Figure  2) 5  Re-aging  after 
short  retrogressing  times  can  restore  the  strength  to  that  of  the 
peak-aged  matorial,  but  extended  retrogression  times  lead  to  a  loss 
of  the  aging  response. 

The  incorporation  o!  these  thermal  practices  into  commercial 
production  schedules  for  thick  sections  requires  retrogression  times 
of  at  least  1  h.  Recent  laboratory  studies  suggest  beneficial  RRA 
effects  may  be  obtained  under  these  conditions  if  the  retrogression 
temperatures  are  below  200*C  (Figure  3) 5-8  The  aims  of  the  present 
work  are  to  examine  commercially  viable  RRA  practices  that  provide 
a  peak  strength  of  71 50  with  a  high  SCC  resistance  and  to  identify  the 
factors  controlling  localized  corrosion. 

Experimental  Procedure 

Alcan  Plate  Limited1’1  supplied  7150  plates  (12.7-  and  32-mm 
thickness)  in  a  W51  temper  (solution  treated,  stretched,  and  naturally 
aged)  with  a  nominal  elemental  composition  (wt%)  of  5,9  to  6.9  Zn, 
2.0  to  2.7  Mg,  1.9  to  2.5  Cu.  0.08  to  0.15  Zr.  and  (Fe  +  Si)  <  0.1. 

Laboratory  processing  involved  solution  heat  treatment  for  1  h 
at  475*0  followed  by  a  water  quench  (ambient)  and  tonvomional  or 

•Alcan  International  Limited,  Banbury,  Oxon,  0X16  78P  England. 
’’’Alcan  Plate  Limited,  Kitts  Green.  Birmingham,  B33  9QR  England. 


RRA  aging  treatments.  RRA  involved  retrogression  at  180  or  200°C 
for  various  times  up  to  180  min  and  re-aging  at  120’C  for  a  standard 
time  ol  24  h.  Ovoraged  m.crostructures  (T73-Lab)  involved  aging 
W51  material  24  h  at  120°C  followed  by  20  h  at  160*0. 

Electrical  conductivity  (measured  as  a  percentage  of  the 
International  Annealed  Copper  Standard,  %IACS)  and  Vickers 
hardness  (Hv)  were  monitored  during  heat  treatment.  Electrical 
conductivity  measurements  are  a  useful  means  of  following  changes 
in  solute  distribution.  All  known  metallic  additions  to  aluminum  reduce 
its  electrical  conductivity,  those  in  solid  solution  depress  the  conduc¬ 
tivity  to  a  greater  extent  than  those  out  of  solution.  Since  electrical- 
conductivity  measurements  can  be  made  quickly  and  easily,  this 
provides  a  convenient  method  for  assessing  an  alloy’s  temper  and 
stress  corrosion  susceptibility.  Although  it  is  unlikely  that  conductivity 
and  intergranular  SCC  are  directly  related,  it  is  well  known  for 
AI-Zn-Mg(Cu)  alloys  that  the  higher  the  conductivity,  the  greater  the 
extent  of  alloying  additions  out  of  solution  and  the  greater  the 
resistance  to  SCC.6-'  Exfoliation  resistance  for  the  T651  and  RRA 
tempers  was  assessed  using  the  ASTM  EXCO*  test,  ASTM  G34-86, 
with  exposure  times  of  48  h  on  the  t/10  surface.  EXCO  samples  aro 
rated  on  their  degree  of  exfoliation  after  exposure  to  the  EXCO 
solution,  A  rating  of  Ed  indicates  the  least  resistance  to  exfoliation 
corrosion,  while  resistance  increases  through  Ed  to  Ea.  P  indicates 
a  change  in  corrosion  attack  from  exfoliation  to  pitting.  SCC  testing 
was  conducted  in  an  acidified  saline  environment 
(2%NaCI/0.5%Na2CrO4pH3)  using  displacement-loaded,  double¬ 
cantilever  beam  specimens  loaded  in  the  short-transverse  direction 
and  oriented  so  that  crack  propagation  occurred  in  the  longitudinal 
direction. 

Characterization  of  7150  microstructures  was  achieved  using  a 
JEOL'  20Q0FX  transmission  electron  microscope  (TEM)  fitted  with 
energy  dispersive  x-ray  analysis  equipment.  Chemical  analyses  of 
grain-boundary  regions  were  obtained  using  a  VG-HB501*  scanning 
transmission  electron  microscope  (STEM)  with  a  probe  diameter 
smaller  than  3  nm. 
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FIGURE  1— A  schematic  diagram  Illustrating  the  effect  of  Iso¬ 
thermal  aging  on  the  strength  and  resistance  to  stress  corro¬ 
sion  cracking  of  7XXX  series  aluminum  alloys.2 
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FIGURE  2— The  effect  of  retrogression  and  re-aglng  on  the 
strength  of  7XXX  series  aluminum  alloys.® 
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FIGURE  3— Retrogression  conditions  required  to  Impart  peak 
strength  (T651)  and  high  resistance  to  environment-sensitive 
cracking  (T73),  after  subsequent  re-aglng,  to  7475. 
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Results  and  Discussion 

Mechanical  properties 

Commercially  produced  7150-T651  had  a  hardness  of  190  ±  2 
Hv  and  a  conductivity  of  34.3  ±  1%  IACS.  These  properties  were 
evaluated  for  different  retrogression  treatments  to  determine  the 
conditions  under  which  improved  properties  could  be  obtained.  The 
results  indicated  that  the  hardness  and  conductivity  values  of 
commercially  produced  T651  material  can  be  achieved  using  RRA 
procedures  (Figure  4)  while  maintaining  strength  and  ductility  (Table 
1).  The  observed  reduction  in  strength  after  retrogression  has  been 
discussed  previously.9,10  Two  views  prevail:  Park  and  Ardell  suggest 
that  the  initial  loss  in  properties  results  from  partial  or  complete 
dissolution  of  small  in’  precipitates  9  whereas  Danh,  et  al.,  conclude 
that  the  initial  decrease  is  associated  with  the  reversion  of  Guinier- 
Preston  zones.10  Both  theories  provide  satisfactory  explanations  for 
loss  of  strength,  and  it  is  possible  that  both  operate  with  retrogression 
treatment8  and/or  earlier,  commercial  processing  of  the  material 
dictating  which  mechanism  predominates.  Increases  in  strength 
associated  with  re-aging  after  retrogression  are  critically  dependent 
on  the  retrogression  time.  If  times  are  sufficiently  short,  strengths 
may  be  increased  to  T651  levels  by  re-precipitation  of  a  fine 
distribution  of  T|'  during  re-aging.  During  longer  retrogression  times, 
precipitate  growth  occurs  and  increases  in  strength  after  re-aging 
becomes  less  significant. 

Optical  metallographic  examination  of  7150  microstructures 
failed  to  distinguish  between  peak-aged,  RRA,  and  overaged  mate¬ 
rial.  TEM  studies,  however,  revealed  differences  reflecting  the 
observed  changes  in  corrosion  performance.  The  matrix  (n’)  precip¬ 
itates  of  the  RRA  material  were  finer  than  those  found  for  the 
peak-aged  material,  which,  in  turn,  were  finer  than  the  matrix 
precipitates  of  the  overaged  material  (Figure  5).  In  contrast,  the  mean 
grain-boundary  precipitate  size  in  the  RRA  (and  overaged)  material 
was  larger  than  that  in  the  peak-aged  material  (Table  2).  Precipitate 
free  zone  (PFZ)  width,  as  reported  by  others,  was  found  to  be 
independent  of  aging  (Table  2). 11 
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FIGURE  4— Effect  of  retrogression  and  re-aglng  on  the  hardness 
and  conductivity  of  7150. 

Environment-sensitive  properties 
The  EXCO  performance  of  71 50  that  was  given  RRA  treatments 
providing  T651  equivalent  strengths  with  low  and  high  conductivities 
was  compared  to  that  of  the  T651  material,  T651  material  suffered 
severe  exfoliation,  and  RRA  material  behavior  depended  on  the  time 
of  retrogression:  For  times  <  30  min  (conductivities  <  36%  IACS) 
intergranular  attack  predominated,  whereas  for  times  in  excess  of  45 
min  (conductivities  >  38%  IACS),  localized  pitting  occurred,  signify¬ 
ing  a  high  resistance  to  exfoliation  corrosion  (Figure  6).  Figure  6(b) 
shows  that  a  critical  conductivity  exists  (38%  IACS)  beyond  which 
localized  corrosion  via  an  intergranular  path  is  minimized.6,7  On  this 
basis.  RRA-treated  material  can  provide  better  corrosion  resistance 
than  the  overaged  material,  which  is,  however,  superior  to  the  T651 
material. 
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TABLE  1 

Typical  Mechanical  Properties  of  7150-T651  and  a  RRA  Temped 


Temper 

Hardness 

Conductivity 

0.2%  oy 

Ultimate  Tensile 

Elongation 

(Hv) 

(%  IACS) 

(MNm"2) 

Strength  (MNm-2) 

(%) 

T651 

192 

34.3  ±  1 

585 

620 

12 

RRA 

192 

38  0 

585 

620 

11 

^•'Providing  T6  strengths  and  T73  SCC  and  exfoliation  corrosion  resistance. 


FIGURE  5— Bright  Hold  micrographs  of  grain-boundary  precip¬ 
itates  In  samples  of  7150  after  various  heat-treatment  condi¬ 
tions:  (a)  T651,  (b)  T73,  and  (c)  RRA. 


TABLE  2 

Grain-Boundary  Precipitate 
Sized  for  7150-T651,  T73,  and  RRA  Tempers 


Temper 

Precipitate  Size  (nm) 

Precipitate  Free 

Length 

Width 

Zone  Width  (nm) 

T651 

45.0  ±  16.5 

16.1  ±  4.5 

31.8  ±  4.9 

RRA 

72.0  ±  26.2 

24.1  s  5.7 

32.4  ±  5.5 

T73 

88.0  ±  26.4 

32.2  ±  8.5 

37.0  ±  3.7 

Similarly,  SCC  performance  can  be  related  to  conductivity.  7150 
shows  the  expected  behavior:12  laboratory  peak-aged  material 
{conductivity  <  36%  IACS)  is  susceptible  to  SCC,  whereas  material 
given  suitable  RRA  treatments  (conductivity  >  38%  IACS)  displays 
lower  crack  propagation  rates  and  higher  threshold  stress-intensity 
factors  (Figure  7).  Previous  studies  have  linked  improved  SCC 
resistance  to  microstructural  characteristics  such  as  grain-boundary 
precipitate  size  and  spacing,13'16  PFZ  width  or  solute  content,14'19 
matrix  precipitation  and  slip  characteristics, 20  22  and  grain-boundary 
segregation.11'15'23'26  None  of  the  evidence  presented  to  date  is 
unequivocal  because  it  is  impossible  to  interdependently  vary  the 
various  micros'oictural  parameters  listed  above.  Nevertheless,  the 
influence  of  alloy  microstructure  upon  SCC  has  been  discussed 
extensively  in  mechanistic  terms  and  is  reviewed  elsewhere.29  30 

Accepted  SCC  crack  growth  mechanisms  fall  into  two  generic 
categories:  in  one,  crack  propagation  occurs  via  anodic  dissolution 
(AD),  and  in  the  other,  it  is  via  hydrogen  embrittlement  (HE). 
Beneficial  effects  of  RRA  upon  SCC  susceptibility  with  respect  to 
T651  material  have  been  attributed  to  increases  in  grain-boundary 
precipitate  size  and  spacing.  Mechanistic  interpretations  encompass 
both  AD  and  HE  crack  propagation  mechanisms.  For  example, 
Thompson,  et  al.,6  suggest  that  RRA  reduces  the  dissolution  kinetics 
of  grain-boundary  precipitates,  thereby  lowering  local  stress-raising 
effects,  whereas,  Rajan,  et  al.,5  use  the  proposals  of  others  that 
grain-boundary  precipitatos  above  a  critical  size  act  as  hydrogen 
discharge  sites  and  thereby  reduce  HE  susceptibility.31 32  Neither  of 
these  interpretations  are  complete  since  the  observed  SCC  suscep¬ 
tibilities  rankings  (T651  »  T73  >  RRA)  do  not  match  those  of  the 
grain-boundary  precipitate  size  and  spacing,  for  which  T651 »  RRA 
>  T73  (Table  2). 


Grain-boundary  segregation 
Grain-boundary  segregation  is  often  cited  as  a  factor  influencing 
SCC  of  7XXX  series  alloys.  Available  spatial  resolution,  i.e.,  with 
beam  diameters  of  >20  nm,  has  limited  previous  attempts  to 
chemically  analyze  grain-boundary  regions.  In  the  present  study,  the 
use  of  improved  spatial  resolution,  <.  3  nm,  has  allowed  a  detailed 
investigation  of  Zn,  Mg,  and  Cu  segregation  to  within  the  PFZ  and  on 
grain  boundaries  (Figure  8),  Grain-boundary  Mg  levels  for  T651 
material  were  slightly  above  the  matrix  levels  and  increased  with 
further  aging,  whereas  zinc  levels  were  below  matrix  levels  and 
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decreased  with  aging,  being  highest  for  the  T651  temper  (~  2  wt%) 
and  least  for  RRA  material  (<0.5  wt%).  Copper  segregation 
displayed  similar  trends  to  zinc  with  the  influence  of  aging  being  more 
pronounced:  Cu  levels  on  T651  high-angle  grain  boundaries  dis¬ 
played  considerable  scatter,  i.e.,  4  to  14  wt%  Cu  compared  to  the 
overaged  (T73-Lab)  and  RRA  tempers  with  average  concentrations 
of  2.5  and  i%,  respectively.  Similar  data  has  been  reported 
previously  for  7075-T6  when  overaged  to  a  T7X  temper  (T6  +  24  h 
1600C).  Rao’s  data  is  in  remarkable  agreement,  he  quotes  (wt%) 
magnesium  increases,  0.97  (±  0.61)  to  1.68  (±  0.50);  zinc  de¬ 
creases  6.32  (±  0.52)  to  2.72  (±  0.31);  and  copper  decreases  4.96 
(±  0.47)  to  2.32  (±  0.26).' 1  Earlier  work  by  Doig,  et  at.,  detected  a 
reduction  of  at  least  a  factor  of  two  for  copper  but  failed  to  observe 
any  changes  in  zinc  or  magnesium  segregation.® 
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FIGURE  6 — (a)  Comparison  of  a  cross  section  from  a  7150-T651 
sample  with  those  of  7150-RRA  samples  after  48-h  exposure  to 
EXCO  solution  and  (b)  the  relationship  between  the  resistance 
to  exfoliation  corrosion  and  conductivity  of  7150. 


STRESS  INTENSITY  FACTOR  (MNm3/2  ) 

FIGURE  7— The  resistance  to  stress  corrosion  cracking  of  7150 
and  7075  {UNS  A97075)  In  various  commercial  and  RRA  tem¬ 
pers. 


The  role  of  magnesium  segregation  during  SCC  was  recently 
reviewed  by  Seamans,  et  al.,25  who  conclude  that,  in  itself,  it  does  not 
induce  SCC,  but  it  promotes  grain-boundary  reactivity  and  the 
localized  entry  of  hydrogen.  Results  obtained  here  showing  that 
grain-boundary  magnesium  segregation  increases  with  increasing 
SCC  resistance  (Figure  8)  confirm  that  Mg  segregation  is  not  the 
dominant  feature  controlling  SCC,  despite  free  magnesium  being 
present  on  grain  boundaries.25  Schmiedel  and  Gruhl  suggest  SCC  of 
AI-Zn-Mg(Cu)  alloys  is  independent  of  magnesium  segregation  and 
is  controlled  by  grain-boundary  zinc  segregation,26  which  is  inferred 
to  induce  increased  hydrogen  solubility  and  hence  enhance  SCC. 
This  proposal  is  based  on  SCC  time-to-failure  data  for  a  range  of 
Al-Zn-Mg  alloys  that  show  a  good  correlation  with  measured  grain- 
boundary  region  zinc  concentrations  but  no  relationship  with  the  local 
magnesium  concentrations  (see  figure  in  Reference  28).  Doig,  et  al., 
on  the  other  hand,  attribute  overaging’s  beneficial  effects  upon  SCC 
solely  to  the  reduced  cathodic  electrochemical  kinetics  of  grain¬ 
boundary  regions  with  lower  concentrations  of  copper  in  solid 
solution.23 

Clearly,  further  work  is  needed  to  elucidate  the  mechanisms 
controlling  the  SCC  of  Al-Zn-Mg-Cu  alloys.  Proposals  that  grain¬ 
boundary  precipitate  size  and/or  spacing  control  SCC  are  obviously 
Incomplete  since  the  SCC  rankings  (T651  »  T73  >  RRA)  do  not 
match  those  of  the  grain-boundary  precipitation  (T651  »  RRA  > 
T73).  Similarly,  grain-boundary  segregation  arguments  are  inade¬ 
quate.  Schmiedel  and  Gruhl’s  concept  that  zinc  segregation  controls 
SCC  is  not  easily  explained  because  zinc-hydrogen  interactions  are 
not  expected  to  be  strong,30  and,  as  with  magnesium  segregation, 
the  maximum  concentrations  occur  for  the  as-solution-treated  con¬ 
dition,  which,  in  the  absence  of  precipitation,  is  immune  to  SCC.25'33 
The  copper-segregation-based  arguments  of  Doig  and  Edington,'8  et 
al.,  also  have  limitations,23  as  highlighted  by  Rao,"  since  grain¬ 
boundary  region  electrochemistry  will  also  be  influenced  by  zinc  and 
magnesium  segregation  levels. 

Several  factors  may  contribute  to  the  improved  SCC  resistance 
of  Al  Zn  Mg  Cu  alloys  provided  by  retrogression  and  re-aging.  These 
will  include  grain  boundary  precipitation  (size,  composition,  morphol 
ogy,  and  spacing)  and  copper  segregation.  A  complete  understand 
ing  of  the  relative  importance  requires  further  work. 
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FIGURE  8-Hlgh-resolutlon  grain-boundary  solute  concentra¬ 
tion  proliles  for  various  tempers  of  7150:  (a)  T651,  (b)  773,  and 
(c)  RRA. 


Conclusion 

(1)  RRA  thermal  processing  7150  plate  via  a  commercially 
viable  process  route  provides  a  temper  with  T651  strengths,  and 
SCC  and  exfoliation  corrosion  resistance  superior  to  T73  material. 

(2)  The  microstructure  of  this  temper  consists  of  a  peak-aged 
matrix  (mainly  precipitates)  and  overaged  grain  boundaries. 

(3)  SCC  and  exfoliation  corrosion  resistances  increase  signifi¬ 
cantly  when  7150  conductivities  exceed  38%  IACS. 
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Effect  of  pH  on  the  Stress  Corrosion  Cracking 
of  70/30  Brass  in  Fluoride  Solutions 

H.C.  Shih  and  R.J.  Tzou* 

Abstract 

The  stress  corrosion  cracking  (SCC)  behavior  of  70/30  brass  has  been  studied  in  sodium  fluoride 
solutions  at  20°C  using  the  slow-strain-rate  technique.  Under  free  corrosion  conditions,  the  effect  of 
strain  rates  on  the  SCC  susceptibility  was  determined.  It  was  found  that  the  strain  rate  for  the  most 
severe  SCC  was  at  1.1  x  10-s  s-1.  Using  this  strain  rate,  the  effect  of  pH  value  on  the  susceptibility 
of  SCC  was  assessed  from  a  quantitative  expression  of  maximum  stress  and  reduction  of  area  in  this 
solution.  The  electrochemistry  of  the  brass/fluoride/pH  system  is  presented,  and  a  correlation  between 
SCC  results  and  the  electrochemical  behavior  is  established.  Results  are  summarized  as  follows:  (1) 

SCC  of  70/30  brass  can  occur  in  the  fluoride;  (2)  the  critical  pH  value  was  found  to  be  10;  above  this, 

SCC  will  be  inhibited;  (3)  the  application  of  a  cathodic  potential  prevented  SCC,  while  an  anodic 
potential  accelerated  SCC  of  brass  in  fluoride  solutions;  and  (4)  the  results  are  consistent  with  the 
concept  that  anodic  dissolution  initiates  SCC,  while  a  film  formed  on  the  surface  of  brass  may  be 
responsible  for  diminished  SCC. 


Introduction 

Stress  corrosion  cracking  (SCC)  has  proved  to  be  one  of  the  most 
frequent  causes  of  failure  of  copper  alloy  equipment  in  industry.  One 
technique  particularly  useful  in  determining  the  susceptibility  of 
metallic  materials  to  SCC  is  the  slow-strain-rate  test  (SSRT).1'4  The 
advantages  and  limitations  of  this  technique  have  been  discussed  in 
depth.5  The  results  of  an  SSRT  are  expressed  in  stress-elongation 
curves  from  which  it  is  possible  to  obtain  both  the  ultimate  tensile 
stress  (UTS)  and  reduction  in  area  (RA)  values  The  lower  these 
values  are  in  comparison  with  those  determined  in  an  inert  environ¬ 
ment  under  the  same  experimental  conditions,  the  more  susceptible 
the  material  is  to  SCC.  Among  the  advantages  of  this  technique,  as 
compared  to  those  at  constant  load  or  total  strain,  are  its  high  degree 
of  reproducibility  and  its  relatively  short  execution  time, 

70/30  brass  has  high  strength  and  excellent  hot-working  prop¬ 
erties  and  is  widely  used  for  heat  exchangers,  valve  stems,  and  rivets 
because  of  Its  relative  ease  of  fabrication  and  low  cost.  However,  it 
usually  exhibits  somewhat  poor  resistance  to  SCC,  which  limits  its 
applications.  For  many  years,  brass  was  thought  to  fail  only  in 
ammoniacal  environments,  but  later  work  has  shown  cracking  to 
occur  In  nonammoniacal  environments  as  diverse  as  sulfate,®  0 
acetate,  formate,  tartrate,  hydroxide,10  acidic  chloride,"  mercurous 
nitrate,12-13  and  sodium  nitrite  solutions.14-15  Little  Is  known  about  the 
cracking  susceptibility  of  70/30  brass  in  applications  Involving  fluoride 
solutions.  For  example,  fluoride  solutions  are  used  to  produce  metal 
fluorides,  such  as  cobalt  fluoride,  antimony  fluoride,  and  particularly 
uranium  hexa-fluoride  in  nuclear  plants,  It  is  also  known  that  the 
addition  of  a  few  ppm  of  fluorine  as  sodium  fluoride  to  drinking  water 
can  reduce  tooth  decay. 

The  purpose  of  the  present  work  on  70/30  brass  is  to  investi¬ 
gate.  by  means  of  the  SSRT  technique,  the  susceptibility  and 
inhibition  of  SCC  in  this  alloy  in  NaF  solutions  at  various  concentra¬ 
tions  and  pH  levels. 


‘Department  of  Materials  Science  and  Engineering,  National  Tsing 
Hua  University.  Hsinchu  30043.  Taiwan,  Republic  of  China. 


Experimental 

The  chemical  composition  (wt%)  of  the  commercial  annealed 
brass  plate  used  in  these  tests  was  29.9%  Zn,  0  02%  Fe,  0  02%  Si, 
and  0,007%  Ni,  with  a  balance  of  Cu,  as  analyzed  by  atomic  emission 
spectrometry. 

Round  specimens  fabricated  from  4.76-mm-diameter  rod  had 
threaded  ends  and  a  3.175-mm  diameter  by  12.7-mm  gauge  length, 
according  to  ASTM  649-76.18  Prior  to  testing,  the  gauge  length  of  the 
specimen  was  polished  with  alumina  powder  (3  pm)  along  the  tensile 
direction  to  avoid  a  possible  notch  effect,  then  degreased  in  acetone, 
and  dried  in  air.  The  chemicals  used  in  this  study  were  of  extra  pure 
grade;  deionized  water  was  used  to  prepare  the  test  solutions. 

The  SSRT  technique  was  used  in  inis  iesi,  and  the  assembly  is 
similar  to  that  used  elsewhere.17  The  driving  mechanism  consists  of 
a  moderately  hard  straining  frame  producing  six  crosshead  speeds 
easily  varied  by  gear  changes.  The  use  of  a  constant  speed  motor 
driving  through  reduction  boxes,  gear  wheels,  and  chain  sprocket 
drives  gives  a  reliable  positive  drive.  The  load  and  elongation  are 
monitored  continuously  by  a  load  cell  and  a  displacement  transducer 
until  fracture  occurs.  All  tests  were  performed  in  aerated  sodium 
fluoride  solutions  over  a  pH  range  of  2  to  12.  The  pH  value  was 
adjusted  with  eitner  NaOH  or  HF.  Experiments  were  performed  under 
open-circuit  conditions  as  well  as  at  applied  controlled  potentials  The 
RA  and  UTS  of  the  fractured  specimen  was  then  measured,  and  the 
fracture  morphology  was  examined  by  means  of  scanning  electron 
microscopy  (SEM). 

Potentiodynamic  polarization  was  also  studied  for  each  alloy/ 
environment  system  at  a  scan  rate  of  1  mV/s.  The  polarization 
apparatus  is  similar  to  the  standard  assembly  used  elsewhere  18  The 
data  were  obtained  using  a  Princeton  Applied  Research1  Model  273 
potentiostat/galvanostat  interfaced  to  an  IBM  PC/AT  for  data  pro¬ 
cessing,  storage,  and  analysis.  Potentials  were  measured  against  a 
saturated  calomel  electrode  (SCE),  as  were  all  potentials  in  this 
investigation. 
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Results 

When  the  tensile  tests  were  performed  in  air,  the  UTS  was 
observed  at  372  MPa  and  the  corresponding  RA  was  at  67.8%,  the 
strain  was  at  82.7%.  These  data  can  be  used  as  a  standard  for 
comparison. 

Stress-strain  curves  at  open-circuit  potentials  (OCPs) 

Experiments  were  conducted  to  determine  the  most  suitable 
conditions  for  producing  SCC,  both  in  terms  of  strain  rate  and  fluoride 
concentration  with  various  pH  values.  Figure  1  shows  the  stress- 
strain  curves  at  various  strain  rates  in  0.1  M  NaF  (pH  6.2).  Both  at  the 
highest  (5  x  io-5  s"’)  and  lowest  rates  (2  x  io-6  s'1)  tested,  the 
curves  showed  considerable  SCC  susceptibility,  i.e.,  lower  UTS,  RA, 
and  elongation  values  compared  with  the  specimen  failed  in  air.  To 
produce  strong  evidence  for  cracking,  it  seemed  necessary  to  use  an 
intermediate  strain  rate  of  1  x  10~5  s'1.  At  this  strain  rate,  not  only 
the  UTS  values,  but  also  the  RA  values  of  the  test  in  fluoride  solution 
were  lower  than  those  obtained  from  other  strain  rates,  as  shown  in 
Figure  2. 


FIGURE  1  -Stress-strain  curves  of  70/30  brass  in  0.1  M  (4200 
ppm)  sodium  fluoride  (pH  =  6.2)  at  various  strain  rates:  (1)  5  x 
10'*  s'1,  (2)  1.2  x  10-*  -',(3)  1  x  10"*  s-’,  (4)  2.5  x  10-8  s-\ 
and  (5)  2  x  10"8  s'1. 


FIGURE  2-Effect  of  strain  rates  on  the  UTS,  RA,  and  elongation 
of  70/30  brass  In  0.1  M  sodium  fluoride  solution  (pH  =  6.2). 


The  stress-strain  curves,  relating  to  a  series  of  measurements 
performed  to  establish  the  pH  range  critical  to  SCC,  are  shown  in 
Figure  3  From  these  results,  it  can  be  seen  that  there  is  relatively 
tittle  difference  betv/een  stress-strain  curves  between  pH  10.0  and 
pH  11.2  fluoride  solution  (0.1  M).  Furthermore,  the  tensile  result  of 
brass  in  solution  pH  1 2.5  is  similar  to  the  ductile  fracture  of  Specimen 
4  tested  in  air.  However,  relatively  severe  decreases  in  elongation 
were  observed  in  the  solutions  pH  <  9.1.  The  effect  of  pH  on  UTS 
and  RA  is  shown  in  Figure  4.  Results  indicate  that  significant 
recovery  of  ductility,  as  expressed  by  values  of  UTS  and  RA,  occurs 
in  solutions  with  pH  1 0.  On  the  contrary,  the  low  values  of  both  UTS 
and  RA,  indicating  SCC  susceptibility,  are  almost  invariable  with  pH 
at  <  9.1. 


FIGURE  3— Stress-strain  curves  of  70/30  brass  in  0.1  M  sodium 
fluoride  solution  at  various  pH  values. 


FIGURE  4-Effect  o!  pH  on  the  UTS  and  RA  of  70/30  brass  In  0.1 
M  sodium  fluoride  solution  at  the  open-circuit  potential.  (Strain 
rate  =  1.1  x  10"*  s"\) 


Stress-strain  curves  obtained  in  various  fluoride  concentrations 
are  shown  in  Figure  5.  Apparently,  there  is  little  difference  between 
stress-strain  curves  in  fluoride-free  solution  and  those  in  the  solution 
containing  1  ppm  fluoride.  Moreover,  a  significant  reduction  in  strain 
appears  between  1  ppm  and  10  ppm  fluoride.  Further  decreases  in 
strain  were  observed  in  the  solutions  containing  1000  ppm  fluoride  or 
more.  Figure  6  shows  the  effect  of  fluoride  concentrations  on  the  UTS 
and  RA,  indicating  that  higher  fluoride  concentrations  lead  to  greater 
SCC  susceptibility. 
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Stress-strain  curves  at  the  applied  potentials 
A  series  of  tests  was  conducted  at  different  potentials  varying 
from  -600  to  +300  mVSCE  to  investigate  the  effect  of  potential  on  the 
SCC  behavior  in  0.024  M  (1000  ppm)  fluoride  solution.  It  was 
observed  that  no  SCC  occurred  when  the  specimen  was  cathodically 
polarized  at  -300  and  -600  mVSCe.  respectively.  The  OCP  here 
was  approximately  50  mV5CE.  On  the  other  hand,  when  the  applied 
potentials  were  set  at  0  and  i  300  mV,  respectively  (i.e.,  anodically 
polarized/,  SCC  did  oocui,  as  shown  in  Figute  7.  The  relationship 
tietweeri  UTS,  BA,  OCP.  arid  the  applied  potential  in  fluo,ide  solution 
can  bo  seer,  from  Figure  8.  It  is  clear  that  tho  severity  of  SCC 
increases  with  increasing  applied  potential. 

Electrochemical  analysis 

Effect  of  pH.  Polarization  experiments  were  conducted  with 
unstressed  specimens  m  o.l  M  sodium  fluoride  foi  different  solution 
pH,  the  results  ate  shown  in  Figure  9.  It  is  cleat  from  Figure  9^/  that 
the  anodic  behavior  of  biass  is  almost  indiscernible  in  solutions  with 
ph  -  8  and  that  no  passivation  tahes  place.  Figure  9 \by,  huwevei, 
shows  apparui it  passivation  of  brass  m  solutions  with  pH  1 0,  which 
is  probably  a  result  of  the  oxide  film  on  the  specimen  surface.  A 
prominent  peak  showing  at  360  mVSCE  on  the  cathodic  curve. 


Applied  potential  (  mV  vs  SCE  ) 

FIGURE  8— Effect  of  applied  potential  on  UTS  and  RA  of  70/30 
brass  In  0.024  M  (1000  ppm)  sodium  fluoride  solution  (pH  =  6.2). 

A  slight  variation  of  the  passive  currents,  as  observed  on  the  anodic 
curve  [Figure  9(b;],  is  within  a  factor  of  1 .4.  Figure  9(c)  shows  that  the 
OCP  of  brass  becomes  much  more  negative  as  pH  value  increases. 
This  suggests  that  hydroxyl  ions  may  polarize  the  cathodic  reaction 
substantially  and  thus  act  as  a  cathodic  inhibitor  for  SCC.  For 
instance,  the  OCP  decreases  from  -10  to  -280  mVSCE  as  pH 
increases  from  6  to  11.  At  pH  11,  the  measured  OCP  was  found  at 
-280  mVSCE  (-38  mVSHE),  which  corresponds  to  the  stable  phase 
of  Cu20  according  to  the  E-pH  diagram'9  20  of  Cu/H20  a  25°C. 

Effect  of  fluoride  Ion  concentration.  Polarization  curves  of 
unstressed  specimens  were  also  determined  in  solutions  with  various 
fluoride  concentrations,  and  the  results  foi  neutral  solutions  (pH  6.2) 
are  shown  m  Figuie  10.  It  is  clear  from  this  figure  that  the  more 
concentrated  the  fluunde,  tho  higher  the  anodic  and  cathodic  current 
densities.  For  instance,  the  polarization  curves  remain  active  even  at 
the  anodic  potential  up  to  *  1000  mVSCE,  and  the  corrosion  current 
increases  as  the  fluoride  concentration  increases. 
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FIGURE  9— (a)  and  (b)  Effect  of  pH  on  tho  polarization  curves  of 
unstressed  70/30  brass  in  0.1  M  (4200  ppm)  sodium  fluoride 
solutions  (scan  rate  1  mV/s)  and  (c)  effect  of  pH  on  the  corrosion 
potential  of  70/30  brass  In  0.1  M  sodium  fluoride  solutions. 


FIGURE  10— Polarization  behavior  of  the  unstressed  70/30 
brass  in  different  concentrations  of  fluoride  solution  (pH  =  6.2). 


Fractographic  observations 
As  shown  in  Figure  1 1,  the  fracture  morphology  shows  predom¬ 
inantly  intergranulai  failure  for  the  specimen  tested  at  OCP  in  the  0.1 
M  sodium  fluoride  solution  (pH  6.2).  Photomacrographs  show  that 
secondary  cracks  are  also  clearly  visible  along  the  gauge  length 
exposed  to  the  solution  containing  different  concentrations  of  fluo¬ 
ride,  as  shown  in  Figure  12.  Almost  no  secondary  cracks  are  visible 
on  the  gauge  section  of  70/30  brass  in  1  ppm  fluoride  solution, 
whereas  the  secondary  cracks  are  apparent  in  10  ppm  or  mere 
fluoride  solution. 


FIGURE  11-lntergronular  SCC  of  70/30  brass  In  0.1  M  (4200 
ppm)  sodium  fluoride  solution  (pH  =  6.2). 


Discussion 

A  significant  result  of  the  present  study  is  the  clear  susceptibility 
of  70/30  brass  to  intergranular  SCC  in  aqueous  fluoride  solution  at 
the  OCP  in  the  pH  <  9.1. 

The  results  indicate  that  the  major  factors  that  determine  SCC 
susceptibility  in  70/30  brass  are  the  pH  and  the  fluoride  concentration 
of  the  solution.  Specimens  in  solutions  with  pH  <  9.1  were  subject  to 
general  corrosion  and  were  very  susceptible  to  SCC,  provided  that 
the  fluoride  concentration  exceeded  10  ppm.  These  effects  of  the  pH 
and  fluoride  concentration  on  both  the  UTS  and  RA  are  consistent 
with  the  SCC  mechanism  involving  stress-enhanced  anodic  disso¬ 
lution.  Tho  formation  of  a  cuprous  oxide  film  protects  the  specimen 
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from  corrosion  and  SCC.  (See  Figure  13.)  The  idea  that  anodic 
dissolution  is  the  rate-controlling  step  in  the  SCC  of  copper  alloys  is 
not  new.  The  work  of  previous  investigators,  which  shows  that  anodic 
polarization  generally  accelerates  SCC,  while  cathodic  polarization 
retards  it,  can  also  be  attributed  to  the  enhancement  of  anodic 
dissolution.7'21'22 


FIGURE  12— Photomacrographs  showing  secondary  cracks  on 
the  side  surfaces  of  70/30  brass  in  (a)  1  ppm,  (b)  10  ppm,  (c)  100 
ppm,  and  (d)  420  ppm  sodium  fluoride  solutions. 


Potentiodynamic  polarization  curves  suggest  that  the  specimen 
is  generally  corroded  in  the  solution  pH  <-  9.1,  whereas  the  passive 
film  is  formed  at  solution  pH  >  10.  Verink,  et  al. 23  reported  that 
cuprous  oxide  was  found  in  the  stable  thin  film  corrosion  products  on 
brass  and  observed  that  this  film  was  sufficient  to  reduce  the  extent 
of  dezincification  of  brass.  This  result  is  consistent  with  the  sugges¬ 
tion  that  anodic  dissolution  is  responsible  for  the  initiation  of  SCC, 
and  the  cuprous  oxide  film  forms  the  protectiveness  against  the 
occurrence  of  SCC. 

These  results  can  be  compared  to  those  obtained  when  sodium 
sulfate  is  used  as  an  SCC  medium  for  admiralty  brass.8’1 1  Ka- 
washima,  et  al. 7  reported  that  maximum  susceptibility  to  SCC  in 
sodium  sulfate  solution  lies  in  the  pH  range  of  4  to  10,  and  the 
severity  of  SCC  increases  on  applying  anodic  potentials  of  27  to 
+  238  mVsce.  However,  they  did  not  observe  SCC  under  open-circuit 
conditions.  It  is  also  interesting  to  note  that  some  investigators  have 
observed  SCC  of  brass  at  the  OCP  in  nonammomacal  solutions  such 
as  sodium  nitrite,  sodium  chlorate,  and  sodium  chloride.141522 
These  investigators  also  showed  SCC  of  brass  pH  4  to  9  at  1.5  a 
10  5  s"  \  beyond  which  no  SCC  of  brass  was  observed.  The  results 
of  brass  in  F  environments,  however,  indicated  that  SCC  occurs  in 
neutral  and  acidic  F  environments  (pH  v  9.1)  and  showed  no  SCC 
in  an  alkaline  F"  environment  (pH  -  10).  The  major  disagreement  is 
that  the  SCC  of  brass  in  F  environments  can  extend  to  a  much  more 
acidic  environment  (pH  4)  where  no  SCC  was  observed  in 
Na2S04,  NaN02  and  NaCI03.  It  is  well  known  that  brass  is 
susceptible  to  stress  corrosion  in  hydrofluoric  acid.24 

Supporting  data  about  the  aggressiveness  of  fluoride  ions  have 
been  published  by  many  investigators.25'27  Fluoride  ions,  even  in  a 
neutral  sodium  fluoride  solutidn,  could  increase  the  critical  and 
passive  current  densities  of  titanium  and  zirconium  alloys  during 
anodic  polarizations.2526  Valand,  et  al.,27  also  provided  evidence  of 
the  aggressiveness  of  fluoride  ions  on  pure  aluminum.  It  is  worth 
noting  that  the  fracture  mode  of  70/30  brass  in  sodium  fluoride 
solution  belongs  to  intergranular  SCC,  accounting  for  the  fac'  that  the 
grain  boundary  is  more  active  and  dissolves  at  a  higher  rate  than  the 
grain  interior.  In  other  words,  the  anodic  sites  are  the  grain 
boundaries,  and  the  grain  interiors  act  as  cathodic  sites.  Thus, 
localized  zinc  dissolution  takes  place  at  the  gram  boundaries.  These 
zones  will  crack  readily  in  the  presence  of  stress.  Several  workers 
favor  the  intergranular  SCC  mechanism  for  brass,  which  involves  the 
dezincification  at  the  crack  tip.12  22  Pugh,  et  a!.,28'30  and  Bertocci,  et 
al., 31 32  indicated  that  an  explanation  can  be  made  on  the  basis  of  the 
belief  that  dezincification  plays  a  key  role  in  the  embrittlement 
process.  The  fact  that  pure  copper  did  not  fail  in  either  copper- 
containing  ammonia  solution  indicates  that  zinc  plays  a  vital  role  and 
is  thus  consistent  with  the  dezincification  hypothesis. 
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FIGURE  13-X-ray  diffraction  pattern  of  the  surface  on  70/30  brass  immersed  in  0.1  M  sodium' 
fluoride  solution  (pH  =  12.5). 


Analysis  of  the  results  obtained  in  the  present  research  dem¬ 
onstrates  that  the  SSRT  constitutes  a  reliable  method  for  studying 
SCC  inhibition  relatively  quickly.  Another  significant  feature  of  this 
study,  is  that  a  good  correlation  between  SCC  susceptibility  and  the 
electrochemical  behavior  of  the  alloy/environment  system  has  been 
developed  from  which  a  better  understanding  of  the  mechanism  of 
SCC  can  be  obtained. 


Conclusion 

From  the  results  of  the  present  study,  the  following  conclusions 
can  be  drawn: 

(1) 70/30  brass  undergoes  SCC  in  fluoride  solution  under  free 
corrosion  conditions  for  pH  >=.  9.1.  At  pH  greater  than  10,  SCC 
is  inhibited.  The  fracture  mode  is  predominantly  intergranular. 

(2)  Application  of  cathodic  potentials  can  prevent  SCC,  while  anodic 
polarization  can  accelerate  SCC  of  brass  in  fluoride  solution. 

(3)  Evidence  strongly  suggests  that  anodic  dissolution  at  the  crack 
tip  is  the  rate-controlling  factor  in  SCC. 

(4)  SCC  of  brass  in  F~  environments  can  extend  to  a  much  more 
acidic  environment  (pH  <  4  )  when  no  SCC  was  observed  in 
SO*2'.  NOz“,  and  CI03-. 

(5)  Both  x-ray  diffraction  for  brass  and  the  E-pH  diagram  for  Cu/H20 
show  the  occurrence  of  a  Cu20  film. 

(6)  A  good  correlation  between  SCC  susceptibility  and  the  electro¬ 
chemical  behavior  of  the  brass/fluoride/pH  system  has  been 
obtained. 


Acknowledgment 

This  work  was  supported  by  the  National  Science  Council  of  the 
Republic  of  China  under  Contract  No.  NSC  76-0405-E007-22  to  the 
National  Tsing  Hua  University. 

References 

1.  F.  Mancia,  A.  Tamba,  Corrosion  42(1986):  p.  362. 

2.  F.  Stalder,  D.J.  Duquette,  Corrosion  33, 1(1977):  p.  67. 

3.  T.  Nakayama,  M.  Takano,  Corrosion  42, 10(1986):  p.  592. 

4.  M.  Takano,  Corrosion  30, 12(1974):  p.  441. 

5.  G.M.  Ugiansky,  J.H.  Payer,  Stress  Corrosion  Cracking— The 
Slow  Strain  Rate  Technique,  ASTM  STP  665, 1979. 

6  TR  Pinchback.S.R. Clough, L.A.Heldt, Corrosion 32, 12(1976): 
p.  467. 

7  A  Kawashima,  A.K.  Agrawal,  R.W.  Staehle,  J.  Electrochem. 
Soc.,  124(1977):  p.  1822. 

8.  S.  Torchio,  Corros.  Sci.  26(1986).  p.  1933. 

9.  H.W.  Pickering,  P.J.  Byrne,  Corrosion  29,  8(1973):  p.  325. 

10.  R.N.  Parkins,  N.J.H.  Holroyd,  Corrosion  38,  7(1982):  p.  245. 

11.  S.  Torchio,  Corros.  Sci.  21(1981):  p.  59. 

12  ASTM  B1 54-73  AnnuJ  Book  of  ASTM  Standards,  Part  6 
(Philadelphia,  PA:  ASTM,  1974),  p.  278. 

13.  S  A.  Bradford.  T.  I.ee,  Corrosion  34,  3(1978).  p.  96. 

14.  J.  Yu,  R.N.  Parkins,  Y.  Xu,  G.  Thompson,  G.C.  Wood,  Corros. 
Sci.  27(1987):  p.  141. 


394 


EICM  Proceedings 


15.  J.  Yu,  R.N.  Parkins,  Corros.  Sci.  27(1987):  p.  159. 

16.  ASTM  G-49-76, 1982. 

17.  J.  Congleton,  H.C.  Shih,  R.N.  Parkins,  Corros.  Sci.  25, 8/9(1 985)- 
p.  769. 

18.  N.D.  Creene,  Experimental  Electrode  Kinetics  (Troy,  NY- 
Rensselaer  Polytechnic  Institute,  1965). 

19.  R.J.  Tzou,  H.C.  Shih,  Corrosion,  in  press. 

20.  M.  Pourbaix,  Atlas  of  Electrochemical  Equilibria  in  Aqueous 
Solutions  (Houston,  TX.  National  Association  of  Corrosion 
Engineers,  1974),  p.  387. 

21.  H.  Uhlig,  K.  Gupta,  W.  Liang,  J.  Electrochem.  Soc.  122(1975). 
p.  343. 

22.  V.K.  Gouda,  H.A.  El-Sayed,  G.M.  Sherbini,  Br.  Corros.  J. 
18(1983):  p.  40. 

23.  J.E.  Finnegan,  R.E.  Hummel,  E.D.  Verink  Jr.,  Corrosion  36, 
5(1981):  p.  256. 

24.  M.G.  Fontana,  N.D.  Greene,  Corrosion  Engineering  (New  York, 
NY:  McGraw-Hill,  1976),  p.  260. 

25.  M.J.  Mandry,  G.  Rosenblatt,  J.  Electrochem  Soc  119(1972)- p 
29. 

26.  D.  Rettig,  C.  Voigt,  K.  Schwabe,  Corros.  Sci.  10(1970).  p.  657 

27.  T.  Valand,  G.  Nilsson,  Corros.  Sci.  17(1977):  p.  449. 

28.  E.N.  Pugh,  A.R.C.  Westwood,  Phil.  Mag,  13(1966):  p.  167. 

29.  E.N.  Pugh,  J.A.S.  Green,  Metall.  Trans.  2(1971):  p.  3129. 

30.  E.N.  Pugh,  Atomistics  of  Fracture,  ed.  R.M.  Latanision,  J.R. 
Pickens  (New  York,  NY:  Plenum  Press,  1983),  p  997 

31.  U.  Bertocci,  F.l.  Thomas,  E.N.  Pugh,  Corrosion  40, 8(1984)'  p 
439. 

32.  U.  Bertocci,  Proceedings  of  the  Conference  on  Localized  Crack 
Chemistry  and  Mechanics  in  Environment  Assisted  Fracture, 
ed.  R.P.  Gangloff  (Warrendale,  PA.  The  Metallurgical  Society- 
American  Institute  of  Mining,  Metallurgical,  and  Petroleum 
Engineers,  in  press  1989). 

Discussion 

S.M.  Bruemmer  (Pacific  Northwest  Laboratory,  USA):  The 
results  of  slow-strain-rate  (SSR)  stress  corrosion  cracking  (SCC)  in 
fluoride  show  a  very  narrow  strain-rate  range  over  which  cracking 
was  observed.  This  narrow  range,  if  true,  is  surprising  when 
compared  with  SSR  SCC  test  results  usually  observed  for  other 
materials.  Can  you  explain  this? 


H.C.  Shih:  The  evidence  for  this  conclusion  is  based  on 
observed  changes  in  the  ultimate  tensile  strength  (UTS)  and  reduc¬ 
tion  in  area  of  brass  in  the  0.1  M  fluoride  environment  at  the  strain 
rate  of  1  x  l0-5/s.  For  example,  the  reduction  in  area  value  reduces 
to  one-third  of  the  value  attained  when  testing  in  air  at  this  strain  rate. 
Metallographic  observations  indicated  little  or  no  SCC  at  strain  rates 
differing  from  this  value. 

R.N.  Parkins  (University  of  Newcastle  upon  Tyne,  UK):  I 
cannot  recall  seeing  cracking  only  occurring  over  such  a  small  range 
of  strain  rates  as  in  the  work  of  Shih  and  Tzou.  Transgranular  SCC 
of  alpha-brass  usually  occurs  in  a  wide  range  of  environments,  as 
indicated  in  Figure  14  of  my  paper  (R.N.  Parkins,  "Stress  Corrosion 
Cracking,”  this  proceedings).  Although  not  shown  on  that  Figure, 
such  cracking  is  promoted  by  10-2  to  10-3  N  sodium  chloride,  and 
also  by  brackish  waters  (R.N.  Parkins,  C.M.  Rangel,  and  J.  Yu, 
Metall.  Trans.  A  16A(1985):  p.  1671). 

However,  it  occurs  to  me  that  the  range  may  be  larger  than 
suggested  bv  Shih  and  Tzou,  because  at  the  fastest  and  slowest 
strain  rates  they  used,  the  reductions  in  area  (RA)  were  only  in  the 
region  of  30%,  which  is  low  for  ductile  failure  of  alpha-brass.  This 
suggests  that  if  they  were  to  conduct  further  tests  at  both  faster  and 
slower  strain  rates,  their  plot  of  RA  vs  strain  rate  would  extend  to 
higher  RA  values,  thereby  extending  the  strain-rate  range  over  which 
cracking  is  observed. 

H.C.  Shih:  Even  both  at  the  highest  (5  x  10'5/s)  and  lowest  (2 
x  10-6/s)  strain  rates,  the  curves  show  considerable  SCC  suscep¬ 
tibility  of  brass  in  fluoride  environments,  i.e.,  much  lower  UTS  (275 
MPa)  and  RA  (27%),  compared  with  the  one  failed  in  air  (UTS  =  372 
MPa;  RA=  67.8%),  as  shown  in  our  Figure  2. 

The  crosshead  speeds  of  our  SSR  tests  lie  between  5  x  10-4 
and  5  x  10  6  mm/s.  The  gauge  length  of  the  tensile  specimens  was 
12.7  mm  and  the  corresponding  strain  rates  used  in  the  system  were 
2  x  10-®,  2.5  x  10"6,  1.0  x  10'5,  1.1  x  10"5  and  5  x  10-5/s, 
respectively.  Both  at  higher  and  lower  strain  rates  than  the  range  we 
have  used,  we  believe  our  plot  of  RA  and  stress  vs  strain  rate  (Figure 
2)  should  extend  to  higher  RA  and  strain. 
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An  Analysis  of  Evidence  to  Support  an  Adsorption  Model 
for  Stress  Corrosion  Cracking  in  Alpha-Brass 

U.K.  Chatterjee  and  S.C.  Sircar * 

Abstract 

The  mechanism  of  stress  corrosion  cracking  of  alpha-brass  in  ammoniacal  solutions  has  been  studied 
from  the  viewpoint  of  a  transition  in  the  mode  of  cracking.  A  change  in  solution  conditions  or  polarization 
causes  this  transition,  which  cannot  be  explained  on  the  basis  of  structural  changes  in  the  material.  The 
suggested  model  of  adsorption  of  reacting  species  at  the  prevalent  discrete  anodic  and  cathodic  sites 
can  successfully  explain  these  and  other  observations. 

Kinetic  studies  involving  the  role  of  chemical  variables  and  the  effect  of  temperature  lend  support  to  the 
adsorption  hypothesis  and  an  electrochemical  nature  of  the  initiation  and  propagation  stages  of  the 
cracking  process.  The  effect  of  adding  extraneous  ions  to  the  cracking  media  on  time  of  cracking  also 
supports  this  model. 


Introduction 

The  mode  of  stress  corrosion  cracking  (SCC)  in  alpha-brass  in 
ammoniacal  solutions  has  been  found  to  be  both  intergranular  and 
transgranular.  A  transition  in  tne  mode  of  cracking  from  intergranular 
to  transgranular  in  polycrystalline  alpha-brass  has  been  reported  to 
be  caused  by  factors  like  cold  work,'-3  an  increase  in  Zn  content  of 
the  alloy,4'7  an  addition  of  a  third  element  to  the  alloy,7 "  and  the 
condition  of  the  corrosive  medium. ,2-'3 

The  pioneering  work  of  Mattsson  revealed  the  importance  of 
solution  pH  in  determining  the  mode  of  fracture.'2  In  subsequent 
works  by  different  authors,  a  solution-dependent  transition  in  the 
mode  of  cracking  was  reported.'3’'5  The  reason  for  such  transitions 
could  not  be  attributed  to  structural  changes  in  the  material. 

Shimodaira  and  Takano  suggested  a  correlation  between  the 
physical  properties  of  the  surface  film,  viz.,  crystal  grain  size, 
thickness,  porosity,  hardness,  strength,  etc.,  and  the  mode  of 
cracking  and  its  transition.'6  Pugh'7  classified  the  ammoniacal 
solutions  into  two  categories:  tarnishing  and  nontarnishing,  and 
attributed  the  intergranular  cracking  in  tarnishing  solutions  to  the 
tarnish-rupture  model  as  postulated  by  Forty  and  Humble'6  and 
developed  by  McEvily  and  Bond.'9  In  nontarnishing  solutions,  he 
explained  the  tiansgranular  cracking  on  the  basis  of  preferential 
dissolution  at  dislocations,  based  on  the  proposal  of  Tromans  and 
Nutting, *  without  explaining  why  this  preferential  dissolution  at 
dislocations  should  be  absent  in  the  same  material  when  exposed  to 
a  tarnishing  solution.  Procter  and  Islam  showed  that  while  the  tarnish 
fractured  transgranularly,  the  metal  cracked  mtergranularly,  thus 
highlighting  the  discrepancy  in  the  tarnish  rupture  mechanism.7' 

Pugh”  subsequently  replaced  the  tarnish  lupture  model  with  a 
modified  film-rupture  model,797'  that  is,  by  preferential  anodic 
dissolution  ol  film-free  metal  at  the  crack  tip  where  plastic  deforma 
tion  continuously  ruptures  the  protective  film.  However,  he  suggested 
that  transgranular  cracking  in  a  nontarnishing  solution  occurs  by 
brittle  mechanical  fracture,  rather  than  by  dissolution,  a  view  that  has 
been  reflected  m  a  subsequent  publication  as  well.76  In  a  recent 
paper,  Pugh”  attributed  this  brittle  fracture  to  environment  induced 
cleavage  and  dwelt  upon  the  importance  uf  stacking  fault  energy  and 
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slip  mode  for  the  ease  of  cleavage  step  formation.  While  this  may 
explain  the  propagation  mode  and  crack  morphology,  the  transgran¬ 
ular  crack  initiation  step  remains  unexplained.  Moreover,  the  role  of 
chemical  variables  and  their  effect  on  time  to  fracture  have  been 
ignored.  Based  on  the  concept  of  Paskin,  et  al  28  and  Sieradzki,  et 
al.,29  who  showed  that  a  brittle  crack  can  initiate  in  a  thin  surface  film 
and  can  attain  a  velocity  sufficient  to  propagate  as  a  cleavage  crack 
for  significant  distances  into  the  unaffected  substrate,  Pugh27  pro¬ 
posed  a  film-induced  cleavage  model  for  crack  initiation,  but  the 
feasibility  of  this  model  in  reference  to  the  SCC  of  alpha-brass 
remains  to  be  established.  Elsewhere,  Bertocci,  Thomas,  and  Pugh 
considered  the  embrittlement  as  a  consequence  of  the  adsorption  of 
cuprous  ammonium  complex  ions,30  following  the  views  of  Lynch;3' 
alternatively,  they  believed  the  cuprous  ions  provided  the  cathodic 
species  with  protection  against  a  dezincification  anodic  reaction. 

The  overall  picture  of  SCC  of  brass  in  ammoniacal  solution 
remains  unclear,  particularly  when  considering  the  transition  in  the 
mode  of  cracking  under  the  changed  conditions  of  the  solution. 

The  Effect  of  Polarization 

The  controversy  was  further  aggravated  when  studies  under 
applied  potential  conducted  at  our  laboratory  showed  that  in  an 
nealed  samples,  anodic  polarization  results  in  minimal  cracking  time 
accompanied  by  a  transition  in  cracking  mode  from  intergranular  to 
transgranular  (Figure  I).32 

No  ready-made  explanation  came  from  the  existing  theories  for 
the  rising  part  of  the  curves  on  the  anodic  side,  as  the  anodic 
polarization  is  expected  to  bring  about  more  dissolution,  leading  to  a 
decrease  in  cracking  time.  An  explanation  based  on  blunting  of  the 
crack  tip  because  of  a  high  rate  of  dissolution,  and  hence  a  fall  in  the 
local  stress  intensity,  which  is  unable  to  sustain  the  cr  \ck  propaga 
tion,  cannot  account  for  the  transition  in  cracking  mode  and  the 
propagation  of  a  transgranular  crack.  The  minimum  in  cracking  time 
can  only  be  explained  if  an  adsorption  maximum  at  the  most 
susceptible  potential  is  assumed,  followed  by  desorption  at  f  gher 
potentials.  That  the  polarization  leads  to  a  change  in  the  cracking 
pattern  is  an  indication  that  the  crack  path  is,  after  all,  not  dependent 
on  the  internal  arrangements  of  defects  or  dislocations  but  on  the 
situations  existing  at  the  surface  or  the  interfaces  of  the  corroding 
material  and  the  environment. 
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FIGURE  1  —Effect  of  applied  potential  on  the  time  of  fracture  of 
a-brass  in  Mattsson’s  solution  of  different  compositions.  (Re¬ 
printed  with  permission  from  Pergamon  Press.32) 


NH+  -1  g  mol/L,  pH  =  7 

X  .  X— 0.03  g  atom  cu/L 

•  .  *—0.01  g  atom  cu/L 

A  .  A— 0.005  g  atom  cu/L 

O  .  O— Cu-zero 


Voc  =  -50  mV 
Voc  =  -100  mV 
Voc  =  -150  mV 
Voc  =  -250  mV 


The  explanation  for  these  observations  was  as  follows:32  “If 
discrete  sites  of  variable  energies  pre-exist  on  the  surface,  some  of 
which  are  anodic  and  some  cathodic  in  nature,  then,  on  impressing 
an  anodic  potential,  the  cathodic  sites  become  active  anodic  points, 
while  on  impressing  a  cathodic  potential  the  anodic  sites  become 
active  cathodic  points.  As  we  move  away  from  the  corrosion  potential 
in  either  direction,  the  surface  active  points  or  regions  change  their 
nature,  totally  or  partially,  depending  on  the  extent  of  polarization. 
During  anodic  polarization,  the  anodic  reaction  that  initially  occurs  on 
the  grain  boundaries  spreads  to  other  areas  in  the  grains.  Therefore, 
the  active  centers  are  now  more  widely  distributed  in  the  grain 
boundaries  as  well  as  in  the  grain  interiors,  resulting  in  a  mixed  type 
of  crack.  Beyond  the  minimum,  the  grain  interiors  become  more 
active  than  the  grain  boundaries,  leading  to  a  transgranular  crack." 

As  a  corollary  to  the  mechanism  proposed,  it  should  be 
expected  that  where  prior  conditions  for  transgranular  cracking 
prevail,  i.e.,  where  the  susceptibility  exists  preferentially  at  the  grain 
interior,  as  in  the  case  of  cold-worked  materials,  the  changeover  from 
transgranular  to  intergranular  cracking  should  be  possible  if  the 
active  sites  can  be  shifted  from  the  grain  interior  to  the  grain 
boundaries.  This  was  made  possible  with  cathodic  polarization  of 
cold-worked  samples. 

The  observation  of  a  shift  in  the  maximum  susceptible  potential 
range  to  more  anodic  values  in  cold-worked  specimens  compared  to 
annealed  specimens  (and  also  in  80-20  brass  compared  to  70-30 
brass)  was  successfully  interpreted  based  on  adsorption  on  discrete 
reaction  sites.33  The  same  idea  was  further  supported  by  the 
occurrence  of  transgranular  cracking  and  a  shift  in  the  open-circuit 
potential  value  toward  more  cathodic  values  when  ammonia  of  the 
conventional  Mattsson  solution  was  substituted  with  butyl  amine,34 

Kinetic  Studies 

Having  identified  the  role  of  discrete  anodic  and  cathodic  sites 
in  determining  the  crack  path,  it  becamo  necessary  to  obtain  more 
direct  support  for  adsorption  of  reacting  specias  and  to  understand 
the  reactions  involving  these  sites  and  the  effect  of  compositional 
variations  on  these  reactions.  The  basic  question  of  whether  or  not 
the  crack  propagation  is  electrochemical  or  mechanical  in  nature  was 
also  asked.  Since  rhe  SCC  susceptibility  is  normally  expressed  in 


terms  of  time  to  fracture,  an  analysis  involving  the  rate  of  crack 
growth  as  dependent  on  the  environmental  factors  was  likely  to  give 
better  insight  into  the  mechanism  of  SCC,  particularly  if  effects  on 
crack  initiation  and  crack  propagation  stages  were  studied  sepa¬ 
rately. 

The  variation  of  copper,  ammonium  ion,  and  hydrogen  ion 
concentration  in  Mattson’s  solution  on  the  rate  of  crack  initiation  and 
crack  propagation  yielded35  rate  equations  conforming  to  a  process 
where  the  Langmuir-Hinshelwood  mechanism36  operates  through  a 
competitive  adsorption  of  these  ions  at  specific  sites.  The  overall 
chemical  reaction  involving  the  adsorbed  species  can  occur  in  two 
ways: 


2Cu(NH3)24fAD)  +  6H+  +  HzO  +  ,2e  =-Cu20  +  8NHJ  (1) 
or 

2Cu(NH3)|(A0)  +  20H-  =  Cu20  +  4NH3  -*•  H20  (2) 

In  the  first  reaction,  the  adsorbed  species  are  cathodically  reduced  to 
Cu20.  According  to  the  second  equation,  the  formation  of  Cu20 
occurs  through  a  cuprous  amine  complex  produced  after  a  cathodic 
reduction  step  of 

Cu(NH3)2;AD,  +  e  -  Cu(NH3)  2(AD,  +  2NH3  (3) 

Thus,  the  copper  oxide  formed  is  a  product  of  the  cathodic  reaction 
or  electron-consuming  reaction  leading  to  a  corresponding  anodic 
reaction  for  attainment  of  a  steady-state  value.  Copper  oxide  does 
not  create  a  galvanic  condition  for  the  anodic  reaction,  but  it  can  be 
viewed  as  a  product  that  plays  a  minor  role  in  the  process  of  cracking. 

Activation  energy  values  for  the  initiation  and  propagation  of 
cracks,  as  derived  from  the  dependence  of  these  two  steps  on 
temperature,  were  found  to  be  the  same  (13  kcal/mol).35  This  shows 
that  these  two  steps  are  chemically  controlled  processes  and 
essentially  the  same.  A  more  interesting  observation  was  the 
dependence  of  activation  energy  on  polarization  (Figure  2),  6 
kcal/mol  for  anodic  and  21  kcal/mol  for  cathodic  polarization,  which 
indicates  the  electrochemical  nature  of  the  process  and  that  the 
discrete  energy  sites  facilitating  the  electrochemical  reactions  are 
influenced  by  electrical  stimulation. 


ature  plots  for  annealed  brass  under  polarization  conditions. 
(Reprinted  with  permission.35) 
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FIGURE  3— Log  concentration  of  chloride  Ions  added  to  test 
solution  vs  log  0/(1 -0)  plots.  (Reprinted  with  permission  from 
Pergamon  Press.38) 
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APPLIED  POTENTIAL  .  mV — 

(SCE  Scole) 

FIGURE  4— Effect  of  polarization  on  time  to  fracture  of  brass  In 
test  solutions  with  and  without  the  addition  of  NH4CI.  (Reprinted 
with  permission  from  Pergamon  Press.38) 

Effect  of  Extraneous  Ion  Additions 

The  ideas  presented  so  lar  receive  support  from  the  observed 
effects  of  the  addition  of  extraneous  ions  to  conventional  ammoniacal 
solutions.  The  addition  of  sodium  chloride37  or  ammonium  chloride  to 
Mattsson’s  solution  and  ammonium  sulfate  to  Pugh's  solution38 
shows  an  inhibitive  effect  on  SCC  of  brass  and  a  transition  in  the 
mode  of  cracking  from  intergranular  to  transgranular. 


An  analysis  has  been  made  following  the  method  proposed  by 
Hoar  and  Holliday 39  plotting  a  graph  between  log  0/(0)  and  log 
concentration  of  the  additive,  where  (1  -  0)  corresponds  to  the 
fraction  of  protection  affected  by  the  addition  of  inhibitor,  where  the 
latter  follows  Langmuir’s  adsorption  isotherm.  The  plots  yield  straight 
lines,  a  representative  of  which  is  shown  in  Figure  3  for  the  chloride 
addition,  confirming  the  validity  of  the  adsorption  hypothesis.  The  plot 
also  incorporates  the  analysis  of  results  of  Uhlig,  et  a!.40  Similar  plot 
has  been  obtained  for  sulfate  addition  to  Pugh’s  solution.38 

The  effect  of  polarization  on  time  to  fracture  with  or  without  the 
addition  of  chloride  is  shown  in  Figure  4.  During  anodic  polarization, 
a  sharp  rise  in  cracking  time  has  been  observed  in  the  solution 
containing  chloride  compared  to  the  chloride-free  solution.  This  can 
be  explained  as  follows:  In  the  normal  cracking  process  at  the 
open-circuit  potential,  the  positively  charged  copper  complexes  get 
adsorbed  to  the  cathodic  sites,  in  the  grain  interior.  During  anodic 
polarization,  the  negatively  charged  chloride  ions  will  get  a  better 
situation  for  their  attachment.  They  begin  competing  with  the  copper 
complexes,  which  were  previously  tightly  adsorbed,  and  will  try  to 
dislodge  some  of  them.  As  a  result,  the  process  goes  through  a 
transition  in  mode  of  cracking;  the  grain  interiors  lose  their  copper 
ions  and  become  available  anodic  sites.  The  cathodic  intensity 
decreases,  leading  to  a  fall  in  the  intensity  of  the  dislocation  process. 
A  similar  observation  has  been  made  with  phosphate  addition  to 
ammoniacal  carbonate  solution.4' 

The  adsorption  hypothesis  put  forward  here  can  thus  explan .  me 
preferential  sites  for  crack  nucleation  as  well  as  the  preferred 
reduction  reaction  resulting  from  the  absorbed  species,  either  leading 
or  not  leading  to  a  tarnish  formation.  The  similar  results  reported  by 
other  authors  can  also  be  interpreted  based  on  this  model.42’44 


Conclusion 

(1)  The  SCC  of  brass  in  ammoniacal  solution  occurs  as  a  result  of 
the  adsorption  of  various  reacting  species  at  discrete  anodic  and 
cathodic  sites  existing  on  the  material  surface  and  the  subse¬ 
quent  electrochemical  reaction  at  these  sites. 

(2)  Film  formation  or  the  absence  of  it  is  a  consequence  of  the 
prevailing  electrochemical  reactions  and  is  not  considered  to  be 
a  deciding  factor  in  the  dissolution  process. 

(3)  Factors  like  alloying,  cold  work,  polarization,  etc.,  cause  a 
change  in  the  distribution  and  activity  of  the  sites,  and  a 
transition  in  the  mode  of  cracking  is  thus  explained. 
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Abstract 

Nickel-base  alloys  were  found  to  be  susceptible  to  environmental  embrittlement  in  room-temperature 
HCI  +  H2S.  The  cracking  was  transgranular  quasicleavage  and  was  accelerated  by  anodic  polarization. 
Cracking  can  be  attributed  neither  to  a  film-rupture  mechanism  nor  to  classic  hydrogen  embrittlement. 
Commercially  available  acidizing  corrosion  inhibitors  were  effective  in  preventing  cracking  in  nickel- 
base  alloys.  A  new  test  sample  configuration  was  developed  for  inexpensive  evaluation  of  stress 
corrosion  cracking  performance.  Notches  machined  at  each  end  of  two  sheet  samples  have  been  used 
to  stress  the  samples  upon  assembly  without  the  use  of  fixtures,  welding,  or  bolting. 


Introduction 

Recent  reports  show  that  about  one  third  of  present  deep-well 
completions  in  the  United  States  use  corrosion-resistant  alloys  for 
corrosion  control.'  The  term  "corrosion-resistant  alloys"  is  being 
used  in  the  oil  and  gas  industry  to  refer  to  alloys  with  corrosion 
resistance  in  deaerated  production  environments,  which  is  at  least  an 
order  of  magnitude  less  than  carbon  and  low-alloy  steels.  The  term 
would  include  type  410  (UNS  S41000)  stainless  steel  (SS),  duplex 
SS,  and  nickel-base  alloys.  Many  of  these  deep  wells  will  be  acidized 
using  either  hydrochloric  acid  or  mixtures  that  include  HCI.  Therefore, 
the  likelihood  of  HCI  contacting  various  corrosion-resistant  alloys  is 
quite  high.  Most  of  the  experimental  work  on  effects  of  acidizing 
environments  on  corrosion-resistant  alloys  has  emphasized  general 
corrosion,  especially  at  elevated  temperatures.23  However,  some 
evidence  shows  that  stress  corrosion  cracking  (SCC)  can  result  with 
the  presence  of  H2S  in  room-temperature  hydrochloric  acids.'''8 
Since  the  dissolution  of  sulfide-containing  scales  during  acidizing 
may  provide  a  source  of  sulfide  ions,  this  form  of  cracking  must  be 
considered  in  using  corrosion-resistant  atloys. 

Corrosion  inhibition  can  provide  a  method  to  mitigate  SCC  in 
HCI;  however,  only  cursory  examinations  have  been  made  on 
cracking  behavior.  This  investigation  therefore  examined  the  effect  of 
various  inhibitors  in  their  ability  to  prevent  SCC.  Furthermore,  an 
attempt  was  made  to  better  understand  the  mechanisms  of  cracking 
to  help  predict  incidences  of  stress  corrosion  during  acidizing. 

Experimental  Procedure 

Because  of  the  many  requirements  for  SCC  tests  in  HCI,  a  new 
test'ng  sample  configuration  was  developed.  Testing  fixtures  suffi¬ 
ciently  resistant  to  corrosion  in  HCI  r  H2S  to  provide  freedom  Irom 
solution  contamination  and  sufficient  strength  were  not  available  to 
the  authors  In  addition,  the  time  and  cost  needed  to  machine  testing 
fixtures  from  exotic  alloys  was  excessive.  Therefoie,  a  method  was 
developed  tc  stress  the  samples  without  the  requirement  for  stress¬ 
ing  fixtures  While  there  are  stressing  methods  available  that  do  not 
require  fixtures,  these  methods  are  either  not  quantitative  with 
respect  to  applied  stress  (i.e.,  U  bends)  or  require  welding.  These 
restrictions  were  not  acceptable. 

The  sample  configuration  developed  is  shown  in  Figure  1.  Two 
slots  are  machined  into  each  sheet  sample.  Fifty  or  more  samples 
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may  be  machined  at  one  time,  thus  minimizing  the  cost  and  time  to 
prepare  samples.  The  cost  of  machining  was  approximately  $1  per 
sample,  thus  coining  our  terminology  for  these  coupons  as  “cheap 
specimen  configuration." 

The  samples  are  easily  assembled  with  pliers  and  a  vice.  The 
assembled  coupons  (Figure  2)  were  designed  to  provide  a  stress  of 
50%  of  the  0.2%  offset  yield  strength  at  the  regions  with  a  full 
cross-section  width.  The  stress  at  the  reduced  section  was  about  the 
yield  strength  of  the  alloy. 


Strain  Calculations 

Simple  geometry  was  used  to  make  the  strain  calculations  for 
the  samples,  assuming  that  the  stressed  specimen  conformed  to  the 
shape  of  an  arc  of  a  circle.  The  equation  describing  slot  width  for  a 
given  outer-fiber  strain  is 

w  =  *  [“7  360  el  +  .  360  el  ]  ^ 

tan — —  sin — — 

■nt  ut 

where  w  =  width  of  slot;  t  =  thickness  of  sample,  e  =  desired  strain; 
I  =  length  of  sample  at  midpoint  of  slot,  the  argument  of  the  angle 
being  in  degrees.  Appendix  A  details  the  derivation  of  Equation  (  i). 


Materials  3nd  Environment  Chemistry 

Highly  alloyed  corrosion-resistant  alloys  considered  for  down¬ 
hole  equipment  were  selected  for  this  investigation.  Type  316  (UNS 
S31600)  SS  was  also  chosen  for  examination,  since  this  alloy 
represents  the  standard  by  which  industry  compares  corrosion 
resistance.  All  of  the  alloys  except  type  316  SS  were  high  strength, 
and  all  of  the  alloys  were  solid-solution  austenitic  alloys.  No  second 
phases  oi  precipitates  were  formed  intentionally.  Different  methods 
of  cold  working  will  result  in  a  range  of  mechanical  properties  for  each 
respective  alloy,  these  alloys  were  cold  worked  by  cold  rolling. 

Table  1  presents  the  compositions  of  the  alloys,  while  Table  2 
gives  the  mechanical  properties.  Two  lots  of  alloy  C-276  (UNS 
N 1 0276)  were  used.  The  sheet  samples  were  high  strength  produced 
by  cold  work.  The  tubing  samples  used  in  the  direct-tension  tests 
were  also  cold  worked  but  to  a  much  lower  strength  level. 
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TABLE  1 

Composition  of  Alloys  (wt%) 


.  Alloy 

C 

SI 

Mn 

P 

S 

Ni 

Cr 

Mo 

Cu 

W 

Tl 

Al 

Fe 

V 

Cb 

Co 

Type  316 

0.06 

0.43 

1.57 

0.020 

0.010 

10.1 

16.2 

2  31 

0.47 

0.04 

bal 

Type  825 

0.05 

0.34 

0.50 

0.018 

0.001 

40.2 

23.4 

3.39 

1.62 

0.24 

0.95 

0.09 

bal 

— 

- 

- 

Type  C-276 
Sheet 

0.004 

0.13 

0.46 

0.004 

0.002 

bal 

16.1 

16.5 

0.17 

3.24 

— 

0.45 

3.45 

0.08 

0.14 

0.27 

Type  C-276 
Tubing 

0.003 

0.04 

0.50 

0.014 

0.001 

bal 

16.0 

15.9 

— 

3.63 

— 

— 

5.2 

0.19 

— 

2.0 

Type  C-22 

0.008 

0.10 

0.22 

0.003 

0.002 

bal 

22.2 

12.5 

0.12 

2.73 

— 

0.33 

2.87 

0.11 

0.12 

0.17 

Type  718 

0.022 

0.08 

0.06 

0.003 

0.001 

52.3 

17.6 

2.87 

1.85 

0.96 

0.46 

20.2 

5.09 

TABLE  2 

Mechanical  Properties  of  Alloys 


Yield  Strength  UTS  Elongation 
Alloy  MPa  (ksi)  MPa  (ksi)  % 


Type  316<a) 

240  (35) 

586  (35) 

55 

Type  825 

1230  (179) 

1270  (184) 

3 

Type  C-276 

1140  (165) 

1250  (181) 

10 

Sheet 

Type  C-276 

785  (114) 

1909  (158) 

23 

Tubing 

Type  C-22 

1230  (179) 

1320  (191) 

8 

Type  718(B> 

923  (134) 

1240  (180) 

29 

(A,Nominal  properties. 

(8,Anneal  1024°C,  1-h  water  quench;  age  788°C  6.5  h,  air  cool. 


FIGURE  1— Sample  configuration  used  in  stress  corrosion 
cracking  evaluation. 


FIGURE  2— Appearance  of  assembled  sample. 


Sheet  samples  were  sheared,  machined,  degreased,  washed, 
ahd  stressed.  The  specimens  were  used  as  cold  rolled  and  ma¬ 
chined;  no  abrasion  of  surfaces  was  performed.  These  were  placed 
in  a  solution  containing  50%  by  volume  of  concentrated  reagent- 
grade  HCI  and  50%  by  volume  water  to  produce  approximately  17 
wt%  HCI  solution.  The  inhibitors  were  added  as  0.5  vol%  of  the  total 
solution  and  were  dissolved  in  the  concentrated  HCI.  The  composi¬ 
tion  of  the  938  inhibitor  was  not  known.  The  HAI-75  and  -85  inhibitors 
are  a  proprietary  blend  of  acetylenic-alcohols,  quaternized  heterocy¬ 
clic  amine  dispersers,  and  inorganic  salts  containing  cuprous  iodide. 
The  stressed  samples  were  placed  in  the  solution  at  room  temper¬ 
ature,  as  shown  in  Figure  3.  The  solution  was  deaerated  with  nitrogen 
for  approximately  2  h,  then  H2S  was  used  to  saturate  the  acid. 

The  H2S  was  intermittently  purged,  once  every  weekday  for 
approximately  1  h  over  the  total  duration  of  1  week  of  exposure. 
Some  tests  were  conducted  as  controls  with  only  nitrogen  gas.  After 
1  week  of  exposure,  the  solution  was  purged  with  nitrogen,  and  the 
samples  were  removed,  cleaned,  and  examined  visually  for  cracking. 

In  another  series  of  tests,  0.64-cm-  (0.250-in.-)  diameter  tensile 
samples  were  stressed  in  commercially  available  proving  rings  to 
their  yield  strength.  The  solution  in  the  cells  contained  either  the 
NACE  Standard  TM01 77-86  ("Testing  of  Metals  for  Resistance  to 
Sulfide  Stress  Cracking  at  Ambient  Temperatures”)  standard  acetic 
acid,  sodium-chloride-containing  solution  saturated  with  H2S,  or 
arsenic-poisoned  (100  ppm)  sulfuric  acid  (5%  by  weight)  at  room 
temperature.  In  the  latter  test,  specimens  were  cathodically  polarized 
with  a  galvanostat  to  different  levels  of  current. 

Polarization  curves  were  obtained  for  coupons  with  areas  of 
approximately  10  cm2.  Luggin  capillaries  and  acid  reservoirs  not 
containing  H2S  permitted  the  use  of  saturated  calomel  electrodes  as 
potential  references.  Graphite  or  platinum  counter  electrodes  were 
used  as  required. 

In  some  SCC  tests,  stressed  test  samples  were  anodically  or 
cathodically  polarized  in  hydrochloric  acid  using  a  galvanostat.  In 
these  tests,  one  set  of  stressed  samples  was  made  the  anode  while 
the  other  set  was  the  counter  electrode  (cathode).  In  this  way,  the 
effects  of  cathodic  and  anodic  polarization  could  be  assessed 
simultaneously  in  one  test. 


Results 

Table  3  presents  the  results  of  the  SCC  tests.  The  type  316  SS 
samples  did  not  crack  in  any  of  the  test  environments  investigated, 
but  this  does  not  mean  that  it  is  a  mors  resistant  alloy  than  the 
nickel-base  alloys  examined.  Type  316  SS  was  tested  in  the 
annealed  condition  and  had  a  much  lower  yield  strength  than  the 
other  alloys.  Consequently,  this  alloy  was  stressed  to  roughly  one 
fifth  of  the  stress  of  the  other  alloys. 

In  the  uninhibited  acid  saturated  with  H2S,  all  of  the  nickel-base 
alloys  cracked.  Cracking  occurred  primarily  in  the  highly  stressed 
area  of  the  test  specimen,  although  surface  cracking  was  also 
associa'ed  with  the  sheared  edge  of  the  samples.  The  data  from 
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Table  3  show  that  different  inhibitors  prevent  SCC  to  varying 
degrees.  Consequently,  testing  and  selection  of  inhibitors  are  nec¬ 
essary  for  acceptable  field  service  of  corrosion-resistant  alloys  during 
acidizing. 

One  interesting  feature  was  found  on  alloy  825  (UNS  N08825) 
exposed  for  a  short  period  of  time  in  the  uninhibited,  H2S-containing 
environment.  Figure  4  displays  SCC  patterns  that  delineate  the 
stress  state  of  the  assembled  samples.  Notice  the  high  stress 
concentration  at  the  corner  of  the  machined,  reduced  cross  section. 

The  slot  width  was  chosen  to  stress  the  samples  to  50%  of  the 
uniaxial  yield  strength  in  the  region  where  the  sample  is  full  width  At 
the  location  of  the  notch,  the  stress  is  approximately  twice  that, 
because  the  sample  width  is  one  half  of  the  full  section  width.  The 
stress  concentration  at  the  corner  increases  the  stress  even  further; 
therefore,  cracking  is  expected  to  occur  in  the  reduced  section 
locations.  In  spite  of  the  high  stresses  at  the  corner,  SCC  also 
occurred  in  the  full-width  sections  of  the  sample  along  the  entire 
length  of  the  stressed  region.  This  demonstrates  that  SCC  initiates 
and  propagates  at  very  low  stress  levels. 


FIGURE  3— Photograph  of  experimental  apparatus. 


Since  two  stress  states  exist  at  the  different  locations  of  the 
same  sample,  the  susceptibility  to  cracking  could  also  be  assessed 
by  determining  whether  cracking  occurred  at  only  the  highly  stressed 
location  or  at  both  highly  stressed  and  low-stressed  locations.  If  the 
environment  was  not  extromely  aggressive  from  a  cracking  stand¬ 
point,  cracks  as  in  Figure  4  were  found.  However,  in  severe 
environments,  cracking  also  occurred  in  the  full-width  sections. 

The  results  of  applied  current  on  SCC  revealed  that  anodic 
polarization  increased  cracking  on  alloy  825.  In  the  absence  ol 
externally  applied  currents,  alloy  825  cracked  in  HCI  r  HaS, 
predominantly  in  the  highly  stressed  region  of  the  stressed  samples. 
Only  a  few  secondary  cracks  were  noticed  in  the  full-width  section  of 
stressed  samples  However,  the  application  of  anodic  polarization 
corresponding  to  20  pA/cm2  greatly  increased  the  incidence  of 
cracking  on  the  lower  stressed  portion  of  the  samples.  Correspond¬ 
ingly,  the  application  of  cathodic  currents  eliminated  cracking  on  the 
lower  stressed  region  of  the  samples  when  exposed  to  HCI  +  H2S 
without  inhibitors.  Hov/ever,  cathodic  polarization  did  not  eliminate  all 
of  the  cracking  in  the  highly  stressed  locations  of  the  samples. 

Table  3  shows  that  acidizing  inhibitors  can  reduce  the  incidence 
of  cracking  in  HCI  +  H2S.  However,  the  application  of  anodic 
currents  (200  pA/cm2)  on  alloy  825  can  overcome  this  inhibition,  and 
cracking  is  again  seen  on  this  alloy  even  with  corrosion  inhibition. 
This  demonstrates  that  coupling  to  steel  would  be  beneficial  in 
eliminating  cracking  in  HCI  The  effects  of  cathodic  polarization  in  the 


inhibited  system  containing  the  inhibitor  HAI-85  have  little  meaning. 
This  inhibitor  contains  cuprous  ions  as  a  component  to  enhance  the 
inhibitor  effectiveness.  The  application  of  cathodic  polarization  re¬ 
sulted  in  electroplating  copper  on  the  surfaces  of  the  test  samples  of 
alloy  825. 

Polarization  curves  of  alloy  825  were  obtained  to  help  under¬ 
stand  the  effects  of  polarization  and  corrosion  inhibition  on  SCC  in 
HCI  +  H2S.  Figure  5  demonstrates  the  effect  of  inhibition  on 
polarization  behavior.  The  main  effect  of  H2S  addition  to  HCI  is  the 
reduction  of  the  free-corrosion  potential  to  more  negative  values. 
Otherwise,  only  slight  differences  were  noticed  in  the  shape  of  the 
anodic  polarization  curve  by  the  addition  of  H2S  or  inhibitors.  The 
anodic  curves  did  not  evidence  passivity  with  or  without  inhibitors. 
Likewise,  cathodic  polarization  showed  differences  only  at  highly 
negative  potentials  in  inhibited  environments.  These  effects  are  not 
expected  to  be  of  significance  because  of  copper  plating  and 
decomposition  of  other  inhibitor  components  at  highly  negative 
potentials. 

The  addition  of  corrosion Inhibitors  resulted  in  a  positive  shift  in 
the  free-corrosion  potentials  for  all  inhibitors  examined.  This  shift  can 
be  partly  accounted  for  by  the  cuprous/cupric  redox  potential.  The 
potential  measured  on  platinum  showed  a  corresponding  positive 
shift  with  inhibitor  additions. 

Table  4  shows  the  cracking  response  of  alloys  in  a  number  of 
environments,  based  on  round-bar  tensile  tests.  Failures  occurred  in 
only  the  HCI  +  H2S  environment.  Alloy  C-276  samples  did  not  crack 
in  this  test  in  the  HCI/H2S  environment  but  readily  cracked  as  sheet 
samples.  This  may  be  partly  attributed  to  the  test  method.  However, 
it  is  more  likely  that  the  higher  strength  of  the  sheet  samples  and  the 
transverse  instead  of  longitudinal  orientation  of  the  sheet  of  the 
tubing  samples  is  responsible  for  cracking  in  the  sheet  and  not 
tubing.  Environments  that  cause  severe  entry  of  hydrogen  into  the 
alloys  such  as  the  TM01 77-86  solution,  especially  when  the  alloys 
are  coupled  to  steel  or  arsenic-poisoned  sulfuric  acid  with  cathodic 
charging  of  alloys  at  10  mA/cm2,  did  not  cause  cracking  in  the  alloys 
tested.  These  tests  further  confirm  that  cracking  in  the  HCI  +  H2S 
environment  is  not  a  classic  hydrogen  embrittlement  (HE)  phenom¬ 
enon  found  in  steels  or  heavily  cold-worked  nickel-base  alloys. 


Discussion 

The  SCC  of  nickel-base  alloys  at  room  temperature  is  an 
unusual  occurrence.  The  cracking  is  transgranular,  typical  of  that 
found  in  environments  at  temperatures  exceeding  204°C  (400"F).7-8 
The  cracking  occurs  only  in  the  presence  of  H2S.  However,  this 
cracking  phenomenon  is  different  from  the  classic  type  of  HE  found 
in  some  heavily  cold-worked  nickel-base  alloys.9'10  In  the  latter 
phenomenon,  cracking  is  typically  intergranular  and  is  accelerated  by 
cathodic  polarization  rather  than  anodic  polarization.  The  higher 
iron-containing  alloys,  such  as  alloy  825,  are  more  resistant  to  the 
classic  HE  than  the  alloys  such  as  alloy  C-276  or  C-22  (UNS 
N06022).  In  the  HCI  +  H2S  environments,  the  converse  is  true,  and 
alloy  825  is  more  susceptible  to  cracking,  as  shown  in  Table  3.  The 
presence  of  H2S  is  required  for  SCC  of  nickel-base  alloys  in  HCI. 
While  the  effect  of  sulfide  ions  on  passivity  of  nickel  has  been  studied, 
the  corresponding  effects  in  HCI  may  not  have  much  relevance.  The 
polarization  curves  in  this  work  show  that  these  nickel  alloys  in  HCI 
do  not  exhibit  the  classic  passivity  found  in  loss  aggressive  environ¬ 
ments. 

Crevice  corrosion  or  crevice  effects  can  often  have  accelerating 
effects  in  SCC.  The  use  of  the  cheap  specimen  configuration  places 
the  highest  stresses  area  near  a  crevice  that  is  likely  to  increase  the 
severity  of  the  cracking.  However,  in  HCI,  the  nickel-base  alloys 
exhibit  general  corrosion,  and  crevice  effects  are  not  likely  to  affect 
the  cracking  since  crevice  corrosion  does  not  occur  in  this  solution. 

Local  yielding  is  very  likely  at  the  corners  of  this  specimen. 
However,  this  does  not  negate  the  occurrence  of  SCC  at  stresses 
lower  than  the  yield  strength  of  the  alloys.  Cracking  was  also  found 
on  the  middle  of  samples.  Thus,  cracking  occurred  at  stresses  lower 
than  50%  of  the  0.2%  offset  yield  strength  of  the  respective  alloys. 


EICM  Proceedings 


403 


POTENTIAL.  mV  n  SCE 


TABLE  3 

Stress  Corrosion  Cracking  Results(A) 


Alloy 

Environment 

Acid 

Only 

Acid 

Visco  938 

Acid  H2S 
Only 

Acid  H2S 
HAI-75 

Acid  H2S 
HAI-85 

Acid+H2S 

Visco  938 

Type  316 

NClS) 

NC 

NC 

NC 

NC 

NC 

Type  316 

NC 

NC 

C<c> 

NC 

NC 

C 

Type  C-276 

NC 

NC 

c 

NC 

NC 

NC 

Type  C-22 

NC 

NC 

c 

NC 

NC 

NC 

|A,Room-temperature  tests  50/50  volume  dilution  of  reagent-grade  HCI— 1-week  exposure,  sheet  samples,  inhibitors  added  as  0.5  vol%. 
(B,NC  denotes  no  cracking. 

<c,C  denotes  cracking. 


FIGURE  4-Appearance  of  stressed  alloy  825  (UNS  N08825) 
sample  after  exposure  for  a  short  period  of  time  H2S  containing 
HCI  at  room  temperature. 


FIGURE  5- Polarization  behavior  of  alloy  825  (UNS  N08825)  In 
various  room-temperature  environments. 


The  major  effect  of  corrosion  inhibitor  additions  was  in  mcreas 
mg  the  free  corrosion  potential  to  more  noble  values.  This  shift  is 
probably  caused  by  the  presence  of  Cu  ‘  and  Cu '  *  ions  in  the 
inhibitors.  These  additions  to  inhibitors  are  made  to  enhance  the 
effects  of  the  organic  compounds  in  the  inhibitor  formulations  for 
uniform  corrosion  resistance.  The  shift  in  corrosion  potential  to  more 
noble  values  caused  by  inhibitor  additions  cannot  account  for  the 
improved  cracking  resistance  caused  by  inhibitor  additions.  The 
polarization  experiments  on  stressed  samples  showed  that  a  shift  in 
potential  in  the  positive  direction  actually  increased  the  susceptibility 


of  alloy  825  cracking.  Also,  even  in  the  presence  of  corrosion 
inhibitors,  a  further  positive  shift  in  corrosion  potential  by  use  of  a 
galvanostat  increased  the  susceptibility  of  alloy  825  to  SCC.  It  is  likely 
tnat  the  inhibitor  effects  are  related  to  competitive  adsorption  of 
sulfides  and  organic  inhibitors  on  the  metal  surface.  Possibly  the 
inhibitor  enhancers  (copper  ions)  have  little  effect  on  the  inhibition  of 
SCC  in  HCI  +  H2S  environments. 


TABLE  4 

Proving  Ring  Stress  Corrosion  Cracking  Tests{A) 


Environment 

Alloy 

TM01 77-86 

(5%  NaCI  +  1/2%  acetic  acid  +  H2S) 

718 

Bar 

NC®> 

C-276 

Tublnq 

NC 

TM01 77-86 

Steel  couple 

NC 

NC 

5%  H2S04  +  100  ppm  arsenite 

0.1  mA/cm2  cathodic  current 

NC 

NC 

5%  HjS04  -h  100  ppm  arsenite 

10  mA/cmr  cathodic  current 

NC 

NC 

50/50  volume  dilution  HCI  +  H2S 

28  h 

NC 

(A)Stress  at  896  MPa  (130  ksi);  758  MPa  (110  ksi)  minimum  yield 


strength  alloys;  time-to-failure— h;  1-month  exposure. 

<B)NC  denotes  no  cracking  in  1  month. 

The  mechanism  of  cracking  in  the  HCI  solutions  is  not  readily 
explained  by  existing  theories  of  SCC.  The  polarization  curves  do  not 
show  regions  of  passivity,  thus  film  rupture  is  probably  not  a 
mechanism.  Much  prior  work  has  shown  that  the  anolyte  in  pits, 
crevices,  and  cracks  becomes  acidic.  However,  none  of  the  exper¬ 
imental  work  or  theoretical  treatments  have  shown  that  the  acidity  of 
solutions  in  pits  or  cracks  can  become  more  acidic  than  17%  HCI, 
which  is  the  external  environment.  Thus,  the  environment  on  the 
surface  is  much  more  acidic  and  presumably  more  corrosive  than  the 
environment  in  the  crack  in  the  case  of  SCC  of  nickel  alloys  in 
HC1/H2S  solutions.  Classic  HE  does  not  explain  the  results  of  the 
SCC  found.  In  a  large  number  of  studies  of  nickel  alloy  applications 
for  the  oil  and  gas  industry,  the  susceptibility  of  alloy  C  276  to  HE  at 
high  strength  levels  has  been  confirmed.  Alloy  825  has  been  found 
to  be  relatively  immune  to  cracking  by  HE.  Yet  in  the  HCI/H2S 
solutions,  this  work  and  other  work  have  shown  alloy  825  to  be  more 
susceptible  to  cracking.  Also,  cathodic  polarization  has  been  shown 
to  reduce  the  incidence  of  cracking,  contrary  to  most  expected  trends 
in  classic  HE. 
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Conclusion 


(1)  Highly  alloyed,  corrosion-resistant  nickel-base  alloys  are  sus¬ 
ceptible  to  SCC  in  ambient  temperature  H2S-containing  hydro¬ 
chloric  acid  stimulation  fluids.  The  cracking  is  transgranular  and 
occurs  only  in  the  presence  of  H2S. 

(2)  Hydrochloric  acid  corrosion  inhibitors  can  prevent  SCC  in 
nickel-base  alloys. 

(3)  Anodic  polarization  accelerates  cracking  in  the  nickel-base 
alloys  in  HCI*  +  H2S,  with  and  without  inhibition. 

(4)  Cathodic  or  anodic  polarization  curves  of  the  nickel-base  alloys 
were  not  adequate  to  explain  the  inhibitor  effects  on  cracking. 

(5)  A  newly  developed  specimen  configuration  designed  to  offer  an 
inexpensive  and  easy  testing  technique  for  assessing  SCC 
resistance  performed  well. 


The  width  of  the  slot  (w)  from  Figure  (A1)  is 

W  =  a  +  b  =  -r— — r  +  -4-; 

tan  <f>  sin  <{> 


(A1) 


Figure  A1  represents  the  specimen  configuration  when  stressed 
(arc  of  a  circle).  The  strain  on  the  outer  fiber  is  given  by 


_t_ 

2R 


(A2) 


The  equation  for  the  length  of  an  arc  of  a  circle  is 

1  =  w  <A3> 

Combining  Equations  (2)  and  (3),  the  angle  in  degrees  is 
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Appendix  A 

Derivation  of  Equation  for  Calculating  Strain 
on  Samples 

Calculation  of  sample  strain 
The  strain  obtained  by  assembling  the  individual  samples  can 
be  calculated  from  simple  geometry  if  it  is  assumed  that  the  radius  of 
curvature  remains  constant  throughout  the  stressed  portion  of  the 
sample  Figure  A1  displays  the  specimen  configuration  at  the  points 
of  contact  at  each  end  of  the  specimens.  In  effect,  the  strain  obtained 
is  from  four  point  contacts  (two  points  at  each  end). 


4>  = 


360  el 
-t 


(A4) 


where  w  =  width  of  slot,  I  =  length  of  specimen  between  midpoints 
of  slots,  t  =  specimen  thickness;  <|)  =  angle  between  samples  at 
slots;  and  e  =  outer-fiber  strain. 

Thus,  using  Equations  (A1)  and  (A4),  the  slot  dimensions  for  a 
desired  strain  can  be  calculated. 


FIGURE  A1— Schematic  for  calculating  strain  on  samples. 

Notice  that  stress  is  not  a  parameter  in  any  of  the  above 
equations.  To  obtain  a  given  stress,  the  strain  corresponding  to  a 
given  stress  should  be  read  from  a  stress-strain  curve,  and  the 
samples  should  then  be  machined  to  obtain  the  corresponding  strain. 
This  is  an  advantage  for  austenitic  alloys,  since  the  stress-strain 
curves  aie  not  linear  near  the  yield  point  of  the  alloys. 
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Intergranular  Attack  Behavior  and  Mechanisms 
for  Nickel-Base  Alloys  in  Caustic  Solutions 
at  Elevated  Temperatures 

H.  Nagano,  K.  Yamanaka,  K.  Tokimasa,  and  H.  Miyuki* 

Abstract 

Intergranular  attack  (IGA)  initiation  and  propagation  processes,  effects  of  environmental  and  material 
factors,  and  consideration  of  the  selective  grain-boundary  dissolution  mechanism  of  mill-annealed  alloy 
600  (UNS  N06600)  were  studied  in  laboratory  tests.  The  results  obtained  are  as  follows:  (1)  IGA  is 
composed  of  intergranular  corrosion  (IGC)  and  intergranular  stress  corrosion  cracking  (IGSCC) 
following  IGC.  Experimentation  has  confirmed  that  IGSCC  is  initiated  for  a  given  applied  stress  when 
IGC  depth  reaches  a  threshold  crack  depth  for  initiation  of  IGSCC  (alh).  Initiation  may  be  defined  in 
terms  of  a  critical  stress-intensity  factor  as  K,scc  =  T)<T\/i7am  (in  =  constant  and  a  =  applied  stress). 

(2)  Environmental  factors  are  more  influential  than  material  factors  in  the  IGA  of  Alloy  600.  IGA  occurs 
in  mixtures  of  NaOH  solutions  with  pH  higher  than  10.3  and  in  metal  oxide  sludges  such  as  Fe304  and 
CuO  at  high  temperatures.  Fe304  acts  as  a  strong  oxidizer  in  the  caustic  solution,  as  described  by  the 
following  equation:  Fe304  +  2HzO  4  2e~  ->3HFe02  +  H+.  (3)  Concerning  the  mechanism  of  IGA, 
the  segregation  of  dissolved  elements  such  as  C,  B,  and  S  at  grain  boundaries  may  be  the  cause  of 
selective  grain-boundary  dissolution  of  mill-annealed  alloy  600. 


Introduction 

Various  instances  of  corrosion  failures  have  occurred  in  the  steam 
generators  of  pressurized  water  reactors  (PWR),  i.e.,  intergranular 
stress  corrosion  cracking  (IGSCC)  at  the  expanded  parts  and  at 
severely  U-bent  parts  of  alloy  600  (UNS  N06600)  tubing  in  the 
primary  side,  and  wastage,  denting,  and  intergranular  attack  (IGA)  in 
the  secondary  side.''2 

The  occurrence  of  wastage  and  IGA  is  closely  related  to  the 
accumulation  of  concentrated  caustic  solutions.  Wastage  has  ap¬ 
peared  on  the  tube  surfaces  in  the  crevices  between  tube  and  tube 
sheet  in  the  steam  generators  that  have  been  operated  under 
phosphate  treatment.  IGA  has  occurred  in  the  crevices  between  tube 
and  tube  sheet,  and  between  tube  and  tube-support  plate  in  the 
steam  generators  that  have  been  operated  initially  under  phosphate 
treatment  and  then  under  the  all-volatile  treatment  \AVT),  or  that 
have  been  operated  only  under  AVT.  Another  characteristic  of  IGA  is 
that  it  appears  after  a  longer  time  period  than  wastage. 

Currently,  remedial  actions  have  been  applied  to  steam  gener¬ 
ators  with  IGA,  controlling  environmental  conditions 

The  objective  of  this  study  is  to  survey  the  effects  on  the  IGA 
initiation  and  propagation  process  of  environmental  factors,  such  as 
NaOH  concentration,  potential  (influenced  by  addition  of  oxide 
sludges),  and  hydrogen  addition,  as  well  as  the  effects  of  alloying 
elements.  The  mechanisms  of  IGA  in  nickel-base  alloys  are  consid¬ 
ered. 

Experimental  Procedures 

Materials 

Chemical  compositions  of  alloys  used  are  given  in  Table  1. 
Tubes  and  plates  ol  alloy  600  (No.  1)  were  used  for  corrosion  tests 


'Sumitomo  Metal  Industries,  Ltd.,  Technical  Research  Laboiatoues, 
1-3,  Nishinagasu-hondori,  Amagasaki  660,  Japan, 


after  they  were  mill  annealed  at  1050°C.  The  plate  of  alloy  600 
containing  50  ppm  boron  (No.  2)  was  used  to  study  the  effect  of  boron 
segregation  on  IGA  by  the  slow-strain-rate  technique  (SSRT) 

Wires  of  75%  NiO  to  15%  Cr  alloys  (Nos.  3  to  5)  were  used  to 
measure  the  repassivation  rate  of  film  by  the  straining  electrode  tests 

Foils  of  rapidly  solidified  alloy  600  (Nos  6  to  1 4),  supersaturated 
with  C,  S,  P,  N,  and  Si  made  by  double-roller  methods  (cooling  rate: 
1.5  x  io5  C/s),  were  used  to  study  the  effects  of  grain-boundary 
segregation  of  dissolved  elements  on  IGA. 

Specimens  for  C-ring  tests  and  SSRT  were  cut  from  a  tube  of 
22.23-mm  diameter  by  1.27-mm  thickness,  and  specimens  for 
electrochemical  measurements  and  U  bend  tests  were  cut  from  a 
plate  of  4.9-mm  thickness.  Specimens  for  straining  electrode  tests 
were  cut  from  a  wire  of  0.5  mm  diameter,  and  rapidly  solidified 
specimens  for  corrosion  tests  were  cut  from  a  foil  of  50-  to  100-(j.m 
thickness. 

Procedures 

Immersion  tests.  C-ring  specimens  loaded  to  a  stress  level  of 
15  or  30  kgf/mm2  or  U-bend  specimens  were  put  into  a  40%  NaOH 
solution  or  mixtures  of  40%  NaOH  plus  metal  oxide  sludges  at  325  C 
for  200  h.  Fe304,  Cu,  and  CuO  were  mixed  to  simulate  the  sludge 
compositions  forming  on  the  surface  of  alloy  600  tubing  at  the 
crevices  between  tube  and  tube  sheet  or  tube  and  tube-support  plate. 
Reagent  grade  metal  and  metal  oxides  were  used  for  the  immersion 
tests.  Particularly,  Fe304  was  rinsed  in  hot,  pure  water  several  times 
for  the  purpose  of  avoiding  such  impurities  as  chlorides  and  sulfates. 
The  composition  of  the  mixtures  are  as  follows: 

(1)  1  L  40%  NaOH  +  520  g  Fe304 

(2)  1  L  40%  NaOH  +  468  g  Fe304  +  0.87  g  Cu  +  51  g  CuO 

(3)  1  L  40%  NaOH  +  0.5  g  Cu  +  300  g  CuO 

Specimens  were  covered  with  metal  oxide  sludges  at  325 ’C 
during  the  test  duration  in  autoclaves.  Autoclaves  are  composed  of 
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TABLE  1 

Chemical  Compositions  of  Alloys  (wt%) 


No. 

C 

Si 

Mn 

P 

s 

Ni 

Cr 

Ti 

At 

B 

N 

Fe 

Shape  of  Material  Used 

1 

0.027 

0.33 

0.31 

0.008 

0.001 

74.45 

16.45 

0.20 

0.11 

0.0002 

0.0073 

8.10 

Tube  and  plate 

2 

0.022 

0.14 

0.23 

0.011 

0.001 

74.27 

15.14 

0.31 

0.24 

0.0050 

0.0069 

9.62 

Plate 

3 

0.018 

0.11 

0.29 

0.001 

0.001 

75.15 

15  05 

0.21 

0.14 

0.0001 

9.02 

Wire1*’ 

4 

0.018 

0.11 

0.29 

0.001 

0.001 

74.55 

4.86 

0.21 

0.13 

0.0001 

19.82 

Wire,A| 

5 

0.014 

0.13 

0.31 

0.002 

0.001 

74.38 

0.01 

0  20 

0.10 

0.0001 

24.85 

Wire(A) 

6 

0.027 

0.34 

0.30 

0.008 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

8.61 

Foil10* 

7 

0.10 

0.34 

0.30 

0.008 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

8.54 

Foil10* 

8 

0.027 

0.34 

0.30 

0  008 

0.11 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

8.50 

Foil10* 

9 

0.027 

0.34 

0.30 

0.008 

0.50 

74.50 

15.90 

0.20 

0.10 

0  0001 

0.0065 

8.10 

Foil10* 

10 

0.027 

0.34 

0.30 

0.12 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

8.49 

Foil10* 

11 

0.027 

0.34 

0.30 

0.53 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

8.08 

Foil10* 

12 

0.027 

1.05 

0.30 

0.008 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

7.90 

Foil10* 

13 

0.027 

5.10 

0.30 

0.008 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0.0065 

3.85 

Foil10* 

14 

0.027 

0.34 

0.30 

0.008 

0.001 

74.50 

15.90 

0.20 

0.10 

0.0001 

0  52 

8.09 

Foil10* 

<A*0.5  mm  in  diameter  for  straining  electrode  tests. 

<0*Foil  is  (50  to  100  jim)  of  rapidly  solidified  alloy  600  (UNS  N06600). 


stand-still  type  with  alloy  600  lining  with  an  internal  volume  of  3  L. 

The  SSRT  tests.  Specimens  cut  longitudinally  from  a  tube  were 
extended  mainly  at  a  strain  rate  of  4.17  x  l0“6/s  or  sometimes  4.17 
x  10~7/s  in  solutions  of  4%,  0.4%,  and  0.04%  NaOH  at  325°C  at 
selected  potentials  against  the  Pt/Pt  reference  electrode.  Potentials 
vs  Pt/Pt  electrode  was  converted  into  the  standard  hydrogen 
electrode  scale  (SHE)  referring  to  the  electrochemical  data.3 

The  constant  load  tests.  Specimens  cut  longitudinally  from  a 
tube  were  stressed  at  a  constant  load  of  25  and  35  kgf/mm2  in  the 
solution  of  4%  NaOH  in  the  autoclave  at  325°C,  at  the  potential  100 
mV  above  the  corrosion  p^'antial  against  the  Pt/Pt  reference 
electrode. 

Electrochemical  measurement.  Anodic  polarization  curves  for 
alloy  600  in  NaOH  solutions  up  to  40%  at  325°C  in  an  autoclave  were 
measured  against  the  Ag/AgCI  reference  electrode  held  in  the  NaOH 
solution  of  the  same  concentration  at  room  temperature  and  high 
pressure  in  a  separate  autoclave,  which  had  a  liquid  junction  with 
NaOH  at  high  temperature  and  high  pressure. 


Results 
IGA  process 

Figure  1  shows  the  effect  of  stress  on  IGA  of  mill-annealed  alloy 
600  in  4%  NaOH  at  325°C  and  the  constant  potentials  where  severe 
IGA  was  indicated  by  content-load  tests.  Specimens  with  both  35 
kgf/mm2  and  25  kgf/mm2  loadings  show  that  IGA  is  composed  of  IGC 
plus  IGSCC;  specimens  with  35  kgf/mm2  loading  show  a  smaller 
amount  of  IGC  and  a  more  significant  amount  of  IGSCC. 

It  is  suggested  that  IGA  proceeds  as  IGC  in  an  initiation  period 
and  then  is  converted  to  IGSCC  in  a  propagation  period,  as  shown  in 
Figure  2.  IGSCC  is  initialed  when  the  IGC  depth  reaches  am,  which 
is  a  threshold  crack  depth  for  initiation  of  IGSCC  and  may  be  defined 
by  the  following  equation: 


Kiscc  = 


(1) 


where  K,scc  =  critical  stress-intensity  factor  (kgf/mm3'2);  n  = 
constant,  depending  on  the  type  of  crack;  a  =  applied  stress 
(kgf/mm2);  alh  =  threshold  crack  depth  (mm). 

From  Equation  (1),  a,h  becomes  larger  with  decreasing  a 
because  K)SCC  is  constant  under  fixed  material  and  environmental 
conditions.  This  relation  is  easily  understood  in  referring  to  Figure  1, 
in  which  alh  is  larger  at  25  than  at  35  kgf/mm2.  A  lifetime  for  IGA  (t,) 
is  shown  by  Equation  (2)  as  the  sum  of  the  IGC  period  (t,GC)  plus  the 
IGSCC  period  (t|Gscc)> 


ti  -  IlGC  +  t|GSCC  (2) 

In  general,  the  crack  growth  rate  by  IGC  is  very  slow  compared 
with  the  crack  propagation  rate  by  IGSCC,  resulting  in  t,GC  tIGSCC, 
and  Equation  (2)  is  shown  by  an  approximate  equation  of  Equation 
(3). 


•i  =  !igc  (3) 

Equation  (4)  gives  t,GC  using  the  terms  of  the  average  crack  growth 
rate  by  IGC  (V), 

<igc  =  ^  (4) 


From  Equations  (1)  through  (4),  Equation  (5)  can  be  obtained 


t  ~  t  _  J_  (Kiscc  \2 
ti  -  ioc  -  wV 


(5) 


Therefore,  it  is  necessary  to  obtain  data  concerning  V,  K,scc  (aro), 
and  it  to  evaluate  the  lifetime  against  IGA. 


FIGURE  1— Effect  of  stress  on  occurrence  of  IGA  of  mill- 
annealed  alloy  600  (UNS  N06600)  in  4%  NaOH  at  325°C  at  1 00  mV 
above  the  corrosion  potential. 
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a^:  Threshold  crack  depth  for 
the  Initiation  of  IGSCC. 

FIGURE  2-Development  of  IGA  in  alloy  600  (UNS  N06600). 

Effects  of  environmental  factors  on  IGA 

Effects  of  NaOH  concentration  and  potential  on  IGA.  Figure 
3  shows  the  effects  of  NaOH  concentration  and  potential  on  the 
occurrence  of  IGA  for  mill-annealed  alloy  600  in  caustic  solutions  at 
325°C.  IGA  occurs  in  a  particular  region  of  NaOH  concentration  and 
potential,  as  can  be  seen  in  Figure  3.  The  shaded  area  for  IGA 
occurrence  begins  at  NaOH  concentrations  from  0.4%  (pH  =  10.3  at 
325°C)  up  to  higher  values.  IGA  occurs  in  an  active/passive, 
transient,  potential  region  where  the  surface  film  of  alloy  600  forms  an 
unstable  passive  film  (Figure  4). 

In  Figure  4,  arrows  indicate  the  corrosion  potentials  of  mill- 
annealed  alloy  600  that  were  increased  at  325°C  in  mixtures  of  NaOH 
plus  metal  oxide  sludges,  such  as  Fe304  and  CuO,  IGA  did  not  occur 
at  the  less  noble  potential  region,  as  in  40%  NaOH,  or  at  the  more 
noble  region,  as  in  40%  NaOH  +  Cu  +  CuO,  as  it  occurred  at  the 
characterized  potential  region  in  the  mixtures  of  40%  NaOH  +  Fe304 
and  40%  NaOH  +  Fe304  +  Cu  +  CuO. 

IGA  occurs  in  an  active/passive  transition  potential  region  in 
mixtures  of  concentrated  NaOH  plus  metal  oxide  sludges  at  high 
temperatures,  as  shown  in  Figure  5. 

Fe304  is  one  of  the  main  components  of  sludges  formed  in  PWR 
plants.  It  reacts  with  alloy  600  as  an  oxidizer  in  the  caustic  solution 
by  the  cathodic  reaction  described  in  the  following  equation.  Because 
ol  its  reduction,  the  corrosion  potential  ot  alloy  600  shifts  to  the 
active-passive  transition  potential,  where  alloy  600  is  susceptible  to 
IGA.  The  reaction  is  as  follows: 

Fe304  +  2HsO  +  2e‘  -3HFe02'  +  H4  (6) 

Inhibition  of  IGA  by  hydrogen  addition.  IGA  may  be  inhibited 
when  caustic  concentration  is  sufficiently  decreased  or  corrosion 
potentials  are  made  less  noble  enough  to  shift  the  characterized 
potential  region  for  IGA  occurrence. 

Figure  6  shows  the  effect  of  hydrogen  addition  on  the  corrosion 
potential  of  alloy  600  in  the  mixture  of  40%  NaOH  +  Fe304  +  Cu  t 
CuO  at  325°C  The  corrosion  potential  decreases  to  the  less  noble 
side  with  increasing  hydrogen  pressure  Shifting  corrosion  potential 
to  the  non-IGA  potential  region  is  made  possible  by  the  addition  of 
hydrogen  above  10"4  atm. 


FIGURE  3— Effects  of  NaOH  concentration  and  potential  on  the 
occurrence  of  IGA  for  mill-annealed  alloy  600  (UNS  N06600)  in 
caustic  solutions  at  325'C. 


FIGURE  4— Potential  ranges  for  occurrence  of  IGA  in  anodic 
polarization  curves  of  mill-annealed  alloy  600  (UNS  N06600)  In 
caustic  solutions  at  325°C. 


Figure  7  shows  that  IGA  initiation  is  inhibited  by  hydrogen 
addition  greater  than  about  10“4  atm  pressure  from  the  immersion 
test  results  Furthermore,  from  the  immersion  test  results  using 
precracked  C-ring  specimens  in  tho  mixtures  of  40%  NaOH  Fe304  t 
Cu  +  CuO  at  325°C  (Figure  8),  it  can  be  seen  that  IGA  propagation 
is  also  inhibited  by  hydrogen  addition  above  some  10-3  atm. 

Consideration  of  selective  grain-boundary  dissolution  mech¬ 
anism.  The  mechanism  of  selective  dissolution  along  grain  bound¬ 
aries  is  not  clear  yet  for  the  IGA  of  mill-annealed  alloy  600.  Figure  9 
shows  a  summary  of  proposed  mechanisms  for  selective  grain¬ 
boundary  dissolution  of  Ni-baso  alloys.  Among  these  mechanisms,  it 
is  thought  that  the  grain-boundary  segregation  of  dissolved  elements 
such  as  C,  B,  and  S  can  explain  the  experimental  results  of  IGA  of 
mill-annealed  alloy  600. 

Segregation  of  dissolved  elements  such  as  C,  B,  and  S  along 
grain  boundaries  seems  to  be  detrimental  to  the  resistance  to  IGA. 
For  example,  Figure  10  shows  the  corrosion  test  results  for  rapidly 
solidified  alloy  600,  supersaturated  with  C,  S,  P,  N,  and  Si,  immersed 
in  the  mixture  of  40%  NaOH  +  Fe304  +  Cu  +  CuO  at  325°Cfor200 
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h.  S  and  C  accelerate  the  caustic  corrosion  in  the  mixtures  of 
concentrated  NaOH  plus  metal  oxide  sludges.  In  our  experiment, 
samples  of  rapidly  solidified  alloy  600  supersaturated  with  more  than 
about  0.1  wt%  B  could  not  be  obtained  by  single-  or  double-roller 
methods  because  carbide  precipitation  could  not  be  suppressed. 

Chaung,  et  al.,4  have  reported  that  the  segregation  of  sulfur 
along  the  grain  boundaries  of  nickel  200  increases  the  anodic 
dissolution,  e.g.,  grain-boundary  attack  within  the  sulfuric  acid 
solution.  The  same  behavior  may  also  occur  in  alloy  600  in  the 
caustic  environments. 


FIGURE  5— IGA  morphology  of  mill-annealed  alloy  600  (UNS 
N06600)  In  various  kinds  of  mixtures  of  40%  NaOH  plus  oxide 
sludges  at  325°C  for  200  h  using  C-rlng  specimens. 


No  addition 

of  hydrogen  P(Il  (ato) 


FIGURE  6— Effects  of  hydrogen  pressure  on  the  corrosion 
potential  of  mill-annealed  alloy  600  (UNS  N06600)  In  the  mix¬ 
tures  of  40%  NaOH  plus  oxide  sludges  at  325°C. 
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FIGURE  7— Effects  of  hydrogen  pressure  on  IGA  occurrence  of 
mill-annealed  alloy  600  (UNS  N06600)  in  the  mixture  of  40% 
NaOH  +  Fe304  +  Cu  +  CuO  at  325°C  for  200  h  (C-ring  specimen 
stressed  at  30  kgf/mm2). 


Figure  11  shows  that  the  susceptibility  to  caustic  IGSCC 
increases  with  the  addition  of  very  small  amounts  c  boron  in  50% 
NaOH  solution  at  350  C  for  500  h  using  U  bend  specimens  9  On  the 
other  hand,  the  detrimental  effect  of  boron  is  nullified  by  a  thermal 
treatment  at  700°C  for  15  h. 

Figure  12  shows  that  IGA  is  increased  by  segregated  boron  in 
mill-annealed  alloy  600  in  4%  NaOH  at  325°C  by  the  SSRT. 

The  grain-boundary  segregation  of  boron  in  mill-annealed  alloy 
600  can  be  observed  using  the  fission  track-etching  method  shown 
in  Figure  13.8  Thus,  the  segregation  of  solute  elements  such  as  C,  B, 
and  S  at  the  grain  boundaries  might  cause  the  selective  grain¬ 
boundary  dissolution  on  mill-annealed  alloy  600,  but  this  does  not 
preclude  the  other  mechanisms  shown  in  Figure  9. 

Conclusion 

(1)  IGA  is  composed  of  IGC  and  IGSCC  following  IGC.  It  has 
been  confirmed  through  experimentation  that  IGSCC  is  initiated 
when  IGC  depth  reaches  alh,  a  threshold  crack  depth  for  initiation  of 
IGSCC.  It  may  be  defined  that  K,scc  is  equal  to  T|<jV~am  ft  =  a 
constant,  v  =  an  applied  stress). 

(2)  Environmental  factors  are  more  influential  on  the  IGA  of  alloy 
600  than  material  factors.  IGA  occurs  in  the  mixtures  of  NaOH 
solutions  with  pH  above  1 0.3  and  metal  oxide  sludges  such  as  Fe304 
and  CuO  at  high  temperatures.  Fe304  is  a  main  component  of 
sludges  formed  in  the  plant  and  acts  as  a  strong  oxidizer  in  the 
caustic  solution  described  in  Equation  (6): 

Fe304  +  2H20  +  2e'  -*  3HFe02"  +  H+  (6) 

This  shifts  the  corrosion  potential  of  alloy  600  from  an  active 
potential  region  to  an  active-passive  potential  region,  where  IGA  is 
initiated  and  proceeds. 

(3)  IGA  initiation  and  propagation  of  mill-annealed  alloy  600  can 
be  inhibited  by  hydrogen  addition  above  10'3  atm  in  the  mixtures  of 
40%  NaOH  and  metal  oxide  sludges  at  325°C. 

(4)  Concerning  the  mechanism  of  IGA,  the  segregation  of 
dissolved  elements  such  as  C,  B,  and  S  at  the  grain  boundaries  may 
be  the  causes  of  selective  grain-boundary  dissolution  for  mill- 
annealed  alloy  600. 
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*  There  is  no  suspicion  of  stress  relaxation  because  strain 
gage  is  struck  on  the  inner  surface  loaded  at  the  maximum 
stress  of  the  pre-cracked  C-ring  specimens. 
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FIGURE  8-Effects  of  hydrogen  pressure  on  IGA  propagation  of  mill-annealed  alloy  600  (UNS 
N 06600)  in  the  mixture  of  40%  NaOH  +  Fe304  +  Cu  +  CuO  at  325“C  for  200  h  (C-ring  specimen 
stressed  at  15  kgf/mm2). 


FIGURE  9— Summary  of  proposed  mechanisms  for  selective  grain-boundary  dissolution  or 
hydrogen  embrittlement  In  Nl-base  alloys.9 
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FIGURE  10— Effect  of  dissolved  elements  on  corrosion  rate  of 
rapidly  solidified  alloy  600  (UNS  N06600)  in  the  mixtures  of  40% 
NaOH  +  Fe304  +  Cu  +  CuO  sludges  at  325°C  for  200  h. 
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FIGURE  11 -Effect  of  boron  on  the  IGSCC  of  alloy  600  (UNS 
N06600)  In  deaerated  50%  NaOH  solution  at  350°C  for  500  h.10 


FIGURE  12— Effect  of  boron  on  the  IGA  of  alloy  600  (UNS 
N06600)  in  4%  NaOH  at  325°C  by  the  SSRT.7 


FIGURE  13— Electron  micrographs  and  fission  track  etching  of 
mill-annealed  alloy  600  (UNS  N06600)  containing  11  ppm  B  and 
47  ppm  B.9 
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Discussion 

S.M.  Bruemmer  (Pacific  Northwest  Laboratory):  Until  now, 
the  effect  of  carbide  precipitates  on  the  SCC  of  alloy  600  (UNS 
N06600)  has  not  been  studied  too  well.  Nagano,  et  al.,  have  given  a 
good  presentation  regarding  the  action  of  carbides  on  the  cracking 
behavior  of  alloy  600.  it  is  very  interesting  that  alloy  600,  with 
continuous  or  discontinuous  carbide  precipitates,  shows  good  SCC 
resistance  in  high-temperature  pure  water 'and  caustic  solutions,  as 
compared  with  the  performance  of  austenitic  sia.uless  steels.  Car¬ 
bide  precipitation  reduces  the  detrimental  effect  of  dissolved  carbon 
along  grain  boundaries,  increasing  SCC  resistance. 


However,  you  show  a  beneficial  effect  of  intergranular  carbides 
on  the  resistance  to  intergranular  attack,  aped  from  SCC.  I  can 
understand  the  effect  of  carbides  on  intergranular  SCC,  but  how  can 
we  explain  carbide  effects  on  intergranular  corrosion?  Mechanisti¬ 
cally,  how  can  these  carbides  improve  corrosion  resistance? 


H.  Nagano:  The  details  of  the  mechanism  of  intergranular 
corrosion  remain  obscure.  In  our  paper  we  point  out  that  environ¬ 
mental  factors  are  generally  more  influential  than  material  factors, 
such  as  the  presence  of  carbides. 
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Threshold  Stress  and  Crack  Growth  Rate  Considerations 
Based  on  a  Strain-Rate  Damage  Model 
of  IGSCC  for  Alloy  600 

Y.S.  Garud*  and  A.R.  Mcllree** 

Abstract 

An  engineering  model  for  quantitative  evaluation  of  the  intergranular  stress  corrosion  cracking  (IGSCC) 
of  alloy  600  (UNS  N06600)  tubing  material  in  high-purity  water  was  recently  presented  by  the  authors. 

This  paper  deals  with  further  applications  of  the  IGSCC  model.  In  particular,  implications  of  the  model 
with  regard  to  (a)  the  possibility  of  a  threshold  stress  for  the  IGSCC  and  (b)  the  crack  growth  rate 
evaluation  are  discussed  with  the  objective  of  seeking  some  engineering  correlations  with  the  field  data 
on  the  primary-side-initiated  IGSCC  in  recirculating-type  steam  generators. 

Theoretical  estimates  of  the  threshold  stress  are  obtained  as  dependent  on  the  temperature  and 
material  condition.  It  is  shown  that  the  threshold  stress  is  related  to  the  deformation  characteristics  of 
the  material  (such  as  the  strain-rate  sensitivity).  Simplified  correlations  in  terms  of  the  room-temperature 
yield  and  ultimate  strengths  are  presented  for  mill-annealed  and  thermally  treated  material  conditions. 

The  significance  and  limitations  of  the  concept  of  threshold  stress  are  discussed.  Also,  application  of 
the  IGSCC  model  to  determine  approximate  (average)  crack  growth  rates  is  illustrated,  demonstrating 
the  influence  of  stress  and  temperature  on  the  pure-water  cracking  phenomenon.  Failure  times 
observed  in  the  field  are  summarized,  analyzed,  and  compared  with  the  model  results.  Results 
presented  in  this  paper  lend  further  support  to  the  utility  and  applicability  of  the  strain-rate-based  IGSCC 
damage  model. 


Introduction 

The  occurrence  of  intergranular  stress  corrosion  cracking  (IGSCC)  in 
Ni-Cr-^e  alloy  600  (UNS  N06600)  tubing  in  the  primary  water-coolant 
environment  of  steam  generators  of  pressurized  water  reactors 
(PWRs)  has  continued  to  adversely  affect  the  availability  of  PWR 
power  plants  for  over  a  decade.' 2  Mainly  because  of  increased  costs 
of  plant  operation  and  maintenance,  this  has  resulted  in  the  need  for 
quantitative  and  predictive  modeling  of  IGSCC.  An  engineering 
model  based  on  a  detailed  review  of  relevant  data  and  mechanistic 
considerations3  was  presented  in  an  earlier  paper.4 

The  purpose  of  this  paper  is  to  provide  estimates  of  threshold 
stress  and  average  crack  growth  rate  for  alloy  600  in  high-purity, 
high-temperature  water  by  applying  the  model  under  simplified 
conditions  of  interest  and  to  compare  the  results  with  service  data. 

Mode!  Description 

The  strain-rate-based  model  for  IGSCC  of  alloy  600  in  high- 
purity  water  can  be  summarized  by  the  following  relations:3,4 


D(t)=  fo'  f(4)dt 

0) 

a 

< 

11 

(2) 

D(t,)  =  a, 

(3) 

"S.  Levy  Incorporated,  3425  S.  Bascom  A ve„  Campbell,  CA 
95008-7006. 

“Electric  Power  Research  Institute,  3412  Hillview  Ave.,  Palo  Alto, 
CA  94304. 


Equation  (1)  states  that  the  IGSCC  damage  (D)  accumulated  in 
time  (t)  is  dependent  on  the  strain  rate  (t).  The  functional  relation  (f), 
as  given  by  Equation  (2),  involves  two  parameters  (A  and  p)  that 
account  for  the  material  environment  specific  conditions.  Equation  (3) 
simply  defines  the  failure  condition  for  the  occurrence  of  a  small  crack 
of  engineering  significance,  and  t,  is  the  time  to  reach  that  condition. 
Here,  D  and  a,  are  in  units  of  length,  A  and  f()  have  units  of 
length/time,  4  has  units  of  1/time,  and  p  is  a  dimensionless 
parameter. 

Alternatively,  the  above  relations  may  be  combined  as  follows: 

1  =  /o,f(1/t*)(e)Ddt  (4) 

where  t*  =  a/A,  thus  explicitly  defining  the  time-to-failure  (t,).  The 
strain  rate  used  in  the  following  discussion  is  taken  equal  to  the  total 
nominal  strain  rate  accounting  for  nonelastic  material  response  in  the 
absence  of  any  significant  cracking. 

Based  on  the  material  stress-strain  data  available  for  Ni-Cr-Fe 
alloy  600,  the  following  formulation  (referred  to  as  the  Bodner-Partom 
formulation5)  was  found  suitable3  to  represent  the  strain-rate  re¬ 


sponse  for  various  material  conditions  of  interest. 

i  =  6/E  +  4,  (5) 

=  (2Do/V3)exp[-0.5(Z/a)2n]  (6) 

2  =  2,  -  (Z,  -  Zo)exp(-  mWp)  (7) 

Zo  =  (m,T  +  C,)Z,  (8) 

m  =  m0T  +  C0  (9) 

n  =  a/T  (10) 
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In  these  equations,  D0,  Z„  m0,  m„  C0,  C,,  and  a  are  material 
constants  independent  of  temperature,  E  is  Young’s  modulus  of 
elasticity,  and  Wp  is  the  cumulative  work  of  nonelastic  deformation 
(i.e.,  sum  total  or  integrated  value  of  the  product  of  stress  and 
incremental  nonelastic  strain),  a  is  stress,  and  T  is  absolute 
temperature.  Here,  E,  Z,  Z„  Zo,  and  Wp  have  units  of  stress,1 m  m  and 
C0  are  in  units  of  1/stress,  <i  has  units  of  stress/time,  e,  en,  and  D0  are 
m  units  of  1/time,  and  n  is  dimensionless.  (Time  is  measured  in 
seconds  throughout  this  work.) 

Values  of  the  constants  for  four  material  conditions  are  given  in 
Table  1  based  on  an  analysis  of  stress-strain  data.  (For  details  of  the 
data  and  analysis,  the  reader  is  referred  to  Reference  3.)  The 
room-temperature  yield  strength  and  ultimate  strength  corresponding 
to  the  various  heats  of  these  materials  are  also  listed  in  the  same 
table  for  use  in  the  subsequent  correlations,  these  strength  values 
are  experimental  data  as  gathered  from  various  sources  in  Refer¬ 
ence  3. 

Comments  on  the  Physical  Basis 
and  Material  Parameters 

Equations  (1)  through  (4)  constitute  the  IGSCC  model  that  uses 
the  strain  rate  as  a  key  variable.  Various  mechanistic  and  phenom¬ 
enological  reasons  for  the  strain-rate-based  approach  were  dis¬ 
cussed  in  the  earlier  work.®-4  Very  briefly,  it  allows  one  to  interpret  the 
SCC  in  terms  of  a  film-rupture  mechanism,  because  the  periodicity  of 
ruptures  is  expected  to  be  related  to  the  strain  rate  and  also  to 
influence  the  rate  of  progression  of  stress  corrosion  cracking.  In 
addition,  it  is  possible  to  relate  the  functional  form  f( )  [Equation  (2)) 
and  the  two  model  parameters  (A  and  p)  to  the  current-density  data 
from  electrochemical  strain-rate  transient  experiments.3,4 

Equations  (5)  through  (10)  constitute  the  deformation  mechan¬ 
ics  formulation  quite  independent  of  the  IGSCC  model;  i.e.,  any 
appropriate  set  of  equations  describing  the  stress-strain  response  of 
the  material  under  consideration  may  be  used  to  define  the  strain- 
rate  input  needed  for  the  IGSCC  model.  The  formulation  selected  in 
this  work  is  essentially  the  one  proposed  by  Bodner  and  Partom,  who 
also  discuss  its  physical  basis  in  relation  to  the  motion  of  dislocations  5 
For  instance,  the  material  parameter  (n)  is  related  to  the  intrinsic 
viscosity  of  dislocation  motion  and  to  the  strain-rate  sensitivity  of  the 
material  (the  lower  value  of  n  implies  greater  sensitivity). 

D0  also  influences  the  strain-rate  sensitivity  and  is  related  to  a 
limiting  (maximum)  strain  rate  in  shear.  The  parameter  m  relates  to 
the  rate  of  work-hardening  (higher  values  of  m  imply  higher  rates). 
The  variable  Z  is  referred  to  as  the  hardness  variable  and  represents 
the  overall.  microstructural  state  of  the  material  with  respect  to  its 
resistance  to  the  inelastic  deformation;  it  is  a  type  of  scalar  internal 
variable  -that  accounts  for  the  load-history  dependence  of  the 
nonelastic  deformation.  The  parameter  Z0  is  the  initial  hardness 
corresponding  to  the  reference  state  of  the  material  from  which  the 
value  of  Wp  is  measured;  Z,  corresponds  to  a  limiting  saturation 
value  of  Z  to  ensure  that  the  resistance  to  inelastic  deformation  is 
i.n.to.  It  may  be  noted  that  the  above  formulation  is  applicable  to 
steady  as  well  as  variable  ^uniaxial)  loading  of  stress  or  strain, 
therefore,  constant  stress,  constant  deformation,  and  constant  ex 
tansion-rate  conditions  are  only  some  of  the  particular  cases  of 
loading  covered  by  the  formulation. 

Threshold  Stress  Evaluation 

The  concept  ot  a  threshold  parameter  (such  as  a  stress  or  stress 
intensity)  separating  the  regions  of  conditions  for  the  occurrence  and 
non-occurrence  of  a  phenomenon  is  appealing  to  many  engineers 
and  researchers,  and  the  phenomenon  ot  IGSCC  falls  in  this 
category.  At  the  same  time,  however,  it  would  be  difficult  to  deny  the 
elusive  nature  of  the  threshold,  particularly  when  environmental 
influences  on  material  degradation  are  important  and  when  the 
loading  is  not  one  of  uniformly  constant  intensity.6  The  Discussion 
section  argues  the  validity  and  limitations  of  the  threshold  concept  for 
IGSCC;  the  following  is  an  attempt  to  estimate  the  threshold  stress 
(under  idealized  conditions)  as  suggested  by  the  above  damage 
model. 

’’The  SI  unit  for  stress  is  MPa:  1  ksi  =  6.895  MPa. 


Starting  with  an  ideally  smooth  surface  (with  no  cracks)  and 
under  the  condition  of  constant  stress,  the  deformation  mechanics 
formjlation  [Equations  (5)  through  (10)]  implies  a  steep  decrease  in 
the  (nominal)  strain  rate  at  low  (below-yield)  nominal  stresses,  which, 
in  turn,  translates  into  an  extremely  slow  rate  of  damage  accumula¬ 
tion  per  the  IGSCC  model.  Let  denote  the  value  of  strain  rate 
.below  which  the  damage  accumulation  rate  is  too  slow  to  cause  any 
significant  degradation  over  the  practical  useful  life  of  a  component 
To  a  iirst  approximation,  assuming  conservatively  that  Z  =  Z0  for  4n 
=  fo  Equations  (6),  (8),  and  (10)  result  in  the  following  expression 
for  threshold  stress  (Sth): 

Sth  =  Z,(m,T  +  Ct)  [  ln(4D§  13)  -  2  Info)  ]"T/2a  (11) 

One  estimate  of  may  be  obtained  by  equating  it  to  the  average 
strain  rate  needed  to  accumulate  the  strain  equal  to  the  rupture  strain 
of  a  metal  oxide  in  the  practical  life  span  for  the  component;  e.g.,  a 
metal  oxide  ductility  of  0.001  and  a  life  of  40  years  would  imply  the 
4,  equal  to  7.93  x  10" 13  (1/s).  Since  the  earlier  work4  permits  an 
estimation  of  the  accumulation  of  IGSCC  damage  for  a  mill-annealed 
alloy  600  condition  at  365°C,  this  results  in  a  more  conservative  value 
for  4,  of  7.09  x  10~18  (1/s).  Based  on  the  latter  approach  and 
allowing  for  some  uncertainty,  the  value  of  ^  is  taken  equal  to  1 .0  x 
10-2°  (1/s). 

Using  the  above  expression  for  the  threshold  stress  and  the 
conservative  value  of  1  xlO'20  (1/s)  for  ec„  the  threshold  estimates 
for  various  heats  and  material  conditions  of  Table  1  were  obtained  for 
high-purity  water  in  the  temperature  range  of  500  to  680°F  (260  to 
360°C).  Figure  1  shows  these  estimates. 

The  two  material  conditions  for  which  data  were  available  from 
multiple  heats  exhibited  considerable  heat-to-heat  variations  in  the 
estimated  threshold  stress  values,  as  can  be  seen  from  Figure  1 . 
Note  however,  that  the  basic  mechanical  strength  properties  also 
show  similar  variation,  as  indicated  in  Table  1.  Material  constants  in 
Bodner-Partom  formulation  are  normally  not  available  (and  their 
determination  requires  more  data  and  analysis)  as  compared  with  the 
readily  available  properties  such  as  the  room-temperature  yield  (Sy) 
and  ultimate-strength  (Su)  values.  It  is  useful,  therefore,  to  obtain 
alternative  correlations  for  the  threshold  stress  in  terms  of  the  latter 
values,  if  possible.  The  data  from  Table  1  and  the  model  estimates 
from  Figure  1  were  analyzed  and  yielded  the  following  regressions: 

For  the  mill-annealed  condition, 

Slh  =-48.050  +  0.81 54Sy  +0.5440S,,  -  0.01471F  (12) 

For  thermally  treated  conditions, 

Sttl  =  -23.138  +  0.4496Sy  +  0.4491SU  0.01578F  (13) 

Here,  F  is  temperature  in  degrees  Fahrenheit  [500  to  680'  (260  to 
360“C)],  and  Slt),  Sy,  and  Su  are  in  ksi.  The  goodness  of  fit  is  quite 
satisfactory,  as  can  be  inferred  from  Figure  2.  The  heat  to-heat 
variation  is  significantly  accounted  for,  and  most  of  the  regression 
fitted  values  are  within  5%  of  the  model  estimates. 

Crack.  Growth  Rate  Estimates 

As  noted  above,  the  IGSCC  damage  model  was  developed  for 
the  time-to-failure  (t,),  with  failure  defined  in  terms  of  the  initiation  of 
a  small  crack  of  the  order  of  1  mm  (a,).  Based  on  this  definition,  an 
average  crack  growth  rate  (or  the  average  rate  of  IGSCC  penetration) 
can  be  estimated  as  a/t,. 

Since  the  IGSCC  damage  model  is  based  on  the  strain  rate  as 
a  key  mechanics  variable,  it  becomes  essential  to  obtain  an  estimate 
of  strain  rates  acting  in  the  critical  locations  of  a  service  component. 
Such  information  is  often  not  obvious  nor  readily  obtainable;  how¬ 
ever,  with  the  use  of  a  reasonable  constitutive  relation  (i  e.,  material 
stress-strain  behavior),  it  is  possible  to  relate  strain  rate  to  more 
readily  available  parameters  such  as  temperature  and  stresses.  As 
noted  earlier,  the  Bodner-Partom  formulation  was  found  to  be 
suitable  for  alloy  600  tubing  material. 
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TABLE  1 

Bodner-Partom  Material  Constants  for  Various  Conditions  and  Heats  of  Alloy  600  (UNS  N06600), 
Room-Temperature  Yield  (Sy),  and  Ultimate  Strength  (SJ 


No.(a) 

Do 

1/s 

Z, 

ksl(B) 

a 

°K 

m0 

1/(ksi  °K) 

Do 

1/ksI 

m, 

1/°K 

c, 

Sy 

ksi 

s„ 

ksi 

0.0 

10 

145.63 

2868 

1.307E-4 

0.05826 

-3.370E-5 

0.41323 

49.73 

99.62 

4.0 

10 

116.87 

5950 

0.703E-4 

0.13393 

-16.350E-5 

0.42481 

40.63 

97.93 

4.1 

10 

142.31 

2541 

1.402E-4 

0  08167 

-0.935E-5 

0.35020 

41.91 

99.64 

5.0 

10 

144.75 

7319 

0.723E-4 

0.06842 

-8.020E-5 

0.45093 

58.00 

104.20 

5.2 

10 

158.18 

3507 

1.251E-4 

0.06435 

-3.650E-5 

0.40867 

55.73 

109.75 

6.2 

10 

150.56 

3287 

0.991  E-4 

0.07888 

— 2.040E-5 

0.36886 

48.62 

103.38 

7.2 

10 

158.11 

5240 

0.521  E-4 

0.10173 

— 5.260E-5 

0.41606 

60.15 

117.26 

8.3 

10 

147.63 

3689 

1.327E-4 

0.06974 

— 19.420E-5 

0.67468 

75.49 

106.38 

12.0 

10 

140.62 

11141 

0.0 

0.10045 

-10.370E-5 

0.42225 

53.77 

107.84 

(A,0.0,  4.0,  5.0,  and  12.0  are  mill-annealed  heats  (0.0  is  average  of  3  heats). 
4.1  is  mill-annealed  and  stress-relieved  heat. 

5.2, 6.2,  and  7.2  are  mill-annealed  and  thermally  treated  heats. 

8.3  is  mill-annealed  and  cold-worked  heat. 

<e,Note:  1  ksi  =  6.895  MPa. 
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FIGURE  1  —Model  estimates  of  threshold  stresses  for  IGSCC  of 
various  heats  and  material  conditions  of  alloy  600  (UNS  N06600). 


For  the  U-bend  steam  generator  tubing  application,  although 
the  service  temperature  data  is  known  fairly  accurately,  the  acting 
(t.e.,  residual  plus  operational)  stress  values  are  generally  unknown 
or  reflect  considerable  uncertainty,  particularly  in  the  roll-transition 
(RT)  zone  and  in  the  U-bend  region,  where  fabrication  histories  and 
geometric  complexities  dominate  the  stress  assessment.  It  is  pro¬ 
posed  here  to  use  the  engineering  yield  strength  (for  0.2%  plastic 
strain)  as  the  uniform  (effective)  stress  level  acting  in  the  critical 
location  for  purposes  of  estimating  the  average  crack  growth  rate 
equal  to  a/t,. 

In  our  earlier  work,'*  the  model  parameters  were  established  for 
a  mill-annealed  condition  (no.  4.0)  of  alloy  600  for  the  high-purity 
water  environment  between  290  and  350*0.  In  particular,  the 
exponent  p  was  estimated  to  be  0.65  and  t‘  (in  seconds)  was  10.627 
at  290  C  (554 'F),  6.05205  at  340'C  (644  F)  and  4.84027  at  350  C 
(662  F).  In  this  work,  the  t‘  values  were  interpolated  between  290 
and  340°C  (t.e.,  t‘  =  37.16171  -  0.091499T,  where  T  is  in  °C).  The 
corresponding  parameters  describing  the  material  strain-rato  re¬ 
sponse  are  listed  in  Table  1 .  To  be  consistent  with  the  earlier  work,'2' 


,2lThe  authors  would  like  to  note  a  correction  to  the  typographical 
error  in  Equation  (4)  of  their  earlier  paper  (Reference  4):  The  factor 
(1  p)  (afA)  should  read  {(1  p)  (a/A)].  Similar  correction  is 
warranted  .n  Equation  (3.3)  of  Reference  3  and  in  Equation  (7)  of 
Reference  7. 
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FIGURE  2— Comparison  of  estimated  threshold  stress  with 
regression-fit  calculations  for  mill-annealed  and  thermally  treated 
heats. 


the  values  of  Z,  (in  Equation  A.7  of  Reference  4)  were  estimated  by 
linear  interpolation  between  the  stress  range  of  36  to  45  ksi  and  the 
temperature  range  of  290  to  340'C  [The  resulting  linear  relation  was 
Z,  (ksi)  =  1.1306639  +  1.0829918S  +  0.P098T,  where  S  is  stress 
in  ksi  and  T  is  temperature  in  °C], 

Based  on  the  above  assumptions  and  model  parameter  values 
from  the  previous  work  (with  a,  =  1  mm),  the  average  rates  of  IGSCC 
penetration  were  calculated  for  the  temperature  range  of  290  to 
340°C  (554  to  644°F)  and  stress  levels  of  0.90Sy,  Sy,  and  1,1 0Sy 
(where  Sy  is  the  material  yield  strength  at  room  temperature  equal  to 
40.63  ksi  for  the  material  condition  4,0).  The  resulting  model 
predictions  are  shown  by  the  solid  linos  in  Figure  3. 

In  addition,  the  field  data89  for  reported  IGSCC  incidences  at 
the  two  critical  locations:  namely,  the  first-row  U-bend  region  and  the 
RT  zone  (of  mill-annealed  alloy  600  tubing  of  the  recirculating-type 
steam  generators),  are  also  shown  on  the  same  plot  of  Figure  3. 
Here,  the  average  rate  of  IGSCC  penetration  was  estimated  (with 
appropriate  unit  conversions)  by  simply  dividing  the  nominal  wall 
thickness  (50  mils  or  1.27  mm)  by  the  effective  full-power  days 
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estimate  at  which  time  each  IGSCC  incidence  was  reported.  Note 
that  the  RT  data  includes  three  incidences  of  IGSCC  in  the  cold-leg 
portion  of  the  recirculating-type  steam  generators.  All  these  field  data 
have  been  reported  for  the  IGSCC  initiated  from  the  primary-coolant 
side  of  the  alloy  600  tubes. 


(degrees  F) 


FIGURE  3— Temperature  and  stress  dependence  of  penetration 
rate  of  IGSCC  as  estimated  by  the  model  and  Its  comparison 
with  field  data. 

Discussion 

The  IGSCC  damage  model  suggests  that  the  threshold  stress 
as  given  by  Equation  (11)  is  dependent  on  deformation-related 
material  parameters,  in  particular  on  n,  which  is  related  to  the 
strain-rate  sensitivity.  Also,  typical  estimated  threshold  stresses  at 
600"F  (316X1  range  from  about  70  to  84%  of  the  material  yield 
strength  at  room  temperature.  It  is  important  to  note  an  implicit 
assumption  made  in  estimating  the  threshold  stress.  The  material  is 
assumed  to  be  free  of  cracks  just  prior  to  the  start  of  the  holding 
period  of  the  stress  If  this  is  not  the  case,  the  estimate  would  have 
to  be  lowered,  depending  on  the  severity  of  the  cracking  and  of  the 
environment.  Note  also  that  the  value  of  (the  critical  strain  rate)  is 
expected  to  depend  on  the  environment,  thus,  in  principle,  providing 
for  the  fact  that  these  estimates  would  not  be  applicable  to  an 
aggressive  environment  such  as  the  polythionic  acid. 

In  view  of  the  fact  that  the  actual  primary  water  environment  is 
somewhat  different  from  the  high-purity  water  environments  used  in 
obtaining  the  model  parameters,  the  correlation  of  Figure  3  might 
appear  fortuitous  The  stress  levels  of  Figure  3  are  expected  to  be 
reasonable  for  the  RT  region;  as  such,  the  temperature  dependence 
covering  the  hot-leg  and  tho  cold-leg  transitions  is  very  well  repre¬ 
sented  by  the  model.  Since  the  U-bend  region  is  expected  to  be  more 
highly  stressed  than  the  RT,  the  corresponding  trend  seen  in  Figure 
3  appears  to  be  in  the  right  direction. 

Concluding  Remarks 

Based  on  the  strain  rate  IGSCC  damage  model  for  alloy  600  in 
high  temperature,  high  purity  water,  the  concept  of  threshold  stress 
is  evaluated  for  a  smooth  (uncracked)  component  under  constant 
stress  condition.  It  is  shown  that  the  threshold  stress  is  related  to  the 
deformation  characteristics  of  tho  material,  and  simplified  expres¬ 
sions  in  terms  of  the  room  temperature  yield  and  ultimate  strengths 
are  presented  for  mill  annealed  and  thermally  treated  material 
conditions. 

To  a  first  approximation,  the  model  implementation  for  estimat 
ing  average  crack  growth  rates  for  tho  IGSCC  was  presented.  These 
estimates  were  shown  to  be  in  reasonably  good  agreement  with  data 
analyzed  from  the  service  tube  failures.  Results  presented  in  this 
paper  lend  support  to  the  utility  and  applicability  of  the  strain-rate 
based  IGSCC  damage  model. 
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Discussion 

M.M.  Hall  (Westlnghouse  Electric  Corporation,  USA):  As  I 
understand  your  strain-rate  damage  model  of  intergranular  SCO, 
your  damage  function  is  the  integral  over  time  of  the  rate  of 
mechanical  strain-energy  dissipation.  Your  threshold  stress  (tor 
crack  initiation)  is  then  a  critical  strain  parameter.  Could  you 
comment  on  the  general  applicability  of  this  result?  Do  the  current 
slow-strain-rate  and  static-loading  test  methods  provide  sufficient 
information  for  a  rigorous  test  of  tho  concept?  If  so,  what  data  sets 
best  illustrate  this? 

Y.S.  Garud:  Although  the  intergranular  SCC  damage  D  (Equa¬ 
tion  (1)]  and  the  functional  relation  f  [Equation  (2))  are  related— 
through  the  particular  choice  of  material  stress-strain  law  used  in  this 
study-to  the  time-integral  of  the  work  (per  unit  volume)  of  nonelastic 
deformation  (Wp),  the  relation  is  neither  obvious  nor  simple.  It  is 
difficult  to  see  how  either  D  or  f  is  equivalent  to  Wp,  as  you  suggest. 
However,  the  idea  of  a  more  explicit  and  direct  relation  between  the 
two  may  be  of  some  merit  for  further  evaluation. 

The  threshold  stress  is  actually  related  to  a  critical  strain-rafe 
parameter  in  this  work.  However,  as  indicated  under  Equation  (11). 
it  may  be  interpreted  in  terms  of  the  rupture  strain  of  a  metal  oxide 
expected  to  form  under  the  conditions  of  Interest.  In  this  sense,  and 
under  the  idealized  conditions  noted  in  the  paper,  the  concept  should 
be  applicable  to  other  alloy-environment  sysiems  [e.g„  stainless 
steels  such  as  type  304  (UNS  S30400)  in  high-temperature  aqueous 
conditions,  as  in  a  boiling  water  reactor]  where  the  involvement  ot  a 
film-rupture  process  Is  suspected. 

Tiie  slow-strain-rate  test  and  the  static-load  test  do  provide 
some  information  about  the  possibility  of  a  threshold  stress,  but  this 
information  is  only  indirect  and  necessarily  requires  extrapolation  tin 
time)  of  the  test  results.  In  other  words,  there  are  practical  limitations 
of  time  and  resources  needed  for  an  otherwise  rigorous  test  program. 
We  are  not  aware  of  currently  available  data  tfor  the  PWR  tubing) 
generated  specifically  to  test  the  threshold  stress  concept.  However, 
recently,  more  specific  data  has  been  produced  that  might  provide 
some  (indirect)  information  on  this  issue,  subject  to  turther  evalua¬ 
tion. 
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Effect  of  Crevice  Corrosion 
on  Hydrogen  Embrittlement  of  Titanium 

C.F.  Clarke,*  B.M.  Ikeda,*  and  D.  Hardie** 

Abstract 

Titanium  is  a  candidate  container  material  for  the  disposal  of  nuclear  fuel  waste  in  Canada.  A  possible 
failure  mechanism  for  titanium  is  hydrogen  embrittlement  (HE)  caused  by  the  hydrogen  generated 
during  crevice  corrosion.  Although  Grade-2  titanium  is  less  susceptible  to  HE  than  Grade-12  titanium, 
it  is  more  susceptible  to  crevice  corrosion,  particularly  at  temperatures  greater  than  100°C.  This  paper 
describes  the  development  of  a  crevice  design  in  order  to  establish  consistent  crevice  corrosion  on 
Grade-2  titanium  tensile  specimens.  Hydrogen  entry  into  the  metal  does  occur  under  the  crevice. 
However,  the  material  fails  mechanically  because  of  a  reduction  in  its  cross-sectional  area  brought 
about  by  crevice  corrosion,  not  because  of  HE.  The  failure  mode  appears  to  be  a  competition  between 
the  rates  of  hydrogen  uptake  and  metal  wastage. 


Introduction 

Titanium  is  a  candidate  material  for  use  as  a  nuclear  waste  container. 
In  Canada,  the  design  lifetime  for  such  nuclear  waste  containers  is 
500  a  at  temperatures  up  to  100  C  in  saline  ground  waters  that  could 
approach  saturation  in  chiunde.  Titanium  owes  its  excellent  corrosion 
resistance  over  a  wide  range  of  environments  and  conditions  to  a 
stable,  adherent  surface  film  of  Ti02,  either  in  the  form  of  rutile  or 
anatase.  Any  assessment  of  its  viability  as  a  material  for  the 
long-term  containment  of  radioactive  waste  must  consider  factors 
that  may  break  down  this  protective  film. 

This  passive  film  can  be  compromised  py  excessive  cathodic 
protection  or  under  crevice  conditions,  such  as  those  created  by 
surface  deposits,  metal-to-metal  joints,  or  flanges  containing  gas¬ 
kets.  Commercial-purity  titanium  jASTM  Grades  1-4j  is  particularly 
susceptible  to  crevice  corrosion  in  saline  solutions  at  temperatures 
above  100  C.  On  the  other  nand,  Grade-12  titanium,  which  contains 
small  amounts  of  nickel  and  mulybdenum,  has  been  shown  to  have 
greater  resistance  to  such  attack.’  However,  it  appears  to  have 
poorer  resistance  to  hydrogen  embrittlement  vHE;  when  strained  in 
neutral  chloride  solutions  and  cathodically  polarized  at  temperatures 
greater  than  100  C,?  or  when  precharged  with  hydrogen  under 
vacuum  at  elevated  temperatures.1  The  results  ol  Clarke,  et  at., 
suggest  that  at  extremely  negative  potentials,  the  passive  film  on 
Grade-12  titanium  is  altered,  rendering  it  more  permeable  to 
hydrogen.1  Apparently,  this  alteration  does  not  occur  on  Grade-2 
titanium.  The  alloying  elements  m  Grade  12  titanium,  which  are 
difficult  to  detect  m  the  passive  film,  are  thought  to  altui  (he  properties 
ot  the  oxide  layer,  making  it  more  resistant  to  I  dualized  breakdown 
out  mote  susceptible  to  hydrogen  entry  at  negative  potentials. 

Foi  free  corrosion  conditions  ^as  opposed  to  uathodically  po 
■anzed  oonditiunsy,  both  Grade-2  and  Grade- 12  titanium  have  good 
lesistarice  to  HE.  This  behavioi  is  believed  to  be  a  result  of  the 
effectiveness  ol  the  passive  film  as  a  barrier  to  hydrogen  uptake. 
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However,  under  conditions  where  the  passive  film  can  be  altered  or 
breached  (e.g„  crevice  corrosion),  hydrogen  might  enter  the  under¬ 
lying  metal.  The  question  is  whether  or  not  emb.ittlement  can  arise 
from  crevice  corrosion  and  contribute  to  container  failure. 

Extensive  studies  have  been  conducted  on  the  crevice  corro 
sion  behavior  of  Grade-2  titanium  immersed  in  neutral  saline 
environments  under  unstressed  conditions.’ 4  During  the  active 
stage  of  crevice  corrosion,  the  passive  film  in  the  crevice  is  absent. 
The  loss  of  the  passive  film  in  the  crevice  provides  an  easy  way  for 
hydrogen  entry  into  the  bulk  titanium.  Therefore,  more  information  is 
required  concerning  the  relationship  between  HE  and  crevice  corro¬ 
sion. 

Crevice  corrosion  behavior  is  dependent  on  alloy  composition 
(even  within  the  specification  range)  and  on  chloride  and  oxygen 
concentration,  as  well  as  on  geometric  considerations.  In  aqueous 
chloride  solutions  at  temperatures  up  to  150°C,  crevice  corrosion 
initiates  in  both  Grade  12  titanium,  and  Grade  2  titanium  with  an  iron 
content  0.1  wt%  but  subsequently  repassivates.’ 4  7  However,  for 
a  low  iron  containing  Grade  2  titanium,  active  crevice  corrosion 
proceeds  until  all  the  oxygen  is  depleted  from  the  bulk 
environment.'45  Passivation  does  not  occur.  Since  passive  film 
formation  in  crevices  does  not  occur  for  the  low  iron-containing 
titanium,  this  material  is  ideal  for  investigating  the  susceptibility  of 
titanium  to  HE  under  crevice  corrosion  conditions. 

At  this  point,  it  is  important  to  distinguish  between  initiation, 
propagation,  and  passivation.  Crevice  corrosion  can  be  initiated  on 
titanium  and  then  be  followed  by  either  passivation  or  propagation. 
Autive  crevice  corrosion,  or  propagation,  is  limited  by  the  supply  of 
oxidant  in  the  bulk  environment,  and  repassivation  does  not  occur  as 
lung  as  the  oxidant  is  present.  This  behavior  is  usually  observed  for 
low  iron  containing  Grade  2  titanium.  When  passivation  occurs,  the 
amount  of  corrosion  is  limited  even  in  the  presence  of  the  oxidant,  this 
behavioi  is  characteristic  of  Grade  12  titanium.  In  this  study,  we  are 
interested  in  active  crevice  corrosion,  where  the  passive  film  is 
absent,  and  not  in  passivated  crevices  or  the  initiation  event. 

This  paper  discusses  the  influence  of  crevice  corrosion  on  the 
susceptibility  of  ASTM  Grade-2  titanium  to  hydrogen  uptake  in  hot, 
aqueous,  salt  solution.  Also,  the  development  of  a  creviced  tensile 
specimen  will  be  described. 
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Experimental  Procedure 

The  experiments  were  performed  in  Teflon-lined  titanium 
pressure  vessels.  The  straining  experiments  were  performed  using 
tensile  machines  that  have  been  previously  described.2  The  data 
were  collected  using  an  LS1 11/73  computer  system  with  a  jiMAC*- 
4000  multiplexer.  The  load  cycling  was  achieved  by  computer 
control,  but  the  strain  rates  were  established  manually. 

Specimens  were  cut  from  plates  of  commercially  available 
ASTM  Grade-2  titanium  (composition  shown  in  Table  1).  The  tensile 
specimens  used  had  a  2.54-mm  gauge  length,  a  2.8-mm  gauge 
diameter,  and  a  12-mm-long  threaded  shoulder  at  either  end.  All  the 
metal  specimens  were  machined  with  their  long  axes  parallel  to  the 
rolling  direction  of  the  original  plate. 


TABLE  1 

Composition  of  ASTM  Grade-2  Titanium  in  wt% 


Fe 

0.024 

Ni 

<0.003 

Cr 

0.0026 

Mn 

<0.0008 

Al 

0.048 

Mo 

<0.002 

Si 

0.11 

C 

0.08 

0 

0.165 

A  galvanic  coupling  technique  was  used  to  electrochemically 
monitor  the  progress  of  the  crevice  corrosion  reaction.5  The  artificially 
creviced  electrode  was  coupled  to  a  large  surface  area  titanium 
counter  electrode  (a  cathode)  through  a  potentiostat  used  as  a 
zero-resistance  ammeter.  The  corrosion  potential  of  the  specimen 
was  measured  against  an  internal  Ag/AgCI  (0.1  mol/L  KCI)  reference 
electrode  using  a  high-impedance  voltmeter.  The  potential  of  this 
electrode  is  +200  mV  vs  the  standard  hydrogen  electrode  (SHE)  at 
150’C  and,  unless  otherwise  stated,  potentials  quoted  in  this  paper 
are  relative  to  the  SHE.  All  the  experiments  were  performed  in  0.60 
mol/L  (3.5  wt%)  NaCI. 

The  experiments  were  performed  at  150°C  to  allow  correlation 
with  other  crevice  corrosion  experiments  that  used  unstressed 
specimens.  This  temperature  is  well  above  the  expected  maximum 
disposal  vault  temperature  range  of  90  to  100'C.  Consequently,  the 
experiment  should  bo  considered  conservative,  since  the  rates  of 
electrochemical  and  diffusion  processes  involved  will  be  accelerated 
compared  with  those  expected  In  a  disposal  vault. 

For  tensile  specimens,  various  stressing  conditions  were  used 
in  an  attempt  to  distinguish  crevice  corrosion  from  HE  effects.  The 
specimens  were  strained  at  rates  of  3  to  6  x  10'7  s“ '  until  a  strain 
of  -2.5%  (corresponds  to  200  to  300  MPa)  was  obtained.  The  load 
was  then  cycled  between  ±10  MPa  of  the  stress  at  this  point.  Cyclic 
loading  was  used  for  two  reasons:  (1)  to  extend  the  testing  time  for 
a  given  strain  rate  (i.o.,  to  avoid  straining  to  failure)  and  (2)  to  ensure 
that  tho  geometry  of  the  crevice  was  not  unduly  influenced  by 
straining  tho  specimen  (i.o.,  necking)  during  the  period  of  testing.  II 
a  constant  extension  rate  was  used,  the  specimens  would  fail,  often 
before  either  hydrogen  or  crevice  corrosion  could  influence  the  failure 
mode.  To  investigate  the  effect  of  strain  rate  on  either  crevice 
corrosion  or  HE,  or  to  Investigate  the  relationship  between  HE  and 
crevice  corrosion,  it  was  important  to  apply  the  load  cyclically. 

After  load  cycling  at  150’C  for  a  given  period,  specimens  were 
cooled  to  ambient  temperature  and  inspected  before  straining  to 
failure  in  air  at  a  strain  rato  of  2  x  1 0*s  s' Subsequent  macroscopic 


Trade  name. 


and  metallographic  examinations  noted  (1)  the  depth  and  area  of 
crevice  corrosion  and  (2)  the  degree  of  embrittlement  as  indicated  by 
the  amount  of  brittle  fracture  surface  observed.  The  elongation  to 
failure  provided  a  more  reliable  measure  of  the  ductility  under  these 
conditions,  because  the  attack  within  the  creviced  region  precluded 
meaningful  reduction-in-area  measurements. 

The  hydrogen  content  of  the  samples  was  determined  either 
chemically,  by  the  hot  gas  extraction  technique,  or  by  metallographic 
examination  following  etching  with  Krolls  reagent.  On  the  whole, 
metallographic  examination  provided  the  more  reliable  indication  of 
the  variation  in  hydrogen  content. 

Surface  analysis  was  performed  using  a  SAM590At  scanning 
Auger  microscope  with  a  SIMS*  II  secondary  ion  mass  spectrometer 
attachment,  manufactured  by  the  PSI  electronics  division  of  Perkin 
Elmer.  The  scanning  Auger  microscopy  analyses  were  performed 
using  an  electron  beam  voltage  of  3  kV  and  an  electron  beam  current 
of  3  nA  and  an  analyzer  resolution  of  0.6%. 

Development  of  crevice  design 

The  unstressed  crevice  samples  were  similar  to  those  previ¬ 
ously  described.5  A  thin  sheet  of  Teflon  was  sandwiched  between 
two  rectangular  prisms  of  titanium  (25  mm  long  by  1 1  mm  wide  by  6 
mm  thick)  bolted  together  in  the  form  of  a  cross  by  a  5-mm  bolt 
passing  through  a  central  hole  (Figure  1).  The  crevices  were 
assembled  while  immersed  in  the  solutions  to  be  used.  This 
procedure  ensured  that  the  crevices  were  wet  at  the  beginning  of  the 
experiment  and  that  crevice  initiation  was  not  delayed  by  lack  of 
physical  wetting  of  the  crevice.  Results  were  found  to  be  reproducible 
when  the  fastening  bolts  were  finger  tightened. 


FIGURE  1— Schematic  diagram  of  an  unstressed  crevice  cou¬ 
pon. 

Reproducible  crevice  corrosion  was  obtained  using  this  un¬ 
stressed  sample  geometry;  however,  it  was  more  difficult  to  obtain 
reproducible  crevice  corrosion  with  artificial  crevices  formed  on 
tensile  specimens.  It  proved  difficult  to  determine  whether  the 
differences  in  crevice  corrosion  behavior  between  stressed  and 
unstressed  samples  were  a  result  of  the  presence  of  the  stress, 
resistance  to  crevice  corrosion,  or  difficulties  in  producing  the 
necessary  crevice  geometries.  Therefore,  a  design  was  developed  to 
reproduce  a  circumferential  crevice  around  a  portion  of  a  tensile 
specimen  having  a  gaugo  length  of  25.4  mm.  a  creviced  length  of  14 
mm,  and  a  diameter  of  2.8  mm.  In  an  attempt  to  obtain  reproducible 
data,  the  titanium  containing  low  levels  of  iron  was  used  for  these 
experiments  because  it  readily  undergoes  crevice  corrosion  in  0.6 
mol/L  NaCI  at  1505C.d 
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Under  static  (no  strain)  conditions,  crevices  are  readily  formed 
on  titanium  if  (1)  the  crevices  are  very  tight,  and  (2)  there  is  sufficient 
■access  to  the  crevice  to  provide  solution  transport  into  the  crevice. 
The  latter  condition  is  a  geometry  factor  that  is  not  well  defined; 
however,  it  is  important  since,  during  crevice  corrosion,  the  acidic 
environment  that  results  from  the  hydrolysis  of  titanium  must  be 
balanced  by  anion  transport  into  the  crevice  to  maintain  electroneu¬ 
trality.  The  rate  of  anion  transport  may  then  limit  the  corrosion  rate. 
The  crevice  tightness  is  also  a  poorly  defined  factor  that  can  cause 
difficulties  in  forming  reproducible  crevices.  This  problem  is  mainly 
avoided  by  forming  “wet"  crevices  as  described  above. 


Initially,  the  crevice  former  was  a  split  cylinder  of  Teflon 
extending  over  the  entire  gauge  length  of  the  tensile  specimen.  A 
12.7-mm-diameter  cylinder  was  drilled  axially  with  a  3.175-mm- 
diameter  hole.  The  cylinder  was  then  cut  in  half  lengthwise,  and, 
while  under  solution,  the  tensile  specimen  was  placed  between  the 
two  halves.  The  assembly  was  held  in  place  using  chromel  wire 
loops.  The  longitudinal  slits  on  the  sides  of  the  crevice  were  each  ~2 
mm  wide.  Anodic  polarization  to  -130  mVSHE  to  initiate  crevice 
corrosion,  followed  by  cathodic  polarization  to  -830  mV  SHE  to 
induce  hydrogen  entry,  demonstrated  that  crevice  corrosion  could  be 
induced.  Although  no  trouble  had  been  experienced  in  initiating 
crevice  corrosion  in  the  simple  unstressed  (sandwich)  design  (Figure 
1),  reliable  initiation  was  not  achieved  with  this  split  cylinder 
arrangement,  and  modifications  were  therefore  introduced. 


Attempts  to  produce  tighter  crevices  were  made  since  the  lack 
of  crevice  corrosion  resulted  from  an  insufficiently  tight  crevice. 
Drilling  the  central  hole  smaller  and  cutting  the  longitudinal  slits  so 
that  the  cuts  were  wider  did  not  produce  the  desired  reproducibility. 
Cutting  the  cylinder  with  only  one  longitudinal  slit,  so  that  the  crevice 
former  snapped  tightly  onto  the  tensile  specimen,  was  equally 
ineffective. 

With  these  designs,  the  solution  contact  between  the  crevice 
and  the  bulk  solution  was  limited  to  the  two  ends  of  the  crevice  and 
the  slits  (Figure  2(a)].  This  provided  only  a  very  small  contact  area 
and  may  have  inhibited  transport  of  solution  (and  chloride  in 
particular)  into  the  crevice.  It  was  felt  that  environmental  access  to 
the  crevice  could  be  improved  by  exposing  a  larger  portion  of  the 
gauge  length.  Hence,  a  modified  crevice  former  was  constructed  by 
drilling  a  12.7-mm-diameter  by  14-mm-long  Teflon  rod  axially  to 
produce  a  3.175-mm-diameter  hole.  One  side  of  the  holder  was 
machined  back  in  a  plane  tangential  to  the  specimen's  circumference 
until  the  inner  hole  had  a  2-mm-wide  access  sior  (Figure  2(b)],  This 
produced  a  long,  wide  crevice  mouth  and  a  completely  accessible 
crevice.  A  1-mm-wide  slit  was  cut  3/4  of  the  way  through  the  side 
diametrically  opposite  from  the  radial  slot.  The  1  mm  wide  slit 
provided  sufficient  spring  in  the  Teflon  to  ensure  that  a  tight  crevice 
could  be  obtained  around  the  specimen.  The  assembly  was  held 
tightly  in  place  by  circumforential  loops  of  chromel  wire.  Crevice 
corrosion  was  still  not  consistently  observed,  but  the  situation  was 
further  improved  by  inserting  a  thin  Teflon  sleevs  between  the  Teflon 
cylinder  and  tho  metal  surface  before  tightening  the  wire  loops. 


b 


FIGURE  2— (a)  Schematic  views  of  basic  (unsuccessful)  crevice 
designs  showing  restricted  access  to  the  crevice  region,  (b) 
Schematic  of  the  successful  Teflon  tensile  crevice  former 
developed.  The  dimensions  are  In  millimeters. 

Results  and  Discussion 


Hydrogen  entry  in  the  absence  of  stress 
During  crevice  corrosion,  the  local  chemistry  in  the  crevice  is 
different  from  that  of  the  bulk  solution.  The  chemistry  inside  the 
crevice  is  complex  and  for  a  full  discussion,  the  reader  is  referred  to 
References  1  and  4  to  8.  Briefly,  it  can  be  described  as  follows 
Oxygen  is  depleted  from  the  creviced  region  during  the  initial 
stages  of  crevice  corrosion.  This  establishes  a  condition  where 
different  electrochemical  processes  can  occur  inside  and  outside  the 
crevice.  The  overall  anodic  reaction 


Ti  -» Ti4*  +  4e"  (1) 

which  occurs  inside  the  crevice,  is  coupled  to  the  oxygen  reduction 
reaction 


Having  addressed  the  difficulties  normally  encountered  in 
producing  stressed  crevice  coupons,  wo  felt  that  the  remaining 
irreproducibility  may  have  been  a  result  of  the  application  of  stress. 
The  straining  of  the  sample  may  have  (1)  disturbed  the  chemistry  of 
tho  crevice  during  the  initiation  stage  of  the  reaction  or  (2)  caused 
sufficient  slackening  of  the  crevice  to  make  it  too  wide  for  crevice 
corrosion.  Consistency  was  further  improved  by  delaying  the  initial 
straining  until  the  potential  of  the  specimen  had  decreased  and 
stabilized  in  the  region  of  -300  mVSHE;  i.e„  until  active  crevice 
conditions  had  been  established.  Specimens  were  then  either 
strained  to  failure  or,  more  usually,  loaded  to  an  appropriate  level  for 
stress  cycling. 


02  +  2HaO  +  4e”  -*  40H~  (2) 

which  occurs  on  the  outer  surface  of  the  titanium  coupon,  i.e.,  the 
surface  exposed  to  the  free  solution.  As  crevice  corrosion  proceeds, 
the  pH  in  the  crevice  decreases  (pH  <  I)1-5-8  because  of  hydrolysis 
of  the  dissolved  titanium, 

Ti4*  +  2H20-*Ti02  +  4H*  (3) 

Eventually,  the  pH  is  sufficiently  low  that  the  hydrogen  evolution 
reaction 
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2H+  +  2e~  -»  2H-  —  H2  (4) 

can  couple  with  the  dissolution  reaction  [Reaction  (1)],  providing  a 
self-contained  reaction  pathway  inside  the  crevice.  The  entire 
process  is  limited  by  a  complex  interaction  between  Reactions  (2) 
and  (4)  and  diffusion  of  protons  out  of  the  crevice. 

The  hydrolysis  reaction  (Reaction  (3)]  leads  to  the  precipitation 
of  a  voluminous,  but  nonpassivating  Ti02  layer  inside  the  crevice. 
This  precipitate  appears  to  form  its  own  tight  crevice  within  the 
artificially  formed  crevice.  The  reaction 

Ti  +  H20  — *  Ti-0  +  2H+  +  2e"  (5) 

which  may  be  little  more  than  oxygen  adsorption  on  the  bare  titanium 
surface  in  the  crevice,  assists  in  blocking  the  dissolution  reaction. 

The  hydrogen  generated  by  Reaction  (4)  on  the  fresh  titanium 
surface  can  rapidly  diffuse  into  the  metal.  As  we  will  show,  oxygen 
produced  by  Reaction  (5)  also  diffuses  into  the  metal,  but  at  a  slower 
rate.  The  activity  of  the  hydrogen  developed  by  the  electrochemical 
reaction  is  so  high  that,  at  150°C,  a  hydride  layer  builds  up  on  the 
metal  surface  immediately  below  the  oxide  in  corrosion  pits  (Figure 
3). 


FIGURE  3— Micrograph  of  an  unstressed  crevice  coupon  after 
exposure  for  3  days  In  3.5  wt%  NaCI  showing  the  hydride  layer 
under  a  pit  Inside  a  crevice.  Note  the  oxide  in  the  crevice.  The 
surface  of  the  coupon  shown  was  entirely  inside  the  crevice. 

When  unstressed  crevice  corrosion  coupons  were  immersed  in 
0  6  mol/L  NaCI  for  36  h  at  150°C,  and  cross  sections  of  the  samples 
were  etched  after  this  treatment,  four  distinct  regions  were  observed. 
Proceeding  from  the  top  of  Figure  4(a)  one  can  see  the  following.  (1 ) 
the  greyish  oxide  layer  filling  the  depression,  (2)  a  layer  extending 
from  the  black  border  of  the  oxide  to  the  region  with  needle-like 
fingers  extending  into  the  metal,  (3)  a  light-colored  'halo''  region  of 
smooth  metal;  and  (4)  the  bulk  metal  with  distinct  hydride  needles. 
Comparison  with  unetched  sections  has  confirmed  that  both  the  dark 
border  forming  the  gap  between  the  oxide  and  metal  and  the 
needle-like  features  are  a  result  of  etching,  thus  suggesting  that  this 
region  actually  consists  of  hydride  prior  to  etching. 

At  a  greater  distance  from  the  surface,  this  layer  disappears  and 
more  distinct  hydride  needles  are  observed.  In  all  cases,  immediately 
below  the  corroded  region  there  is  a  halo  of  metal  (approximately  the 
same  thickness  as  the  hydride)  containing  very  little  precipitated 
hydride  The  halo  separates  the  surface  hydride  layer  from  the  bulk 
material,  where  extensive  hydride  precipitation  is  visible  [Figure  4(a)], 
This  effect  is  similar  to  the  phenomenon  observed  in  a  hydrided 
zirconium  specimen  that  had  a  "case"  containing  relatively  high 
concentrations  of  oxygen  9  This  observation  was  explained  in  terms 
of  the  increased  hydride  solubility  promoted  by  higher  oxygen 
content  in  solid  solution  (Figure  5)  To  test  whether  a  similar  effect 
could  explain  the  micrcstructural  observations  in  the  present  work, 


we  annealed  the  sample  in  argon  for  4  days  at  400°C  and  then  air 
cooled  it  to  homogenize  the  oxygen  and  hydrogen  concentrations  in 
the  sample  This  heat  treatment  eliminated  both  the  surface  hydride 
layer  and  the  oxygen-rich  halo  [Figure  4(b)].  The  absence  of  the 
region  with  needle-like  fingers  indicates  that  these  needles  were 
precipitated  hydrides.  If  both  sides  of  the  halo  region  contain 
sufficient  hydrogen  to  cause  hydride  precipitation,  the  halo  region 
must  also  contain  hydrogen.  The  absence  of  hydride  precipitation 
indicates  that  the  hydride  solubility  in  the  halo  region  is  higher  than 
in  the  bulk  metal.  A  high  oxygen  content  in  this  region  could  result  in 
this  increased  hydride  solubility.  The  hydride  observed  after  the  heat 
treatment  was  in  the  form  of  very  fine  needles  on  particular  habit 
planes  within  the  grains  [Figure  4(b)],  Closer  inspection  of  the  original 
microstructure  revealed  a  region  of  similar  fine  hydride  precipitation 
at  the  interface  between  the  clear  halo  and  the  metal.  This  represents 
a  region  where,  even  with  the  slower  cooling  rate  involved  with  that 
specimen,  i.e.,  slow  cooling  in  the  test  solution,  the  effect  of  oxygen 
in  reducing  the  diffusivity  of  hydrogen  promotes  a  much  finer  hydride 
distribution  than  that  in  the  bulk  of  the  material. 


FIGURE  4— (a)Mlcrograph  of  the  area  under  a  crevice  showing 
the  four  regions  discussed  In  the  text:  (1)  the  oxide  in  the  pit,  (2) 
the  region  with  the  needle-like  fingers,  (3)  the  halo  region,  and 
(4)  the  heavily  hydrided  bulk  metal;  and  (b)  micrograph  of  the 
area  under  a  crevice,  as  in  (a),  following  heat  treatment  at  400°C 
for  4  days,  then  air  cooled. 

Microprobe  analysis  of  a  sectioned  coupon  suggested  the 
presence  of  an  oxygen  gradient  from  the  bulk  metal  through  to  the 
oxide.  A  sectioned  coupon  was  used  insteao  of  sputtering  through 
the  film  because  of  inaccuracies  expected  in  sputtering  to  the 
necessary  depth.  The  oxygen  concentration  in  the  halo  region  was  2 
to  3  at%.  The  bulk  material  had  an  oxygen  concentration  of  1  to  2  at% 
with  a  detection  limit  of  -  1  at%.  Although  the  oxygen  levels  are  close 
to  the  detection  limit  of  the  instrument,  line  scans  using  Auger, 
secondary  ion  mass  spectroscopy,  and  electron-stimulated  desorp¬ 
tion  spectroscopy  across  the  halo  region  all  indicate  the  presence  of 
an  oxygen  gradient  (Figure  6). 
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FIGURE  5— Schematic  of  the  concentration  profiles  through  the 
region  beneath  the  crevice.  The  long  dashed  line  is  the  hydro¬ 
gen  concentration;  the  short  dashed  line  is  the  oxygen  concen¬ 
tration;  and  the  solid  line  is  the  terminal  solubility  limit  for 
hydrogen.  Region  A  is  the  heavily  hydrided  region  directly 
below  the  crevice,  Region  B  is  the  halo  region,  Region  C  is  the 
hydrided  region  below  the  halo,  and  Region  0  is  the  bulk  metal. 


Chemical  analysis  for  hydrogen  in  unstressed  crevice  speci¬ 
mens  indicated  an  average  level  as  high  as  500  ppm  in  the  first  1.5 
mm  below  the  creviced  surface,  compared  with  30  to  40  ppm  in  the 
center  of  the  plate.  These  observations  provide  direct  confirmation 
that  hydride  and  oxide  were  both  produced  by  the  acidic  solution's 
reaction  with  the  metal  surface  within  the  crevice. 


Stress  effects  on  crevice  corrosion 

The  free-corrosion  potential  provides  a  means  of  monitoring  the 
progress  of  the  crevice  corrosion  reaction  and,  when  galvanic 
coupling  is  used,  the  coupled  current  can  also  provide  a  measure  of 
the  corrosion  kinetics.  However,  the  coupled  current  is  a  measure  of 
the  coupling  of  Reactions  (1)  and  (2)  and  is  not  a  measure  of  the  total 
corrosion,  which  includes  coupling  of  Reactions  (1),  (2),  and  (4). 
Previous  studies  have  determined  that  the  electrochemical  potential 
for  active  crevice  corrosion  falls  below  -300  mV  and  that  most  of  the 
corrosion  is  caused  by  the  coupling  of  Reactions  (1)  and  (4).M,S  The 
potential  of  -300  mV  is  considered  a  critical  potential.  As  the  crevice 
propagates,  the  potential  becomes  more  negative  and  the  reaction 
rate  decreases.  It  has  been  suggested  that  the  crevice  remains 
active,  but  that  its  propagation  is  slow  because  of  lack  of  oxygen.'  It 
was  shown  experimentally  that  the  further  addition  of  oxygen  leads  to 
further  current  How.  It  is  also  possible,  however,  that  the  slow 
propagation  results  from  some  form  of  surface  coverage,  e.g.,  via 
Reaction  (5)  or  some  similar  process.  If  this  is  the  case,  then 
exposing  fresh  metal  by  straining  the  specimen  may  also  increase 
the  propagation  rate. 

Creviced  specimens  exposed  to  0.6  mol/L  NaCI  at  150:C  were 
electrochemicaliy  monitored.  The  load  was  not  applied  until  alter  the 
potential  was  below  -300  mV  and  the  coupled  current  was  zero 
(Figure  7j.  Once  this  stable  condition  was  attained,  the  specimen  was 
strained  at  a  rate  of  3  to  6  x  10  '  s  '  until  a  strain  of  2.5%  was 
obtained  and  then  it  was  cycled  between  ±  10  MPa  of  the  stress  at 
this  point.  The  potential  increased  as  the  load  increased,  but  did  not 
go  above  -300  mVSHE  and  the  current  remained  zero.  The  speci¬ 
mens  failed  either  during  cycling  or  after  removal  from  the  solution 
and  straining  to  failure  in  air  at  room  temperature.  When  extensive 
ueviue  corrosion  ocouried,  the  failure  mode  appeared  mostly  ductile, 
Put  there  was  some  brittle  nature  to  the  fracture  surface.  These 
results  suggest  that  when  Grade-2  titanium  is  simultaneously  sub¬ 
jected  to  active  crevice  corrosion  and  slow  tensile  deformation, 
failure  occurs  in  a  ductile  manner  because  of  reduction  in  area 
caused  by  a  combination  of  crevice  corrosion  and  tensile  strain. 


FIGURE  6- Auger,  SIMS,  and  ESD  line  spectra  for  O  and  Ti  taken 
from  a  cross  section  such  as  Figure  4.  The  vertical  lines  show 
approximately  where  the  oxide  layer  Is  located.  All  line  scans 
were  taken  from  the  same  place  on  the  sample. 


Hydrogen  embrittlement 

Since  considerable  acidification  occurs  inside  the  crevice  during 
crevice  corrosion,  a  few  tests  were  performed  on  specimens  without 
a  crevice  to  observe  the  effects  of  straining  in  an  acidified  environ 
ment.  Slow  straining  (5.2  a  10  ’  s  ’)  in  0.6  mol/L  NaCI  acidified  with 
HCI  to  pH  3  produced  no  measurable  loss  in  ductility  at  either  150  or 
1 75  C,  even  with  cathodic  polarization  to  700  mV£HE.  On  the  other 
hand,  when  a  concentrated  HCI  solution  was  injected  into  a  Teflon 
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sleeve  fitted  tightly  over  the  heads  of  a  tensile  specimen  to  provide 
a  6-mm  internal  diameter  container  around  the  gauge  length, 
significant  embrittlement  occurred  in  a  0.48  mol/L  HCI  solution  (4 
vol%)  but  not  in  a  0.24  mol/L  HCI  solution  during  load  cycling  at 
175°C.  Difficulty  was  experienced  in  maintaining  the  load  after  about 
13  h,  probably  because  of  the  extension  associated  with  the  opening 
of  cracks.  This  crack  opening  also  serves  to  exaggerate  the  apparent 
elongation  of  the  specimen  during  testing.  Failure  by  localized 
necking  occurred  after  cycling  for  33  h,  after  general  cracking  had 
reduced  the  effective  cross  section.  Examination  of  the  fracture 
surface  indicated  that  the  specimen  failed  in  a  ductile  fashion, 
although  the  outer  surfaces  of  the  specimens  were  visibly  cracked.  A 
subsequent  metallographic  examination  of  a  polished  section  re¬ 
vealed  the  presence  of  a  hydride  layer  about  60  urn  thick  on  the 
surface,  with  only  a  very  thin  oxide  layer  (Figure  8).  This  is  in  marked 
contrast  to  the  form  of  attack  observed  in  the  (unstressed)  crevices, 
where  the  oxide  is  the  predominant  product  in  the  pits  and  on  the 
surface  of  specimens,  with  the  hydride  lying  underneath  (Figure  3). 

These  results  indicate  that  hydrogen  is  unable  to  penetrate  into 
the  bulk  material  and  completely  embrittle  the  specimen.  The 
corrosion  reaction  occurs  rapidly  enough  that  a  dense,  hydrided  layer 
is  formed  near  the  surface  of  the  specimen.  This  outer  layer  of  the 
tensile  specimen  is  embrittled  and  cracks,  leaving  a  reduced  cross 
section  of  material  that  contains  little  hydrogen  and  is  therefore  not 
embrittled  The  specimen  appears  to  fail  in  a  ductile  fashion. 

The  situation  in  the  creviced  tensile  specimens  is  different 
simply  because  the  crevice  corrosion  reaction  takes  place  more 
slowly  and  therefore,  more  time  is  available  for  hydrogen  diffusion 
prior  to  failure.  As  a  result,  the  hydride  concentration  in  the  bulk  of  the 
material  is  greatly  increased,  and,  although  the  final  fracture  of  the 
specimen  was  largely  ductile,  there  was  a  greater  degree  of  brittle 
nature  to  the  fracture  surface  than  was  evident  for  samples  exposed 
to  the  acidified  environment.  There  is  obviously  a  competition 
between  the  reduction  of  cross-sectional  area  caused  by  crevice 
attack  that  produces  a  ductile  failure  and  the  hydride  penetration  that 
produces  embrittlement. 
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FIGURE  7— Electrochemical  results  from  creviced  tensile  spec¬ 
imens  exposed  to  0.6  mol/L  NeCI  at  ISO’C.  The  coupled  current, 
coupled  potential,  and  applied  load  are  shown. 


Conclusion 

When  active  crevice  corrosion  occurs  on  Grade-2  titanium, 
large  quantities  of  hydrogen  are  absorbed  into  the  metal  under  the 
crevice,  especially  in  heavily  corroded  (pitted)  regions.  Extensive 
hydride  precipitation  is  observed  immediately  below  large  oxide 
deposits.  A  hydride-free  zone  is  observed  between  the  surface 
hydride  layer  and  the  hydrides  present  in  the  bulk  of  the  sample.  This 
hydride-free  layer  corresponds  with  a  high  oxygen  concentration, 
which  increases  the  hydrogen  solubility  in  titanium  and  thus  de¬ 
creases  the  hydride  precipitation. 

The  generation  of  reproducible,  active  crevices  on  planar 
coupons  is  not  difficult,  but  it  is  more  difficult  on  round  tensile 
samples.  A  crevice  design  has  been  devised  to  provide  both  the  tight 
geometry  required  to  initiate  crevice  corrosion  on  titanium  and  also 
the  solution  access  necessary  to  maintain  the  crevice  propagation 
reaction.  Reproducible  and  active  crevice  corrosion  has  been  ob¬ 
tained  using  this  design. 


The  application  of  stress  to  active  crevices  appears  to  influence 
the  propagation  kinetics,  possibly  exposing  more  nonpassivated 
surface  to  the  acidic  environment  of  the  crevice.  The  film  then  formed 
on  the  inside  of  the  crevice  may  simply  be  a  surface  adsorbed  layer 
and  not  a  passive,  or  pseudo-passive,  film.  The  hydride  that 
produces  embrittlement  results  from  the  hydrogen  introduced  by  the 
crevice  corrosion,  but  its  penetration  into  the  underlying  metal 
depends  upon  the  diffusivity.  Thus,  with  fast  rates  of  crevice 
corrosion,  there  is  insufficient  hydrogen  diffusion  for  significant 
embrittlement  to  occur.  However,  if  the  corrosion  process  is  slowed 
relative  to  the  hydrogen  uptake  process,  hydrogen  uptake  might  then 
be  important. 

When  titanium  was  exposed  to  acidic  conditions  where  little 
surface  oxide  was  observed,  i.e.,  slow  corrosion,  the  sample  was 
grossly  hydrided  and  underwent  brittle  failure.  Obviously,  the  failure 
mechanism  is  a  competition  between  the  rate  of  hydrogen  uptake, 
which  leads  to  embrittlement,  and  the  rate  of  reduction  in  area 
because  of  both  crevice  corrosion  and  tensile  deformation,  which 
leads  to  ductile  failure. 
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FIGURE  8-Mlcrograph  of  a  cross  section  of  a  tensile  specimen 
exposed  to  0.48  mol/L  HCI,  strained  at  a  rate  of  5.08  x  10’6  s'1 
with  an  applied  load  cycled  between  220  and  228  MPa. 
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Crack  Initiation  Mechanism 
for  Ti-6AI-4V  in  Acidic  Methanol 

X.G.  Zhang *  and  J.  Vereecken** 

Abstract 

Stress  corrosion  cracking  of  Ti-6A!-4V  in  acidic  methanol  at  anodic  potentials  has  been  studied.  The 
specimen  surface  morphology  was  examined  as  a  function  of  strain  rate  and  heat  treatment.  Depending 
on  the  test  conditions,  two  kinds  of  cracks  can  be  formed:  (1)  cracks  along  the  slip  traces  and  (2)  cracks 
perpendicular  to  the  applied  stress.  A  new  model  is  proposed  to  explain  the  initiation  of  these  cracks. 
The  cracks  along  the  slip  traces  result  from  preferential  dissolution  of  moving  dislocations.  Rupture  of 
the  material  between  these  cracks  results  in  the  perpendicular  cracks. 


Introduction 

Stress  corrosion  cracking  (SCC)  of  titanium  alloys  in  acidic  methanol 
has  been  studied  for  some  time.1 4  The  detailed  mechanisms  of  crack 
initiation  and  propagation,  however,  are  not  yet  fu'ly  jnderstood.  It 
has  been  suggested  that  SCC  of  titanium  alloys  in  acidic  methanol 
may  follow  two  paths,  one  involving  anodic  dissolution  and  another 
involving  hydrogen  embrittlement.5  6  Whether  anodic  dissolution  or 
hydrogen  embrittlement  dominates  the  cracking  process  depends  on 
the  solution  composition,  potential,  and  strain  rate. 

Understanding  crack  initiation  is  as  important  as  understanding 
crack  propagation,  however,  crack  initiation  has  received  little 
attention.  Specifically,  there  has  been  little  systematic  information 
about  the  microscopic  morphology  of  specimen  surfaces  reported  in 
the  literature.  One  possible  reason  is  that  most  SCC  experiments 
were  conducted  at  slow-strain  rate,  and  thus  lasted  for  a  quite  long 
time.  The  specimen  surface  could  be  changed  because  of  corrosion 
so  that  the  surface  features  related  to  SCC  could  not  be  readily 
distinguished  from  those  caused  by  corrosion. 

This  paper  discusses  the  microscopic  morphology  of  the 
surface  of  a  titanium  alloy,  Ti-6AI-4V,  tested  in  acidic  methanol  at  an 
anodic  potential.  The  effects  of  strain  rate  and  heat  treatment  have 
been  examined.  A  new  model  is  proposed  to  describe  the  crack 
initiation  process. 

Experimental  Method 

The  titanium  alloy  (Ti-6AI-4V)  used  in  this  study  was  received  in 
the  form  of  12-mm-diameter  bars.  The  chemical  composition  of  the 
alloy  is  as  follows.  Al— 6.5;  V— 4.4;  Fo-0.21 ;  C-O.Ot ;  0-0.13;  N  - 
0.01 ,  H  -  0.002,  and  a  balance  of  Ti  (wt%).  The  material  was  in  two 
heat  treatment  states,  mill  annealed  and  p  annealed  Metallography 
of  the  mill  annealed  material  showed  equiaxed  grains  of  a  and 
transformed  p  with  a  grain  size  of  about  1  pm,  and  that  of  the 
p-annealed  material  showed  a  basket-weave  structure  of  o  plates  in 
a  p  matrix  with  a  grain  size  of  about  80  pm.  Specimens  for  tensile 
testing  were  machined  with  a  gauge  diameter  of  4  mm  and  a  gauge 
length  of  10  mm.  Each  specimen  was  coated  with  silicon  paste 
except  for  a  3-mm  length  in  the  gauge  section  The  paste  also  served 
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as  the  seal  between  the  specimen  and  the  cell.  The  exposed  surface 
was  polished  with  abrasive  papers  down  to  1200  grade. 

The  solution  was  prepared  by  adding  8.5  mL  of  37%  HCI  in  1  L 
of  CH3OH.  The  water  content  in  the  solution  was  adjusted  by  adding 
double  demineralized  water.  The  counter  electrode  was  a  cylindrical 
titanium  plate,  and  the  reference  electrode  was  a  saturated  calomel 
electrode  (SCE).  The  cell  was  constructed  of  Teflon.1  The  tests  were 
performed  at  room  temperature. 

After  polishing  and  washing,  the  specimen  was  installed  in  an 
Instron1  tensile  machine.  The  electrolyte  was  introduced  into  the 
electrochemical  cell,  and  the  electrode  potential  was  kept  at  about 
350  mVsce  to  avoid  immediate  corrosion.  The  solution  was 
stagnant  in  the  cell.  The  electrode  potential  was  then  shifted  to  the 
chosen  value  and  straining  of  the  specimen  was  started.  During 
straining,  .he  reaction  current  through  the  specimen  was  recorded. 
The  straining  continued  until  the  specimen  fractured.  The  imposed 
potential  was  immediately  removed  after  the  fracture.  The  surface 
morphology  of  the  tested  specimen  was  then  examined  with  a 
scanni'"  j  electron  microscope. 

Experimental  Results 

Figure  1  shows  the  surface  morphology  of  thp  specimen  tested 
at  a  strain  rate  of  8.3  x  l0'3/s  (crosshead  speed.divitied. by 'gauge 
length)  in  CH3OH  +  1%  H20  at  a  potential  of  +300  VSCE.  The 
specimen  failed  with  14%  area  reduction.  Numerous  cracks  were 
produced  on  the  specimen  surface  in  addition  to  the  corrosion  pits. 
There  were  generally  two  kinds  of  cracks.  One  type  of  crack  was 
perpendicular  to  the  applied  stress  and  will  be  referred  to  as 
perpendicular  crack  in  the  following  text.  Another  kind  of  crack  was 
formed  along  slip  traces,  which  were  neither  perpendicular  nor 
parallel  to  the  applied  stress.  Compared  to  the  perpendicular  cracks, 
these  cracks,  termed  oblique  slip  crack '  hereafter,  were  narrow  and 
sharp. 

The  two  types  of  cracks  were  closely  related.  A  perpendicular 
crack  was  geneially  associated  with  a  set  of  oblique  slip  cracks.  The 
oblique  slip  cracks  were  smooth  while  the  perpendicular  cracks  were 
rough.  Figure  2  shows  that  the  slip  blocks  inside  the  big  crack  in  the 
middlo  of  the  figure  were  disconnected  from  each  other  and 
protrusions  were  formed  on  the  fracture  surfaces.  These  protrusions 
were  generally  found  on  the  fracture  surface  of  perpendicular  cracks 
and  were  oriented  from  the  surface  to  the  bulk  of  the  specimen. 
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FIGURE  1  -  Surface  morphology  of  the  specimen  strained  until  FIGURE  3-Surface  morphology  of  the  specimen  strained  until 

fracture  at  a  strain  rate  of  8.3  x  10"3/s  (1%  H20,  +300  mVSCE).  fracture  at  a  strain  rate  of  8.3  x  10_5/s  In  CH3OH  +  0.1  NHCI  + 

The  arrow  indicates  the  applied  stress  direction  (original  mag-  1%  H20  at  a  potential  of  +300  mVSCE  (original  magnification 

nification  300X).  200X). 


FIGURE  2-Inside  the  large  crack  at  the  middle  of  this  photo,  FIGURE  4-Surface  morphology  of  the  specimen  strained  until 

protrusions  run  from  the  specimen  surface  Into  the  bulk;  deep  fracture  at  a  strain  rate  of  0.3/s.  (1%  H20,  +300  mVSCE)  (original 

crevices  developed  between  the  slip  blocks  (8.3  x  10'3/s,  1%  magnification  200X). 

H20,  +300  mVSCE)  (original  magnification  1000X). 


Figure  3  shows  the  surface  morphology  of  the  specimen  tested 
at  a  siow-stram  rate,  8.3  ^  10  ^s.  No  oblique  slip  cracks  were 
produced.  Cracks  were  all  perpendicular  to  the  applied  stress. 
Compared  to  the  previous  case,  the  density  of  the  cracks  was 
reduced  but  the  uacks  were  larger.  The  corrosion  pits  were  also 
larger  because  the  time  to  fracture  is  longer  at  slow-strain  rate.  The 
parallel  lines  m  this  figure  were  polish  traces  that  had  no  influence  on 
crack  initiation.  The  specimen  was  broken  with  little  plastic  deforma¬ 
tion  (about  3%  area  reduction). 

Figure  4  shows  the  surface  morphology  of  a  specimen  tested  at 
a  high  strain  rate,  0.33/s.  As  opposed  to  that  tested  at  a  slow-strain 
iate,  the  specimen  surface  ieveeied  no  perpendicular  cracks,  but  did 
reveal  oblique  cracks.  The  specimen  was  fractured  with  much 
oetormation,  31%  of  area  reduction,  which  was  the  same  as  that 
tested  in  air.  Many  corrosion  pits  were  developed  during  the  test,  but 
compared  to  the  cracks,  the  pits  were  shallow.  It  was  observed  that 
while  corrosion  pits  could  be  lurmed  with  oi  without  straining,  cracks 
cuuld  only  be  formed  by  plastic  straining.  Some  specimens  were 
strained  to  fracture  in  air  at  different  strain  lates.  No  cracks  were 
produced  on  the  surface  of  these  specimens. 


Figure  5  shows  the  surface  morphology  of  the  mill  annealed 
specimon.  In  contrast  to  the  [5-annealed  specimens,  no  oblique  slip 
cracks  could  be  obsen/ed  on  the  mill-annealed  specimens.  All  cracks 
on  the  mill  annealed  specimens  were  perpendicular  to  the  applied 
stress.  This  kind  of  vtack  morphology  did  not  change  with  tho  strain 
rate.  In  fact,  when  a  mill-annealed  specimon  was  fractured  in  air,  no 
well  defined  slip  traces  could  be  observed  on  the  specimen  surface 
because  the  grain  size  was  very  small. 


The  size  and  number  of  cracks  depended  on  the  solution 
concentration  and  the  electrode  potential.’  The  number  of  cracks  and 
the  anodic  current  density  increased  with  increasing  potential.  For  a 
given  strain  rate  and  water  content  in  the  solution,  there  was  a 
potential  below  which  no  cock  could  be  produced.  Water  acts  as  a 
passivator  in  acidic  methanol.89  The  number  of  cracks  decreased 
with  increasing  water  content,  because  the  passivation  rate  was 
increased.  No  cracks  could  be  produced  for  the  potential  and 
strain  iate  langes  tested  when  the  water  content  was  higher  than 
10%. 9 
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FIGURE  5-Effect  of  strain  rate  on  the  surface  morphology  of 
the  mill-annealed  specimens  (+300  mVSCE,  1%  H20,  8.3  x 
10~3/s  (original  magnification  200X). 


Discussion 

Both  anodic  dissolution  and  hydrogen  embrittlement  have  been 
proposed  as  the  SCC  mechanism  for  titanium  alloys  in  acidic 
methanol.  It  is  probable  that  depending  on  the  experiment  conditions, 
one  of  the  two  processes  is  responsible  for  SCC.  It  is  concluded  that 
the  SCC  in  the  present  case  results  from  anodic  dissolution  for  the 
following  reasons.  First,  all  experiments  were  conducted  at  300 
mVsc6,  which  was  far  above  the  potential  for  hydrogen  reduction. 
Second,  the  surface  morphology  of  smooth  specimens  involved  no 
local  chemistry,  i.e.,  the  electrode  potential  and  pH  at  all  points  on  the 
surface  were  the  same  as  measured  during  the  experiment.  Third, 
the  oblique  slip  cracks  were  caused  by  shear  stress.  However,  in 
hydrogen  embrittlement,  tensile  stress  is  required  to  produce  cracks.10 

The  formation  of  oblique  slip  cracks  indicates  that  anodic 
dissolution  occurs  preferentially  along  the  slip  planes.  This  cannot  be 
explained  with  the  existing  dissolution  models.  In  these  models, 
crack  initiation  and  propagation  are  attributed  to  the  successive 
processes  of  slip-step  emergence,  anodic  dissolution,  and  repassi¬ 
vation  of  the  steps.”'13  However,  the  models  are  unable  to  explain 
the  higher  dissolution  rate  on  slip  steps  than  on  other  active  surfaces 
such  as  inside  corrosion  pits.  In  addition,  it  is  observed  that  the 
protrusions  in  the  cracks  were  all  oriented  from  the  specimen  surface 
to  the  bulk.  According  to  the  slip-step  dissolution  model,  the 
protrusions,  if  there  are  any,  should  be  parallel  to  the  specimen 
surface.  It  does  not  seem  possible  that  the  sharp  oblique  slip  cracks 
initiate  and  propagate  through  anodic  dissolution  on  slip  steps. 

A  new  model  for  SCC 

It  was  observed  that  cracking  only  occurred  when  there  was 
plastic  deformation.  By  contrast,  oblique  slip  cracks  could  only  occur 
at  a  high  strain  rate,  indicating  that  the  movement  of  the  dislocations 
at  a  certain  speed  was  a  necessary  condition  for  the  preferential 
dissolution  to  occur  along  the  slip  planes.  The  only  difference 
between  the  slip  pianos  and  other  parts  of  the  specimen  during 
straining  was  that  there  were  moving  dislocations  on  these  pianos. 
This  suggests  that  the  oblique  slip  cracks  formed  because  of  the 
preferential  dissolution  of  the  moving  dislocations  along  the  slip 
planes. 

The  atoms  along  a  dislocation  line  have  a  higher  activity  to 
chemical  reactions  such  as  dissolution,  adsorption,  etc.,  than  do  the 
surrounding  ones.'4 These  atoms  will  be  more  active  when  the 
dislocation  moves.  Therefore,  when  the  material  is  strained  in  the 
solution,  preferential  dissolution  occurs  along  the  dislocation  line 
during  the  movement  of  the  dislocatiun.  Figure  6  illustrates  how  the 
oblique  slip  cracks  are  in.tiated  from  such  a  preferential  dissolution. 


Without  straining,  the  oxide  film  on  the  surface  protects  the  material, 
as  shown  in  Figure  6(a).  When  straining  is  applied,  the  oxide  film  is 
broken  because  of  the  movement  of  dislocations.  Thus,  the  intersec¬ 
tion  of  the  dislocation  line  with  the  specimen  surface  is  exposed  to  the 
electrolyte.  The  preferential  dissolution  of  the  atoms  around  the 
moving  dislocation  line  results  in  a  crevice,  i.e.,  the  oblique  slip  crack 
as  shown  in  Figure  6(b).  The  formation  of  the  oblique  slip  cracks 
results  in  a  reduction  of  the  net  section  area,  as  shown  in  Figure  7. 
Thus  the  stress  in  the  material  left  between  the  cracks  is  increased, 
and  the  material  eventually  ruptures,  producing  a  perpendicular 
crack  The  rupture  could  be  caused  by  cleavage,  mechanical  tearing, 
or  preferential  dissolution  of  moving  dislocations  in  the  net  section 
area.  Figure  2  clearly  demonstrates  such  a  crack  feature. 
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FIGURE  6— A  scheme  showing  the  formation  of  the  oblique  slip 
crack  through  preferential  dissolution  of  moving  dislocations: 
(a)  a  metal  crystal  before  the  movement  of  the  dislocations;  (b) 
movement  of  the  dislocations  breaks  the  oxide  film,  and  the 
preferential  dissolution  of  the  moving  dislocation  produces  an 
oblique  slip  crack.  (Vm  Is  the  velocity  of  dislocation;  Vd  is  the 


dissolution  rate.) 
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FIGURE  7-A  scheme  showing  a  perpendicular  crack  Initiated 
through  rupturing  the  material  between  the  oblique  slip  cracks. 


The  dissolution  rate  (V„)  in  Figure  6(b)  is  a  function  of  potential 
and  water  content. 9  At  a  slow-strain  rate,  the  dissolution  rate  (Vd)  is 
much  higher  than  the  velocity  of  moving  dislocations  (Vm).  Thus, 
perpendicular  cracks  are  initiated  from  corrosion  pits  before  any 
oblique  slip  cracks  are  formed.  On  the  other  hand,  at  a  very  high 
strain  rate,  the  velocity  of  the  dislocations  is  much  higher  than  the 
preferential  dissolution  rate.  Oblique  slip  cracks  formed  through 
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dissolution  grow  quickly  in  length  and  the  specimen  is  broken  before 
the  formation  of  any  perpendicular  cracks.  This  means  that  the 
fracture  is  completely- mechanical  and  is  little  influenced  by  the 
formation  of  the  dissolution  slip  cracks.  As  a  result,  although  there  are 
many  oblique  slip  cracks  on  the  specimen  surface,  the  strain  to 
fracture  is  about  the  same  as  that  tested  in  air  (Figure  4).  At  a  medium 
strain  rate,  both  oblique  slip  cracks  and  perpendicular  cracks  are 
formed. 

The  grain  size  of  the  mill-annealed  specimens  was  about  two 
orders  of  magnitude  smaller  than  that  of  the  annealed  specimens; 
hence  the  limiting  slip  length  of  a  mill-annealed  specimen  was  very 
small.  No  well-defined  slip  traces  could  be  produced  on  the  mill- 
annealed  specimens  by  deformation.  Therefore,  oblique  slip  cracks 
were  not  observed  on  mill-annealed  specimens.  This  model  is 
proposed  to  explain  the  initiation  of  the  oblique  slip  and  the 
perpendicular  cracks.  It  is  conceivable  that  it  could  also  be  used  to 
describe  the  crack  propagation  process  under  certain  conditions. 

Conclusion 

The  surface  morphology  of  a  titanium  alloy  (Ti-6A-4V),  after 
straining  to  fracture  in  acidic  methanol,  was  examined  as  a  function 
of  strain  rate  and  heat  treatment.  Depending  on  the  test  conditions, 
cracks  perpendicular  to  the  applied  stress  (perpendicular  cracks)  and 
cracks  along  slip  traces  (oblique  slip  cracks)  were  produced.  At 
slow-strain  rate,  only  perpendicular  cracks  occurred,  while  at  high 
strain  rate,  only  oblique  slip  cracks  occurred.  Both  perpendicular  and 
oblique  slip  cracks  could  be  produced  at  a  medium  strain  rate. 
Oblique  slip  cracks  only  occurred  on  p-annealed  specimens,  not  on 
mill-annealed  specimens. 

A  new  model  is  proposed  to  describe  the  initiation  of  SCO. 
Dislocations  will  move  when  the  material  is  strained.  The  movement 
of  dislocations  has  two  effects;  (1)  It  causes  oxide  film  breakdown  so 


that  the  material  can  react  with  the  solution,  (2)  it  increases  the 
reactivity  of  the  atoms  along  the  dislocation  lines.  The  preferential 
dissolution  of  these  atoms  along  the  moving  dislocation  lines  results 
in  the  oblique  slip  cracks.  Rupture  of  the  material  between  these 
cracks  leads  to  the  formation  of  the  perpendicular  cracks. 
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Stress  Corrosion  Cracking  of  Uranium-Silver  Interfaces 
in  Silver-Aided  Diffusion  Welds 

R.S.  Rosen  *  S.  Beitscher,**  and  M.E.  Kassner* 

Abstract 

We  have  studied  stress  corrosion  cracking  (SCC)  in  weld  specimens  in  which  uranium  and  type  304 
(UNS  S30400)  stainless  steel  were  joined  by  an  autoclave  diffusion-weld  method  using  silver  as  an 
intermediate  layer.  The  specimens  were  placed  in  bend-test  fixtures,  which  applied  tensile  stresses 
normal  to  the  butt  joints,  in  either  laboratory  air  or  in  air  saturated  with  water  vapor.  Those  stressed  in 
laboratory  air  at  1/2  of  the  ultimate  strength  exhibited  ductile  creep  rupture  predominately  at  the  Ag-Ag 
diffusion-weld  interface  after  more  than  20  days,  whereas  those  stressed  in  saturated  water  vapor  at 
the  same  load  exhibited  cracking  predominately  at  the  U-Ag  interface  after  only  a  few  days.  Similar 
specimens  exposed  to  saturated  water  vapor  for  up  to  37  days  in  an  unstressed  condition  exhibited  no 
evidence  of  interfacial  corrosion.  Other  weld  specimens  were  prestrained  to  establish  residual  shear 
stresses  in  the  joints  and  then  were  stored  for  4  years  in  polyethylene  bags  that  were  permeable  to  water 
vapor.  Other  unstrained  specimens  were  stored  in  an  identical  environment.  After  4  years,  the 
prestrained  specimens  showed  SCC  at  the  U-Ag  interfaces,  whereas  the  specimens  that  had  not  been 
prestrained  showed  no  evidence  of  interfacial  corrosion.  Thus,  U-Ag  weld  interfaces  have  been 
demonstrated  to  be  susceptible  to  SCC  under  both  tensile  and  shear  loading. 


Introduction 

Silver-aided  diffusion  welds  have  been  successfully  used  to  join 
otherwise  nonweldable  metals.  The  mechanical  properties  of  silver- 
aided  diffusion  welds  between  uranium  and  stainless  steel  (SS)  have 
been  reported  previously.' 2  These  joints  have  high  tensile  strengths 
(400  to  500  MPa),  although  they  experience  stress  or  creep  rupture 
at  stresses  as  low  as  half  of  the  ultimate.  These  failures  usually  occur 
by  ductile  fracture  within  the  silver  (Ag -Ag  failure).  The  purpose  of  the 
present  study  is  to  determine  the  susceptibility  of  U-Ag  interfaces  to 
stress  corrosion  cracking  (SCC)  in  a  water  vapor  environment. 

Uranium  is  known  to  corrode  in  the  presence  of  water  or  water 
vapor,  generating  uranium  oxide  and  hydrogen  as  reaction  products, 
and  possibly  forming  uranium  hydride  as  a  by  product.3  The  pres¬ 
ence  of  oxygen  has  been  shown  to  greatly  retard  the  uramum-plus- 
water-vapor  corrosion  reaction.4  The  authors  suggested  that  oxygen 
retards  this  reaction  rate  by  forming  a  protective  oxide  layer  that 
inhibits  adsorption  of  water  vapoi  and/or  slows  the  diffusion  of  water 
vapor  through  the  protective  layer. 

Hughes,  et  at.,5  and  Orman6  reported  that  both  ihe  tensile 
strength  and  the  ductility  of  uranium  are  reduced  if  the  tests  are 
performed  in  water  vapor  environments  (or  at  temperatures  below 
the  dew  point  in  air).  Ths  authors  suggested  that  SCC  or  hydrogen 
embrittlement  was  responsible  for  the  loss  in  ductility.  Hughes,  et  al„ 
showed  that  this  reduction  in  ductility  is  essentially  independent  of 
temperature  between  0  and  75*0,  and  that  no  loss  in  ductility  occurs 
at  temperatures  above  100°C.7  Hughes,  et  at.,  extended  this  study  to 
include  the  effects  of  pH  on  tensile  elongation  at  20 "C  in  water 
solutions.8  The  authors  determined  that  embrittlement  only  occurs 
over  the  pH  range  of  5  to  10  and  that  normal  ductility  was  observed 


'Lawrence  Livermore  National  Laboratory,  P.O.  Box  808,  L-355, 
Livermore,  CA  94550. 

“Rockwell  International,  Rockwell  International,  Rocky  Flats  Plant, 
Golden,  CO  80401. 


for  both  high  and  low  pH  conditions.  They  concluded  that  the 
absence  of  embrittlement  at  low  pH  lends  support  to  a  uramum-plus- 
water  vapor  SCC  mechanism  rather  than  hydrogen  embrmlement  by 
diffusion  of  hydrogen  ions.  This  observation  was  additionally  sup¬ 
ported  by  tensile  tests  of  prehydrided  uranium  by  Hughes,  et  al.9  The 
authors  noted  that  hydrogen  embrittlement  occurred  in  the  prehydri¬ 
ded  uranium,  tested  in  vacuum  or  air  but  that  a  much  larger  reduction 
in  ductility  occurred  when  tests  were  performed  in  water.  The  amount 
of  embrittlement  in  the  presence  of  water  vapor  was  found  to  be 
independent  of  hydrogen  content.  Therefore,  uranium  plus  water 
vapor  SCC  rather  than  hydrogen  embrittlement  appears  to  be  the 
more  likely  mechanism  for  the  observed  cracking  of  uranium. 

Magnani  tested  precracked  notch  specimens  of  U-0.75%T i  alloy 
in  oxygon,  hydrogen,  and  1 00%  relative  humidity  rRHj  atmospheres. 1 0 
Results  indicated  that  plain-strain  threshold  values  for  stress  corro¬ 
sion  crack  propagation  were  much  lower  in  100%  RH  air  and 
hydrogen  than  in  oxygen.  Miller"  studied  the  elfect  ot  RH  on 
time-to-failure  of  precracked  tensile  specimens  of  U-7.5%Nb-2.5%Zr 
alloy.  The  results  indicated  that  the  time-to-failure  decreases  only 
slightly  from  20  to  90%  RH  at  constant  initial  stress  intensities,  but 
reduces  by  over  3  orders  of  magnitude  from  90  to  100%  RH. 

Experimental  Procedure 

Materials  and  specimen  preparation 

Long  term  test  specimens  were  machined  from  type  304  rUNS 
S30400)  SS  and  depleted  U  238  bars  into  right  circular  cylinders  prior 
to  coaling  The  machined  specimen  blanks  were  degreased,  ion 
sputter-etched  for  45  min  (to  remove  the  oxide),  and  coated  with  a 
75-p.m  layer  of  nominally  pure  silver  onto  the  faying  surface.  The 
coated  specimens  were  then  inserted  into  thin  SS  cans  that  were 
evacuated,  welded  closed,  and  isostatically  compressed  with  gas  to 
207  MPa  at  a  peak  temperature  of  600°C  for  2  h.  The  bonded 
specimens  were  then  machined  into  standard  6.35-mm-diameter 
reduced-section  tensile  specimens  with  the  silver  joint  in  the  middle 
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of  the  25.4-mm-gauge  section.  A  more  detailed  account  of  the 
specimen  preparation  procedures,  including  material  properties,  is 
given  by  Rosen,  et  al.; 

Short-term  test  specimens  were  machined  from  type  304L 
(UNS  S30403)  SS  and  depleted  U-238  circular  plates  after  coating 
and  bonding  them  together.  The  base-metal  yield  strengths  were 
lower  than  those  of  the  long-term  specimens:  240  vs  296  MPa  for  the 
SS,  and  240  vs  345  MPa  for  the  uranium.  Machining  and  degreasing 
procedures  for  the  plates  were  similar  to  those  of  the  long-term 
specimens,  except  that  one  plate  of  uranium  had  its  oxide  chemically 
etched  prior  to  degreasing  by  immersion  (pickling)  in  acid.  Ion-sputter 
etching  and  coating  of  the  circular  plates  for  short-term  tests  were 
performed  in  a  hot  hollow-cathode  coater  very  similar  to  the  one  used 
for  the  long-term  specimens.  Ion-sputter  etch  times  for  the  SS  were 
comparable  with  those  of  the  long-term  specimens  but  were  varied  at 
either  10,  60,  or  120  min  for  the  uranium  plates  for  the  short-term 
specimens.  All  plates  were  coated  with  a  75-pm  layer  of  nominally 
pure  silver,  canned  and  bonded  as  before  except  that  the  bonding 
pressure  was  maintained  at  only  68  MPa  (vs  207  MPa).  Bend-test 
specimens  were  either  cored  from  the  plates  by  electrochemical 
machining  (ECM)  or  machined  conventionally  to  finished  size  (6.35- 
mm  diameter  by  25.4-mm  length).  Additionally,  microtensile  speci¬ 
mens  (15.2-mm  length  by  2.54-mm  diameter)  were  machined  out  of 
the  bonded  plates  with  the  silver  joint  in  the  middle  of  the  11.4-mm- 
gauge  section  to  determine  tensile  strength  values  for  the  joints. 


Test  methods 

Ten  tensile  specimens  fabricated  during  1982-83  were  used  for 
the  long-term  study.  First,  the  "as-fabricated”  tensile  strengths  and 
stress-rupture  times  were  determined  by  testing  companion  speci¬ 
mens  fabricated  during  the  same  period.  Next,  six  as-fabricated 
specimens  were  sealed  in  polyethylene  bags  (permeable  to  water 
vapor)  and  stored  until  1986.  Finally,  four  specimens  were  loaded  in 
tension  at  172  MPa  for  2-1/4  months  (approximately  16%  of  the 
stress-rupture  time,  based  on  extrapolations  from  stress-  (creep-) 
rupture  tests  conducted  at  207  MPa]  and  then  unloaded,  leaving 
residual  stresses  from  plastic  deformation  at  the  Ag-U  interface. 
These  specimens  were  also  sealed  in  polyethylene  bags  and  stored 
until  1986.  Tensile  strength  and  stress-rupture  tests  were  performed 
in  1986  to  assess  any  environmental  degradation  of  either  the 
stressed  or  unstressed  bonded  specimens.  Additionally,  metallogra- 
phic  cross  sections  were  prepared  to  identify  any  interface  cracking 
that  may  have  occurred  during  the  4-year  period. 

Short-term  stress  corrosion  tests  were  performed  using  C- 
shapeu  ^3-pomt)  bend-test  fixtures  capable  ot  maintaining  a  preset 
load  in  either  laboratory  air  (40%  RH,  22"C>  or  saturated  water  vapor 
environments  (~  100%  RH,  22“C).  A  bending  load  was  applied  to  the 
specimen  through  the  fixture  by  torquing  a  lubricated  bolt  directly 
against  the  butt  joint  with  the  ends  of  the  specimen  supported  (see 
Figure  1 ).  First,  tensile  strengths  were  determined  from  microtensile 
specimen  tests.  Second,  ultimate  “torque  bend  strength"  was 
measured  by  slowly  applying  torque  with  a  calibrated  torque  wrench 
and  noting  the  maximum  torque  at  which  the  specimen  fractured. 
Environmental  effects  were  studied  by  torquing  specimens  to  preset 
loads  of  either  1/2,  1/3,  or  1/6  of  the  ultimate  strength  and  then 
placing  the  specimen  and  fixture  in  laboratory  air  or  saturated  water 
vapor  for  various  periods  of  time  or  until  the  specimen  fractured. 
Additionally,  control  specimens  were  exposed  to  saturated  water 
vapor  in  an  unstressed  condition.  Saturated  water  vapor  was 
achieved  by  using  tap  water  at  the  bottom  of  a  sealed  glass  jar 
containing  air.  The  water  level  was  not  in  contact  with  the  specimen 
or  fixture. 


Results  and  Discussion 

Table  1  shows  the  effects  of  4  years  of  aging  in  sealed 
polyethylene  bags  on  prestressed  and  unstressed  specimens.  The 
average  as  fabricated  (1981  82)  tensile  strength  of  specimens 
produced  from  the  same  set  from  which  prestressed  specimens  were 
selected  was  392  MPa  (SU  85  and  86).  The  average  tensile  strength 


of  the  4  prestressed  specimens  was  only  6  MPa  when  they  were 
retested  4  years  later,  after  having  been  successfully  loaded  to  172 
MPa  in  1982.  One  of  the  four  specimens  was  noted  to  be  fractured 
into  two  halves  during  storage.  There  was  substantial  cracking  of 
these  specimens,  which  reduced  the  load-carrying  area  by  approx¬ 
imately  95  to  100%.  The  cracking  appeared  to  occur  almost 
exclusively  at  the  U-Ag  interface.  All  cracks  appeared  to  initiate  at  the 
outer  circumference  of  the  specimens.  A  metallographic  cross- 
sectional  view  of  the  unfractured  specimen, SU-82,  indicated  that  the 
oxide  thickness  along  the  crack  tapered  from  4  jcm  at  the  circumfer¬ 
ence  to  the  detectability  limit  of  50  nm  at  the  crack  tip,  with  no  oxide 
visible  in  the  uncracked  regions  at  magnifications  updo  10.000X  in 
the  scanning  electron  microscope. 


F  (applied  force) 
<@>8.5  xi  o'4  ms”1 


Specimen  (all) 


(6.35  mm  die  x 
25.4  mm  L) 


a.  Bend  test 


b.  Torque-to-falluretest 


c.  TlmB-to-rupture  test 

FIGURE  1— Schematic  illustrations  of  bend-test  methods  and 
fixtures. 

The  average  as-fabricated  (1981-82)  tensile  strength  of  speci¬ 
mens  produced  from  the  same  set  from  which  unstressed  specimens 
were  selected  for  storage  in  bags  was  330  MPa  (SU  165  and  166). 
The  average  time  for  creep  rupture  at  276  MPa  was  25  h  (SU  1 67  to 
169)  Four  years  later,  after  storage  in  the  same  type  of  sealed 
polyethylene  bags  as  the  prestressed  specimens,  tensile  strength 
and  stress-rupture  times  showed  no  reduction  from  their  original 
(1981-82)  values.  Tests  conducted  in  1986  resulted  in  an  average 
tensile  strength  of  356  MPa,  and  an  average  rupture  time  of  15  h  at 
276  MPa  No  evidence  of  U-Ag  interface  corrosion  was  detected  in 
any  of  the  unstressed  specimens. 

It  was  found  that  the  prestressed  specimens  plastically  de 
formed  (by  creep)  nearly  1%  in  the  SS  and  silver,  and  approximately 
0.1%  in  the  uranium.  Unloading  of  a  plastically  prestressed  specimen 
would  result  in  residual  stresses  at  the  bimetallic  interfaces.  The 
sources  of  these  stresses  would  be  twofold.  First,  plastic  incompat 
ibility  occurs  at  the  U  Ag  interface  because  of  the  larger  strain  in  the 
silver  and  SS  compared  with  that  in  the  uranium  (0,5%  vs  0.05% 
lateral  strain).  Second,  differences  in  elastic  properties' between 
silver,  SS,  and  uranium  result  in  residual  stresses  upon  unloading 
even  if  the  macroscopic  plastic  strain  measurements  in  the  uranium 
and  SS  are  identical. 

To  approximate  the  intertacial  residual  stresses  upon  unloading 
of  a  plastically  prestressed  U  Ag-SS  specimen,  finite-element  method 
(FEM)  analysis  was  conducted  using  the  known  elastic-plastic 
properties  of  the  metals.  The  axial  stresses  vary  from  21  MPa  (3000 
psi)  tension  at  the  outer  diameter  (right-hand  side)  to  6.9  MPa  (1000 
psi)  tension  along  the  bulk  of  the  U-Ag  cross  section.  The  significant 
residual  stresses  are  in-plane  (bond)  shear  stresses.  The  typical 
sheai  stiess  along  the  U-Ag  interlace  is  approximately  41  MPa  j6000 
psi)  or  an  effective  jvon  Mises;  stress  of  about  71  MPa,  as  shown  in 
Figure  2.  This  cumputer  model  did  not  allow  tor  time-dependent 
plasticity,  therefore,  stress  relaxation  is  not  considered. 
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TABLE  1 

Results  for  Long-Term  Specimens 
(fabricated  in  1982-1983  and  tested  or  retested  in  1986) 


Specimen 

Number 

1982-83  Prestress 
(%  rupture  time) 

1982-83  Tensile 

Strength  or  <r(t,) 

1986  Tensile 

Strength  or  o(t,) 

SU-81 

16% 

1.3  MPa 

SU-82 

16% 

—(A) 

SU-83 

16% 

15.2  MPa 

SU-84 

16% 

o<°) 

SU-85 

395  MPa 

SU-86 

388  MPa 

SU-165 

328  MPa 

SU-166 

331  MPa 

SU-167 

276  MPa  (68  h) 

SU-168 

276  MPa  (0.5  h) 

SU-169 

276  MPa  (6  h) 

SU-174 

0 

335  MPa 

SU-17S 

0 

276  MPa  (1.3  h) 

SU-176 

0 

276  MPa  (48  h) 

SU-177 

0 

276  MPa  (3  h) 

SU-178 

0 

276  MPa  (8  h) 

SU-179 

0 

377  MPa 

<A>$pecimen  used  for  metallographic  x-section 
<8>Specimen  noted  to  be  fractured  into  two  halves  in  1986 


FIGURE  2— Residual  (In  bond  plane)  shear*stress  contours 
(MPa)  In  prestressed  U-Ag-SS  specimen.  Radius  =  3.18  mm 
(0.125  In.) 

Extrapolations  based  on  the  creep-rupture  data  reported  by 
Rosen,  et  al.,'  indicate  that  the  residual  stresses  are  much  too  low  to 
cause  creep  rupture  failure  during  this  length  ol  time.  It  should  be 
noted  that  the  outer  circumference  of  the  uranium  surfaces  ol  all 
specimens  stored  in  sealed  polyethylene  bags  was  covered  with  a 
thick,  flaking  oxide  consistent  with  a  reaction  of  uranium  and  water 
vapor  in  a  depleted  oxygen  atmosphere.3  4  A  comparison  of  the 
permeability  coefficients  of  H20  and  Ox  through  polyethylene  indi¬ 
cates  that  H/)  permeates  through  at  a  rate  1 00  times  greater  than 
that  of  02  ,2-'3  Therefore,  the  prestrossed  specimens  were  simulta¬ 
neously  exposed  to  moisture  and  internal  stresses  for  up  to  4  years, 
and  SCC  is  a  likely  explanation  for  degradation  of  the  U-Ag 
interfaces  It  will  be  shown  in  the  next  section  that  the  calculated 
equivalent  uniaxial  (von  Mises)  residual  stress  levels  (  1/6  ultimate 
strength)  are  sufficient  to  cause  SCC  . 


Results  of  the  short-term  tests  (ECM  specimens)  are  listed  in 
Table  2.  Microtensile  strengths  of  the  1-  or  2-h  ion-sputter-etched 
(uranium  surface  prior  to  coating)  specimens  are  comparable  to 
those  of  the  long-term  test  specimens  [386  to  393  (micro)  vs  328  to 
395  MPa).  The  microtensile  and  torque  bend-strength  specimens 
tested  in  laboratory  air  all  fractured  at  the  Ag-Ag  interface,  as 
expected  for  plastic  failures.  No  stress  (creep)  ruptures  occurred  in 
bend  tests  loaded  to  1/2  ultimate  strength  in  air  for  up  to  22  days. 
Specimens  loaded  at  1/2  or  1/3  ultimate  strength  in  water  vapor, 
however,  all  fractured  at  the  U-Ag  interface  in  fewer  than  20  days 
(two  specimens  fractured  in  less  than  1  day).  The  specimen  loaded 
to  1/6  ultimate  strength  in  water  vapor  fractured  after  13  days,  also  at 
the  U-Ag  interface.  The  control  specimen  (unloaded)  was  exposed  to 
water  vapor  for  37  days  and  then  exhibited  normal  bend-test 
strength,  fracturing  plastically  at  the  Ag-Ag  interface  after  being 
removed  from  the  environment.  Pickling  of  the  uranium  in  acid  prior 
to  ion  sputter-etching  and  coating  did  not  affect  the  test  results. 

Microtensile  strengths  of  the  10-min,  ion-sputter-etched  speci¬ 
mens  were  -  40%  lower  (221  MPa)  than  the  previously  discussed 
short-term  specimen  strengths.  Creep  rupture  occurred  in  air  at  1/2 
ultimate  strength  after  22  days  at  load.  Fractures  occurred  in  water 
vapor  at  1/2  or  1/3  ultimate  strength  in  less  than  1  day  at  load.  The 
specimen  loaded  to  1/6  ultimate  strength  in  water  vapor  fractured 
after  8  days.  All  fractures  of  the  torque  bend-test  specimens  from  the 
10-min,  ion-sputter-etch  group  occurred  at  the  U-Ag  interface. 
Inadequate  Ion-sputter  etching  fails  to  remove  the  normal,  pre¬ 
existing  oxide  on  metal  surfaces,  causing  reduced  silver  adhesion  to 
the  uranium.  Therefore,  the  specimens  show  a  corresponding 
reduction  in  rupture  times  in  both  an  and  water-vapor  environments. 

Results  of  the  conventionally  machined  specimens  are  listed  in 
Table  3.  Microtensile  strengths  and  torque  bend-test  strengths  were 
slightly  less  than  those  of  the  adequately  ion-sputter-etched  speci¬ 
mens  from  the  ECM  batch.  Fractures  nearly  always  occurred  at  the 
Ag-Ag  interface  when  experiments  were  performed  in  laboratory  air. 
Stress  (creep)  rupture  occurred  in  air  at  1/2  ultimate  strength  after  an 
average  time  of  31  days.  Tests  conducted  in  water  vapor  at  1/2 
ultimate  strength  resulted  in  an  average  rupture  time  ol  only  8  days. 
All  of  the  specimens  tested  in  water  vapor  fractured  at  the  U-Ag 
interface.  The  control  specimen  from  this  set  that  was  removed  from 
the  water  vapor  environment  aftei  9  days  exhibited  a  normal  bend- 
test  strength  and  fractured  exclusively  at  the  Ag-Ag  interface. 
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TABLE  2 

Torque-Bend-Specimen  Results 
(electrochemical  machining) 


Fabrication 

Process 

Environment 

Load 

(N-m) 

Fraction 
of  Ult 

Rupture 

Time  (d) 

Fracture 

Location<A) 

U  pickled,  2-h 

Air 

6.8 

1 

_<C) 

Ag-Ag 

sputter  etch(B) 

Air 

6.3 

1 

_<c> 

Ag-Ag 

Air 

3.3 

1/2 

>22 

-(D) 

Water  vapor 

3.3 

1/2 

1-20 

Ag-U 

Water  vapor 

1.1 

1/6 

13 

Ag-U 

Water  vapor 

2.3 

1/3 

1 

Ag-U 

Water  vapor 

3.4 

1/2 

1 

Ag-U 

No  pickle.  1-h 

Air 

7.7 

1 

_(C) 

Ag-Ag 

sputter  etch*61 

Air 

7.3 

1 

_<C) 

Ag-Ag 

Air 

3.7 

1/2 

>22 

_(0) 

Water  vapor 

3.7 

1/2 

1-21 

Ag-U 

Water  vapor 

3.4 

1/2 

6 

Ag-U 

Water  vapor 

0 

0 

>37 

_<F) 

No  pickle,  10  min- 

Air 

3.4 

1 

_ (C) 

Ag-U 

sputter  etch(G) 

Air 

3.7 

1 

-(C) 

Ag-U 

Air 

1.8 

1/2 

-(C) 

Ag-U 

Air 

1.8 

1/2 

22 

Ag-U 

Water  vapor 

1.8 

1/2 

1-21 

Ag-U 

Water  vapor 

0.6 

1/6 

8 

Ag-U 

Water  vapor 

1.1 

1/3 

1 

Ag-U 

Water  vapor 

1.7 

1/2 

1 

Ag-U 

(A)Tensile  side  given 

(0,Microtensile  specimen  strength  “  386  MPa  (Ag-Ag) 

<c,Ultimate  strength  test 

•“’Unloaded  before  fracture 

tE|Microtensilo  specimen  strength  «=  393  MPa  (Ag-Ag) 

<F,Fractured  at  Ag-Ag  interface  at  normal  bend  strength  after  removal  from  nonstressedAvater  vapor  environment. 

<G,Microtensile  specimen  strength  «■  221  MPa  (Ag-Ag/Ag-U) 

TABLE  3 

Torque-Bend-Specimen  Results 
(conventional  machining) 

Fabrication 

process 

Environment 

Load 

(N-m) 

Fraction 
of  Ult 

Rupture 

Time  (d) 

Fracture 

Location**1 

No  pickle,  2-h 

Air 

5.4 

1 

— (C) 

Ag-Ag 

sputter  otch*01 

Air 

2,7 

1/2 

25 

Ag-Ag 

Air 

2.7 

1/2 

19 

Ag-Ag 

Water  vapor 

2.7 

1/2 

<1 

Ag-U 

Water  vapor 

2.7 

1/2 

•  1 

Ag-U 

Water  vapor 

0 

0 

>9 

—(D) 

No  pickle,  2-h 

Air 

5.2 

1 

-(C) 

Ag-Ag 

sputter  etch(B1 

Air 

2.6 

1/2 

47 

Ag-U/Ag-Ag 

Water  vapor 

2.6 

1/2 

25 

Ag-U 

Water  vapor 

2.6 

1/2 

7 

Ag-U/Ag-Ag 

No  pickle.  2-h 

Air 

4.0 

1 

—(C) 

Ag-Ag 

sputter  etch'61 

Air 

1.9 

1/2 

41 

Ag-Ag 

Air 

1.9 

1/2 

25 

Ag-Ag 

Water  vapor 

1.9 

1/2 

4 

Ag-U 

,A>Tensilo  side  given 

(0)Microtonsile  specimen  strength  *  366  MPa  (Ag-Ag) 

<C|Ultimato  strength  tost 

<0|Fractured  at  Ag-Ag  interface  at  4.6  N-m  (Ag-Ag)  after  removal  from  unstrossedAvater  vapor  environment 
*E,Microtensile  specimen  strength  -  331  MPa  (Ag-Ag) 
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It  should  be  noted  that  the  stress-rupture  tests  reported  by 
Rosen,  et  al.,1  and  Elmer,  et  al.,2  were  performed  in  normal 
laboratory  air  averaging  40%  RH.  Even  when  specimens  were 
stressed  above  1/2  tensile  strength  for  over  6  months,  SCC  at  the 
U-Ag  interface  was  not  observed.  This  phenomenon  is  consistent 
with  the  effect  of  RH  on  the  intergranular  SCC  behavior  of  uranium 
alloys.11  -Therefore,  it  is  suggested  that  fracture  times  would  most 
likely  increase  with  decreasing  relative  humidity,  possibly  exhibiting 
a  threshold  below  which  SCC-type  failures  may  not  occur. 


Summary 

The  torque  bend-test  results  indicate  that  100%  relative  humid¬ 
ity  air  causes  SCC  at  U-Ag  interfaces  when  they  are  simultaneously 
subjected  to  applied  tensile  stresses.  Variations  in  coating  and 
machining  processes  did  not  affect  the  observed  SCC  phenomenol¬ 
ogy.  The  results  also  suggest  a  trend  of  increasing  time  to  fracture 
with  decreasing  applied  stress.  Specimens  subjected  to  the  same 
100%-RH  air  in  an  unstressed  state  exhibited  no  loss  in  strength  after 
lengthy  exposure.  These  results  are  in  agreement  with  the  long-term 
specimen  results,  where  residual  shear  stresses  led  to  cracking  in  a 
humid  air  environment.  Therefore,  U-Ag  interfaces  are  susceptible  to 
SCC  under  both  tensile  and  shear  loading. 
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The  topic  of  environmentally  assisted  cracking  of  iron-base  alloys  is  reviewed  in  four 
papers,  which  address  (a)  the  failure  of  low-alloy  ferritic  or  pearlitic  steels,  (b)  the 
embrittlement  ot  high-strength  steels  by  hydrogen  gas  or  hydrogen  precharging,  (c)  the  failure 
of  martensitic  and  duplex  high-alloy  steels,  and,  finally,  (d)  austenitic  alloys  in  aqueous 
environments.  The  format  for  these  papers  ranges  from  the  atomistics  of  the  cracking 
mechanism  p.e..  the  hydrogen  embrittlement  and  austenitic  alloy  papers)  to  the  application 
of  mechanistic  knowledge  to  practical  problem  solutions  (i.e.,  the  ferritic  and  martensitic  steel 
papers). 

The  review  by  T.  Murata,  the  abstract  of  which  is  included  here,  dealt  with  the  stress 
corrosion  cracking  of  low-alloy  ferritic  steels  in  aqueous  environments,  which  frequently  can 
be  observed  under  conditions  in  which  a  protective  surface  layer  occurs  and  a  film- 
rupture/anodic-dissolution  mechanism  operates.  The  original  presentation  concentrated  on 
the  conditions  for  film  formation  and  stability,  on  the  influence  of  chemical  composition  and 
structure  of  the  steel,  and  on  the  influence  of  preceding  cold  work  and  welding.  It  stressed  the 
operating  mechanisms  and  made  a  number  of  recommendations  for  countermeasures.  The 
author  pointed  out  the  importance  of  electrochemical  attack  of  grain  boundaries  or  pitting  to 
initiate  the  cracks.  Ho  further  dealt  with  failures  in  steels  of  higher  strength  level  in  coke  oven 
gas,  which  are  due  to  hydrogen-induced  cracking.  The  pH  of  the  solutions  formed  by 
condensation  is  the  dominating  effect  in  this  case.  Furthermore,  the  special  conditions  for 
corrosion  of  steel  by  very  thin  films  of  electrolytes  (e.g„  formed  by  condensation),  were 
discussed  and  experiments  related  to  this  question  described.  The  abstract  of  Murata's 
presentation,  along  with  the  discussion  that  followed,  Is  included  here  in  lieu  of  the  paper 

The  paper  by  R.A.  Oriani,  "Hydrogen  Effects  in  High-Strength  Steels."  is  an  update  of 
previous  reviews  by  the  author  covering  the  same  subject.  To  make  clear  conclusions 
concerning  the  fundamentals  of  this  cracking  system  and  their  application,  the  cases  of  stress 
corrosion  cracking  in  aqueous  environments  and  of  fatigue  of  any  kind  are  excluded  from 
consideration,  and  the  discussion  is  limited  to  hydrogen  uptake  from  a  dry  atmosphere  and 
to  hydrogon-precharged  material.  The  author  clearly  distinguishes  between  the  thermody¬ 
namic  aspects  of  embrittlement  of  steel  by  hydrogen,  and  Iho  kinetics  of  embrittlement  and 
crack  propagation  The  first  aspect  deals  with  the  weakening  of  cohesive  forces  in  the  lattice 
of  the  steel  by  absorbed  hydrogen,  which  may  load  either  to  metal-metal  chemical  bond 
weakening  or  to  a  lowering  of  the  critical  shear  strength.  The  former  possibility  is  the  author’s 
decohesion  model,  while  the  latter  is  Beachem’s  and  Lynch's  model  of  the  pseudo-brittlo 
crack  propagation  by  localized  slip  resulting  from  hydrogen-induced  dislocations  emanating 
from  the  crack  tip.  Oriani  presents  the  experimental  and  theoretical  evidenco  available  for  the 
two  models.  Ho  hypothesizes  that  both  mechanisms  may  be  potentially  operative,  subject  to 
a  number  of  conditions  so  far  unspecified.  He  then  proceeds  to  describe  the  various  kinetic 
mechanisms  of  hydrogen  embrittlement.  The  critical  question  is  essentially  that  of  the 
rate-determining  step  in  the  sequence  of  reaction  steps  going  from,  e.g.,  water  molecules  far 
a\,ay  from  the  crack  tip,  to  hydrogen  generated  at  the  surface,  hydrogen  crossing  the 
interface  and  diffusing  in  the  lattice,  etc.  One  of  the  more  significant  findings  to  be  explained 
is  the  “bell-shaped"  relationship  between  the  Stage  II  crack  propagation  rate  and  the 
temperature.  The  mechanistic  suggestion  brought  forward  by  authors  such  as  Simmons,  et 
at.;  Lu,  et  al.;  Wei,  et  al.;  Gerberich.  et  al„  and  others  are  presented.  The  author  finally,  and 
probably  very  correctly,  pents  out  that,  to  advance  our  fundamental  knowledge  further,  it  will 
be  necessary  to  study  the  cnticai  steps  in  the  fracture  processes  in  the  absence  of  hydrogen, 
and  then  to  establish  the  action  of  hydrogen  on  such  steps. 


Photos;  M  B.  Ives 


Whereas  Murata  dealt  with  the  problem  of  cracking  of  steels  that 
have  a  ferritic  or  ferritic-pearlitic  structure,  Spaehn  addresses  this 
problem  in  high-alloyed  steels  with  a  ferritic,  martensitic,  or  ferritic- 
austenitic.structure.  All  the  materials  he  deals  with  are  characterized 
by  a  chromium  concentration  ranging  from  12%  for  the  martensitic 
alloys  up  to  30%  for  the  super  ferrites.  Together  with  chromium,  the 
content  of  nickel  and  the  interstitials  carbon  and  nitrogen  primarily 
determines  the  phases  the  steels  are  composed  of,  and  the 
possibilities  of  precipitation  reactions  during  welding  and  other  heat 
treatments  are  discussed. 

The  aggressive  media  causing  environmental  cracking  in  these 
steels  are  numerous  and  different,  depending  on  the  steel  compo¬ 
sition  and  structure.  With  the  duplex  austenitic-ferrite  steels,  the 
anodic  active  path  dissolution  is  assumed  to  prevail,  whereas  with  the 
martensitic  steel  grades,  hydrogen-induced  cracking  is  the  most 
frequent  failure  mode.  This  difference  can  be  related  to  the  different 
strength  levels,  to  the  physical  metallurgy  of  plastic  deformation,  and 
to  the  stability  of  passivity  in  the  metal-electrolyte  systems  in 
question. 

A  detailed  discussion  of  corrosion  fatigue  leads  to  the  conclu¬ 
sion  that  four  different  failure  modes  can  be  distinguished,  which  are 
related  to  the  electrochemical  behavior  of  the  alloy-medium  systems. 
A  measurement  technique  is  described  correlating  these  different 
area  modes  with  the  local  and  electrochemical  variables  at  develop¬ 
ing  cracks  and  the  mechanical  parameters  in  corrosion  fatigue. 

The  final  paper  by  R.C.  Newman  and  A.  Mehta  addresses  the 
problem  of  stress  corrosion  cracking  of  austenitic  alloys,  although  the 
majority  of  this  review  centers  on  austenitic  stainless  steels,  such  as 
type  304  (UNS  S30400),  some  attention  is  given  to  nickel-base  alloys 
such  as  types  600  (UNS  N06600),  690,  X750  jUNS  N07750),  etc. 
The  objective  of  this  review  was  to  examine  the  various  crack 
propagation  hypotheses  for  these  alloy  systems  in,  for  example, 
high-temperature  water,  hydroxide,  chloride,  and  sulfur  containing 
species  such  as  sulfate.  This  examination  centers  primarily  on  the 
environment  and  reaction  rates  on  the  crack  tip,  rather  than  the 
metallurgical  aspects  (e.g.,  crack-tip  plasticity,  grain-boundary  solute 


denudation/segregation).  In  particular,  the  likelihood  of  nickel-en¬ 
riched  layers  at  the  tip  of  stainless  steels  is  evaluated  in  the  light  of 
historical  evidence,  with  the  specific  objective  of  analyzing  the 
applicability  of  the  film-induced  cleavage  mechanism  of  crack  prop¬ 
agation.  It  was  concluded  that  this  was  the  most  likely  mechanism  for 
transgranular  cracking  of  austenitic  stainless  steels  in  chloride  and, 
possibly,  hydroxide  solutions.  An  interesting  hypothesis  was  intro¬ 
duced  for  the  effect  of  nitrogen  and  phosphorous  alloying  additions 
on  cracking  susceptibility  in  terms  of  refining  the  porosity  of  the 
dealloyed  layer  and  hence,  the  ease  of  film  cleavage.  The  authors 
stressed  that  the  evidence  for  a  dealloyed  (nickel-enriched)  layer  at 
the  crack  tip  was  not  conclusive  because  of  the  masking  effect  of  the 
corrosion  product  on  its  surface,  however,  some  preliminary  evi¬ 
dence  for  the  existence  of  such  a  nickel-enriched  film  was  presented 
based  on  analytical  electron  microscopy. 

It  is  concluded  that  slip  dissolution  is  the  most  likely  mechanism 
for  intergranular  cracking  of  sensitized  stainless  steels  and  nickel- 
base  alloys  in  oxygenated  high-temperature  water  and  sulfur-bearing 
solutions,  with  an  additive  grain-boundary  mechanical  fracture  com¬ 
ponent  in  the  latter  case.  The  possibility  of  hydrogen  embrittlement 
was  acknowledged  to  be  a  possible  mechanism  for  nickel-base 
alloys  in,  for  example,  hydrogenated  high-temperature  water. 

The  overall  conclusion  from  this  session  on  the  environmentally 
assisted  cracking  of  low  alloy  and  ferritic,  martensitic,  and  austenitic 
steels  is  that  progress  is  continuing  to  be  made  not  only  on  the 
validation  of  the  mechanisms  of  cracking,  but,  just  as  importantly,  on 
the  practical  use  of  such  knowledge.  Although  some  significant 
problems  remain  ir.  the  detailed  quantification  of  the  mechanisms 
(especially  in  the  hydrogen  embrittlement  models),  there  is  certainly 
sufficient  knowledge  available  for  the  engineer  to  assess  the  relative 
danger  of  cracking  in  the  given  system,  provided  the  relevant 
parameters  in  that  system  are  defined.  Indeed,  in  some  systems 
(e.g.,  the  austenitic  stainless  steel  high  temperature  water  system), 
this  mechanistically  based  knowledge  is  sufficient  to  give  specific 
quantitative  predictions  of  plant  performance. 
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Low-Alloy  Iron-Base  Alloys(A) 

T.  Murata* 


Abstract 

Stress  corrosion  cracking  (SCC)  of  low-alloy  iron-base  alloys 
was  reviewed  to  make  a  clear  picture  of  SCC  in  terms  of  initiation  and 
propagation  processes  in  which  the  operating  mechanism  changes 
with  their  progress.  The  emphasis  was  placed  on  (1)  the  stability  ot 
surface  films  as  corrosion  products,  and  (2)  the  role  of  stresses  in 
localizing  corrosion  reactions,  and  also  accelerating  crack  propaga¬ 
tion  through  field  failures  of  low-alloy  iron-base  alloys  that  covered,  in 
the  review,  low-alloyed  steels  with  tensile  strength  less  than  50 
kg/mm2. 

Issues  involved  in  the  evaluation  of  the  susceptibility  of  tow-alloy 
iron-base  alloys  in  various  environments  were  presented .  (1 )  require¬ 
ment  for  sample  size,  (2)  surface  of  a  sample  to  volume  of  a  solution 
ratio  in  simulating  field  failures  due  to  SCC,  (3)  stochastic  approach 
to  apparently  random  occurrences  of  localized  corrosion  and  related 
SCC,  (4)  role  of  stress  state  and  strains,  (5)  competitiveness  of  two 
basic  mechanisms;  active  path  corrosion  (APC)  and  hydrogen- 
induced  cracking  (HIC)  in  certain  alloy-environment  systems,  (6) 
local  chemistry  of  a  chosen  environment,  (7)  interrelationships 
between  SCC  and  corrosion  fatigue. 

The  guidelines  for  designing  the  chemistry  and  microstructures 
of  low-alloy  iron-base  alloys  highly  resistant  to  environment-induced 
cracking,  which  includes  APC  as  well  as  HIC,  were  discussed. 

Finally,  the  issues  to  be  resolved  were  presented  from  the 
viewpoints  of  basic  research,  using  for  example  the  role  of  a  thin 
water  layer  present  at  the  reacting  steel  surface,  and  applied 
research  such  as  the  design  criteria  for  attaining  reliability  of 
structures. 

Discussion 

F.P.  Ford  (General  Electric  R&D  Center,  USA);  I  would  like  to 
hypothesize  that  the  instant  the  surface  film  is  ruptured  (i  e ,  strain  - 
t0~3),  crack  propagation  starts  (at  least  in  ductile  alloy/aqueoi's 
environment  systems).  After  all,  most  cracking  mechanisms  involve 
metal  and  water  alone;  aggressive  anions  are  not  required 

The  time  it  takes  for  the  crack  to  reach  an  observable  depth  is 
arbitrarily  called  the  "initiation"  time.  Thus  the  effect  of  pits,  for 
instance,  is  merely  to  create  a  localized  environment  that  increases 
the  propagation  rate  in  this  "initiation"  period.  Such  an  hypothesis,  if 
correct,  puts  the  semantic  division  between  initiation  and  propagation 
into  proper  perspective  and  may  reduce  the  amount  of  divisive  effort 
applied  to  these  two  areas.  Can  you  comment  on  this  idea’ 

T.  Murata:  During  field  exposure  tests  of  low-carbon  structural 
steel  to  coke  over  gas-liquid  for  24  months,  the  nucleation  of  localized 
cprrosion  and  the  initiation  of  cracks  in  relation  to  the  localized 
corrosion  have  been  studied  with  time.  The  results  clearly  ndicate 
that  no  crack  initiated  before  the  size  of  localized  corrosion  (e.g.,  pits) 
met  certain  geometric  conditions,  suggesting  not  only  the  local 

<AlThe  written  version  of  this  presentation  was  not  available  for 
inclusion  in  the  proceedings.  The  abstract  has  therefore  been 
included,  along  with  the  discussion  that  followed  the  presentation. 
•Nippon  Steel  Corporation,  6-3,  Otemachi  2-chome,  Chiyoda-ku, 
Tokyo,  100-71  Japan. 


solution  but  the  localized  strain  rate  of  some  level  or  stress  intensity 
at  the  growing  pits  are  key  parameters  for  the  initiation  of  cracks.  The 
geometry  of  the  pits  in  this  case  is  not  circular  at  free  surfaces,  but 
elongated  with  their  major  axes  perpendicular  to  the  tensile  axis.  As 
you  hypothesized,  it  may  not  be  wise  to  separate  the  process  for 
strain-assisted  pitting  from  that  for  cracking,  since  they  are  clearly 
different  in  their  morphology,  and  the  "acidified  solution”  is  an 
insufficient  condition  for  SCC  to  initiate. 

R.P.  Gangloff  (University  of  Virginia,  USA):  I  would  like  to 
comment  on  Ford’s  contention  that  an  environmental  fatigue  crack 
begins  to  propagate  at  time  or  cycles  equal  to  zero  For  corrosion 
fatigue  of  ferritic  steels  in  aqueous  chloride  solutions,  early  work  by 
Duquette  and  Uhiig  [Trans.  ASM  62(1969):  p  839),  coupled  with  our 
studies  of  micro-notch  initiation,  small  crack  growth,  and  conven¬ 
tional  fracture  mechanics  specimens,  leads  to  the  conclusion  that 
failure  involves  sequential  cyclic  deformation  and  crack  propagation 
damage.  Specifically,  anodically  stimulated  surface  deformation  is 
attenuated  by  cathodic  polarization  below  a  threshold  anodic  current; 
failure  life  is  greatly  extended  for  smooth  and  micro-notched  speci¬ 
mens;  the  latter  simulating  pits.  In  contrast,  rates  of  propagation  for 
cracks  sized  above  about  25  p.m  are  enhanced  by  cathodic  polar¬ 
ization.  This  deleterious  environmental  effect  is  modeled  based  on 
hydrogen  production  and  embrittlement,  as  discussed  in  my  review  at 
this  conference. 

While  one  is  semantically  safe  in  arguing  for  continued— but 
resolvable— crack  propagation,  I  believe  that  it  is  more  rational  to 
examine  the  stages  of  initiation  and  small  to  long  crack  growth  as 
separate  processes.  Eventually,  a  coupled  model  will  emerge  to 
properly  connect  each  stage  of  failure.  Pitting  is  a  complication  that 
can  be  viewed  within  this  framework. 

R.C.  Newman  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  Your  slides  seemed  to  show  data  (or 
was  this  a  predictionrextrapolation)  indicating  SCC  of  carbon  steel  in 
SO^C  water.  Is  this  not  intergranular  cracking  of  an  alloy  steel? 

F.P.  Ford:  I  would  like  to  help  answer  Newman's  question, 
since  I  think  the  data  referred  to  are  mine.  These  were  obtained  using 
slow-strain-rate  testing  in  high-purity  water  on  SA333  grade  carbon 
steel  (Ford,  EPRI  Report  HD  2406,  "Base  Environmental  Cracking 
Margins  for  Carbon  Steel  Piping,"  May  1982,  p.  2-1).  Transgranular 
cracking  was  observed  in  the  higher-temperature  regions  (greater 
than  200°C).  In  the  lower-temperatu’c  regime,  this  cracking  was 
counteracted  by  pitting— especially  with  oxygen  contents  in  waters  of 
more  than  1  ppm— that  essentially  prevented  crack  propagation  at 
50'C.  This  general  trend  of  transgranular  cracking  susceptibility  with 
o,  /gen/temperature  combinations  has  been  supported  by  other  data 
of  Indig  (Indig,  ibid.,  p.  1-1)  and  Mizuno  and  Pedneker  (EPRI 
Progress  Report  on  Project  T115-5,  December,  1980),  for  example. 

T.  Murata:  The  precise  environmental  conditions,  such  as  the 
content  of  dissolved  oxygen,  are  critical  in  addressing  this  type  of 
question.  So  far,  SCC  in  water  has  only  been  postulated  under  slow- 
strain-rate  test  conditions  at  high  temperatures.  I  would  expect 
shallow  localized  corrosion  at  504C  rather  than  SCC 

B.  Cox  (Atomic  Energy  of  Canada,  Ltd.,  Canada):  In  re¬ 
sponse  to  Ford’s  comment  on  pits  nucleating  cracks,  I  can  offer  an 
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example  of  the  reverse.  In  the  iodine-induced  SCC  of  the  Zircaloys,f 
v/e  deluded  ourselves  for  a  long  time  into  the  belief  that  cracks 
initiated  at  pits,  because  v/e  commonly  saw  them  in  association. 
When  we  eventually  sorted  out  the  chemistry  of  crack  initiation,  we 
found  that  the  transgranular  cracks  initiated  immediately  the  stress 
was  applied  (no  incubation  time),  and  the  crack  in  the  protective 
oxide  provided  an  ideal  site  for  small  pits  to  develop.  Thus,  in  this 
system  the  crack  initiates  first  and  the  pits  form  subsequently  at  the 
crack  site,  thus  guaranteeing  the  observed  association  between  pits 
and  cracks. 

R.W.  Staehle  (University  of  Minnesota,  USA):  It  seems  that 
there  are  four  cases  related  to  pitting  and  SCC:  (1)  pits,  (2)  cracks, 
(3)  pits  and  cracks,  and  (4)  pits  initiate  cracks.  All  four  cases  have 
been  demonstrated.  Next,  there  are  two  cases  for  stress/strain 
interaction  to  change  the  morphology  One  is  Murata’s  demonstration 
of  elongated  pits  influenced  by  strain.  The  second  is  Speidel's 
observation  (private  communication)  that  the  stress  causes  pits  to 
elongate  and  sharpen. 

T.  Murata:  It  may  be  important  to  observe  the  correlation 
between  pitting  and  SCC  in  terms  of  the  time  scale,  to  clarify  the 
mechanistic  aspects.  In  dealing  with  multiple  issues  in  localized 
corrosion  within  a  given  metal-environment  system,  we  need  to  use 
a  stochastic  approach  to  connect  micro-phenomena  with  macro¬ 
phenomena. 

R.H.  Jones  (Pacific  Northwest  Laboratories,  USA):  Early 
work  on  intergranular  SCC  of  iron  in  calcium  nitrite  indicated  that 
carbides  were  necessary  for  crack  growth.  In  recent  work  at  our 
laboratories,  we  have  observed  rapid  crack  growth  (10~2  mm/s) 
without  carbides,  but  with  both  high  sulfur  and  phosphorus  segrega¬ 
tion.  I  would  appreciate  your  comment  regarding  the  role  of  carbon  in 
intergranular  SCC  of  iron  and  your  understanding  of  those  processes 
that  may  account  for  such  rapid  crack  velocities. 

T.  Murata:  What  we  have  observed  is  the  preferential  dissolu¬ 
tion  at  high  angle  boundaries,  including  the  interface  between  the 
matrix  and  pearlitic  phase,  where  the  segregation  of  interstitial 
elements  (C,N)  and  solutes  of  low  solubility  are  expected.  However, 
the  reason  for  preferential  anodic  dissolution  due  to  those  elements 
has  not  been  clarified,  except  for  the  acceleration  of  proton  discharge 
reactions  by  segregated  phosphorus  in  acidified  solutions.  The  very 
high  propagation  rate  of  cracks  cannot  simply  be  explained  by  anodic 
dissolution.  I  wonder  if  the  steel  had  been  heated  by  chance  into  the 
temperature  zone  where  phosphorus  can  segregate  to  grain  bound¬ 
aries,  weakening  their  cohesive  strength.  When  the  carbon  steel  has 
the  propensity  to  temper  embrittlement,  cracks  readily  proceed  in  the 
presence  of  hydrogen,  particularly  in  high-strength  steels.  In  discuss¬ 
ing  intergranular  SCC,  deformation  properties  of  grain  and  gram- 
boundary  areas  have  to  be  considered,  in  addition  to  grain-boundary 
chemistry. 

R.N.  Parkins  (University  of  Newcastle  upon  Tyne,  UK): 
99.999%  iron,  from  which  the  carbon  and  nitrogen  have  been 
removed,  will  not  fail  by  intergranular  SCC  in  the  slow-strain-rate  test 
in  carbonate/bicarbonate  solution.  However,  the  addition  of  carbon, 
nitrogen,  or  phosphorus,  separately,  to  such  iron  all  cause  intergran¬ 
ular  SCC  to  be  displayed.  So  carbon  is  not  necessary,  and  of  those 
elements  mentioned,  nitrogen  has  the  most  deleterious  effect  (or 
equivalent  concentrations,  I  have  difficulty  in  imagining  that  the 
effects  of  those  three  elements  are  all  related  simply  to  electrochem¬ 
ical  effects  and  segregation  to  grain  boundaries.  Perhaps  they 
influence  grain-boundary  deformation. 

I  also  have  a  comment  on  the  effect  of  phosphorus  in  promoting 
intergranular  SCC  in  a  nitrate  solution  at  a  crack  velocity  of  about 
1 0’2  mm/s,  well  beyond  any  crack  velocity  that  could  be  explained  by 
a  dissolution-controlled  mechanism.  Assuming  that  phosphorus  does 
not  enhance  the  local  dissolution  rate  beyond  that  measured  for  iron 
in  that  solution,  I  suggest  that  the  dissolution-related  crack  growth  is 
enhanced  by  some  mechanical  contribution. 

R.H.  Jones:  I  agree  that  mechanical  fracture  is  a  viable 
explanation  for  the  fast  crack  growth  observed  in  iron  with  impurity 
segregation  to  grain  boundaries.  However,  for  the  iron  with  0.3 
monolayers  (0.6  at  grain  boundaries)  of  phosphorus,  intergranular 
crack  growth  could  not  bo  promoted  at  cathodic  potentials  in  1  N 
sulfuric  acid.  Therefore,  some  explanation  other  than  impurity- 
induced  decohesion  or  hydrogen-induced  crack  growth  (the  calcium 
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nitrate  tests  were  conducted  at  +750  mV— well  above  the  hydrogen 
line)  is  needed  to  explain  those  results.  A  localized  corrosion- 
produced  sharp  crack  geometry  may  be  a  factor,  but  the  conditions 
must  be  more  severe  than  those  produced  by  cathodic  polarization. 

R.A.  Oriani  (University  of  Minnesota,  USA):  Could  you 
please  describe  in  more  detail  the  experiments  with  the  Devanathan- 
Stachurski  cell  [Proc.  Roy.  Soc.  A  270(1962):  p.  90;  J.  Electrochem. 
Soc.  1 1 1  (1 964).  p.  61 9]  using  thin  electrolyte  layers  at  the  input  side? 
Specifically,  was  the  pH  measured  or  only  inferred  from  the  perme¬ 
ation  measurements?  Was  the  chemistry  of  the  corrosion  products 
different  in  the  thin-layer  experiments,  from  that  in  ordinary  deep- 
layer  experiments?  Did  solid  corrosion  product  prevent  hydrogen 
input  into  the  steel? 

T.  Murata:  The  local  pH  at  corroding  surfaces  can  be  estimated 
from  the  steady-state  hydrogen  permeation  rate  and  the  relationship 
between  pH  and  AJ,  since  the  initial  pH  change  is  limited  to 
electrolyte  next  to  the  iron  surface.  Corrosion  products  in  a  thin 
electrolyte  film  are  much  different  from  those  formed  in  bulk 
electrolyte;  they  have  a  very  fine  morphology.  The  pH  at  the  interface 
in  a  thin  electrolyte  deviates  slightly  from  one  place  to  another 
throughout  the  corroding  surfaces,  due  primarily  to  the  local  hy¬ 
drolysis  of  ferrous  ions  and  the  reduction  reaction  of  dissolved 
oxygen.  (See,  for  example,  Sato  and  Murata,  CORROSION/88, 
paper  no.  192  (Houston,  TX:  NACE,  1988).) 

The  points  to  be  made  here  are  (1)  acceleration  of  localized 
corrosion  and,  thereby,  (2)  acidification  in  the  presence  of  a  thin 
electrolyte  or  water  layer. 

A.  Atrens  (University  of  Queensland,  Australia):  You  mea¬ 
sured  low  pH  values  at  the  surface  for  iron  corrosion  in  the  water 
layers  Would  you  tell  us  the  implication  of  this  observation  for  iron 
immersed  in  bulk  water? 

T.  Murata:  Quite  often  in  engineering  service  conditions,  thin 
water  layers  under  deposits  or  equivalent  stagnant  environments 
exist  where  the  distribution  ot  solution  chemistry  different  from  the 
bulk  prevails,  and  the  propensity  for  localized  corrosion  is  high.  Our 
experiments  also  su  ,gest  that  cyclic  wet  and  dry  conditions  accel¬ 
erate  the  local  acidification,  thereby  indicating  that  the  stimulation  in 
the  thin  water  layer  accelerates  localized  corrosion. 

B. G.  Pound  (SRI  International,  USA):  Your  hydrogen  perme¬ 
ation  experiments  with  the  cotton  cloth  showed  some  delay  time  aftei 
wetting  You  attributed  this  delay  to  be  associated  with  a  decrease  in 
pH  on  the  side  of  the  cotton  cloth  How  do  you  distinguish  this  effect 
from  the  "normal"  lag  time  required  for  hydrogen  to  appear  on  the 
oxidation  side  of  the  membrane? 

T.  Murata:  We  have  conducted  the  hydrogen-permeation 
experiments  using  solutions  with  different  pHs,  identitymg  the  lead 
time  for  permeation  to  be  measured.  Since  we  used  a  neutral 
solution,  some  time  period  was  required  in  addition  tor  acidification. 
Your  point  is  well  taken. 

Y.-C.  Chen  (Materials  Research  Laboratories,  ITRI,  Repub¬ 
lic  of  China):  What  was  the  temperature  range  ot  your  coke  oven  gas 
(COG)  runner  system?  To  my  knowledge,  Prussian  Blue  is  a  very 
important  corrosion  product  in  the  COG  distribution  line.  I  do  not 
know  why  it  is  not  listed  in  your  test.  Can  you  explain  it?  When  taking 
a  COG  correlated  test,  1  found  hydrogen  sulfide  can  ruin  the  passivity 
of  the  Prussian  Blue  film  by  the  formation  of  SCN  .  Maybe  this  is  the 
reason  for  pitting  formation.  What  Is  your  comment? 

T.  Murata:  The  temperature  of  our  system  was  typically  (rom  40 
to  80°C.  As  to  the  corrosion  products  in  this  particular  environment, 
we  found  a  mixture  of  several  compounds,  including  a  variety  of 
hydroxides  and  oxides  of  ircn,  with  magnetite  being  dominant.  At  the 
later  stages  of  COG  treatment,  where  desulfurization  is  carried  out, 
SCN  becomes  prominent.  Generally  speaking,  the  coexistence  ot 
hydrogen  sulfide  and  chloride,  or  hydrogen  sulfide  and  SCN 
depassivates  the  resistant  steels,  such  as  stainless  steels,  leading  to 
pitting.  However,  Prussian  Blue  is  negligible  in  our  system,  and  pitting 
of  low  alloys  is  accelerated  by  chloride  in  this  case.  At  temperatures 
higher  than  60°C,  sulfide  formation  becomes  stifled. 

It  is  important  (or  us  now  to  see  the  environmental  variation  Irom 
one  site  to  another,  depending  on  the  kind  of  coal  and  process 
conditions,  e.g.,  content  of  sulfur  in  coal  and  the  desulfurization 
process.  Please  bear  in  mind  that  the  pits  discussed  here  are  quite 
different  from  those  observed  in  stainless  steels,  for  example,  in  that 
the  depth/opening  ratio  is  rather  small. 
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Hydrogen  Effects  in  High-Strength  Steels 

ft.  A  Oriani* 


Abstract 

The  full  understanding  of  the  embrittlement  of  high-strength  steels  by  hydrogen,  and  indeed  of  any 
metallic  alloy,  may  be  subdivided  into  two  parts:  (1)  understanding  the  basic  mechanism(s)  of  the 
intrinsic  embrittling  action  of  hydrogen  and  how  various  microstructural  features  modulate  that 
mechanism,  and  (2)  formulating  the  kinetics  of  cracking  to  consider  microstructure  and  alloy 
composition,  stress  state,  temperature,  and  source  of  the  hydrogen.  This  goal  is  still  very  distant.  After 
distinguishing  between  thermodynamic  arguments  about  the  reduction  of  the  driving  force  by  adsorption 
and  mechanisms  that  describe  the  path  of  the  reaction,  the  decohesion  and  the  localized  plasticity 
models  are  described  and  the  literature  is  examined  for  experimental  and  theoretical  work  in  support 
of  each.  It  is  concluded  that  the  two  mechanisms  are  not  competitive  but  complementary,  both  being 
manifestations  of  metal-metal  bond  v/eakenmg  by  hydrogen.  The  principal  future  task  is  to  understand 
what  circumstances  control  which  manifestation  will  predominate  in  any  one  specific  case.  Recent 
kinetic  models  are  examined  to  display  their  underlying  assumptions.  The  majority  of  these  models  deal 
only  with  Stage  II  cracking  and  emulate  the  experimental  dome-shaped  curve  of  crack  velocity  vs 
reciprocal  temperature  by  functions  that  represent  a  variety  of  temperature-dependent  physical 
processes,  but  that  do  not  incorporate  any  specific  embrittling  mechanism.  The  difficulties  impeding  a 
complete  kinetic  treatment  are  immense,  not  the  least  of  which  is  posed  by  the  bimodality  of  crack 
propagation. 


Introduction 

This  review  is  concerned  with  the  relatively  small  number  of 
published  investigations  the  aim  of  which  is  to  shed  light  on  the 
intrinsic  action  of  hydrogen  that  embrittles  a  high-strengih  steel  or  on 
the  mechanisms  controlling  the  rate  of  crack  propagation.  It  endeav¬ 
ors  to  bring  up  to  date  the  earlier  reviews  of  the  author ' 2  It  does  not 
deal  with  stress  corrosion  cracking  or  with  cyclic  stress  applied  in 
hydrogenating  environments,  because  the  additional  complexities  of 
these  phenomena  render  it  extremely  difficult  to  extract  any  insight 
from  the  measurements  as  to  the  basic  embrittling  mechanisms  of 
hydrogen.  The  kinds  of  insight  for  which  the  literature  Is  scrutinized 
are  those  that  would  allow  one  to  calculate  the  rate  of  crack 
propagation  (not  curve  fit)  as  a  function  of  hydrogen  fugacity  in  the 
environment  or  of  precharged  hydrogen  content,  and  as  a  function  of 
steel  composition,  microstructure,  yield  strength,  and  temperature. 
One  would  also  like  ‘o  understand  the  choice  of  crack  path,  as  well 
as  why  hydrogen  gas  and  chlorine  gas3  embrittle  steel  but  oxygon 
gas  does  not.  It  is  clear  that  these  goals  are  far  from  being  achieved. 

In  this  paper,  a  brief  reviow  is  presented  of  the  current  thought 
on  the  mechanisms  by  which  hydrogen  embrittles  steels,  as  well  as 
of  the  works  that  tend  to  support  one  or  another  point  of  view.  A 
synthesis  of  mechanisms  is  presented.  Various  models  for  the 
kinetics  of  crack  propagation  for  static  or  monotonic  loading  are  then 
discussed.  Finally,  some  remarks  directing  attention  to  fruitful  ap¬ 
proaches  are  offered. 
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The  Intrinsic  Embrittling  Action 
of  Hydrogen  in  Steels 

It  should  be  abundantly  clear  that  using  high-fugacity  hydrogen, 
such  as  is  produced  by  cathodic  charging  from  acid  solutions,  or  by 
gaseous  ionized  or  atomic  hydrogen,  is  not  the  appropriate  way  to 
develop  experimental  information  whereby  to  develop  an  understand¬ 
ing  of  the  intrinsic  or  basic  embrittling  action  of  hydrogen.  One  reason 
is  that  such  hydrogen  precipitates  within  pre-existing  microvoids  and 
microcracks  in  the  steel  to  produce  molecular  hydrogen  at  very  high 
pressures,  which  generates  not  only  internal  stresses  in  addition  to 
the  externally  applied  and  measured  stress,  but  also  much  plastic 
deformation.  This  phenomenon  is  addressed  by  the  Zapffe-Sims 
idea4  for  the  mechanism  of  hydrogen  embrittlement.  Another  reason 
is  that  the  input  diffusion  flux  itself  generates  much  plastic  deforma¬ 
tion  and  even  cracking,5  6  thereby  changing  the  response  of  the  steel. 
For  the  purpose  of  developing  understanding,  hydrogen  should  be 
applied  that  has  a  fugacity  corresponding  only  to  a  pressure  equal  to 
a  small  fraction  of  the  yield  strength  of  the  steel. 

Two  other  points  have  been  made  in  previous  reviews1'2  but 
appear  to  be  worth  repeating.  The  first  point  is  that  measurements  of 
the  time  of  delayed  fracture  or  of  the  rates  of  crack  propagation 
cannot  by  themselves  provide  information  on  the  basic  embrittling 
mechanism  of  hydrogen.  In  support  ol  this  statement,  it  should  suffice 
to  point  out  that  kinetic  measurements  can  at  best  give  quantitative 
Information  relative  only  to  the  kinelically  controlling  step  in  the 
sequence  of  processes  from  the  source  of  the  hydrogen  to  the 
location  of  the  critical  embrittling  action. 

The  second  point  has  to  do  with  the  distinction  between  a 
thermodynamic  argument  and  a  mechanistic  one.  It  is  customary  to 
use  the  rate  of  reduction  of  free  energy  of  a  system  with  unit  advance 
of  a  process  as  a  measure  of  the  driving  force  for  that  process.  The 
reduction  of  the  surface  free  energy  i y /  of  a  crack  surface  by 
adsorbed  hydrogen  is  an  example  of  the  modification  of  the  driving 
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force  for  a  process,  in  this  case  for  crack  propagation.  As  such,  this 
effect  of  hydrogen  does  not  constitute  a  mechanism  for  crack 
propagation,  because  there  is  no  specification  of  the  path  by  which 
a  region  of  a  body  becomes  surface,  nor  of  the  role  of  hydrogen  in 
that  path.  Couching7  the  reduction  of  y  in  terms  of  the  Griffith  criterion 
(itself  a  thermodynamic  argument)  for  the  fully  elastic  body  renders 
it  somewhat  more  mechanistic  because  what  is  implied  is  the  colinear 
separation  of  atoms,  thereby  excluding  any  other  means  for  gener¬ 
ating  a  surface.  Nevertheless,  it  is  still  far  short  of  a  full-fledged 
mechanism  because,  by  only  comparing  the  postpropagation  to  the 
initial  state,  the  Petch-Stables  formulation  does  not  attempt  to 
describe  the  detailed  role  of  hydrogen  in  facilitating  the  advance  of 
the  crack.  Thus,  it  is  incapable  of  addressing  the  question  of  why 
gaseous  oxygen  does  not  embrittle  steel,  whereas  gaseous  hydro¬ 
gen  and  chlorine'5  do,  recognizing  that  both  oxygen  and  chlorine 
decrease  y  of  iron  more  than  hydrogen  does. 

The  decohesion  model 

The  decohesion  model8"'3  for  hydrogen  embrittlement  of  steels 
is  consistent  with  the  Petch-Stables  formulation  but  is  more  mecha¬ 
nistic  in  that  it  specifies  the  role  of  hydrogen  in  reducing  the  stress 
necessary  to  drive  a  crack.  It  supposes  that  atomically  dissolved 
hydrogen  at  high  local  concentrations,  whether  in  normal  lattice, 
grain  boundaries,  or  interphase  boundaries,  lowers  the  local,  maxi¬ 
mum  cohesive  force  (Fm)  against  the  colinear  separation  of  the  metal 
atoms.  In  addition  to  the  concentrating  effect  of  energy-rich  sites  such 
as  internal  interfaces,  the  externally  applied  tensile  force  locally 
magnified  by  the  intensification  factor  represented  by  the  crack-tip 
geometry  enhances  the  local  dissolved  hydrogen  concentration  via 
the  dependence  of  the  thermodynamic  chemical  potential  on  stress. ,4 
The  crack-tip  radius  of  curvature  is  controlled  by  the  plasticity,  itself 
modified  by  hydrogen, 12  of  the  region  of  the  body  near  the  crack  tip. 
This  is  the  point  of  view  of  the  decohesion  model  for  high-strength 
steels  It  was  extended'-15  to  lower-strength  steels  by  recognizing 
that  very  large  stresses  can  be  generated  by  the  operation  of 
inhomogeneous  plastic  deformation.  The  decohesive  action  of  hy¬ 
drogen  will  take  place  wherever  sufficiently  high  tensile  stresses 
occur,  consistent  with  the  local  hydrogen  concentration,  such  that  the 
local  tensile  stresses  rise  to  equal  the  hydrogen-decreased,  maxi¬ 
mum  local  cohesive  force  The  decohesion  model  postulated  that  Fm 
is  lowered  by  hydrogen  but  did  not  attempt  to  provide  an  explanation 
for  that  effect. 

The  localized-slip  model 

The  localized-slip  model  is  consistent  with  the  lowering  of  y  by 
hydrogen,  but  not  with  the  Petch-Stables-Grilfith  formulation. 
Beachem'®  first  suggested,  on  the  basis  of  metallographic  observa¬ 
tions.  that  hydrogen  enhances  localized  plasticity  and  thereby  lowers 
the  energy  required  for  crack  propagation  by  slip.  Lynch'7-18  later 
reinforced  Beachem's  Idea,  also  on  the  basis  of  metallographic 
observations.  Ho  demonstrated  the  great  similarity  between  the 
fractography  of  hydrogen  embrittlement  and  that  ol  liquid  metal 
embrittlement  (LME),  from  which,  believing  in  the  inability  of  the  liquid 
metal  to  penetrate  in  the  times  involved  beyond  the  surface  at  the 
crack  tip,  he  argued  that  the  deleterious  action  of  hydrogen  is  also 
immediately  at  the  crack  tip.  In  this,  the  localized-slip  model  is  similar 
to  the  decohesion  model  applied  to  high-strength  steels  subjected  to 
external  hydrogen  supplied  to  the  crack  tip,  The  enhanced-slip  model 
has  not  been  made  semiquantitative,  so  it  is  not  possible  to  use  it  to 
describe  an  experimental  curve  of  threshold  stress-intensity  param¬ 
eter  (K)  vs  hydrogen  gas  pressure,  as  has  been  done  with  the 
decohesion  model.'920 

Phase  transformation  mechanisms 

Hydrogen  can  take  part  in,  or  can  cause  to  occur,  various  phase 
transformations  in  metals.  Reference  has  already  been  made  to  the 
precipitation  of  molecular  hydrogen  gas  of  very  high  pressures  within 
microcavities  in  steels  from  atomically  dissolved  hydrogen  at  very 


high  activities.  Hydrogen  can  also  combine  with  many  metals  to  form 
hydrides,  especially  in  the  tensile  stress  field  ahead  of  a  stressed 
crack.2'-22  The  hydrides  have  metallic  characteristics  and  are  often 
brittle,  which  may  be  a  manifestation  of  decohesion,  so  that  the  crack 
easily  propagates  by  cleavage  through  the  hydride.  Whereas  this 
occurs  with  metals  such  as  niobium,  vanadium,  and  zirconium, 
high-strength  steels  do  not  show  hydride  formation. 

Unstable  austenitic  stainless  steels  can  partially  transform  to 
brittle  phases  such  as  martensite  and  c-phase.23-24  Charging  in  of 
high-fugacity  hydrogen  causes  lattice  strains  that  induce  such  phase 
generation.  Again,  this  is  not  a  phenomenon  that  is  found  in 
high-strength  steels. 

Hydrogen  can  also  react  with  other  solutes  in  metals  to  produce 
mechanically  deleterious  results.  Dissolved  oxygen  in  copper  can  be 
reduced  to  water  vapor  at  moderately  high  temperatures.  Dissolved 
carbon  and  the  carbon  in  carbides  in  steels  can  be  converted  by 
hydrogen  to  methane  within  pre-existing  microvoids.  The  microvoids 
grow  by  grain-boundary  diffusion  of  the  iron  atoms  and  weaken  the 
steel 25  Because  this  "hydrogen  attack”  occurs  only  at  moderately 
high  temperatures  (200  to  400°C),  it  is  not  considered  hydrogen 
embrittlement  in  the  sense  used  in  this  paper,  and  will  not  be 
discussed  further. 


Literature  support  for  the  decohesion  mechanism 

An  immediate  prediction  of  the  decohesion  model  was12  that 
there  should  exist,  for  a  given  high-strength  steel,  a  threshold  stress- 
intensity  parameter  (K)  for  any  one  hydrogen  gas  pressure,  and  also 
a  threshold  hydrogen  pressure  for  any  one  value  of  K,  below  which 
a  crack  will  not  propagate.  This  prediction  was  confirmed  for  two 
kinds  of  high-strength  steels,2619  and  the  curve  of  threshold  pHj-K 
was  very  well  fitted  (Figure  1)  by  the  quantitative  development  of  the 
model.  The  main  concepts  that  entered  the  model  were  the  depen¬ 
dence  of  the  concentration  of  hydrogen  at  constant  thermodynamic 
activity  upon  the  state  of  stress,14  that  an  internal  interface  has  a 
larger  Sieverts  law  parameter  (because  of  the  binding  energy)  for 
hydrogen  than  does  the  normal  lattice,  that  the  crack  is  stressed  in 
Mode  I.  that  its  tip,  radius  is  controlled  by  plasticity  and  affects  the 
local  stress  through  Gilman's27  modification  of  the  Inglis  formulation, 
and  that,  consequently,  the  maximum  stress  state  and  hence  the 
decohesive  action  of  hydrogen  occurs  within  a  few  angstrom  units 
below  the  surface  at  the  crack  tip.  From  the  fitting  of  the  theoretical 
equation  to  the  experimental  data,  the  parameters  of  the  model  were 
evaluated  and  were  found  to  be  in  reasonable  agreement  with  the 
premises  of  the  model.  For  example,  the  magnitude  of  the  hydrostatic 
component  of  stress  was  calculated  to  increase  from  1/30  to  1/12  of 
the  Young’s  modulus  with  increasing  K,  the  ratio  of  stress-induced  to 
stress-free  concentration  attained  values  as  large  as  104,  and  the 
hydrogen-reduced  Fm  divided  by  the  hydrogen-free  maximum  cohe¬ 
sive  force  turned  out  to  be  between  0.2  and  0.4  and  increased  with 
increasing  K.  as  was  to  be  expected. 

Later  work20  modified  the  model  to  include  the  physically 
necessary  increase  of  tip  radius  with  increase  of  K.  This  enabled  the 
mode!  to  describe  a  hysteresis  found20  experimentally.  After  a 
decrease  of  K  that  caused  the  crack  to  arrest  under  a  specific 
hydrogen  gas  pressure,  to  restart  the  crack  it  was  necessary  to  apply 
a  larger  hydrogen  pressure  than  would  have  been  required  at  the 
same  K  attained  by  monotonically  increased  loading.  Furthermore, 
deductions  from  the  model  agreed  with  preliminary  measurements  of 
the  temperature  dependence  of  the  threshold  pressure-stress  inten¬ 
sity  curve. 20 

Following  this  initial  semiquantitative  success,  ..tany  investiga¬ 
tors  have  couched  their  thinking  and  interpreted  their  findings  in 
terms  of  the  decohesion  model.  Chief  among  these  have  been 
Gerberich28,29  and  MacMahon.30-31  The  former  established  threshold 
K  values  and  based  kinetic  formulations  on  kinetic  concepts  for  both 
static  and  cyclic  loadings.  The  latter  investigated  the  synsrgism 
between  hydrogen  and  impurities  segregated  at  grain  boundaries 
and  interpreted  the  results  as  additive  decohesive  phenomena. 
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FIGURE  1  —Experimental  data  (circles)  and  best  fit  (solid  line)  of 
decohesion  theory20  of  threshold  values  of  hydrogen  gas 
pressure  (p')  and  stress-intensity  parameter  (K)  for  type  4340 
(UNS  G43400)  heat  treated  to  a  yield  strength  of  1 720  MPa.  (T orr 
x  133  =  Pa;  ksiVlrT  x  1.10  =  MNitT3*).20 


Critical  investigations  that  can  be  used  to  test  the  validity  of  the 
decohesion  model  for  high-strength  steels,  and  indeed  for  any  alloy, 
are  scarce.  The  most  unambiguous  work  of  which  the  author  is  aware 
is  that  of  Vehoff  and  Rothe32  using  Fe-2.6%Si  alloy  and  aiso  nickel. 
With  single  crystals  oriented  with  respect  to  the  applied  stress,  so  that 
a  crack  can  propagate  under  monotonic  loading  by  alternate  activa¬ 
tion  of  two  slip  systems  intersecting  along  the  crack  front,  the 
minimum  crack  angle  is  equal  to  the  angle  between  the  two  sets  of 
active  slip  planes  when  the  crack  propagates  in  a  completely  ductile 
fashion.  Vehoff  and  Rothe  found  that  the  cracK  angle  decreased 
below  that  minimum  when  the  crack  was  propagated  in  a  hydrogen 
gas.  In  a  vacuum,  the  crack  angle  for  the  oriented  Fe-Si  single  crystal 
was  71.4  ,  the  minimum  value  for  the  orientation  used  for  propagation 
by  pure  alternating  slip.  For  propagation  in  1  atm  H2  gas,  the  crack 
angle  was  only  9'  ^Figure  2).  This  considerable  sharpening  was 
accompanied  by  more  rapid  cravK  propagation,  with  the  cracking  rate 
increasing  with  increasing  hydrogen  pressure. 

There  are  only  two  conceivable  physical  reasons  why  the  crack 
can  sharpen  below  the  angle  given  by  the  intersecting  slip  systems. 
The  additional  fracture  mechanism  could  be  hydrogen-aided  micro- 
void  formation  ahead  of  the  crack  tip  or  hydrogen-aided  cleavage 
(decohesion)  at  the  era*.*  tip.  Vehoff  and  Rothe,32  and  also  Lynch,33 
carefully  examined  the  fracture  surfaces  by  scanning  electron 
microscopy  with  and  without  replica  techniques,  ovidence  for  micro¬ 
voids  was  not  found.  In  addition,  with  Fe-Si  single  crystals,  the 
fracture  surfaces  always  coincided  locally  with  the  ilOOi  cleavage 
plane,  even  for  cases  when  that  plane  was  inclined  up  to  90  degrees 
from  the  tensile  axis.  Because  there  is  no  physical  mechanism  for 
microvoid  formation  on  [IOC)  pianos,  the  rrucrovuid  mechanism  lor 
sharpening  the  crack  angle  was  rejected.  This  leaves  hydrogen 
aided  decohosion  as  the  only  possible  additional  mechanism. 

Thus,  the  general  picture  from  this  work  is  that  m  Fe-Si  single 
crystals,  both  decohesion  and  alternating  slip  are  responsible  lor  the 
crack  propagation  in  hydrogen,  and  that  with  increasing  hydrogen 
pressure,  the  decohesion  mechanism  makes  an  increasing  contri¬ 
bution.  Furthermore,  the  results  of  suddenly  introducing  oxygen  gas 
into  the  environing  hydrogen  gas  enabled  Vehoff  and  Rothe32  to  infer 
that  the  decohesive  action  of  hydrogen  occurs  Just  below  the  crack  tip 
at  the  highly  elastically  strained  atomic  bonds,  and  led  them  to  doubt 
the  mechanistic  completeness  of  the  Fetch  Stables  adsorption  idea7 
for  understanding  hydrogen  embrittlement.  They  concluded  that 
oxygen  does  not  embrittle,  although  it  adsorbs  strongly,  because  its 
atoms  aro  too  large  to  enter  into  the  highly  strained  region  just  below 
the  crack  tip  surface.  These  Investigations  have  reached  conclusions 
identical  with  the  postulates  of  the  decohesion  theory.’7  ’3  Later  wurk 


by  Vehoff,  et  al.  (which  will  not  be  discussed  in  detail  here),34  on 
fatigue  crack  nucleation  at  grain  boundaries  in  nickel  bicrystals  led 
the  investigators  to  support  the  decohesion  model,  as  extended  by 
MacMahon,  to  segregated  grain  boundaries.3’ 
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FIGURE  2— Crack-tip  angle,  a,  right  ordinate,  and  an  (=  cotan 
cJ2),  left  ordinate,  vs  hydrogen  gas  pressure,  PHj,  for  a  crack 
advancing  in  a  single  crystal  of  Fe-2.6%Si  alloy  (Vehoff  and 
Rothe32). 

It  is  extremely  difficult  to  test  experimentally  the  basic  postulate 
of  the  decohesion  model,  that  Fm  is  decreased  by  large  concentra 
tions  of  hydrogen  In  this  connection,  it  is  important  to  realize  that 
electronic  interactions  among  metal  atoms  are  functions  of  interato¬ 
mic  spacing  For  example,  the  cohesive  force-interatomic  distance 
relationship  is  known  to  be  nonlinear.  It  should  not  be  expected, 
therefore,  that  one  can  predict  the  effect  of  hydrogen  in  solid  solution 
on  the  cohesive  force  at  interatomic  separations  comparable  to  those 
related  to  Fm  from  experiments  where  the  interatomic  excursions 
from  the  normal  lattice  parameter  are  very  small,  such  as  by 
measurements  of  the  effect  of  dissolved  hydrogen  on  elastic  mod¬ 
uli35-37  or  on  phonon  frequencies.3839  No  one  has  yet  been  able  to 
devise  an  unambiguous  experiment  to  measure  the  cohesive  force 
between  iron  atoms  with  which  a  very  large  hydrogen  concentration 
(on  the  order  of  H/Fe  ’  1  '10)  is  dissolved.  For  this  reason,  we  turn 
now  to  a  consideration  ol  theoretical  work  on  this  problem. 

Markworth  and  Holbrook4'’  used  two-body  potentials  in  com¬ 
puter  simulations  of  hydrogen  enhanced  fracture  from  which  they 
concluded  that  hydrogen  facilitates  the  cleavage  cracking  ol  iron,  i.e„ 
the  colinear  separation  of  the  iron  atoms.  An  approach  that  avoids  the 
use  of  unphysical  two  body  forces  is  that  of  Messmer  and  Bnant.41 
They  have  discussed  theirs  and  others  calculations  with  the  quan¬ 
tum  mechanical  cluster  method.  This  approach  has  demonstrated 
that  the  metal  metal  bonds  are  weakened  by  the  hydrogen  caused 
distortion  of  the  interstitial  site  that  is  occupied.  This  quantum 
mechanical  technique  has  so  far  been  applied  only  to  small  clusters 
(14  or  fewer)  of  atoms  because  of  calculational  difficulties. 

A  more  generally  applicable  theoretical  technique  is  the  em¬ 
bedded-atom  method.47  This  is  a  semiempincat,  quantum  mechan¬ 
ical  approach,  in  the  sense  that  experimental  information  is  used  to 
evaluate  the  parameters.  It  has  been  validated  by  its  successes  in 
calculating  surface  structure,  yiam-boundary  configurations  and 
energies,  and  dislocation  dynamics.  Calculations42  have  been  con¬ 
ducted  on  a  lattice  ul  muxel  containing  a  crack  bounded  by  Oil) 
planes,  with  and  without  dissolved  hydrogen  in  its  immediate 
neighborhood.  By  considering  stress  to  be  applied  normal  to  the  slip 
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directions  on  the  (111)  planes,  the  simulated  fracture  is  constrained 
to  be  brittle,  i  e  ,  to  propagate  by  the  colinear  rupture  of  atomic  bonds. 
The  embedded-atom  method  clearly  shows  that  hydrogen  lowers  the 
fracture  stress  of  nickel  (Figure  3).  Although  iron  has  not  yet  been 
explicitly  investigated  by  these  workers,  there  is  no  reason  to  expect 
a  qualitatively  different  result  for  iron. 


FIGURE  3— Stress-strain  curves  calculated  by  the  quantum- 
mechanical  embedded-atom  method.42  The  curve  labeled 
"perfect  material"  Is  crack  free  and  without  hydrogen.  That 
labeled  with  "crack"  Is  without  hydrogen,  whereas  the  adjacent 
curve  Is  for  material  with  a  similar  crack  with  dissolved  hydro¬ 
gen  on  the  crack  plane.  Note  that  hydrogen  lowers  the  applied 
stress  to  propagate  the  crack.  Hydrogen  as  a  hydride  lowers  the 
stress  even  more. 


In  contrast  to  Daw  and  Baskes,42  who  considered  the  effect  ol 
hydrogen  on  an  already  existing  internal  crack,  McMullen  and 
collaborators41  consider  the  separation  ol  a  crystal  into  two  halves  by 
allowing  interatomic  spacing  to  vary  at  only  one  crystallographic 
plane.  This  is  the  same  as  the  conceptual  experiment  by  which  the 
surface  free  energy  is  defined.44  The  calculation  is  conducted  with 
and  without  a  specified  number  of  hydrogen  atoms  on  the  plane  ol 
separation.  The  metal  atoms  are  not  allowed  to  undergo  surface 
relaxation  (i.e.,  surface  restructuring  is  not  permitted),  but  the 
hydrogen  atoms  are  permitted  to  seek  positions  of  minimum  energy 
as  the  interplanar  separation  is  increased. 

McMullen,  et  al.,  use  the  nonpairwise  force  model  ol  Daw  and  , 
Baskes  for  calculations  on  nickel,  and  that  of  Fmms  and  Sinclair4'  lor 
iron  that  comes  from  tight-binding  theory.  They  find  that  hydrogen 
reduces  the  maximum  cohesive  force  between  the  metal  atoms  ot 
Ca,  Sc,  Ti,  V,  Cr.  Mn,  Fo,  Co,  Ni,  and  Cu,  but  not  ol  potassium. 
Specifically,  a  local  hydrogen-to-metal  ratio  ol  1/8  for  nickel  reduces 
the  fracture  stress  by  12%  Irom  that  of  the  pure  nickel.  For  iron,  the 
fracture  [i.e.,  the  maximum  (Fm)  of  the  cohesive  force  as  modified  by 
hydrogen]  occurs  at  an  increase  ol  the  interatomic  separation  of  0.05 
nm.  which  is  a  strain  at  failure  ol  about  25%.  For  this  reason, 
McMullen,  et  al..  remark,  “It  is  not  correct  to  interpret  even  completely 
brittle  fracture  using  the  simple  (Griffith-like)  criterion  .  .  .  ."43  of 
reduction  of  the  surface  free  energy.  The  present  author  notes  that 
the  manner  of  these  calculations  is  very  similar  to  the  "gedanken 
experiment"  used'2  to  conceptualize  the  decohesion  model.  The  only 
difference  is  that  the  calculations  of  McMullen,  et  at.,  use  the 
unphysical  restriction  of  a  constant  number  of  hydrogen  atoms  al  the 
separating  piano,  whereas  the  decohesion  concept  is  that,  as  the 
interatomic  separation  (and  hence  the  cohesive  force)  increases,  the 
number  of  dissolved  hydrogen  atoms  at  the  separating  plane 
increases  by  accepting  hydrogen  from  the  rest  of  the  lattice  ot  from 
a  gas  phaso  in  order  to  maintain  the  chemical  potential  of  hydrogen 


constant.  It  should  be  clear  that  the  restriction  of  McMullen,  et  al., 
necessarily  reduces  the  calculated  decohesionmg  effect  of  hydrogen. 

Masuda-Jindo  has  calculated  the  cleavage  strength  of  vana¬ 
dium  and  of  body-centered  cubic  (bcc)  iron  with  and  without 
hydrogen. 4,5  He  has  applied  the  tight-binding  quantum  mechanical 
method  to  the  force  of  separating  the  metal  crystal  to  create  two  (001 ) 
crystal-plane  surfaces  without  surface  relaxation  or  reconstruction.  If 
cleavage  is  forced  to  occur  at  a  (001)  plane  immediately  adjacent  to 
a  plane  of  hydrogen  atoms  in  interstitial  positions,  it  is  found  that  the 
presence  of  hydrogen  decreases  the  maximum  force  for  the  colinear 
separation  of  the  vanadium  or  of  the  iron  atoms. 

I  conclude  that  the  basic  concept  of  the  decohesion  model —that 
hydrogen  decreases  the  cohesive  force  that  resists  the  colinear 
(cleavage)  separation  of  transition  metal  atoms— is  amply  supported 
by  modern  theoretical  investigations. 

Literature  support  for  the  localized-slip  model 

Both  Beachem’6  and  Lynch’7-'8  were  motivated  toward  the  idea 
of  highly  localized  (at  the  crack  tip)  slip  by  their  fractographic 
observations,  the  former  with  steels  and  the  latter  with  a  variety  of 
metallic  alloys  as  well  as  with  steels.  Lynch  was  additionally 
motivated  by  the  great  similarity  between  the  fractographic  features 
caused  by  hydrogen  and  those  caused  by  LME,  coupled  with  the 
alleged  inability  of  atoms  in  LME  to  penetrate  into  the  subsurface 
region  of  the  embrittled  metal.  In  seeking  accounts  of  critical 
experiments  in  support  of  the  localized-slip  mechanism  of  hydrogen 
embrittlement,  one  immediately  encounters  two  serious  difficulties  in 
the  case  of  steels.  The  first  is  that  the  majority  of  the  information  on 
the  effect  of  hydrogen  on  the  plastic  behavior  of  iron  alloys  and  steels 
has  to  do  with  the  overall  plasticity,  not  localized  at  a  crack  tip,  and 
the  effects  are  complex.  Whether  increased  or  decreased  plasticity 
results  from  exposure  to  hydrogen  depends  on  impurity  level  and 
temperature,’  whereas  the  localized-slip  model  is  presumed  to  be 
generally  relevant  to  all  ferrous  alloys.  The  second  difficulty  is  that  in 
many  of  the  literature  experiments,  hydrogen  of  high  fugacity  was 
unwittingly  used,  and  it  has  been  abundantly  demonstrated  that  its 
introduction  of  itself,  or  its  precipitation  as  H2  molecules  in  micro¬ 
voids,  can  cause  much  plastic  deformation.  These  considerations 
senously  reduce  the  literature  data  relevant  to  the  question  of  support 
for  the  localized-slip  model. 

Nakasato  and  Bernstein4’  observed  that  hydrogen  charging  of 
pure  iron  causes  cracking  along  the  [110]  slip  planes  rather  than 
along  the  usually  preferred  [100]  cleavage  planes.  This  observation 
may  serve  to  support  the  Beachem-Lynch  idea.  The  work  of  Inoue, 
et  al  ,4B  who  examined  the  characteristics  of  cracks  propagated  in 
impure  iron  by  transmission  electron  microscopy  (TEM),  does  not 
support  the  localized-slip  idea.  In  hydrogen-free  metal,  the  crack  was 
of  zig  zag  configuration,  with  the  straight  segments  along  the  traces 
of  [110],  [112],  and  [123]  planes,  which  are  slip  planes  in  bcc  iron. 
However,  after  ^athudic  charging,  the  crack  lay  along  traces  ot  1 1 12/ 
planes  and  was  fiee  of  zig  zag  steps.  These  observations  deviate 
from  the  requirements  of  Lynch's  hypothesis  that  the  crack  plane 
bisect  the  angle  subtended  by  two  slip  planes. 

Birnbaum  and  collaborators,49'0  using  TEM  with  an  environ¬ 
mental  cell,  ha»e  directly  observed  the  effect  ol  low-pressure 
gaseous  hydrogen  on  dislocation  activity  in  many  metals,  including 
iron.  When  gaseous  hydrogen  is  admitted  into  the  TEM.  the  velocity 
and  the  numbei  of  active  dislocations  suddenly  increase  in  thin-loit 
specimens  held  under  tension,  with  failure  occurring  by  localizeu 
ductility  in  Mode  III.  These  striking  and  beautiful  results  support  the 
localized  slip  model  of  hydrogen  embrittlement.  What  is  open  to 
question,  howevei,  <s  the  geneial  relevance  ol  these  results  to 
hydrogen  embrittlement  in  the  multifarious  conditions  in  which  it 
arises. 

Zhang,  et  al.,"  investigated  hydrogen-induced  delayed  Iracture 
under  sustained  Mode  II  loading  ol  a  Cr-Ni-Mo  steel  ot  1 700  MPa 
tensile  strength.  By  finite-element  calculations,  they  established 
whero  at  the  notch  surface  the  maximum  principal  stress,  the 
maximum  hydrustatic  component  of  stress,  and  the  maximum  shear 
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stress  are  developed,  as  well  as  the  directions  of  the  maximum 
principal  stress  and  maximum  shear  stress  at  these  positions.  When 
a  Mode  II  specimen  was  strained  in  air,  the  first  crack  nucleated  at  the 
site  of  maximum  shear  stress  Hov/ever,  with  specimens  that  were 
hydrogen  charged  during  testing,  crack  propagation  began  in  the 
direction  of  the  maximum  shear  stress  from  the  site  of  maximum 
hydrostatic  component  of  stress  (which  coincides  with  the  site  of 
maximum  principal  stress)  Aside  from  the  complications  caused  by 
the  very  high-fugacity  hydrogen  that  was  used  by  these  investigators, 
the  results  indicate,  but  do  not  prove,  that  hydrogen  facilitated  crack 
propagation  by  slip  The  results  also  seem  to  indicate  that  the  crack 
initiation  was  aided  by  the  decohesive  action  of  hydrogen. 

It  is  to  be  expected  that  in  metallic  systems  an  electronic 
perturbation  caused  by  dissolved  hydrogen  that  reduces  the  force 
necessary  to  separate  metal  atoms  colinearly  should  also  weaken 
the  shear-resisting  forces  of  the  lattice.  This  is  indeed  the  result  of  the 
embedded-atom  quantum  mechanical  calculations  of  Daw  and 
Baskes42  applied  to  nickel,  qualitatively  similar  results  are  expected 
for  iron  Lynch17  has  pointed  out  that  the  localized-slip  model  of 
hydrogen  embrittlement  deviates  widely  from  the  usual  concept52  53 
of  competition  between  crack  blunting  by  dislocation  generation,  and 
emission  and  crack  propagation  by  cleavage.  This  is  so  because  the 
postulated  enhancement  of  slip  by  hydrogen  is  taken  by  Lynch  to 
enhance  propagation  if  it  is  alternating  slip  bocalized  at  the  crack  tip. 

Conclusion 

It  is  very  obvious  that  the  amount  of  critically  developed 
experimental  data  relevant  to  the  intrinsic  embrittling  effect  of 
hydrogen  on  steels  or  iron  alloys  is  pitifully  small.  The  existing 
empirical  information  and  theoretical  considerations  allow  one  to 
accept  with  confidence  that  dissolved  hydrogen  does  decrease  both 
the  resistive  force  against  the  colinear  separation  of  iron  atoms  and 
also  that  for  the  shear  displacement.  Which  of  these  is  the  operative 
mode  in  any  one  particular  experiment  probably  depends  on  the 
proportion54  of  Mode  II  loading,  among  other  factors,  and  the 
examination  of  which  mechanism  is  the  important  one  in  a  specific 
instance  remains  one  of  the  critical  tasks  for  future  investigations. 

Because  both  the  decohesion  and  the  localized  slip  models 
depend  fundamentally  on  the  bond  weakening  action  of  hydrogen,  it 
is  reasonable  to  regard  the  models  as  complementary.  Both  are 
really  decohesion  models,  with  one  emphasizing  the  colinear  and  the 
other  the  shear  mode  of  atomic  separation.  Although  the  localized 
slip  model  has  not  yot  been  formulated  semiquantitatively.  it  seems 
clear  that  its  development  must  include  the  concept  of  a  critical 
hydrogen  concentration,  which  is  itself  a  function  of  the  local  state  o( 
stress  and  that  the  action  of  hydrogen  prior  to  the  generation  of  the 
crack  surface  must  be  considered. 

Kinetic  Mechanisms  of  Hydrogen  Embrittlement 

Questions  concerning  tho  kinetics  of  hydrogen  embrittlement  of 
high-strength  steels  under  sustained  or  monotomcally  increasing 
loading  can  take  various  forms,  One  may  inquire  how  much  time  is 
required  for  the  complete  failure  of  an  initially  hydrogen-free,  smooth 
steel  specimen  held  under  constant  load  under  a  constant  hydrogen 
gas  pressure  and  temperature,  or  under  constant  cathodic  charging 
conditions  This  "delayed  failure"  mode  will  depend  on  the  nature  of 
the  Initial  oxide  on  the  specimen  surface,  on  the  plastic  response  of 
the  steel  (itself  modified  by  tho  entering  hydrogen),  and  on  the 
transport  of  hydrogen  from  its  source  to  the  location  of  the  intrinsic 
embrittling  action  of  hydrogen.  One  may  be  interested  in  the 
“incubation  time”  for  the  initiation  of  observable  crack  propagation  of 
a  prenotched  specimen  in  air  and  at  a  constant  applied  load,  provided 
with  an  initially  uniform.  Internal  hydrogen  concentration.  The  incu 
bation  time  will  depend  on  the  manner  in  which  the  prior  charging  was 
done,  tho  level  of  hydrogen  attained,  the  nature  of  the  initial  notch  put 
in,  and  the  kinetics  of  the  hydrogen  transport  within  the  steel.  In  both 
cases,  the  composition,  microstructure,  and  strength  level  of  the 
steel,  the  magnitude  and  character  of  the  loading,  and  tho  temper 
ature  would  be  important  determinative  factors. 


The  above  experimental  scenarios  involve  the  development  of 
the  crack  process-zone  geometry  and  the  dislocation  distribution 
within  the  latter,  greatly  complicating  the  modeling  of  the  kinetics  of 
the  hydrogen  embrittlement.  An  easier  but  still  formidable  task  is  the 
quantitative  description  of  the  rate  of  subcritical  crack  propagation  at 
constant  applied  stress-intensity  parameter,  because  one  may 
consider  the  crack  process-zone  complex  to  have  a  steady-state 
configuration  with  respect  to  a  coordinate  system  moving  with  the 
crack.  If  one  considers  a  steel  initially  free  of  hydrogen  in  which  the 
advancing  crack  is  in  contact  with  a  time-independent  source  of 
hydrogen,  another  element  of  simplification  is  introduced.  More 
difficult  is  the  consideration  of  the  crack  propagation  in  precharged 
steel,  since  in  this  case,  the  critical  action  of  hydrogen  may  not  occur 
at  the  advancing  crack  tip  but  rather  at  some  highly  stressed 
microstructural  feature  that  is  ahead  of  the  tip  and  that  intercepts 
hydrogen  diffusing  toward  the  process  zone  from  the  rest  of  the 
specimen.  In  all  of  the  cases  described  above,  complete  kinetic 
modeling  needs  complete  knowledge  of  the  mechanism  of  the 
embrittling  action  of  hydrogen.  Since  this  is  not  yet  available,  most 
ambitious  kinetic  modeling  so  far  attempted  avoids  this  problem  by 
making  an  assumption,  such  as  the  necessity  of  attaining  a  critical 
hydrogen  concentration  at  some  location  or  over  some  linear 
dimension,  which  may  have  been  inspired  by  a  model  of  embrittle¬ 
ment  but  may  not  be  uniquely  related  to  that  model.  Following  is  a 
discussion  of  some  recent  approaches  that  are  representative  of  the 
best  work  available. 

Analysis  of  Simmons,  et  al. 

It  is  clear  that  in  the  process  of  crack  propagation,  hydrogen 
must  proceed  from  its  point  of  origin,  as  H2S  molecules  in  the 
gaseous  state,  for  example,  to  the  adsorbed  state  on  the  crack 
surface  (after  crack  propagation).  Hence  there  are  several  sequential 
processes,  any  one  of  which  can  be  kinetically  controlling,  and  it  is 
important  to  identify  the  controlling  process.  Simmons,  et  al.,55 
followed  the  kinetics  of  the  reaction  of  water  vapor  with  type  4340 
(UNS  G43400)  steel  surfaces  by  measuring  the  increase  of  the  Auger 
electron  peak  intensity  due  to  oxygen  as  a  function  of  exposure  (the 
gas  pressure  multiplied  by  the  duration).  The  data  of  Auger  peak 
intensity  vs  exposure  at  each  of  three  temperatures  were  fitted  with 
sigmoid-shaped  curves  (although  monotonic  curves  fit  just  as  well 
within  the  scatter  of  the  data,)  and  it  was  inferred  that  the  oxide 
formed  by  nucleation  and  growth  with  an  activation  energy  of  36  ±  14 
KJ/g  mol.  This  means  that  the  generation  of  hydrogen  via  the  reaction 
HaO  t  Fe  —  FeO  +  H2  proceeds  with  that  activation  energy.  These 
investigators  then  measured,  at  various  temperatures,  the  rate  of 
crack  propagation  (v)  in  typo  4340  steel  of  1340  MPa  yield  strength. 
They  found  that  v,  in  the  stress-intensity-independent  region  of  the 
v-K  curve  (where  K  is  the  stress-intensity  parameter),  exhibits  an 
activation  energy  of  33  5  ±  5.0  kJ/g  mol.  The  similarity  of  the  two 
activation  energies  led  the  authors  to  conclude  that  tho  rate-limiting 
step  in  the  hydrogen-induced  cracking  was  the  generation  of  the 
hydrogen  at  the  input  surface. 

Analysis  of  Lu,  et  al. 

Another  investigation56  from  the  same  school  followed  the  same 
coordinated  approach,  that  of  measuring  both  the  surface  reaqtion 
kinetics  of  gaseous  H2S  with  type  4340  steel  and  tho  crack 
propagation  velocity  as  a  function  of  temperature  with  the  steel  under 
various  hydrogen  sulfide  pressures.  The  formation  of  metal  sulfide  at 
the  surface  was  found  to  be  rapid.  At  1  Pa  pressure,  essentially 
complete  reaction  takes  place  in  1  ms,  and  the  surface  kinetics  are 
virtually  independent  of  temperature.  On  the  other  hand,  in  the 
temperature  domain  investigated,  log  v„  vs  reciprocal  temperaturo 
(where  v„  is  the  rate  of  crack  propagation  in  the  K-msensitive  region 
of  the  v-K  curve/  exhibits  only  a  positive  slope  with  H2S  pressure  ot 
133  Pa,  whereas  the  v„  tl.T)  curve  exhibits  a  weak  maximum  with 
H2S  at  2.66  kPa.  Furthermore,  under  133  Pa  pressure,  vh  is 
proportional  to  pT  1  ^  where  p  is  the  gas  pressure,  which  is  the  same 
functionality  as  that  for  crack  propagation  controlled  by  the  rate  of 
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supply  by  Knudsen  diffusion  of  gas  molecules  to  the  crack  surface. 
For  this  reason,  Knudsen  diffusion  of  the  gas  was  identified  as  the 
rate-limiting  process  for  crack  propagation  under  low-pressure  H2S 
gas.  Under  higher  pressures,  at  the  lower-temperature  side  of  the 
weak  maximum,  the  log  v„  (i/T)  curve  is  characterized  by  an 
activation  energy  of  4.6  ±  3.6  or  6.7  ±  6.7  kJ/g  mol,  depending  on 
which  segment  of  the  curve  is  considered.  Because  these  numbers 
lie  within  the  range  (4  to  10  kJ/g  mol)  of  the  activation  energy  for 
hydrogen  in  bcc  iron  reported  in  the  literature,  Lu,  et  al.,56  concluded 
that  in  the  higher-pressure  region,  crack  propagation  is  kinetically 
controlled  by  the  diffusion  of  hydrogen  in  the  steel.  It  must  be 
remarked  that  this  conclusion  is  on  weak  ground  because  a  better 
value  for  the  apparent  activation  energy  for  diffusion  of  hydrogen  in 
a  high-strength  steel  is  about  32  kJ/g  mol.S7 


Model  of  Pasco,  et  al. 

Neither  of  the  foregoing  investigations  concerned  itself  with  the 
intrinsic  mechanism  of  embrittlement,  nor  with  the  existence  of  a 
maximum  in  the  plot  of  log  v,(  vs  1/T  (see  Figure  4),  which  has  been 
observed  by  many  investigators.  One  way  of  qualitatively  understand¬ 
ing  such  a  dome-shaped  curve  is  that  the  kinetically  controlling 
process  at  low  temperature  differs  from  the  controlling  process  at 
higher  temperatures.  Another  way  depends  on  writing  the  rate  of  the 
kinetically  controlling  step  as  the  difference  between  two  exponential 
terms.  The  latter  was  done  by  Pasco,  et  al., 58-60  who  considered  that 
vu  is  proportional  to  the  rate  of  adsorption  at  some  critical  value  (0C) 
of  surface  coverage  by  negatively  charged  hydrogen  species  (H~). 
The  rate  of  adsorption  is  written  as  follows: 


n  =  (dnH  /dt)  =  k.p1*  exp  (E„/RT)  k2exp(  E^RT) 
and 

v„  =  g.  ( k,p,/2  exp  (-E./RT)  -k2  exp  (-E^RT)] 

where  1/C*  serves  as  the  coefficient  of  proportionality  and  C*  is 
defined  as  a  critical  volume  concentration  of  hydrogen  in  the  metal 
through  which  the  crack  advances  once  this  concentration  is 
attained.  In  the  above  expressions,  p  is  the  hydrogen  gas  pressure, 
E„  is  an  effective  activation  energy  =  (2  Ea  +  Em  +  4HJ/2,  where 
E0  is  the  activation  energy  for  dissociative  adsorption,  Em  is  the 
activation  energy  for  surface  diffusion,  and  ^H„  is  the  enthalpy  of 
adsorption.  Ea  is  the  activation  energy  for  desorption.  The  parameter 
k,  is  the  rate  of  physisorption  of  H2  molecules,  and  k2  is  the  specific 
rate  constant  for  desorption  at  coverage  uc.  Thus,  the  autnors  have 
divided  a  net  rate  of  increase  of  coverage  of  an  existing  surface  by 
a  volume  concentration  to  obtain  a  dimensionally  correct  rale  ol 
surface  increase  (.crack  piupagation/,  but  the  operation  is  devoid  ol 
physical  significance  or  if  there  is  one,  it  has  yet  to  be  elucidated  by 
the  authors.  What  is  interesting  is  that  this  form  ol  equation 
represents  the  experimental  data  of  Wei  and  collaborators6 !  6‘  lor  vM 
(1.T)  very  well,  and  also  v„rp)  at  the  temperatures  ol  the  maxima  ol 
the  log  v„  (1/T)  curves.  The  basic  idea  of  Pasco,  et  al.,  is  similar  to 
that  in  the  earlier  work  of  Williams  and  Nelson,63  who  also  considered 
that  the  rate-controlling  step  is  at  the  gas-metal  interface  and 
developed  an  equation  that  successfully  represented  the  dome- 
shaped  log  v„  (1/T)  curve  at  constant  stress  intensity  that  they 
measured  for  a  fully  hardened  type  4130  (UNS  G41300)  steel. 
Although  their  specific  model  has  been  criticized,64-65  the  probability 
that  the  adsorption  step  is  rate-limiting  was  strengthened  by  the 
finding  by  Nelson,  et  al  68  that  the  use  of  dissociated  hydrogen  gas 
produces  a  straight-line  plot  in  place  of  the  dome-shaped  curve 
obtained  with  the  use  of  molecular  hydrogen  gas.  It  would  therefore 
appear  that  the  dissociation  of  the  H2  molecule  must  be  one  of  the 
kinetically  controlling  steps  at  the  higher  temperatures. 


103/T(K_1) 


FIGURE  4-K-insensitive  crack  propagation  rate  vs  reciprocal 
temperature  for  two-strength  levels  of  maraglng  steel  under 
various  hydrogen  gas  pressures  (Hudak  and  Wei61). 

Model  of  Wei,  et  al. 

Wei  and  collaborators67  69  considered  three  possibilities  for  the 
kinetic  control  of  the  supply  of  hydrogen  to  the  microstructural  feature 
involved  in  cracking.  These  are  as  follows:  (1)  Knudsen  flow  of 
molecular  gas  in  the  narrow  space  between  the  walls  of  the  crack  (as 
discussed  in  a  previous  section),  in  which  case  the  dependence  of 
the  flow  upon  gas  pressure  and  temperature  is  as  pT '  (2)  Surface 
reaction  control,  expressed  as  pm  exp  (— Es/BT)  where  Es  is  an 
activation  energy.  Unlike  the  Pasco,  et  al.,  formulation,  this  control 
can  only  permit  the  hydrogen  supply  to  increase  with  increasing 
temperature.  (3)  Diffusion  control,  expressed  as  p,/2  exp  (-Ed/RT), 
in  which  Ed  is  an  activation  energy  for  diffusion  of  atomic  hydrogen 
through  the  steel;  again  this  term  can  only  increase  with  increasing 
temperature. 

Representing  the  three  possible  supply-control  terms  by  S,(p,t), 
(j  --  1 .2,3),  the  central  equations  of  Wei,  et  al.,  may  be  expressed  as 

v„  =  [l(«,f(k,)]  S,(p,T),(j  =  1,2,  or  3)  (1) 

i 

in  which  the  term  in  square  brackets  is  the  sum  over  the  types  of 
microstructure  (grain  boundaries,  lattice,  phase  interfaces,  etc.),  the 
fracture  of  which  contributes  to  crack  propagation,  and  the  argument 
ol  the  summation  sign  is  effectively  the  density  ol  the  hydrogen 
trapped  at  the  i,h  foature  times  the  volume  fraction  (f,)  of  that  feature, 
times  the  "crackability”  of  that  feature  («,),  i.e.,  its  relative  contribution 
to  the  rate  of  overall  crack  propagation  (v„)  in  the  K-insensitive 
domain  In  actual  use.  the  summation  is  conducted  only  over  two  loci 
of  cracking,  grain  boundaries  (i  -  b)  and  lattice  (i  -  I),  so  that  the 
term  in  square  brackets  is  written  as  follows. 

«„lbT8(a3/n)  N*  exp  (Hb/RT) 

1  +  T5(a3/n)  N„exp  (Hb/RT) 

_ O'  0  ~fb) _ 

1  +  -;8(a3/n)  Nx  exp  (Hb/RT)  (2) 

in  which  a  is  the  lattice  parameter  and  n  is  the  number  of  atoms  per 
unit  cell.  In  this  relation,  one  need  only  note  that  HB  is  the  binding 
enthalpy  of  hydrogen  to  grain  boundaries  having  a  density  Nx  ol 
trapping  sites,  and  that  t  deviates  from  unity  il  the  trapped  hydrogen 
is  not  in  equilibrium  with  the  lattice  hydrogen. 
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It  is  clear  that  this  formulation  is  not  concerned  with  any  specific 
embrittlement  model,  nor  is  there  a  critical  hydrogen  concentration  or 
stress  necessary  for  the  cracking  at  a  microstructural  feature. 
Instead,  the  parameters  (a,)  that  should  embody  such  concepts  are 
evaluated,  along  with  tNx,  by  effectively  curve  fitting  to  experimental 
data  of  v„(T).  In  addition,  a  nonunity  value  of  the  parameter  - 
represents  kinetic  control  other  than  that  given  oy  SJ(  since  the  only 
way  that  lack  of  equilibrium  among  various  populations  of  hydrogen 
can  occur  is  through  kinetic  impediments.  It  is  also  clear  that  for  S,, 
representing  either  surface  or  diffusion  control,  Equation  (1)  can 
represent  a  dome-shaped  curve  of  v„  (1/T)  because  S,  increases  with 
increasing  temperature  and 

[  Z  («[  fj  k.)  ] 
i 

decreases  with  increasing  temperature. 

For  cracking  under  either  of  three  pressures  of  hydrogen  gas, 
the  authors  selected  surface  reaction  control  for  S,  (p,T),  for  reasons 
that  are  not  clear.  They  are  therefore  able  to  reproduce  with  Equation 
(1 )  their  experimental  v„  (1/T)  data  (see  Figure  5).  For  cracking  under 
H2S  gas  (Figure  6),  the  authors  selected  Knudsen  flow  of  gas  as  the 
controlling  step  at  0.133  kPa  and  in  the  higher-temperature  domain 
at  2.66  kPa.  At  the  latter  pressure  and  at  lower  temperatures, 
hydrogen  diffusion  is  taken  to  be  the  controlling  step. 


FIGURE  5-K-lnsensltlve  crack  growth  rate  vs  reciprocal  tem¬ 
perature  for  type  4340  (UNS  G43400)  steel  under  hydrogen  gas 
at  each  of  three  pressures.  Points  are  experimental  data,  and  the 
solid  lines  are  best  fit  to  the  data  of  the  analysis,  assuming 
surface  reaction  control.®8 


Model  of  Gerberich,  et  al. 

Gerberich  and  collaborators70-71  have  a  similar  approach  for 
undeistandmg  the  mvertod-U  shape  of  the  log  v„  (1/T)  curve  that  they 
found  for  precharged  type  4340  steel  at  two  strength  levels,  Because 
their  steels  we  re  cathodically  precharged  with  hydrogen,  followed  by 
a  baking  treatment  to  distribute  the  hydrogen  macroscopically 
uniformly,  the  controlling  hydrogen  supply  kinetics  was  taken  to  be 
diffusion  of  atomically  dissolved  hydrogen  m  the  steel.  This  yields  a 
term  that  contributes  to  the  increase  of  v„  with  increasing  tempera¬ 
ture.  The  second  term  that  contributes  to  the  decrease  of  vn  with 
increasing  temperature  is,  as  with  Wei,  et  al.,  that  expressing  the 
distribution  between  the  microstructural  features  that  serve  as 
cracKing  locations  toxysulfide  interfaces,  martensite  lath  mterseo 
tions  with  prior  austenite  grain  boundaries;  and  the  lattice.  Because 
vM  is  expressed  as  the  product  of  these  two  contributions,  Gerberich, 
et  al,,  are  able  to  reproduce  their  experimental  dome-shaped  log  v„ 
0/T)  curves  after  evaluating  the  parameters  of  their  equation  by 
comparison  with  experiments. 


FIGURE  6— K-lnsensitive  crack  growth  rate  vs  reciprocal  tem¬ 
perature  for  type  4340  (UNS  G43400)  steel  under  each  of  two 
pressures  of  hydrogen  sulfide  gas.08  The  points  represent 
experimental  data.  The  solid  lines  are  best  fit  to  the  data  of  the 
analysis,  assuming  Knudsen  flow  control  at  the  higher  pressure 
and  higher  temperatures,  and  also  at  the  lower  pressure. 
Hydrogen  diffusion  Is  taken  as  the  controlling  step  at  2.66  kPa 
in  the  lower-temperature  region. 


Unlike  Wei,  et  al.,  however,  the  approach  of  Gerberich  is  based 
explicitly  on  the  decohesion  model  operating  at  one  or  the  other  of  the 
microstructural  features,  depending  on  the  temper  of  the  steel,  that 
are  mentioned  above.  The  concept  is  that  the  oxysulfide  particle 
interfaces,  for  example,  acquire  a  large  population  of  adsorbed 
hydrogen  that  is  enhanced  by  the  tensile  stress,  and  that  the  fracture 
stress  (i.e.,  the  interfacial  cohesion)  is  reduced  linearly  by  the 
thus-accumulated  hydrogen.  Cracking  occurs  locally  when  the  max¬ 
imum  constrained  flow  stress,  estimated  via  continuum  mechanics, 
equals  the  hydrogen-reduced  cohesion.  The  crack  surfaces  exhibit 
striations  normal  to  the  cracking  direction  that  are  convincingly 
deduced  to  be  crack  arrest  markings;  they  have  a  fairly  uniform 
spacing  that  is  larger  (~  138  pm)  for  the  lower-strength  steel  than  for 
the  higher-strength  steel  (~  1  pm).  This  permits  the  development  of 
an  explicit  relation  for  v„  by  considering  that  the  crack  jumps  a 
distance  (X)  equal  to  the  striation  spacing,  beyond  the  hydrogen- 
enriched  location,  and  that  a  time  (t.)  is  necessary  for  hydrogen  to 
accumulate  at  the  new  crack  front  by  diffusion  with  trapping,  which  is 
motivated  both  by  concentration  and  by  stress  gradients,  The  crack 
is  deemed  to  advance  by  this  kind  of  intermittent  decohesion  at  many 
localities  at  the  crack  front,  leaving  behind  regions,  or  ligaments,  that 
subsequently  fail  by  ductile  mechanisms. 

There  are  difficulties  in  the  details  of  the  formulation  and  in  the 
concepts.  For  example,  the  diffusion  equation  used  is  that  of  Doig 
and  Jones, T?  which  was  developed  for  a  point  source  and  is  therefore 
inappropriate  for  an  initially  homogeneous  field  of  hydrogen  The 
stress  field  contributing  to  the  diffusion  is  that  of  the  continuum 
mechanical  elastic  plastic  solution,  which  cannot  yield  stresses  large 
enough  to  cause  decohesion  The  expression  used  for  the  effective 
^tapped)  diffusivity  is  that  of  Ellerbrock,  et  al  ,73  which  contemplates 
molecular  hydrogen  within  microvoids  Nevertheless,  it  is  satisfying 
that  this  kinetic  model  was  couched  in  terms  of  the  decohesion  model 
and  successfully  represents  the  experimental  results. 
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The  most  serious  conceptual  deficiency  has  to  do  with  the 
intermittent  nature  of  the  crack  advance.  Within  the  framework  of  the 
decohesion  model,  there  is  no  way  that  the  crack  front  can  get  ahead 
of  the  hydrogen-enriched  region;'2'19  the  crack  can  advance  at  a 
given  position  only  as  fast  as  the  critical  concentration  of  hydrogen, 
consistent  with  the  local  stress,  can  accumulate  there.  Any  intermit- 
tency  in  crack  advance  necessarily  implies  the  intervention  of 
another  mechanism.  One  possibility  is  that  the  ligaments  left  behind 
between  decohered  regions,  subsequently  failing  by  plastic  collapse, 
cause  the  local  stress  intensity  to  increase  at  the  crack  front  so  that, 
after  the  interval  required  for  that  failure,  once  again  the  decohesion 
criterion  is  satisfied  at  the  crack  front  and  decohesive  advance  can 
resume.  Another  possibility*"  is  that  crack  inertia  causes  the 
decohered  crack  propagating  in  a  hydrogen-rich  region  to  continue 
into  a  hydrogen-poor  region  until  arrested  jy  energy  loss  mecha¬ 
nisms,  as  hypothesized  by  Sieradzki  and  i  lewman74  for  the  stress 
corrosion  cracking  of  copper.  After  the  arrest,  the  crack  must  await 
the  accumulation  of  enough  hydrogen  to  satisfy  the  decohesion 
criterion. 

Kameda's  model 

A  purely  thermodynamic  analysis  along  the  lines  of  the  Petch- 
Stables  idea  is  conducted  by  Kameda.7'1  He  calculates  the  work 
required  to  advance  a  crack  along  a  grain  boundary  by  considering 
the  modification  by  hydrogen  of  the  grain-boundary  energy  and  of  the 
crack  surface  energy  He  assumes  that  the  crack-tip  contour  is  that 
of  two  circular  arcs  intersecting  at  an  angle  controlled  by  the 
hydrogen-affected  grain  boundary  and  crack-surface  energies,  but 
does  not  permit  plastic  deformation  that  would  be  needed  to  achieve 
such  a  configuration  The  crack  tip  is  shielded  by  a  dislocation  array 
ahead  of  the  crack,  which  is  carried  along  by  the  advancing  crack. 
The  energy  balance  includes  elastic  energy,  which  is  a  function  of  the 
crack-tip  geometry,  itself  controlled  by  the  hydrogen  adsorption. 
Kameda  considers  two  extremes,  slow  crack  advance,  so  equilibrium 
partitioning  of  hydrogen  to  the  interfaces  is  achieved,  and  rapid 
fracture,  such  that  hydrogen  is  not  partitioned  but  remains  distributed 
as  it  was  before  the  crack  advanced. 

The  dependence  of  crack  velocity  (v)  upon  stress  intensity  (K) 
is  formulated  in  terms  of  one-dimensional  diffusion  of  hydrogen  only 
along  the  grain  boundary,  neglecting  volume  diffusion,  and  pre¬ 
charged  specimens  are  considered.  For  the  kinetic  analysis,  Kameda 
restricts  himself  to  steady-state,  slow  crack  advance,  considering 
stresses  to  be  constant  within  any  one  region  around  the  crack  but 
different  in  different  regions.  The  resulting  log  v(K)  curves  show 
approach  to  a  threshold  value  and  a  domain  of  smaller  positive  slope; 
there  is  not  a  K-independent  region.  The  dependence  on  tempera¬ 
ture  was  not  explored.  Comparison  with  experimental  data  was  not 
conducted. 

Model  of  Lee  and  Unger 

This  analysis78  is  based  upon  the  decohesion  concept  and 
attempts  to  deal  with  the  entire  v(K)  curve  as  a  function  of 
temperature  also.  Unfortunately,  it  assumes  that  the  cohesive  force 
is  independent  of  the  interatomic  separation;  however,  it  is  lowered 
by  a  hydrogen  concentration  in  linear  fashion.  Hydrogen  diffuses  in 
response  to  concentration  gradients;  stress-gradient-induced  diffu¬ 
sion  is  neglected  A  nonphysical  criterion  for  crack  propagation,  a 
critical  crack-opening  displacement  (§c)  is  introduced.  Crack  propa¬ 
gation  is  said  to  be  accompanied  by  a  diminution  of  the  crack¬ 
opening  displacement,  but  inconsistently  the  crack  continues,  even 
though  S  <  5C,  until  an  arbitrarily  introduced  value  (SA)  is  reached.  In 
this  way,  the  intermittent  nature  of  crack  propagation  is  unphysically 
built  into  the  model,  since  diffusion  must  now  occur  to  the  new  crack 
position. 

The  v(K)  curves  thus  developed  are  shown  in  Figure  7.  A  Stage 
II  of  K-independent  behavior  is  not  generated.  However,  if  the 
activation  energy  for  diffusion  is  allowed  to  increase  with  increasing 


("The  idea  of  this  possibility  was  mutually  generated  during  an 
extended  discussion  with  W.VV.  Gerberich. 


stress  (or  with  crack  length  at  constant  load),  then  plateaus  are 
obtained.  It  is  clear  that  dome-shaped  logs  v„  (1/T)  are  not  generated 
by  inclusion  of  this  unphysical  assumption. 

Conclusion 

It  is  clear  that  despite  the  valiant  efforts  that  have  been  exerted, 
much  remains  to  be  done  in  kinetic  modeling.  None  of  the  models  is 
complete  in  the  sense  of  having  incorporated  all  of  the  factors  and 
phenomena  that  are  known  to  be  present  in  hydrogen-aided  crack 
propagation  All  of  the  models  are  at  best  descriptive,  not  predictive, 
since  they  must  use  empirical  information  to  evaluate  parameters. 
Only  one  model,  that  of  Gerberich,  et  al.,70  71  is  based  solidly  on  an 
embrittlement  mechanism  One  of  the  most  difficult  yet  essential 
aspects  to  be  incorporated  in  future  modeling  is  the  existence  of  more 
than  one  cracking  mode  during  the  overall  advance  of  the  crack, 
cleavage  and  plastic  tearing,  for  example,  both  occur  with  the  ratio  of 
plastic  failure  to  cleavage  increasing  with  increasing  stress 
intensity.'9-77  The  fact  of  the  sporadic  advance  of  the  crack  is 
probably  intimately  involved  with  the  mode  not  directly  related  to 
hydrogen-aided  decohesion  or  to  hydrogen-enhanced  localized  slip. 

Future  progress  in  elucidating  hydrogen-aided  cracking  de¬ 
pends  on  further  advancement  in  understanding  fracture  processes 
in  the  absence  of  hydrogen.  For  example,  the  magnitude  of  stresses 
built  up  at  interfaces  because  of  plastic  incompatibility  across  the 
interface,  stress  gradients  about  the  crack,  dislocation  dynamics  and 
configuration,  interfacial  cohesion  as  a  function  of  impurities,  and  the 
problem  of  crack  inertia  must  be  better  understood.  Following  this, 
one  must  elucidate  the  effects  of  hydrogen  on  each  of  these 
phenomena  sepaiately.  Finally,  the  synergistic  interaction  among  the 
cracking  modes  must  be  understood  and  incorporated  into  a  kinetic 
model  of  crack  propagation. 


FIGURE  7— Crack  velocity  vs  stress-kitensity  parameter.  Model- 
Istlc  calculations  of  Lee  and  Unger.76 
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Discussion 

K.  Sleradzki  (The  Johns  Hopkins  University,  USA):  In  your 
talk  you  mentioned  that  fracture  mechanics  may  not  be  useful  with 
regard  to  defining  mechanical  parameters  important  to  the  hydrogen 
embrittlement  problem,  owing  to  nonlinear  crack-tip  processes.  Our 
recent  molecular  dynamic  results  [Sieradzki,  Dienes,  Paskin,  and 
Massoumzadeh,  Acta  Metall  36(1988).  p.  651]  do  not  support  your 
statement  The  results  for  our  nonlinear  elastic  material  indicate  that 
linear  elastic  fracture  mechanics  (LEFM)  solutions  are  approached 
within  several  atomic  units  from  the  crack  tip.  Additionally,  LEFM 
descriptions  of  the  energy  balance  during  fracture  are  in  excellent 
agreement  with  our  molecular  dynamic  results. 

R.A.  Oriani:  My  understanding  of  fracture  mechanics  is  that 
details  such  as  the  stress  at  the  tip  of  a  dislocation  pile-up  or  the 
stress  existing  within  a  few  angstroms  of  an  atomically  sharp  crack 
are  not  calculable  by  that  approach  However,  if  recent  developments 
of  which  I  am  not  aware  have  enabled  fracture  mechanics  to  quantify 
such  situations,  I  stand  homily  corrected. 

K.  Sieradzki:  I  believe  that  the  effects  you  discuss  can  only  be 
important  if  the  hydrogen  embrittlement  mechanism  operates  within 
this  nonlinear  "core”  region. 

R.P.  Gangloff  (University  of  Virginia,  USA):  Given  the  limited 
experimental  confirmations  of  decohesion,  I  suggest  two  areas  for 
future  research.  We  have  previously  discussed  the  importance  of 
obtaining  threshold  local  stress  (or  stress  intensity)  as  a  function  of 
embrittler  activity  for  solid  or  liquid  metal  systems.  Here,  the  surface 
location  of  crack  formation  is  reasonable  and  in  contrast  to  the 
uncertain  location  of  hydrogen-induced  decohesion  within  a  crack-tip 
process  zone.  I  presume  from  your  comments  that  such  data  have 
not  been  reported  to  date. 

R.A.  Oriani:  I  agree  with  the  idea  that  curves  of  embrittler 
thermodynamic  activity  vs  threshold  stress  intensity  for  liquid  metal 
embrittlement  (LME)  should  be  experimentally  determined.  This  is  in 
fact  the  suggestion  I  made  at  the  Firminy  Conference  and  that  I 
repeated  earlier  this  week  in  a  comment  following  Stoloff’s  paper.  To 
my  knowledge,  such  data  for  LME  are  nonexistent. 


R.P.  Gangloff:  On  another  point,  I  suggest  that  the  K-based 
decohesion  derivation  should  be  reformulated  to  reflect  the  three-di¬ 
mensional  character  of  hydrogen  effects  on  microstructural  weak 
links  (high  local  hydrogen,  strain  incompatibility)  throughout  the 
process  zone.  Tire  statistics  for  this  analysis  have  been  largely 
worked  out  by  Lin,  Evans,  and  Ritchie  [J.  Mech.  Phys.  Solids 
34(1986).  p.  477]  and  support  the  idea  of  hydrostatic  and  opening 
stresses  over  a  critical  microstructural  distance. 

R.A.  Oriani:  i  would  welcome  a  reformation  of  the  decohesion 
model  to  incorporate  the  effects  of  microstructural  features  that  are 
not  only  mechanically  weak,  but  also  are  the  loci  of  high  hydrogen 
concentrations. 

T.  Murata  (Nippon  Steel  Corporation,  Japan):  In  practical 
high-strength  steels,  it  is  typical  to  have  intergranular  hydrogen 
embrittlement  in  proportion  to  the  steel's  strength  level.  How  can  we 
explain  the  competitive  cracking  between  quasicleavage-type  crack¬ 
ing  and  intergranular  cracking? 

R.A.  Oriani:  I  am  sorry  to  say  that  I  have  not  thought  about  the 
correlation  to  which  you  allude,  and  that  I  cannot  make  any  useful 
comments  at  this  time. 

R.E.  Ricker  (National  Institute  of  Standards  and  Technol¬ 
ogy,  USA):  In  the  discussion  section  of  his  1972  paper,  Beachem 
(Metall.  Trans.  3(1972):  p.  437]  pointed  out  that  both  his  model  and 
the  decohesion  model  depend  on  the  weakening  of  the  interatomic 
bonding  forces  by  hydrogen.  The  key  difference  between  the  models 
is  in  how  this  effect  is  manifested.  That  is,  whether  or  not  fracture 
results  from  alternate  slip  or  cleavage.  Can  we  make  this  distinction 
unambiguously  and,  if  so,  how? 

R.A.  Oriani:  Your  question  echoes  one  of  the  points  of  my 
presentation,  that  a  most  important  task  for  the  future  is  to  determine 
in  specific  cases  the  degree  to  which  the  two  manifestations  of  bond 
weakening,  alternate  slip,  and  cleavage  contribute  to  cracking.  I  have 
mentioned  the  work  of  Vehoff  and  Rothe  as  an  example  that  was 
successful  in  demonstrating  hydrogen-induced  cleavage.  I  suspect 
that  a  fruitful  approach  may  be  through  a  controlled  mixing  of 
crack-opening  modes. 
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Stress  Corrosion  Cracking  and  Corrosion  Fatigue 
of  Martensitic,  Ferritic,  and  Ferritic-Austenitic  (Duplex) 

Stainless  Steels 

hi.  Spaehn * 


Abstract 

The  stress  corrosion  cracking  (SCC)  and  the  corrosion  fatigue  (CF)  of  martensitic,  ferritic,  and 
ferritic-austenitic  (duplex)  stainless  steels  (SSs)  are  reviewed  with  emphasis  on  the  influence  of 
technologically  important  parameters  such  as  alloy  chemistry,  heat  treatment,  strength  level,  and 
passivating  properties  of  the  environment. 

The  SCC  susceptibility  of  martensitic  SSs  is  related  to  a  continuous  chromium-depleted  concentration 
profile  around  the  prior  austenite  grain  boundaries,  full  SCC  resistance  is  regained  by  the  industrially 
applied  tempering  temperatures  that  will  level  this  gradient  by  overlapping  diffusion  fields  from  the 
coarsening  effects  of  Mo23C6  precipitates  in  the  prior  austenite  and  martensitic  interlath  grain 
boundaries.  The  modern  nickel  martensitic  SSs  appear  to  follow  a  slip-step  emergence/repassivation 
mechanism  in  anodic  SCC.  The  cathodic  mechanism  seems  to  be  complicated  in  sour  gas 
environments  where  a  pile-up  of  hydrogen  at  the  martensite/retained  austenite  interphases  and  an 
interaction  of  hydrogen  atoms  with  dislocations  generated  by  the  incompatible  deformation  of  the  two 
phases  will  lead  to  transgranular  SCC  at  elevated  strains  in  the  double-tempered  heat-treatment 
condition.  These  steels  are  more  susceptible  in  the  single-tempered  condition;  they  fail  in  an 
intergranular  mode  that  requires  a  shorter  path  and  smaller  fracture  energy  per  unit  crack  extension. 
Straight  Fe-Cr  low  interstitial  ferritic  SSs  are  immune  to  anodic  chloride  SCC  if  properly  annealed.  SCC 
initiation  results  from  slip-step  evolution  by  which  film  rupture  and  the  formation  of  trenches  is  induced, 
thus  starting  an  occluded  cell  mechanism. 

Ferritic-austenitic  SSs  have  found  considerable  application  since  1973.  Their  SCC  mechanism  is 
closely  coupled  to  an  interplay  of  mechanical  and  electrochemical  phenomena.  Ferrite  depassivation  is 
determined  by  mechanical  twinning  at  high  strains  and  by  glide  processes  in  the  austenite,  the  latter 
being  cathodically  protected  by  the  ferrite.  Therefore,  in  anodic  SCC,  crack  propagation  takes  place  in 
the  ferritic  phase  at  much  higher  threshold  stresses  than  in  austenitic  SSs.  Cathodic  SCC  of  these  steels 
appears  to  follow  a  chloride-induced  mechanism  in  H2S-containing  solutions. 

In  CF.  these  SSs  show  essentially  the  same  characteristic  features.  It  can  be  classified  in  four  modes. 

Mode  I.  CF  in  the  active  state. 

Mode  II.  CF  in  the  stable  passive  state, 

Mode  III.  CF  under  metastable  passivity  and  endogenous  activation,  and 

Mode  IV.  CF  under  metastablo  passivity  and  exogenous  activation. 

CF  cannot  occur  under  passive  conditions  if,  under  external  cyclic  loading,  the  plastic  work  becomes 
zero  per  cyclo  and  per  volume  element  as  the  most  stringent  condition,  or  if,  in  the  course  of  cyclic 
deformation,  any  manifestation  of  plastic  deformation  at  the  surface  (slip  lines  or  bands,  extrusions, 
intrusions)  will  bo  unable  to  penetrate  the  passive  layer.  Achieving  the  highest  strength  in  Mode  II  CF 
requires  a  minimum  passivation  current  density  and  the  smallest  difference  between  the  air  fatigue  limit 
and  the  limiting  stress  at  which  critical  dislocation-induced  surface  plasticity  accrues. 

Three  steps  can  bo  discerned  by  an  electrochemical  transient  measuring  technique  in  Mode  II  CF  of  all 
SSs  under  potentiostatic  conditions  in  rotating  bending; 

(1)  Small  stochastic  current  transients  caused  by  the  response  of  the  passive  layer  to  the  alternating 
stress  in  an  incubation  period; 

(2)  Small  sinusoidal  current  signals  with  a  constant  phase  angle  with  respect  to  the  spatially  fixed  plane 
of  maximum  bending  moment;  they  determine  the  future  position  of  a  CF  crack  and  are  caused  by 
omerging  slip  steps  (initiation  period);  and 
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(3)  Steadily  growing  signals  resulting  from  continuous  repassivation  processes  at  the  crack  tip  (crack 
growth  period). 

By  means  of  this  technique,  under  potentiostatic  conditions,  the  first  interactions  between  cyclic  slip 
processes  and  environment  can  be  detected  that  establish  crack  initiation  on  a  submicroscopic  scale, 
determine  the  position  of  future  cracks,  and  allow  a  differentiation  between  growing  and  dormant 
incipient  cracks. 


Introduction 

Because  of  their  corrosion  resistance,  steels  of  this  kind  are  widely 
used  in  different  process  industries  such  as  chemical  and  petrochem¬ 
ical  industries,  food  processing,  pulp  and  paper,  gas  and  oil 
industries,  steam  generation,  fossile,  hydroelectric  and  nuclear 
power  generation,  etc.  SCC  is  of  concern  to  these  industries  and  can 
be  considered  from  different  points  of  view.  It  is  a  process  of  highly 
localized  (electrochemical)  events  that  may  produce  losses  in 
production,  products,  and  equipment.  The  same  holds  true  for 
corrosion  fatigue  (CF)  Both  of  these  types  of  environment-induced 
cracking  also  may  pose  certain  hazards.  For  this  reason,  much  work 
has  been  done  in  this  area  both  for  this  class  of  SSs  and  the 
austenitic  SSs  to  be  dealt  with  in  the  subsequent  contribution.  SCC 
and  CF  can  be  regarded  as  electrochemically  governed  processes 
leading  to  an  evtremely  localized  form  of  corrosion.  In  fact,  the  finest 
cracks  ever  observed  are  those  caused  by  CF  in  environments  that 
put  the  steels  in  question  into  a  state  of  stable  passivity.  Many  factors 
exert  an  influence  on  both  initiation  and  crack  propagation  under 
SCC  and  CF  conditions,  among  them  microstructure,  alloy  chemistry, 
nonmetallic  inclusions,  electrochemical  conditions  (like  thickness 
and  stability  of  passive  films),  sensitization,  and,  of  course,  mechan¬ 
ical  loading  conditions.  From  the  fracture  mechanics  point  of  view, 
SCC  and  CF  are  specific  sorts  of  subcritical  crack  growth  leading  to 
growth  rates  between  10" 10  and  KT4  m/s  in  the  former  case,  and  a 
wide  range  of  crack  extension  rates  per  cycle  in  the  latter.  SCC  may 
be  transgranular  or  intergranular,  whereas  in  CF  the  transgranular 
mode  prevails.  The  decisive  electrochemical  partial  reaction  in  the 
corrosion  process  of  CF  is  in  most  cases  anodic.  Many  SCC  systems 
are  also  anodic  in  nature  ("active  path  mechanism”).  However,  there 
are  many  instances  where  the  cathodic  partial  reaction  in  SCC  is 
responsible  for  cracking;  hardenable  SSs,  like  martensitic  SSs,  are 
especially  prone  to  cracking.  This  species  of  SCC  may  be  termed 
"cathodic  SCC"  because  of  the  decisive  role  played  by  the  cathodic 
partial  reaction.  Synonyms  are  “hydrogen  embrittlement,"  “sulfide 
stress  cracking,"  "sulfide  SCC,”  and  “hydrogen-induced  cracking," 
among  others. 

For  both  anodic  and  cathodic  SCC.  three  conditions  must  be 
fulfilled  in  a  SS/environment  system  to  produce  SCC: 

(1 )  The  steel  must  be  susceptible  to  SCC,  which  can  be,  among 
other  things,  a  question  of  its  microstructure,  hardness,  or  alloy 
chemistry  Favoring  anodic  SCC  are,  for  instance,  an  austenitic 
microstructure,  nickel  contents  (though  small)  in  ferritic  SSs,  or,  in 
chloride-induced  SCC,  segregations  of  Cr  or  Mo  that  lower  the  pitting 
resistance  locally  Cathodic  SCC  is.  among  other  factors,  favored  by 
high  second-order  residual  stresses,  produced  in  hardenable  SSs  in 
the  heat-affected  zone  (HAZ)  of  weld  seams  when  certain  precau¬ 
tions  are  not  taken. 

(2)  The  environment  must  lead  to  some  sort  of  corrosion 
causing  anodic  dissolution  to  induce  an  active  path  mechanism  or 
hydrogen-ion  discharge  causing  cathodic  SCC  especially  in  the 
presence  of  substances  suppressing  the  recombination  of  H  to 
molecular  H2  The  anodic  dissolution  process  must  be  localized.  For 
this  reason,  a  local  breakdown  of  passivity  is  a  specific  feature  of 
anodic  SCC  systems.  By  the  same  token,  halides  (except  fluorides) 
play  a  major  role  in  such  systems  because  they  are  able  to  produce 
point  defects  in  the  passive  layer. 

(3)  There  must  be  sufficiently  high  tensile  stresses  resulting 
from  external  loading  and/or  internal  tensile  stresses. 

CF  differs  in  several  respects  from  SCC.  It  is,  of  course,  bound 
to  the  presence  of  tensile  stresses  in  the  load  spectrum;  purely 


compressive  stresses  will  not  produce  CF  cracks.  In  contrast  to  SCC, 
there  are  no  other  specific  prerequisites.  Thus,  CF  may  occur  under 
extremely  low-cycle  fatigue  conditions  on  the  one  hand,  and  in  the 
ultrasonic  frequency  range  on  the  other.  The  load  may  be  sinusoidal 
or  stochastic  and  the  corrosion  system  active  or  passive.1 

Scope  of  Review 

The  following  text  will  deal  with  the  SCC  behavior  of  martensitic 
steels,  including  precipitation  hardening  and  maraging  SSs  and  also 
ferritic  and  ferritic-austenitic  SSs  (“duplex  steels”),  with  some  para¬ 
graphs  on  the  newer  nickel  martensitic  SSs  ("soft”  martensitic  SSs). 
Since  the  metallurgical  and  other  features  of  these  classes  of  steels 
have  been  comprehensively  covered  elsewhere, 2-3  they  will  not  be 
dealt  with  in  this  context.  The  CF  behavior  in  these  alloy  environment 
systems  can  be  unambiguously  classified  in  four  modes,4  allowing 
each  to  be  reviewed  in  the  same  format.  The  alloys  in  question  differ 
somewhat  in  their  SCC  behavior,  and  they  will  therefore  be  treated 
one  after  the  other,  distinguishing  between  anodic  and  cathodic  SCC 
where  it  is  pertinent  or  has  been  investigated. 

Emphasis  will  be  put  on  experimental  findings  and  those 
mechanistic  aspects  that  are  of  relevance  to  engineering  applica¬ 
tions. 


SCC  of  Martensitic  SSs 

Because  of  their  high  yield  strengths  (YSs),  this  class  of  SSs 
finds  wide  application  for  highly  stressed  components.  It  comprises 
the  straight  12%  Cr  steels  from  which  the  so-called  Super  12%  Cr 
steels  evolved,  and  a  second  group  based  on  17%  Cr  that  has  found 
application  in  the  machine-building  industry  for  shafts,  axles,  pump 
parts,  and  valves.  A  specific  domain  of  the  13Cr  SSs  are  turbine 
running  blades.  Their  spectrum  of  properties  comprises  the  ability  to 
be  heat  treated  in  large  sections  (which  may  be  even  larger  for  the 
Super  12Cr  SSs),  a  high  damping  capacity  (essential  for  turbine 
blades),  good  resistance  against  thermal  shock,  fatigue,  and  hot, 
pressurized  molecular  hydrogen. 

Anodic  SCC  of  martensitic  SSs 

Their  SCC  resistance  is,  in  certain  media,  limited.  For  a  type  4 1 0 
(UNS  S4 1 000)  SS  in  boiling  70%  NaOH  solution,  it  has  been  shown5 
that  intergranular  SCC  will  be  produced  in  all  heat-treatment  states 
(as-received,  annealed,  quenched,  tempered)  and  the  YSs  involved. 
Cracking  occurred  at  stress  levels  from  1 0  to  1 00%  ol  the  yield  stress, 
and  time-to-failure  increased  under  both  cathodic  and  anodic  polar¬ 
ization  except  for  the  quenched  and  tempered  condition,  where  there 
was  no  increase  under  anodic  polarization.  The  shortest  time-to- 
failure  was  observed  for  quenched  and  tempered  material.  Since 
SCC  occurred  at  -300  mV  with  respect  to  the  corrosion  potential,  a 
value  that  lies  in  the  immunity  region  of  the  Pourbaix  diagram, 
hydrogen  embrittlement  evidently  contributes  to  the  cracking  pro¬ 
cess. 

This  class  of  steels  is  susceptible  to  SCC  in  aqueous  chloride 
solutions,  too.®  It  has  been  shown7  that,  when  heat  treated  to  a 
strength  level  of  1380  MPa,  these  steels  are  susceptible  in  marine 
and  semi-industrial  atmospheres,  the  minimum  stress  for  SCC  being 
about  1200  MPa.  In  NaCI  and  NH4CI,  the  latter  being  more 
aggressive,  these  steels  have  been  found  to  undergo  SCC  at  YS 
levels  between  175  and  600  MPa.  Cathodic  polarization  decelerates 
SCC  in  NaCI  solutions  and  accelerates  it  in  NH4CI  solutions,  whereas 
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anodic  polarization  accelerates  it  in  all  chloride  solutions.  Cathodic 
polarization  inhibits  SCC  in  NaCI  (pH  5.1),  in  which  it  is  completely 
prevented  at  pH  6.2. 

An  influence  of  cations  on  SCC  has  been  reported  in  other 
systems,  for  instance,  in  nitrate  solutions,  where  NH4"  is  more 
aggressive  than  Ca(N03)2  or  Na(N03).8  "  Figure  1  represents 
schematically  the  effect  of  anodic  and  cathodic  polarization5  6  on  the 
time-to-failure  in  chloride  solutions,  from  top  to  bottom.  NaCI,  pH  6.2, 
NaCI,  pH  5  1,  NH4CI,  pH  5.1.  The  active  path  mechanism  for  NaCI 
had  been  noticed  earlier.12  The  NH4CI  results  are  in  agreement  with 
older  work,  too,  where  hydrogen  embrittlement  had  been  demon¬ 
strated  as  the  underlying  mechanism  for  SCC.13  Figure  1  demon¬ 
strates  that  anodic  polarization  accelerates  SCC  in  all  chloride 
solutions,  a  change  in  pH  having  only  a  moderate  effect. 


An  important  result16  is  presented  in  Figure  2.  Quenched, 
untempered  martensite  exhibits  much  faster  crack  growth  rates  and 
a  definitely  lower  K,scc  than  the  tempered  material  in  a  concentrated 
NaCI  solution  (22%).  It  can  be  expected  that  the  industrially  preferred 
tempering  range  between  700  and  750”C  will  improve  the  SCC 
resistance  even  more.  This  becomes  evident17  from  long-time 
constant-load  tests  (Figure  3)  with  industrially  heat-treated  13Cr-  and 
17Cr-2Ni  martensitic  SSs,  Figure  3  points  out  a  factual  situation  that 
will  be  dealt  with  later,  i.e.,  the  SCC  immunity  of  low,  interstitial  ferritic 
steels  in  concentrated  chloride  solutions.  It  clearly  exhibits  a  pro¬ 
nounced  threshold  stress  for  the  13Cr  SS  in  35%  MgCI2  (125.5  C). 
At  the  same  time,  the  negative  influence  of  nickel  additions  is 
displayed  in  Figure  3  showing  the  lowering  of  the  SCC  threshold 
stress. 


SCC-Curves  for  13  Cr-Steel  (Q  &  T) 

NaCI,  pH  6.2  (boiling) 
Active  Path 
Mechanism 


NaCI,  pH  5.1  (boiling) 

Active  Path 
Mechanism 


NH4CI,  pH  5.1  (boiling) 
Active  Path  and 
Hydrogen  Embrittlement 
Mechanism 


Cathodic  0 

FIGURE  1— Active  path  and  hydrogen  embrittlement  mecha¬ 
nisms  In  SCC  systems  (quenched  and  tempered  13Cr  SS). 
Response  of  tlme-to-fallure  (t,)  to  anodic  and  cathodic  polariza¬ 
tion,  respectively.  (Reprinted  with  permission.6) 

In  more  recent  work,'4  SCC  of  such  steels  at  high  VS  levels  has 
been  explained  by  a  hydrogen  embrittlement  process  at  potentials 
more  noble  than  the  opon-circuit  potential:  By  hydrolysis  of  anodic 
dissolution  products,  the  necessary  conditions  for  hydrogen  uptake 
by  the  alloy  may  be  fulfilled. 

The  SCC  behavior  of  quenched  and  tempered  12Cr  SS  has 
been  investigated  in  other  solutions,  too.  To  recognize  the  effect  of 
substituting  Na*  by  NH4\  boiling  solutions  of  10%  Na2S04,  10% 
(NH4)2SO„, 3%  NaCI,  3%  NH4CI,  70  %  NaOH,  and  60%  Na2S  were 
used,  respectively.  A  410  SS,  after  solution  heat  treatment  and  air 
cooling,  was  tempered  at  about  600°C.  Under  such  conditions,  this 
steel  is  extremely  sensitive  to  SCC  in  the  above  solutions  and  will  fail 
at  all  stress  levels  between  10  and  100%  of  its  yield  stress.  Again, 
with  the  exception  of  NH4CI,  SCC  is  accelerated  under  anodic  and 
decelerated  under  cathodic  polarization.'5  In  NH4CI,  an  active  path 
and  hydrogen  embrittlement  mechanism  is  operative  as  shown  in 
Figure  1. 

Early  work  indicated'3  that  an  optimum  corrosion  resistance  will 
be  obtained  by  simply  quenching  such  steels  from  the  austenite 
region,  a  heat  treatment  that  is  not  applicable  in  practice  because  of 
the  low  toughness  values  obtained.  Tempering  leads  to  carbide 
precipitations  at  grain  boundaries  in  martensitic  SSs  producing  an 
almost  continuing  network  of  grain-boundary  precipitations  just 
above  500’C  and  a  susceptibility  to  intergranular  corrosion.  In  fact, 
SCC  under  the  conditions  described  has  been  shown  to  be 
intergranular.15 


SCC  Growth  Rate  of  Martensitic  SS 


Stress  Intensity  K  in  MN  nr% 

FIGURE  2— Influence  of  heat-treatment  conditions  on  the  sub- 
critlcal  stress  corrosion  growth  rate  of  a  nickel-bearing  SS  as  a 
function  of  stress  Intensity.  In  the  as-quenched  condition,  the 
steel  shows  much  faster  crack  growth  rates.  (Reprinted  with 
permission.16) 

SCC  Resistance  of  Martensitic  SS 


0  200  400  600  800  1000 

Tensile  Stress  in  MPa 


FIGURE  3— Long-time  constant-load  tests  demonstrating  a 
distinct  SCC  threshold  stress  in  the  case  of  a  straight  13Cr 
martensitic  SS  as  opposed  to  a  nickel-bearing  SS.17 


EICM  Proceedings 


451 


1 


The  maximum  effect  of  tempering  on  the  growth  rate  of  stress 
corrosion  cracks  is  associated  with  the  475°C  embrittlement.  At 
higher  tempering  temperatures,  up  to  550’C,  the  crack  growth  rate  is 
progressively  reduced.  It  is  interesting  that,  in  fracture  mechanics 
double-cantilever  beam  specimens,  SCC  occurs'8  with  a  velocity  of 
>  10"4  m/s  in  distilled  water  at  475°C  tempering  temperature  (K 
about  50  MPa  Vm ). 

The  striking  fact  that  tempered  martensitic  Cr  SSs  can  undergo 
intergranular  SCC  in  sulfate  solutions  has  been  investigated  for  a 
tempered  type  403  (UNS  S40300)  SS  in  0.01  M  Na2S04  solution. 
Above  some  critical  anodic  potential  at  temperatures  of  75  and 
100°C,  but  not  at  50  and  25°C,  the  steel  suffers  from  SCC.  Whereas 
the  sulfur  in  the  passive  film  increases  with  decreasing  solution  pH 
and  is  only  weakly  dependent  upon  temperature,  the  SCC  suscep¬ 
tibility  trend  is  in  the  opposite  direction.  Sulfur  contaminations  from 
the  solution  thus  cannot  be  the  prime  cause  of  localized  attack.  It 
could  be  demonstrated'9  that  a  corrosion  attack  starts  at  the 
boundaries  between  nonmetallic  inclusions  of  MnS  and  Cr  carbide, 
respectively,  and  the  passivated  metal  that  leads  to  the  formation  of 
pits  acting  as  sites  for  crack  nucleation. 

The  foregoing  findings  and  many  others20'24  have  revealed 
clearly  that  martensitic  SSs  may  be  susceptible  to  intergranular  SCC 
depending  on  environment  and  tempering  temperatures.  This  sus¬ 
ceptibility  must  be  related  to  the  development  of  nonequilibrium 
solute  concentration  profiles  at  the  grain  boundaries.  They  result 
from  heterogeneous,  intergranular  precipitation  reactions.25'29 

Solute  concentration  profiles,  usually  much  less  than  1  pm  in 
extent,  have  been  investigated  by  means  of  scanning  transmission 
electron  microscopy  (TEM)  in  combination  with  energy  dispersive 
x-ray  analysis.20  Figure  4  shows  instructive  plots  of  hardness  levels 
defining  the  boundary  for  intergranular  SCC  as  a  function  of 
tempering  temperature.  The  different  curves  correspond  to  different 
assumed  values  for  critical  diffusion-controlled  chromium  concentra¬ 
tion  profile  widths  of  35, 70,  and  100  nm,  respectively.  These  results 
refer  to  a  Super  12%  Cr-Mo-V  martensitic  SS  and  0.01  M  NaOH  < 
0.1  M  NaCI  solution  (boiling).  It  has  been  demonstrated  by  the 
aforementioned  technique  that  susceptibility  is  related  to  the  exist¬ 
ence  of  a  continuous  chromium-depleted  concentration  profile  around 
the  prior  austenite  grain  boundaries  Destroying  this  profile  by 
overlapping  diffusion  fields  from  the  coarsening  effects  of  M23C6 
precipitates  in  the  prior  austenite  and  martensitic  interlath  grain 
boundaries  removes  the  susceptibility30  to  intergranular  SCC  This  is 
equivalent,  for  this  SCC  system,  to  lowering  its  hardness  by 
tempering  at  1000  K  to  a  level  of  less  than  280  HV  10  for  all  three 
concentration  widths.  It  should  be  emphasized,  however,  that  the 
same  criterion  may  not  be  applied  to  other  systems  The  permissible 
maximum  hardness  depends  on  the  type  of  martensitic  SS  and, 
above  all,  the  environment.  In  boiler  feedwater,  condensing  steam,  or 
boiler  water,  hardness  levels  up  to  350  HV  are  deemed  safe.  In  other 
environments,  the  maximum  allowable  hardness  level  may  be 
different.31 

Cathodic  (sulfide)  SCC  of  martensitic  SSs 

Cathodic  SCC  of  martensitic  SSs  is  a  problem  of  technical 
importance.  Figure  5  shows  an  example  taken  from  an  H2S- 
containing  soot  water  circuit.  This  failure  resulted  from  the  vendor 
using  a  type  410  SS  tempered  at  too  low  a  temperature,  resulting  in 
a  hardness  above  350  HV  10.  A  second  example  is  illustrated  in 
Figure  6;  this  figure  shows  a  failed  tube  segment  of  a  start-up  heater 
coil  with  a  fracture  at  the  weld  seam  (left)  and  the  fracture  surface.31 
The  material  is  a  Super  1 2%  Cr  SS  (German  designation  X  20  CrMoV 
12  1,  comparable  to  type  422  (UNS  S42200),  without  tungsten].  In 
normal  operation  of  the  plant,  the  start-up  heater  was  not  fired  but 
had  the  same  pressure  as  the  synthesis  loop  because  there  was  only 
a  gate  valve  upstream.  This  gate  valve  was  slightly  opened  to  avoid 
ammonia  condensation  in  the  coil  from  the  downstream  side.  During 
the  first  year  of  operating  the  plant,  the  start-up  heater  had  been  fired 
for  just  about  1000  h  in  total  when  the  failure  occurred.  A  metallo- 
graphic  cross  section  through  the  crack  initiation  point  (Figure  7) 


revealeo  that  the  crack  path  followed  the  HA2,  which  showed  high 
hardness  values  above  310  HV.  Cracking  was  clearly  hydrogen 
induced  and  resulted  from  condensing  moisture  on  the  outer  tube 
surface  during  the  time  the  start-up  heater  was  not  operated 
(practically  none  of  the  time).  The  coil  was  thus  mostly  below  the  dew 
point,  so  condensation  of  water  (on  the  outer  wall)  and  ammonia  (on 
the  inner  wall,  but  of  no  importance  to  the  failure)  could  not  be 
prevented.  The  mechanism  of  such  failures  is  straightforward  and 
well  known  from  hydrogen-induced  cracking  phenomena  in  low-alloy 
steels. 


SCC  Boundaries  for  a  12%  CrMoV 
Martensitic  SS 


FIGURE  4— SCC  boundaries  as  determined  from  different  Cr 
concentration  profile  widths.  (Reprinted  with  permission  30) 


Shaft  diameter  82  mm,  length  2400  mm,  vane  wheel 
pump  with  12  impeller  rows 
Material.  13 Cr  stainless  steel 

AISl  type  410  IXI5Cr»  /U024I 
Medium.  Saot  water,  saturated  with  HjS,  Containing 
solid  pdrwfes  of  soot 
Temperature  tJ0r’C 


[•j]^y|cothodic  Hydrogen  Embrittlement  of  a  Pump  Shaft  j 16 


T6W/US/04! 


FIGURE  5— Cathodic  hydrogen  embrittlement  of  a  pump  shaft. 
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Start>Up  Heater  Coil  ot  QS.T  X20CrMoVI2l-Steel  |  ifwrusm* 


FIGURE  6— Cathodic  SCC  of  a  start-up  ammonia  heater  coll. 
(Reprinted  with  permission.31)  12Cr  SS  similar  to  type  422  (UNS 
S42200)  (X  20  CrMoV  12  1). 
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crock  path  in  the  HAZ  intergranular  fracture 


Start-Up  Heater  Coil  of  QM  X  20  CrMoV  12 1-Steel  |  ltwuiim 

FIGURE  7— Metallographic  cross  section  of  coil  (Figure  6).31 


It  is  of  paramount  importance  to  avoid  undue  hardening  by 
inappropriate  welding  procedures.  Three  working  techniques  avoid¬ 
ing  this  have  been  developed  for  the  martensitic  SSs  in  question: 

(1)  Austenitic  welding  by  applying  a  preheat  that  keeps  the  temper¬ 
ature  during  welding  at  about  400°C; 

(2)  Martensitic  welding  with  a  preheat  between  100  and  250:C; 

(3)  Partial  martensitic  welding  keeping  the  temperature  between 
250  and  400°C. 

In  any  case,  the  temperature  of  a  welded  component  must  be 
lowered  to  80  to  100°C  after  welding  to  ensure  the  formation  of 
martensite,  which  is  mandatory  foi  gaming  the  necessary  toughness 
by  a  tempering  treatment  at  about  750°C.  Lowering  the  temperature 
to  ambient  will  inevitably  cause  cathodic  SCC  as  soon  as  conden¬ 
sation  has  set  in,  because  the  martensitic  microstructure  of  such  SSs 
is  extremely  sensitive  to  it,  so  tempering  should  immediately  follow 
after  cooling  down  to  80  to  1005C. 


Low-Carbon  Nickel  Martensitic  SSs 

Martensitic  steels  with  about  0.05%  C,  12  to  17%  Cr.  and  3  to 
6%  Ni  have  several  interesting  properties: 

(1)  High  YSs  (Fipoa  =  450  -  1200  N/mm2); 

(2)  Hardenability  in  heavy  sections  up  to  250  mm. 

(3)  High  toughness  even  in  very  high  sections; 

(4)  Weldability; 

(5)  High  resistance  against  cavitation,  erosion;  and 

(6)  Corrosion  resistance  under  passive  conditions,  low  corrosion 
rate  in  the  active  state. 

They  have  been  developed  during  the  last  20  years  based  on 
the  13Cr  steels,  the  main  targets  being 

(1)  To  lower  the  carbon  content  to  increase  ductility  and  weldability; 

(2)  To  compensate  the  lower  carbon  contents  by  higher  Ni  contents 
to  avoid  6-ferrite; 

(3)  To  choose  Cr  and  Mo  contents  depending  on  the  desired 
corrosion  resistance;  steels  with  13Cr  are  close  to  the  border  of 
passivity.  The  16Cr  types  with  1  Mo  offer  higher  corrosion 
resistance  (pitting  and  crevice  corrosion  resistance);  and 

(4)  To  add  Cu  for  precipitation  hardening  and  Nb  to  obtain  fine¬ 
grained  microstructures  showing  high  YS. 

Their  metallurgical  principles  have  been  described  in  several  review 
articles.32'34 

The  section  through  the  ternary  diagram  Fe-Cr-C  for  17%  Cr35 
shows  (Figure  8)  that  most  of  the  alloys  of  this  type  solidify  in  the  form 
of  6-ferrite.  Upon  further  cooling,  ferrite  is  more  or  less  completely 
transformed  in  solid  solution  into  austenite.  In  practice,  the  unwanted 
constituent  6  ferrite  may  be  present  in  13Cr  4Ni.  16Cr  6Ni,  and 
1 7Ct  4Nt  alluys.  It  will,  among  othei  effects,  luwei  the  fatigue  strength 
and  the  corrosion  resistance.  The  composition  of  type  16Cr-5Ni-1Mo 


can,  however,  be  controlled  in  such  a  way  that  there  is  practically  no 
ferrite  present.  The  carbides  to  be  expected  at  low  temperatures  are 
of  type  M23C6.  These  steels  are  usually  air  hardened  and  tempered 
or  solution  annealed. 

The  development  of  this  modem  type  of  steels,  their  production, 
mechanical  properties,  corrosion  resistance,  and  application  have 
been  described  in  great  detail  elsewhere 37 


Ternary  Diagram  FeCrC  for  17%  Cr 


FIGURE  8  -  Phase  diagram  helping  to  illustrate  the  solidification 
of  low-carbon  nickel  martensitic  SSs  35 

Anodic  SCC  of  nickel  martensitic  SSs 
The  anodic  SCC  behavior  of  the  16Ci-5Ni-1Mo  martensitic  SSs 
in  boiling  35%  MgCI2  solution  is  compared  to  a  13Cr  and  17Cr-2Ni 
martensitic  SS  and  a  standard  l8Cr-10Ni  austenitic  SS  in  Figure  9. 
The  constant  extension  rate  tests17  reveal  that  the  normal  heat 
treatment  for  this  steel  is  yielding  better  results  than  a  heat  treatment, 
increasing  its  tensile  strength.  The  13Cr  martensitic  SS  is  remarkably 
resistant  to  anodic  SCC.  By  way  of  comparison,  the  SCC  resistance 
of  the  standard  austenitic  SS  is  very  low  and.  according  to  this  test, 
so  Is  that  of  the  18Cr-10Ni  (austenitic)  SS.  The  negative  effect  of  a 
deviation  from  the  standardized  heat  treatment  of  16Cr-5Ni-1Mo 
martensitic  SSs  aiming  at  higher  strength  levels  also  comes  out 
clearly  in  constant-load  tests,  evidencing17  a  difference  in  threshold 
stresses  of  about  80  MPa  (Figure  10). 


CERT:  Ni-Martensitic  vs  Martensitic  SS 


FIGURE  9— Constant  extension  rate  tests  comparing  low-carbon 
nickel  martensitic  SS,  martensitic  SS,  and  austenitic  SS  in 
concentrated  chloride  solution.17 
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see  Resistance  of  16  Cr-5  Ni-1  Mo*(,,soft“) 
Martensitic  SS 


O  200  400  600  800  1000 


Tensile  Stress  in  MPa 

FIGURE  10— Influence  of  heat  treatment  (strength  level)  on  the 
SCC  resistance  of  a  nickel  martensitic  SS.17 


may  thus  be  triggering  anodic  SCC.  This  becomes  more  critical  the 
higher  the  H2S  concentration.  Figure  12  shows  a  pertinent  failure. 
This  bolt  had  been  given  a  hardness  of  42  HRC  (410  HV)  by 
precipitation  hardening,  so  that  cathodic  (sulfide)  SCC  was  initiated 
in  an  aggressive  chloride-containing  sour  gas  environment  (52% 
H2S,  6.5%  C02,  70°C)  in  which  crack  propagation  proceeded 
intergranularly. 

SCC,  Hardness  and  Yield  Strength 


FIGURE  11— Cathodic  SCC  (sulfide  stress  cracking);  compari¬ 
son  of  martensitic,  nickel  martensitic,  and  precipitation-hard¬ 
ening  steels,  according  to  NACE  Standard  TM0177-86.38  (Re¬ 
printed  with  permission.37) 


Cathodic  SCC  of  nickel  martensitic  SSs 

As  low  nickel  martensitic  Cr-Ni(Mo)  SSs  find  application  in 
various  industries  because  of  their  excellent  mechanical  properties, 
e.g.,  in  petrochemistry  and  in  the  oil  and  gas  industries,  H2S  in 
chloride-containing  environments  may  trigger  cathodic  SCC  (sulfide 
stress  cracking,  hydrogen  embrittlement).  NACE  has  therefore 
established  a  standard  for  testing  steels  under  aggravated 
conditions  38  Figure  1 1 ,  left-hand  side,  represents37  the  stresses  of 
various  low-carbon  nickel  martensitic  SSs  as  a  function  of  their 
hardness  and  in  comparison  to  a  straight  type  410  steel  under 
NACE’s  test  conditions.  Results  show  that  under  such  stringent 
testing  conditions,  no  correlation  between  alloy  chemistry,  hardness 
level,  and  sustained  stresses  can  be  recognized.  The  chart  on  the 
right  side  gives  the  results  on  the  basis  of  the  0.2%  yield  stresses, 
again,  with  no  appreciable  correlation  except  for  the  fact  that,  under 
cathodic  SCC  conditions,  fracturo  at  small  fractions  of  Rp  is  possible. 
Many  influencing  factors  like  hardening  temperature,  cooling  rate, 
and  tempering  conditions  remain  to  be  studied  in  detail.  On  the  other 
hand,  there  is  some  information  on  the  influence  of  strength, 
hardness  and  YS  on  the  resistance  against  cathodic  SCC  of  many 
nickel  martensitic  grades 30'4’'  The  general  rule  derived  from  field 
experience  with  low-alloy  martensitic  steels  seems  to  hold  true  for  the 
stainless  grades,  too:  The  lowest  possible  hardness  will,  in  general, 
yield  a  relatively  good  performance. 


WertcstoffiochniK  BASF 

Hydrogen  Induced  Stress  Corrosion  Cracking 


Setbotd  of  a  blower 
iSourga*  52*H^/65%CO, 

Temperature:  70*C 
Material  IR3%Cr/4.3%Ni/ 

35%Cu/0S%Nb 
[Hardness;  410HV(&42HRC1 


FIGURE  1 2— Case  history:  sulfide  stress  cracking  of  a  setbolt  of 
a  blower  In  an  aggressive  sour  gas  environment. 


Since  the  use  of  13Cr-4Ni(Mo)  SS  at  times  involves  applications 
where  exposure  to  hot  chlorides  is  required,  the  possible  occurrence 
of  anodic  SCC  must  be  considered.  It  has  been  shown48  that 
tempered  1 3Cr  martensitic  alloys  of  CA-6NM  composition  are  subject 
to  SCC  in  mildly  acidic  or  near-neutral  solutions  of  boiling  25%  NaCI 
after  prolonged  exposure.  The  effect  of  variation  in  tempering 
temperature  appeared  to  have  little  effect  on  the  resistance  to 
cracking.  Increasing  the  molybdenum  content  to  1.5%  produced  a 
substantial  increase  in  resistance  to  anodic  SCC.  In  fact,  Figure  9 
demonstrated  a  high  resistance  of  1 6Cr-5Ni-1  Mo  martensitic  SS,  and 
Figure  10  manifested  the  existence  of  a  threshold  stress  under 
extreme  conditions  of  chloride-induced  anodic  SCC.17  In  applying 
these  laboratory  results,  it  must  not  be  overlooked  that  comparatively 
small  partial  pressures  of  H2S  will  reduce40  the  pitting  resistance  and 


Another  example  of  the  complicated  interplay  of  parameters  is 
that  of  double-temper  treatment.  It  will  increase  the  resistance  to 
cathodic  sulfide  stress  cracking  via  a  change  in  the  fracture  mode 
from  intergranular  to  transgranular  quasicleavage  cracking.  How¬ 
ever,  double  tempering  impairs  the  resistance  to  pitting  and  thus  to 
chloride  SCC.40  The  improvement  in  cathodic  t>CC  resistance  by 
double  temper  is  caused  by  a  reduction  in  hardness  of  the  martensite 
and  an  Increase  in  the  volume  of  retained  austenite  plus  a  change  in 
fracture  mode.  Because  of  its  face-centered  lattice,  the  solubility  of 
hydrogen  in  retained  austenite  is  greater  than  in  the  matrix,  whereas 
the  diffusion  coefficient  is  much  smaller.  This  will  lead  to  a  pile-up  of 
hydrogen  at  the  martensite/retained  austenite  interfaces  and  an 
interaction  of  hydrogen  atoms  with  dislocations  generated  In  them  on 
account  of  the  incompatible  deformation  of  the  two  phases,  thereby 
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leading  to  transgranular  cracking  of  double-tempered  SSs  at  ele¬ 
vated  strains.  As  opposed  to  this,  single-tempered  SSs  failed  by  an 
intergranular  cracking  mode  requiring  a  shorter  path  and  perhaps 
smaller  fracture  energy  per  unit  crack  extension.50  This  appears  to 
explain  the  inferior  resistance  of  13Cr-4Ni-Mo  SSs  in  the  single¬ 
temper  heat  treatment  as  opposed  to  the  double  temper,  where  the 
intergranular  mode  changes  to  transgranular  quasicleavage  crack¬ 
ing,  resulting  in  a  significant  increase  in  the  total  fracture  energy.50 


Maraging  Steels 

The  stress  corrosion  and  hydrogen  embrittlement  behavior  of 
maraging  steels  has  been  extensively  treated  in  a  previous  publica¬ 
tion  5'  For  this  reason  and  because  corrosion-resistant  steels  of  this 
class  are  of  limited  use,  this  topic  will  not  be  dealt  with  in  this  review. 

Low  Interstitial  Ferritic  SSs 

The  development  of  modern  metallurgical  processes  has  made 
it  possible  to  economically  produce  SSs  with  extra-low  carbon 
contents  of  about  0.07%  on  a  large  scale.  Figure  13  represents  this 
development  and  shows  the  impact  of  secondary  metallurgical 
processes  like  argon-oxygen  decarburization  (AOD)  or  vacuum- 
oxygen  decarburization.  It  is  further  possible  to  obtain  low-nitrogen 
concentrations  because  of  the  intensive  refining  reaction  and  to 
adjust  them  by  modern  rapid  analytical  methods  via  the  gas  phase.52 
One  can  make  use  of  this  by  alloying  steels  with  nitrogen  or,  for 
ferritic  steels,  by  guaranteeing  extremely  low  nitrogen  contents.  The 
latter  is  important  to  overcome  cold  brittleness  (high-impact  transition 
temperature)  by  either  a  very  low  concentration  of  carbon  and 
nitrogen  (C  +  N  <  100  ppm)  or  by  a  sufficiently  low  concentration  of 
these  elements  (C  +  N  <  400  ppm)  in  the  presence  of  stabilizing 
elements  (Nb,  Ti).  These  conditions  must  also  be  met  to  guarantee 
resistance  to  intergranular  corrosion.  The  wall  thickness  of  steels  in 
the  400  ppm  interstitial  range  nevertheless  must  not  exceed  certain 
limits.  For  one  of  the  most  important  applications,  heat-exchanger 
tubes,  a  wall  thickness  of  3  mm  (0.12  in.)  will  seldom  be  exceeded 
anyway,  and  for  this  thickness  (and  up  to  about  12  mm),  the 
(stabilized)  400  ppm  level  is  adequate.  Because  of  the  extremely  low 
solubility  of  the  ferritic  lattice  for  carbon  and  nitrogen  at  temperatures 
below  1000’C  (1830°F)  and  the  high  diffusion  rates  of  these 
elements,  chromium-rich  M23C6  carbides  and  nitrides  can  be  formed 
on  grain  boundaries.  The  adjacent  regions  may  thus  become 
chromium  depleted,  causing  a  sensitization  against  intergranular 
corrosion.  This  demands  the  same  metallurgical  measures  as  before, 
i.e.,  lowering  the  concentration  of  interstitials  and/or  stabilization  by 
Ti  (e.g.,  Ti  >  0.20  +  4  [C  +  N])  or  Nb.53 


Technologically  Adjustable  Carbon  Contents  of 
High  Alloy  Chromium-  and  Chromium-Nickel- 
Stainless  Steels 


1910  1920  1930  1940  1950  I  960  1970  1980  1990 
Year 

FIGURE  13— Technological  development  of  steel-making 
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processes 


Anodic  SCC 

Low-interstitial  ferritic  Cr-Mo  or  Cr-Ni-Mo  SSs  have  been 
engineered  to  resist  anodic  (chloride)  SCC.  Because  of  their  afore¬ 
mentioned  thickness  limitation  (at  present,  up  to  a  maximum  of  12 
mm),  no  application  in  sour  gas  or  other  environments  producing 
cathodic  SCC  seems  to  have  been  taken  into  consideration. 

The  resistance  of  such  steels  against  chloride-induced  SCC  is 
remarkable,  so  they  are  used  in  heat  exchangers.  Even  the  straight 
1 8Cr-2Mo  ferritic  SSs  behave  excellently  in  river  water  adjusted  to  an 
artificially  high  chloride  content  of  400  ppm  (Table  I).54 

Crack  initiation  In  chloride  environments.  Higher-alloyed, 
high-purity,  low  interstitial  Cr-Mo  SSs  are,  if  in  the  proper  mill- 
annealed  condition,  immune  to  chloride  SCC  even  in  high  chloride 
concentrations  and  at  high  temperatures  under  open-circuit 
conditions.55  They  may,  however,  become  susceptible  when  their 
open-circuit  potential  is  displaced  in  the  active  direction,  which  may 
happen  under  the  following  conditions:55  (1)  high-temperature  an¬ 
nealing,  and  (2)  high  applied  stress  (in  boiling  42%  LiCI  +  thiourea, 
e.g.,  at  stress  values  of  90%  YS). 

Ferritic  SSs  are  very  resistant  to  pitting  corrosion.  Initiation  of 
SCC,  therefore,  depends  on  the  evolution  of  slip  steps  that  induce 
film  rupture  that  will  provide  for  the  corrosion  sites  initiating  cracking 
as  soon  as  they  have  attained  a  critical  size  and  geometry  for  starting 
an  occluded  cell  mechanism.  This  induction  period  is  characterized 
by  transient  creep  processes  (slip-step  production),  their  rate  de¬ 
creasing  towards  the  end  of  the  induction  period  and  by  the  current 
measured  under  potentiostatic  control.  The  causes  of  this  anodic 
current  have  been  identified;  transient  creep  produces  an  environ¬ 
mental  attack  where  slip  steps  emerge,  thereby  forming  distinct 
corrosion  trenches.55  Figure  14  shows  the  open-circuit  potential 
response  for  the  ferritic  low  interstitial  26Cr-1Mo  SS,  that  is,  in  the 
as-received  (mill-annealed)  conditions,  insensitive  to  SCC  but  un¬ 
dergoes  SCC  when  heat  treated  (grain  coarsened  at  1050°C/30  min 
in  air,  followed  by  a  water  quench),  or  5%  prestrained.  The  total 
repassivation  rates  for  the  latter  two  conditions  are  slower  than  for  the 
immune  mill-annealed  state.  It  could  be  demonstrated  that  both  the 
logarithmic  creep  rates  and  the  slip-step  heights  of  low  interstitial  and 
higher  interstitial  26Cr-1Mo  SS  are  the  same  (Table  2).  From  this,  it 
follows  that  the  decisive  difference  is  in  the  inherent  corrosion  and 
repassivation  rates.  The  26Cr-1Mo  steel  of  lesser  purity  is  bound  to 
develop  critical  localized  occlusion,  thereby  initiating  cracks. 

Ferritic  SS:  Potential  Response  During  SCC 


Steel:  26  Cr-1  Mo  SS 
Medium:  42%  LiCI  +  Thiourea 
Applied  Stress:  0.9  x  YS 


FIGURE  14— Open-circuit  potential  response  of  a  low  Interstitial 
ferritic  SS  to  different  pretreatments. 


Effect  of  some  alloying  elements.  The  effect  of  various 
alloying  elements  has  been  studied  but  is  not  as  welt  understood.  In 
concentrated  MgCI2  solution,  nickel55  5’  and  copper58  have  adverse 
effects  on  SCC  resistance.  Although  it  withstood  the  NaCI  wick  test, 
28.5Cr-4.2Mo  lerritic  SS  cracked  in  the  MgCI2  test.  On  the  other 
hand,  a  combination  of  small  amounts  of  Ni  and  Cu  will  not  impair  the 
immunity  of  low  interstitial  ferritic  SSs  in  concentrated  boiling  MgCI2 
solutions  (Figure  15).59  Figure  15  also  illustrates  the  complete 
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immunity  of  purely  ferritic  steels  containing  Ni  and  Cu  in  a  wider  range 
of  concentrations 60  Nickel  additions  (0,  0.5,  1 .75,  4Ni)  exert  an 
influence  upon  the  nominal  tensile  stress  at  fracture  above  one 
percent  and  at  strain  rates  of  the  order  of  10“6  s-1  in  the  ranges  of 
total  strains  beyond  1%  Under  these  conditions,  a  decrease  of  the 
fracture  stress  can  be  noticed 60  A  straight  1 8Cr  ferritic  SS  containing 
1  5%  nickel  responds  to  potentiostatically  applied  potentials  in  a 
way61  other  than  the  high-purity,  low  interstitial,  ferritic  alloys  of  type 
26Cr-1Mo  or  28Cr-2Mo  In  contrast  to  those  steels  (and  in  42% 
MgCI2  solution  containing  no  thiourea),  SCC  occurs  at  the  open- 
circuit  potentials  and  at  more  noble  potentials  (Figure  16).6' 


SCC  Resistance  of  Ferritic  Steels 


FIGURE  15— SCC  resistance  of  low-interstitial  ferritic  SSs  as 
Influenced  by  copper  and  nickel  contents.59 


Ferritic  SS:  Potential  Dependence  of 
SCC  Resistance 


Potentiostatically  Applied  Potential  in  mV  (SHE) 


FIGURE  16  — Potential  response  of  a  nickel-bearing  ferritic  SS 
showing  a  range  of  potentials  below  the  opon-circuit  potential 
(Uco„),  which  provides  cathodic  protection.  (Reprinted  with 
permission.81) 

Research  is  still  in  progress  to  improve  our  understanding  of  the 
reactions  of  these  steels  exposed  to  environments  and  strains.  In  this 
context,  the  film-induced  cleavage  model  should  be  mentioned,87 
and  also  the  investigations  into  the  properties  of  the  passive  films 
formed  on  ferritic  SSs  in  Cr  solutions  63  It  could  be  shown  by  Auger 
electron  spectroscopy  that  the  increased  resistance  of  the  passivo 
films  resulting  from  increased  Cr  concentrations  in  Fe-Cr  and 
Fe-Cr-Mo  ferritic  SSs  can  be  attributed  to  Cr  enrichment,  which,  in 
turn  resulted  in  this  case  in  thinner  films  Figure  17  elucidates  this  for 
the  ratio  of  Cr  cations  to  iron  cations  in  the  passive  film  to  that  in  the 


alloy.63  For  practical  purposes,  e.g.,  for  heat-exchanger  tubing  in  the 
chemical  process  industries,  the  observation  that  a  solution  passi¬ 
vation  treatment  leads  to  Cr  enrich,  .nt  is  of  immediate  interest  and 
so  is  the  result  that  passive  films  formed  at  260°C  are  much  thicker, 
exhibit  Cr  enrichment,  and  increased  pitting  resistance.  In  accor¬ 
dance  with  findings  for  a  ferritic,  ferritic-austenitic,  and  austenitic  SS 
in  chloride-free  sulfuric  acid  environments  (see  Figure  51  ),100  mo¬ 
lybdenum  does  not  change  the  macrocharacteristics  of  the  film 
much.  Also,  chloride  is  generally  not  incorporated  into  the  film  under 
pitting  conditions  and  has  no  effect  on  passive  film  characteristics.61 

In  the  practical  application  of  these  steels,  Figure  18  should  be 
kept  in  mind.64  On*  warning  of  this  constitution  diagram  pertains  to 
thermal  treatments  during  fabrication  like  welding  and  forming,  which 
bear,  at  longer  times  in  the  critical  temperature  range,  the  risk  of 
(j-phase  formation  accompanied  by  embrittlement.  Another  deterio¬ 
ration  of  ductility  may  occur  in  long-time  service  of  components  at 
temperatures  higher  than  280°C  because  of  the  475°C  embrittlement, 
which  is  caused  by  the  miscibility  gap  leading  to  the  decomposition 
of  the  Fe-Cr  solid  solution  into  the  two  phases  indicated  in  Figure  1 8. 
Provided  that  such  conditioning  factors  are  taken  into  account,  the 
immunity  of  low  interstitial  Cr-Mo  steels  to  hot  chloride  and  caustic 
solutions  has  been  proven  and  also  that  of  nickel-bearing  "superfer- 
ritic”  steels  in  industrially  important,  concentrated  chloride  solutions.65 


Ferritic  SS:  Cr-enrichment  Ratios 


FIGURE  17— Auger  electron  spectroscopy  results  showing  the 
ratio  of  Cr  cations  to  Iron  cations  depending  on  environment 
and  alloy  composition,63 


Ferritic-Austenitic  SSs 

As  in  the  previous  cases,  ferritic-austenitic  SSs  are  used  in 
environments  that  may  produce  anodic  or  cathodic  (sulfide)  SCC. 
The  development  of  this  class  of  steels  was  initiated  by  me  chemical 
industry's  demands  for  good  corrosion  resistance  ana  higher  strength 
than  austenitic  SSs.  They  have,  however,  found  wide  application  in 
other  areas,  primarily  in  the  oil  and  gas  industry. 

Anodic  SCC 

Duplex  SSs  have  found  many  successful  chemical  engineering 
applications.  This  is  in  addition  to  their  advantageous  mechanical 
properties  (see  Reference  75),  which  result  from  two  tacts.  (1)  their 
pitting  resistance  (supenor  to  austenitic  standard  grades)  and  (2) 
their  high  SCC  threshold  stresses.  Figure  19  exemplifies  this  for  three 
ferritic-austenitic  SSs  and  an  austenitic  SS,  in  that  the  threshold 
stress  of  the  latter  is  only  about  one-third  that  of  the  duplexes  (boiling 
35%  MgCI2  solution,  ^C).66 
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TABLE  1 

Stress  Corrosion  Cracking  in  Rhine  River  Water53,54 


Rhine  River  Water  Adjusted  to  a  Chloride 
Content  of  400  ppm 

Material  Combinations: 

Testing  Time: 

80°C  (176°F) 
Air  (1  Bar) 

5  Weeks 

tOO’C  (210°F) 

02  (2  Bar) 

8  Weeks 

130°C  (265°F) 

02  (2  Bar) 

8  Weeks 

1 8Cr-2Mo/1 8Cr-2Mo 

NC<A)/NC 

NC/NC 

NC/NC 

18Cr-2Mo/type  321 

NC/NC 

nc/scc(8) 

NC/SCC 

18Cr-2Mo/ 

18Cr-10Ni-2.5Mo 

NC/NC 

NC/NC 

NC/SCC 

18Cr-2Mo  (old)/ 

18Cr-2Mo  (old) 

NC/NC 

NC/NC 

NC/NC 

25Cr-25Ni-2.5Mo/ 

18Cr-10Ni-2.5Mo 

NC/NC 

NC/NC 

NC/SCC 

Type  321  /type  321 

NC/NC 

SCC/SCC 

SCC/SCC 

(A,NC  =  no  cracking. 

(B,SCC  =  stress  corrosion  cracking  (transgranular). 


TABLE  2 

Slip-Step  Height  Measurements  (Slip-Step  Height  in  nm)55 


low  Interstitial  26Cr-1Mo  Alloy  High  Interstitial  Alloy  26-1  S 

(ASTM  XM-27)W _  _  (ASTM  XM-33),A> 


Condition 
Slip-Step  Height 


Mill  annealed 
AO  =  2.5 


5%  Pretreatment  Grain  coarsened 


5%  Prostrained 
3505C-1  h-AC 


210  =  21  117  =  12  60  =  6 


Mill  annealed 
44  ±5 


5%  prestrained 
220  =  15 


Grain  coarsened 
124  *  12 


(A)Samp!es  wore  stressed  at  90%  of  the  yield  strength  for  1  h  in  silicone  oil  at  140’C. 


Binary  Fe-Cr  Alloysa -,a'-  and  <t -Phase  Domains 


FIGURE  18— Binary  constitution  diagram  Fe-Cr.M 


SCC  Resistance  of  Ferritic-Austenitic  Steels 


FIGURE  19— Constant-load  SCC  tests  (ferritic-austenitic  SSs  vs 
austenitic  SS).6® 
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This  high  resistance  can  be  explained  by  the  fact  that  the 
formation  of  partial  dislocations  is  necessary  for  twin  nucleation.67  It 
requires  conditions  of  low  thermal  activation.  At  the  temperature 
indicated,  twinning  and  SCC  susceptibility  decrease. 

Figure  20  reveals  the  existence  of  a  cathodic  protection 
potential.66  It  is  interesting  to  note  that  the  protection  potentials  for 
the  duplex  SSs  and  the  austenitic  SSs  are  close  together  despite  the 
fact  that  the  steels  were  stressed  at  a  level  corresponding  to  their 
widely  differing  room  temperature  YSs. 

It  is  assumed,  for  copper-alloyed,  ferritic-austenitic  SS,  that  low 
strain  rates  will  yield  a  particularly  good  resistance  to  SCC  in  MgCI2 
solutions.68  For  copper-free  22Cr-5Ni-3Mo  SS,  this  result  could  not 
be  confirmed  in  constant  extension  rate  tests  (Figure  21). 17,66  On  the 
other  hand,  Figure  19  showed  that  the  copper-bearing  duplex  steel 
has  no  higher  threshold  stress  than  the  22Cr-5Ni-3Mo(N)  duplex 
steel.  The  question  remains  whether  the  reason  for  this  is  electro¬ 
chemical  or  mechanical  in  nature. 

Again,  anodic  SCC,  like  cathodic  SCC  in  H2S-containing 
chloride  solutions,  depends  on  the  microstructure  and  is  therefore 
influenced  by  thermal  treatments.  The  formation  of  <r-phase  will  be 
detrimental,  as  in  the  case  of  sulfide  SCC.  Figure  22  indicates  that 
exposing  a  duplex  steel  to  800°C  for  1  h  will  lead  to  a  reduction  of 
threshold  stress.  Of  much  greater  effect  are  inadequate  welding 
procedures.69  They  may  cause  high-temperature  ferritizaticn  (see 
Figure  29).  Figure  23  shows  the  considerable  loss  in  threshold  stress 
by  tungsten  inert  gas  (TIG)  welding,  caused  by  high  (tensile)  welding 
stresses  in  the  weld  metal  and  the  immediately  adjacent  HAZ.  It  is 
likely  that  the  microstructural  changes  in  the  HAZ  (see  Figure  29)  add 
to  this  dramatic  loss  in  SCC  resistance,  which  is  less  pronounced  in 
the  case  of  manual  arc  welding  because  it  provides  for  a  higher  heat 
input,  a  longer  characteristic  cooling  time  tl2/8,  and  a  sufficient 
retransformation  of  high-temperature  8-ferrite  into  austenite,  respec¬ 
tively. 

Figure  24  shows  the  influence  of  residual  stresses  on  the  SCC 
resistance.  The  circles  refer  to  ground  specimens,  the  triangles  to 
those  ground  in  the  same  way  but  thereafter  pickled  to  remove  a 
surface  layer  of  200  jim  in  depth.  It  had  been  proven  by  the 
simVx-ray  method  that  the  internal  tensile  stresses  resulting  from 
grinding  will  be  removed  completely  by  pickling.69  The  two  curves  ot 
Figure  24  differ  by  about  70  MPa,  which  is  in  good  agreement  with  the 
internal  stresses  produced  by  the  grinding  procedure  in  question  and 
measured  by  the  sin*i|i  method.69 
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FIGURE  20-Threshold  stress  and  electrode  potential.68 

Cathodic  SCC  in  H2Slchloride  environments 
The  duplex  (austenitic-ferritic)  SSs  are  prime  candidates  for 
sour  gas  well  applications  in  moderately  aggressive  environ¬ 
ments  U  They  combine  high  strength  with  good  general  corrosion 
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resistance,  resistance  against  pitting,  SCC,  and  CF.  YSs  between 
550  to  1100  MPa  are  needed  for  downhole  tubular  products, 
wellhead  components,  and  other  designs.  The  lower  YS  level  can  be 
covered  by  some  annealed  duplex  alloys,  whereas  the  higher 
strength  range  must  be  attained  by  cold  working. 

it  has  been  shown  that  at  elevated  temperatures,  a  critical  H2S 
content  exists  above  which  cracking  occurs.7’  The  critical  partial 
pressure  of  H2S  is  in  the  0.62  MPa  (5  psi)  range  for  stresses  near  the 
YS  as  shown  in  Table  3.7’ 

The  threshold  stresses  of  newly  annealed  25Cr-5Ni  duplex  steel 
are  typically  greater  than  90%  of  the  YS  in  the  NACE  Standard 
TM0177-86.38  However,  a-phase  embrittlement  in  the  800PC  range 
causes  short  times-to-failure,  even  at  stresses  below  0.8  YS.  Normal 
heat-treatment  conditions  like  annealed,  as-hot-worked,  etc.,  seem 
to  cause  no  major  changes  in  susceptibility.  These  operations  will  not 
lead  to  such  drastic  changes  in  microstructure  as  may  occur  by 
welding. 

CERT:  Fracture  Stress  of  a  Ferritic-Austenitic  SS 


10-*  10-*  10-'  10-*  10J  ICT1 

Extension  Rate  in  s-’ 


FIGURE  21  -Copper-free,  ferritic-austenitic  SS:  constant  exten¬ 
sion  rate  tests  showing  no  rate  Influence.17,66 


SCC  Resistance  and  Sigma-Phase 
Formation  in  a  Ferritic-Austenitic  SS 


FIGURE  22— u-phase  formation  and  SCC  resistance  In  a  ferritic- 
austenitic  SS.69  a*phase  domains  (Figure  18).  Bolling  35% 
MgClj  solution  (125.5°C). 


458 


EICM  Proceedings 


Welding  Procedures  and  SCO 
Resistance  of  22  Cr-5  Ni-3  Mo  SS 


Tensile  Stress  in  MPa 


FIGURE  23— Welding  procedures  and  SCC  resistance  of  22Cr- 
5Ni-3Mo  ferritic-austenitic  SS.  Influence  of  welding  procedures 
on  time-to-failure.69 


SCC  Resistance  and  Surface  Treatment 
(Ferritic-Austenitic  SS) 


60  80  100  120 
Tensile  Stress  in  % 

of  0.2%-Offset-Yield  Strength  at  125.5°C 


FIGURE  24— Influence  of  residual  stresses  on  the  anodic  SCC 
resistance  of  a  duplex  steel.  Internal  stresses  caused  by 
grinding  were  removed  by  pickling,  which  resulted  In  a  shift  of 
the  timo-to-fallure  curve  toward  higher  sustainable  tensile 
loads.69 

Changes  in  microstructure  by  welding 
Constant-load  tests  at  room  temperature  showed  that  TIG, 
metal  inert  gas  (MIG),  or  electron-beam  welding  is  not  detrimental  for 
the  cracking  resistance  of  duplex  SSs  in  sections  that  are  not  too 
thick.  Shielded  metal  arc  (SMA)  welding  causes  a  slight  decrease  of 
the  sulfide  SCC  resistance  related  to  the  particular  pitting  and  crevice 
sensitivity  of  the  weld.  However,  welding  conditions  must  be  carefully 
selected.  Figure  25  exposes  a  section  through  the  ternary  system7* 
Fe-Cr-Nl  indicating  that  at  usual  Ni  contents  of,  for  example,  5.5% 
(dotted  line),  the  8-ferrite  formed  upon  solidification  will  be  partly 
transformed  into  austenite  below  around  1250JC.  At  slow  cooling 


rates,  the  desired  8/7  ratio  (50:50)  will  be  acquired.76  On  the  other 
hand,  during  welding,  the  formation  of  8-ferrite  is  a  speedy  process, 
as  Figure  26  demonstrates  by  the  fact  that  there  is  no  difference  in 
S-content  between  a  30-s  flash  annealing  and  long-time  annealing. 
Slow  cooling  rates  between  1200  and  800°C  are  necessary  to  allow 
sufficient  time  for  the  reaustenitization  process.  It  has  been  shown 
that  the  minimum  cooling  rate  requires  a  characteristic  cooling  time 
ti2/8  °f  at  least  10  s  for  cooling  from  1200  to  800°C.77  The 
microstructure  in  the  weld  metal  given  (and  certain  prerequisites  like 
minimum  Ni  content  in  the  parent  metal)  will  then  contain  at  least  25% 
austenite  (Figure  27).  This  demands,  for  different  designs,  a  certain 
heat  input  and/or  a  preheat.  Figure  28  displays  examples  demon¬ 
strating  the  criticality  of  spot-welding  or  arc  strikes,  built-up  weld 
seams  or  repair  welds  that  may  be,  because  of  too  low  an  austenite 
content,  extremely  susceptible  to  SCC.77  The  welding  process 
parameters  are  safeguarding  proper  microstructure,78  and,  by  that, 
CF  and  SCC  resistances  as  summarized  in  Figure  29.77 

Ternary  System  Fe-Cr-Ni 
(Section  at  70%  Fe) 


Chromium  Content  in  % 

31  26  21  16  11 


FIGURE  25— Constitution  diagram  Fe-Cr-NI  (section  at  70% 
Fe).76 

Ferritic-Austenitic  SS: 
High-Temperature  Ferritization 


FIGURE  26— High-temperature  ferritization  of  a  ferrltic-auste- 
nltic  SS77  by  flash  and  long-time  annealing. 
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TABLE  3 

The  Effect  of  H2S  Content  and  Temperature 
on  Environmental  Embrittlement  25%  Cr  Duplex  SS  C-Ring71,(A) 


Temperature  [°C  (°F)]  _ %  H,S 


0.04 

1 

10 

25 

(78) 

nc(B> 

C<c> 

90 

(195) 

NC 

NC 

NC 

121 

(250) 

NC 

NC 

C 

149 

(300) 

NC 

C 

177 

(350) 

NC 

NC 

C 

204 

(400) 

NC 

NC 

C 

232 

(450) 

NC 

NC 

260 

(500) 

C 

NC 

(A)0.9  to  0.95  <ry,  like  bolts  C02/H2S/Cr  environments,  1000-h  exposure;  initial 
pressure  =  0.62  MPa  (90  psia)  at  room  temperature.71 
<B)NC  =  no  cracking. 

<c>C  =  cracking. 

WterkstofftecItniX  BASF 


Ferritic-Austenitic  SS:  Microstructure 
of  TIG  Butt-Seam  Weld 


ttl  mm|  '■  ,  •  • 

Welding  Parameters  Welding  Current  )20A 

Arc  Burning  Voltage  1 3.5  V 
Welding  Speed 
Heat  Input 
Pre-heat 

Cooling  Rate  t,,  4  12.8  5 

FIGURE  27— Microstructure  of  a  TIG  butt-seam  weld  of  a 
ferritic-austenitic  SS. 

Ferritic-Austenitic  SS:  Weld  Geometry 
and  Critical  Cooling  Bate 


FIGURE  28-lnfluence  of  weld  geometry  and  characteristic 
cooling  time  t12ra  (indicative  of  the  critical  cooling  rate)  on  the 
austenite  content  In  weld  metal  and  heat-affected  zone.  The 
geometries  In  the  lower  part  (tt2/8  10  s)  are,  without  preheat¬ 

ing,  critical  with  respect  to  the  minimum  required  austenite 
content  and  toughness.78 


The  resistance  of  duplex  steels  against  sulfide  SCC  is,  in 
addition  to  these  microstructural  changes,  remarkably  lowered  by 
precipitations  and  hardening  processes,  respectively,  in  the  ferrite, 
and  also  by  precipitations  at  ferrite-austenite  grain  boundaries,  e.g„ 
chromium  carbides  or  nitrides  and,  below  1000°C,  a-phase  (700  to 
850°C). 

The  alloying  element  nitrogen  plays  a  beneficial  role  in  the 
process  of  the  reformation  of  austenite  during  cooling  from  welding 
temperatures.  It  has  been  shown  that,  depending  on  the  cooling  rate, 
precipitations  of  chromium  nitrides  (Cr2N)  or  chromium  carbonitrides 
will  start  to  precipitate  at  grain  boundaries  and  within  the  ferritic 
grains  below  around  1 150°C.  Depleting  thereby  their  surroundings  of 
Cr,  austenite  will  start  to  form  around  such  initiation  points.77  For  a 
22Cr-5.5Ni-3Mo  duplex  steel  with  about  0.15%  N  t,2/s  values 
0  >  10  s  (Figure  28)  will  safeguard  a  sufficient  amount  of  reconverted 
austenite  and  a  normally  sufficient  time  for  replenishing  the  Cr- 
depleted  areas  around  precipitated  nitrides.  Low-nitrogen,  duplex 
SSs  behave  in  a  different  fashion.79  In  contrast  to  high-nitrogen 
alloys,  they  retain  their  a/y  structure  upon  annealing  to  temperatures 
up  to  12605C,  whereas  the  high-nitrogen  steels,  upon  cooling  from 
1350’C,  for  example,  begin  to  precipitate  Cr2N  well  below  this 
temperature. 

There  are  other  actions  of  nitrogen,  too.  It  has  recently  been 
shown  that  the  resistance  against  SCC  in  20%  NaCI  solution  with  1 
bar  H2S  drastically  increases  when  the  nitrogen  content  is  increased 
from  0.04  to  0.14%  N.  From  then  on,  in  the  investigated  range  up  to 
0.24%  N,  the  alloys  sustained  90%  of  the  0.2%  YS  (i.e.,  441  MPa)  in 
this  test.  This  improvement  appears  to  result  from  an  increased 
resistance  of  the  austenite  phase  by  ihe  dissolved  nitrogen  itself.80 

Mechanistic  aspects 

The  influence  of  temperature  and  H2S  pressure  on  the  threshold 
stress  that  does  not  cause  rupture  after  a  720-h  period  were  studied 
by  means  of  constant-load  tests  and  constant  extension  rate  tests. 
Results  show  that  duplex  grades  withstand  cathodic  SCC  up  to  80  to 
90%  of  the  YS  at  room  temps,  ature.  Increasing  the  temperature  to 
the  range  from  60  to  90'C  is  detrimental,  but  at  higher  temperatures, 
up  to  1 505C,  the  threshold  stress  again  becomes  as  high  as  at  room 
temperature.  This  particular  behavior  is  in  contrast  to  that  of  31 6L 
(UNS  S31 603)  SSs.  It  seems  to  be  related  to  the  specific  feature  of 
the  cracking  process  in  duplex  SSs  consisting  of  local  depassivation 
of  the  ferrite  phase  caused  by  a  mechanical  twinning  in  this  phase. 
As  twinning  decreases  with  increasing  temperature,  duplex  SSs 
exhibit  a  superior  resistance  in  solutions  that  are  hot  according  to 
NACE  Standard  TM0177-86.8’-82  The  cracking  process  can  bo 
explained  by  the  localized  rupture  of  the  passive  film  under  the  effect 
of  both  the  chemical  aggressiveness  of  the  test  solution  and 
mechanical  stresses.  Table  4  shows  the  corrosion  rates  ot  316L  and 
a  22Cr  6Ni-3Mo  1.5Cu  duplex  SS  to  be  increased  by  roughly  50% 
when  a  stress  corresponding  to  40%  of  the  YS  is  applied.  This  anodic 
dissolution  process  is  strongly  accelerated  when  temperature  in- 
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creases.  The  NACE  Standard  TM01 77-86  solution  at  60°C  and  1  bar 
H2S,  for  example,  is  so  aggressive  that  austenitic  31 6L  SS  cannot 
repassivate.  Duplex  SSs  are  by  far  more  resistant,  having  corrosion 
rates  of  0.05  to  0.1  mm/year  depending  on  their  chromium  content. 
This  is  another  factor  that  accounts  for  their  better  SCC  resistance. 

The  mechanism  of  SCC  is  closely  coupled  to  mechanical  and 
electrochemical  phenomena:83 

(1)  In  the  ferrite,  depassivation  is  essentially  determined  by 
mechanical  twinning,  whereas  in  the  austenite,  cracks  initiate  at  glide 
steps.  Gliding  on  the  ferrite  surfaces  is,  however,  insufficient  to  cause 
localized  depassivation  occurring  even  for  elevated  temperatures 
(100  to  200°C)  because  of  the  more  violent  effects  of  mechanical 
twinning.  This  sensitivity  to  twinning  disappears  as  soon  as  the  ferrite 
contains  no  nickel,  which  is  not  the  case  in  duplex  steels  (but  is  the 
case  in  straight  18Cr-2Mo,  26Cr-1Mo,  or  28Cr-2Mo  ferritic  SSs)  (see 
preceding  paragraph). 

(2)  Cracking  thus  seems  to  be  determined,  in  the  lower  stress 
region,  by  the  localized  depassivation  of  austenite  caused  by  glide 
processes  or,  at  higher  stresses,  by  that  of  ferrite,  twinning  being 
responsible  for  crack  initiation  and  propagation  in  most  practical 
cases.  Ferrite  is  anodic  to  austenite.  At  low  stresses,  ferrite,  which  is 
not  yet  plastically  deformed,  cathodically  protects  austenite,  which  is 
already  plastically  deformed.  When  the  stress  reaches  the  critical 
value  for  twinning,  depassivation  becomes  possible  in  ferrite,  initiat¬ 
ing  localized  corrosion  and  cracking.  This  explains  why  ia;  duplex 
steels  are  more  resistant  than  austen.iic  steels  and  (bj  why  crack 
initiation  takes  place  in  ferrite  containing  Ni  and  at  the  a/y  inter¬ 
phases.  It  could  be  demonstrated  that  the  stress  at  which  twinning 
appears  is  lower  than  the  yield  stress  in  ferrite.83  Damage  from  twins 
appears  well  before  damage  from  slip.  The  SCC  threshold  stresses 
in  duplex  steels  are  directly  related  to  the  occurrence  of  twinning 
representing  the  critical  strains  at  which  twinning  starts  and  promotes 
cracking  ai  a  certain  fraction  of  VS.  Twins  constitute  shared  regions 
with  a  higher  surface  roughness  as  compared  to  slip.  Consequently, 
the  rapid  rupture  of  the  passive  film  upon  the  formation  of  twins  will 
yield  a  stronger  damaging  depassivation  effect  compared  to  damage 
by  slip  steps.84 

The  observation  that  crack  initiation  seems  to  start  frequently  in 
the  ferrite  or  the  interphase  ferrite-austenite  underlines  the  close 
coupling  of  mechanical  and  electrochemical  processes  and  the 
interrelationship  between  the  two  phases.85  If  the  ferrite  content  is  too 
high  or  too  low,  the  cracking  resistance  may  diminish.  In  the  first 
case,  cracks  initiate  and  propagate  in  the  ferrite  or  at  the  ferrite- 
austenite  interphases.  In  the  second  case,  the  alloy  behaves  like  an 
austenitic  SS.  The  ferrite  content  therefore  should  be  kept  between 
certain  limits,  for  example,  30  and  70%. 

Regarding  the  cathodic  (sulfide)  stress  corrosion  in  detail,  there 
is  still  an  open  question:  Is  a  chloride  or  hydrogen-induced  cracking 
mechanism56  prevailing?  Table  5  does  not  clearly  answer  that 
question: 

(1;  If  the  chloride  induced  formation  of  pits  would  be  the  initial  step 
of  the  cracking  process,  one  cannot  expect  a  marked  increase 
in  timo-to-failure  until  a  pH  value  nears  the  neutral  point  because 
the  pitting  potential  depends  little  on  pH  in  this  range.  A 
noticeable  Increase  in  time-to-failure  would  not  be  expected 
before  weakly  alkaline  conditions  are  established. 

(2)  In  the  case  of  a  hydrogen-induced  cracking  mechanism,  the 
time-to-failure  should  markedly  decrease  with  decreasing  pH, 
and  no  cracks  ought  to  be  expected  at  pH  >  6. 

Tablo  5  hints  more  to  a  chloride-induced  mechanism.86 

A  definitive  distinction  between  these  two  mechanisms  can  be 
made  on  the  basis  of  the  dependency  of  time  to  failure  on  both  test 
temperature  and  potential  (Table  6).  In  this  table,  “free  corrosion 
potential"  means  values  at  test  start,  "potential"  refers  to  the 
potentioslatically  impressed  potentials  relative  to  the  free  corrosion 
potential. 

Under  free  corrosion  conditions,  the  time  to  failure  decreases 
marke  "y  with  an  increase  in  temperature  from  ambient  to  60'C,  a 
metallographic  examination  reveals  the  formation  of  mostly  branched 


cracks  combined  with  preferential  attack  of  the  ferritic  phase. 
Decreasing  the  potential  potentioslatically  by  just  0.1  V  relative  to  the 
free-corrosion  potential  increases  the  SCC  resistance  drastically. 
Increasing  it  by  the  same  amount  in  the  other  (more  noble)  direction 
decreases  it.  In  the  latter  case,  cracks  form  in  the  initial  stages  of  the 
corrosion  process,  whereas  in  the  later  stages  their  propagation  rate 
seems  to  be  exceeded  by  the  growth  rate  of  simultaneously  formed 
pits.  Again,  the  ferritic  phase  is  preferentially  attacked.  Final  failure  is 
caused  by  cross-section  reduction  resulting  from  pitting  86 

The  preferential  attack  of  the  ferritic  phase  indicates  a  potential 
drop  resulting  from  resistance  polarization  within  the  cracks,  because 
in  1  M  H2SO„  saturated  with  H2S,  this  type  of  attack  occurred  only 
under  complete  active  conditions  The  potential  drop  within  pits  is 
obviously  lower  than  within  the  cracks,  since  within  pits  not  only 
ferrite  but  also  austenite  can  be  attacked  preferentially,  the  latter 
being  possible  only  within  the  active-to-passive  transition  range  in  the 
corrosion  rate  vs  potential  curve. 

The  experimental  findings  that  the  time-to-failure  increases 
when  potentials  become  more  negative,  decreases  when  potentials 
become  more  positive,  and  decreases  with  increasing  temperature 
can  be  explained  in  terms  of  a  chloride  induced  SCC  mechanism. 
Hydrogen-induced  cracking  would  result  in  a  complete  inverse 
dependence  of  time-to-failure  on  both  potential  and  temperature.86 

Cracking  of  the  ferrite  induced  by  hydrogen  entry  cannot  be 
excluded,87  especially  in  cases  where  the  potential  is  rather  negative, 
the  pH  is  low,  and  the  temperature  is  not  too  far  above  ambient. 
Figure  30  offers  an  example  in  which  these  factors  came  into  play,90 
together  with  the  formation  of  coarse  grains  because  of  the  afore 
mentioned  unfavorable  welding  parameters  (Figures  26  and  28). 

Measures  for  preventing  SCC  under  the  combined  influence  of 
chloride  ions  and  H2S  in  aqueous  environments  can  be  aimed  at  the 
following: 

(1)  Lowering  the  H2S  concentration.  Table  7  shows  that  a  decrease 
of  the  H2S  concentration  from  1.8  to  1.0  g/L  at  ambient 
temperature  and  1.1  to  1.0  g,'L  at  60"C  have  little  influence  on 
time-to  failure.  A  further  decrease  to  0.1  g.'L  H2S  results  in  a 
pronounced  rise  in  lifetime; 

(2)  Decreasing  the  stress  level  below  the  threshold  stress:  and 

(3)  Carefully  selecting  the  welding  parameters  as  mentioned  above. 
It  should  be  noted  that,  at  a  high  degree  of  high-temperature 

ferritization  in  the  weld  metal  and  HAZ,  intergranular  corrosion 
resulting  from  the  well-known  sensitization  of  ferrite  after  rapid 
cooling  may  occur.88  The  carbon  not  dissolved  in  the  ferrite  precip¬ 
itates  in  the  form  of  chromium  carbides  along  the  grain  boundaries, 
these  zones  being  attacked  by  acidified  solutions  in  pits  or,  as 
observed  earlier,  in  crevices.89 

Corrosion  Fatigue 

All  SSs  show  essentially  the  same  characteristic  features  of  CF. 
For  this  reason,  it  seems  appropriate  to  mention  the  underlying 
common  principles  of  this  mechano-electrochemical  typo  of  loading, 
which  is  characterized  by  dn  unusually  large  number  of  paiameters 
(seo  References  148-151). 

Mechanical  and  electrochemical  influencing  factors 
Figure  31  show  some  mechanical  and  electrochemical  entities 
taking  effect  on  the  CF  behavior  of  metals  and  alloys.  CF  comprises 
all  the  elements  of  fatigue  from  the  engineering  point  of  view  (left  pari 
of  Figure  31)  beside  those  on  the  side  of  the  corrosive  medium.  A 
mechanistic  consideration  ought  to  take  into  account  an  even  greater 
number  of  fatigue  parameters  and  their  interplay  with  many  charac¬ 
teristic  materials  properties  (Figure  32).°' 

Of  special  importance  for  the  CF  of  SSs  is  the  initial  stage  in 
Figure  32  comprising  a  large  ui  small  number  of  cycles  in  Ihe  cdse 
of  high-  and  low-cycle  CF,  respectively.  In  this  stage,  cyclic  harden¬ 
ing,  cyclic  softening,  or  a  combination  of  both  will  occur  provided  the 
stresses  exceed  the  oyclic  eiastio  limit.  Ai  the  end  of  this  stage,  the 
formation  of  microscopic  fatigue  cracks  can  be  observed,  and  along 
with  that,  the  fatigue  processes  die  moving  mure  and  mure  to  the 
specimen  or  component  surfdce  where  conusion  begins  to  come  into 
play. 
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Ferritic-Austenitic  SCC/CF:  Welding  and  Microstructure 
1)  Heat  Input  2)  Weld 

Section  a  -  b 


HAZ  HAZ 


3)  Local  and  Time-dependent  Course  of  Time  4)  Characteristic  Cooling  Time  tl2/8 


disribution 


coordinate 

center 


T  =  f(t) 


cooling  lime  tu/8  from  1200°C  to  800°C 


5)  Effect  of  Heat  Input 


FIGURE  29— Influence  of  welding  parameters  (heat  input),  local  and  time-dependent  course  of 
time  on  microstructure  In  ferritic-austenitic  weld  metal  and  heat-affected  zone,  SCC,  and 
corrosion  fatigue  resistance  (schematic).77 


TABLE  4 

Influence  of  Stress  on  the  Corrosion  Rate  of  Austenitic  and 
Ferritic-Austenitic  SS  in  NACE  TM0177-8638  Solution  at  60aCe2,lA) 


Grade 

Stress 

(%y!e!d  strength) 

Corrosion  rato 
(mdd) 

0 

171 

Austenitic  typo  31 6L  SS 

40 

241 

0 

25 

Ferriiic-Auslenitic  UR  45  N  SS 

40 

38 

‘*Test  duration-  200  h 
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TABLE  5 

Effect  of  pH  on  Time-to-Failure  of  Tensile  Specimens  (S=0.9  Yield  Strength)  in 
H2S-Saturated  Nad  Solution  (4.3  M)  Under  Free-Corrosion  Conditions86 


Specimen 

Position 

pH 

Time-to-Failure 

(h) 

longitudinal 

3 

62 

longitudinal 

4 

38 

longitudinal 

5 

55 

longitudinal 

6 

147 

longitudinal 

7 

168 

longitudinal 

8 

519 

transverse 

3 

48 

transverse 

4 

31 

transverse 

5 

29 

transverse 

6 

55 

transverse 

7 

155 

transverse 

8 

720 

TABLE  6 

Effect  of  Temperature  on  Time-to-Failure  of  Stressed  Tensile 
Specimens  in  HzS-Saturated  4.3  M  NaC!  (pH  4)86 


Temperature 

(°C) 

Free-Corroslon 

Potential 

(Vshe) 

Potential 

(Vshe) 

Time-to-Failure 
or  Testing  Time 
(h) 

Ambient 

not  measured 

free  corrosion  (En) 

38 

40 

not  measured 

free  corrosion  (ER) 

48 

60 

not  measured 

free  corrosion  (ER) 

4 

Ambient 

-0.16 

Er  +  0.10 

12 

Ambient 

-0.17 

En  -  0.10 

1195,  not  cracked 

Ambient 

-0.23 

Er  -  0.30 

1030.  not  cracked 

60 

-0.23 

Er  +  0.05 

9 

60 

-0.23 

Er  +  0.10 

4 

60 

-0.23 

Er  +  0.20 

2 

60 

-0.18 

Er  -  0.10 

1097.  not  cracked 

FIGURE  30— Cathodic  SCO  of  a  TIG-welded  18Cr-SNi-3Mo  SS  In  saturated,  acidified  H2S 
solution.87 


EICM  Proceedings 


463 


TABLE  7 

Effect  of  HsS  Concentration  on  Time-to-Failure  of  Tensile  Specimens 
(<y  =  0.9  Yield  Strength)  in  4.3  M  NaC!  (pH  4)  Under  Free-Corrosion  Conditions86 


Temperature 

CC) 

H2S  Concentration 

(g/L) 

Time-to-Failure 

(h) 

Ambient 

saturated  (=  1.8) 

38 

Ambient 

1.0 

58 

Ambient 

0.1 

471 

60 

saturated  (=*1.1) 

4 

60 

1.0 

58 

60 

0.1 

1007,  not  cracked 

FIGURE  31  -Some  mechanical  and  electrochemical  parameters 
In  corrosion  fatigue  processes. 

Another  characteristic  mechanical  feature  ol  CF  is  the  initiation 
and  propagation  of  cracks  at  stresses  below  the  cyclic  fatigue 
strength  in  an  inert  environment.  Nevertheless,  the  CF  strength  ol  a 
SS  at  a  given  cycle  number  responds  to  many  engineering  param¬ 
eters  of  Figure  31  and  to  many  ol  those  in  Figure  32. 

Electrochemical  classification 
of  corrosion  fatigue-modes 

Concerning  corrosion  on  mechanical  fatigue,  the  factual  situa¬ 
tion  seems  to  be  even  more  complex,  and  now  the  superposition  ol 
certain  classification  is  desirable.02-93  To  this  end,  four  electrochem¬ 
ical  CF  modes  (Figure  33)  have  been  identified:0203 

Mode  I:  CF  in  the  active  state; 

Modo  II:  CF  in  the  state  of  stable  passivity; 

Mode  III:  CF  In  the  stato  of  meta-  or  unstable  passivity,  endogenous 
activation  being  caused  by  mechanical  (fatigue)  processes, 
e.g„  by  the  formation  ol  active  surface  domains  (persistent 
slip  bands,  slip  lines,  etc.)  that  exceed  a  critical  area  and 
thus  cause,  after  a  certain  number  ol  cycles,  abrupt 
electrochemical  activation;  and 

Mode  IV;  CF  in  the  stato  of  unstable  passivity,  exogenous  activation 
being  caused  by  processes  like  pitting,  crevice  corrosion, 
cavitation,  etc. 

These  modes  are  detailed  in  the  following  sections. 


Mode  I  corrosion  fatigue 

Using  martensitic  Cr  steels  (as  well  as  the  other  steels  in  this 
contribution)  in  media  in  which  they  are  active  is  confined  to  special 
boundary  conditions  under  which  it  can,  however,  be  very  advanta¬ 
geous. 

A  martensitic  Cr  steel  (0.2%  C,  13%  Cr)  will,  in  contrast  to  an 
austenitic  SS,  become  active  at  pH  =  3  (20°C)  and  endure,  for 
example,  at  pH  =  2  (Figure  34),  at  the  high  nominal  bending  stress 
amplitude  of  £  Sr  =  0.9  S„  about  105  cycles  (f  =  50  Hz).  Under 
practical  circumstances,  the  amplitudes  are  much  smaller,  so  that  the 
sustainable  number  of  cycles  to  fracture  may  become  sufficiently 
high  to  make  a  component  fit  for  application.  Working  under  Mode  I 
CF  conditions  in  cases  where  the  pH  value  is  not  much  lower  than  the 
passivation  pH  obviously  has  the  following  advantages:  (1)  Mode  IV 
CF,  with  its  drastic  reduction  of  CF  strengths,  can  be  excluded  and 
(2)  Mode  III  CF  situations,  with  their  wide  scatter  of  endurance  values 
because  ol  fortuitous  activation,  are  conservatively  handled  by  the 
Mode  I  approach. 

Based  on  mechanistic  reasoning,94  a  model  was  developed95 
that  aims  at  describing  the  influence  of  active  corrosion  on  the 
cycle-dependent  fatigue  strength  and  crack  propagation  rate. 

The  premises  are  that  active  corrosion  is  occurring  on  locally 
limited  surface  sites,  the  stresses  or  strains  resulting  from  external 
cyclic  loading  are  constant  in  elements  of  length  Al  (Figure  35),  and, 
finally,  there  are  no  cyclic  hardening  or  softening  effects  in  those 
elements  (i.e„  cyclic  plastic  strains  will  only  depend  on  external  load 
and  notch  effects).  One  then  has  to  consider  two  cases. 

Case  I.  There  are  no  external  cyclic  stresses  or  strains  except 
those  that,  over  an  unlimited  period  of  time,  are  so  small  that 
stresses/strains  remain  below  the  cyclic  elastic  limit.  Under  these 
premises,  the  linear  corrosion  rate  AIOT,/At  will  depend  solely  upon 
the  metal  Me.  the  nature  of  the  corrosive  medium  M.  and  local 
structural  conditions  S  (primarily  the  actual  corrosion  depth).  Accord¬ 
ingly,  (he  partial  linear  corrosion  depth  Al^,,.,  in  a  time  interval  At  will 
be: 

AUu  =  k,(Me,  M,  S)  x  At  (1) 

Aljcrj  can  also  be  expressed  as  a  function  of  the  cycle  number  N 
when  introducing  the  frequency  u>  =»  AN/  At: 

=  l  x  ki(Me,  M,  S)  x  AN  (2) 

Case  II.  An  element  of  width  Al  is  stressed  above  the  cyclic 
elastic  limit  Ae„i  by  a  sufficiently  high  external  cyclic  amplitude  or  by 
a  low  nominal  amplilude,  if  Ae„,  is  exceeded  at  a  geometric 
discontinuity  (e.g„  a  corrosion  pit). 

The  plastic  part  A«p,  =  Ael0,„  -  Ae„,  will  then  increase  the 
corrosion  rate  in  the  considered  element.04  It  seems  reasonable  to 
regard  the  plastic  energy  or  work  Ap,  as  a  measure  of  the  corrosion 
rate  increment  Al,*,,  2: 

AUr.a  =  k2(Me,  M,  S,  w,  Ap,)AN  (3) 
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with  a  limiting  case:  Case  A.  There  is  no  corrosion.  Then  the  first  two  terms  of 

Equations  (10)  and  (12)  drop  out  and  Equation  (12)  gives  the 
k2(Me,  M,  S.  (o,  Apl  =  0)  =  -  k,(Me,  M,  S)  (4)  Woehler  Curve  with  the  air  (inert  environment)  fatigue  strength  S, 

“  (Figure  36),  with  the  conditions  Aepl  =  0  and  I  =  l0,  dl/dN  =  0: 

We  assume,  as  a  first  approximation,0’  a  linear  relationship  between  ASei 

corrosion  rate  and  plastic  energy  Ap,:  AS|  =  (i  -  c  x  K)  Kt(l0-r’) 


Alcorr  =  ( -  k,(Me,  M,  S)  +  k3(Me,  M,  S,  w)Apl  ]  AN  (5) 

The  plastic  v/ork  Ap,  can  be  expressed  by  the  cyclic  plastic  strain 
(Aepi): 

Ap,  =  c,  x  Afip!  (6) 

so  that  in  a  shortened  form 


Case  B.  AS  is  below  AS,  and  cyclic  loading  takes  place  under 
Mode  I CF  conditions.  Then  the  last  two  terms  of  Equation  (11)  drop 
out  as  per  preposition  no  cyclic  hardening  or  softening  effects  are  to 
occur.  For  kj  =  constant  (i.e.,  no  changes  in  the  corrosive  medium 
during  CF  as  well  as  in  the  metal),  notch  depth  or  crack  length,  as  the 
case  may  be,  increase  proportionally  to  the  cycle  number  N: 

I  -  l0  =  §  x  N  (13) 


AUr-fJ+^xc,  xAcJjAN  (7) 

Under  the  action  of  cyclic  plastic  strain  Aep,,  in  the  presence  of 
medium  M,  the  material  will  be  corroded  by  Al^,,  after  AN  cycles 
(Element  1  in  Figure  35). 

After  the  same  cycle  number,  the  remaining  part  of  volume 
Element  1  (not  yet  reached  by  the  medium)  has  undergone  fatigue, 
the  mechanical  crack  growth  being  assumed  to  follow  the  Manson- 
Coffin  Law: 

Alm*ch  =  c2  X  A<£  x  AN  (8) 

Volume  Element  1  having  failed  means  the  formation  of  a  notch 
whose  notch  factor  K,  will  increase  the  cyclic  plastic  strain  in  the 
neighboring  Element  2,  which,  in  turn,  will  accelerate  the  corrosion 
and  crack  propagation  rate,  etc.  For  the  i-th  volume  element  this 
means 


Al,  -  AlcofrJ  +  Almoch  , 

=  [  +  k;  x  c,  x  Ae^  +  c2  x  Aeq  (]  AN,  (9) 

or 

dl  _  r  _dl_  i  .  r  _d[_  i 
dN  ~  1  dN J  1  dN  ‘ moch 

=  ^  +  k;xc,xA«J  +  c2  x  Ae^  (10) 

[c,  and  c2:  constant,  Equations  (6)  and  (8),  respectively]. 

The  above  considerations  have  so  far  clearly  resulted  in  a 
simple  superposition  model  of  mechanical  and  corrosion  cracking.95 

By  a  notch  analysis,  it  is  now  possible  to  bring  the  geometric 
factor  into  play.  The  total  strain  range  A«lom,  =  A«p,  +  A«„,  in  the 
notch  root  depends  on  (1)  the  strain-concentration  factor  Kl0,  which 
is  a  function  of  notch  depth  I  and  notch  radius  r ,  and  (2)  the  externally 
applied  cyclic  stress  AS,  (3)  the  elastic  cyclic  strain  At0,  =  ASolH 
Introducing  At,*  in  Equation  (10)  yields  (with  K  - 

J,  =  £  +  x  [  AS  x  (1  -  c  x  K)  x  !<,,(!,  r1)-AS„f' 

+  A-  x  ( AS(1  -  c  x  k)  Ki«  (1.  0  -  AS0|  Jq  (11) 

Without  integrating  Equation  (12),  one  can  now  discuss  the  two 
important  cases  (Figure  35). 


'"Under  cyclic  plastic  straining,  this  relationship  will  be  much  more 
complicated. 


The  notch  factor  increases,  also.  For  surface  notches  that  are  not  too 
deep,  the  Neuber-Notch  factor  is 

K,  =  1  +  Vi,  (14) 

The  notch  factor  will,  in  this  case,  grow  with  N  according  to  equations 
(14)  and  (15): 


This  increase  ends  when  the  limit  of  elasticity  is  reached  at  the 
notch  root,  and  cyclic  plastic  straining  begins  that  marks  the  transition 
from  static  corrosion  to  true  CF,  in  which  the  anodic  dissolution  is 
accelerated  by  increasing  cycling  plastic  straining:94 


All  three  terms  in  Equation  (11)  are  now  operative,  the  second 
term  being  determinative  for  the  increase  in  Aep,.  The  third  term  in 
Equation  (11),  crucial  for  a  mechanically  controlled  crack  propaga¬ 
tion,  is  still  small  in  this  sequence  of  mechanisms.  However,  as  the 
final  fracture  is  drawing  near  and  notch  (crack)  depth  is  advancing, 
this  term  finally  contributes  the  largest  share  to  crack  propagation 
until  fracture  occurs. 

The  described  regrouping  is  essentially  governed95  by  the 
exponents  y  and  q  in  Equation  (11). 

Corrosion  fatigue  under  stable  conditions 
of  passivity  (Mode  II  corrosion  fatigue) 

Using  high-alloy  SSs  in  the  active  state  undoubtedly  offers 
advantages  under  specific  circumstances,  such  as  no  risk  of  pitting, 
crevice  corrosion,  or  SCC  in  chloride-containing  environments,  but  it 
is  an  exception.  These  steels  have  been  developed  to  offer  corrosion 
resistance  that  they  owe  to  passivity.  For  them,  therefore,  CF  under 
stable  passivity  is  the  most  important  mode. 

As  in  all  cases  of  environment-induced  cracking,  a  good  insight 
into  the  mechanisms  of  Mode  II  is  of  great  advantage  for  a  successful 
application  of  SSs.  As  they  are  industrially  subject,  in  practically  all 
instances,  to  high-cycle  fatigue  regimes  (N  10s),  the  following 
refers  exclusively  to  this  type  of  loading. 

The  potentiostatic  results  of  Figure  37  indicate,  from  left  to  right, 
four  ranges  of  CF  resistance  (at  S  =  0.9  S(,air):  high  resistance  under 
cathodic  protection,  low  resistance  in  the  active  state,  high  resL.unce 
by  passivity  (anodic  protection;,  and  low  resistance  in  the  transpas¬ 
sive  range. 
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Some  Fatigue  Parameters 
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FIGURE  32-Schematic  representation  of  fatigue  processes  and  their  parameters.91 
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FIGURE  33— Corrosion  fatigue  modes.9*93 


FIGURE  34-Influence  of  pH  on  the  number  of  cycles  endured 
for  a  stress  range  of  90%  of  AF  limit  comparing  a  martensitic 
13Cr  SS  [type  420  (UNS  S42000)]  and  an  austenitic  18Cr-9NI  SS. 


Modeling  Mode  1-Corrosion  Fatigue 
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FIGURE  35— Mode  I  corrosion  fatigue  model  based  on  localized 
straining  and  fracturing  processes.94,95 


FIGURE  36-Stress  range  [±  <ra,  +  S/cycle  number  (N)]  relation¬ 
ship  in  air  fatigue  and  corrosion  fatigue  (Mode  I). 
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FIGURE  37— Potentiostatic  corrosion  fatigue  tests  in  the  active, 
passive,  and  transpassive  range. 


From  both  the  practical  and  mechanistic  point  of  view,  the 
following  findings  should  be  kept  in  mind.94 

(1)  Passivity  does  not  provide  unlimited  fatigue  life  except  for 
amplitudes  appreciably  lower  than  S,  ni(. 

(2)  The  CF  limit  will  be  higher  the  less  aggressive  the  corrosion 
conditions  and,  of  course,  the  higher  Sull. 

(3)  In  environments  for  which  the  steels  are  engineered,  the  CF 
limit  is  lower  (Figure  38)  than  S,  „«  ever,  under  the  best  conditions  ol 
passivity,  viz.,  potentiostatic  passivation  at  optimum  potentials.-*  In 
cases  whero  the  CF  limit  seems  to  be  higher9’  than  the  air  fatigue 
(AF)  limit  (Figure  39),  this  results  from  experimental  conditions,  viz., 
evolution  of  heat  during  AF  resulting  in  too  low  an  endurance  limit. 
Typical  examples  are  austenitic  SSs,  with  their  high  internal  damping 
capacity  that  must  bo  cooled  by  Inert  liquids  in  AF  experiments. 

(4)  The  physical  appearance  of  passive  CF  differs  widoly  from 
Mode  I  CF.  Figure  40  illustrates  the  difference:  ono  crack  under  ideal 
(i.o.,  potentiostatic)  conditions  or  a  few  cracks  under  industrial 
circumstances  (open-circuit  potential,  large  surface  areas):  no  rec¬ 
ognizable  surface  nor  crack-wall  corrosion;  smooth  fracture  surfaces 
in  Modo  II,  as  compared  to  many  cracks  starting  from  the  bottom  of 
shallow  corrosion  pits;  heavy  surface  and  crack-wall  corrosion;  and 
distinctly  cloft  fracturo  surfacos  caused  by  cracks  jumping  to  neigh¬ 
boring  crack  propagation  planes  in  Mode  I. 


Mechanistic  aspects 

Early  observations  in  potontiostatically  controlled  CF94  brought 
insight  Into  the  mechano-olectrochemical  mechanisms  by  the  striking 
fact  that  the  anodic  current  necessary  to  maintain  passivity  remained 
low  over  nearly  all  the  CF  lifo  of  specimens  cyclically  loaded  below 
the  AF  limit  (Rguro  41).  It  was  only  during  the  last  10%  of  life  that  it 
began  to  rise  with  increasing  tendency.  Incipient  cracks  could  be 
dotected  under  the  optical  microscope  only  In  this  final  region  of 
ascending  current. 

To  explain  this,  two  hypotheses  seem  possible:  (1)  The  passive 
layer  possesses  an  intrinsic  fatigue  strength  and  will  be  cracked  in 
the  course  of  cycling  as  other  surface  layers  will  be  cracked,  for 
instance,  anodic  conversion  coatings  on  metals.  At  the  bottom  of 
such  cracks  repassivation  will  occur.  (2)  The  passive  layer  will  not  be 


cracked.  Instead,  after  a  certain  number  of  cycles,  slip  steps  of 
sufficient  height  will  emerge  and  pierce  the  passive  film,  whereupon 
repassivation  will  set  in. 

The  first  mechanism  seems  to  be  less  likely  for  several  reasons. 

(1)  Cracking  of  the  passive  layer  should  occur  at  the  same  strain 
amplitude  independent  of  the  base  material's  fatigue  properties. 

(2)  Sets  of  conditions  should  exist  where  a  steep  current  increase 
plus  crack  formation  should  occur  early  in  life,  and,  again,  this 
should  happen  independently,  for  instance,  of  a  martensitic 
steel’s  tempering  temperature  (i.e.,  strength). 

(3)  For  binary  Cr-Fe  alloys  in  particular  but  for  other  SSs,  too,  the 
passive  films  are  so  thin  (0.5  to  10  nm)  that  the  macroscopic 
concept  of  a  fatigue  limit  no  longer  seems  applicable  to  them. 


Duplex  Steel:  CF 
Comparison  Active/Passive 
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FIGURE  38— Typical  Woehler  Curvec  'n  air,  In  2  M  H2SO„  at 
open-circuit  potential  (Mode  I  corrosion  fatigue)  and  under 
potentiostatic  control  (Mode  II  corrosion  fatigue).  Ferritic-aus¬ 
tenitic  SS  (22Cr-5.5NI-3Mo-0.2  N).86  Ambient  temperature. 


Air  and  CF  Curves  for  13  Cr-Steel 


FIGURE  39— Increase  of  corrosion  fatigue  strength  In  Mode  II 
above  air  fatigue  strength  resulting  from  the  cooling  action  of 
the  electrolyte. 
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Corrosion  fatigue  in  the  active  and  passive  state 
of  stainless  steel  tAtsiTn»U7/X!0CrttN&:s9/U550) 


FIGURE  40— Phenomenological  differences  between  Mode  I  and 
Mode  II  corrosion  fatigue  for  an  18Cr-9Ni  SS  [type  347  (S34700)] 
In  6  M  H2S04  (rotating  bending,  stress  range  S  =  0,8  >  Sa,r  = 
243  MPa),  ambient  temperature. 
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FIGURE  41 -Current  response  of  cyclically  loaded  specimens 
(rotating  bending)  under  potentlostatlc  control  In  the  passive 
range  (Mode  II  corrosion  fatigue). 


The  second  mechanism  was  assumed  to  describe  events  as 
follows:94  Alter  a  slip  step  of  appropriate  height  pierces  the  passive 
film,  a  repassivation  process  will  commence  in  which  a  certain  charge 
will  flow  until  passivity  has  been  restored  According  to  Faraday's 
law  a  certain  amount  of  metal  will  necessarily  bo  dissolved  before 
passivity  has  been  rostored  and  as  a  consequence,  a  small 
microscopic  groove  has  been  produced  This  makes  further  plastic 
dolormation  at  such  a  site  likely  (Equation  (14)]  because  the  stress 
has  been  locally  increased.  Slip  steps  will  again  protrude  through  the 
passive  lilm  and  the  Interplay  between  repassivation,  metal  dissolu¬ 
tion  connected  with  it.  strain  concentration  (Equation  (15)],  and 
triggering  of  further  slip  events  continues.  This  process  bears 
autocatalytic  features  and  manifests  itself,  under  potentiostatic 
conditions,  in  a  gradual  but  finally  steep  increase  of  current  ^Figure 
41)  Current  cycle  characteristics  of  this  typo  have  been  observed 
with  ail  kinds  of  SS  so  far  investigated.  It  seems  likely  that  this 
mechanism  of  multi  repassivation,  caused  by  whatever  type  of 
dislocation  induced  microplastic  deformation  process,  is  responsible 
for  CF  in  the  passive  state.  One  should  recall  that  it  takes  a  certain 


time  until  the  process  of  repassivation  is  finished  and  passivity 
restored.  During  this  time,  a  certain  electrical  charge  (/  I  x  dt)  will 
flow.  How  much  metal  is  dissolved  in  one  elementary  process,  i.e., 
how  deep  the  primary  micronotch  at  the  site  will  become  where 
piercing  of  the  passive  layer  has  first  occurred,  depends  on  this 
quantity. 

It  has  been  shown  that  the  charge  necessary  for  repassivation 
is  higher  the  higher  the  minimum  CD  for  repassivation.98  In  other 
words,  the  higher  this  critical  CD  is,  the  more  metal  will  be  dissolved 
until  passivity  has  been  restored.  Transferred  to  the  case  of  CF,  this 
means  the  primary  mtcrcnotch  becomes  deeper  and  the  stress 
concentration  greater  [Equation  (15)]  the  higher  the  minimum  CD  for 
passivation.  Steel/environment  systems  of  this  kind  should  have  low 
CF  strengths  We  shall  now  exemplify  the  influence  of  acid  concen¬ 
tration,  alloy  composition,  and  mechanical  strength  on  this  critical  CD 
and  CF  strength  or  life,  respectively. 

Influence  of  acid  concentration 

The  critical  CD  for  passivation  increases  with  acid  concentra¬ 
tion.  To  passivate  a  martensitic  13Cr  steel  [type  420  (UNS  S42000), 
quenched  and  tempered  at  650°C/2  h]  requires  about  6000  mA/cm2 
in  sulfuric  acid  of  pH  1,  some  3  mA/cm2  at  pH  4.6.  In  the  fi  -t  case, 
this  steel  endures  about  107  cycles  to  fracture,  in  the  second,  5  x  107 
cycles  without  fracture  (rotating-bending  stress  S  =  0.9  Slair/H2S04l 
20°C). 

Another  example  is  martensitic  17Cr-Ni  steel  [type  431  (UNS 
S431 00) ,  quenched  and  tempered  at  675°C/2  h],  rotating  bending  as 
above  (50  Hz).  The  5  x  io7  CF  strength  values/minimum  passivation 
CDs  are,  respectively, 

(1)  For  pH  1:  (H2S04)  470  MPa/1800  mA/cm2;  and 

(2)  For  pH  4.6:  650  MPa/  <  1  mA/cm2 

Influence  of  alloy  composition 

Alloying  elements  lowering  the  CD  of  passivation  will  increase 
the  CF  strength,  keeping  other  (actors  constant.  Among  the  alloying 
elements,  chromium  lowers  that  CD  considerably  and  thus  has  a 
beneficial  effect  on  CF  life  and  strength,  as  shown  in  the  above 
comparison  between  13%  and  17%  Cr  steels.  However,  any  such 
comparison  may  be  not  unambiguous  because  of  possible  differ¬ 
ences  in  AF  strength. 

Influence  of  mechanical  strength 

CF  cannot  occur  under  passive  conditions  if,  under  external 
cyclic  loading,  Ap,  =  c,  *  A  e  J  [Equation  (6)]  becomes  zero  per  cycle 
and  per  volume  element  as  the  most  stringent  condition,  or  if,  in  the 
course  of  cyclic  deformation,  any  manifestation  of  plastic  deformation 
at  the  surface  (slip  lines  or  slip  bands,  extrusions,  intrusions)  will  be 
unable  to  penetrate  the  passive  layer.  Conditions  for  ropassivation 
being  the  same,  the  CF  strength  should,  therefore,  be  higher  the 
higher  the  AF  limit.  Figure  42  confirms  this  lor  the  aforementioned 
martensitic  1 7%  Cr  steel  whose  AF  strength  was  varied  by  tempering 
at  different  temperatures.  The  AF  and  CF  curve  take  the  same 
course. 

Combining  the  findings  ot  this  and  the  preceding  paragraph,  the 
ideal  combination  ot  properties  tor  achieving  the  highest  CF  strength 
in  Mode  II  would  be  an  alloy  that  has  the  lowest  possible  passivation 
CD  in  a  given  environment,  the  highest  AF  limit,  and  the  smallest 
difleiencu  between  the  AF  limit  and  the  limiting  stress  range  at  which 
critical  dislocation-induced  surface  plasticity  accmos. 

Crack  initiation  and  propagation 

.taintaining  passivity  potentiostatically  will  yield  a  typical  re- 
spo.  —  of  the  cell  current  to  fatigue  loading  as  shown  in  Figure  43  for 
rotaiing-bendmg  loading.94  The  first  feature  is  an  induction  Stage  a, 
which  is  related  to  cyclic  hardening.  The  DC  signal  information  could 
yield  only  one  event  in  these  early  investigations,94  viz.,  cracK  growth 
being  indicated  by  a  steep  rise  of  current.  It  could  bo  shown  by 
metallographic  examination  ol  specimens  taxen  out  toward  the  end 
ot  Stage  b  that  cracks  had  initiated  there.  However,  crack  initiation 
was  not  recognizable  in  the  DC  signals. 
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hardening  processes,  approaches  its  end.  This  induction  Stage  a  is 
characterized  by  an  initial  high  local  slip  activity  that  ceases  because 
of  cyclic  hardening.  It  lasts  only  a  small  fraction  of  CF  life  and  leads 
over  to  the  Stage  A  in  question  (Figure  46). 

Stage  B.  Stationary  conditions  with  constant  DC  cell  current 
and  the  appearance  of  small  sinusoidal  current  signals  that  have  a 
constant  phase  angle  with  respect  to  the  light  barrier  signal  (i.e., 
specimen  reference  line).  These  signals,  with  their  phase  angle,  fix 
the  future  position  of  the  CF  crack.  They  are  caused  by  emerging  slip 
steps  or,  in  the  later  stage,  by  persistent  slip  bands,  their  repassiva¬ 
tion,  renewed  cyclic  slip,  repassivation,  and  so  forth. 


Device  for  Measuring  Transient  Currents 
under  CF 
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FIGURE  43-Current  response  during  Mode  II  corrosion  fatigue 
under  potentlostatlc  control. 

Further  insight  into  the  events  during  initiation  and  propagation 
has  been  gained  by  a  special  mechano-electrochemical  measuring 
technique.'00 

Figure  44  shows  the  stress  distribution  over  the  specimen  cross 
section  under  rotating  bending  and  the  direction  of  rotation.  The 
specimen  has  a  fixed  marker  triggering  the  transient  recorder  exactly 
in  the  spatially  fixed  plane  of  maximum  bending  moment.  The 
distance  between  two  subsequent  trigger  signals  corresponds  to  one 
rotation  of  the  specimen  (0  to  360°),  so  the  distance  between  trigger 
signal  and  maximum  anodic  current  can  bo  transformed  into  a  phase 
angle.  This  angle  indicates  how  many  degrees  the  specimen  has 
turned,  after  triggering  tho  signal,  until  a  specific  feature  of  the  cell 
current  appoars,  e.g.,  whon  a  sinusoidal  cell  current  has  reached  its 
maximum. 

In  dotail,  this  has  been  accomplished  by  a  light  barrier/ 
perforated  disk  installation.  Under  potentiostatic  conditions,  current 
signals  could  be  recorded  during  each  rotation  and  their  origin 
located  with  respect  to  tho  reference  line  by  means  of  a  two-channel 
transient  recorder.  By  carelul  electrical  and  magnetic  shielding 
currents  of  some  I0'9  A  could  be  recorded  together  with  the  light 
barrier  signal  allowing  to  coordinate  current  transients  and  the 
sinusoidal  mechanical  stress.  At  the  same  time,  tho  direct  cell  current 
was  recorded  (Figure  45). 

Figure  46  shows  three  typical  stages  that  can  be  discerned 
during  tho  CF  life  of  SS  specimens  under  rotating-bending  stresses. 

Stage  A.  Stationary  conditions  with  constant  (DC)  cell  current 
and  small  stochastic  current  transients.  Stage  A  begins  when  the 
induction  Stage  a  of  Figure  43,  characterized  by  cyclic  strain 
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FIGURE  44  -  Device  for  measuring  transient  currents  in  rotating- 
bending  corrosion  fatigue  experiments.100 


Instrumentation  for  Measuring  1-Transients 
under  CF 


FIGURE  45 -Instrumentation  for  measuring  current  transients 
under  rotating-bending  corrosion  fatigue  conditions.100 
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Transient  and  Mean  Current  during 
Rotating-Bending  CF 
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FIGURE  46— Transient  and  direct  current  during  rotating-bending 
corrosion  fatigue  in  three  typical  stages  during  the  life  of 
specimens  (potential  held  potentiostatically  in  the  passive 
region.)100 

Stage  C.  Characteristics  here  are  increasing  cell  current  and 
steadily  growing,  sinusoidal  current  signals  again  showing  a  constant 
phase  angle  with  resoect  to  the  trigger  signal  stemming  from  the  now 
very  pronounced  repassivation  processes  at  the  crack  tip.  Under 
potentiostatic  passivation,  as  a  rc.e,  only  one  crack  leading  to 
fracture  will  develop  (Figure  40). 

Specimens  taken  out  during  Stage  A  and  carefully  inspected 
metallographically  show  no  CF-induced  surface  defects  whatsoever 
and  may,  therefore,  be  termed  “incubation  stage.”  The  passive  layer 
nevertheless  responds  to  the  alternating  stress,  shown  by  the  drastic 
reduction  of  the  transient  current  peaks  immediately  upon  taking 
away  the  load.  The  remaining  stochastic  fluctuations  were  charac¬ 
teristic  of  the  normal  heal-up  events  in  the  passive  film. 

Applying  the  same  procedure  in  Stage  B  reveals  incipient 
cracks  ("crack  initiation  stage"),  which  will  start  to  grow  in  Stage  C 
("crack  propagation  stage").  It  could  be  forecast  from  the  phase 
angle  between  tho  trigger  signal  and  the  anodic  maximum  of  the 
sinus  half-wave  on  which  surface  line  cracking  initiated. 

Figure  47  shows  an  example.  A  specimen  removed  from  the 
rotating-bending  machine  during  Stage  B  was  tested  in  a  rotary 
manipulator  of  an  eddy  current  device.  It  was  fixed  in  its  zero  position 
to  the  position  of  the  trigger  signal,  its  sense  of  rotation  being  the 
same  as  that  of  the  rotating-bending  machine.  The  phase  angles  of 
the  cracks  initiated  on  the  specimon  circumference  are  shown;  they 
complied  with  tho  pertinent  motallographic  findings.  The  length  ot  the 
cracks  that  were  initiated  correlated  with  the  half-amplitude  of  tho  cell 
current  signals.  In  addition,  in  systems  where  two  cracks  were 
initiated,  it  was  possible  to  discern  this  by  the  appearanco  of  two 
sinusoidal  signals.  The  leading  crack  causing  final  fracture  was 
identified  by  its  fast-growing  amplitude.  Figure  48  shows  the  results 
for  a  two-crack  specimen  that  had  been  taken  out  during  the 
transition  from  Stage  B  to  C  and  tested  in  the  eddy  current  set-up 
mentioned  The  crack  that  was  longei  and  had  a  fast-growing 
amplitude,  measured  electrochemiually  (Figure  45/,  appeared  at  35 
to  tho  reference  lino,  the  other  appeared  at  27 T. 

Similar  investigations  for  other  types  of  loading  have  so  lai  nut 
been  conducted.  Howovor.  the  transient  uurrcision  uurrem  behavior 
under  pulsating  tensile  strosses  of  varying  stress  tangos  was  studied 
with  tho  22Cr  5.5Ni-3Mo  duplex  steel  and  in  comparison  to  an 
austenitic  SS  (hype  316).  In  sulfuric  acid  solutions  at  temperatures  up 
to  70'C.  it  was  found  that  the  transient  current  is  sot  by  the  alternating 
strain  rate  and  is  no  function  of  the  absolute  value  of  stress.  For 
unfractured  specimen  surfaces,  the  transient  corrosion  current 
describes  the  passive  layer  as  a  "mechanical  impedance"  and  is 
therefore  no  function  of  experimental  time.  Crack  initiation  is  marked 


by  a  typical  deforming  of  the  transient  current  signal,  i.e.,  by  a  phase 
shift  and  increasing  amplitudes.  This  indicated  the  state  of  starting 
cracks  much  earlier  than  any  other  signal  and  is  thus  an  excellent 
help  in  studying  CF  initiation  under  this  type  of  loading.09 
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FtGURE  47— Scanning-type,  computer-aided  eddy  current  non¬ 
destructive  tost  result.  Specimen  was  removed  from  the  ma¬ 
chine  during  Stage  B.100  Anrlss  =  Incipient  crack. 


Crack  initiation  and  alloy  chemistry,  a  comparison  of 
ferritic,  austenitic,  and  ferritic-austenitic  steels100 
As  mentioned,  crack  initiation  starts  at  tho  transition  from  Stage 
A  to  Stage  B,  which  is  marked  by  a  transition  from  stochastic  current 
fluctuations  to  sinusoidal  current  signals.  For  practical  purposes,  it  is 
useful  to  know  at  what  percentage  of  cycles  to  failure  this  transition 
takos  place.  Crack  Initiation  immediately  before  fracture  is,  for 
example,  an  unfavorable  condition  from  the  industnal  safety  point  ot 
view.  It  is,  therefoie,  of  interest  to  know  more  about  the  influence  ot 
alloy  chemistry,  protective  value  of  passive  layers,  etc.,  on  crack 
initiation. 

Figure  49  compares  the  relative  crack  initiation  ratio  N/N,  ot  a 
ferritic  12%  Cr  steel  with  a  ferritic-austenitic  22Cr-5Ni-3Mo  steel  and 
an  austenitic  SS  (17Cr-12Ni-2Mo,  Ti-stabilized)  under  constant 
relative  alternating  stresses  (90%  of  the  respective  AF  strength).  The 
results  indicate  the  following: 
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(1)  The  12%  Cr  steel  with  the  least  protective  passive  layer 
undergoes  crack  initiation  at  N/N,  of  about  0.38. 

(2)  The  ferritic-austenitic  steel  with  the  most  protective  passive  layer 
(because  of  increased  Cr  and  Mo  contents)  undergoes  initiation 
at  N/N,  values  between  0.8  and  0.85. 

(3)  Included  for  reasons  of  comparison,  the  austenitic  SS  has  the 
same  AF  strength  as  the  12%  Cr  steel  but  higher  N/N,  values, 
between  50  and  55%,  because  the  higher  Cr  and  Mo  contents 
increase  the  protective  value  of  the  passive  layer.  The  delay  of 
crack  initiation  by  improved  passivity  can  also  be  seen  in  Figure 
49  (dashed  bars)  when  increasing  the  potential  from  UH  =  365 
mV  to  700  mV.  This  clearly  leads  to  both  higher  fracture  cycles 
and  to  an  increase  in  N/N,  from  0.8  to  0.96. 

The  general  term  “protective  value  of  the  passive  layer” 
comprises  two  factors:  chromium  content  in  the  layer  and  its 
thickness.  These  factors  were  analyzed  by  ESCA  on  specimens  of 
the  aforementioned  ferritic,  ferritic-austenitic,  and  austenitic  SSs  that 
were  potentiostatically  held  at  UH  =  365  and  715  mV  in  0.05  and  2 
M  H2S04  showing  an  enrichment  of  the  Cr-cation  content  in  the 
passive  film  by  a  factor  of  3  to  8.  The  highest  contents  were  found  in 
the  ferritic-austenitic  SS  followed  by  the  austenitic  SS  and  the  ferritic 
SS.  Ni  and  Mo  could  also  be  detected  in  the  film  of  the  first  two  steels. 
Their  concentration  was  much  smaller  than  in  the  matrix.  With 
increasing  acid  concentration,  the  Cr/Fe  ratio  decreases. 

Figures  50  and  51  show  the  thickness  of  the  passive  layer  in 
0.05  M  and  2  M  H2S04,  respectively.  The  highest  thickness  (2.8  nm) 
is  observed  for  the  passive  film  of  the  ferritic-austenitic  SS.  The 
thickness  is  lowest  for  each  steel  at  the  lower  potential  and  higher 
acid  concentration.  For  the  12Cr  steel  in  0.05  M  H2S04/Uh  =  0  mV, 
the  monolayer  thickness  of  0.3  to  0.5  nm  is  reached. 

The  relations  between  these  findings  and  those  from  rotating- 
bending  CF  tests  can  be  summarized  as  follows: 

(1)  Increasing  Cr  contents  in  the  steels  lead  to  higher  Cr-cation 
concentrations  in  the  passive  film  and  higher  thickness  and,  on 
the  other  hand,  to  both  higher  N/N,  values  and  higher  cycles  to 
fracture  under  normalized  alternating  stresses  (in  the  present 
case,  for  example,  S,  =  0.9  S,.air  and  a  fixed  passive  potential). 

(2)  Film  thickness  and  chromium  enrichment  decrease  as  the 
potential  in  the  passive  region  is  decreased  and  so  does  the 
number  of  cycles  to  fracture  under  normalized  stress  amplitudes 
and  the  N/N,  values. 

Influence  of  other  system  parameters 
on  crack  initiation 100 

Figure  52  demonstrates  the  influence  of  stress  range  on 
(nondimensional)  crack  initiation  N/N,  for  a  ferritic-austenitic  SS. 

(1)  The  number  of  cycles-to-fracture  decreases  with  increasing 
stress  range. 

(2)  The  (nondimensional)  crack  initiation  starts  sooner  the 
higher  the  stress  range. 

(3)  The  stochastic  celt  current  signals  in  Stage  A  change  to 
sinusoidal  amplitudes  with  a  constant  phase  angle  related  to  the  light 
barrier  signal  (i.e.,  the  specimen  reference  line)  5  to  7%  before  the 
direct  cell  current  starts  to  increase.  In  other  words,  the  crack 
initiation  period  constitutes,  for  this  SS,  about  6%  of  the  total  life.  The 
dashed  lines  represent  the  relative  percentage  of  life  at  which  the  cell 
current  starts  to  increase:  in  other  words,  subcritical  crack  propaga¬ 
tion  begins. 

(4)  Below  a  stress  range  of  S,  =  1.2  S((ok),  just  one  crack 
initiates  and  loads  to  fracture;  at  S,  =  1.2  S,(ei„  several  cracks  can 
be  found. 

(5)  Increasing  acidity  leads  to  earlier  crack  initiation.  Examples 
for  a  ferritic-austenitic  22Cr-5Mo-3Ni  SS  at  S,  =  0.7  S,(a!));  0.05  M 
H2S04: 91%/  2  M  H2SO„:  75%. 

(6)  The  influence  of  the  potentiostatically  applied  potential  in  the 
passive  region  Is  similarly  pronounced-  Increasing  the  potential  within 
the  usoful  range  of  passive  potentials  causes  a  significant  retardation 
in  crack  initiation  Example  for  a  type  316  SS  at  S,  =  0.9  S,(a4)),  UH 
=  +365  mV-  53%,  UH  =  +715  mV:  96%  (even  under  the  higher 
stress  range  of  S,  =  S,(sU)). 
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FIGURE  48— Same  procedure  as  In  Figure  47;  however,  speci¬ 
men  taken  out  during  transition  from  Stage  B  (crack  Initiation)  to 
Stage  C  (crock  propagation).100  Two  cracks  starting  at  95  and 
277°,  respectively.  Crack  length  at  277®:  2.7  mm. 

The  significance  of  stochastic  cell  current  signals 
in  Stage  A100 

Coming  back  to  Phase  A,  in  which  no  surface  damage 
whatsoever  could  be  detected,  seems  to  be  of  little  value.  However, 
there  are  distinct  processes  that  manifest  themselves  in  stochastic 
peaks  responding  clearly  to  system  parameters.  Figure  53  mamtests, 
for  a  type  316  austenitic  SS,  the  peak  heights  ol  the  transient  current 
signals  of  potentiostatically  controlled  fatigue  tests  for  three  selected 
passive  potentials  clearly  indicating  lower  values  in  the  optimum 
passive  range.  Figure  54  demonstrates  the  difference  when  polariz- 
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ing  slowly,  under  fatigue  loading,  from  lower  to  higher  potentials  and 
vice  versa.  The  upper  curve  should  be  compared  with  Figure  54  and 
demonstrates  the.  higher  peak  heights  of  this  12  Cr  steel,  whose 
passive  film  is  inferior  to  that  of  higher-alloyed  SSs.  This  holds  true 
for  the  lower  (“reduction")  curve,  too. 

Regarding  the  mechanical  influence,  Figure  55  evidences  the 
fact  that  the  transient  currents  in  Stage  A  increase  with  increasing 
stress  amplitude.  Improved  conditions  of  passivity  (curve  on  the  right- 
hand  side)  cause  lower  currents  at  higher  stress  ranges. 

Figure  56  demonstrates  the  influence  of  alloy  chemistry  on  the 
average  peak  height,  again  proving  that  steels  forming  “better" 
passive  films  respond  to  CF  by  lower  transients  in  Stage  A.  Finally, 
Figure  57  shows  the  influence  of  acidity  yielding  the  now  expected 
result,  viz.,  lower  transients  at  lower  acidity. 


Crack  Initiation  in  Mode  II  CF 
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Medium:  0.05  M  H2S04  (30°C) 
Potential  (potentiostatically  controlled): 
Uh=+365  and  +700  mV,  resp. 
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FIGURE  49— Crack  Initiation  In  a  Mode  II  corrosion  fatigue.  Ratio 
of  Initiation  cycles  to  fracture  cycles  for  three  SSs  and  depen¬ 
dence  of  N/N,  on  stress  range  for  an  austenitic  SS.100 


Thickness  of  Passive  Layer  and  Alloy 
Chemistry  (ESCA) 
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FIGURE  50 -Thickness  of  passive  layer  (Auger  analysis)  for 
three  SSs  at  three  potentials  (potentiostatically)  In  0.05  M  H2S04 
(30'C).1o° 


Thickness  of  Passive  Layer  and  Alloy 
Chemistry  (ESCA) 


Austenite  SS  Ferritic-Austenitic  SS 


FIGURE  51— Thickness  of  passive  layer  (Auger  analysis)  for 
three  SSs  at  three  potentials  (potentiostatically)  in  2  M  H2S04 
(30°C).100 


CF  Crack  Initiation  vs.  Bending 
Stress  Amplitude 


Cycles  to  Fracture  Ni 

FIGURE  52— Dependence  of  nondlmenslonal  crack  initiation 
N/N,  on  rotatlng-bending  stress  range.100  Potential  (poten- 
tlostatlc):  +365  mVSHE.  Medium:  0.05  M  H2S04  (30°C).  Dashed 
lines  represent  beginning  of  subcritlcal  crack  propagation. 

Initial  period  of  cyclic  hardening 
It  was  mentioned  before  that,  after  applying  the  fatigue  load, 
there  is  a  steep  anodic  increase  of  current  under  potentiostatic 
conditions,  As  cyclic  hardening  in  this  first  fatigue  period  sets  in,  the 
current  decays  and  reaches  a  low  stationary  value  (Figure  43).  As 
this  is  Mode  II  CF  undor  stable  passivity,  such  a  current  response  is 
possible  in  no  other  way  but  by  an  initial,  extremely  localized  damage 
of  the  passive  film.  This  must  be  induced  by  some  sort  of  near- 
surface  bulk  dislocation  mechanism.  As  the  current  signals  in  the 
period  indicate,  there  is  some  localized  anodic  dissolution  that  is 
weakening  as  cyclic  hardening  progresses.  These  signals  seem  to 
be  caused  by  healing-up  processes  of  the  passive  layer  at  sites 
where  there  is  surface  slip  in  the  course  of  cyclic  hardening.  In  fact, 
sinusoidal  signals  appear  occasionally  in  the  initial  period  of  cyclic 
hardening  in  the  same  way  as  later  on  during  the  crack  initiation 
Stage  B.  Thus,  it  is  likely  that  slip/environment  interaction  during  this 
period  follcws  the  mechanism  of  Stage  B  (slip-step  emergence/ 
passive  film  piercing/repassivation  model94).  Experimental  observa¬ 
tions  support  this  view: 
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(1)  The  sinusoidal  signals  mentioned  will  decay  as  cycling  harden¬ 
ing  progresses  in  this  period; 

(2)  All  system  parameters  exert  the  same  influence  on  the  current 
transients  in  this  period  as  on  the  sinusoidal  signals  in  the  crack 
initiation,  Stage  B,  such  as  lov/er  signals, 

(a)  At  potentials  favoring  improved  passivity  (signal  amplitude  at 
900  mV  s  715  mV  <  365  mV  <  0  mV,  Figures  53  and  55); 

(b)  At  lower  stress  amplitudes  (Figure  55); 

(c)  With  alloys  high  in  Cr  and  Mo  (22Cr-5Ni-3Mo  SS  <  316  SS 
<  12Cr  SS); 

(d)  In  less  aggressive  media  (0.05  M  H2S04  vs  2  M  H2S04, 
Figure  57). 

Passive  Potential  (potentiostatic) 
and  Transient  Current  in  Stage  A 


FIGURE  53— Dependence  of  transient  cell  current  in  Stage  A  on 
(potentiostatic)  passive  potential100  In  the  Incubation  Stage  A. 


Cell  Current  Peak  Height  vs  Potential 


FIGURE  54 -Dependence  of  cell  current  peak  height  on  (poten¬ 
tiostatic)  passive  potential.100 


Transient  Current  and  Stress 
Amplitude  in  Stage  A 


FIGURE  55— Dependence  of  transient  cell  current  in  Stage  A  on 
stress  range. 


Alloy  Chemistry  and  Transient 
Current  in  Stage  A 


0.8 

< 

£  0.6 


0.4 -J 


c 

<D 

o 

c 

’(/) 

2  0.2 
H 


o 

(Vi 


(/) 

(/> 


Medium:  0.05  M  H2S04  (30°C) 
Material:  Ferritic  SS  (12  Cr) 
Potential:  U  =  +365mV  (SHE) 
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FIGURE  56— Dependence  of  transient  cell  current  in  Stage  A  on 
alloy  chemistry. 


It  appears  that,  during  the  initial  hardening  period,  local  plastic 
strain  events,  limited  both  in  time  (cycle  numbers)  and  extent,  leave 
sites  where  microplastic  processes  are  preferentially  set  in  motion 
during  the  subsequent  Stage  A,  where  they  manifest  themselves  in 
the  aforementioned  stochastic  current  transients.  Those  involving  the 
highest  charge  transfer  will  bo  prime  candidates  for  continued 
mechano-electrochemical  reactions  in  Stage  A  until,  at  the  transition 
from  Stage  A  to  Stage  B,  irreversible  near-surface  glide  processes 
are  induced  at  one  or  a  few  sites  as  manifested  by  the  sinusoidal 
signals  in  Figure  46.  They  may  be  indicative  of  the  appearance  of 
persistent  slip  bands  (PSBs).  It  has  been  demonstrated  at  PSBs  that 
several  processes  can  occur  that  all  act  toward  depassivation:101  the 
basic  process  of  local  rupture  of  a  passive  film  by  sufficiently 
extruded  PSBs,  surface  roughening  on  PSBs,  and  stress  raising  at 
the  matrix/PSB  interface. 

The  answer  to  the  question  of  whether  one  or  a  few  cracks  will 
initiate  seems  to  be  given  already  during  the  initial  cyclic  strain¬ 
hardening  period.  If  sufficient  strain  localization  and,  as  a  conse¬ 
quence,  preferential  passivation/depassivalion  are  possible  there,  it 
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is  highly  likely  that  only  one  crack  will  be  initiated  that  will  lead  to 
fracture.  Therefore,  in  favor  of  this  are  anodic  protection,  low  acidity, 
high  contents  of  passivating  alloying  elements  in  SSs,  and  low  stress 
range.  Figure  58  illustrates  an  example  where  all  four  parameters  are 
in  the  adverse  direction. 

The  limiting  case  where  no  cracks  will  initiate  requires  that  PSBs 
be  unable  to  form  at  all  or,  if  they  can  form,  that  they  have  dimensions 
that  are  small  compared  to  the  thickness  of  the  respective  passive 
film. 

It  is  for  this  reason  that  practical  measures  to  counter  Mode  II 
CF  aim  at  suppressing  slip  processes  up  to  stress  ranges  as  high  as 
possible,  e.g.,  by  shot  peening,  hammering,  autofrettage;  using 
alloying  elements  that  lower  the  electrical  charge  required  for 
repassivation  and,  at  the  same  time,  assist  in  forming  thick  passive 
layers  (Figures  50  and  51),  applying  redox  systems,  where  feasible, 
that  hold  a  favorable  potential  within  the  passive  range  (Figures  53 
and  55),  and  designing  for  low  stress  ranges  by  eliminating  geomet¬ 
rical  and  other  stress  raisers. 

Resume  of  the  potential  of  the  current  transient  measuring 
technique.100  The  signals  that  can  be  recorded  during  the  CF  life  of 
specimens  describe  the  corrosion  system  “stainless  steels  under 
fatigue  loading  and  stable  passivity.'"00  They  allow  detection  of  the 
first  interactions  between  cyclic  slip  processes  and  environment, 
discovery  of  crack  initiation  on  a  microscopic  scale,  determination  of 
the  position  of  growing  cracks,  at  present  for  rotating  bending,  by 
measuring  the  phase  angle  between  sinusoidal  current  signals  and  a 
reference  line  on  the  circumference  of  a  specimen,  and  discrimina¬ 
tion  of  whether  one  or  more  cracks  develop  and  differentiation 
between  growing  and  dormant  cracks. 

Peak  Height  of  Cell  Current  Transients  vs 
Stress  Amplitude 


time-to-fracture  and  consequently  the  time  available  for  self-passi¬ 
vation.  Self-passivation  occurs  at  Sr  =  ±  0,  too,  indicating  that  the 
mechanism  is  purely  electrochemical  in  nature.  In  fact,  a  microscopic 
and  scanning  electron  microscope  (SEM)  investigation  revealed  a 
preferential  corrosion  attack  on  the  austenitic  phase,  which  is  lower 
in  Cr  and  Mo  than  the  ferrite.  This  preferential  attack  produces 
trenches.  In  the  plate-manufacturing  process,  the  austenitic  islands 
are  stretched  in  the  milling  direction.  Figure  60  shows  the  different 
configuration  of  the  austenitic  phase  in  the  LT  and  TL  directions, (2) 
respectively  TL  specimens,  therefore,  exhibit  deeper  trenches  than 
LT  specimens.  By  the  selective  dissolution  of  the  austenitic  phase 
during  self-passivation,  the  surface  will  be  steadily  enriched  in  Cr  and 
Mo  until  passivation  becomes  possible. 
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FIGURE  57-Dependonco  of  cell  current  peak  height  on  stress 
range  and  acid  concentration  In  Stage  A, 


Peculiarities  of  ferritic-austenitic  SSs 96 
These  steels  show  all  the  salient  mechanistic  features  dealt  with 
in  the  previous  paragraph.  However,  the  duplex  character  of  these 
steels  causes  some  effects  that  result  from  the  different  chemical 
composition  and  lattice  of  the  a-  and  7-phase  that  are  not  observed 
in  the  aforementioned  classes  o(  monophase  SSs.  Figure  59  displays 
one  of  them.  They  may  become  passive  after  an  appreciable  lapse 
of  time  and  high  cycle  numbers,  o.g.,  5  x  to7,  even  under  CF 
loading,  if  the  system  is  not  too  lar  away  from  the  active/passivo 
borderline,  as  in  the  case  of  2  M  H2S04  at  ambient  temperature.96 
The  stress  range  is  influential  only  insofar  as  it  will  limit  the 


vi«* 

FIGURE  58-Crack  Initiation  and  propagation  in  a  notched 
rotatlng-bendlng  specimen  under  conditions  favoring  two  cracks 
(and  crack  branching).  Open-circuit  potential,  H2S04  (pH  =  3.3, 
30°C,  Sr  =  0.9  S,(alr). 


Duplex  Steel:  Self-Passivation  under  CF 


Time  in  hours 

FIGURE  59— Self-passivation  of  a  22Cr-5.5NI-3Mo  ferrillc-auste- 
nltlc  SS  at  open-circuit  potential.  Influence  of  stress  range  and 
time  (number  of  cycles),  respectively.96 

,2)The  first  letter  indicates  the  direction  of  principal  stress;  the  second 
letter  indicates  direction  of  crack  propagation  direction. 
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Duplex  Steel:  Austenitic  Phase  in  Ferrite  Matrix 

Austenite  ■ 

Ferrite 


Ftolling  Direction 


LT-Specimen  ^  ^  Sr 


Ferrite  Austenite 


TL-Specimen 


section  A-B 


mm*: 


Ferrite  Austenite 


FIGURE  60— Milling  texture  of  a  ferritic-austenitic  SS  with  the 
austenitic  phase  in  the  ferrite  matrix.96 


The  process  of  self-passivation  in  these  duplex  SSs  should  be 
frequency  independent  in  a  range  where  the  hydrodynamic  condi¬ 
tions  in  the  boundary  layer  are  identical.  This  is  brought  out  by 
comparing  Figures  59  and  61  for  stress  ranges  low  enough  to  yield 
fracture  times  longer  than  the  time  for  self-passivation  (±S,  <  100 
MPa). 

The  preferential  dissolution  of  the  austenitic  phase  should 
influence  the  fatigue  life  because  o(  the  surface  notches  formed.  To 
demonstrate  this,98  specimens  were  self-passivated  under  the  con¬ 
ditions  of  Figure  59  at  S,  =  ±0.  In  the  first  case,  after  passivity  had 
been  reached,  the  fatigue  load  (Sr  =  ±200  MPa)  was  applied  (Figure 
62).  In  the  second  case,  again  after  identical  self-passivation,  the 
specimen  was  cathodically  activated,  and  the  load  was  applied. 
Despite  the  fact  that  trenches  had  been  formed  in  the  process  of 
self-passivation  in  the  first  stage  of  the  experiment  (S,  =  ±  0), 
deepening  of  these  notches  and  early  crack  Initiation  in  the  second 
case  was  responsible  for  a  much  lower  fatigue  life,  compared  to  the 
first  case  where  (stable  passivity)  Mode  li  CF  conditions  were 
maintained  from  the  moment  the  load  was  applied. 

Bosides  differences  in  the  corrosion  resistance  of  the  two 
phases,  an  mfluonco  of  rolling  texture  is  noticeable  even  under 
optimum  (potentiostatic)  Mode  II  CF  conditions.  It  becomes  more  so 
the  longor  the  fatigue  life.  In  an  inert  environment,  the  difference  in 
fatigue  strength  between  LT  and  TL  specimens  must  remain  constant 
because  no  electrochemical  component  is  involved. 


Maraging  steels 

The  CF  behavior  of  an  18NI-7Co-5Mo  maraging  steel  (Rm  = 
1780  MPa,  Rp  oz  -  1700  MPa)  has  been  studied  in  Mode  II  CF  (pH 
=  4.62,  M/10  acotato  buffer,  20°C).  The  AF  and  CF  results  will  bo 
evaluated  with  respect  to  the  notch  sensitivity  oi  this  18%  Nl 
maraging  steel  after  a  few  general  remarks. 

The  reduction  of  fatigue  strength  is  usually  less  than  the 
theoretical  stress  concentration  factor  K,  indicates,  which  is  the  ratio 
of  the  greatest  stress  in  the  region  of  a  mechanical  notch  or  other 
stress  concentrator,  as  determined  by  the  theory  of  elasticity,  to  the 
corresponding  nominal  stress  (S„)  (Figure  63).  Theoretically,  the 
stress  at  the  tip  of  a  notch  should  be  increased  by 

S™*  -  S„  =  K,S„  -  Sn  =  Sn  (K,  -  1)  (17) 


Because  of  the  formation  of  a  plastic  zone  ahead  of  the  notch 
tip,  this  increase  is  lower  and  determined  by  an  “effective’1  stress 
concentration  factor  (termed  fatigue  notch  factor  K,),  which  is  the  ratio 
of  plane  fatigue  strength  (Sf)  to  the  notched  fatigue  strength  (S„): 

K  _s< 

’  ~  Sn  (18) 

The  real  stress  increase  is  therefore  (Figure  63) 


K,xSn-Sn  =  Sn(K,-1)  (19) 


Introducing  the  notch  sensitivity  factor  q  win  yield  a  measure  of  the 
degree  of  agreement  between  K,  and  K,: 


q  x  S„(K,  -  1)  =  Sn  (K,  -  1)  (20) 


_  Ki-1 

Q  K,  -  1  (21) 

When  K,  =  K,,  i.e.,  q  =  1 ,  a  material  is  said  to  be  fully  notch  sensitive; 
if  q  =  0  (K,  =  1),  it  is  notch  insensitive. 

Duplex  Steel:  Self-Passivation  under  CF 


FIGURE  61  -Self-passivation  of  a  22Cr-5.5Ni-3Mo  ferritic-auste¬ 
nitic  SS  at  open-circuit  potential.  Influence  of  stress  range  and 
timo  (number  of  cycles),  respectively96  (frequency  6.5  s  ’ 
Instead  of  50  s'1  In  Figure  59). 


Duplex  Steel:  Life  vs  Self-Passivation/Activation 
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FIGURE  62— Corrosion  fatigue  life  of  a  ferritic-austenitic  SS 
(22Cr-5.5  NI-3Mo)  as  Influenced  by  self-passivation  and  ca¬ 
thodic  activation,  respectively.95  Open-circuit  potential. 
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The  relationship  between  K,  and  q  is  illustrated  in  Figure  63, 
which  shows  the  stress  distribution  in  a  notched  bar.102  The  left  part 
illustrates  the  geometric  influence  on  the  notch  effect  [Equation  (17)], 
whereas  the  right  part  of  this  figure  expresses  the  influence  from  the 
side  of  the  material  (Equation  (18)].  It  should  be  noted,  however,  that 
the  original  assumption  does  not  hold  true:  The  notch  sensitivity 
factor  q  is  no  material  constant  for  a  given  material.  Calculating  q 
from  Equation  (21)  is  permissible  provided  q  is  determined  under 
equal  or  at  least  similar  conditions  to  which  a  component  will  be 
subjected.  In  addition,  it  has  undoubtedly  the  advantage  to  be 
illustrative  in  the  aforementioned  sense:  q  =  1 :  extreme  fatigue  notch 
sensitivity;  q  =  0:  no  notch  sensitivity. 

Table  8  represents  the  results  for  the  18Ni-7Co-5Mo  maraging 
steel  in  two  heat-treatment  conditions.  For  sharp  notches  (K,  =  4.80), 
the  notch  sensitivity  factor  in  air  is  not  too  much  different  for  push-pull 
or  pulsating  tension  stresses,  whereas  q  (on  the  basis  of  plane 
fatigue  strength  in  air/notched  CF  strength)  is  falling,  under  such  mild 
corrosive  conditions,  below  the  lowest  q  value  in  air  in  the  age- 
hardened  condition.  On  a  CF  basis  (plane  CF  strength/notched  CF 
strength),  q  is  decreased  to  a  very  low  value  (0.19),  demonstrating 
once  more  that  mechanical  notches,  in  their  negative  effect  on  fatigue 
strength,  will  be  far  surpassed  by  mechano-electrochemical  notch 
effects. 

Corrosion  fatigue  in  the  state  of  unstable  passivity  with 
endogenous  activation  (Mode  III  corrosion  fatigue) 

Among  all  SSs,  martensitic  13Cr  steels  are  especially  prone  to 
this  type  of  CF94  in  little  aggressive  media  because  of  their  borderline 
composition  for  passivity.  When  passivated,  for  example,  in  a 
medium  such  as  c2  in  Figure  64,  an  unstable  passive  potential  (-.e905*) 
will  develop.  In  the  course  of  fatigue  loading,  the  aforementioned 
sequence  of  events  will  cause  polarization  as  soon  as  a  slip  step 
(PSB)  of  critical  height  has  penetrated  the  passive  film.  The 
open-circuit  potential  will  become  more  and  more  negative  until  it  falls 
below  the  passivation  potential  («„)  and  total  activation  occurs. 
Corrosion  proceeds  in  Mode  I  at  the  active  open-circuit  potential 
(2«oc')- 

Failures  resulting  from  this  mode  can  occur  when  potential 
measurements  in  a  medium  show  passive  behavior  and  no  poten¬ 
tial-time  curves  after  complete  activation  of  tost  coupons  (e.g.,  by 
touching  them  with  Zn)  were  taken  to  prove  stable  passivity  by 
repassivation. 

Corrosion  fatigue  in  the  state  of  metastable  passivity 
with  exogenous  activation  (Mode  IV  corrosion  fatigue) 

The  important  case  Is  that  of  a  superposition  of  CF  and  pitting, 
Others  concern  CF  with  superposition  of  crevice  corrosion.  Intergran¬ 
ular,  and  stress  corrosion,  respectively. 

Superposition  of  pitting  and  corrosion  fatigue.  This  mode 
has  been  studied  first  for  austenitic  SSs.’03  After  an  Induction  period, 
pitting  Is  stabilized  and  cracks  start  from  the  anodic  bottom  of  pits. 
Usually,  cracking  occurs  In  a  numbor  of  pits  so  that  a  fracture  surface 
full  of  fissures  is  formed  that  can  bo  distinguished  easily  macrofrac- 
tographlcally  from  Mode  II  but  looks  very  much  like  Mode  I  Iractures. 
Howover.  all  the  surface  oxcept  lor  the  pits  remains  passive,  acting 
as  the  cathodic  area.  With  numbers  of  cycles  Increasing,  the  pitting 
aroa  increases  and  the  corrosion  potential  shifts  toward  less  noble 
values  Figure  65  shows  a  SEM  picture  of  tho  surface  of  a 
rotating-beam  specimen,  it  gives  an  Impression  of  tho  sequence  of 
events  underlining  tho  fact  that,  because  of  the  stress  concentration 
in  the  ligaments  between  closely  adjacent  pits,  the  cracks  tend  to 
follow  such  palhs,  This  figure  also  brings  out  tho  detrimental  effect  of 
pitting  on  CF  strength.  The  low  number  of  cycles  (40  x  108)  was 
endured  at  a  stress  amplitude  of  only  s  80  MPa. 

An  early  practical  examplo  of  the  superposition  of  CF  and  pitting 
is  given  in  Figure  66.  illustrating  tho  CF  failure  of  a  low-pressure 
turbine  blade,  Figuro  67’04  shows  a  typical  low-pressure  turbine 
configuration. 


Condensing  reheat  turbine  blade  failures.  Such  blade  fail¬ 
ures  in  condensing  reheat  turbines  have,  in  the  meantime,  become 
a  subject  of  wide  interest.  They  usually  occur  after  a  long  operating 
period  (in  Figures  68  and  69  after  about  55,000  operating  h). 

Moving  blades  and  guide  vanes  represent  the  highest  number 
of  single  components  in  a  turboset  (e.g.,  15,000  moving  blades  in  a 
1300  MW  turbo  set);  two-thirds  of  all  running  blade  failures’06,107 
occur  in  the  transition  and  condensating  stages.  As  a  high  percent¬ 
age  of  them  is  caused  by  Mode  IV  CF,  it  is  understandable  that  great 
efforts  have  been  untertaken  to  find  ways  to  mitigate  it,  e.g.,  by 
EPRI,(3>  BMFT/DECHEMA,(4>  and  others. 

Figure  68  shows  a  running  blade  and  its  base  after  fracture. 
Many  small,  dark  spots  with  a  somewhat  brighter  ring  can  be 
recognized  on  both  sides  of  the  blade.  The  brighter  rings  surround 
the  pits  covered  by  tiny  heaps  of  corrosion  products.  In  the  area  of  the 
bright  rings,  the  cathodic  partial  reaction  of  pitting  takes  place.  As  is 
typical  for  Mode  IV,  several  cracks  (close  to  the  blade  base)  combine 
in  the  final  phase  of  fracture.  This  caused  the  fissured  appearance  of 
the  fracture  surface  shown  in  Figure  69,  which  demonstrates  that 
cracking  started  from  the  bottom  of  pits. 

In  this  context,  the  origin  of  corrosive  agents  in  condensing 
reheat  turbines  has  been  discussed  92  because,  after  applying  100% 
condensate  polishing,  both  the  feedwater  and  the  boiler  water  are 
very  pure.  However,  traces  of  salts  including  chlorides  may  slip 
through  the  ion  exchangers  being  carried  along  with  the  high-pres¬ 
sure  steam  in  which  they  are  soluble.  It  is  a  striking  fact  that  CF 
failures  in  these  turbines  are  restricted  sometimes  to  only  one  or  a 
few  stages  of  running  blades  at  which  x  =  1  ("Wilson  Zone").  No  CF 
failures  occur  in  the  first  stages,  where  there  is  no  condensation,  and 
also  in  those  where  there  is  full  condensation.  II  is  in  the  range  where 
condensation  starts  that  one  can  observe  CF  cracks.  This  results 
from  the  fact  that  the  front  of  condensation  is  not  stable,  thus  causing 
alternate  condensing  and  drying  up  in  the  Wilson  Zone.  This  process 
leads  to  an  accumulation  of  salts,  among  them  chlorides  that  can 
induce  pitting  of  13%  Cr  turbine  steels. 

Heavy  salt  deposits  do  not  represent  tho  state  of  the  art  in 
modern  power  plants  using  100%  condensate  polishing.  Neverthe¬ 
less,  the  problem  remains  that  the  first  droplets  of  condensate  may 
be  enriched  in  ions,  among  them  chlorides,  because  of  the  widely 
differing  partition  coefficients  of  substances  in  the  steam/water 
system. 

Mechanical  and  corrosive  stressing  of  turbine  blades.  On 
tho  mechanical  sido,  there  are  different  and  complicated  loads  that 
act  on  blades,  for  instance,  centrifugal,  steam  bonding,  initial  preload 
overspeod,  and  reactive  loads  resulting  from  thermal  expansion. 

Stress  calculation  and  design  put  enough  safety  into  the 
operational  behavior  of  blades  !o  avoid  low-pressure  steam  turbine 
blade  failures  but  could  not  take  into  account  the  loss  of  fatigue 
strength  because  of  Mode  IV  CF.  Tho  significant  reduction  in  fatigue 
strength  of  a  typical  13Cr  martensitic  blade  steel  Is  plotted  in  Figure 
70  and  clearly  reveals  the  following  points:’05 

(1) Tho  structural  AF  strength  ol  a  blade  profile  is  lower  than  tho 
piano-specimen  AF  strength; 

(2)  It  Is,  however,  conservative  (in  air)  to  take  the  notch  fatigue 
strength  as  a  basis  for  calculation  if  not  for  the  environmental 
influence; 

(3)  Tho  lowost  strength  Is  observed  under  CF  conditions  with 
notched  specimens  and  blados  coming  down  to  tho  same  level; 

(4)  It  must  not  bo  overlooked  that  heavy  pitting  alone,  e.g.,  provoked 
In  stand-still  periods,  will  lower  CF  strength  considerably  be¬ 
cause  of  the  notch  effect  alone,  as  tho  second  lowest  lovel  of 
Figure  70  illustrates. 

It  thus  becomes  evident  how  important  it  is  to  tost  a  steel  under 
conditions  sulficlently  similar  to  reality. 


‘^’Electric  Power  Research  Institute,  Palo  Alto,  CA. 
t4)Bonn/Frankfurt,  FRG. 
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TABLE  8 

Fatigue  Notch  Factor  K,  and 
Notch  Sensitivity  Factor  q  (Kt  =  4.80)(A) 


Fatigue 

Solution  Annealed, 

HV  30  =  330 

Age  Hardened 
(850°C,  30  mln/475°C,  6  h) 

Mode 
(N  =  107) 

K,  -  1 

Y  n  — 

K, 

K<  -  1 

K,  -  1 

q  ~  Kt  -  1 

Alternating  stress 

(push-pull)  (air) 

R  »  =  -1 

^max 

3.31  0.61 

3.60 

0.68 

Pulsating  tension 

(air) 

R  =  =  o 

^max 

2.91  0.77 

3.21 

0.58 

Pulsating  tension 

0.1  M  acetate  buffer, 

not  tested  — 

10.0(B) 

0.42,b) 

pH  4.62 

R  =  0 

1.71  <c> 

0.19(C> 

<A,18%  Ni-maraging  steel  (7,5  Co,  4.8  Mo,  0.4  Ti). 

<8,Basis  =  plain  fatigue  strength  (air)/notched  CF  strength. 
(C)Basis  =  plain  CF  strength/notched  CF  strength. 


Fatigue  Notch  Sensitivity 


tF 

FIGURE  63— Illustrating  fatlguo  notch  factor  (K,),  thoorotlcnl 
stross  concentration  factor  (K,),  and  notch  sensitivity  factor 


As  Figure  70  showed,  condensate  suffices  to  lower  tho  fatigue 
strength.  Fatigue  data  lor  1310  Cr  steel  tested  at  low  Iroquencios  In 
condonsmg  steam  have  made  this  cleat  (Figure  71)  in  a  more 
quantitative  way.'08  Tho  dashed  lino  separates  tho  pitted  specimens 
from  those  in  which  the  surface  condition  had  remained  unchanged, 
tho  full  lino  encloses  those  with  cracks.  Data  wero  obtained  by 
repeated  examination  of  tho  specimens  by  SEM  at  the  intervals 
indicated  by  the  data  in  Figure  71.  After  comparing  them  with 
published  high-frequency  data,  it  may  bo  necessary  to  use  notched 


fatigue  data  from  high-frequency  tests  to  model  the  reduction  in 
fatigue  strength  that  may  occur  when  low  cyclic  loading  is  experi¬ 
enced  in  relatively  innocuous  environments.  The  low  cycle  CF  side  of 
the  problem  has  thus  been  brought  into  focus  and,  with  it,  the  events 
and  effects  under  those  104  start-up  conditions  in  the  typical  life  of  a 
lurboset.  On  the  other  hand,  Figure  71  shows  that  the  pitting  and 
cracking  borderline  under  such  conditions  seems  to  bo  located  at 
comfortably  high  stress  levels.  These  data  were  obtained  under 
continuous  loading.  Further  research  must  demonstrate  if  and  how 
far  low-frequency  load  cycles  intermittent  with  rest  periods  will  yield 
results  that  differ  from  the  continuous  loading  mode  of  Figure  71. 

This  picture  changes  dramatically  when  high  chloride  contents 
come  into  play  as  in  blade  stages  near  x  =  1,  i.e.,  at  the  (unstable) 
front  of  condensation,  causing  condensation  and  drying  up.  It  is 
assumed,  at  least  in  Germany,  that  an  aqueous  solution  of  26%  NaCI 
by  weight  and  80°C  will  conservatively  represent  the  real  conditions. 
Figure  72  presents  the  results  o(  the  aforementioned  BMFT  research 
project  In  a  complete  Smith  diagram.’09  The  frequency  chosen  (50 
Hz)  was  the  rotary  frequency,  tho  cycles  being  limited  to  3  x  107  or 
5  x  107  for  practical  reasons.  It  displays  the  influence  of  oxygon  in 
both  deionized  water  and  its  extremely  detrimental  effect  in  the 
concentrated  chloride  solution.  In  deionized  water,  the  decay  of 
fatigue  strength  Is  nearly  independent  of  pH  between  5  and  9, 
whereas  in  concentrated  NaCI  solutions  saturated  with  02,  tho  CF 
strength  between  pH  7  and  9  is  only  a  fraction  of  the  AF  limit.  This 
dramatic  drop  is  a  result  of  Mode  IV  CF  because,  under  such 
conditions,  the  open-circuit  potential  will  be  driven  beyond  the  pitting 
potential. 

Clearly,  under  such  conditions,  life  will  be  limited.  Aside  from 
efforts  to  safeguard  operational  conditions  that  exclude  events  like  an 
inrush  of  untreated  water,  faulty  operation  of  condensate  polishing 
units,  etc.,  design  measures  to  keep  the  fatiguo  load  of  running 
blades  in  tho  transition  stages  as  low  as  possiblo  and  to  damp 
vibrations,  an  intensive  search  for  better  blade  materials  and  causes 
of  failures  was  conducted.’ ,<Mza 

In  addition  to  martensitic  and  ferritic-austenitic  SSs.  ferritic  SSs 
wero  included  in  this  search.  In  a  classification,'29  ferritic-austenitic 
and  high-chromium  ferritic  steels  fall  in  one  group  with  CF  strengths 
of  around  300  MPa,  austenitic  and  martensitic  SS  in  a  second  group 
with  CF  strengths  around  100  MPa. 
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FIGURE  64— CD  potential  curves  illustrating  stable  and  unstable 
(metastable)  passivity.  Influence  of  the  cathodic  partial  reaction. 


Material:  Steel  XtOCrNiNblB9 
W.Nr.  US50 
(AISI347,  BSEnSBF) 

Surface  Treatment:  Grinding  and 
electrolytic  polishing  l-SOOpm/*) 

Medium:  Aqueous  solution  of 

45  g/l  NaCI,  22g/tF«Clj- 
BHjOj  ltg/1  FeSOj-THjO 
pH.1,7 

Stress  Amclitude:  1 80  MPa 
Number  of  Cycles:  4,08- 10® 


m\  Corrosion  Fatigue  and  Pitting  Corrosion  j  lewvtnK 

FIGURE  65 -Superposition  of  corrosion  fatigue  and  pitting 
corrosion  (Mode  IV  corrosion  fatigue;  material,  steel  X  10 
CrNiNb  189;  W.-No.  1.4550  (typo  347  (UNS  S34700);  BS  En  58  F)]. 
Original  surface  ground  and  olectrolytlcally  polished.  Medium: 
aqueous  solution  of  25  g/L  NaCI,  22  g/L  FoClj  *  6  HjO,  11  g/L 
FeS04  x  7  H20,  pH  1.7.  Stress  range  In  rotating  bending:  ss  80 
MPa.  Number  of  cycles  at  fracture:  4.08  x  io8). 

From  a  practical  point  of  view  tho  following  results  shall  be 
mentioned: 

(1)  Class  3  Super  12%  Cr  steels130  were  found  to  have  rotating- 
bending  CF  strengths  of  around  350  MPa  (artificial  seawater,  room 
temperature)  as  compared111  to  335  MPa  ol  a  duplex  2lCr-6Ni-Mo 
SS. 

(2)  Adding  1%  Mo  to  Class  1  13%  Cr  steels  Increases  the 
uniaxial  tension  CF  strength  by  about  80  MPa  (Sm  =  350  MPa,  10 
Hz.  27%  NaCI,  pH  =  7).  This  is  caused  by  two  effects:  (a)  shifting  the 
pit  initiation  potential  to  more  noble  values;  (b)  formation  of  thicker 
passive  layers. 


fractured  in  the  range,  of  beginriing  steam 
condensation 
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FIGURE  66-Corroslon  fatigue  Mode  IV  failure  of  a  low-pressure 
turbine  blade.92 


Typical  Low  Pressure  Turbine  Configuration 


(3)  Tho  damage  ratio  (CF  limit  divided  by  endurance  limit  in  air) 
depends119  strongly  on  the  tempering  temperature  of  martensitic  13 
Cr  steels  (at  600’C  the  damage  ratio  was  as  low  as  0.04  in  3%  NaCI 
as  compared  to  about  0.25  to  0.30  at  430  and  TSO’C).  Especially 
targe  pits  initiating  CF  were  observed  in  specimens  tempered  at  the 
critical  temperature  of  600“C.  This  is  explained  by  precipitation  ot 
carbides  M7C3  t  M^C,,  t  M2(C,  N)  where  martensite  laths  had 
been  located.’31  Pitting  seems  to  be  favored  under  such  hoat- 
treatment  conditions  (quenching  from  970°C  in  oil  tempering  at 
450'C,  3  h/air  cool).  This  is.  once  more,  a  hint  not  to  deviate  from 
long-eslabtished,  heat-treatment  procedures  calling  for  a  tempering 
temperature  of  at  least  68CaC.  In  contrast  to  the  tempering  temper¬ 
ature,  the  austenitizing  temperaturo  was  found  to  havo  little  influ¬ 
ence. 

(4)  Choosing  the  proper  heat  treatment.  Tho  effect  of  heat 
treatments  on  the  CF  properties  of  13Cr  SSs  in  aqueous  NaCI 
solutions  has  been  studied  In  detail.119  Whereas  the  austenitizing 
temperaturo  (between  930  and  IIOO'C)  has  little  influence,  the 
tempering  temperature  is  critical.  Tho  CF  strength  goes  to  a  minimum 
at  600'C  (as  similarly  shown  in  Figuro  74).  It  is  much  smaller  there 
than  at  450  and  750°C.  The  former  tempering  temperature  cannot  be 
made  use  of  as  the  mechanical  properties,  above  all,  the  fracture 
toughness,  are  too  small  for  practical  purposes.  The  minimum  at 
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600°C  is  explained  by  the  fact  that  carbides  of  the  type  M7C3,  M23C6, 
M2(C,N)  are  precipitated  where  martensite  laths  had  been  located.’'” 

(5)  An  accelerated  test  procedure  to  determine  quantitatively 
the  propensity  to  CF  could  not  be  found.’10 120 

(6)  The  inhibiting  effect  of  silicates  and  phosphates  on  the 
fatigue  crack  growth  rates  in  type  403  SS  is  nil  in  10  M  NaOH  (1  Hz, 
100°C)  They  showed  inhibiting  effects,  however,  in  6  M  NaCI  at  a 
concentration  of  0.5  M  Na3P04  or  Na2Si03,  respectively.  At  a 
concentration  of  0.1  M,  an  accelerating  effect  was  found  enhancing 
the  fatigue  crack  growth  rates.132 

(7)  Of  many  types  of  coatings,  only  the  anodic  metallic  deposits 
gave  an  improvement  of  type  403  SS  CF  strength.113 

(8)  The  high-frequency  CF  strength  (Figure  73)  of  type  403 
steam  turbine  blade  material  (109  cycles)  in  18  different  environ¬ 
ments  is  lower  than  that  of  the  17-4  pH  and  Ti-6AI-4V  alloys.133 13Cr 
SS  was  tested  over  the  broad  range  from  10~3  to  104  Hz  by  fracture 
mechanics  fatigue  crack  growth  methods  showing  that  environmental 
crack  growth  rates  decrease  strongly  at  higher  frequencies,  demon¬ 
strating  the  possibility  that  ultrasonic  tests  allow  the  measurement  of 
fatigue  threshold  stress-intensity  AKq  in  short  times.134 


Material: 
X15Cr13 
(W.Nr.1.4024) 
AISU20 
BS  Eh  56  B 
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FIGURE  68— Superposition  of  corrosion  fatigue  and  pitting 
corrosion  (Mode  IV  corrosion  fatigue:  view  of  failed  blade). 

In  a  somewhat  related  field,  type  410  SS  compressor  blades 
have  been  shown  to  gain  considerably  in  their  CF  strength  by 
residual  magnetism.  This  improvement  is  attributed  to  a  reduction  in 
the  rate  at  which  dislocations  cross  slip  to  broaden  slip  planes,  which 
are  preferentially  attacked  by  a  synthetic  seawater  atmosphere.123  It 
is  interesting  to  note  that  the  magneto-mechanical  contributions  to 
Internal  friction  not  only  have  a  beneficial  effect  on  fatigue  by 
increasing  the  damping  capacity  of  typo  410  SS  blades,  they 
evidently  act  in  a  positive  sense  under  CF  conditions,  too. 

In  an  extonsive  study,  the  influence  of  microstructure  on  fatigue 
crack  initiation  in  hot-neutral  sodium  chloride  solution  has  been 
investigated,115  Results  showed  that  3%  sodium  chlorido  solution 
(80°C)  has  a  marked  influence  on  the  fatigue  strength  of  tempered 
martensitic  12Cr  and  17Cr-2NI  steels:  Pitting  corrosion  started  at 
sulfide  Inclusions  at  all  stress  rangos  below  the  AF  limit  above  which 
oxide-sulfide  inclusions  in  tho  12Cr  steel  and  mixed-oxide  inclusions 
in  the  1 7Cr-2Ni  steel  become  operative.  It  Is  interesting  to  note1 15  that 
crack  initiation  In  puro,  extra-low  carbon  and  low  interstitial  ferritic 
steels  (18Cr  and  28Cr-4Ni-2Mo)  did  not  follow  the  Mode  IV  CF 
mechanism.  Initiation  was  caused  by  the  slip  step  emergence  (Mode 
II  mechanism94)  because,  in  this  environment,  pitting  will  not  be 
induced.  CF  cracks  always  pass  along  tho  interphase  matrix/ 


inclusion,  the  latter  themselves  not  being  cracked.  Sulfide  inclusions 
are  less  noble  than  the  passive  film1-'4  and  have  been  identified  as 
the  preferential  site  of  pit  initiation.130  139  Once  attacked,  they  lead  to 
an  enhancement  of  local  anodic  dissolution  not  only  on  account  of  the 
galvanic  effect  but  also  by  stimula..ng  anodic  dissolution  in  the 
presence  of  S2  and  SH  .  This  stimulation  is  most  effective,  of 
course,  in  a  crevice.  Crevices  between  matrix  and  sulfide  inclusions 
are  likely  because  of  the  difference  in  the  coefficient  of  thermal 
expansion  leading  to  a  stronger  contraction  for  sulfide  inclusions. 
This  is  one  of  the  reasons  for  the  close  similarity  between  pitting  and 
crevice  corrosion. 


FIGURE  69— Fracture  surface  of  blade,  blade  base,  and  cross 
section  of  blade  with  pit  and  corrosion  fatigue  cracks,  respec¬ 
tively. 


Fatigue  and  CF:  Influence  of  Medium 
and  Structure 
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FIGURE  70— Fatigue  and  corrosion  fatigue  In  connection  with 
steam  turbine  running  blades:  influence  of  medium  and 
structure.106 
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Fatigue  Data  for  Martensitic  13Cr  SS 


I  =  0.016  Hz  R  =  0.1 
Medium:  Condensing  Pure  Steam 
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FIGURE  71  -Tension-tension  fatigue  data  for  a  13Cr  martensitic 
turbine  blade  steel.106 


FIGURE  72— Smith  diagram  for  air  and  corrosion  fatigue  show¬ 
ing  the  Influence  of  oxygen. 

High  Frequency  CF  Strength  (20  kHz) 


600 


O  500 


<u  400 

CO 

Q. 

2 

c  300 


S>  200 
£6 
CD 

j?  100 

CO 


Pur* 

Wit** 


<MPP90I 


22%  N*CI 


*  N*,SO»  (2JS)  + 

♦  Oxides  SrOjiFe.O, 


FIGURE  73— High-frequency  corrosion  fatigue  strength  of  dif¬ 
ferent  materials.  Influence  of  Inhibitors. 


Nickel  martensitic  and  maraging  steels 
8ecause  of  their  high  tensile  strength,  this  class  of  steels  has 
higher  fatigue  strengths  in  air  than  austenitic  SS.  It  is  for  this  reason 
that  they  aroused  interest  and  found  application  for  Kaplan  turbines 
in  the  form  of  heavy  castings  for  runners,  and  as  forgings  for  gliding 
planes.  In  the  meantime,  they  are  used  in  pumps  for  casings, 
runners,  and  shafts,  and  in  compressors  for  similar  components.  The 


molybdenum-bearing  qualities  are  used  in  seawater  service  and 
interest  can  be  noted  for  using  them  as  low-pressure  turbine  blade 
material. 


Aqueous  solutions.  Nickel  martensitic  steels  meet  the  require¬ 
ments  of  hydro-turbine  service,  viz.,  strength,  hardenability,  welda¬ 
bility,  and  cavitation  and  CF  resistance. 

Water  wheels  for  Pelton  turbines  and  Kaplan  runners  are 
predominantly  made  of  type  13Cr-4Ni  currently.  The  reason  for 
turning  to  these  high-alloy  materials  was  cracks  in  cast  bucket  wheels 
of  Kaplan  turbines  that  have  been  identified  as  caused  by  CF.  As  in 
the  case  of  steam  turbine  CF  blade  failures  (Figure  70),  it  is  difficult 
and  requires  costly  technical  resources  to  obtain  CF  strength  values 
representing  the  factual  behavior  of  a  steel  in  such  components 
under  service  conditions.  How  problematic  it  is  to  determine  a 
characteristic  value  meeting  this  requirement  became  evident.140- 141 
As  emphasized  in  Reference  37,  the  S,  values  of  laboratory 
specimens  can  be  much  higher  than  the  stress  range  endured  by 
thick  wall  castings  of  type  13Cr-4Ni  material  applying  test  parameters 
closely  related  to  practice. 

The  problem  of  how  far  the  water  quality  influences  the  life  of  the 
components  in  question  has  so  far  not  been  resolved.  In  laboratory 
tests  using  different  water  qualities,  no  pitting  was  observed.  It  is  not 
clear,  however,  whether  or  not  the  chloride  concentrations  in 
hydro-turbine  service  will  induce  Mode  IV  CF.  On  the  other  hand,  the 
following  parameters  have  been  clearly  identified:37 

(1)  The  type  of  alloy  and  the  chemical  analysis  have,  except  for 
impurities,  little  influence  on  CF;140-141 

(2)  Forgings  have  a  higher  fatigue  and  CF  strength  than  castings, 
provided  they  are  loaded  in  a  favorable  direction  to  the  forging 
fibers.  Weld  metal  has  CF  strengths  at  least  as  good  as  cast 
material; 

(3)  Heat-treatment  conditions  and  strength,  respectively,  have, 
within  wide  limits,  no  inlluence  on  the  CF  strength.  Even  in  small 
laboratory  fatigue  specimens,  the  fatigue  strength  increases 
only  slightly  with  tensile  strength.37 

Seawater.  For  this  service,  grades  on  the  basis  16Cr-5Ni-1Mo 
offer  a  good  choice.  As  Figure  74152  shows,  the  addition  of  about  1  % 
Mo  increases  the  CF  strength  in  seawater  considerably.  Castings  of 
16Cr-6Ni  (CA-6  NM)  show  a  CF  strength  clearly  below  ±100  MPa, 
these  values  being  considerably  lowered  at  higher  cycle  numbers.  In 
contrast  to  this,  the  curve  drop  of  the  1 6Cr-5Ni-1  Mo  steel  in  seawater 
almost  ceases,  which  is  in  agreement  with  results  reported  on 
wrought  alloys  of  similar  composition.142  Figure  74  also  indicates  that 
a  fatigue  strength  of  at  least  ±200  MPa  may  be  expected  with  respect 
to  a  tempering  temperature  of  not  less  than  600°C  under  laboratory 
conditions. 


FIGURE  74— Rotatlng-bendlng  fatigue  strength  of  steel  X  5  CrNI 
13  4  (unpublished  results  by  KSB  Frankenthal,  Federal  Republic 
of  Germany152),  X  5  CrNIMo  13  6  and  X  5  CrNfMo  16  51.  Smooth 
specimens.152  (Reprinted  with  permission.142) 
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Chloride  solutions  at  elevated  temperatures.  In  connection 
with  the  aforementioned  problem  of  low-pressure  turbine  blade 
failures  by  CF,  extensive  investigations  were  undertaken  to  compare 
the  strength  of  nickel  martensitic  steels  with  those  of  standard 
martensitic  grades  in  chloride  solutions  in  a  temperature  .range 
characteristic  for  low-pressure  steam  turbine  stages  in  the  critical 
condensation  range.  Results  showed  the  CF  limit  decreases  consid¬ 
erably  with  increasing  temperature,  whereas  the  chloride  ion  con¬ 
centration  is  of  minor  importance.  In  the  temperature  range  up  to 
80°C.  Mode  II  CF  was  observed  that  was  characterized  by  a  plane 
crack  path  and  no  corrosion  attack  to  the  specimen  surface.  At  a 
temperature  of  150*0,  Mode  IV  CF  occurred.’43  CF  fractures  always 
pass  along  the  interphase  matrix/inclusion,  the  inclusions  themselves 
not  being  cracked. 

Compared  to  type  410  standard  Cr  steels,  the  CF  strength  of 
16Cr-5Ni-2Mo  nickel  martensitic  SSs  was  found  to  be  appreciably 
higher  under  all  conditions.  Further  improvements  can  be  obtained 
by  secondary  metallurgical  processing.  An  electroslag  reunited 
16Cr-5Ni-1Mo  steel  reached  at  N  =  3  x  107  in  22%  NaCI  at  80°C: 
S„  =  ±  160  MPa  (mean  stress  Sm  =  350  MPa)  and  at  15C°C  Sa  = 
±  60  MPa  (mean  stress  Sm  =  250  MPa). 

However,  this  positive  effect  on  CF  strength  is  not  pronounced; 
if  several  melts  are  tested,  the  standard  metallurgical  grade  and  the 
electroslag  remelting  grade  probably  will  fall  within  the  same  scatter 
band. 

The  highest  CF  strength  under  the  aforementioned  conditions 
were  shown  by  the  maraging  17-4  pH  SS  (e.g.,  S0  =  ±  200  MPa  at 
Sm  =  350  MPa  in  22%  NaCI  of  80°C).  However,  there  is  a 
pronounced  scatter  of  results,  low  values  being  obtained  whenever 
copper-containing  metallic  inclusions  (which  quickly  corrode  awayj 
are  present  in  the  surface  or  oxide  inclusions  containing  Si,  Mg  Mn, 
and  Ca.'46  The  effect  of  microstructure  on  pitting  and  CF  of  17-4  pH 
turbine  blade  steel  in  chloride  environments  was  investigated  in  an 
EPRI  .'esearch  project.'45  Shot  peening  can  cause  changes  in  the 
microstructure  of  the  surface  layers  by  transforming  the  austenite  to 
untempered  martensite.  As  large  amplitude  cyclic  voltammetry  and 
pit  propagation  rate  tests  indicated,  tempering  temperature  and  shot 
peening  have  only  minor  effects  on  resistance  to  pit  initiation  and 
propagation  in  aqueous  chloride  environments.  However,  the  sus¬ 
ceptibility  to  CF  in  6  wt%  FeCI3  was  reduced  by  increasing  the 
tempering  temperature  from  540  to  650°C,  evidently  by  lowering  the 
crack  growth  rates  at  lower  strength  levels,  i.e.,  tempered  at  650"C, 
At  low  stress  levels,  shot  peening  appears  to  have  a  slightly  adverse 
effect  on  the  CF  behavior  of  specimens  tempered  at  650*C  but  has 
no  effect  on  specimens  tempered  at  540°C. 


Low  interstitial  ferritic  SSs135 
The  dependence  of  CF  crack  Initiation  mechanisms  on  the 
corrosion  behavior  of  a  low  interstitial  forntic  28Cr-4Ni-2Mo  SS 
compared  to  a  straight  martensitic  1 2Cr  SS  (0,9Mo,  0,7Ni,  Rp02  730 
MPa,  Rm  890  MPa)  has  been  studied  in  detail.’25  The  microstore- 
tures  to  bo  compared  wore  purely  ferntlc  vs  tempored  martensite. 
Sulfido-oxido-type  Inclusions  woro  found  in  both  steels,  the  sulfide 
phase  containing  Mn  and  little  Ca.  The  low  intorstitiat  ferritic  steel 
contained  Nb  carbonitrldos  but  no  sulfido  inclusions. 

Crack  Initiation  In  air  always  started,  in  the  caso  of  tho 
martonsitic  SS,  at  nonmotallic  inclusions,  mainly  by  a  precracking 
process  rupturing  phase  boundaries,  or  in  some  casos,  decohesion 
of  tho  boundary  sulfide/metallic  matrix.  In  the  low  interstitial  ferritic 
SS.  slip  linos  became  visible  and  crack  Initiation  in  air  thereafter 
commenced  along  the  lines.  Small  (3  to  4  pm)  Nb  carbonitride 
inclusions  were  not  involved  in  tho  initiation  process. 

Undor  CF  conditions,  tho  martensitic  SS  crack  initiation  was 
triggered  by  pitting  at  nonmotallic  oxide-sulfide  inclusions  both  in  0.5 
and  4  M  NaCI  solutions.  In  contrast  to  this,  the  ferritic  steel  was  fully 
passive,  showing  a  kind  of  "fatigue  limit"  (in  the  technological  sense) 
below  which  no  more  crack  Initiation  occurred  because  the  carboni- 
trido  inclusions  dio  not  crack  below  this  fatigue  limit.  Above  this  limit, 
in  0.5  M  NaCI,  CF  always  initiated  at  slip  lines.  In  spite  of  passivity. 


cracks  initiated  in  the  concentrated  4  M  solution  by  cracking  of  Nb 
carbonitrides,  which  were  leading  to  a  local  corrosion  attack,  and 
from  there  CF  cracking  started. 

In  assessing  these  findings,'25  a  fatigue  limit  for  the  martensitic 
SS  cannot  exist  because  of  the  fact  that  its  open-circuit  potential  is, 
in  both  NaCI  solutions,  more  positive  than  the  pitting  potential,  so 
pitting  must  occur.  The  crack  initiation  life  is  therefore  reduced  by  all 
factors  accelerating  pitting. 

In  contrast,  no  pitting  can  occur  in  the  case  of  the  ferritic  steel, 
because  the  corrosion  potential  is  less  noble  than  the  potential  for 
repassivating  pitting  in  0.5  M  NaCI.  Therefore,  CF  crack  initiation 
under  corrosion  conditions  follows  the  Mode  II  CF  mechanism,  i.e., 
slip  steps,  produced  by  cyclic  plastic  deformation  of  the  bulk  material 
rupturing  the  passive  film  on  the  metal  surface  followed  by  repassi¬ 
vation,  etc.’48'15'  This  allows  a  prediction  of  the  minimum  value  for 
the  CF  strength.'25  Below  the  cyclic  YS,  there  is  no  plastic  deforma¬ 
tion  and  therefore  no  film  rupturing.  Several  ferritic  steels  have  a 
cyclic  YS  of  about  70%  of  the  static  YS.’47  The  18Cr  SS  then  is 
expected  to  have  a  cyclic  YS  of  230  MPa,  a  value  that  is  about  30% 
lower  than  the  fatigue  limit  observed  in  0.5  N  NaCI  solution  at  80°C. 
If,  for  the  ferritic  steel  in  question,  the  above  relationship  holds  true, 
this  difference  may  be  explained  by  the  presence  of  the  passive  film, 
which  cannot  be  penetrated  as  long  as  the  slip-step  height  under 
cyclic  load  remains  lower  than  the  passive  film  thickness  and  vice 
versa. 

The  mechanism  in  4  M  NaCI  solution  is  straightforward.  The 
steel  is  fully  passive  at  stresses  below  the  critical  strain  for  cracking 
inclusions  As  soon  as  the  latter  occurs,  crevices  are  formed  at 
nonmetallic  inclusions  and  pitting  or  crevice  corrosion  on  account  of 
this  can  be  initiated  following  the  Mode  IV  CF  mechanism  as 
explained  above.93 

Superposition  of  crevice  corrosion 
and  corrosion  fatigue 

Fittings  and  gasket  elements  of  all  kinds  may  provide  the 
necessary  electrolytic  conditions  for  triggering  crevice  corrosion  the' 
will,  when  superimposed  on  fatigue,  cause  CF  Mode  IV  failures. 
Microstructural  changes  produced  by  tempering  have  been  shown  to 
exert  a  characteristic  influence’24  on  the  CF  strength  of  martensitic 
'3Cr  steels  Figure  75  exhibits  the  results  of  flat-bending  CF  tests  in 
a  puffer  solution  of  pH  4.62  in  which  the  steel  is,  under  crevice-lree 
conditions,  in  a  state  of  stable  passivity  at  all  tempering  tempera¬ 
tures  The  insert  of  this  figure  illustrates  the  experimental  set-up  in 
which  the  seals  ol  the  corrosion  chcmber  act  as  crevices.  Under  such 
conditions,  there  is  a  temperature  range  (500  to  550’C)  of  high 
susceptibility  to  crevice-corrosion-induced  Mode  IV  CF,  tho  reason 
for  which  appears  to  be  chromium  depletion.  In  the  as-quenched 
condition,  these  steels  contain  untompered  martensite,  which  may 
have  minor  precipitations  of  Fe3C  stemming  from  autotempering 
after  cooling  from  the  high  martensito  transition  temperature  ol 
2703C  The  amount  of  Fe3C  increases  after  tempering  to  about  300*0 
and  diminishes  until  about  450  to  500*C,  tho  Fe3C  has  dissolved  and 
Cr7C3  precipitates,  mostly  by  formation  of  nuc’oi  or,  to  a  lesser  extent, 
immediately  from  Fo3C  at  500  to  550’C.  (CrFo)wC0  is  finally  formed 
containing  up  lo  75%  Cr  in  the  equilibrium  state.  These  precipitations 
cause  a  depletion  of  Cr  in  regions  adjacent  to  grain  boundaries. 
Besides  the  crevice  effect,  intergranular  attack  will  thus  be  Induced, 
too,  which  can  bo  found  in  this  critical  temperature  region  on  fracture 
surfaces  by  microfractography. 

Much  more  aggressive  conditions  in  crevices  exist  in  tho 
presence  of  chloride  ions.  Therefore,  in  contrast  to  tho  foregoing 
case,  Modo  IV  CF  is  now  possible  in  steels  that  hc/O  been  quenched 
and  tempered  as  usual.  Figure  76  illustrates”8  the  drastic  reduction 
in  CF  strength  for  a  type  403  13Cr  martensitic  SS  under  chloride 
crevice  corrosion  conditions  that  should  be  compared  to  the  results 
of  Figure  75.  The  fatigue  strength  undor  crevice  corrosion  conditions 
with  methacrylic  rosin  and  copper  fittings  decreased  to  a  level  of  30 
to  50  MPa  (15%  of  the  AF  limit).  In  contrast,  aluminum  fittings 
provided,  by  galvanic  coupling,  cathodic  protection,  and  therefore 
higher  CF  strength. 
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Typical  components  for  which  crevice-induced  Mode  IV  CF  is  of 
importance  are  pump  shafts  where  sleeves,  nuts,  keys,  and  impellers 
form  fittings  with  narrow  gaps. 

WeiksloSechfiik  .  •  BASF 


CF-strength  vs.  Tempering  Temperature 
(Flat  Bending) 


US.IM 


FIGURE  75— Bending  corrosion  fatigue  strength  (Mode  IV, 
superposition  of  crevice  corrosion)  as  influenced  by  tempering 
temperature.121 


Summary 

Since  the  Unieux-Firminy  Conference2  held  in  France  in  1973, 
considerable  metallurgical  progress  has  been  made  by  secondary 
metallurgy  (argon-oxygen  decarburization,  vacuum  decarburization, 
etc )  or  vacuum  melting  so  that  extremely  low  carbon  and  nitrogen 
contents  have  become  technologically  adjustable  in  high-alloy  SSs. 
This  development  led  to  commercially  available  low  interstitial  ferritic 
steels  of  high  resistance  against  anodic,  halide-induced  stress 
corrosion  resistance  Concurrently,  the  demand  for  SSs  of  improved 
tensile  and  fatigue  strength  has  been  the  incentive  for  the  develop¬ 
ment  and  production  of  low-carbon  nickel  martensitic  Cr-Ni/Cr-Ni-Mo 
SSs  The  years  after  1973  also  brought  the  breakthrough  for  the 
ferritic-austenitic  SSs,  which  owe  their  increasing  application  in  many 
branches  of  industry  to  their  anodic  and  cathodic  stress  corrosion 
resistance  and  their  CF  strength  Finally,  martensitic  SSs  have  been 
given  special  attention  after  1973  because  of  their  extensive  appli¬ 
cation  as  the  preferred  material  for  running  turbine  blades  where  CF 
resistance  in  condensing  reheat  turbines  is  of  special  concern. 

To  establish  the  technologically  required  data  for  the  stress 
corrosion  and  CF  behavior  of  those  four  groups  of  SSs,  it  was 
necessary  In  determine  tho  influence  of  alloy  chemistry,  heat 
treatment,  strength  lovol,  and  microstructure  on  tho  one  hand,  and 
chemical  composition  as  related  to  passivating  properties  of  the 
environment  on  tho  other.  This  led  to  a  wealth  of  information  in  the 
literature,  some  of  which  has  been  reviewed  in  this  article. 

Such  data  are  Indispensable,  it  is  true.  On  tho  other  hand,  for  the 
assessment  of  tho  fleet  of  system  parameters  deviating  from 
standard  (test)  conditions  on  stress  corrosion  and  CF,  an  insight  into 
the  mechanisms  Involved  is  of  great  value.  Some  progress  has  been 
made  in  this  respect  since  then,  too. 

Stress  corrosion  cracking 

Martensitic  SSs.  (1)  Cations  in  chloride  solutions  exert  an 
influence  NfV,  e.g.,  causing  an  active  path  (anodic)  and  hydrogen 
embrittlement  (cathodic)  mechanism,  depending  on  the  potential,  as 
opposed  to  Na'.  which  establishes  an  active  path  mechanism 
throughout. 

(2)  Heat  treatment  is  of  great  influence.  Tempering  tempera- 
hires  around  475°C  are  critical  and  will  cause  intergranular  SCC  even 


in  distilled  water.  The  SCC  susceptibility  is  related  to  a  chromium- 
depleted  concentration  profile  around  the  prior  austenite  grain 
boundaries.  At  the  industrially  applied  tempering  temperatures  (700 
to  750°C),  this  Cr-concentration  gradient  will  be  destroyed  by 
overlapping  diffusion  fields  from  coarsening  Mo^Cg  precipitates  in 
the  prior  austenite  and  martensitic  inte.rlaih  grain  boundaries  thus 
removing  the  intergranular  SCC  susceptibility. 

In  the  as-quenched  state,  such  steels  are  insensitive  to  inter¬ 
granular  SCC  because  there  is  no  such  chromium-depleted  zone 
around  prior  austenite  grain  boundaries,  but  this  is  of  academic 
interest  because  of  (a)  the  brittleness  and  (b)  the  extreme  suscep¬ 
tibility  to  cathodic  (hydrogen-induced)  SCC  of  these  steels  in  such  a 
heat-treatment  condition. 

Nickel  martensitic  SSs.  (1)  The  anodic  SCC  process  appears 
to  follow  a  slip-step  emergence/repassivation  mechanism. 

(2)  The  cathodic  SCC  mechanism  seems  to  be  very  compli¬ 
cated  in  sour  gas  environments.  This  clearly  comes  out  in  the 
influence  of  heat  treatment.  By  double  tempering,  the  resistance  to 
cathodic  SCC  is  increased  by  (a)  a  reduction  of  hardness  and  (b)  a 
fracture  mode  change  from  intergranular  to  transgranularquasicleav- 
age.  The  latter  is  brought  about  by  an  increase  in  the  volume  of 
retained  austenite  in  which  the  solubility  of  hydrogen  is  greater  than 
in  the  matrix,  whereas  the  diffusion  coefficient  is  smaller.  This  will 
cause  a  pile-up  of  hydrogen  at  the  martensite/retained  austenite 
interfaces  and  an  interaction  of  hydrogen  atoms  with  dislocations 
generated  in  them  on  account  of  the  incompatible  deformation  of  the 
two  phases,  thereby,  at  elevated  strains,  leading  to  transgranular 
SCC.  As  opposed  to  this,  single-tempered  SSs  failed  by  the 
aforementioned  intergranular  cracking  mode  requiring  a  shorter  path 
and  perhaps  smaller  fracture  energy  per  unit  crack  extension,  thus 
explaining  the  inferior  resistance  of  13Cr-Ni-Mo  SSs  in  the  single¬ 
temper,  heat-treatment  condition. 

Low  Interstitial  ferritic  SSs.  These  steels  have  been  engi¬ 
neered  to  resist  anodic  (chloride)  SCC.  They  are,  in  the  proper 
mill-annealed  condition,  immune  to  chloride  SCC  even  in  high- 
chloride  concentrations  and  at  high  temperatures  under  open-circuit 
conditions.  They  may,  however,  become  susceptible  when  their 
open-circuit  potential  is  displaced  in  the  active  direction,  which  can  be 
caused  by  high-temperature  annealing  or  in  specific  solutions  (e.g., 
boiling  43%  LiCI  +  thiourea)  at  high-applied  stresses.  Ac  these 
steels  are  very  resistant  to  pitting  corrosion,  SCC  initiation  depends 
on  the  evolution  of  slip  steps  inducing  film  rupture,  which,  in  turn,  will 
provide  for  the  corrosion  sites.  As  soon  as  they  have  attained  a 
critical  size  and  geometry,  they  will  start  an  occluded  cell  mechanism. 
Transient  creep  thus  produces  distinct  corrosion  trenches.  SCC  then 
depends  on  the  inherent  corrosion  and  repassivation  rates.  Steels  of 
lesser  purity  or  low  interstitial  ferritic  SS  improperly  heat  treated  or 
heavily  prestrained  are  thus  bound  to  develop  critical  localized 
corrosion,  thereby  initiating  cracks. 

Effective  of  Crevice  Corrosion  on  CF 
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FIGURE  76— Effect  of  crevices  on  the  endurable  stress  range 
(Modo  IV  corrosion  fatlguo).  (Reprinted  with  permission.110) 
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Ferritic-austenitic  SSs 

These  steels  have  found  considerable  application  in  various 
industries  They  combine  high  strength,  good  corrosion  resistance, 
and  high  fatigue/CF  strength  with  good  SCC  resistance.  As  in  the 
case  of  austenitic  SSs,  there  is  a  cathodic  protection  potential.  In 
concentrated  chloride  solution,  the  protection  potentials  for  these 
steels  and  the  austenitic  SSs  are  close  together.  <r-phase  formation 
lowers  the  resistance  against  anodic  SCC.  Welding  may  impair  the 
SCC  resistance  when  the  cooling  rate  between  1200  and  800°C  is 
too  high  As  a  rule  of  thumb,  welding  parameters  should  be  chosen 
just  in  the  opposite  direction  as  with  austenitic  SSs,  i.e.,  preheating, 
safeguarding  a  high  heat  input  and,  in  critical  instances,  solution 
annealing  followed  by  rapid  cooling.  Because  of  the  high  cooling  rate, 
spot-welding  or  arc  strikes,  built-up  weld  seams  or  repair  welds  may 
be  susceptible  to  SCC  because  of  the  high  cooling  rate  involved  that 
suppresses  the  reformation  of  austenite  from  high-temperature 
8-ferrite. 

The  SCC  mechanism  is  closely  coupled  to  mechanical  and 
electrochemical  phenomena.  In  the  ferrite,  depassivation  is  essen¬ 
tially  determined  by  mechanical  twinning,  whereas  slip  on  the  ferrite 
surfaces  is  insufficient  to  cause  localized  depassivation.  This  sensi¬ 
tivity  to  twinning  disappears  as  soon  as  the  ferrite  contains  no  nickel 
fe  g  in  low  interstitial  ferritic  SSs).  SCC  of  ferritic-austenitic  SSs 
seems  to  be,  in  the  lower  stress  region,  determined  by  localized 
depassivation  of  austenite,  caused  by  glide  processes,  or,  at  higher 
stresses,  by  that  of  ferrite  twinning  being  responsible  for  crack 
initiation  and  propagation  in  most  practical  cases.  Ferrite  is  anodic  to 
austenite  At  low  stresses,  ferrite,  which  is  not  deformed,  may 
cathodically  protect  austenite  that,  in  turn,  is  plastically  deformed. 
When  the  stress  reaches  the  critical  value  for  twinning,  depassivation 
becomes  possible  in  ferrite,  initiating  localized  corrosion  and  crack¬ 
ing  This  explains  why  such  steels  are  more  resistant  than  austenitic 
ones  and  crack  initiating  takes  place  in  the  ferritic  phase  containing 
Ni. 

Cathodic  SCC  of  ferritic-austenitic  SSs  appears  to  follow,  in 
chloride-containing  F^S  solutions,  a  chloride-induced  mechanism. 
This  results  from  the  finding  that  time-to-failure  increases  when 
potentials  become  more  negative  and  increases  with  increasing 
temperature  Cracking  induced  by  hydrogen  entry  cannot  be  ex¬ 
cluded  in  cases  where  the  potential  is  rather  negative,  the  pH  low, 
and  the  temperature  not  too  far  above  ambient,  a  combination 
sometimes  encountered  in  practice. 

Corrosion  fatigue 

All  SSs  show  essentially  the  same  characteristic  features  of  CF 
that  can  be  classified  electrochemically  into  four  modes: 

Mode  I:  CF  in  the  active  state. 

Mode  If:  CF  in  the  state  of  stable  passivity. 

Mode  III'  CF  in  the  state  of  meta-  or  unstable  passivity,  endoge¬ 
nous  activation  being  caused  by  mechanical  (fatigue) 
processes.  o.g„  by  the  formation  of  active  surface 
domains  (persistent  slip  bands,  slip  lines,  etc.)  surpass¬ 
ing  a  critical  area  share  and  leading,  after  a  certain 
number  of  cycles,  to  activation. 

Mode  IV.  CF  in  the  state  of  unstable  passivity,  exogenous  activa¬ 
tion  being  caused  by  processes  like  pitting,  crevice 
corrosion,  cavitation,  etc. 

Mode  I  corrosion  fatigue.  Based  on  mechanistic  reasoning,  a 
model  has  been  developed  that  aims  at  describing  the  influence  of 
activo  corrosion  on  the  cycle-dependent  fatigue  strength  and  crack 
propagation  rate  under  the  premise  that  activo  corrosion  is  taking 
placo  on  locally  limited  surface  sites,  the  stresses  result  from  oxternal 
cyclic  loading  are  constant,  and  there  are  no  cyclic  hardening  or 
softening  effects.  Mode  I  CF  inevitably  loads  to  a  detrimental  loss  in 
fatigue  strength. 

Mode  II  corrosion  fatigue.  CF  under  stable  conditions  of 
passivity  differs  phenomenologically  from  Mode  I  CF  in  that,  under 
potentiostatic  conditions,  only  one  crack  (under  ideal  conditions)  or  a 


few  (under  industrial  circumstances  (e.g.,  open-circuit  potentials, 
large  surface  areas)]  will  originate.  There  will  be  no  recognizable 
surface  nor  crack-wall  corrosion  and  the  fracture  surfaces  will  be 
smooth  in  contrast  to  distinctly  cleft  fracture  surfaces  caused  by 
cracks  jumping  to  neighboring  crack  propagation  planes  in  Mode  I. 

From  the  mechanistic  point  of  view,  it  appears  to  be  less  likely 
that  passive  films  on  SSs  possess  an  intrinsic  fatigue  strength  and 
will  be  cracked  in  the  course  of  cycling.  Instead,  it  must  be  assumed 
that  the  first  slip  step  of  sufficient  height  will  pierce  the  passive  film. 
A  repassivation  process  will  then  commence  in  which  a  certain 
electrical  charge  will  flow  until  passivity  has  been  restored.  Neces¬ 
sarily,  a  certain  amount  of  metal  has  to  be  dissolved  before  passivity 
can  be  restored,  by  which  process  a  microscopic  groove  will  be 
produced  Acting  as  a  stress  raiser,  this  makes  further  plastic 
deformation  at  such  a  site  likely.  Ongoing  slip  processes  will  again 
pierce  the  passive  film  and  the  interplay  between  repassivation, 
metal  dissolution  connected  with  it,  and  strain  concentration,  and 
triggering  of  further  slip  events  will  continue.  This  process  manifests 
itself,  under  potentiostatic  conditions  and  toward  the  end  of  CF  life, 
in  a  gradual  but  finally  steep  increase  of  current.  Current  cycle 
characteristics  of  this  type  have  been  observed  with  all  kinds  of  SSs 
so  far  investigated.  It  seems  likely  that  this  mechanism  of  multi- 
repassivation  caused  by  whatever  type  of  dislocation-induced  micro¬ 
plastic  deformation  process  is  responsible  for  CF  in  the  passive  state, 
it  has  been  shown  that  the  charge  necessary  for  repassivation  is 
higher  the  higher  the  minimum  CD  for  repassivation.  The  higher  this 
critical  CD  is,  the  more  metal  will  dissolve  until  passivity  has  been 
restored.  This  means  that  the  primary  micronotch  becomes  deeper 
and  the  stress  concentration  greater,  the  higher  the  minimum  CD  for 
passivation.  Steel/environment  systems  of  this  kind  show  low  CF 
strengths.  Alloying  elements  lowering  the  CD  of  passivation  will 
increase  the  CF  strength,  among  them  predominantly  chromium. 

CF  cannot  occur  under  passive  conditions  if,  under  external 
cyclic  loading,  the  plastic  work  becomes  zero  per  cycle  and  per 
volume  element  as  the  most  stringent  condition  or  if.  in  the  course  of 
cyclic  deformation,  any  manifestation  of  plastic  deformation  at  the 
surface  (slip  lines  or  bands,  extrusions,  intrusions)  will  be  unable  to 
penetrate  the  passive  layer.  Therefore,  repassivation  conditions 
being  the  same,  CF  strength  will  be  higher  the  higher  the  AF  limit.  The 
optimum  combination  of  properties  for  achieving  highest  Mode  II  CF 
strength  requires  a  minimum  passivation  CD  and  a  maximum  AF  limit 
and,  at  the  same  time,  the  smallest  difference  between  the  AF  limit 
and  the  limiting  stress  at  which  critical  dislocation-induced  surface 
piasticity  accrues.  Based  on  DC  signal  information,  only  one  event, 
crack  growth,  is  indicated  by  a  steep  rise  of  current  under  poten¬ 
tiostatic  conditions  as  mentioned  above.  Further  insight  into  the 
events  during  initiation  and  propagation  has  been  gained  by  a  special 
mechano-electrochemical  measuring  technique  using  a  light  barrier/ 
perforated  disc  installation  by  which  current  signals,  under  rotating- 
beam  fatigue  loading,  can  be  recorded  and  their  origin  located.  Three 
stages  can  be  discerned: 

(1)  Staga  A  (incubation  period):  Small  stochastic  current  transients 
are  caused  by  the  response  of  the  passive  layer  to  the 
alternating  stress. 

(2)  Stage  B  (crack  initiation  period):  Small  sinusoidal  current  signals 
appear  that  have  a  constant  phase  angle  with  respect  to  a 
specimen  reference  line.  These  signals  fix  th6  future  position  of 
the  CF  crack.  Thoy  are  caused  by  emerging  slip  steps  producing 
the  mechanistic  events  described  above. 

(3)  Stage  C  (crack  growth  period).  Charactenzed  by  an  increasing 
cell  current  and  steadily  growing  sinusoidal  current  signals 
caused  by  the  repassivation  processes  at  the  crack  tip. 

This  transient  measuring  technique  allows  the  detection  of  the 
first  interactions  between  cyclic  slip  processes  and  environment, 
establishing  crack  initiation  on  a  submicroscopic  scale,  determining 
the  position  of  growing  cracks,  discriminating  whether  one  or  more 
than  one  crack  develops  and  differentiating  between  growing  and 
dormant  cracks. 
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Mode  III  corrosion  fatigue.  Under  an  unstable  passive  regime, 
polarization  will  take  place  as  soon  as  a  slip  step  of  critical  height  and 
surface  area  has  penetrated  the  passive  film.  The  open-circuit 
potential  will  finally  become  so  negative  that  it  falls  below  the 
passivation  potential  and  total  activation  occurs.  Corrosion  then 
proceeds  in  Mode  I  at  the  active  open-circuit  potential. 

Mode  IV  corrosion  fatigue.  The  most  important  case  of  CF  in 
the  state  of  metastable  passivity  with  exogenous  activation  is  that  of 
a  superposition  of  CF  and  pitting.  Condensing  reheat  turbine  blade 
failures  have  been  identified  as  being  caused  by  this  conjoint  action 
that  may  occur  in  one  or  a  few  stages  of  running  blades  in  the  Wilson 
Zone.  Because  of  its  practical  importance,  many  investigations  have 
been  conducted  including  the  standard  12%  Cr  steels,  ferritic- 
austenitic  SSs,  and  ferritic  SSs  in  chloride  solutions  at  temperatures 
from  80  to  1 50°C.  In  tempered  martensitic  1 2Cr  and  1 7Cr-2Ni  steels, 
pitting  started  at  sulfide  inclusions  at  all  stress  ranges  below  the  AF 
limit,  whereas  low  interstitial  ferritic  steels  of  type  1 8Cr  and  28Cr- 
4Ni-2Mo  CF  did  not  follow  the  Mode  IV  mechanism.  Instead,  initiation 
was  caused  by  the  slip-step  emergence  (Mode  II  mechanism)  as  long 
as  these  steels  are  pitting  resistant  under  the  conditions  given.  CF 
cracks  will  pass  along  the  interface  matrix/inclusions,  the  latter  not 
being  cracked.  Sulfide  inclusions  have  been  shown  to  be  less  noble 
than  the  passive  film  and  have  been  identified  as  the  preferential  site 
of  pit  initiation. 

Once  attacked,  they  lead  to  an  enhancement  of  local  anodic 
dissolution  not  only  because  of  the  galvanic  effect  but  also  by  the 
stimulated  anodic  dissolution  in  the  piesence  of  S2  and  SH~. 
Crevices  between  matrix  and  sulfide  inclusions  are  likely  because  of 
the  difference  in  the  coefficient  of  thermal  expansion  leading  to  a 
stronger  contraction  for  sulfide  inclusions.  This  is  one  of  the  reasons 
for  the  close  similarity  between  the  fatigue  strength  reducing  action 
of  pitting  and  crevice  corrosion.  Like  pitting,  the  superposition  of 
crevice  corrosion  and  CF  causes  drastic  reductions  in  CF  strength, 
resulting  in  sustainable  fatigue  loads  as  low  as  15%  of  the  AF  limit  for 
a  type  403  martensitic  SS.  Typical  components  for  which  crovice- 
induced  Mode  IV  CF  is  important  are  pump  shafts  where  sleeves, 
nuts,  and  impellers  form  fittings  with  narrow  gaps. 
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Discussion 

F.P.  Ford  (General  Electric  R&D  Center,  USA):  You  show  a 
relationship  between  the  thickness  of  oxide  and  the  “initiation"  time 
during  corrosion  fatigue  (CF)  If  this  Is  physically  related  to  rupture  of 
the  oxide,  then,  if  the  fracture  strain  is  independent  of  oxide 
thickness,  your  observed  relationship  must  bo  duo  to  changes  in  the 
angle  between  the  slip  plane  and  the  tensile  axis  and  how  this  affects 
exposure  of  bare  sudsce  to  the  environment.  Do  you  know  of  any 
such  relationship  and  can  it  be  applied  to  your  data? 

H.  Spaehn:  This  kind  of  damaging  mechanism  might  well  be 
operative  in  the  manner  you  envisage,  assuming  experimental 
verification  could  be  provided  by  single-crystal  CF  tests.  However.  I 
am  not  aware  of  any  experimental  work  done  in  this  respect.  It  seems 
to  me  that  such  a  sequence  of  destructive  events  would  most 
probably  apply  to  relatively  thick  oxide  films.  There  are  limits,  of 


course.  In  my  last  slide,  I  showed  the  results  of  XPS  (ESCA) 
thickness  measurements  on  a  simple  12%  chromium  steel.  The 
passive  layer  here  is  so  thin  that  it  becomes  a  matter  of  semantics 
whether  it  should  be  regarded  as  a  monolayer  of  oxygen  or  an 
“oxide”  film. 

R.  Oltra  (Universlte  de  Bourgogne,  France):  Have  you 
studied  the  passive  film  grown  on  duplex  stainless  steel?  In 
particular,  with  regard  to  the  composition  of  the  film,  do  you  think  it 
would  be  possible  to  describe  the  continuity  of  the  film  by  taking  into 
account  the  difference  in  composition  of  each  alloy  phase? 

H.  Spaehn:  The  average  composition  of  the  passive  film  on  a 
nitrogen-alloyed  duplex  stainless  steel  X2  (nominal  composition: 
21/23Cr  4.5/6.5Ni  2.5/3.5MO  0.08/0.2N  <  0.03C)  in  sulfuric  acids  has 
been  studied  by  XPS  (ESCA).  The  results  confirm  the  findings  of 
Hochmann,  et  al.  [Stress  Corrosion  Cracking  and  Hydrogen  Embrit¬ 
tlement  of  Iron  Base  Alloys,  NACE-5,  ed.  Staehle,  et  al.  (Houston, 
TX:  NACE,  1977),  p.  956),  based  on  microprobe  analysis.  That 
showed  a  strong  enrichment  of  chromium  and  molybdenum  in  the 
film  over  the  ferrite  phase  and  an  enrichment  of  nickel  and  depletion 
of  chromium  and  molybdenum  over  the  austenitic  phase.  The  fact 
that  excellent  passivity  can  be  achieved  on  duplex  stainless  steels  is 
proof  of  the  continuity  of  the  passive  film  formed  over  adjacent  ferrite 
and  austenite  grains.  I  have  no  difficulty  in  looking  at  the  thickness  of 
the  passive  films  as  measured  by  XPS  (ESCA),  as  shown  in  Figures 
50  and  51  of  the  paper. 

R.  Oltra:  As  regards  the  electrochemical  coupling  between  the 
two  phases,  could  you  comment  on  the  effect  of  the  nature  of  the 
environment  upon  this  coupling  and  its  consequence  on  the  SCC 
resistance  of  duplex  steels? 

H.  Spaehn:  The  nature  of  the  environment  has  a  great  influence 
on  the  relative  electrochemical  behavior  of  the  two  coupled  phases, 
ferrite  and  austenite.  A  cast  ferritic-austenitic  alloy  of  24Cr-6Ni-2.5Mo- 
0  2Cu  will  suffer  from  a  selective  corrosion  attack  on  the  ferritic  phase 
in  sulfuric  acid  in  a  concentration  range  between  20%  and  96%.  [See 
Horn,  Z.  Werkstofftechn.  14(1983).  p.  350.)  This  selective  effect 
takes  place  in  a  narrow  potential  range  of  between  UH  -  150  and 

200  mV.  At  25  mV,  both  phases  are  attacked,  whereas  the 
austenite  phase  is  preferentially  attacked  at  +  25  mV.  (All  results  are 
quoted  at  95°C )  The  attack  on  the  ferrite  takes  p.ace  below  the  steep 
rise  of  the  i  U  curve,  that  of  austenite  at  potentials  slightly  more  noble 
than  the  peak  current  density  of  the  potontiostatically  determined 
passivation  curve.  A  preferential  attack  on  the  ferrite  has  also  been 
observed  with  less  corrosion-resistant  Cr-Ni-(Mo)  duplex  steels.  [See 
Faingold  and  Shatowa,  Zashchita  metallov.  17(1981):  p.  372.)  In  the 
passive  range,  no  preferential  attack  on  either  one  of  the  phases  has 
so  far  been  observed.  Nevertheless,  in  Mode  II  CF,  the  orientation  of 
the  rolling  direction  to  the  tensile  stress  influences  CF  strength  (see 
Figure  60  of  the  paper)  simply  for  mechanical  reasons.  Transverse 
specimens  show  both  lower  fatigue  and  Mode  II  CF  values  in  sulfuric 
acid. 

As  for  the  consequences  of  ferrite-austenite  coupling  for  SCC 
resistance  of  duplex  steels,  mechanisms  that  have  been  proposed  by 
Desestrot  and  colleagues  (see  References  81  to  85  of  tho  paper)  and 
in  your  own  poster  papor  at  this  conference  (Ollra  and  Desestret, 
"Anodic  Dissolution  and  Hydrogen  Embrittlement  During  Mechanical 
Depassiyation  of  the  Ferritic  Phase  of  a  Duplex  Stainless  Steel  in 
Chloride  Solution  Containing  H2S,"  this  proceedings)  are,  in  my 
opinion,  viable  and  can  immediately  be  applied  in  practice.  Your 
observation  that  ciack  initiation  in  chlorido  solutions  starts  in  ferrite  or 
at  the  ferrite-austenite  interface  underlines  the  close  coupling  of 
mechanical  and  electrochemical  processes  in  stress  corrosion  phe¬ 
nomena. 

R.A.  OrianI  (University  of  Minnesota,  USA):  Within  the 
picture  of  slip  rupture  of  a  passivating  film  for  the  initiation  of  CF,  there 
is  another  characteristic  besides  the  thickness  that  should  be 
considered.  This  is  the  mechanical  stress  already  existing  within  the 
passive  film  as  a  result  of  the  growth  mechanism  and  other  factors 
about  which  we  are  still  learning.  We  now  know  that  extremely  large 
stresses  exist  within  passive  films.  If  the  stress  is  tensile,  less  strain 
will  be  needed  to  rupture  the  film. 
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H.  Spaehn:  A  good  example  of,  films  for  which  we  know  the 
internal  stresses  very  well  are  thin  electroplated  films  (e.g.,  chromium 
on  steels)  Here,  extremely  high  tensile  stresses  have  indeed  been 
measured  At  a  thickness  of,  for  instance,  0.5  p.m,  they  become  so 
high  that  the  coatings  will  crack  At  lower  thicknesses  the  films  will  not 
crack  Instead,  the  full  magnitude  of  the  first  order  internal  stresses 
will  be  maintained  They  must  be  regarded,  under  fatigue  loading,  as 
positive  mean  stresses  As  can  be  understood  from  (macroscopic) 
fatigue  strength  diagrams,  high  positive  (tensile)  mean  stresses 
reduce  the  sustainable  stress  amplitudes  considerably  Therefore, 
your  line  of  reasoning  is  appropriate  for  passive  films,  provided  they 
are  under  positive  internal  stresses. 


A.  Atrens  (University  of  Queensland,  Australia):  Could  you 
discuss  the  industrial  relevance  of  anodic  protection  against  CF  ?  I 
would  imagine  that  very  careful  process  control  would  be  required 
whenever  there  is  the  possibility  of  the  presence  of  chlorides. 

H.  Spaehn:  You  are  absolutely  right.  In  the  presence  of 
chlorides  of  a  critical  concentration,  anodic  protection  would  shift  the 
potential  in  regions  above  the  critical  pitting  potential,  inevitably 
leading  to  a  massive  loss  of  fatigue  strength  due  to  Mode  III  CF.  The 
paper  deals  extensively  with  this  failure  mode,  which  has  turned  out 
to  be  of  concern  to  running  turbine  blades,  impellers,  and  stirrers,  for 
example.  To  sustain  sufficiently  high  cyclic  stresses  in  Mode  IV  CF  of 
stainless  steels  requires  an  appropriately  high  pitting  index  (P  =  %Cr 
+  3.3%  Mo). 
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Stress  Corrosion  Cracking  of  Austenitic  Steels 

R.C.  Newman  and  A.  Mehta * 

Abstract 

The  stress  corrosion  cracking  (SCC)  of  austenitic  steels  is  reviewed  with  emphasis  on  the  fundamental 
processes  occurring  within  cracks.  Crack-tip  interactions  are  discussed  in  the  context  of  the  altered  local 
environment.  It  is  concluded  that  neither  the  slip-dissolution  nor  the  hydrogen  embrittlement  models  can 
be  satisfactorily  applied  to  chloride-induced  SCC,  but  the  film-induced  cleavage  modal  (where  the  film 
is  a  dealloyed,  metallic  layer)  has  considerable  promise.  Such  a  model  is  also  attractive  for  caustic  SCC 
of  nonsensitized  steels.  Sensitized  steels  appear  to  crack  by  a  slip-dissolution  mechanism.  The  SCC 
of  nickel-base  alloys  is  briefly  reviewed.  In  an  appendix,  recent  surface  analytical  data  are  presented 
that  support  the  view  that  metallic,  nickel-rich,  dealloyed  layers  are  formed  on  susceptible  steels  in  SCC 
environments. 


Introduction 

The  stress  corrosion  cracking  (SCC)  of  austenitic  stainless  steels 
^SSs)  has  produced  an  immense  literature  that  at  times  has  grown  by 
more  than  50  publications  annually.  To  review  this  subject,  it  is 
necessary  to  extract  significant  scientific  advances  from  this  mass  of 
material,  including  raw  data  that  may  be  revealing  but  uninterpreted 
Most  of  this  review  will  deal  with  tne  chloride-induced  SCC  of 
austenitic  SSs,  but  other  related  phenomena  will  be  introduced  as 
appropriate.  These  include  gaseous  or  cathodic  hydrogen  embrittle¬ 
ment  (HE),  caustic  SCC.  high-temperature  water  SCC,  and  SCC  of 
sensitized  alloys,  which  vail  be  mentioned  only  briefly,  because  there 
is  little  controversy  regarding  the  mechanism  ^slip  dissolution)  of 
crack  growth  in  these  materials.' 

Earlier  reviews  have  dealt  with  the  literature  prior  to  about  1979. 
Latamsion  and  Staehle,2  Theus  and  Staehle,3  and  Staehle4  favored 
variants  ol  the  slip-dissolution  model  jSDM)  to  explain  chloride  SCC. 
while  Hanmnen  summarized  the  evidence  for  HE.5  We  shall  conclude 
that  the  information  on  this  subject  can  be  rationalized  by  a 
film-induced  cleavage  model.6  8  The  turn  responsible  for  the  cleav¬ 
age  is  believed  to  bo  a  nanoporous,  metallic  dealloyed  layer,  as  in  the 
ammonia  SCC  of  copper  alloys.9  Evidence  for  the  existence  of  such 
layers  is  presented  in  Appendix  A. 

latanision  and  Staehle2  analyzed  the  ability  of  various  models 
to  explain  the  alloying  dependence  of  chloride  SCC.  They  showed 
that  the  effect  of  nickel  or  othor  relatively  noble  metals  (e.g„  Cu)  was 
consistent  with  protection  of  the  crack  walls  by  a  noble  metal  layer, 
while  active  dissolution  was  maintained  by  slip-step  emergence  at 
the  crack  tip.  This  had  been  suggested  earlier  by  Hines  and  Hoar10 
and  could  have  formed  the  oasis  for  a  research  program  on  chloride 
SCC  using  new  surface  analysis  techniques  in  the  1970s.  Unfortu¬ 
nately,  the  nicKel-enrichment  concept  was  abandoned  in  favor  of  a 
passive  film-ruptuiu  model  m  which  scant  attention  was  paid  to  the 
acidity  ot  the  solution  vend  absence  of  a  conventional  passive  state) 
inside  a  crack,  As  late  as  1986,  one  can  find  studies  of  transient 
electrochemistry  using  neutral  solutions,  with  no  indication  that  this 
might  not  simulate  the  situation  inside  a  crack.”  Latanision  and 
Staehle  made  the  following  points  in  support  of  their  nickel-enrich¬ 
ment  model;2 
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(1)  Nickel  enrichment  would  be  expected  on  an  actively  dissolving 
SS  surface. 

(2)  Copper  or  nickel  at  less  than  1  %  can  promote  SCC  of  ferritic  SS 
in  boiling  MgCI2  solution,  i.e.,  the  austenitic  structure  is  not 
necessary. 

\3)  The  disappearance  ot  SCC  with  increasing  noble  metal  (Ni) 
content  parallels  observations  of  Graf12  on  alloys  such  as 
Cu-Au.  The  Ni  or  Au  content  required  to  prevent  SCC  is  about 
40%,  as  shown  in  Figure  1. 

In  reading  Latanision  and  Staehle’s  paper,  one  is  struck  by  the 
number  of  observations  that  could  be  interpreted  using  modern 
knowledge  of  crack  chemistry;'3  e.g.,  the  evolution  of  hydrogen  from 
cracks  in  boiling  MgCI2  solution,  as  observed  by  Barnartt  and  van 
Rooyen,’4  is  cited  as  evidence  for  deviation  from  ideal  thermody¬ 
namic  behavior  but  is  easily  interpreted  using  the  knowledge  that  the 
crack  pH  is  less  than  2 ,s  As  in  the  work  of  Hines  and  Hoar,’0 16  there 
is  uncertainty  regarding  the  relative  importance  of  repassivation  and 
nickel  enrichment,  which  is  resolved  if  one  recognizes  that  a  passive 
film  on  the  external  alloy  surface  does  not  require  one  near  the  tip  of 
an  acid  crack,'7 

Latanision  and  Staehle2  referred  several  times  to  the  cracking 
that  occurs  in  bulk  solutions  of  low  pH,  at  both  low  and  high 
temperatures.  Although  they  were  not  explicit,  it  appears  that  they 
recognized  this  as  being  the  same  phenomenon  as  normal  high- 
temperature,  neutral-pH  cracking,  emphasizing  the  unimportance  of 
conventional  passivity  in  the  crack  propagation  process. 

The  mechanistic  importance  of  caustic  SCC  in  austenitic  SSs 
was  also  recognized  by  Latanision  and  Staehle ?  They  pointed  out 
that  water  reduction  was  much  less  likely  within  caustic  cracks  than 
within  chloride  cracks  and  that  this  might  provide  some  discrimination 
between  possible  models  of  the  cracking  process.  This  point  will  be 
discussed  later. 

The  period  between  the  Latanision/Staehle2  and  Theus/Staehle3 
reviews  coincided  with  the  proliferation  of  important  practical  prob¬ 
lems  in  nuclear  power  plants,  and  hence  an  increased  interest  in  the 
properties  of  sensitized  steels  and  nickel-base  alloys,  but  there  was 
also  extensive  activity  in  chloride  SCC.  Important  advances  during 
this  penod  included  the  use  of  electrochemically  controlled  SCC 
testing  and  crack  simulation  procedures,  a no  the  use  of  the  SEM  to 
study  fracture  surfaces.  Staehle4  favored  a  slip-dissolution  concept 
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for  chloride  SCC  in  which  a  passive  film  is  periodically  ruptured  at  the 
crack  tip.  Transient  straining  experiments  in  boiling  MgCI2  solutions 
were  backed  up  by  extensive  room-temperature  studies  in  various 
solutions  including  simple  buffers.  Despite  the  impressive  variety  of 
insights  provided  by  Staehle’s  work,  he  would  have  benefited  from 
attention  to  the  crack  acidification  arguments  of  Baker,  et  al.,is  and 
Marek  and  Hochman,18 

One  clear  change  from  the  Latanision  and  Staehle  review  was 
the  abandonment  of  the  nickel-enrichment  concept,  which  has  only 
occasionally  resurfaced17  despite  its  possible  profound  importance; 
according  to  Latanision, (,)  attempts  were  made  using  Auger  electron 
spectroscopy  (AES)  to  analyze  fracture  surfaces,  but  no  evidence  for 
nickel  enrichment  was  found.  Appendix  A  summarizes  our  efforts  in 
this  area. 


FIGURE  1 -Compositional  dependence  of  SCC  In  (a)  Fe-Cr-Ni 
alloys  In  boiling  MgC)2  solution,  the  "Copson  curve”;1  and  (b) 
Cu-Au  alloys  in  aqua  regia.'2  Note:  (1)  Behavior  at  low  Nl 
contents  Is  complicated  by  the  appearance  of  the  ferrite  phase, 
and  (2)  finite  failure  time  of  high  Au  alloys  Is  a  result  of  general 
corrosion. 


(’’Private  communication. 


Crack  Chemistry 

Crack  chemistry  is  part  of  the  science  of  chemistry  and 
electrochemistry  of  metals  within  cavities,  as  reviewed  by  Turnbull.13 
In  particular,  SCC  of  austenitic  SSs  in  chloride  solutions  involves  an 
active  (or  at  least  not  conventionally  passive)  state  within  the  crack, 
where  the  pH  is  between  1  and  2.15-18 

Baker,  et  a!.,is  showed  that  SCC  in  hot  MgCI2  solutions  gave 
rise  to  crack  pH  values  between  1.2  and  2.5,  and  that  the  charac¬ 
teristic  pH  of  a  crevice  in  this  system,  freely  corroding,  is  about  1 .5  for 
concentrated  MgCI2  at  125°C.  A  dark  or  straw-colored  film,  much 
thicker  than  any  passive  film,  was  formed  in  acidified  solutions  and 
was  found  to  be  of  low  electrical  conductivity  (this  could  be  a  result 
of  chromium  hydroxide  precipitation).  Analysis  of  the  solution  indi¬ 
cated  that  the  film  was  strongly  Cr  enriched;  ihis  does  not  necessarily 
address  the  question  of  dealloying  (Ni  enrichment),  but  it  does  show 
that  any  dealloying  must  be  subtle  in  nature.  The  authors  conducted 
an  experiment  designed  to  dissolve  the  dark  film,  predicting  that  this 
would  lead  to  blunting  of  incipient  cracks  and  hence  no  SCC.  They 
added  a  large  concentration  of  glycerol  to  an  acidified  MgCI2  solution 
in  which  rapid  film  formation  and  SCC  would  normally  occur  and 
showed  that  SCC  no  longer  occurred.  They  attributed  this  to 
dissolution  of  the  film,  especially  complexing  of  chromium  ions  by  the 
glycerol,  leading  to  a  corrosion  rate  too  high  to  permit  crack  initiation. 
This  result  offers  something  of  a  challenge  to  a  dealloying  model  of 
SCC  in  this  system  and  needs  further  investigation;  e.g.,  it  is  possible 
that  the  porous  Cr-rich  oxide  both  conceals  and  protects  a  dealloyed 
layer. 

The  pseudo-passive  films  found  by  Vaccaro,  et  al.,19  and  the 
corrosion  sponges  studied  by  Seamans  and  Swann10  21  and  Silcock22 
are  the  same  as  the  films  of  Baker,  et  al.15  In  neutral  solutions,  the 
films  form  preferentially  along  slip  bands  (Figure  2)  and  are  mostly 
composed  of  porous  chromium  hydroxide.  We  contend  that  this  may 
conceal  a  dealloyed  metallic  layer,  as  hinted  by  Seamans  and  Swann 
(see  Appendix  A).  Honkasalo23  and  many  others  have  shown  that 
similar  films  form  in  already  acidified  solutions  at  room  temperature, 
one  more  piece  of  evidence  that  the  low-  and  high-temperature 
cracking  are  the  same  as  regards  crack-tip  interactions.  An  interest¬ 
ing  observation  was  made  by  Jones,24  who  described  the  initiation  of 
cracking  as  pitting  leading  to  filiform  corrosion;  this,  in  slightly 
different  words,  resembles  the  tunneling  nomenclature  of  Seamans 
and  Swann.20  21 


FIGURE  2— Transmission  electron  micrograph  of  corrosion 
sponge  formation  along  slip  traces,  leading  to  stress  corrosion 
crack  nucleation  In  miniature  specimens  of  type  304  (UNS 
S30400)  SS  exposed  to  concentrated  LICI  solution  at  150'C  and 
pH  2.5.  (Reprinted  with  permission  from  Pergamon  Press.11) 


The  difficulty  of  accepting  ideas  about  crack  chemistry  that  are 
now  taken  for  granted  is  illustrated  by  Hoar.25  The  likelihood  of  crack 
acidification  was  clear  in  the  original  paper  of  Hoar  and  Hines18  and 
is  implicit  in  Figure  3,  but  in  1977,  one  had  to  read  between  the  lines 
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to  detect  any  reference  to  it.  Hoar  makes  a  careful  argument  about 
the  existence  of  a  passivating  film  in  boiling  MgCI2  solution,  within  an 
“extremely  limited”  potential  range,  then  states  that  this  film  is 
responsible  for  the  protection  of  the  crack  sides  near  the  apex  and, 
by  implication,  removes  the  necessity  for  a  nickel-enrichment  model 
of  the  protection  of  the  crack  walls.  Similar  arguments  were  made  by 
Wilde.26  Presently,  one  would  say  that  a  passive  film  of  such  limited 
stability  would  be  destroyed  completely  in  a  crack,  and  indeed  this  is 
easily  seen  by  simulating  the  acid  crack  solution  found  by  Baker,  et 
al.'5  Passivity  is  only  relevant  in  the  initial  stage  of  SCC  in  neutral 
solutions;  propagation  in  neutral  solutions,  or  initiation  in  already 
acidified  solutions,  is  associated  with  the  dark  film. 


FIGURE  3 -Schematic  view  of  crack  propagation  for  austenitic 
stainless  steel  In  hot  MgCI2  solution,  according  to  Hoar  and 
Hines.'6 

Much  of  the  confusion  about  the  role  of  oxygen  and  the 
existence  of  a  passive  state  in  chloride  SCC  can  be  traced  to  the  use 
of  boiling  MgCI2  solutions.  When  freshly  prepared,  these  solutions 
are  somewhat  acidic,  and  the  steel  is  transiently  in  an  active  state  in 
which  intergranular  (IG)  SCC  predominates.27  When  well-aged,  there 
is  a  passive  state,  but  the  chloride  activity  is  so  high  that  the  "pitting 
potential"  (in  this  case,  virtually  a  general  breakdown  potential)  is 
nearly  coincident  with  the  corrosion  potential  in  deaerated  solution, 
as  shown  by  Hines  and  Hoar.'0  However,  if  one  uses  a  milder 
solution,  such  as  9  molar  LiCI  below  the  boiling  point,  then  the 
cathodic  action  of  oxygen  and  the  passive  slato  of  the  steel  are  both 
obvious  28  Less  obvious  is  the  state  of  the  metal  inside  the  crack,  and 

thle  ie  fhn  !nnnr*rfnnl  nr/sKInm  try  Ha  oHHrAor aH 

»•  "W  IV  « IV  Miipvnum  tv  WV  UUUtWVV\i> 

In  a  series  of  papers  using  various  acidified  solutions,  Galvele 
and  others27'30  showed  that  there  was  a  film-formation  process  within 
the  range  of  active  potentials  where  cracking  occurs  (Figure  4)  and 
applied  and  tested  a  conventional  SDM  to  account  for  the  crack 
velocities.  This  superceded  the  simplistic  picture  of  a  film-free  active 
slate  given  by  Bianchi,  Mazza,  and  Torchio.3'  The  dark  film,  also 
discussed  by  Vaccaio,  et  al.,'9  and  by  Smialowska  and  Lukomski32 
(Figure  5),  almost  certainly  conceals  a  dealloyed  metallic  layer,33  and 
we  believe  that  this  has  an  important  rule  in  the  cracking,  in  fact,  there 
is  some  evidence  for  dealloying  in  Figure  4.  However,  the  Galvele 
data  show  a  close  correlation  between  predicted  and  actual  crack 
velocities  that  must  bo  taken  soriously.  Apparently,  Galvele3*-35  has 
abandoned  this  approach,  implying  that  he  regards  the  kinetic 
correlations  as  accidental,  we  find  this  extraordinary  and  propose 
anuther  interpretation.  The  crack  growth  occurs  by  film  induced 
Jeavage,  and  the  crack  tip  dissolution  rate  (though  inhibited  by  the 
mass  tianspurt  and  ohmic  restrictions)  follows  the  trend  with  potential 
shown  by  the  free  surface  electrochemistry  of  the  system.  A  related 
argument  has  been  developed  in  detail  for  brass  in  nitrite  solution.36 
Recent  data  on  intergranular  corrosion  and  SCC  of  A!  Cu  alloys 
suggest  that  Galvele  may  have  overestimated  the  diffusiona!  limita 
lions  wittvn  a  crack,  since  anodic  current  densities  of  0.5  A/cm2  were 
readily  achieved.37 


FIGURE  4— Dissolution  rates  and  corresponding  (calculated) 
partial  anodic  CDs  for  Fe,  Cr,  and  Ni  during  Immersion  of  type 
304  (UNS  S30400)  SS  In  5  N  H2SO„  +  0.5  N  NaCI  solution  at 
-0.1 6  VH  and  25'C.29  Note  the  evidence  for  selective  retention  of 
nickel  from  0  to  2  h. 


FIGURE  5  -  Elllpsomotrlcally  measured  film  thicknesses  during 
Immersion  of  austenitic  stainless  steel  in  various  acid  chloride 
solutions.32 

The  problem  of  acid  vs  neutral,  low  vs  high  temperature  has 
been  elegantly  addressed  by  Tsujikawa  and  others.38  39  They 
showed  that  crevices  on  austenitic  SSs  would  initiate  cracks  readily 
at  80  C  in  very  dilute,  neutral  chloride  solutions  such  as  0.03  wt% 
$.005  M/  NaCI.  The  cracking  resembled  conventional  chloride  SCC 
and  was  dearly  initiated  in  an  acidified  crevice  solution.  From  the 
practical  pomi  of  view,  this  work  is  important  as  failures  at  less  than 
100"C  generally  occur  in  creviced  regions.  The  interpretation  is 
simple.  The  orevice  environment  of  about  pH  1  to  2  generates  the 
same  active  or  semiactive  state  as  occurs  in  already  acidified 
solutions  or  within  slip-step  grooves  or  pits  in  high-temperature, 
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high-chloride  solutions.  These  authors  also  give  a  simple  interpreta¬ 
tion  ot  the  critical  potential  for  SCC  in  terms  of  crack  chemistry 
(Figure  6):  The  critical  potential  is  tne  repassivation  potential 
(minimum  potential  for  the  maintenance  of  acidity)  of  the  steel  in  the 
acidified  crack  environment.  For  deep  cracks  and  concentrated 
solutions,  the  repassivation  potential  approaches  the  corrosion 
potential  in  the  crack  environment;  i.e.,  localized  acidification  cannot 
be  maintained  if  there  is  a  net  cathodic  current  in  the  crack.40  Crack 
chemistry  arguments  also  provide  a  transparent  explanation  of  the 
effects  of  many  inhibitors  in  altering  the  critical  potential,  replacing  the 
adsorption  argument  of  Uhlig.41 

Similar  arguments  regarding  the  critical  potential  can  be  found 
in  other  work,  e.g.,  by  Torchio,42  Salvago,  et  al.,43  Shamakian,  et 
al.,44  and  Mancia  and  Tamba.45 

The  role  of  pitting  in  crack  initiation  has  often  been  considered 
obscure,  but  in  fact  the  literature  permits  a  fairly  easy  rationalization 
of  this  point.  Conventional  pitting  (and  eventually  crevice  corrosion) 
becomes  necessary  as  the  chloride  concentration  and/or  tempera¬ 
ture  are  reduced,  as  shown  by  Smialowska  and  Gust.46  In  extreme 
conditions,  such  as  boiling  MgCI2  solution,  the  passive  state  is  so 
fragile  that  a  trenching  type  of  corrosion  at  slip  steps  can  occur;  the 
high  chloride  activity  lowers  the  amount  of  local  hydrolysis  of 
chromium  ions  required  to  give  a  passive-to-active  transition.  In  lower 
Cl"  concentrations,  conventional  pitting  becomes  necessary  to 
generate  the  acidity,  and  eventually  the  Tsujikawa  type  of  crevice 
corrosion  is  the  only  way  of  holding  the  right  pH  with  a  low  enough 
dissolution  rate  to  trigger  the  cycle  of  dealloying  and  cleavage  that  we 
believed  to  be  necessary  for  cracking. 

This  subtle  interplay  of  temperature  and  chloride  concentration 
has  been  explored  by  Shamakian,  et  al 44  They  showed  that  the 
corrosion  potential  of  type  304  (UNS  S30400)  SS  in  neutral,  aerated 
LiCI  solutions  was  independent  of  LiCI  concentration  at  a  given 
temperature,  but  the  critical  cracking  potential  (which  is  just  below  a 
pitting  potential)  increased  with  decreasing  LiCI  concentration.  Thus, 
at  some  LiCI  concentration,  cracking  no  longer  occurs  at  the  free- 
corrosion  potential  but  may  occur  with  artificial  anodic  polarization. 
There  must  eventually  come  a  point  where  cracking  cannot  be 
achieved  by  anodic  polarization  of  a  smooth  specimen  (even  though 
pitting  readily  occurs)  but  requires  the  more  restricted  geometry  of  a 
crevice;  the  nature  of  this  transition  has  not  yot  beon  carefully  defined 
but  presumably  relates  to  the  anodic  current  density  (CD)  in  the  pit  or 
crevico,  which  (according  to  a  dealloying  model)  must  fall  low  enough 
for  dissolution  to  become  selective,  triggering  SCC.  For  a  given  pit 
geometry,  lowering  the  chloride  activity  or  temperature  means  that 
the  critical  pit  chemistry  eventually  becomes  so  concentrated  that  it 
cannot  be  retained  without  passing  local  CDs  that  are  too  high  to 
permit  the  transition  from  blunt  pit  (nonselective  dissolution)  to  sharp 
crack  (selective  dissolution). 


Kinetics  of  Chloride  SCC  in  the  Context 
of  a  Slip-Dissolution  Model 

Attempts  to  relato  anodic  kinetics  to  chloride  SCC  date  to  the 
pioneering  work  of  Hoar  and  West 47  West  used  a  galvanostatic 
rapid  straining  mothod  in  conjunction  with  rapid  solution  flow  to  show 
that  sufficient  anodic  CDs  existed  to  explain  (via  Faraday's  second 
law)  the  crack  velocity  at  the  corrosion  potential  (Figure  7).  Hoar  and 
Scully  repeated  the  work  using  a  pr'eniioslatic  method  and  obtained 
broadly  similar  results,49  although  Hoar  states  that  Slater  could  not 
reproduce  West's  results.74  Both  West  and  Scully  used  the  whole 
specimen  area  to  calculate  CDs,  as  the  metal  was  not  regarded  as 
passive,  thus,  West's  CDs  were  generally  several  times  higher  than 
Scully's,  as  his  galvanostatic  polanzation  gave  him  a  more  complete 
breakdown  of  passivity  pnoi  to  determining  the  anodic  CD.  In  viev<  of 
this,  one  can  see  that  small  variations  in  experimental  procedure, 
particularly  with  regard  to  cell  geometry,  could  lead  to  different  lesults 
and  explain  Slater's  problems. 
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FIGURE  6— Crevice  corrosion  and  SCC  of  type  316  (UNS 
S31600)  SS  in  dilute  NaCI  solutions  at  80°C:38,39  (a)  determina¬ 
tion  o!  crevice  repasslvatlon  potentials  (E„);  (b)  v-K  curves  for 
creviced,  tapered,  double-cantllsver-beam  specimens  showing 
superlmposltlon  of  results  for  two  NaCI  concentrations  by 
holding  potentials  at  just  above  E„,  and  (c)  summary  of  results. 


Once  it  was  realized  that  SSs  were  passive  m  hot  MgCI2 
solutions  and  filmed  in  cold,  acidified  solutions,  it  became  appropriate 
to  use  the  cM>-.ition  of  Bubai  and  Vermilyea49  to  calculate  the  fraction 
of  bat-  su.Iace  area  created  during  a  rapid  straining  test.  This 
immediately  increased  the  anodic  CDs  that  could  be  deduced  from 
such  tests,  and  good  agieement  between  these  CDs  and  tiansgian 
ulai  SCC  velocities  was  obtained  for  acidified  solutions  at  room 
iempeiature  \Figure  8y,ft  v  and  for  hot,  concentrated  chloride 
solutions  (Figure  9).27-50  Nakayama  and  Takano"  (Figure  10) 
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showed  that  rapid-straining  experiments  on  type  304  SS  in  unstirred 
42%  MgCI2  at  143  C  gave  sustained  anodic  CDs  sufficient  to  account 
for  the  Region  II  velocity  of  transgranular  SCC,  e.g.,  400  mA/cm2 
(160  nm,s)  at  the  corrosion  potential  of  0.34  Vsce.  (Apparently  they 
were  unaware  of  the  prior  work  of  Hoar  and  West.)  Doubts  arise 
because  their  anodic  current  transients  are  very  prolonged  (e.g., 
about  12  |i.m  dissolved  in  100  s  at  0.34  V),  so  the  equation  of  Bubar 
and  Vermilyea49  cannot  remain  valid  as  dissolution  at  slip  steps 
proceeds;  there  must  be  a  large  magnification  of  the  corroding  area 
and  hence  a  reduction  in  the  true  CD.51  Also,  it  is  obvious  that  such 
depths  of  corrosion  do  not  occur  within  cracks;  it  is  not  obvious  how 
such  results  can  be  harmonized  with  the  depth  of  chemical  attack 
observed  on  fracture  surfaces,  generally  around  0.1  pm,  which  is 
less  than  the  corrosion  during  the  first  second  in  the  straining 
experiment. 

Whatever  arguments  one  advances  against  the  anodic  kinetics 
shown  by  Nakayama  and  Takano,"  the  trend  of  SCC  velocity  with 
initial  CD  (over  a  few  seconds)  remains  strikingly  in  accord  with  the 
slip-dissolution  concept  despite  the  use  of  a  neutral  solution.  (This  is 
not  necessarily  bad,  because  with  the  CDs  quoted,  the  bare  surface 
exposed  must  be  quite  acid  and  is  presumably  undergoing  a 
trenching  type  of  pitting  corrosion.) 


FIGURE  7-Reductlon  In  anodic  polarization  by  straining  and 
solution  flow  for  18-8  SS  In  42%  MgCI2  solution  at  154'C:  O  = 
static  metal  In  stationary  solution;  O  =  static  metal  in  flowing 
solution;  ©  =  straining  metal  In  stationary  solution;  ©  = 
calculated  result  for  straining  metal  in  flowing  solution,  assum¬ 
ing  O  and  ©  are  additive;  •  -  experimental  result  for  straining 
metal  in  flowing  solution.  (Reprinted  with  permission.''7) 


Nakayama  and  Takano  understood  the  time  scale  of  evenls 
(seconds)  relevant  to  a  repetitive  film-rupture  process  at  the  crack 
tip."  In  contrast,  Rimbert  and  Pagetti52  used  peak  anodic  CDs  or 
very  short  (10  ms)  measurement  times  to  interpret  the  SCC  behavior 
in  neutral  MgCI2  solutions.  Such  very  short  time  scales  are  no  longer 
believed  to  be  relevant  to  SCC  growth,  because  they  imply  impos¬ 
sible  crack-tip  strain  rates  of  up  to  1000%/s.  The  best  that  can  be 
achieved  in  such  an  experiment  is  an  indication  of  a  pitting  or 
breakdown  potential  that  may  correlate  with  SCC.  Rimbert  and 
Pagetli  actually  achieved  lower  CDs  on  their  scratches  than  Maier,  et 
al.,50  achieved  on  strained  electrodes,  probably  because  the  hydro- 
dynamic  disturbance  of  the  scratching  process  does  not  permit 
establishment  of  the  acid  environment  as  readily  as  the  compar¬ 
atively  tranquil  straining  method.  If  a  scratching  method  is  to  be  used, 
a  simulated  crack  solution  is  necessary. 

The  diffusional  and/or  ohmic  difficulties  associated  with  the 
SDM,  cited  by  Galveie,34  were  anticipated  by  Tromans  and 
Swiniarski,53  who  prepared  artificial  active-passive  cracks  by  sand¬ 
wiching  iron  sheet  between  SS  plates  in  hot  MgCI2  solution.  They 
achieved  penetration  rates  between  1  and  10  nm/s,  which  were  too 
low  by  a  factor  of  5  to  50  to  account  for  SCC  rates.  Various  comments 
come  to  mind,  e.g.,  real  cracks  are  wedge  shaped,  some  dissolved 
metal  may  be  re-precipitated,  etc.,  and  judgment  must  be  reserved 


on  this  matter  until  systems  such  as  steel  in  hot  nitrate  solution  have 
been  re-examined.  Most  authorities  agree  that  an  anodic  process  is 
responsible  for  IGSCC  in  this  system,  yet  the  crack  velocity  is  very 
high  (up  to  1  |vm/s)  and  diffusionally  impossible  on  a  slip-dissolution 
basis,  according  to  Galvele.  Again,  we  draw  attention  to  recent  data 
showing  very  high  anodic  CDs  during  stress-assisted  intergranular 
corrosion  of  Al-Cu  alloys,  where  crack  opening  under  stress  was 
shown  to  exert  a  simple  geometrical  influence  on  the  ohmic 
resistance  within  the  crack.37 


Potentiol  [V  ( NHE )] 

FIGURE  8— Correlation  of  SCC  velocities  with  rapid-straining 
tests  for  type  304  (UNS  S30400)  SS  in  0.5  M  HCI  +  0.5  M  NaCI 
solution  at  room  temperature.  The  upper  solid  line  represents 
the  predicted  SCC  velocity  from  the  rapid-straining  tests,  and 
the  lower  line  is  the  ratio  of  bare-to-filmed  metal  CDs  (ib/i,).  The 
triangles  are  ihe  SCC  velocities;  the  circles  represent  detection 
limits  where  no  cracks  were  found.  Cracking  occurs  near  the 
corrosion  potential  and  the  pitting  potential.  (Reprinted  with 
permission  from  Pergamon  Press.30) 


FIGURE  9— Similar  plot  to  Figure  8,  for  transgranular  SCC  in 
40%  MgCI2  solution  at  100gC.  Intergranular  SCC  did  not  correlate 
with  the  kinetics  on  strained  electrodes  (Figure  20),  and  the 
authors  consequently  proposed  that  crack  growth  did  not  result 
from  anodic  dissolution.  (Reprinted  with  permission  from  Per¬ 
gamon  Press.27) 
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FIGURE  10— Anodic  CD  decays  deduced  from  interrupted  rapid¬ 
straining  tests  on  type  304  (UNS  S30400)  SS  in  42%  MgCI2 
solution  at  143°C."  Potentials  are  on  the  SCE  scale;  surface 
areas  were  calculated  assuming  the  Bubar  and  Vermilyea 
equation49  was  applicable. 

Inhibition  of  Chloride  SCC 

Buffers,  such  as  acetate  or  silicate,  and  electroactive  anions, 
such  as  nitrate,  alter  the  potential  dependence  of  SCC  as  reviewed 
by  Uhlig.41  This  is  partly  an  effect  on  the  local  electrochemistry  within 
the  crack  or  crack  nucleus.  Uhlig  argued  in  discussion  that  he  was 
studying  crack  initiation,  and  crack  acidification  was  therefore  irrel¬ 
evant  (probably  an  untenable  argument,  as  all  these  inhibitors  affect 
crack  growth,  and  all  cracks  develop  from  acid  nuclei).  Inhibitors  may 
be  effective,  even  in  boiling  MgCI2,  as  long  as  the  crack  is  unable  to 
acidify,  i.e.,  if  the  corrosion  potential  on  the  external  surface  is  lower 
than  the  crevice  repassivation  potential  in  the  (now  altered)  crack 
solution.33  Cracking  resumes  if  the  potential  is  raised  above  this 
critical  potential,  which  may  vary  with  crack  length.  If  the  temperature 
is  made  extremely  high  in  the  presence  of  nitrate,  the  inhibiting  effect 
of  this  ion  is  not  apparent  as  it  begins  to  act  as  an  oxidant  and 
promotes  SCC  under  free-corrosion  conditions.54 

High  concentrations  of  Nal  inhibit  SCC  in  hot  MgCI2  solution, 
and  this  has  been  proposed  to  be  a  cathodic  inhibition  effect.55 
Various  organic  inhibitors  have  been  shown  to  inhibit  crack  initiation 
in  hot  MgCI2  solutions  using  either  static  or  slow-strain-rate  tests.50,57 
These  effects  deserve  more  study,  especially  with  regard  to  the  local 
environment  of  a  crack  nucleus,  and  the  ability  of  such  inhibitors  to 
arrest  crack  growth.  It  would  also  bo  of  interest  to  study  milder 
conditions  of  chloride  concentration  and  temperature,  where  most 
practical  instances  of  SCC  occur. 

Analysis  of  Surface  Films 

We  have  already  seen  that  the  work  of  Baker,  et  al.,'5  decisively 
laid  emphasis  on  the  dark  films  formed  in  the  acid  crack  environment 
in  order  to  understand  chloride  SCC.  Thus,  it  is  unlikely  that  thore  is 
more  than  a  fortuitous  correlation  between  SCC  and  the  composi¬ 
tions  of  films  on  external,  passive  surfaces,  as  studied  by  da  Cunha 
Belo,  et  al  ,5a  and  Gluszek  and  Nitsch.59  If  the  work  of  Baker,  et  al., 
had  been  heeded,  great  advances  could  have  been  made  with  UHV 
surface  analytical  techniques;  we  have  tried  to  remedy  this  situation 
recently.  (See  Appendix  A.) 

Unusual  Austenitic  Alloys 

Useful  mechanistic  insights  can  be  obtained  by  examining  data 
on  austenitic  cast  irons,  where  there  is  no  Cr,60  or  Fe-Mn-AI  alioys, 
where  there  is  neither  Cr  nor  Ni.6,,e2  It  is  difficult  to  assess  the  role 
of  hydrogen  in  SCC  of  Fe-Mn-AI  alloys,  where  the  potential  is  very 
low,  but  for  cast  irons  the  similarity  to  austenitic  SSs  is  striking.  More 
basic  work  in  this  area  would  be  very  useful. 


Fracture  Mechanics  Studies 

The  first  study  of  chloride  SCC  using  fracture  mechanics 
methods  and  thick  specimens  was  that  of  Speidel,63  who  demon¬ 
strated  the  low  K,scc  value  in  hot  MgCI2  solution  [Figure  11(a)].  He 
also  studied  sensitized  steel  in  288°C  solutions  [Figure  1 1  (b)].  Later, 
he  showed  that  the  "Copson  curve”  of  SCC  life  vs  nickel  content 
could  be  recast  in  terms  of  K|SCC  (Figure  1 2).64  Outstanding  work  was 
reported  by  Russell  and  Tromans, 65,66  who  demonstrated  that  the 
Region  II  crack  velocity  in  hot  MgCI2  solution  varied  with  alloy 
composition  but  not  with  potential  above  the  critical  potential  (Figures 
13  and  14).  Cold  rolling  to  form  strain-induced  martensite  could  have 
a  kinetic  effect  but  was  not  fundamental  to  the  cracking  process. 
Depending  on  the  method  used,  a  weak  dependence  of  KISCC  on 
potential  above  the  critical  potential  may  be  detectable  (Figure  15),67 
but  this  is  of  little  practical  importance. 

A  detailed  electrochemical  rationalization  of  the  variation  of 
Region  II  velocity  across  types  304,  316  (UNS  S31600),  and  310 
(UNS  S31 000)  is  not  available.  Probably  a  reasonable  result  could  be 
obtained  by  using  rapid  straining  in  neutral  MgClz  solutions,  but  a 
more  interesting  prospect  is  to  study  the  kinetics  in  acidified  solutions 
despite  the  difficulties  of  being  near  the  free-corrosion  potential. 

Whatever  model  of  SCC  one  favors,  the  independence  of  SCC 
velocity  on  potential  above  the  critical  potential  and  the  very  sharp 
cutoff  below  it  can  be  interpreted  on  the  basis  of  crack  chemistry  and 
IR  considerations;  i.e.,  the  acid  crack  can  only  be  maintained  above 
the  critical  potential,  which  is  the  repassivation  potential  in  the  crack 
environment,  but  further  anodic  polarization  rapidly  generates  an 
active  state  that  severely  restricts  the  polarization  that  can  be 
achieved  at  the  crack  tip. 

SCC  in  Dilute  Chloride  Solutions 
at  Elevated  Temperatures 

At  temperatures  above  200°C,  transgranular  SCC  of  annealed 
austenitic  SSs  occurs  with  very  low  chloride  concentrations  and 
above  a  critical  potential  (Figure  16).2468'7’  This  has  sometimes 
been  considered  different  from  cracking  in  boiling  MgCI2  and  similar 
solutions  but  only  because  crack  chemistry  has  not  been  considered. 
There  is  a  close  correlation  between  the  cracking  and  the  onset  of 
pitting  corrosion,  and  since  the  latter  is  known  to  require  a  high 
chloride  concentration  within  the  pit  and  a  low  pH  because  of  Cr3* 
hydrolysis,  the  crack  environment  is  clearly  analogous  to  that 
achieved  at  lower  temperatures  and  higher  chloride  concentrations. 
The  reduction  with  increasing  temperature  of  the  chloride  concen¬ 
tration  required  for  SCC  reflects  a  less  acidic  crack  environment 
required  to  achieve  an  active  state  and  probably  also  the  faster 
kinetics  of  the  anodic  reactions.  Spongy  corrosion  products  have 
been  reported  for  high-temperature,  low-chloride  SCC  that  are  very 
similar  to  those  reported  for  hot  MgCI2  solutions.24 

The  usual  finding  with  regard  to  sensitization  is  that  the  critical 
cracking  potential  drops  abruptly  at  a  particular  level  of  sensitization, 
whereupon  the  cracking  becomes  intergranular  (Figure  17).  This 
cracking  is  less  sensitive  to  the  presence  of  chloride  ions,  occurring 
almost  as  readily  in  sulfate  solutions.72'76 

Recently,  a  complicating  observation  was  made  by  Congleton, 
et  al..78  who  found  two  zones  of  SCC  for  annealed  type  316  SS  in 
dilute  chloride  solutions  with  oxygen  at  265’C  (Figure  18).  One  zone 
was  as  found  by  Andresen  and  Duquette  (Figure  16), 66 70  while  the 
other  lay  at  veiy  low  oxygen  contents  (potentials).  Congleton,  et  al.. 
implied  that  the  low-potential  cracking  was  relatively  severe,  not  a 
minor  surface  effect  as  found  by  Andresen  and  Duquette  in  type  304 
SS;  possibly,  this  has  to  do  with  the  alloy  composition  or  the  degree 
of  cold  work.  The  crack  chemistry  aspects  of  the  low-potential 
cracking  are  unexplored,  but  it  appears  improbable  that  there  can  be 
significant  acidification.  Congleton,  et  al.,  suggested  a  film-induced 
cleavage  interpretation  in  which  the  film  was  a  dealloyed  layer  at  low 
potentials  and  a  passive  film  at  high  potentials;  in  fact,  it  is  the 
high-potential  cracking  that  is  unambiguously  associated  with  an  acid 
crack  and  therefore  likely  to  involve  dealloying.  More  work  is  required 
on  the  crack  chemistry  in  this  system. 
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FIGURE  11— (a)  Speidel’s  first  v-K  curve63  for  type  304L  (UNS 
S30403)  SS  in  42%  MgCI2  solution  at  130’C  and  (b)  smoothed 
data  for  several  systems  showing  very  similar  K|SCC  values.63 


When  cracking  occurs  near  the  pitting  potential  and  the  latter  is 
much  higher  than  the  normal  corrosion  potential,  an  IR  drop  ensures 
that  the  potential  at  the  root  of  the  crack  is  depressed  to  an  active 
value,  which  is  necessarily  near  the  corrosion  potential  in  the  crack 
environment.  In  certain  combinations  of  HCI  and  NaCI  at  room 
temperature,  this  shows  up  particularly  well  because  there  are  two 
zones  of  cracking:  one  near  the  corrosion  potential  and  the  other  near 
the  pitting  potential.30  (See  Figure  8.)  The  crack  conditions  will  differ 
only  slightly  with  respect  to  potential  and  pH  between  these  two 
free-surfaco  conditions. 

Under  extreme  conditions  (Na2S0„.'H2S04,  pH  2.5,  290"C), 
rapid  ttansgranular  SCC  of  type  304  SS  can  be  obtained  without 
uhluride  ions.”’6  More  research  on  this  would  be  useful,  as  most 
wurk  reiated  to  riuuleai  power  plants  avoids  these  unrealistically 
aggiessive  uunditiuns  that  may  yield  muie  useful  mechanistic 
information. 


1 - I - 1 - 1 - 1 - 1 - r-~ 

SCC  of  Fe-Ni-Cr  alloys.1S5-2l%Cr  I 
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0  10  20  30  40  50  60  70  80 
Weight  -  percent  Ni 


FIGURE  1 2— Speldel's  reproduction  of  the  Copson  curve  (Figure 
1 )  using  fracture  mechanics:  (a)  in  terms  of  “plateau”  (Region  II) 
velocity  and  (b)  in  terms  of  K(SCC.  (Reprinted  with  permission.64) 


Effect  of  Alloyed  Phosphorus  or  Nitrogen 

Nitrogen  and  phosphorus  in  solid  solution  are  both  detrimental 
to  the  chloride  SCC  resistance  of  austenitic  SSs.  Mozhi,  et  al.,79 
reviewed  information  related  to  the  effect  of  solid-solution  nitrogen 
and  presented  new  data  on  sensitized  material  where  nitrogen 
affects  the  sensitization  process.  Many  authors  agree  that  N  and  P 
affect  the  electrochemistry  of  SCC,  but  disagree  on  the  sign  of  tne 
effect,  Staehlea  suggested  that  nitrogen  slows  down  repassivation, 
while  Hoar25  and  Bednar80  suggested  that  pure  alloys  were  not 
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passive  enough  to  show  SCC.  Silcock81  suggested  that  phosphorus 
changed  the  morphology  of  slip-step  corrosion  but  not  necessarily  its 
rate;  if  slip-step  corrosion  is  a  dealloying  process,  this  could  be  a  very 
significant  observation.  Cihal  has  clearly  shown  the  effects  of  P  and 
N  using  high-nickel  alloys  (25  to  40%)  on  the  borderline  of  suscep¬ 
tibility  to  SCC  in  boiling  MgCI2;82  these  alloys  are  quite  corrosion 
resistant,  which  tends  to  argue  against  Hoar’s  and  Bednar’s  sugges¬ 
tions.  N  and  P  are  particularly  influential  at  relatively  low  tempera¬ 
tures  and  chloride  concentrations,  e.g.,  in  crevice  tests  of  the  type 
used  by  Tamaki,  et  al.,  where  it  is  again  difficult  to  argue  that  the  alloy 
is  too  corrodible. 

We  suggest  a  speculative  interpretation  of  the  effects  of  N  and 
P.  We  have  observed  that  ammonia  actively  inhibits  aging  (thought 
to  be  coarsening  of  porosity  by  surface  diffusion)  of  thin  dealloyed 
layers  on  brass,83  so  that  a  layer  is  only  able  to  nucleate  cleavage  if 
it  is  still  in  contact  with  the  ammonia  solution  or  if  the  latter  is  quick 
frozen  in  contact  with  the  alloy  surface  (by  immersion  of  a  thin  foil  in 
liquid  nitrogen  without  rinsing).  We  have  proposed  that  alloyed 
arsenic  acts  the  same  way  in  chloride  environments,  pinning  the 
surface  diffusion  process  that  normally  leads  to  a  coarse  porosity.'84 
It  is  therefore  possible  that  the  role  of  P  or  N  (or  other  Group  VB 
elements2)  is  to  maintain  the  dealloyed  layer  in  the  extremely  fine 
(nanoporous)  state  required  for  cleavage  nucleation,  by  enriching  at 
critical  surface  sites  in  the  elemental  or  partially  oxidized  state.  Such 
a  suggestion  is  not  easy  to  test,  but  one  possibility  is  to  use  AC 
impedance  methods  to  follow  the  development  of  the  porosity  as 
attempted  by  Newman  and  Mehta.33 

Further  comments  will  be  found  in  the  section  on  hydrogen 
effects. 
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FIGURE  13— The  effect  of  potential  on  the  Region  II  crack 
velocity  for  type  316  (UNS  S31600)  SS  In  44.7%  MgClj  solution 
at  154°C.  (Reprinted  with  permission.65) 


Intergranular  Cracking  of  Annealed  Alloys 

Some  IGSCC  is  invariably  seen  when  austenitic  steels  are 
tested  in  hot  chloride  solutions  over  a  range  of  potentials  or 
mechanical  parameters,  and  contradictory  conclusions  have  been 
drawn  depending  on  the  exact  conditions  used.  One  clear  observa¬ 
tion  is  that  transgranular  SCC  predominates  at  high  potentials  where 
there  is  a  strong  acidification;  possibly  corrosion  can  only  be  localized 
to  grain  boundaries  when  the  potential  is  low  and  there  is  less 
acidification  The  effect  of  raising  the  stress  intensity  or  strain  rate 
(Figure  19)  is  to  promote  intergranular  cracking,1’-65,6®  a  result  at 
variance  with  experience  from  a-brass.85  It  is  not  clear  whether  this 
is  related  to  hydrogen  or  to  austenite  stability,  but  in  either  case  one 
could  rationalize  the  difference.  Muraleedharan,  et  al.,66  showed  that 
prior  cold  work  enhanced  IGSCC  in  unstable  steels  and  suggested 
that  this  was  mechanistically  analogous  to  the  effect  of  stress 
intensity  on  annealed  material. 


FIGURE  14— The  effect  of  alloy  composition,  cold  work,  and 
temperature  on  v-K  curves  for  austenitic  stainless  steels  in 
44.7%  MgCI2  solution  at  154°C:  (a)  data  for  type  316  (UNS 
S31600)  SS  showing  a  large  effect  of  temperature  but  small 
effect  of  cold  work;65  (b)  Region  II  data  showing  relative 
resistance  of  three  steels66  (Metal  A  =  metastable  steel  with 
1 1  Cr,  9NI,  3.7Mo,  2Mn,  0.2C,  ISi).  (See  Figures  19  and  27  for 
more  details  on  the  effect  of  cold  work  and  Incidence  of 
intergranular  cracking.)  (Reprinted  with  permission.65-66) 


FIGURE  15-The  effect  of  displacement  of  the  potential  from  Its 
natural  value  (In  hot  LICI  solution)  on  the  K,scc  value  for 
18-10-0.5TI  steel.  (Reprinted  with  permission  from  Pergamon 
Press.67) 
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FIGURE  16— Results  of  slow-strain-rate  tests  (10~6/s)  on  non- 
sensitized  type  304  (UNS  S30400)  SS  in  100  ppm  Cl"  solution  at 
289°C,  showing  the  critical  potential.68 
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FIGURE  17— Variation  of  the  critical  SCC  potential  with  sensiti¬ 
zation  time  at  620°C  for  type  304  (UNS  S30400)  SS  with  0.058% 
carbon,  tested  under  slow-strain  rate  (1.1  x  10  5/s)  in  100  ppm 
Cl  +  100  ppm  SO,2'  solution  at  289°C.75 


Annealed  316 


FIGURE  18-Varlatlon  of  cracking  tendency  with  oxygen  and 
chloride  concentration  for  slow-straln-rate  testing  (2  x  1 0'*/s)  of 
annealed  type  316  (UNS  S31600)  SS  at  265°C.  Note  the  zone  of 
cracking  at  low  oxygen  contents.  (Reprinted  with  permission 
from  Pergamon  Press.76) 
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FIGURE  19— Incidence  of  IGSCC  for  the  tests  on  type  316  (UNS 
S31600)  steel  shown  in  Figure  14,  showing  that  high  K  values 
promote  intergranular  cracking.  (Reprinted  with  permission.65,66) 

Manfredi,  et  al.,27  showed  that  fresh  MgCI2  solutions  (where 
type  304  SS  is  close  to  an  active  state  because  of  the  low  pH  of  3  to 
4)  tend  to  cause  IGSCC  at  very  low  potentials  (Figure  20),  below  the 
conventional  critical  potential  determined  in  aged  solutions  (where 
transgranular  SCC  predominates).  The  results  for  fresh  MgCI2 
solution  resemble  those  obtained  in  room-temperature  NaCI/HCI 
solutions,30  where  cracking  occurred  both  in  the  active  state  and  near 
the  pitting  potential.  According  to  Manfredi,  et  al.,27  the  intergranular 
cracking  cannot  result  from  a  slip-dissolution  mechanism  because 
there  is  insufficient  anodic  activity  to  sustain  cracking  at  the  rate 
observed,  but  on  a  dealloying  perspective  this  observation  is  readily 
interpretable:  A  rate  of  dealloying  that  could  sustain  cracking  by 
film-induced  cleavage  or  brittle  intergranular  separation  would  not  be 
sufficient  to  grow  a  crack  by  itself.  Dealloying  at  low  potentials  would 
require  an  acid  solution  to  maintain  an  active  state.  Manfredi,  et  al.,27 
consider  that  the  results  argue  for  the  surface-mobility  model  of 
Galvele, 34,35  but  this  model  is  probably  untestable  in  this  system. 

When  the  film-induced  cleavage  model  was  elaborated,6  it  was 
felt  that  intergranular  and  transgranular  SCC  differed  in  that  only  the 
latter  involved  brittle  fracture  of  unattacked  material.  This  view  was 
influenced  by  the  observations  of  Beggs,  Hahn,  and  Pugh07  on 
a-brass,  where  microscopic  observation  showed  discontinuous  trans¬ 
granular  but  continuous  intergranular  cracking.  However,  recent 
observations  on  pre-exposed  brass  foils  show  abundant  brittle 
intergranular  cracking,83  and  we  now  beiieve  that  both  forms  of 
cracking  are  brittle  in  systems  where  both  forms  occur  in  the  same 
conditions  of  environment,  potential,  etc.  In  systems  showing  only 
IGSCC,  the  SDM  or  HE  models  normally  apply. 

Using  hydrogenated  high-temperature  water  and  a  special 
tensile  specimen  with  a  cold-pressed  hump,  Totsuka,  et  al.,88  have 
shown  that  intergranular  hydrogen-induc.ed  SCC  is  possible  in 
nonsensitized  SSs.  No  cleavage-like  cracking  was  reported.  It  is  not 
clear  whether  this  is  the  same  phenomenon  observed  by  Congleton, 
et  al.,76  or  by  Kuniya,  et  al.99  (See  Figures  18  and  21.) 

Fractography,  Discontinuous  Cracking,  and 
Crystallography 

Throughout  the  Firminy  conference  proceedings  (1977),  there 
are  references  to  the  feathery,  brittle  appearance  of  SCC  fracture 
surfaces  in  austenitic  SS  (e.g.,  Uhlig,  p.  206,  and  Pugh,  p.  1019). 
Proponents  of  SDMs  still  argue  that  this  is  the  result  of  an  extremely 
narrow  dissolution  front. 

The  basic  fractography  of  chloride  SCC  was  well  established 
around  1970  by  scanning  electron  microscopy  (SEM)  studies. 
Despite  the  brittle  appearance  of  the  transgranular  fracture,  the  SDM 
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survived  the  1970s  more  or  less  intact  and  is  still  widely  accepted." 
However,  around  1977,  Pugh  and  others  began  to  question  the  view 
that  such  surfaces  could  be  produced  by  dissolution  processes.  This 
was  not  a  new  departure  (Edeleanu  and  Nielsen  in  the  1950s  had 
proposed  that  cracking  was  discontinuous),  but  the  combination  of 
techniques  and  insights  was  new.  Pugh's  work  ranged  over  a  variety 
of  face-centered  cubic  (fee)  systems,  including  brass  and  aluminum 
alloys  as  well  as  SSs,  and  this  program  enabled  similarities  and 
differences  to  be  identified.  The  basic  features  of  transgranular  SCC 
are  shown  in  Figure  22. 


FIGURE  20— SCC  velocities  for  slow-strain-rate  tests  (1.5  a  10  5 
or  1.5  ■  10«/s)  of  type  304  (UNS  S30400)  SS  in  40%  MgCl2 
solution  at  100°C.  Open  triangles  denote  the  results  for  a 
preboiled  (near-neutral)  solution,  showing  no  cracking  at  low 
potentials.  Other  symbols  denote  results  for  fresh,  or  boiled  and 
reacidlfied,  solutions,  showing  extensive  cracking  at  low  poten¬ 
tials.  This  cracking  was  mainly  intergranular.  (Reprinted  with 
permission  from  Pergamon  Press.27) 


FIGURE  21  -The  effect  of  prior  cold  work  on  the  occurrence  of 
IGSCC  In  500-h  tests  of  creviced  bent-beam  specimens  of 
nonsensitlzed  type  304  (UNS  S30400)  SS  In  oxygenated  pure 
water  (8  ppm  02)  at  288'C.09 


FIGURE  22— Schematic  side  view  of  a  growing  transgranular 
stress  corrosion  crack  [(a)  through  (c)]  and  appearance  of  a 
fracture  facet  [(d)  through  (f)J,  according  to  Pugh.92 

A  key  development  in  the  understanding  of  SCC  fracture 
surfaces  was  the  use  of  load  pulsing  to  identify  the  position  of  the 
crack  front.87,89'92  This  front  proved  to  be  surprisingly  smooth, 
crossing  many  steps  (river  lines)  of  varying  height.  By  applying  small 
load  pulses  at  various  frequencies,  it  was  shown  that  there  was 
evidence  for  a  loss  of  correspondence  between  markings  and  pulses 
at  high  frequencies,  and  this  was  interpreted  as  evidence  for 
discontinuous  crack  advance  in  units  of  about  0.5  urn  (in  type  310 
SS).  HE  was  suggested  as  the  microscopic  mechanism  of  crack 
advance,  and  approximate  correspondence  with  hydrogen  diffusivity 
was  suggested.  These  results  are  shown  in  Figure  23. 

The  fracture  surfaces  in  type  31 0  SS  are  of  (100)  orientation  93,94 
There  is  good  agreement  on  this  crystallography  in  type  310  SS  but 
disagreement  in  type  304  SS  where  (100),  (111),  and  (110)  planes 
have  all  been  reported,  as  reviewed  by  Meletis  and  Hochman.94  (See 
Figure  24.)  Possibly  this  reflects  the  formation  of  strain-induced 
martensite  in  the  304  steel  and  consequent  disruption  of  the  crack 
crystallography.  A  particularly  thorough  study  of  SCC  fractography 
was  done  by  Dickson,  et  al.,96  on  type  31 0  steel;  they  showed  that  the 
cracking  on  {100}  had  a  preferred  <110>  direction,  using  an 
etch-pitting  technique  to  measure  the  fracture-surface  orientation. 
Dickson,  et  al.,  detected  striations  parallel  to  the  crack  front  and 
favored  a  discontinuous  mode  of  cracking,  but  in  other  work  on 
corrosion  fatigue  of  type  316  SS,97  it  has  been  proposed  that 
cleavage-like  fractures  can  be  produced  by  purely  plastic  processes. 
This  remains  an  area  of  controversy,  but  most  likely  both  of 
Tromans’s  statements  are  correct;  i.e.,  slip  can  produce  seductively 
cleavage-like  surfaces,  but  most  cases  of  transgranular  environmen¬ 
tal  cracking  also  involve  genuine  cleavage.  Particularly  convincing 
crack-arrest  striations  were  displayed  by  Andresen  and  Duquette.70 

Electrochemical  Studies 
to  Test  the  Dealloying/Cleavage  Concept 

There  are  a  number  of  apparent  dilficulties  in  applying  the 
film-induced  cleavage  model  to  chloride  SCC.  The  presence  of  a 
dealloyed  layer  has  not  been  demonstrated,  but  good  progress  is 
being  made  in  that  direction;98  see  Appendix  A.  One  difficulty  is  the 
low  percentage  of  nickel  required  to  promote  SCC;  if  the  dealloyed 
layer  is  pure  nickel,  it  is  hard  to  see  how  it  could  be  space  filling. 
However,  surface  analyses  show  that  thin  dealloyed  layers  are 
normally  porous  alloys  of  continuously  varying  composition,98  which 
solves  this  problem. 

Experiments  on  binary  Fe-Ni  alloys  in  chloride  and  sulfate 
solutions  at  80°C  and  pH  1  provided  an  opportunity  to  test  a 
speculation  regarding  the  role  of  the  chloride  ion  in  SCC.33  Remark¬ 
able  inhibiting  effects  of  chloride  on  dissolution  of  Fe-Ni  alloys  were 
observed  as  shown  in  Figure  25.  Dark  tarnishes  were  formed  near 
the  corrosion  potential  in  the  presence  of  chloride  ions;  these  are 
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clearly  dealloyed  layers,  since  Cr  is  not  present  to  form  an  oxide  and 
neither  Fe  nor  Ni  oxides  could  possibly  form  at  pH  1  and  -400 
mVsce-  AC  impedance  spectra  of  these  surfaces  showed  evidence 
for  porous  conducting  film  formation,  as  shown  in  Figure  26.  We 
believe  that  these  observations  are  close  to  the  heart  of  the  SCC 
problem  in  this  system:  Chloride  affects  the  relative  dissolution  rates 
of  Fe  and  Ni,  and/or  suCce  diffusiM  of  the  latter,  such  that 
dealloying  is  promoted.  It  coincidentally  favors  the  development  of 
acidified  crack  solutions  and  the  initial  breakdown  of  passivity  in 
neutral  solutions,  but  these  are  essentially  details  from  the  funda¬ 
mental  viewpoint;  the  fundamental  action  is  seen  in  Cr-free  alloys  and 
acid  solutions,  where  these  complications  are  eliminated. 


FIGURE23— The  results  of  load-pulsing  experiments  on  polycry¬ 
stalline  type  310  (UNS  S31000)  SS  in  boiling  MgCI2  solution  at 
154°C.89,90  At  Is  the  interval  between  overloads  and  Ax  is  the 
spacing  of  the  corresponding  markings  on  the  fracture  surface. 
Below  a  At  value  of  15  s,  there  Is  a  loss  of  correspondence 
between  markings  and  load  pulses,  Indicating  discontinuous 
crack  growth. 


Deformation-Induced  Transformations  and 
the  Hydrogen  Problem 

The  role  of  austenite  stability  in  chloride  SCC  has  been  debated 
lor  30  years.  It  is  important  to  distinguish  arguments  related  to  cold 
rolling,  where  «’  martensite  is  produced  and  is  not  removed  by 
heating  at  SCC  test  temperatures,99  from  arguments  related  to  the 
formation  of  a\ e.  etc.,  during  SCC.  The  work  of  Vaccaro,  Hehemann 
and  Troiano;100  Russell  and  Tromans;65,68  and  Dickson,  et  al.,100 
shows  that  the  effect  of  preformed  a'  phase  is  a  kinetic  one  and  is  not 
required  for  SCC;  o.g.,  cold  rolling  of  type  31 6L  (UNS  S31603)  steel 
caused  a  marked  increase  in  Region  II  SCC  velocity,  from  50  to  500 
nm/s,  while  type  310  SS  showed  no  noticeable  increase.101  (See 
Figures  14  and  27.)  The  normal  interpretation  of  the  velocity  increase 
in  type  316  SS  would  bo  that  hydrogen  is  assisting  crack  advance, 
but  film-induced  cleavage  also  copes  with  this  readily  by  suggesting 
that  a  cleavage  crack  (or  brittle  intergranular  crack)  nucleated  in  a 
dealloyed  layer  propagates  further  in  a'  than  in  y  before  arresting.  If 
this  is  correct,  the  distance  between  crack-arrest  marks  should  be 
greater  in  rolled  than  in  annealed  material.  It  is  also  possible  that  the 
dealloying  is  different  in  the  two  phases,  in  which  case  electrochem¬ 
ical  measurements  should  be  able  to  detect  differences  in  dealloying 
response  ol  a’  and  y.  Certainly  there  is  a  selective  spongy  attack  of 
martensite  in  cold-worked  austenite  exposed  to  low-temperature  acid 
chloride  solutions,  as  shown  by  Honkasalo."  Another  complicating 
factor  is  that  cold  work  tends  to  promote  intergranular  cracking.86 
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FIGURE  24-Stereographlc  triangles  showing  the  poles  of 
stress  corrosion  facets  for  austenitic  stainless  steels  cracked  In 
hot  chloride  solutions:  (a)  and  (b)  from  Uu,  et  al.,  showing  (100) 
orientation  for  type  310  (UNS  S31000)  SS  but  varying  orientation 
for  types  304  and  304L  (UNS  S30400  and  S30403).  (Reprinted 
with  permission.93);  (c)  from  Meletis  and  Hochman  showing 
(100)  orientation  for  type  304L  (UNS  S30403)  monocrystais. 
(Reprinted  with  permission  from  Pergamon  Press.95) 
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ature,  e.g.,  by  Tahtinen,  et  al.,"3-"4  who  point  out  that  martensite 
phases  are  found  on  some  SCC  fracture  surfaces,  but  they  have  not 
demonstrated  that  these  can  form  at  temperatures  relevant  to 
chloride  SCC  even  in  type  304  SS,  let  alone  in  “stable”  steels  such 
as  type  310  SS.  In  fact,  Eliezer,  et  al.,,n  reported  that  type  304  SS 
did  not  undergo  gaseous  HE  above  its  M0  temperature  of  about 
110°C,  while  Liu,  et  al.,93  showed  that  martensite  phases  were  not 
detectable  at  the  fracture  surface  of  type  304,  which  had  failed  by 
transgranular  SCC  at  289°C;  this  bodes  ill  for  a  hydrogen  model  in 
unstable,  not  to  mention  stable,  steels.  Mehta  and  Burke"5  reported 
some  hydrogen  effects  at  150°C  in  types  304L  (UNS  S30403)  and 
31 0  steels,  but  they  did  not  obtain  cleavage-like  fractography.  Finally, 
Wilde  and  Kim  showed  that  more  hydrogen  was  absorbed  by  SS 
under  cathodic  polarization,  where  no  cracking  occurred,  than  under 
SCC  conditions"6  (but  since  neutral  solutions  were  used,  this  does 
not  necessarily  address  crack-tip  hydrogen  entry). 

We  expect  HE  to  be  abandoned  as  a  model  for  chloride  SCC 
within  the  next  few  years. 


FIGURE  25— Anodic  portions  of  cyclic  potentiodynamic  scans 
for  Fe,  Fe-3Ni,  and  Fe-IONi  alloys  in  Na2S04/H2S04  and  NaCI/HCI 
solutions  at  pH  1.0  and  803C.  (Reprinted  with  permission  from 
Pergamon  Press.33) 


FIGURE  26— Nyqulst  impedance  spectra  for  Fe-IONi  in  NaCI/HCI 
solution  at  pH  1 .0  and  80°C,  showing  a  highly  flattened  response 
near  the  corrosion  potential  that  correlated  with  the  appearance 
of  a  tarnish  (dealloyed  layer)  on  the  alloy  surface.  Such  a 
response  Is  Indicative  of  a  porous  conducting  film,  equivalent  to 
an  electrical  transmission  line.  (Reprinted  with  permission  from 
Pergamon  Press.33) 

Hydrogen  can  affect  the  stability  of  austenite,  even  in  the 
absence  of  stress  and  around  pits  in  neutral  solutions,  where  small 
amounts  of  hydrogen  are  absorbed  from  corrosion  in  the  acid  pit 
solution  102  Several  authors  have  followed  Asaro,  et  al.,'03  in 
proposing  that  hydrogen  induced  phase  transformations  (to  a'  and  t 
martensite)  are  associated  with  chloride  SCC.  According  to  these 
authors,  the  effect  of  prior  cold  rolling  does  not  give  information  on  the 
role  of  phase  transformations  or  hydrogen  in  crack  growth. 

Cleavage-like  transgranular  fractures  can  be  readily  obtained  in 
unstable  austenitic  steels  using  gaseous  hydrogen  or  cathodic 
charging  These  surfaces  resemble  SCC  fractures  (Figure  28),  as 
argued  by  Hanninen  and  others, 5',°4'107  but  detailed  differences 
have  been  leported  by  Nakayama  and  Takano,'08  Chu,  et  al„ 109  and 
Qiao,"0  who  studied  the  effect  of  loading  mode.  These  differences 
do  not  necessarily  invalidate  the  hydrogen  argument,  but  there  are 
other  problems  with  it  One  is  that  stable  austenitic  steels  exhibit  SCC 
but  show  only  superficial,  cleavage-like  cracking  in  gaseous  hydro¬ 
gen  or  under  cathodic  polarization,  even  at  room  temperature."' 
Another  problem  is  that  the  trends  of  SCC  with  alloy  composition  and 
temperature  are  inconsistent  with  a  hydrogen  model;  e.g.,  cleavage¬ 
like  SCC  occurs  vigorously  at  very  high  temperatures  such  as  350°C, 
and  nitrogen  or  phosphorus  alloying  enhances  SCC  while  decreasing 
HE  in  line  with  the  increase  in  austenite  stability  (Figure  29). "2  Most 
of  the  observations  of  hydrogen-induced  phase  transformations  in 
otherwise  stable  austenitic  steels  have  been  made  at  room  temper- 
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FIGURE  27— The  effect  of  cold  work  on  v-K  curves  for  types  316 
and  310  (UNS  S31600  and  S31000)  SSs  In  44.7%  MgCI2  solution 
at  154'C.  This  is  an  extension  of  Figure  14.  (Reprinted  with 
permission  from  Pergamon  Press.101) 

Caustic  SCC  of  Stainless  Steels 

Caustic  cracking  of  SSs  and  nickel-base  alloys  has  been  an 
important  practical  problem  in  the  nuclear  power  industry  and  is  also 
of  considerable  scientific  interest.  In  particular,  Crowe  and  Tromans 
have  argued  that  fractographic  comparisons  between  caustic  and 
chloride-induced  SCC  can  give  information  on  the  probable  role  of 
hydrogen  in  the  latter."7  "8  Since  the  caustic  cracking  can  occur  at 
somewhat  oxidizing  potentials  and  does  not  involve  crack  acidifica¬ 
tion,  one  can  be  fairly  confident  that  water  reduction  does  not  occur 
within  the  cracks,  however,  the  fractography  of  transgranular  SCC  in 
chloride  and  caustic  is  very  similar.  Crowe  and  Tromans  argued  that 
this  supported  a  dissolution  mechanism  of  crack  advance  with 
preferential  (transpassive)  dissolution  of  chromium.  Obviously,  one 
could  also  propose  a  film-induced  cleavage  concept,  though  this 
would  be  difficult  to  test  in  this  system. 

The  transpassive  potentials  used  by  Crowe  and  Tromans  are 
not  often  encountered  in  practice,  practical  instances  of  caustic  SCC 
occur  in  the  active  or  just-passive  condition.3  "9 123  Depending  on 
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the  alloy  composition,  temperature,  and  potential,  both  intergranular 
and  transgranular  cracking  can  be  obtained,  but  for  our  purposes  it 
is  sufficient  to  note  that  cleavage-like  transgranular  SCC  occurs  both 
in  the  active/active-passive  and  transpassive  conditions.  In  the  active 
state,  a  film-induced  cleavage  model  based  on  dealloying  is  very 
attractive,  and  massive  dealloying  has  been  reported  by  Santarini 
and  Boos'24  in  type  304  SS  at  150’C.  The  response  of  the  cracking 
to  nickel  content  has  been  stated  to  be  different  from  that  of  chloride 
SCC,3  but  this  may  reflect  the  veiy  high  temperatures  used  for  work 
related  to  nuclear  power  systems,  so  that  IGSCC  becomes  a  problem 
at  the  Ni-rich  end.  Transgranular  caustic  SCC  seems  to  have  a  nickel 
dependence  very  similar  to  that  of  chloride  SCC;  i.e.,  it  occurs  up  to 
around  40%  Ni.119,12S  This  supports  a  dealloying  model,  with  or 
without  cleavage,  for  the  transgranular  form  of  SCC,  but  after  our 
earlier  experience  with  SCC  of  brass,83  we  are  reluctant  to  propose 
different  mechanisms  for  inter-  and  transgranular  cracking.  Both  are 
possibly  a  result  of  dealloying. 

With  regard  to  dealloying,  it  is  interesting  to  note  that  Isaacs,  et 
a!.,126  (Table  1)  and  Lumsden  and  Stocker127  (Figure  30)  report 
metallic  nickel  layers  on  alloy  600  (UNS  N06600)  (75%  Ni)  after 
exposure  to  caustic  solutions  at  >  300°C.  At  these  high  tempera¬ 
tures,  dealloying  seems  to  be  a  much  easier  process  than  at  the 
normal  temperatures  used  for  chloride  SCC  studies  (but  transgranu¬ 
lar  SCC  is  rarely,  if  ever,  seen  in  Ni-rich  alloys,  so  possibly  the  layer 
is  formed  in  a  different  way,  or  else  its  porosity  may  coarsen  too 
readily  to  enable  it  to  nucleate  transgranular  cleavage). 


FIGURE  28— Typical  cleavage-llke  fractography  of  cathodic 
hydrogen  embrittlement  In  unstable  austenitic  stainless  steels 
at  room  temperature.  (Reprinted  with  permission.105) 

Sensitized  Alloys 

One  of  the  more  ambitious  projects  in  modern  corrosion  science 
has  been  the  attempt,  initiated  by  Ford,  to  produce  a  predictive  model 
for  environmental  cracking  of  nuclear  alloys  based  on  slip  dissolution 
(Figure  31). 28,129  This  approach  has  had  fair  success  in  accounting 
for  the  IGSCC  of  sensitized  type  304  SS  in  pure  water  or  dilute  sulfate 
solutions,  and  few  authors  have  questioned  the  applicability  of  the 
slip-dissolution  concept  for  this  type  of  system,  despite  the  strong 
sensitivity  of  sensitized  steels  to  hydrogen  cracking  at  room 
temperature.130  The  main  area  of  discussion  is  now  the  environment 
and  potential  inside  a  crack,  and  how  this  depends  on  the  bulk 
environment,  a  situation  familiar  from  other,  more  easily  studied, 
forms  of  SCC  Our  discussion  will  focus  on  recent  work,  research  up 
to  1979  to  1981  is  reviewed  by  Szklarska-Smialowska  and 
Cragnolino131  and  Cragnolino  and  MacDonald.132 


FIGURE  29— The  effect  of  austenite  stability,  expressed  as  the 
Ms  temperature,  on  cathodic  hydrogen  embrittlement  of  type 
304  (UNS  S30400)  steels  with  various  nitrogen  additions  up  to 
0.21%.  Shows  a  trend  opposite  to  that  of  SCC  in  hot  chloride 
solution.  (Reprinted  with  permission.112) 


Surface  Analyses  by  Rutherford  Backscattering(A> 
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(A) ln  mol%,  for  alloy  600  (UNS  N06600)  (Ni-15Cr-9Fe)  specimens 
exposed  to  1%  NaOH  +  1%  Na2C03  solution  at  315°C  with  H;>/N2 
overpressure  for  10  days.  Potentials  are  relative  to  a  nickel 
reference  electrode.  The  results  show  almost  complete  dealloying 
of  Cr  and  Fe  at  potentials  of  0  and  -90  mV.  Thicknesses  of  the 
dealloyed  layers  were  given  as  100  nm  (  90  mV)  and  50  nm  (0 
mV).126 

(B) Observab!e  surface  oxide  present. 


FIGURE  30— Auger  depth  profile  analysis  of  the  dealloyed 
surface  of  alloy  600  (UNS  N06600)  (NI-15Cr-9Fe)  after  exposure 
to  50%  NaOH  +  1%  Na2C03  with  Hj/Ar  overpressure  at  320°C  for 
120  H.127  Shows  several  microns  of  dealloylng. 
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FIGURE  31— Illustration  of  the  complex  predictions  made  by 
Ford  and  Andresen1  from  transient  straining  tests  on  bulk  alloys 
or  simulated  grain-boundary  alloys  in  (partly)  simulated  crack 
environments  for  sensitized  type  304  (UNS  S30400)  SS  in 
oxygenated  high-temperature  water. 


Recently,  crack  chemistry  has  become  a  concern  in  high- 
temperature  SCC,  especially  tt-  ability  of  cracks  to  acidify  when 
oxygen  and  sulfate  or  chloride  ions  are  present 133  The  role  of 
crevices  in  crack  initiation  has  also  been  studied."  In  pure  water, 
soluble  sulfur  species  may  be  produced  by  the  dissolution  of 
manganese  sulfide  inclusions,  early  work  assumed  that  the  product 
would  be  sulfate,  but  with  the  recognition  of  large  IR  potential  drops 
down  cracks,'35  it  seems  more  probable  that  sulfide  is  the  product. 
Some  authors  have  argued  that  sulfate  in  the  bulk  solution  can  be 
reduced  to  sulfide  within  a  crack  and  hence  catalyze  anodic 
reactions;'36  no  definite  evidence  exists  for  this  interpretation,  but  it 
is  consistent  with  the  observation  that  sulfate  is  more  aggressive, 
mole  for  mole,  than  chloride.  Even  at  quite  high  sulfate  concentra¬ 
tions,  it  is  improbable  that  the  crack-tip  potential  can  be  as  well 
controlled  from  the  external  surface  as  assumed  by  Ford  in  his  early 
work  This  leads  to  a  situation  in  which  the  potential  primarily  affects 
the  crack  chemistry  rather  than  the  kinetics  of  reactions  at  the  crack 
tip.40  Some  of  the  most  experimentally  difficult  work  ever  conducted 
on  stress  corrosion  crack  growth  has  been  done  in  this  system  by 
Andresen,’3'’  who  followed  transients  in  crack  growth  rate  resulting 
from  changes  in  external  environment,  load,  or  potential.  His  latest 
thinking  seems  similar  to  that  of  Edwards,40  with  emphasis  on  crack 
chemistry  and  diffusional  or  ohmic  control  of  dissolution  reactions. 
Similarly,  Weeks,  et  al.,138  have  tried  to  relate  the  temperature 
dependence  of  SCC  to  solubility  data  for  magnetite. 

Critical  potentials  for  SCC  in  dilute  chloride  or  sulfate  solutions 
at  high  temperatures  drop  abruptly  when  type  304  SS  is  sensitized 
and  become  less  sensitive  to  the  nature  of  the  anion.’3  ’5  (Compare 
Figure  32  to  Figures  16  and  17.)  This  demonstrates  that  the 
intergranular  cracking  of  sensitized  alloys  is  a  different  process  from 
normal  chloride  SCC  in  annealed  alloys  and  is  consistent  with  the 
view  that  the  latter  is  a  brittle  process  specific  to  chloride. 

Research  on  SCC  in  flowing  high-temperature  water  is  excep¬ 
tionally  difficult,  and  mechanistic  insights  have  flowed  more  easily 
from  studies  of  sensitized  alloys  at  ambient  temperatures.  Poly¬ 
thionic  acid"  SCC  of  sensitized  SSs  was  known  in  the  1950s'39  and 
correlated  with  sensitization  tests  in  the  1960s.140  Electrochemical 
studies  by  Matsushima  established  that  cracking  occurred  over  a 
range  of  potentials  and  was  most  likely  associated  with  a  localized 


dissolution  process  at  the  grain  boundaries.'4'  Zucchi,  et  al.,142 
showed  that  concentrations  of  tetrathionate  as  low  as  3  a  1 0  'molar 
would  cause  SCC.  Around  1 979,  it  was  recognized  that  some  nuclear 
power  plants  were  experiencing  low-temperature  SCC  ot  sensitized 
components,  and  this  was  ascribed  oy  Isaacs,  et  al.,’43  to  thiosulfate 
from  emergency  building  spray  systems.  In  the  laboratory,  concen¬ 
trations  as  low  as  6  a  10  molar  were  shown  to  cause  SCC. 
Cragnolino  and  MacDonald  reviewed  the  available  information  on 
low-temperature  SCC  and  emphasized  the  catalysis  of  anodic 
dissolution  by  elemental  (adsorbed)  sulfur  from  decomposition  of 
thiosulfate.132 

Electrochemical  kinetic  studies  by  Newman,  et  al.,’44  and 
Newman  and  Sieradzki'45  showed  that  thiosulfate  SCC  could  be 
closely  related  to  the  transient  electrochemistry  of  simulated  grain¬ 
boundary  material  in  a  simulated  ^acidified)  crack  environment 
(Figure  33).  Simulation  of  the  crack  solution  was  assisted  by  the 
buffering  action  of  the  thiosulfate  decomposition  ^disproportionation) 
products,  which  holds  the  pH  near  3.  The  actual  crack  velocities  in  a 
furnace  sensitized,  0.07%  carbon  type  304  steel  were  up  to  50  times 
higher  than  predicted  using  reasonable  CDs  from  the  scratching 
electrode  experiments  [Figure  33(b)].  This  finding  was  believed  to 
result  from  intermittent  brittle  grain  boundaiy  fracture,  confirmed  by 
the  much  lower  crack  velocities  seen  in  less  extremely  sensitized 
material.  No  evidence  for  HE  was  observed. 

Sensitized  nickel-base  alloys  are,  if  anything,  more  sensitive  io 
thiosulfate  than  SSs.  Following  a  major  failure  of  steam-generatoi 
tubing,  work  on  sensitized  type  600  showed  that  cracking  occurred  at 
concentrations  of  thiosulfate  as  low  as  10  5  molar  (Figure  34). 145 
Crack  velocities  in  concentrated  thiosulfate  solutions  were  again  very 
high  (up  to  0.4  n.m/s),  and,  again,  it  is  thought  that  there  may  be  a 
contribution  of  mechanical  failure. 

The  polythionic  acid  cracking  phenomenon  was  clarified  in  an 
important  contribution  by  Ahmad,  et  al.,’ 49  who  showed  that  of  all  the 
polythionic  acids,  only  tetrathiomc  acid  (H2S406)  was  a  potent  SCC 
environment.  This  is  presumably  because  it  is  kinetically  more  readily 
reduced  to  adsorbed  sulfur  on  the  metal  surface,  a  suggestion  that 
could  be  tested  by  examining  dissolution  of  model  alloys  in  acid 
solutions  with  inoculation  of  various  polythionates.  The  later  work  of 
Ahmad,  et  al..’49  was  curious  in  that  thiosullate  SCC  was  not  referred 
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to,  as  though  it  were  a  totally  different  phenomenon  from  “polythionic 
acid”  SCC.  The  only  difference  we  have  been  able  to  detect  is  that 
tetrathionate  is  much  more  stable  in  acid  solutions  than  thiosulfate; 
otherwise,  their  action  is  transparently  similar. 

Thiosulfate  solutions  have  been  used  in  recent  work  related  to 
a  percolation  model  of  IGSCC  in  sensitized  alloys.150  Essentially,  this 
model  states  that  a  continuous  path  of  susceptible  grain  boundaries 
must  be  present  for  a  crack  to  propagate  macroscopic  distances,  and 
the  percentage  of  sensitized  grain-boundary  facets  required  to 
achieve  this  can  be  derived  from  a  percolation  model.  A  percolation 
threshold  (pc)  of  about  24%  was  derived  for  a  model  lattice  of 
boundaries,  and  approximate  correspondence  to  this  was  achieved 
in  slow-strain-rate  tests  of  material  heat  treated  for  various  lengths  of 
time.  Below  pc,  small  cracks  initiated  but  ran  out  of  susceptible  grain 
boundaries.  Such  a  percolation  concept  is  likely  to  form  part  of  a  new 
test  methodology  for  SCC  resistance  in  sensitized  material,  A 
percolation  model  may  explain  the  extremely  abrupt  onset  of  SCC 
with  increasing  sensitization  time  seen  by  Poznansky  and  Duquette 
(Figure  1 7), 75  whose  micrographs  suggested  the  alternative  (improb¬ 
able)  explanation  of  a  sudden  carbide  precipitation  on  most  of  the 
grain  boundaries. 


Nickel-Base  Alloys 

We  have  already  briefly  mentioned  the  IGSCC  of  nickel-base 
alloys  in  hot  caustic  solutions.  Most  practical  instances  of  SCC  have 
occurred  in  type  600  (Ni-16Cr-lOFe)  in  the  primary  water  of 
pressurized  water  reactors  (PWRs)  (a  deoxygenated,  dilute  boric 
acid/lithium  borate  buffer)  or  in  boiling  water  reactors  where  the 
environment  is  oxygenated  pure  water.  The  cracking  in  PWR  steam 
generator  tubes  is  almost  certainly  the  same  phenomenon  as  the 
low-potential  (active  state)  cracking  seen  in  caustic  solutions.  Re¬ 
views  by  van  Rooyen15'  and  Bandy  and  van  Rooyen'52  show  that  the 
cracking  severity  in  PWR  primary  water  increases  with  increasing 
temperature  (up  to  365°C)  and  with  hydrogen  additions  to  the  water. 
Carbide  precipitation  on  the  grain  boundaries,  with  or  without 
chromium  depletion,  seems  to  prevent  the  cracking  for  practical 
purposes,  and  “thermally  treated”  (carbide-precipitated)  material  is 
now  to  be  used  in  some  new  PWR  steam  generators. 

Until  recently,  it  was  widely  assumed  that  some  form  of  anodic 
SCC  mechanism  was  operating  in  the  type  600  failures,  but  the  effect 
of  potential  (as  influenced  by  hydrogen  overpressure)  has  forced  a 
re-evaluation  of  the  problem.  Totsuka,  et  al.,153''55  have  shown  that 
tensile  specimens  with  a  cold-pressed  hump  (and  not  conventional 
slow-strain-rate  specimens)  crack  below  a  critical  potential  in  simu¬ 
lated  PWR  primary  water  (Figure  35).  The  evident  continuity  of  the 
behavior  between  anodic  and  cathodic  potentials  seems  to  show 
conclusively  that  the  cracking  results  from  hydrogen,  and  extraction 
of  hydrogen  from  the  cold-pressed  regions  showed  that  significant 
concentrations  could  be  absorbed  in  cold-worked,  strained  material. 
Obviously,  there  was  a  significant  IR  potential  drop  in  the  tests 
performed  at  very  negative  potentials,  so  it  is  conceivable  that  some 
residual  anodic  reaction  was  occurring,  but  this  is  probably  insignif¬ 
icant  The  observations  of  lumsden  and  Stocker127  on  dealloying 
(nickel  enrichment)  in  reducing  caustic  solutions  no  longer  seems  to 
have  much  bearing  on  the  cracking  mechanism  in  the  PWR  primary 
water,  though  they  are  of  importance  in  the  intergranular  corrosion 
and  SCC  that  sometimes  occurs  in  the  tube-tubesheet  crevices  of 
PWR  steam  generators. 

The  embrittlement  of  typo  600  persists  in  hydrogenated  steam 
(Figure  36).'50  Thermal  treatment  to  give  grain-boundary  carbides 
continues  to  be  effective  in  this  environment,  and  there  is  no  reason 
to  believe  that  the  mechanism  of  cracking  is  different  from  that  in 
water  (see  Figure  35). 

Normally,  intergranular  HE  is  strongly  influenced  by  grain¬ 
boundary  segregation,  but  there  does  not  seem  to  be  a  solution  to  the 
type  600  problem  based  on  impurity  control  or  heat  treatment  (other 
than  heat  treatment  to  produce  carbides).  The  embrittlement  seems 
to  be  intrinsic  to  grain  boundaries  in  this  material. 
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FIGURE  32— Results  of  slow-strain-rate  tests  (10  6/s)  on  type 
304  (UNS  S30400)  SS  at  250°C:  (a)  potentiostatlc  tests  In  0.01  M 
NaCI  solution  showing  the  fall  In  critical  potential  with  sensiti¬ 
zation  [I  =  Intergranular;  T  =  transgranular;  D  =  ductile];  and 
(b)  potentiostatlc  or  free-corrosion  tests  in  0.01  M  Na2S04 
solution  and  pure  water,  showing  the  behavior  of  the  sensitized 
steel  (annealed  steel  does  not  crack  In  these  environments 
unless  cold  worked).  Potentlodynamlc  anodic  polarization  curves 
are  also  shown.73  (See  also  Figures  16  and  17.) 


Type  600  and  related  alloys,  such  as  alloy  690  (Ni-28Cr-9Fe), 
are  susceptible  to  IGSCC  at  relatively  oxidizing  potentials  such  as 
those  obtained  in  oxygenated  pure  water  or  dilute  sulfate  solutions.’57 
The  alloy  690  is  distinctly  superior  and  requires  sulfate  to  show  any 
evidence  of  SCC.  It  is  conceivable  that  this  cracking  occurs  by  a 
different  mechanism  from  the  low-potential  cracking  seen  in  water 
with  hydrogen  overpressure;  e.g.,  sensitization  of  type  600  now 
accelerates  cracking. 
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where  transient  activation  of  simulated  grain-boundary  material 
occurs;  and  (b)  predicted  SCC  velocities  from  similar  tests  in  pH 
3  solution  (X)  compared  to  actual  SCC  velocities  (O)  showing 
evidence  for  brittle  fracture  as  well  as  slip  dissolution.  (Re¬ 
printed  with  permission.144) 
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FIGURE  34— SCC  velocities  for  slow-straln-rate  tests  (3  a 
10"8/s)  of  furnace-sensitized  alloy  600  (UNS  N06600)  (0.04%  C) 
in  naturally  aerated  boric  acid  solution  with  sodium  thiosulfate 
and  lithium  hydroxide  additions  at  40°C.145,147 


FIGURE  35— Hydrogen-Induced  SCC  of  mill-annealed,  cold- 
worked  alloy  600  (UNS  N06600)  in  boric  acld/lithium  borate 
buffer  solution  at  350’C  with  hydrogen  overpressure:  (a)  spec¬ 
imen  design  with  cold-pressed  hump;  (b)  evaluation  of  slow- 
straln-rate  tests  at  two  H2  pressures  for  various  potentials;  and 
(c)  extraction  of  hydrogen  from  the  specimens.155 

Intergranular  SCC  and  traces  of  transgranular  SCC  can  be 
obtained  in  precipitation-hardened  (y')  nickel  alloys  such  as  Inconel1 
X-750  (UNS  N07750).15®  Generally,  the  cracking  is  related  to 
sensitization  or  other  grain-boundary  precipitation  processes  and  is 
enhanced  by  oxygen  in  the  water;  thus,  it  probably  belongs  with  the 
cracking  of  sensitized  SSs  in  the  category  of  SDMs.  In  contrast, 
iron-rich  alloys  containing  y‘  crack  in  boiling  MgCI2  solution,  provided 
that  the  matrix  Ni  level  is  low  enough.159 

The  SCC  of  alloys  used  in  nuclear  power  plants  has  been 
comprehensively  reviewed  by  Scott.160 
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FIGURE  36— SCC  of  mill-annealed  alloy  600  (UNS  N06600)  In 
wafer  and  steam:156  (a)  results  of  reverse  U-bend  tests  on  tube 
segments  in  water  and  steam  at  368°C  with  2.8  kPa  hydrogen 
and  (b)  tests  in  steam  at  400°C  with  various  pressures  of  steam 
and  hydrogen. 
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APPENDIX  A 

Auger  Electron  Spectroscopy 
of  Austenitic  Stainless  Steels  Exposed 
to  Hot,  Acidified  Chloride  Solutions; 
Comparison  with  Dealloyed  Layers 
on  Au-Ag  Alloys 

This  work98  was  undertaken  to  test  the  idea  that  chloride  SCC 
of  austenitic  SSs  proceeds  by  the  same  mechanism  as  ammonia 
SCC  of  u-brass  monocrystals,9  i.e.,  periodic  cleavage  events  of  -  1 
nm,  each  nucleated  by  a  dealloyed  layer  some  tens  of  nm  in 
thickness.  In  this  case,  the  dealloyed  layer  is  expected  to  be  nickel 
enriched, 2-,<M7  but  the  surface  is  also  expected  to  have  a  spongy, 
chromium-rich  corrosion  product, 1520  22  which  may  obscure  any 
dealloyed  layer  that  might  be  present. 

The  environment  used  for  this  work  was  a  15  M  LiCI  solution  at 
90°C  acidified  to  pH  1.0  with  HCI  to  simulate  a  crack-tip 
environment.'5'18  Three  commercial  austenitic  steels  (types  304, 
316, 310)  were  used  in  the  complete  study;98  here,  we  report  only  the 
result  for  the  type  304  steel  surface  and  compare  it  with  a  90Ag-1  OAu 
(atom  percent)  alloy  dealloyed  at  30  mA/cm2  for  5  s  in  0.4  M  HCIO„ 
solution  at  room  temperature.  After  some  experimentation,  the 
following  procedure  was  used  to  prepare  surface  films  on  SS 
specimens  for  Auger  electron  spectroscopy: 

(1)  Immerse  specimens,  alumina-polished  to  a  1-pm  finish,  in  15  M 
LiCI  solution  at  90’C,  acidified  to  pH  1.0  with  HCI. 

(2)  Polarize  for  30  s  at  -1000  mV  vs  SCE  immersed  directly  in  the 
solution.  The  counterelectrode  was  a  graphite  rod. 

(3)  Remove  the  polarizing  potential  and  tap  the  specimen  to  remove 
hydrogen  bubbles  and  permit  dispersion  o(  the  alkaline  solution 
near  the  surface  (about  5  s). 

(4)  Step  the  potential  to  -400  mVSCE  for  60  s. 

(5)  Remove  the  specimen  and  rinse  with  warm  distilled  water  for  at 
least  30  s  (to  remove  soluble  ions  from  the  porous  surface  film). 

(6)  Dry  with  an  air  jet  and  place  in  the  spectrometer. 


This  procedure  gave  visually  uniform  dark  or  yellowish  films 
after  the  60-s  immersion  time,  with  little  or  no  patchiness  visible  after 
the  first  20  to  30  s  of  immersion.  The  surfaces  were  analyzed  with  a 
PHI  Model  600  Auger  electron  spectrometer.  The  analyses  used  a 
0.5-p.m  electron  beam  with  a  target  current  of  20  nA,  with  etching  by 
a  rastered  beam  of  2  keV  Ar+  ions.  Spectra  were  recorded  in  the 
N(E)  mode,  but  the  results  are  presented  as  peak-to-peak  heights 
from  digitally  differentiated  spectra.  All  the  experiments  were  re¬ 
peated  several  times  on  different  specimens  and  gave  reproducible 
results. 

Figure  A1  shows  the  depth  profile  for  the  Ag-Au  alloy.  After  the 
first  30  s  of  sputtering,  only  Ag  and  Au  were  detected.  At  first,  it  was 
thought  that  the  surface  might  be  a  mixture  of  dealloyed  and 
unattacked  material,  since  the  gold  enrichment  was  so  subtle,  but 
repeated  analyses  using  various  sizes  of  electron  beam  always 
produced  essentially  the  same  result.  The  maximum  gold  concen¬ 
tration  is  no  more  than  two  or  three  times  its  bulk  level  of  10%,  and 
there  is  evidence  for  porosity  in  the  reduction  of  total  signal  intensity 
at  the  surface.  This  layer  is  probably  about  250  nm  thick  rather  than 
the  150  nm  that  would  be  deduced  from  the  anodic  charge  density. 
Laurent  and  Landolt’6'  have  also  reported  that  thin  dealloyed  layers 
are  far  from  pure  noble  metals. 

Figure  A2(a)  shows  the  depth  profile  for  type  304  in  the  acidified 
LiCI  solution,  while  Figure  A2(b)  omits  carbon  and  enhances  the 
nickel  profile  to  display  the  similarity  to  Figure  A1.  Such  a  result  does 
not  conclusively  demonstrate  the  presence  of  a  metallic  dealloyed 
layer;  however,  one  can  infer  this  with  some  confidence,  as  the 
oxygen  level  was  much  lower  than  in  films  produced  by  passivation 
or  high-temperature  oxidation.98  With  identical  sputtering  conditions, 
an  air-formed  oxide  film  was  removed  in  less  than  30  s,  demonstrat¬ 
ing  the  considerable  thickness  of  the  layer.  X-ray  photo-electron 
analyses  are  expected  to  show  that  the  enriched  nickel  is  predomi¬ 
nantly  metallic. 

These  data  are  a  promising  preliminary  confirmation  of  the 
dealloying/cleavage  model  and  are  supported  by  electrochemical 
studies  showing  that  chloride  causes  dealloying  of  binary  Fe-Ni 
alloys,  which  would  not  occur  in  a  sulfate  solution  at  the  same 
temperature  and  pH.33  (See  Figures  25  and  26.)  It  is  increasingly 
plausible  to  propose  that  chloride  causes  SCC  because  it  causes 
dealloying,  and  combining  this  with  evidence  for  discontinuous  brittle 
cracking89  gives  us  a  typical  film-induced  cleavage  phenomenon. 


SPUTTER  TIME,  minutes 


FIGURE  A1— Auger  depth  profile  of  the  dealloyed  surface  of  a 
sllver-10at%gold  alloy98  after  passing  an  anodic  charge  density 
of  150  mC/cm2  in  0.4  M  HCI04  solution  at  room  temperature.  The 
peak-to-peak  heights  displayed  are  those  of  Ag  (351  eV)  [1 X]  and 
Au  (2024  eV)  [10X]. 
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FIGURE  A2— Auger  depth  profile  of  the  surface  of  type  304  (UNS 
S30400)  SS  after  a  60-s  exposure  to  15  M  LICI  solution,  pH  1.0, 
at  90°C  and  -400  mVSCE:9il  (a)  all  peak-to-peak  heights  IX  and 
(b)  with  carbon  omitted  and  Ml  10X  to  display  the  similarity  to 
Figure  A1. 


Discussion 

H.-J.  Engell  (Max  Planck  Instltut  fur  Eisenforschung,  Fed¬ 
eral  Republic  of  Germany):  I  wonder  whether  the  dealloyed  layer  is 
the  reason  for  cracking  or  only  a  product  o(  crack  formation  resulting 
from  active  path  anodic  dissolution. 

R.C  Newman:  In  the  austenitic  stainless  steel  case,  we  do  not 
have  the  very  strong  evidence  lor  the  dealloyirig/cleavage  mecha¬ 
nism  that  exists  in  oobrass  (Sieradzki,  Kim,  Cole,  and  Newman,  J. 
Electrochem  Soc.  134(1987)'  p  1635;  Sieradzki  and  Newman,  J. 
Phys.  Chem.  Solids  48(1987)'  p.  1101;  Newman,  Shahrabi,  and 
Sieradzki,  Scripta  Metal).  23(1989):  p.  71)  or  gold-copper  alloys. 
However,  the  more  we  learn  about  the  crack-tip  reaction,  the  more  it 
resembles  these  cases.  The  slip-dissolution  model  seems  to  fail  on 
account  of  the  demonstrable  discontinuities  in  cracking  (as  shown, 
for  example  in  the  work  of  Desal,  et  al.,  "Study  of  Transgranular 
Stress  Corrosion  Crack  Propagation  in  Austenitic  Steels  by  Load- 
Pulsing  Method,"  this  proceedings).  The  hydrogen  model  still  has  life 
in  it.  but  I  personally  believe  that  the  transgranular  cracking  at  high 
temperatures  is  unassisted  by  hydrogen,  for  the  reasons  we  give  in 
the  paper. 


S.C.  Jani  (Georgia  Institute  of  Technology,  USA):  I  would 
like  to  list  some  “againsts"  for  the  film-induced  cleavage  model  for 
transgranular  stress  corrosion  cracking  (SCC)  of  austenitic  stainless 
steels:  (1)  crack  branching,  (2)  specific  cracking  planes,  (3)  low- 
nickel  alloy  behavior,  and  (4)  sponge  (dealloyed  layer)  not  observed 
on  fracture  surface.  When  these  are  addressed,  I  am  willing  to  accept 
the  idea. 

R. C.  Newman:  (1 )  Cracks  may  nucleate  anywhere  where  there 
is  a  (not  very  high)  tensile  stress.  I  do  not  understand  this  part  of  your 
question.  (2)  Cleavage  of  macroscopically  brittle  metals  occurs  on 
specific  planes.  Why  should  this  not  be  the  case  for  microscopic 
cleavage?  (3)  Low-nickel  alloys  will  have  difficulty  forming  a  strong, 
connected  dealloyed  layer.  Obviously  the  phase  transformations 
complicate  the  issue,  although,  as  I  pointed  out,  similar  behavior  is 
seen  in  gold-copper,  where  there  is  complete  solid  solubility.  (4)  Not 
true  Seamans  and  Swann  (Corros.  Sci.  18(1978):  p.  983),  and  later 
Silcock  (Corrosion  38(1982):  p.  122),  and  more  recently  ourselves, 
have  found  plenty  of  sponge  formation.  In  a-brass,  the  dealloying  is 
much  more  superficial,  and  we  do  need  to  do  more  work  on  that 
system.  We  are  currently  doing  cross-sectional  transmission  electron 
microscope  studies. 

S. M.  Bruemmer  (Pacific  Northwest  Laboratories,  USA): 
Would  you  comment  on  the  dealloyed-layer-induced  cleavage  con¬ 
cept  as  it  applies  to  intergranular  SCC  of  austenitic  alloys?  In 
particular,  since  dealloying  may  occur  preferentially  along  grain 
boundaries,  can  this  region  induce  brittle  intergranular  cracking? 

R.C.  Newman:  We  have  recent  data  on  gold-silver  alloys, 
anodically  polarized  in  perchloric  acid,  showing  brittle  intergranular 
events  (beyond  the  dealloyed  layer)  generated  by  impact  bending. 
We  do  not  draw  much  distinction  between  transgranular  and  inter¬ 
granular  SCC  in  dealloying  systems,  but  obviously  more  needs  to  be 
done  in  this  area  in  view  of  Pugh’s  observations  of  low  acoustic 
emission  rates  in  intergranular  SCC.  I  suppose  you  are  particularly 
thinking  of  the  alloy  600  (UNS  N06600)  system-1  am  not  sure  we 
have  brittleness  there,  because  the  layer  seems  to  be  qualitatively 
different. 

R.P.  Gangloff  (University  of  Virginia,  USA):  Would  you 
please  clarify  the  explanation  for  the  critical  (SCC)  potential  within  the 
context  of  your  dealloying  and  cleavage-jump  model.  Is  this  potential 
simply  related  to  the  attainment  of  a  necessary  level  of  crack 
acidification? 

R.C,  Newman:  Yes,  There  has  to  be  a  net  anodic  reaction  in  the 
crack/crevice  to  maintain  the  acidity.  The  limiting  crevice  repassiva¬ 
tion  potential  for  an  infinitely  deep/light  crevice  would  be  essentially 
the  corrosion  potential  in  the  crevice  environment. 

R.P.  Gangloff:  Is  the  crevice  repassivation  potential,  reported 
by  the  Japanese  workers  (Tanaka,  et  al..  Advances  in  Localized 
Corrosion,  ed.  Isaacs  and  Bertocci  (Houston,  TX:  NACE,  in  press)), 
sufficiently  independent  of  crevice  geometry  and  scan  rate/time  to  be 
mechanistically  useful,  as  you  implied  in  your  talk? 

R.C,  Newman:  The  crevices  were  not  particularly  light  or  deep. 
The  main  point  was  that  they  were  the  same  in  the  cracking 
experiment  as  the  crevice-only  experiment.  However,  the  repassiva- 
lion  potentials  were  determined  under  ultra-low  scan  rate  conditions, 
so  they  are  limiting  values  for  the  particular  crevices  used.  I  would  not 
expect  more  than  a  few  mV  change  on  going  to  tighter  crevices. 

T.  Murata  (Nippon  Steel  Corporation,  Japan):  As  shown 
recently  by  Mueda  and  Yamamoto  (J.  Surf.  Set.  Soc.  Japan  9(1988). 
p.  218),  you  can  make  an  instantaneous  dealloyed  layer  in  type  304 
(UNS  S30400)  stainless  steel,  to  a  depth  of  10  nm,  by  irradiating  in 
nitrate  solution,  using  a  pulsed  YAG  laser. 

R.C.  Newman:  I  suppose  this  is  a  solid-state  vacancy  diffusion 
process,  so  it  is  not  quite  the  same  thing  as  dealloying;  nevertheless, 
I  would  be  interested  in  seeing  the  work. 

T.  Murata:  More  than  ten  years  ago,  the  use  of  42%  magnesium 
chloride  for  duplicating  chloride  SCC  of  type  304  stainless  steel  was 
found  to  be  misleading,  because  it  did  not  simulate  chloride  cracking 
in  service  conditions  at  all.  Kowaka  and  Kudo  (Tetsu-to-Hagane 
62(1976):  p.  390;  and  ibid.  63(1977):  p.  328)  clarified  the  dependence 
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of  SCC  behavior  on  the  concentration  of  magnesium  chloride,  either 
in  intergranular  or  transgranular  modes,  with  or  without  pitting.  This 
turned  out  to  be  most  interesting  work,  indicating  where  future  work 
should  be  done.  Following  that  report,  a  joint  program  of  chloride 
SCC  was  conducted  between  university  and  industry  in  Japan.  One 
of  the  major  accomplishments  was  the  recommendation  that  20% 
sodium  chloride  solution  (either  boiling  or  at  lower  temperatures)  be 
used  to  replicate  SCC  initiated  from  pitting  or  crevice  corrosion.  This 
is  the  reason  why  Tsujikawa  used  this  particular  solution  [see 
Tsujikawa,  et  al.,  Tetsu-to-Hagane  66(1980):  p.  2067  and  Advances 
in  Localized  Corrosion,  ed  Isaacs  (Houston,  TX:  NACE,  in  press)]. 

R.C.  Newman:  Thank  you  for  this  interesting  history,  which  I 
think  is  an  outstanding  application  of  corrosion  science  to  engineer¬ 
ing  practice,  taken  with  the  exceptionally  elegant  work  of  Tsujikawa 
and  colleagues. 

M.  Marek  (Georgia  Institute  o*  Technology,  USA):  Why  do 
you  find  the  film-induced  cleavage  model  so  attractive  for  this  system, 
when  the  experimental  evidence  is  limited  to  the  presence  of  the 
dealloyed  layer,  which  may  or  may  not  be  involved  in  the  mechanism? 

R.C.  Newman:  I  admit  that  we  are  not  doing  as  well  in  this 
system  as  a-brass.  However,  I  think  you  may  be  underrating  the 
breadth  of  our  approach  to  this  problem.  Perhaps  my  presentation 
was  at  fault  in  this  respect.  For  example,  the  dealloying  vanishes  in 
type  310  (UNS  S31000)  stainless  steel  as  you  lower  the  temperature 
through  the  value  where  SCC  becomes  very  difficult  to  achieve.  I 
hope  we  are  keeping  an  open  mind  on  this  topic,  but  since  the 
cracking  is  demonstrably  discontinuous  and  the  hydrogen  model 
seems  to  fail,  I  think  it  is  very  significant  to  demonstrate  a  similar 
dealloying  reaction  to  that  seen  in  brass  where  the  film-induced 
cleavage  model  is  so  convincing. 

R.L.  Sindelar  (Savannah  River  Laboratory,  USA):  What  is  the 
role  of  bulk  aqueous  impurities  on  intergranular  SCC  propagation?  In 
addition  to  chloride,  do  other  aqueous  impurities  such  as  nitrite  or 
sulfate  lov/er  crevice  potentials  or  act  in  some  synergistic  manner  to 
effect  propagation? 

R.C.  Newman:  At  relatively  oxidizing  potentials,  these  ions  will 
concentrate  in  cracks  Some  authors  think  that  sulfate  is  special 


because  it  is  electro-reduced  sulfide  (see  for  example,  Ljungberg,  et 
al.,  Corrosion  44(1 988):  p.  66].  I  think  Ford’s  paper  at  this  conference 
addresses  these  issues  in  detail. 

F.P.  Ford  (General  Electric  R&D,  USA):  What  is  your  working 
hypothesis  to  assert  that  the  effect  of  cold  work  in  increasing  the 
intergranular  SCC  susceptibility  of  unsensitized  stainless  steel  in 
high-temperature  water  is  due  to  hydrogen  embrittlement? 

R.C.  Newman:  I  was  especially  impressed  by  Totsuka  and 
Smialowska’s  work  [Corrosion  44(1988):  p.  124]  in  borate  solutions 
with  hydrogen  overpressure,  including  the  cathodic  polarization 
studies  they  made  earlier  on  alloy  600  [Corrosion  43(1987):  p.  734]. 

I  find  strong  similarities  between  that  and  the  Kumya  work  [Corrosion 
44(1988):  p.  21]  in  oxygenated  water.  More  speculatively,  I  could 
suggest  that  the  increase  in  intergranular  SCC  with  cold  work  in  hot 
chlorides  may  involve  hydrogen,  but  I  am  not  too  happy  with  the 
implications  in  terms  of  multiple  mechanisms.  Certainly  the  cold  work 
effect  in  hot  chlorides  is  limited  to  unstable  steels. 

E.N.  Pugh  (National  Institute  of  Standards  and  Technology, 
USA):  I  certainly  agree  with  you  that  transgranular  SCC  of  stable 
austenitic  stainless  steels,  such  as  type  310  in  aqueous  chloride,  is 
unlikely  to  involve  hydrogen.  However,  unstable  steels  such  as  type 
304  may  be  different.  Thus,  it  might  be  argued  that  cracking  is  due  to 
hydrogen  embrittlement  at  temperatures  below  M0,  changing  to  the 
stress  corrosion  process  at  temperatures  higher  than  M0.  Have  you 
come  across  any  evidence  for  such  a  transition  in  your  review  of  the 
literature? 

R.C.  Newman:  I  have  not  found  any  data  that  look  like  this,  but 
I  do  wonder  if  the  switch  from  trans-  to  intergranular  cracking  at  high 
K  values  [Russell  and  Tromans,  Metall.  Trans.  10A(1979):  p.  1229] 
is  a  hydrogen  effect  confined  to  unstable  steels.  Certainly,  the  effect 
of  prior  cold  work  (which  also  promotes  intergranular  cracking)  is 
confined  to  unstable  steels.  I  think  monocrystal  studies  would  be 
useful  here,  to  isolate  the  transgranular  cracking.  One  observation 
that  tends  to  counter  your  suggestion  is  the  rapid  SCC  seen  in  type 
304  stainless  steel  at  temperatures  greater  than  300°C,  which  is 
fractographically  indistinguishable  from  that  seen  at  100°C  to  150°C. 
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The  papers  given  in  this  poster  session,  the  written  versions  of  which  follow  this 
rapporteurs'  report,  can  be  divided  by  topic  into  three  general  areas.  (1)  mechanisms  of 
intergranular  corrosion  and  stress  corrosion  cracking  (also  included  here  is  the  single  paper 
on  liquid  metal  embrittlement),  (2)  hydrogen  embrittlement,  and  (3)  mechanisms  of 
transgranular  stress  corrosion  cracking. 

Let  us  first  consider  intergranular  stress  corrosion  cracking  of  iron-base  alloys.  The 
paper  by  Atrens,  et  al ,  sought  to  provide  a  model  for  intergranular  stress  corrosion  cracking 
in  low-alloy  steels  in  high-purity  water.  They  proposed  that  at  low  temperatures  the  cracking 
might  be  a  result  of  hydrogen  embrittlement,  while  at  high  temperatures  the  cracking  might 
occur  as  a  result  of  anodic  dissolution.  They  further  suggested  that,  at  least  in  the  anodic 
dissolution  regime,  crack-tip  strain  rate  would  play  an  important  role  in  determining  the  rate 
of  cracking.  This  idea  led  to  considerable  discussion  after  the  posters  were  presented.  Most 
of  the  discussion  focused  on  whether  or  not  this  strain  rate  could  be  measured  experimentally 
and  whether  it  could  be  incorporated  into  the  analytical  models.  No  strong  consensus  was 
reached  on  these  points. 

The  other  paper  that  came  under  the  heading  of  intergranular  corrosion  was  that  of 
Stewart,  et  al ,  on  crack  initiation  of  sensitized  austenitic  stainless  steels.  They  presented 
results  showing  that  at  the  beginning  of  a  slow-strain-rate  tensile  test,  many  cracks  are 
initiated  in  a  sensitized  sample.  There  is  then  a  period  in  which  these  cracks  are  rather 
dormant  as  the  strain  increases,  and  then  one  or  two  cracks  begin  to  propagate  through  the 
sample.  There  was  some  discussion  as  to  why  the  cracks  go  through  this  dormancy  at 
intermediate  strains.  No  complete  explanation  was  found.  Both  Stewart  and  Atrens 
expressed  the  feeling  that,  although  their  respective  papers  did  not  directly  address  this  issue, 
the  grain-boundary  composition  was  also  very  important  in  the  problems  they  were 
investigating  and  must  be  included  in  complete  models  of  intergranular  corrosion  and  stress 
corrosion  cracking. 

The  next  topic  that  v/e  wish  to  consider  is  hydrogen  embrittlement.  Three  papers 
considered  trapping  of  hydrogen  in  some  way.  Turnbull  and  Saenz  de  Santa  Maria  measured 
permeation  transients  in  a  martensitic  stainless  steel.  They  found  that  in  the  initial  transient 
many  traps  were  filled,  and  with  additional  runs  the  hydrogen  passed  through  the  sample 
more  rapidly.  They  also  found  that  in  hydrogen  sulfide  solutions,  the  time-to-failure  could  be 
directly  correlated  with  the  internal  hydrogen  concentration  as  measured  from  the  permeation 
transients.  Iyer  and  Hehemann  found  that  the  time-to-failure  during  hydrogen  charging  was 
dependent  on  the  amount  of  load  relaxation  the  sample  was  allowed  to  have  prior  to  charging. 
If  the  load  was  relaxed  tor  a  long  time,  the  time-to-failure  in  hydrogen  charging  was  also 
increased.  A  complete  mechanism  was  not  discussed,  but  it  would  appear  that  as  dislocation 
activity  subsides  with  longer  relaxation  times,  hydrogen  moves  more  slowly  into  the  sample. 
Coudreuse,  et  al.,  showed  that  vanadium  additions  appear  to  enhance  trapping  in  both 
2.25Cr-1Mo  steels  and  ferritic  stainless  steels.  This  trapping  is  thought  to  occur  because  of 
vanadium  carbide  precipitation  in  these  steels.  This  trapping  is  reflected  in  somewhat 
improved  resistance  to  hydrogen  embrittlement. 

In  the  discussion  of  these  papers,  it  was  pointed  out  that  there  are  many  measurements 
of  hydrogen  trap  strengths  in  the  literature,  and  that  it  would  be  instructive  to  interpret  some 
of  the  results  found  in  these  papers  in  terms  of  these  measured  strengths.  It  was  also  pointed 
out  that  there  are  now  a  variety  of  models  for  hydrogen  embrittlement  that  involve  hydrogen 
transport  by  dislocations,  enhanced  dislocation  mobility  as  a  result  of  the  presence  of 


hydrogen,  crack-tip  blunting  by  mobile  dislocations,  crack  initiation  by 
dislocation  pile-ups,  etc.  It  is  not  obvious  how  all  of  these  observa¬ 
tions  and  models  fit  together,  and  it  was  felt  that  some  effort  should 
be  directed  at  trying  to  incorporate  all  of  the  experimental  observation 
into  a  general  coherent  model. 

The  paper  on  liquid  metal  embrittlement  by  Nakasa  and  Suzawa 
concerned  liquid  zinc  cracking  of  a  high-strength  steel.  The  authors 
showed  that  cracking  occurred  extremely  rapidly  in  this  steel, 
although  there  was  some  dependence  on  temperature.  They  also 
pointed  out  that  crack  branching  occurred  quite  frequently  and  must 
be  considered  in  reporting  velocities. 

The  paper  by  Meletis,  et  a!.,  forms  a  convenient  link  between 
those  papers  that  deal  explicitly  with  hydrogen  embrittlement  and 
those  that  consider  other  mechanisms.  These  authors  have  con¬ 
firmed  that  cracking  of  type  304L  (UNS  S30403)  stainless  steel  single 
crystals  in  boiling  45%  magnesium  chloride  solution  is  crystallo¬ 
graphic  and  occurs  by  microcleavage,  primarily  along  {100}  planes. 
However,  their  new  observation  is  that  the  deformation  mode  is 
inhomogeneous  and  coplanar  close  to  the  stress  corrosion  fracture 
surfaces  but  homogeneous  elsewhere.  They  attribute  this  difference 
to  hydrogen  from  the  cathodic  reaction  entering  the  steel  and 
reducing  the  stacking  fault  energy  of  the  austenite  in  the  region  of 
high  triaxiality  ahead  of  the  crack  tip. 

Their  suggestion  that  this  results  in  the  formation  of  Cottrell- 
Lomer  locks,  which  in  turn  result  in  cleavage,  provoked  some 
discussion  In  a  somewhat  related  paper,  Iyer  showed  that  the  effects 
of  various  thermomechanical  treatments  on  the  stress  corrosion 
susceptibility  of  26Cr-1Mo  ferritic  stainless  steel  in  boiling  42% 
lithium  chloride  solution  also  correlate  well  with  changes  in  the 
deformation  mode.  In  particular,  v  hen  coplanar  slip  occurs,  greater 
slip-step  heights  and  densities  result  in  increased  stress  corrosion 
susceptibility.  The  author  concluded  from  these  results  that  slip 
dissolution  is  the  mechanism  of  stress  corrosion  crack  initiation  in  this 
alloy/environment  system.  The  paper  by  Kido,  et  al.,  also  presented 
results  that  are  relevant  to  the  slip  dissolution  model  of  cracking. 
Specifically,  they  have  used  alternating  current  impedance  tech¬ 
niques  to  study  the  effects  of  static  tensile  stresses  on  the  dissolution 
and  repassivation  of  type  304  (UNS  S30400)  stainless  steel  in  pH  1 .2 
sulfuric  acid  They  concluded  from  changes  in  the  relevant  time 
constants  that  elastic  stresses  suppress  dissolution  and  promote  film 
formation.  On  the  other  hand,  plastic  stresses  have  the  reverse  effect 
and  promote  dissolution  during  rather  slow  repassivation. 


Finally,  in  a  particularly  elegant  and  painstaking  piece  of 
research,  Desai,  Friedersdorf,  and  Shaw  have  used  load-pulsing 
techniques  to  study  stress  corrosion  crack  propagation  in  type  316 
(UNS  S31600)  stainless  steel  in  boiling  magnesium  chloride  and 
lithium  chloride  solution.  They  have  very  clearly  demonstrated  the 
discontinuous  nature  of  environmentally  induced  cracking  in  this 
alloy/environment  system  and  have  produced  accurate  values  for  the 
crack  arrest  time  and  the  crack  advance  distance.  Their  results  are 
of  particular  importance  and  significance,  since  they  appear  to  be 
fully  consistent  with  the  film-induced  cleavage  model  of  environmen¬ 
tal  cracking. 

In  the  general  discussion  following  the  poster  viewing  period,  a 
number  of  delegates  made  what  they  felt  were  convincing  arguments 
in  favor  of  film-induced  cleavage  and  against  hydrogen  embrittlement 
as  the  mechanism  of  stress  corrosion  cracking  of  austenitic  stainless 
steels  in  a  chloride-containing  environment.  In  response  to  this,  a 
more  or  less  equal  number  of  different  speakers  presented  what  they 
felt  were  equally  convincing  arguments  in  favor  of  hydrogen  embritt¬ 
lement  and  against  film-induced  cleavage.  To  say  that  no  consensus 
was  achieved  considerably  understates  the  passions  that  these 
discussions  aroused! 

Indeed,  it  is  difficult  to  portray  in  this  written  report  the  flavor  of 
the  active  discussions  that  took  place  in  this  session.  Quoting  various 
comments  out  of  the  full  context  of  what  was  said  trivializes  them. 
However,  it  seems  fair  to  say  that  in  discussions  on  mechanisms, 
there  is  still  a  great  deal  of  confusion.  Most  of  this  confusion  stems 
from  the  fact  that  many  of  the  mechanisms  have  not  been  verified 
experimentally.  In  some  cases,  it  may  not  even  be  possible  to  verify 
the  models  with  experiments,  and  this  situation  makes  arguments 
even  more  tenuous  and  fuzzy.  It  is  very  difficult  to  take  stress 
corrosion  data  in  the  variety  of  ways  that  is  normally  obtained  and 
jump  to  an  atomistic  model  of  cracking,  and  because  adequate 
information  is  not  present,  the  same  data  can  be  used  to  support  a 
variety  of  models.  It  therefore  0eems  important  for  researchers  to 
evaluate  carefully  what  they  can  learn  from  an  experiment,  and  it 
other  techniques  could  provide  more  information  that  would  help 
establish  a  particular  model  over  another  one,  to  redirect  their  work 
accordingly.  The  written  versions  of  the  individual  papers  follow,  with 
specific  discussion  comments  following  the  appropriate  paper. 
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Conceptual  Model  of  Stress  Corrosion  Cracking 
of  Low-Alloy  Steels  in  High-Temperature  Water 

R.M.  Rieck*  A.  Atrens,**  S.  Ramamurthy,**  J.D.  Gates,**  and  I.O.  Smith* 

Abstract 

This  paper  presents  a  conceptual  model  for  the  stress  corrosion  cracking  (SCC)  of  quenched  and 
tempered  low-alloy  steels  in  high-temperature,  high-purity  water.  The  model  is  based  on  the  cracking 
mechanism  of  anodic  dissolution.  It  is  based  on  the  postulate  that  the  crack-tip  strain  rate  is  the 
controlling  parameter,  with  the  crack  velocity  increasing  with  an  increase  of  crack-tip  strain  rate. 
Furthermore,  it  is  assumed  that  the  relationship  between  crack  velocity  and  crack-tip  strain  rate  is  valid 
up  to  very  high  crack  velocities  resulting  from  strain-assisted  dissolution.  Following  Parkins,  the  authors 
propose  that  K1SCC  is  defined  by  a  critical  crack-tip  strain  rate,  q.,.  That  is,  the  proposed  model  of  SCC 
explains  K,scc  as  being  the  stress  intensity  at  which  significant  dislocation  motion  starts  to  occur  to  give 
significant  crack-tip  creep. 


Introduction 

This  paper  presents  a  conceptual  model  for  the  stress  corrosion 
cracking  (SCC)  of  quenched  and  tempered  low-alloy  steels  in 
high-temperature,  high-purity  water.  The  model  is  based  on  the 
cracking  mechanism  of  anodic  dissolution  (AD)1 :  and  the  expen- 
mental  observations3  5  that  crack-tip  plasticity  is  an  integral  part  of 
crack  propagation,  with  there  being  considerable  experimental 
evidence5  contrary  to  crack  advance  by  a  mechanism  of  brittle 
mechanical  fracture  assisted  by  corrosion  processes. 

For  the  system  of  low-alloy  steels  experiencing  SCC  in  high- 
purity  water,  recent  work  by  Magdowski  and  Speidel1 2  has  indicated 
that  the  cracking  mechanism  is  different  at  high  and  low  tempera¬ 
tures;  they  suggested  that  AD  occurred  at  high  temperatures  and 
hydrogen  embrittlement  (HE)  occurred  at  low  temperatures.  A  review 
of  the  literature  by  Atrens,  et  al.,8  supports  this  view.  The  critical  data 
are  as  follows. 

In  high-temperature  water,  the  threshold  stress  intensity  for 
SCC,  K,scc.  is  independent  of  the  yield  strength  of  the  steel,  c7y;'  2-7 
whereas,  the  threshold  stress  intensity  for  cracking  in  hydrogen,  K1H, 
increases  as  cry  decreases.8  These  different  trends  of  K1SCC  and  K,H 
with  strength  indicate  that  HE  is  not  the  cracking  mechanism.  This  is 
reinforced  by  the  fact  that  the  crack  velocity  in  Region  II  under  Mode 
I  loading,  vModo  „  is  the  same  as  under  Mode  III  loading,3  v^o 

In  contrast,  in  low-temperature  water,  the  threshold  stress 
intensity  for  SCC  (K1SCC)  increases  as  the  yield  strength  of  the  steel 
(ay)  decreases,’'2  and  the  threshold  stress  Intensity  for  cracking  in 
hydrogen  (K,„)  increases  as  cry  decreases,8  These  observations  are 
in  agreement  with  HE  being  the  cracking  mechanism.  This  is 
reinforced  by  the  fact  that  the  crack  velocity  in  Region  I  under  Mode 
I  loading  (vMoau ,)  is  greater  than  under  Mode  III  loading9  (vKWo  ,„). 

Creep  experiments3-4  have  demonstrated  that  crack-tip  plastic¬ 
ity  is  an  integral  part  of  crack  propagation;  if  primary  creep  is 
exhausted  in  a  benign  environment,  then  no  SCC  occurs  in  a 
cracking  environment,  dnspito  an  applied  stress  intensity  four  times 
KISCC.  Moreover,  the  detailed  examination  of  the  fracture  surfaces' 
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indicates  traces  of  crack-tip  plasticity  on  the  intergranular  fracture 
surface  with  there  being  considerable  experimental  evidence5  con¬ 
trary  to  crack  advance  by  a  mechanism  of  brittle  mechanical  fracture 
assisted  by  corrosion  processes.  In  addition,  Ramamurthy,  et  al ,’° 
have  measured  the  crack  velocity  as  a  function  of  applied  stress  rate 
using  the  newly  developed  linearly  increasing  stress  test  (LIST)  " 
Typical  data  are  given  in  Figure  1,’°  which  shows  crack  velocity  as 
a  function  of  applied  stress  rate  at  crack  initiation.  This  test  uses  a 
smooth  un-notched  tensile  specimen.  Crack  initiation  is  in  the  elastic 
region,  and  consequentiy,  it  is  valid  to  discuss  crack  velocity  also  as 
a  function  of  applied  strain  rate  at  crack  initiation. 

Much  study6  has  gone  into  the  system  of  interest  and  several 
attempts  have  been  made  to  propose  crack  growth  models  None  to 
date  have  been  able  to  explain  the  observations  of  Speidel,7  who 
showed  that  the  crack  velocity  increases  exponentially  with  increas¬ 
ing  strength,  increasing  from  a  crack  velocity  of  1.0  x  10-”  m/s  at 
a  yield  strength  of  700  MPa  to  a  crack  velocity  of  1 .0  v  10"4  m/s  at 
a  yield  strength  of  1700  MPa. 

The  purpose  of  this  paper  is  to  present  a  conceptual  model  for 
this  system  that  can  provide  a  qualitative  explanation  of  the  experi¬ 
mental  observations.  It  indicates  where  there  are  large  gaps  in  the 
knowledge,  which  thereby  provides  a  focus  for  research  The  model 
is  conceptual  and  not  mathematical  because  of  these  gaps  in 
knowledge. 


The  Model 


General  principles 

The  proposed  model  of  SCC  is  based  on  the  following  postulates' 

(1 )  Crack-tip  strain  rate  is  the  controlling  parameter  up  to  the 
maximum  velocity  observed  experimentally  for  this  system. 

(4)  There  is  a  relationship  between  crack  velocity  and  crack  tip  strain 
rate  that  is  valid  up  to  the  maximum  velocity  observed  experi¬ 
mentally  for  this  system. 

(3)  The  relationship  between  crack-tip  strain  rate  and  the  applied 
stress  intensity  is  as  shown  in  Figure  2. 

There  is  good  experimental  evidence  for  Postulate  I.3’5  Postulate  2 
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APPLIED  STRESS  RATE,  MPas'* 

FIGURE  1  —Crack  velocities  measured  with  the  LIST  test8  as  a 
function  of  applied  stress  rates  for  both  as-quenched  type  4340 
(UNS  G43400)  steel  and  rotor  steel  in  aerated  distilled  water  at 
90°C. 


Crack  tips  above  Kp 

Above  Kp,  the  crack  tip  has  a  well-developed  plastic  zone  with 
the  maximum  stress  in  this  plastic  zone  being  3<ry.'3  Higher  stress 
intensities  increase  the  size  of  the  plastic  zone  at  the  crack  tip,  but  do 
not  affect  the  stress  within  the  zone.  Consequently,  it  is  a  plausible 
inference  that  above  Kp,  the  creep  rate  is  independent  of  stress 
intensity  because  the  deviatoric  stress  that  drives  creep  is  indepen¬ 
dent  of  stress  intensity. 

It  is  important  to  emphasize  that  crack-tip  strain  rate  or  creep 
rate  at  the  crack  tip  are  being  dealt  with  under  conditions  of  full 
plasticity  in  precracked  specimens  with  the  additional  factor  of 
constraint.  As  pointed  out  previously,  this  produces  a  higher  stress  at 
the  crack  tip  for  a  higher-strength  steel.’3  High-strength  steels  also 
have  much  smaller  zones  of  plasticity,  so  that  dislocation  motion  will 
be  more  concentrated  at  the  crack  tip.  These  two  factors  combine  to 
produce  a  higher  strain  rate  at  the  crack  tip  in  high-strength  steels 
under  conditions  of  full  pasticity. 

On  the  assumption  that  there  is  a  relationship  between  stress 
corrosion  crack  velocity  and  crack-tip  strain  rate,  this  gives  a  region 
of  crack  velocity  independent  of  applied  stress  intensity,  but  depen¬ 
dent  on  the  yield  strength  (<xy)  of  the  material,  as  illustrated  in  Figure 
3  and  in  agreement  with  the  experimental  results  of  Speidel  and 
coworkers, 1-2-7  who  showed  that  the  crack  velocity  increases  expo¬ 
nentially  with  increasing  strength,  increasing  from  a  crack  velocity  of 
1  0  v  10'"  m/s  at  a  yield  strength  of  700  MPa  to  a  crack  velocity  of 
1.0  x  10“ 4  m/s  at  a  yield  strength  of  1700  MPa. 


STRESS  INTENSITY 

FIGURE  2 -Expected  relationship  between  crack-tip  strain  rate 
and  applied  stress  Intensity. 

is  a  plausible  generalization  of  Postulate  1,  It  is  central  to  this 
conceptual  model.  If  Postulate  2  is  correct,  then  there  is  good 
evidence  for  Postulate  3. 

Importance  of  crack-tip  strain  rate 
The  experimental  evidence3'5  in  support  of  the  crack-tip  strain 
rate  was  summarized  in  the  introduction. 

Crack-tip  strain  rate  vs  K 
For  loading  so  that  there  is  zero  stress  or  zero  stress  intensity, 
the  crack-tip  strain  rate  must  be  zero.  For  reasons  given  below,  there 
is  a  a  critical  stress  intensity,  termed  K0  after  Speidel, 12  above  which 
the  strain  rate  is  independent  of  the  applied  stress  intensity.  Figure  2 
reflects  the  above,  joining  the  two  extremes  with  a  region  wherein  the 
the  crack-tip  strain  rate  increases  very  quickly,  even  exponentially, 
with  stress  intensity. 


FIGURE  3— Expected  effect  of  mefal  yield  strength  on  the 
relationship  between  crack-tip  strain  rate  and  stress  intensity. 

Creep  data,  as  described  by  conventional  creep  experiments, 
refer  to  steady-state  creep;  whereas,  it  has  been  shown  that  SCC  is 
controlled  by  primary  creep.414  Primary  creep  in  newly  stressed 
metal  occurs  at  a  faster  rate  than  secondary  creep.  An  experimental 
program  on  the  primary  creep  of  low-alloy  steels  would  be  required 
to  test  this  proposal  since  experimental  results  are  not  presently 
available. 

Kiscc 

Following  Parkins,14  the  authors  propose  that  K,scc  is  defined 
by  a  critical  crack-tip  strain  rate  (4,).  That  is,  the  proposed  model  of 
SCC  explains  K1SCC  as  being  the  stress  intensity  at  which  significant 
dislocation  motion  starts  to  occur  to  give  significant  crack-tip  creep. 
The  process  that  limits  plastic  deformation  such  that  a  significant 
strain  rate  is  only  found  above  K,scc  has  not  been  identified.  The 
observation  that  K,Scc is  independent  of  ay  and  temperature  implies 
that  these  parameters  have  no  eflect  on  the  processes  limiting  strain 
at  the  crack  tip.1-2-7 
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Discussion 

Strain-assisted  dissolution 

A  crack  velocity  of  1CT4  m/s  requires  a  crack-tip  anodic  current 
density  of  300  A/Cm2  for  cracking  by  AD  Such  high  current  densities 
have  not  been  observed  in  scratching  electrode  tests.  Lacombe  and 
Parkins15  report  a  maximum  bare  surface  current  density  of  3  A, cm2, 
correlating  with  a  crack  velocity  of  10  5  m/s.  The  problem  for  AD 
models  of  SCC  is  accounting  for  crack  velocities  higher  than  10'6 
m/s.  This  requires  a  mechanism  for  accelerating  the  dissolution  rate 
occurring  at  the  crack  tip. 

This  acceleration  could  be  provided  by  strain-assisted  dissolu¬ 
tion  at  a  bare  crack  tip.  The  large  stress  concentration  at  the  crack  tip 
ensures  that  dislocation  motion  is  concentrated  at  the  crack  tip  itself. 
Each  dislocation  that  impinges  upon  the  crack  tip  produces  a  ledge 
of  bare  metal  in  contact  with  the  cracking  solution.  The  atoms  on  the 
ledge  so  produced  can  dissolve  very  quickly  because  of  a  number  of 
effects.  Clean  metal  (i.e.,  without  any  films)  is  in  contact  with  the 
solution.  Atoms  on  the  ledge  are  not  strongly  bound  to  the  bulk  metal 
because  of  the  missing  bonds  on  the  two  free  faces  of  the  ledge. 
These  features  cause  the  metal  on  the  ledge  to  dissolve  much  more 
quickly  than  would  occur  on  a  film-free  surface.  Moreover,  the 
dissolution  rate  is  strain  rate  controlled  through  the  rate  of  production 
of  ledges  by  dislocation  motion. 

Moreover,  there  is  also  a  small  anodic  area  (active  crack  tip)  in 
contact  with  a  large  cathodic  area  (crack  sides),  resulting  from  the 
geometry  of  the  crack,1'’  which  increases  the  rate  of  reaction.  The 
likelihood  of  such  an  effect  being  important  cannot  be  assessed 
directly  because  of  the  unknown  nature  of  the  crack-tip  electrochem¬ 
istry.  However,  an  area  effect  cannot  account  for  the  effect  ol 
strength  on  v,„  since  the  analysis  of  Doig  and  Flewitt,1’  which 
included  strength  defining  the  area  of  dissolution,  could  not  account 
for  the  exponential  relationship  between  oy  and  v„.  The  indepen 
dence  of  cracking  kinetics  on  metal  composition  also  makes  it 
unlikely  that  area  effects  are  important  to  SCC  since  the  composition 
controls  the  corrosion  potential  and  areas  of  anodic  and  cathodic 
reaction  Variations  in  these  parameters  should  change  v„  and  the 
lack  of  such  change  in  v„  makes  it  unlikely  that  area  effects  are 
important  to  SCC  This  indicates  that  strain  assisted  dissolution  may 
be  the  only  feasible  method  of  accounting  for  the  high  crack  velocities 
found  in  the  high-strength  steels. 

Prior  creep  influence 

Rieck,  et  al.,J  have  shown  that  prior  creep  in  a  noncracking 
environment  can  inhibit  cracking  when  a  specimen  is  subsequently 
placed  in  a  cracking  environment,  even  if  the  applied  stress  intensity 
is  well  above  K,scc.  On  loading  above  Kp,  into  Region  I  of  SCC,  the 
crack-tip  strain  rate  will  be  that  shown  in  Figure  2,  unless  subcritical 
cracking  does  not  occur;  in  which  case,  this  metal  will  undergo 
primary  creep.  Primary  creep  results  in  work  hardening  of  the  metal 
at  the  crack  tip  and  a  decreasing  creep  rate  with  time  to  such  an 
extent  that  it  is  less  than  that  required  for  the  initiation  of  SCC,  i.e., 
the  crack-tip  strain  rate  fails  below  e<.,. 

The  value  of  K,scc  =  8  MPavm  measured  by  Speidel7  for 
low-alloy  steels  cracking  in  pure  water  is  only  applicable  to  metal 
freshly  stressed  in  the  cracking  solution,  or  metal  that  has  cracked 
from  a  ugher  stress  intensity  down  to  K1SCC  with  the  stress  intensity 
decreasing  as  the  crack  extends.  This  ensures  that  the  strain- 
hardened  metal  at  the  crack  tip  is  continuously  removed  by  dissolu¬ 
tion. 

Intergranular  nature  of  SCC 

The  intergranular  nature  of  SCC  has  normally  been  attributed  to 
segregation  effects,  with  phosphorus  being  die  major  species.’” 2,1 
Recent  work  by  Magdowski  and  Speidel’  has  shown  that  for  low-alloy 
steels  in  high-temperature  water,  segregation  has  no  effect  on  SCC. 
Therefore,  a  new  explanation  is  needed  for  the  crack  path.  In 
low-alloy  steels,  wavy  slip  ensures  that  slip  cannot  concentrate  on 


any  one  plane,  nor  at  any  obstacle  within  the  grains.  In  the  early 
stages  of  deformation,  the  most  significant  obstacle  is  the  grain 
boundary  so  that  dislocation  motion  will  be  concentrated  in  the  grain¬ 
boundary  region.  This  causes  cracking  to  be  intergranular.  In  the 
quenched  and  tempered  steels,  the  prior  austenite  grain  boundaries 
remain  high-angle  boundaries  and,  as  such,  are  a  more  significant 
barrier  to  dislocation  motion  than  the  lower  energy  twin  boundaries 
found  in  martensite.  Thus,  cracking  occurs  along  the  prior  austenite 
grain  boundaries.  Such  a  resuit  also  explains  the  importance  ot  slip 
morphology  to  SCC. 

Critical  Tests  for  the  Proposed  Model 

The  proposed  model  of  SCC  depends  upon  a  number  of 
assumptions,  the  validity  of  which,  and  consequently  of  the  model 
itself,  could  be  tested. 

One  critical  assumption  is  that  of  the  effect  of  stress  intensity  on 
crack-tip  creep  The  fact  that  the  creep  rate  at  the  crack  tip  is 
exponentially  dependent  cn  the  stress  at  the  crack  tip  is  the  most 
important  assumption  made  This  is  very  difficult  to  test  since  it  is 
creep  at  the  crack  tip,  rather  than  the  region  of  general  yielding,  that 
is  important  to  SCC.  Creep  tests  on  double-cantiliver  beam  speci¬ 
mens  measuring  only  the  crack  opening  displacement  are  unable  to 
define  the  creep  rate  at  the  crack  tip  since  the  crack  opening 
displacement  is  defined  mainly  by  the  size  of  the  plastic  zone  at  the 
crack  tip.  It  is  this  problem  with  measuring  crack-tip  creep  rate  that 
makes  the  model  difficult  to  test. 

Strain  assisted  dissolution  was  invoked  to  explain  the  very  high 
crack  velocities  found  in  the  high  strength  steels.  It  may  be  possible 
to  test  this  assumption  using  electrochemical  measurements  on 
straining  samples.  However,  to  simulate  the  crack-tip  coriditiuns  of 
creep,  it  is  necessary  to  localize  the  straining  region,  while  keeping 
the  rest  of  the  sample  passive. 

The  easiest  test  of  the  proposed  model  is  a  stress  analysis  of  a 
precracked  sample  loaded  in  Mode  III.  The  result  of  comparable 
crack  velocities  in  Modes  I  and  III  indicates  similar  crack-tip  creep 
rates  in  the  two  loading  modes.  A  stress  analysis  of  the  Mode  III 
loading  should  allow  a  comparison  of  the  deviatonc  component  of 
stiess  at  the  crack  tip  in  both  loading  modes.  The  experimental 
lesults  indicate  that  this  stress  should  be  similar  in  the  two  loading 
modes. 
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The  Initiation  of  intergranular  Stress  Corrosion  Cracking 

on  Sensitized  Stainless  Steel 
in  Dilute  Thiosulfate  Solutions'1' 

J.  Stewart  *  B.  Wells and  PM.  Scott * 

Abstract 

The  initiation  of  intergranular  stress  corrosion  cracking  on  sensitized  type  304  (UNS  S30400)  stainless 
steel  has  been  studied  at  room  temperature  using  dilute,  naturally  aerated  sodium  thiosulfate  solutions. 

Electrochemical  techniques  are  used  to  detect  anodic  current  transients  during  slow-strain-rate 
experiments  at  the  free-corrosion  potential.  These  anodic  current  transients  are  caused  by  the  initiation, 
metastable  propagation,  and  repassivation  of  microstructurally  short  cracks.  The  effect  of  thiosulfate 
concentration  and  strain  rate  on  the  initiation  of  cracks  has  been  studied.  A  low-strain  region  (elongation 
<  5%)  was  identified  in  which  the  crack  initiation  frequency  and  electrochemical  activity  were  at  a 
maximum  in  dilute  thiosulfate  solutions.  The  transition  to  sustained  crack  propagation  was  clear  and 
generally  occurred  at  higher  strains,  where  the  metastable  crack  initiation  frequency  and  electrochem¬ 
ical  activity  were  very  low.  The  variation  in  strain  to  failure  values  could  be  accounted  for  in  the  period 
required  to  initiate  a  crack.  Crack  propagation  was  shown  to  be  a  minor  proportion  of  the  total  test 
period, 


Introduction 

Detailed  studies  of  the  mechanisms  of  initiation  of  stress  corrosion 
cracks  have  usually  been  restricted  to  post-test  examination  of 
fractured  specimens,  and  in  situ  measurements  have  not  generally 
been  available  The  experiments  reported  here  have  investigated  the 
feasibility  of  using  electrochemical  cuirent  transients  telectrochem- 
ical  noise)  for  studying  the  early  stages  of  crack  nucleation  and 
growth.  The  model  system  chosen  for  this  investigation  was  sensi¬ 
tized  type  304  (UNS  S30400)  stainless  steel  (SS)  in  thiosulfate 
solutions  in  which  intergranular  stress  corrosion  cracking  (IGSCC) 
occurs  readily.'4  Three  specific  topics  have  been  examined:  the 
effect  of  electrode  potential  on  crack  initiation;  the  relationship 
between  electrochemical  noise  and  multiple  crack  initiation  and 
intermittent  growth  (metastable  cracking);  and  the  formation  of 
sustained  propagating  cracks. 

Experimental 

The  type  304  SS  used  in  this  study  had  the  following  compo¬ 
sition  (in  wt%).  0.059  C.  17.8  Cr.  9.07  Ni.  1.5  Mn,  0.035  S,  0.38  Mo. 
Tensile  specimens  were  machined  from  6.25-mm-diameter  rod  to 
produce  a  smooth  19  mm  gauge  length  of  3-mm  diameter.  The 
specimens  wore  solution  annealed  at  1070’C  m  vacuum  for  30  mm, 
argon  quenched,  and  then  soaked  at  650  C  for  24  h  under  argon  to 
produce  a  fully  sensitized  material  (normalized  ASTM  EPR,  Pa  -  75 
Ccm'7,6  and  Pa  -  10  C  cm  7  using  a  quantitative  image  analysis 
method.6)  The  minimum  chromium  content  in  the  sensitized  gram 
boundary  was  measured  at  10.3  wt%  using  a  STEM-EDS  system 
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(analytical  resolution  approximately  2  nm).7  The  grain  size  was 
typically  80  p.m,  the  0.2%  offset  yield  strength  190  MPa  and  the 
elongation  to  failure  about  70%  in  air.  Specimens  were  abraded  to  a 
600  grit  finish,  cleaned  in  acetone  and  distilled  water,  and  then 
coated  with  a  resin-reinforced  synthetic  rubber  to  leave  a  5-mm 
gauge  length  exposed.  Slow-strain -rate  tSSR)  tests  were  conducted 
on  a  100  kN  servoelectric  tensile  testing  machine. 

Open-circuit  potential  experiments 
The  technique  used  to  detect  current  transients  during  the  SSR 
tests  has  been  described  in  detail  elsewhere.8  The  specimen  was 
coupled  through  a  high-resolution  “zero  resistance  ammeter"  to  a 
large  isolated  cathode  (30  cm”2),  and  the  current-time  record  was 
stored  on  a  digital  tape  recorder.  The  apparatus  is  shown  in  Figure 
1.  The  specimen  potential  was  monitored  using  a  platinum  reference 
electrode  and  standardized  against  a  saturated  calomel  electrode 
(SCE).  A  minimum  of  eight  experiments  were  performed  for  each  set 
of  conditions  studied. 

Preliminary  experiments  were  performed  to  correlate  current 
transients  with  observed  cracks  in  1000  ppm  $  ^  1o  1  My  thiosullate 
solutions  at  an  extension  rate  of  10  6s  Two  experimental  param¬ 
eters  weie  then  studied  in  detail.  The  effect  of  strain  rate  inominaily 
5  *  10"7s“\  10  6s  \  and  2x10  0  s  ’/was  examined  in  10  ppm 
thiosuifate  solution  ^conductivity  22  nS  cm  'y.  The  second  param¬ 
eter  studied  was  thiosulfate  concentration  in  the  range  10  to  10,000 
ppm(9  10  5Mto9^10  7  M>  at  a  nominal  strain  rated  10  es 

Controlled  potential  experiments 
Potentiostatically  controlled  SSR  experiments  were  performed 
in  the  range  -350  mV  to  +100  mVSCE  in  0.5  M  thiosulfate  solutions 
at  a  nominal  strain  rate  of  10~4  s  '.'  A  series  of  experiments  was 
stopped  after  applying  3.5%  strain  and  the  number  of  cracks 
evaluated  using  a  scanning  electron  microscope  (SEM)  at  1000X 
magnification. 
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strain  rate  5  x  10 


FIGURE  1 -The  test  cell. 


Experimental  Results 

Open-circuit  potential  experiments 
Current  transients.  Discrete  current  transients  were  first  ob¬ 
served  in  the  constant  extension  rate  experiments  shortiy  alter  the 
nominal  yield  point.  Figure  2  shows  typical  transients  measured  on  a 
specimen  strained  at  5  x  1 0-7  s* '  in  1 0  ppm  thiosulfate  solution.  The 
transients  are  characterized  by  peak  currents  of  <  500  nA,  an  initial 
rise  time  of  5  to  20  s,  and  lifetimes  of  30  to  1000  s.  Marked 
fluctuations  in  the  current  were  observed  and  were  consistent  with 
crack  initiation,  intermittent  growth,  and  reinitiation  of  localized 
corrosion  at  the  same  noise  source.  The  current  remained  low  during 
the  intervals  between  transients,  typically  20  nA, 

‘  It  was  concluded  that  these  current  transients  were  caused  by 
the  nucleation,  metastable  propagation,  and  repassivation  of  short 
cracks  from  the  following  observations.  In  SSR  control  experiments, 
no  transients  or  cracks  were  observed  when  an  inert  electrolyte 
(1000  ppm  SO|~)  was  used,  or  when  solution-annealed  material  was 
tested  in  thiosulfate  solutions  Detailed  SEM  examination  of  the 
gauge  length  (rom  tests  terminated  alter  the  observation  of  electro¬ 
chemical  transients  indicated  a  direct  correspondence  between  the 
number  of  cracks  and  the  number  of  transients. 

Application  of  Faraday's  law  incorporating  representative  ma¬ 
terials  parameters0  indicated  that  the  electrochemical  measurement 
technique  could  resolve  short  cracks  ol  considerably  less  than  one 
grain-boundary  facet  in  length  (The  estimated  resolution  of  the 
technique  was  2  to  5  pm  penetration.) 

The  frequency  of  crack  nucleation  in  1 0  ppm  thiosulfate  solution 
was  found  to  be  highly  strain  dependent;  the  maximum  crack 
nucleation  rate  occurred  between  2%  and  5%  strain  (Figure  3).  At 
higher  strains,  the  incidence  of  crack  nucleation  decreased  signifi¬ 
cantly  The  average  charge  passed  per  transient  was  also  greatest  In 
the  strain  range  of  2%  to  5°i  and  declined  at  higher  strains  (Figure 
4)  These  observations  wore  similar  for  the  three  strain  rates  studied. 
The  effect  of  increasing  the  thiosulfate  concentration  was  to  increase 
the  charge  passed  of  the  Individual  current  transients  (Figure  4). 


FIGURE  2-Typlca!  current  transients  observed  during  slow- 
strain-rate  tests  at  open-circuit  potential  (schematic). 


FIGURE  3-Frequoncy  of  current  transients  vs  strain  during 
slow-straln-rate  tests  at  1O'0s-\ 

Crack  propagation.  The  formation  of  a  visually  observed, 
sustained  propagating  crack  was  marked  by  a  rapid  increase  in  the 
anodic  current  of  3  to  5  pA  (Figure  2),  the  high  current  lovel  was 
sustained  until  the  specimon  fractured.  Most  current-time  records 
showed  considerable  cyclic  behavior  dunng  the  early  period  ol  crack 
propagation.  The  charge  passed  during  each  increment  of  crack 
growlh  was  on  the  order  of  a  gram-boundary  facet.  In  10  ppm  and  100 
ppm  thiosulfate  solutions,  sustained  crack  propagation  often  oc¬ 
curred  at  strain  levels  considerably  higher  than  the  region  of 
maximum  nucleation  frequency  (Figure  5).  Crack  propagation  was 
rapid  and  the  measured  time-lo-failure  was  concluded  to  be  domi¬ 
nated  by  the  period  of  crack  initiation.  At  higher  thiosulfate  concen¬ 
trations,  the  probability  of  nucleating  a  propagating  crack  increased, 
and  fracture  usually  occurred  at  lower  strains.  Figure  5  summarizes 
the  effect  of  thiosulfate  concentration,  in  which  survival  probability 
[defined  as  n/(N  + 1),  n  -  specimens  surviving,  N=  total  number  ol 
specimens]  is  plotted  against  engineering  strain  to  failure.  Figure  6 
summarizes  the  effect  of  strain  rate  on  survival  probability.  The 
variance  in  survival  probability  decreased  with  respect  to  strain-to- 
failure  for  decreasing  strain  rate. 
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FIGURE  4— Charge  passed  vs  %  strain  in  10  ppm  and  1000  ppm 
thiosulfate  solutions  at  open-circuit  potential  strain  rate  10"6s"1. 


FIGURE  5— Effect  of  thiosulfate  concentration  of  survival  prob¬ 
ability. 


Controlled  potential  experiments 
The  current  measured  during  potontiostatically  controlled  SSR 
tests  is  displayed  in  Figure  7  for  the  range  of  potentials  -300  mV  to 
+50  mVgeg.  Experiments  in  the  range  -100  mV  to  +50  mVSCE 
showed  a  marked  decrease  in  corrosion  current  at  higher  strains, 
which  was  consistent  with  the  electrochemical  noise  data  found  in  the 
open-circuit  potential  experiments,  Further  Investigation  of  tho  re¬ 
duction  in  electrochemical  activity  by  stopping  SSR  experiments  in 
the  quiescent  period  and  recording  the  relaxation  In  load  suggested 
cracking  had  stopped.  An  examination  of  specimens  from  experi¬ 
ments  terminated  between  2%  and  10%  strain  showed  that  the 
maximum  current  corresponded  to  the  maximum  crack  nucleation 
rate,  and  that  cracking  had  occurred  in  less  than  1%  of  the  grain 
boundaries. 


The  dependences  of  crack-initiation  frequency  and  elongation 
to  failure  on  electrode  potential  are  exhibited  in  Figure  8.  The 
seveiest  cracking  corresponded  to  the  maximum  initiation  rate,  at 
-150  mVSCE.  The  “anodic  protection  potential”  was  found  to  be 
between  +50  mV  and  +100  mVSCE. 


FIGURE  7-Corroslon  current  measured  during  slow-straln-rato 
tests  at  different  electrode  potentials. 

Discussion 

The  interpretation  of  electrochemical  transient  measurements 
can  provide  detailed  information  on  the  process  of  stress  corrosion 
crack  initiation.  The  large  variation  in  the  strain  to  failure  values, 
which  was  observed  in  less  aggressive  solutions  (Figures  5  and  6), 
was  concluded  to  be  a  result  ol  the  inherent  randomness  of  crack 
initiation.  Crack  propagation  generally  did  not  represent  a  significant 
proportion  of  tho  test  period. 
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FIGURE  8— Elongation  to  failure  vs  potential  in  slow-strain  rate 
at  10'4s"1  (+).  Crack  initiation  vs  E  at  3.5%  strain  (□). 


Correlation  analysis  of  the  time  interval  between  current  pulses 
indicates  that  the  occurrence  of  a  current  transient  (made  up  of  a 
number  of  current  pulses)  was  consistent  with  the  activity  of  an 
individual  crack.  The  charge-time  behavior  during  the  early  stages  of 
crack  propagation  was  noticeably  periodic;  each  charge  increment 
was  on  the  order  of  one  grain-boundary  facet  penetration.  Although 
the  total  charge  passed  by  some  metastable  cracks  was  sizable  (i.e„ 
greater  than  the  penetration  of  one  grain-boundary  facet),  the  current 
flowing  did  not  exceed  500  nA  Similarities  are  noted  between  these 
measurements  and  the  metastable  propagation  and  arrest  of  micro- 
structurally  small  defects  in  pitting  corrosion  and  fatigue,  where 
(respectively)  the  generation9  of  localized  acidity  and  the  influence  of 
microstructure  on  localized  deformation10  are  important. 

Crack  initiation  was  found  to  be  more  probable  at  higher 
thiosulfate  concentrations  in  the  open-circuit  potential  experiments. 
The  proximity  of  the  maximum  cracking  potential  to  the  potential  at 
which  reduction  to  adsorbed  sulfur  occurs  provides  some  indication 
to  the  mechanism  of  anodic  dissolution.1  Indeed,  the  sensitivity  of 
cracking  propensity  to  electrode  potential  suggests  that  ohmic 
potential  drop  in  dilute  solutions  may  move  the  crack-tip  potential 
below  the  maximum  cracking  potential,  thereby  impeding  crack 
growth. 

A  rapid  decline  in  the  nucleation  and  propagation  of  cracks  at 
higher  strains  was  evident  at  potentials  approaching  the  anodic 
protection  potential,  shown  in  Figures  3,  4,  and  7.  Interpretation  of 
these  results  Is  more  speculative.  The  potentiostatic  experiments  that 
wore  performed  between  -100  mV  to  +75  mVSCE  showed  a 
significant  reduction  in  current  at  larger  strains,  and  an  apparent 
reinitiation  of  cracking  occurred  shortly  before  fracture.  Further 
examination  of  this  period  of  quiesconce  supported  the  conclusion 
that  crack  propagation  had  ceased.  These  observations  were  also 
made  in  the  open-circuit  potential  experiments  and  are  noteworthy 
because  of  the  large  variation  in  extension  rate.  The  open-circuit 
potential  experiments  were  performed  close  to  the  minimum  strain 
rate  to  initiate  cracking,  although  crack  nucleation  and  transient 
propagation  has  been  observed  at  lower  strain  rates.  It  is  suggested 
that  preferential  strain  hardening  of  the  grain  boundaries  impedes 
crack  initiation.  This  is  the  subject  of  further  investigation. 


The  potential  dependence  of  the  results  presented  in  this  study 
support  those  of  Newman,  et  al.,1  and  Dhawale,  et  al.,4  although  the 
potential  range  for  cracking  susceptibility  in  the  material  used  here 
was  more  restricted.  The  grain-boundary  chromium-depletion  mini¬ 
mum  of  the  material  has  been  measured  as  10.3%  Cr.7  A  computer 
model  developed  by  Bruemmer"  based  on  the  thermodynamics  of 
carbide  precipitation  and  kinetics  of  chromium  diffusivity  predicted 
the  chromium  depletion  to  be  approximately  10%.12  A  similar 
prediction  for  the  sensitized  material  used  by  Newman,  et  al„ 
predicted  a  minimum  of  about  9%  Cr.1  Repassivation  experiments 
reported  by  Newman,  et  al.,  show  that  a  significant  increase  in  the 
charge  passed  before  repassivation  correlates  with  a  decrease  in 
chromium  content  in  the  range  1 2  to  9  wt%.  The  cracking  behavior  of 
the  material  used  in  this  study  was  consistent  with  the  predictions  of 
those  repassivation  experiments. 


Conclusion 

(1)  Electrochemical  techniques  have  been  used  to  detect  current 
transients  during  SSR  tests  on  sensitized  type  304  SS  in  dilute 
thiosulfate  solutions.  The  transients  were  caused  by  the  initia¬ 
tion,  metastable  propagation,  and  repassivation  of  microstruc- 
turally  short  intergranular  stress  corrosion  cracks. 

(2)  The  current  transients  were  characterized  by  an  initial  rise  time 
of  5  to  20  s,  and  lifetimes  of  the  order  of  30  to  1000  s.  They 
typically  represent  a  crack  advance  of  less  than  one  grain¬ 
boundary  facet  in  length. 

(3)  A  low-strain  region  was  identified  in  which  both  crack-initiation 
frequency  and  the  associated  current-transient  frequency  were 
at  a  maximum.  This  region  persisted  up  to  about  5%  elongation. 

(4)  The  large  variations  in  strain  to  failure  values  measured  in  less 
aggressive  solutions  could  be  accounted  for  in  the  period 
required  to  initiate  a  crack.  Crack  propagation  was  shown  to  be 
a  minor  proportion  of  the  test  period. 

(5)  The  formation  of  a  sustained  propagating  crack  (visually  con¬ 
firmed)  was  marked  by  a  rapid  increase  in  the  anodic  current  of 
3  to  5  pA.  The  high  current  level  was  sustained  until  the 
specimen  fractured. 
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Discussion 

R.H.  Jones  (Pacific  Northwest  Laboratories,  USA):  As  I 
commented  in  our  discussion  yesterday,  your  observation  of  current 
transients  associated  with  crack  growth  (beyond  the  initiation  stage) 
may  be  associated  with  ligament  formation  behind  the  crack  front  and 
subsequent  crack-tip-opening  displacement  and  ligament  fracture, 
allowing  further  crack  growth. 

J.  Stewart:  Measurements  of  current  transients  resulting  from 
nonpropagating  cracks  (i.e.,  cracks  that  arrest)  show  cyclic  behavior, 
which  we  associate  with  a  hindrance  of  crack  advance  due  to 
microstructural  barriers.  Dissipation  of  the  low  pH  environment  (in  1 
to  10  s),  which  is  essential  for  crack  propagation,  contributes  to  crack 
arrest.  Sustained  crack  propagation  generally  does  not  occur  until 
much  higher  strain  (and  stresses),  where  mechanical  constraints  can 
be  overcome.  Again,  the  anodic  current  behavior  is  cyclic. 
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Correlating  Sulfide  Cracking  Resistance  with 
Hydrogen  Uptake  of  13%  Chromium  Martensitic 
Stainless  Steel  in  Sour  Environments 

A.  Turnbull *  and  M.  Saenz  de  Santa  Maria** 

Abstract 

An  evaluation  has  been  made  of  the  cracking  resistance  of  13%  Cr  martensitic  stainless  steel  in  5% 

NaCI  of  varying  pH  and  H2S  content.  In  solutions  of  pH  £  3.6,  the  steel  is  in  the  active  state,  and  a 
correlation  has  been  observed  between  time-to-failure  in  a  slow-strain-rate  test  and  the  measured 
hydrogen  uptake  determined  from  permeation  measurements.  Complementary  tests  were  also 
conducted  in  ASTM  seawater  saturated  with  H2S  at  pH  5.0.  In  contrast  to  the  behavior  in  the  solution 
of  lower  pH,  cracking  in  this  environment  is  associated  with  hydrogen  generated  through  localized 
pitting  rather  than  general  attack,  and  the  correlation  between  hydrogen  permeation  measurements  and 
cracking  is  no  longer  valid.  In  addition,  delocalization  by  diffusion  of  the  hydrogen  absorbed  from  the 
pit  gives  rise  to  less  severe  cracking  than  would  be  predicted  from  the  environmental  conditions 
predicted  within  the  cavity. 


Introduction 

Materials  used  in  oil  extraction  must  resist  both  corrosion  and 
cracking  associated  wth  the  aggressive  nature  of  the  extracted  fluid, 
which  contains  mixtures  of  salts,  C02,  and  H2S,  and  temperatures  up 
to  about  150°C.  13%  Cr  martensitic  stainless  steels  (SSs)  are 
commonly  used  for  production  tubing  for  relatively  sweet  environ¬ 
ments  (low  H2S),  but  there  is  insufficient  information  regarding  the 
range  of  environmental  conditions,  e.g.,  H2S  concentration,  pH,  and 
temperature,  within  which  this  steel  can  be  reliably  used.  In  North 
Sea  fields,  the  H2S  concentration  is  generally  low,  but  there  is 
recognition  of  the  potential  problem  of  environment-assisted  cracking 
if  wells  follow  the  normal  practice  of  becoming  sour  with  increasing 
age  At  temperatures  near  ambient,  failure  is  associated  with 
hydrogen  cracking  Accordingly,  a  study  was  made  of  the  hydrogen 
uptake  of  this  steel  as  a  function  of  environmental  conditions,1  and  a 
broad  correlation  with  cracking  resistance  was  established.2  The 
slow-strain-rate  technique  was  used  for  assessing  cracking  resis¬ 
tance  as  a  preliminary  to  more  specific  fracture  mechanics  tests, 
because  it  provides  a  rapid  assessment  of  the  relative  severity  (in 
terms  of  induced  cracking)  of  varied  and  complex  environments.  In 
this  paper,  the  key  features  of  this  work  are  described,  and  improved 
characterization  of  the  hydrogen  distribution  in  lattice  and  trap  sites 
is  reported. 


Experimental  Method 

Full  details  of  the  test  techniques  used  have  been  described 
elsewhere,' 2  only  the  essential  details  are  included  herein. 

The  material  used  was  a  type  410  (UNS  S41000)  SS  supplied 
i .  a  quenched  and  double-tempered  condition  with  composition  and 
heat  treatment  as  specified  in  Table  1.  The  microstructure  was 
tempered  martensite  with  globular  carbides  and  the  average  prior 
austenitic  grain  size  was  24  pm  (ASTM  No.  7.5). 

‘Division  of  Materials  Applications,  National  Physical  Laboratory, 
Teddington,  Middlesex,  TW1 1  OLW  England 
"Chloride  Silent  Power  Ltd.,  Runcorn,  Cheshire,  WA7 1PZ  England. 


The  slow-strain-rate  method  v/as  used  to  assess  cracking 
resistance  using  conventional  specimens  of  gauge  length  12.7  mm 
and  diameter  2.54  mm.  The  nominal  strain  rate  was  1.7  x  10~6  s*\ 
The  specimen  was  mounted  in  a  Perspex1  or  PTFE  test  cell  through 
which  the  solution  was  circulated  from  a  20-L  aspirator  at  a 
volumetric  flow  rate  of  about  0.4  L/min  A  gas  control  panel  was 
used  to  obtain  the  required  mixture  of  gases  in  the  reservoir. 

The  test  solutions  were  prepared  from  Analar1  grade  chemicals 
and  distilled  water.  Most  of  the  test  solutions  were  based  on  NACE 
Standard  TM0177-863  and  consisted  of  5%  sodium  chloride  acidified 
to  pH  2.5  and  3.6  using  glacial  acetic  acid.  Some  tests  were  also 
conducted  in  ASTM  seawater  saturated  in  H2S  (pH  =  5.0)  corre- 
sponrjingto  NACE  Standard  TM0284-844  and  in  3.5%  NaCI  acidified 
to  an  equivalent  pH  of  5.0.  The  solution  temperature  for  all  tests  was 
23  ±  1'C. 

Determination  of  the  hydrogen  uptake  of  the  steel  was  made 
using  an  adaptation  of  the  conventional  Devanathan-Stachurski 
cell.2  5  The  solution  composition  was  kept  constant  by  circulating  the 
prepared  solution  from  a  large  reservoir  in  a  manner  identical  to  that 
for  slow-strain-rate  testing.  The  oxidation  current  was  measured  by 
polarizing  the  "exit"  side  of  the  specimen  to  +300  mVSCE  in  0.1  M 
NaOH.  For  both  slow-strain-rate  testing  and  permeation  studies,  the 
solution  flow  rate  past  the  specimen  was  approximately  0.1  cm  s~\ 

To  characterize  hydrogen  trapping  in  the  steel,  repetitive 
permeation  transients  were  measured.  The  usual  method  of  con¬ 
ducting  these  tests  is  by  interrupted  cathodic  polarization,  but,  for  this 
steel,  the  retention  of  the  passive  film  (which  is  not  completely 
reduced)  and  evidence  that  the  surface  film  was  retarding  hydrogen 
entry6  rendered  this  method  unsuitable.  Further  studies  indicated 
that  the  key  to  obtaining  meaningful  transients  was  to  ensure  that  the 
steel  remained  in  the  active  state  at  all  times.6  The  method  adopted 
involved  obtaining  the  first  transient  in  a  solution  of  pH  2.6  (3.5% 
NaCI)  with  very  low  H2S  content  (<  1  ppm  by  wt).  The  solution  in  the 
cell  was  then  flushed  with  a  deaerated  3.5%  NaCI  solution  of  pH  3.6 
(after  sealing  off  the  reservoir).  This  pH  was  chosen  because  the 
steady  permeation  current  density  is  low  and  the  steol  is  just  in  the 
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active  state.  The  anodic  polarization  curve  in  Figure  1  confirms  the 
active  behavior.  However,  at  this  pH,  the  balance  between  activity 
and  partial  passivity  is  very  fine.  With  stirring  to  maintain  consistency 
of  pH  at  the  surface  and  in  the  bulk,  the  steel  remains  active  but  a 
reduced  stirring  rate  can  cause  partial  repassivation. 


TABLE  1 

Composition  of  type  410  (UNS  S41000) 
Stainless  Steel  (mass%)(A> 


c 

Si 

Mn 

S 

P 

Cr 

Ni 

Cu 

Mo 

Ti 

Fe 

014 

0.32 

0  46 

0.007 

0.02 

13.5 

0.71 

0.15 

0.05 

<0.01 

Bal 

<A,Heat  treatment  included  austenization  temperature  of  980°C  (oil 
quench),  first  tempering  temperature  of  700°C  (air  cooling),  and 
second  tempering  temperature  of  630°C  (air  cooling). 


FIGURE  1  —  Anodic  polarization  curve  for  13%  Cr  martensitic  SS 
In  vigorously  stirred  solution  of  3.5%  NaCI  at  pH  3.6.  Polarization 
scan  rate  was  0.3  mV/m!n. 

The  H2S  content  also  has  a  significant  effect  on  active-passive 
behavior,  and  a  marked  change  in  potential  from  about  -590  mVsce 
to  more  negative  values,  Q  -660  mVSCE  occurs  at  about  1  ppm.  To 
ensure  active  behavior  in  the  repetitive  permeation  experiments,  a 
magnetic  stirrer  was  used  during  the  current  decay  stage,  and  this 
stirring,  combined  with  the  presence  of  residual  H2S,  maintained  the 
potential  between  -660  mV  and  -670  mVSCE. 

During  current  decay,  the  reservoir  was  saturated  with  H2S,  and 
after  sufficient  time  for  the  oxidation  current  to  drop  to  its  minimum 
value  the  reservoir  solution  was  then  pumped  through  the  cell. 
Flushing  was  again  conducted  when  the  permeation  current  had 
reached  steady  state  and  the  process  repeated  to  obtain  a  third 
transient. 

In  the  slow-strain-rate  and  permeation  tests,  determination  ot 
the  H2S  content  of  tho  solution  wao  made  by  me  API  electrometric 
titration  method.7  H2S  content  and  pH  were  measured  at  regular 
intervals  during  testing  to  ensure  constancy  of  conditions.  All  tests 
were  conducted  undor  freoly  corroding  conditions  and  the  electrode 
potential  of  the  specimen  was  monitored  continuously.  For  solutions 
of  pH  2  6  and  3  6.  tho  values  were  in  the  range  650mVsceto  700 
mVsce  for  H2S  contents  greater  than  1  to  2  ppm  with  tho  more 
negative  values  being  associated  with  the  pH  3.6.  At  lower  H2S 
contents,  the  potential  tended  toward  600  mVSCE.  For  H2S 
saturated  seawater  (pH  5.0).  the  corrosion  potential  was  about  612 
mVsut  ln  the  more  acid  solutions  a  slight  shift  in  potential  (usually 
20  mV)  to  more  positive  values  occurred  during  straining,  while  in 
the  seawater  tests,  the  potential  drifted  about  20  mV  more  negative. 
The  corrosion  potentials  In  both  slow-strain-rate  and  hydrogen 
permeation  tests  were  broadly  similar,  though  the  final  potentials  in 
tho  slow-strain-rate  tests  were  slightly  less  negative. 


Results  and  Discussion 

Characterization  of  hydrogen  diffusion  and  trapping 
Evaluation  of  the  distribution  of  hydrogen  in  the  steel  was  made 
by  combining  theoretical  modeling8  of  hydrogen  diffusion  and  trap¬ 
ping  with  experimental  measurement  of  repetitive  permeation 
transients  6  During  the  first  transient,  all  irreversible  traps  are  filled, 
and  thus  the  second  transient  relates  only  to  reversible  hydrogen 
trapping.  The  similarity  of  the  second  and  third  transients  in  Figure  2 
(plotted  in  the  form  of  normalized  flux  vs  dimensionless  time,  where 
a  is  the  membrane  thickness)  indicates  that  there  is  no  significant 
void  growth  or  trap  development  as  a  consequence  of  the  permeation 
process.  Figure  2  also  shows  the  theoretical  curves  derived  from 
fitting  the  model  to  the  experimental  data.  The  relevant  parameters 
determined  in  this  way  are  as  follows. 


FIGURE  2— Repetitive  permeation  measurements  on  type  410 
(UNS  S41000)  SS  (see  text). 


The  densities  of  reversible  and  irreversible  trap  sites  were  (3.0 
£  1.0)  x  10’9  sites  cm-3  and  about  1.5  x  1019  sites  cm'3, 
respectively.  These  values  are  consistent  with  the  observation  by 
Oriam9  that  the  density  of  trap  sites  in  undeformed  steels  is  about 
10’9  sites  cm'3.  The  capture  rate  constant  for  the  irreversible  traps 
was  (4.8  .t  1.3)  ^  io  19  cm  3s  \  and  assuming  a  similar  value  for 
the  reversible  traps,  the  release  rate  constant  of  the  reversible  traps 
is  evaluated  to  be  (3.4  £  1.6)  x  102  s' ’.The  binding  energy  of  the 
reversible  trap  sites  was  determined  to  be  (38.7  £  1.0)  kJ  moT\ 
which  is  fairly  close  to  the  binding  energies  associated  with  disloca¬ 
tions  and  possibly  grain  boundaries.10  "  Experimental  evaluation  of 
the  lattice  diffusion  coefficient  is  not  possible  for  this  steel  because  of 
the  large  extent  of  trapping8  and  the  literature  value  of  7.2  x  io  5 
cm2  s  ’  at  23"C,  from  the  data  compiled  by  Ktuchi  and  McLellan," 
was  used  in  appropriate  calculations. 

The  effect  of  trapping  in  concentrating  the  diffusing  hydrogen 
atoms  is  exemplified  in  Figure  3.  which  is  based  on  calculations  for 
H2S-saturated  5%  NaCI  at  pH  2.6.  The  C0  value  is  about  2.5  -  10  7 
mol  cm  3  (1  5  10"  atoms  cm  3),  and  the  corresponding  concen¬ 

tration  in  trap  sites  is  about  two  orders  of  magnitude  greater.  Hence, 
trapping  provides  the  means  of  accumulating  sigmlicant  quantities  ol 
hydrogen  atoms,  which  will  be  a  factor  in  accelerating  crack  initiation 
and  propagation. 

No  attempt  has  been  made  to  describe  the  dillusion  and 
trapping  behuvioi  m  teims  of  effective  diflusivity  because  the  concept 
has  no  theoic-ticai  validity  and  quantitatively  can  be  erroneous  when 
fractional  occupancy  of  sites  is  significant,  this  is  always  true  when 
irreversible  trapping  is  important,  as  in  this  13%  chromium  steel.6 

The  calculated  values  of  C0  ^subsurface  hydrogen  concentra¬ 
tion)  derived  in  acid  solutions  of  varying  H2S  content  are  shown  in 
Figure  4,  and,  as  expected,  tho  C0  value  increases  with  increasing 
H2S  content  and  decreasing  pH.  The  value  for  seawater  was  very 
low,  despite  the  high  H2S  level,  and  was  associated  with  the 
retardation  of  hydrogen  entry  by  the  passive  film  with  only  localized 
pitting  acting  as  a  significant  source  of  hydrogen  atoms.2 

Very  recent  results  iwhich  are  not  shown  in  Figure  4)  Irom  tests 
conducted  in  a  C02-saturated  salt  solution  (pH  =  3.6)  also  gave  rise 
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to  a  permeation  current  indiscernible  from  the  background  level;  this 
suggests  C0  s  2,7  x  1CT10  mol  cm~3).  At  the  low  flow  rates  used,  it 
is  likely  that  FeC03  would  have  formed  and  limited  significant 
corrosion  and  hydrogen  entry  Increasing  the  flow  rate  by  use  of  a 
magnetic  stirrer  increased  the  CD  value  to  about  8.2  x  10”9  mol 
cm”3  Parallel  slow-strain-rate  tests  have  not  been  conducted  as  yet, 
but  the  results  do  suggest  a  probable  effect  of  flow  rate  on  the 
time-to-  failure. 


FIGURE  3  -  Distribution  of  hydrogen  atoms  through  membrane 
thickness  at  steady  state. 


FIGURE  4— Variation  of  subsurface  hydrogen  concentrated  (Cc) 
with  HjS  concentration  and  pH. 


Slow-strain-rate  results 

In  analyzing  the  slow-strain-rate  data  for  this  system,  it  was 
shown  previously  that  the  time-to-failure  provides  the  parameter 
most  sensitive  to  changes  in  environmental  conditions  at  this  specific 
strain  rate.2  The  effect  of  pH  and  H2S  concentration  on  time-to-failure 
is  shown  in  Figure  5.  The  steel  is  highly  susceptible  to  cracking  in 
these  aggressive  environments,  which  is  consistent  with  the  conclu¬ 
sion  of  other  workers.’2-'3  Several  of  the  specimens  were  pre¬ 
exposed  to  the  solution  for  varying  periods  prior  to  loading  to  assess 
the  influence  of  charging  time,  and  this  caused  a  slight  reduction  in 
the  time-to-failure  as  shown  in  Figure  5,  though  the  effect  is  only 
apparent  for  the  less  aggressive  environments.  In  the  more  aggres¬ 
sive  environments,  generating  higher  CD  values,  the  traps  effectively 
fill  up  more  quickly,  and  thus  their  retarding  influence  on  hydrogen 
transport  is  reduced.  The  results  of  Figure  5  indicate  that  cracking 
susceptibility  is  greatest  at  low  pH  and  high  H2S  concentration;  under 
these  conditions,  hydrogen  uptake  is  enhanced.  Indeed,  a  direct 
correlation  between  the  time-to-failure  and  C0  can  be  seen  from 
Figure  6.  However,  this  correlation  exists  only  when  the  steel  is  in  the 
active  state  (pH  s  3.6)  and  the  steel  surface  is  corroding  uniformly. 


FIGURE  5—Time-to-fallure  of  type  410  (UNS  S41000)  SS  speci¬ 
mens  In  slow-strain-rate  tests  In  5%  MaCI  solution  of  varying  pH 
and  H2S  concentration.  Strain  rate  e  =  1.7  x  10'6  s_1. 


The  relationship  between  time-to-failure  and  C0  suggests  that 
cracking  depends  on  the  hydrogen  produced  by  bulk  charging.  Any 
hydrogen  p.  uduced  at  the  tips  of  cracks  is  evidently  swamped  by  the 
hydrogen  generated  on  the  surface  external  to  the  crack.  Extrapo¬ 
lation  of  this  conclusion  to  fracture  mechanics  specimens  must  be 
done  carefully.  Nevertheless,  it  is  very  likely  that  in  a  solution  that 
conform  .o  NACE  Standard  TMQ177  86,  charging  will  be  predom¬ 
inantly  from  the  external  surface  of  fracture  mechanics  specimens, 
particularly  if  the  precrack  is  deep,  enabling  partial  consumption  of 
H2S  within  the  crack  (by  reaction  to  form  iron  sulfide  and  by  cathodic 
reduction).  This  has  implications  for  test  methodology  with  regard  to 
factors  such  as  time,  specimen  thickness  and  configuration  (plate  or 
tubular),  surface  condition, .andapplication  of  coatings.14  Derivation 
of  a  relationship  between  threshold  stress-intensity  factor  and  C0, 
similar  to  that  suggested  for  high-strength  steels,15  must  consider  the 
conditions  of  testing,  and  further  investigation  is  planned. 

In  H2S-saturated  seawater,  the  permeation  current  was  very 
small,  yet  significant  cracking  was  observed  with  a  time-to-failure 
much  shorter  than  would  be  predicted  based  on  Figure  6.  In  this 
environment,  the  attack  on  the  steel  is  localized  and  significant 
amounts  of  hydrogen  are  generated  only  within  pits,  which  then  lead 
to  accelerated  failure.  Calculations1  have  shown  that  the  H2S 
concentration  will  remain  close  to  saturation  in  the  pit  solution  and  the 
pH  must  be  less  than  or  about  3.6.  Hence,  despite  the  smaller  time- 
to-failure  predicted  from  permeation,  the  observed  time-to-failure  is 
still  significantly  longer  than  suggested  by  this  local  evironmental 
condition  (i.e„  H2S  saturation  at  pH  s  3.6).  The  most  probable 
explanation  is  associated  with  the  localized  nature  of  hydrogen 
generation.  Dissipation  of  the  absorbed  hydrogen  by  diffusion  to  the 
region  surrounding  a  pit  will  reduce  the  hydrogen  content  local  to  the 
pit  oi  crack  site.  Consequently,  the  hydrogen  content  available  for 
cracking  will  be  less.  In  contrast,  when  the  bulk  solution  is  H2S 
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saturated  at  pH  3.6,  the  steel  is  in  the  active  state  and  hydrogen 
charging  occurs  uniformly  over  the  surface  with  a  consequent 
reduced  time-to-failure. 
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FIGURE  6— Variation  of  time-to-failure  in  slow-strain-rate  tests 
for  type  410  (UNS  S41000)  SS  specimens  with  subsurface 
hydrogen  concentration  (CQ)  (calculated  from  permeations  tests) 
in  5%  NaCI  of  varying  pH  and  H2S  concentration.  Strain  rate  4  = 
1.7  x  10"6  s"1. 

For  fracture  mechanics  tests  in  H2S-saturated  seawater,  the 
supply  of  hydrogen  will  be  predominantly  from  localized  reaction 
within  the  crack,  though  crack  size,  in  relation  to  H2S  consumption, 
may  have  a  significant  role. 


Conclusion 

In  acidified  brine  solutions  of  pH  £  3.6  with  varying  concentra¬ 
tions  of  H2S,  13%  Cr  martensitic  SS  is  actively  corroding,  and  a 
correlation  between  cracking  resistance  and  hydrogen  uptake  of  the 
steel  can  be  identified.  At  higher  pH  values,  the  hydrogen  uptake  is 
considerably  reduced  by  the  presence  of  the  passive  film,  and 
significant  hydrogen  entry  occurs  via  pitting  corrosion  induced  by  the 
presence  of  H2S. 

However,  delocalization  of  the  hydrogen  absorbed  from  reac¬ 
tion  in  the  pit  solution  is  considered  to  reduce  the  severity  of  cracking 
that  otherwise  would  be  expected,  based  on  the  environmental 
conditions  within  the  pit. 
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Strain-Rate  Effects  in  Hydrogen  Embrittlement 
of  a  Ferritic  Stainless  Steel 

R.N.  Iyer *  and  R.F.  Hehemann** 

Abstract 

A  26Cr-1Mo  ferritic  stainless  steel  was  tested  for  severity  of  hydrogen  embrittlement  with  respect  to 
transient  strain-rate  effects.  Tests  were  conducted  at  room  temperature  using  a  uniaxial  constant-load 
fixture,  incorporating  appropriate  cell  assembly.  After  giving  different  amounts  of  creep  exhaustion  for 
the  alloy,  hydrogen  was  charged  electrochemically  using  5%  sulfuric  acid  solution  containing  small 
amounts  of  arsenic  trioxide  as  a  poison  for  hydrogen  evolution  reaction.  Results  from  creep  exhaustion 
experiments  showed  that  the  time-to-failure  by  hydrogen  embrittlement  depended  on  the  strain  rate,  but 
not  on  the  total  strain  undergone  by  the  specimen.  The  mode  of  failure  also  changed  from 
intergranular/cleavage  to  cleavage/ductile  rupture  with  increasing  creep  exhaustion  time  or  decreasing 
peak  transient  strain  rates.  These  effects  are  explained  on  the  basis  of  strain  localization  by  hydrogen. 


Introduction 

The  transport  ot  hydrogen  to  traps  inside  a  material  can  occur  by 
diffusion  and  dislocations  and  can  lead  to  hydrogen  embrittlement 
(HE).1  Typically,  dislocation  transport  of  hydrogen  is  about  104  times 
faster  than  that  by  diffusion.'  Both  the  transport  behavior  and  trap 
behavior  are  intimately  related  to  the  strain  rate  of  a  material 
susceptible  to  HE.2  A  previous  study3  showed  that  26Cr-1Mo  steel 
(26-1 S),  a  ferritic  stainless  steel  (SS),  was  susceptible  to  HE, 
especially  under  grain-coarsened  and  prestrained  conditions.  The 
focus  of  this  investigation  was  on  the  effect  of  transient  strain  rates 
on  the  severity  of  HE  in  a  ferritic  SS  t26-1S)  by  electrochemical 
(cathodic)  charging  of  hydrogen.  Decreasing  transient  strain  rate 
decreases  the  severity  of  HE. 

Experimental 

Materials  and  preparation 
26Cr  IMo  ferritic  SSs,  designated  26-1 S.  were  used  for  this 
study,  the  chemical  analysis  is  presented  in  Table  1 ,  The  alloy  was 
obtained  as  annealed  strips  0.05  in.  (1 .27  mm)  thick.  Specimens  0  5 
n  (12.7  mm)  wide  and  1 1  in  (280  mm)  long  were  cut  from  the  strips 
parallel  to  the  rolling  direction  and  were  grain  coarsened  by  heat 
treating  them  at  1050'C  for  1  h  in  an  atmosphere  of  nitrogen  and 
subsequently  water  quenching  them  Test  specimens  were  prepared 
by  milling  the  boat  'mated  specimens  to  gauge  lengths  of  2  in  (50  8 
mm)  and  widths  of  178  in.  (3.18  mm).  They  were  then  prestrained  to 
5%  elongation  (in  air),  using  an  lnstronf  tensile  tester.  The  final 
preparation  of  the  specimens  involved  sequential  sanding  with  240-, 
320-,  400-,  and  600-grit  papers,  degreasing  with  acetone,  washing 
with  distilled  water,  and  drying  with  methanol.  The  prepared  speci¬ 
mens  were  mounted  in  a  rubber  stopper  with  R.T.V.'  silicone  rubber 
and  masked  with  the  silicone  rubber  tto  avoid  failure  at  and  above  the 
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liquid-vapor  interface),  leaving  a  5-cm-gauge-length  portion  un¬ 
masked.  The  mounted  specimens  were  allowed  to  cure  for  a  day  in 
a  desiccator. 

Table  2  shows  the  tensile  strength,  0.2%  offset  yield  strength 
and  percent  elongation  determined  using  the  Instron  tensile  tester 
after  the  above  treatments  of  the  specimens. 

Test  procedures 

Hydrogen-charging  experiments  were  performed  at  ambient 
conditions,  in  a  glass  cylindrical  cell,  with  the  tensile  specimen 
uniaxially  loaded  by  a  cantilever  arrangement.3,4  Variation  in  the 
experimentation  consisted  of  obtaining  different  amounts  of  creep 
exhaustion  by  loading  in  air  in  situ  (in  the  cell)  prior  to  the  hydrogen 
charging.  In  this  way,  the  specimen  would  be  under  different  initial 
transient  strain  rates  during  hydrogen  charging.  The  loading  was 
uniaxial,  corresponding  to  90%  of  the  0.2%  offset  yield  strength  of  the 
heat-treated  alloy.  The  choice  of  this  level  of  stress  is  based  on  the 
fact  that  dislocations  become  mobile,  but  bulk  yielding  will  not  occur, 
and  the  alloy  can  withstand  this  level  of  constant  load  for  years  under 
pure  mechanical  loading  conditions.  Elonga*'on  vs  time  was  moni¬ 
tored  using  a  dial  gauge  and  an  appropriately  designed  timing  device. 
The  dial  gauge  measured  dellection  of  the  cantilever  beam,  and  from 
the  ratio  of  the  arms  ot  the  cantilever,  the  specimen  elongation  was 
determined.3  Since  specimen  elongation  was  uniform  throughout  the 
gauge  length  during  creep  exhaustion,  strain  and  strain  rate  were 
directly  determined  from  the  gauge  length  and  elongation  of  the 
specimen. 

The  specimen  was  hydrogen  charged  galvanostatically  at  a 
current  density  of  100  mA/cm2.  with  a  cylindrical  platinum  gauze 
serving  as  the  counter  electrode.  The  charging  solution  was  5% 
sulfuric  acid  with  additions  of  2  g/L  of  arsenic  trioxide  acting  as  a 
promoter  of  hydrogen  entry  into  the  specimen.  The  solution  was 
deaerated  by  bubbling  nitrogen  gas  continuously. 

The  time-to-failure  was  recorded  by  a  timing  device  and  the 
tailed  specimens  were  frautuyraphically  examined  with  a  scanning 
electron  microscope  (SEM). 
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TABLE  1 

Chemical  Composition  of  26-1 S  (wt%) 


c 

N 

Cr 

Mo 

Ni 

Cu 

Ti 

Nb 

0.02 

0.068 

26<a) 

1<a> 

0.25 

0.07 

0.49 

0.003 

^Indicates  nominal  composition. 


TABLE  2 

Mechanical  Properties  (Longitudinal)  of  26-1 S 


Property 

Mill  Annealed 

1 050°C/1  h— Water  Quenched,A) 

+  5%  Prestrained 

VS 

(ksi) 

55 

61 

(0.2%  offset) 

(MPa) 

(379) 

(421) 

TS 

(ksi) 

76 

78 

(MPa) 

(524) 

(538) 

Elongation  (%) 

26 

12 

(A,Exposed  for  1  h  at  1050°C  and  water  quenched. 


Results 

The  decay  of  the  specimen  creep  (strain)  rate  as  a  function  of 
time  at  the  constant  load  (corresponding  to  90%  of  the  yield  strength) 
is  shown  in  Figure  1,  exhibiting  the  normal  room-temperature 
(logarithmic)  creep  behavior.  Increasing  amounts  of  creep  exhaus¬ 
tion  prior  to  hydrogen  charging  provided  lower  initial  transient  strain 
rates  during  hydrogen-charging  conditions.  Figure  2(a)  shows  the 
time-to-failure  as  a  function  of  the  initial  strain  rate  (i.e.,  the  peak 
strain  rate  at  the  instant  of  hydrogen  charging).  It  is  obvious  that  the 
time-to-failure  by  HE  was  enhanced  with  decreasing  initial  strain  rate. 
For  example,  the  specimen  having  an  initial  strain  rate  of  about  10'5 
s"'(i.e.,  without  any  creep  exhaustion  prior  to  hydrogen  charging- 
see  also  Figure  1 )  failed  in  fewer  than  3  h  in  a  brittle  manner,  whereas 
the  specimen  having  an  initial  strain  .ate  of  about  7  x  to*10  s'1 
(after  creep  exhaustion  for  100  h)  failed  after  13  h.  However,  at  strain 
rates  below  about  2  x  10’10  s'1  (corresponding  to  500  h  of  creep 
exhaustion),  additional  creep  exhaustion  did  not  improve  the  failure 
time  any  further  (Figure  2(a)].  It  is  interesting  to  note  that  although  the 
cumulative  strain  increased  with  increasing  amounts  of  creep  ex¬ 
haustion,  the  time-to-failure  did  not  decrease  as  would  be  expected; 
rather,  the  time-to-failure  increased  (Figure  2(b)], 

To  obtain  an  understanding  of  how  the  creep  exhaustion  is 
increasing  the  time-to-failure,  fractographic  analysis  was  performed. 
Figures  3(a)  through  (d)  show  the  change  in  the  failure  mode  with 
increasing  amounts  of  creep  exhaustion  (or  decreasing  peak  tran¬ 
sient  strain  rates).  When  there  was  no  creep  exhaustion,  i.e.,  when 
the  loading  and  hydrogen  charging  commenced  simultaneously 
(corresponding  to  the  highest  peak  transient  strain  rate  of  about  1 0" 5 
s'  ’  shown  in  Figure  1  for  almost  zero  lime  of  creep  exhaustion),  the 
failure  mode  was  predominantly  intergranular  fracture,  as  illustrated 
in  Figure  3(a).  That  the  hydrogen  embrittlement  cracks  in  26-1 S 
originate  at  the  grain  boundaries  was  shown  before  and  was 
attributed  to  the  trapping  of  hydrogen  by  segregated  nitrogen  and  TiC 
precipitates  at  or  near  the  grain  boundaries.5  With  increasing  creep 
exhaustion  time  (i.e.,  with  prior  loading  in  the  cell  in  air  for  a  period 
of  lime  before  the  commencement  of  hydrogen  charging  correspond¬ 
ing  to  a  lower  peak  transient  strain  rate,  for  example,  of  about  10"9 
s ~ 1  shown  in  Figure  1  for  50  h  of  creep  exhaustion),  the  failure  mode 
progressively  changed  from  intergranular/cleavage  (Figure  3(b)]  to 
cleavage/ductile  rupture  [Figuies  3(c)  and  (d)]. 


Time  of  Creep  (sec) 

FIGURE  1— Transient  strain  rate  as  a  function  of  time  of  creep 
for  26-1S  (1050'C/1  h-water  quenched  +  5%  prestrained)  at 
room  temperature. 


Discussion 

During  transient  creep  (under  constant  load),  strain  rate  de¬ 
creases  steadily  as  a  function  of  time  (Figure  1)  as  a  result  of  strain 
hardening  (or  strengthening)  effects  offsetting  recovery  processes 
(i  e.,  as  moving  dislocations  encounter  obstacles  such  as  grain 
boundaries  and  are  immobilized).  The  peak  strain  rate  (i.e.,  the  strain 
rate  at  the  commencement  of  hydrogen  charging)  is  therefore  varied 
with  different  amounts  of  prior  loading  or  creep  exhaustion.  Both  the 
time-to-failure  plot  (Figure  2)  and  the  fractographs  (Figures  3(a) 
through  (d)]  clearly  indicated  the  beneficial  effects  of  creep  exhaus¬ 
tion  on  HE  resistance  The  occurrence  of  a  particular  fracture  mode 
and  transition  in  that  mode  depend  on  the  stress  intensity  (K).  With 
increasing  K,  the  fracture  path  will  change  from  intergranular  to 
transgranular  and  to  ductile  rupture.67  Several  factors  may  be 
involved  in  determining  the  fracture  path.  For  transgranular  cracking, 
the  availability  of  activated  slip  systems  plays  an  important  role. 
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Cross-slip  processes  can  be  inhibited8  (i.e.,  strain  can  be  localized 
because  of  hydrogen  trapped  by  segregated  impurities  at  various 
defects,  such  as  P  and  S  segregated  to  gram  boundaries7-9'"),  which 
will  then  make  intergranular  fracture  (which  can  occur  at  low  K 
values)  possible.  This  is  clearly  demonstrated  in  the  fractograph 
shown  in  Figure  3(b),  where  islands  of  intergranular  fracture  are 
interspersed  with  cleavage  and  ductile  rupture  areas.  The  mixed 
mode  behavior  (i.e.,  cleavage  and  ductile  rupture)  is  also  apparent  in 
Figures  3(c)  and  (d)  and  is  a  clear  indication  of  the  phenomenon  of 
strain  localization  by  hydrogen.  It  should  be  kept  in  mind  that  the 
fast-fracture  process  is  ductile  rupture,  as  in  pure  mechanical 
failures,  and  intergranular  failure  occurs  because  of  hydrogen  embrit¬ 
tlement.  Presence  of  interstitials  such  as  nitrogen,  which  traps 
hydrogen  well,’2  increases  hydrogen  absorption  at  grain  boundaries 
and  thus  increases  susceptibility  to  HE  in  26-1  S.s 


b  Initial  Cumulative  Strain,  € 

FIGURE  2— (a)  Time-to-fallure  as  a  function  of  initial  strain  rate 
(i.e.,  the  peak  strain  rate  at  the  instant  of  hydrogen  charging 
under  stress,  just  after  creep  exhaustion)  at  room  temperature 
for  26-1  S(1050°C/1  h-water  quenched  +  5%  prestrained),  and 
(b)  time-to-fallure  as  a  function  of  Initial  cumulative  strain  (I.e., 
the  total  strain  at  the  instant  of  hydrogen  charging  under  stress, 
just  after  creep  exhaustion)  at  room  temperature  for  26-1 S 
(1050X/1  h— water  quenched  +  5%  prestrained). 

While  the  peak  transient  strain  rate  was  very  important  in 
determining  the  time-to-failuro  by  HE,  the  total  strain  did  not  seem  to 
affect  It.  With  increasing  creep  exhaustion,  the  total  strain  accumu¬ 
lated  in  the  specimen  increased,  but  the  severity  of  HE  did  not.  This 
is  somewhat  contradictory  to  what  is  simplistically  expected  but  does 
not  necessarily  rule  out  a  strain  effect.  Perhaps  increased  strain  and 
associated  dislocation  morphologies  may  be  beneficially  mitigating 


hydrogen  cracking.  Certainly,  the  peak  transient  strain  rate  operating 
at  the  commencement  of  hydrogen  charging  was  the  important 
factor,  and  since  it  decreased  with  increasing  creep  exhaustion,  the 
severity  of  HE  also  decreased.  Since  the  strain  rate  controls  slip 
processes  and  dislocation  motion,  cne  could  rationalize  that  the 
strain  rate  and  hydrogen  concentration  at  a  specific  location  combine 
to  cause  strain  localization  and  local  plastic  instability,  causing 
cracking  to  occur.13-14 

Summary  and  Conclusions 

(1)  Various  amounts  of  creep  exhaustion  were  given  to  grain- 
coarsened  and  prestrained  26-1 S  alloy  specimen,  by  loading  in 
situ  at  90%  of  the  yield  strength  prior  to  exposure  to  sulfuric  acid 
solution  under  cathodic  charging  conditions.  Increasing  amounts 
of  creep  exhaustion  increased  the  time-to-failure  of  the  speci¬ 
men  by  HE. 

(2)  Analysis  of  the  creep  exhaustion  results  shows  that  the  time-to- 
failure  by  HE  depended  on  the  strain  rate,  but  not  on  the  total 
strain  undergone  by  the  specimen;  thus,  it  is  the  peak  transient 
strain  rate  that  is  important  in  HE.  However,  strain  effect  cannot 
be  ruled  out  since  increased  strain  and  dislocation  morphologies 
may  have  some  beneficial  effect  on  hydrogen  cracking,  which  is 
not  simplistically  expected. 

(3)  The  HE  fracture  modes  of  the  specimens  changed  from  inter¬ 
granular/cleavage  to  cleavage/ductile  rupture  with  increasing 
creep  exhaustion,  i.e.,  decreasing  peak  transient  strain  rates. 

(4)  A  critical  factor  in  HE  was  the  peak  transient  strain  rate,  in 
addition  to  the  concentration  of  hydrogen  at  the  embrittling  sites. 
The  fractographs  suggested  that  strain  localization  and  local 
plastic  instability  because  of  hydrogen  were  the  causes  of  HE. 
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FIGURE  3-SEM  fractographs  of  26-1S  (1050’C/1  h-water  quenched  +  5%  prestrained) 
hydrogen  charged  under  stress  after  creep  exhaustion  for  a  period  of  time:  (a)  0  h,  (b)  10  h,  (c) 
100  h,  (d)  225  h. 


Discussion 

C.L.  Brlant  (General  Electric  R&D,  USA):  Does  the  nitrogen 
at  grain  boundaries  act  as  a  trapping  site  for  hydrogen?  Why  are 
impurities  such  as  nitrogen,  phosphcius,  or  sulfur  necessary  for 
hydrogen  embrittlement? 


R.N.  Iyer:  Hydrogen  by  itself  cannot  act  as  a  sole  embrittling 
agent,  by,  for  example,  pinning  dislocations.  Also,  pure  grain 
boundaries  are  not,  by  themselves,  very  effective  hydrogen  traps. 
But  the  presence  of  impurities  such  as  N,  P,  or  S  can  trap  hydrogen 
by  acting  as  an  effective  solute  pinning  agent  for  dislocations,  for 
example.  Thus,  solute  impurities  can  concentrate  hydrogen  when 
they  are  present  at  grain  boundaries,  causing  hydrogen  embrittle¬ 
ment. 
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Hydrogen  Susceptibility  of  2  1/4Cr-1Mo  and  9Cr  Steels 
The  Role  of  Trapping  Effects 

L.  Coudreuse*  J.  Charles,*  R.  Blondeau,*  and  A.  Cheviet** 


Abstract 

The  hydrogen  embrittlement  susceptibility  of  Cr-Mo  steels  proposed  for  use  in  future  generation  of 
hydrotreating  reactors  has  been  studied.  Tensile  tests  and  fracture  mechanics  tests  have  been 
performed  on  hydrogen-charged  specimens  of  (1)  standard  2  1/4Cr-1Mo  steel,  (2)  vanadium-modified 
2 1/4Cr-lMo  steel,  and  (3)  modified  9Cr  steel  (SA  387  grade  91).  The  influence  of  hydrogen  content  has 
been  analyzed.  It  is  shown  that  vanadium-modified  2  1/4Cr  steel  and  9Cr  steel  present  an  improved 
behavior  compared  to  the  standard  2  1/4Cr-1Mo  steel.  For  the  latter,  a  decrease  of  the  tempering  has 
been  found  beneficial.  The  results  obtained  are  discussed,  and  the  role  of  hydrogen  trapping  is 
underlined:  the  higher  the  trapping,  the  better  the  hydrogen  embrittlement  resistance.  Trapping  is 
increased  by  elements  such  as  vanadium  and  is  influenced  by  the  heat  treatment. 


Introduction 

Cr-Mo  steels  are  commonly  used  for  the  fabrication  of  hydrotreating 
reactors,  which  work  under  high  hydrogen  pressure  at  elevated 
temperature  For  these  steels,  good  creep  resistance  and  a  resis¬ 
tance  to  hydrogen  attack  is  required.’  On  the  other  hand,  large 
quantities  of  hydrogen  may  be  introduced  during  service.  A  part  of 
this  hydrogen  remains  in  the  steel  after  shutdown  operations,  giving 
rise  to  the  risk  of  hydrogen  embrittlement  (HE).2 

Future  generations  of  reactors  will  require  higher  service 
pressure  (P  200  bar)  and  higher  temperature  (T  450°C)  and 
greater  plate  thicknesses.  Therefore,  the  standard  2 1/4Cr-1  Mo  steel 
will  have  to  be  modified  to  yield  thick  plate  material  with  higher  creep 
resistance  and  higher  hydrogen  attack  resistance.  Several  ways  to 
meet  this  lequuement  were  investigated.  0 j  decrease  the  tempering 
temperature  of  the  standard  2  1r4Cr-1Mo  steel,  t2)  use  of  2 
MCr-IMo  steel  modified  by  microalloying  with  (V.  Nb,  Ti,  etc.)  to 
increase  ueep  and  hydrogen  attack  resistance,1  or  (3)  use  of  a  steel 
enhanced  by  Cr  •  Nb  and  V  addition,  such  as  SA  387,  grade  91, 9Cr 
steel.4  ’  In  this  paper,  HE  susceptibility  of  different  Cr-Mo  steels  is 
investigated.  Fracture  mechanics  tests  and  tensile  tests  have  been 
performed  on  hydrogen-precharged  specimens. 


Experimental  Procedure 


Material 

Tests  were  performed  on  four  Cr-Mo  steels.  Theso  comprised 
two  heats  of  2 1/4Cr-1Mo  steels  called  A  and  B,  a  modified  9Cr  steel 
(C).  and  a  modified  2  1/4Cr-1Mo  steel  (V  addition,  Steel  D).  The 
chemical  compositions  were  given  in  Table  1.  Steels  A,  B.  and  C 
were  industrial  heats,  while  Steel  D  was  a  laboratory  heat.  The  steels 
have  been  studied  for  different  tempering  temperatures  (or  PWHT), 
which  are  reported  in  Table  2  with  the  mechanical  characteristics 
obtained. 

‘Creusot-Loire  Industrie,  CRMC,  BP  56, 71202  Le  Creusot,  France. 
"Creusot-loire  Industrie.  Chateauneuf  plant,  BP  68. 42800  Rive  de 
Gier,  France. 


Evaluation  of  Hydrogen  Embrittlement 
Susceptibility 

The  effect  of  hydrogen  on  ductility  has  been  studied  by  tensile 
tests  on  smooth  specimens.  Reduction  of  the  area  of  hydrogen- 
charged  specimens  (RAC)  is  compared  to  the  reduction  of  the  area  of 
uncharged  specimens  (RAUC).  The  susceptibility  is  given  by  the 
following  index: 

F%  =  [(RAUC  -  RAC)/  RAUC]  x  100  (1) 

The  higher  the  F  value,  the  higher  the  susceptibility  of  the  steel  io  HE. 

The  threshold  for  crack  propagation  (KIH)  was  obtained  using 
the  slow  rising  load  technique  on  hydrogen-precharged  specimens." 

Fatigue  precracked  specimens  with  side  grooves  were  charged 
in  an  autoclave  Conditions  for  hydrogen  charging  were  450C  for  16 
h  under  variable  hydrogen  pressure  to  yield  different  hydrogen 
concentrations  After  charging,  the  specimens  were  rapidly  cooled  to 
room  tomperature,  and  the  fracture  mechanic  test  immediately 
performed  The  test  procedure  was  automated  with  the  loading  rate 
fixed  at  5  pm/min  The  test  was  stopped  when  the  maximum  of  tho 
strain-displacement  curve  was  obtained.  The  specimen  was  then 
fractured  at  low  temperature,  and  the  hydrogen  content  was  mea¬ 
sured  using  part  of  the  specimen.  The  threshold  for  crack  propaga¬ 
tion  (K,h)  was  computed  from  the  comparison  of  the  curve  of  the 
charged  specimen  with  a  reference  curve  for  an  uncharged  specimen 
(Figure  1).  The  JMAX  value  was  measured  at  the  maximum  load;  this 
value  can  be  correlated  to  the  tearing  resistance  of  a  hydrogen- 
charged  material.  The  signification  of  Jmax  is  the  same  as  the  CTOD 
values  measured  on  flexion  specimens  (BS  5762). 

Results  and  Discussion 

Effect  of  hydrogen  on  ductility 

The  effect  of  hydrogen  on  the  loss  of  ductility  is  shown  in  Figure 
2,  where  the  evolution  of  the  F%  index  is  plotted  against  hydrogen 
content  for  Steels  B  and  D  and  for  several  tempering  conditions.  For 
a  given  hydrogen  content,  the  F  values  are  lower  for  Steel  D  (0.25  V 
steel).  This  shows  the  positive  influence  of  a  0.25%  V  addition.  Effect 
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of  tempering  treatment  has  also  been  investigated;  it  appears  that  the 
loss  of  ductility  is  less  important  for  the  steels  with  the  lower 
tempering  temperature. 


TABLE  1 

Chemical  Compositions  of  Steels  Studied  (wt%) 


Steel 

A 

t<A>=300 

B 

t  =  55 

C 

t=300 

D 

C 

0.141 

0.135 

0.105 

0.132 

S 

0.002 

0.003 

0.0025 

0.002 

p 

0.006 

0.007 

0.009 

0.0035 

Si 

0.207 

0.255 

0.43 

0.218 

Mn 

0.565 

0.515 

0.38 

0.659 

Ni 

0.144 

0.250 

0.13 

0.225 

Cr 

2.28 

2.30 

8.26 

2.32 

Mo 

1.04 

1.0 

0.95 

0.97 

V 

— 

— 

0.20 

0.247 

Al 

0.019 

0.017 

0.024 

0.033 

Cu 

0.092 

0.055 

0.08 

0.080 

Sn 

0.006 

0.005 

0.008 

0.01 

— 

— 

+0.020 

+Ti-B 

Nb 


<A,t:  thickness  (mm) 


TABLE  2 

Heat  Treatments  and  Mechanical  Characteristics 


Steel 

Tempering 

YS 

(MPa) 

UTS 

(MPa) 

El% 

RA% 

650°C-20  h 

553 

688 

22 

75 

A 

670°C-20  h 

496 

639 

26 

77 

690°C-20  h 

413 

572 

27 

76 

h 

634 

741 

20 

77 

B 

670°C-7  h 

550 

670 

22 

78 

700°C-7  h 

471 

602 

26 

77 

C 

750°C-8  h 

509 

674 

20 

68 

6354C-7  h 

980 

1076 

16 

66 

D 

685"C-7  h 

595 

700 

20 

75 

700°C-7  h 

570 

675 

21 

77 

Effect  of  hydrogen  on  crack  propagation 
Steels  A,  8,  and  C.  Results  of  fracture  mechanics  tests  for 
Steels  A,  B,  and  C  are  shown  in  Figures  3  and  4,  where  the  evolution 
of  the  parameters  K,H  and  JMAX  vs  the  hydrogen  content  are  reported. 
The  following  points  can  be  noted; 

(1)  The  K,h  and  Jm**  values  decrease  with  increasing  hydrogen 
content. 

(2)  K,h  and  JMAX  values  are  higher  for  the  9Cr  steel  (steel  C).  Crack 
propagation  in  the  presence  of  hydrogen  is  more  difficult  in  the 
9Cr  steels  than  in  the  standard  2  1/4Cr-1Mo  steels. 

(3)  For  Steel  A.  no  significant  difference  exists  between  the  670!’C 
and  690’C  tempering  treatments,  while  a  tempering  at  650’C 
seems  to  have  a  beneficial  effect.  A  large  scatter  is  observed  in 
KU(  values  (Figure  3)  This  can  be  due  to  the  experimental 
technique  and  to  the  fact  that  the  experimental  conditions  at  the 
fatigue  crack  tip  are  not  well  known. 


© 

© 

© 
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Reference  curve  ,  uncharged  specimen. 

Stress/displacement  curve  lor  the  hydrogen  charged  specimen 
J=!(d)  curve  computed  from  curve  2 
Point  when  Kjh  is  computed 


kIH  = 


(5)  Computation  of  JMAX 

FIGURE  1— Determination  of  K,„  and  JMAX,  principle  of  the 
experimental  technique. 


RESULTS  OF  FX  TEST 


FIGURE  2— Results  of  tensile  tests  on  hydrogen-charged  spec¬ 
imens  (Steels  B  and  D). 


Steel  D.  The  behavior  of  Steel  D  t2  1/4Cr-1  Mo-0.25  V)  is 
different  from  the  other  steels.  The  uncharged  reference  specimens 
fractured  in  a  brittle  mode,  the  initial  toughness  of  the  steel  was  low, 
and  the  behavior  of  Steel  D  was  not  affected  by  the  presence  ol 
hydrogen.  There  is  no  difference  between  the  curve  of  the  reference 
sample  and  the  curve  of  the  hydrogen-charged  sample  (Figure  5). 
The  J  values  measured  at  fracture  are  given  in  Table  3,  where  it  can 
be  seen  that  there  is  no  correlation  between  J  and  hydrogen  content 
because  of  the  brittle  fracture  of  the  specimens. 
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FIGURE  4— JMAX  values  vs  hydrogen  content. 


Fracture  surface  observations.  Fracturo  modes  were  (ound 
to  depend  on  hydrogen  content  and  on  tho  steel  (Figure  6).  For  Steels 
A  and  B.  a  quasicleavage  modo  ol  Iracruro  is  dominant  at  low 
hydrogen  contents,  the  proportion  o!  intergranular  fracture  increasing 
with  increasing  hydrogen  content.  For  Steel  C,  most  of  tho  fracture 
surface  is  ductile  with  only  some  areas  of  quasicleavago  in  evidence. 
A  small  zone  of  quasicleavago  is  observed  near  tho  fatigue  crack  tip. 
On  Steel  D.  only  a  small  zone  of  ductile  fracture  is  observed  boforo 
tho  final  brittle  fracture.  For  tho  latter,  there  is  no  difference  between 
tho  modo  of  fracture  of  hydrogen-charged  specimens  and  uncharged 
specimens. 


Discussion— The  Role  of  Trapping  Effects 

It  is  generally  accepted  that  the  HE  susceptibility  of  steels 
increases  with  increasing  mechanical  strength  and  that  brittle  mate 
rials  are  more  susceptible  than  ductile  materials  to  HE.  The  present 
results  are  at  variance  with  this  criteria.  The  2  1/4Ct-1Mo-0.25  V 
steel,  which  was  the  most  brittle  of  the  steels,  was  not  affected  by 


hydrogen  during  fracture  mechanics  tests.  The  steels  tempered  at 
low  temperature  with  the  higher  mechanical  strength  showed  lower 
ductility  losses  during  tensile  tests.  In  fact,  the  results  are  not 
contradictory.  In  this  study,  steels  are  compared  at  a  given  hydrogen 
concentration,  while  steels  usually  are  compared  at  a  given  external 
hydrogen  activity.  Hydrogen  content  of  the  steel  depends  on  trapping 
capacity  of  steels.  For  example,  trapping  capacities  of  different 
Cr-Mo  steels  are  compared  in  Figure  7.  To  obtain  this  data,  small 
specimens  (1 0  by  1 0  by  20  mm3)  were  exposed  in  an  N  ACE  solution9 
saturated  with  H2S  for  24  h.  Diffusible  hydrogen  was  then  determined 
by  performing  a  degassing  at  45°C  in  a  glycerin  bath.  The  residual 
hydrogen  (i.e.,  trapped  hydrogen)  was  determined  by  vacuum 
degassing  at  650°C.  Results  show  that  both  diffusible  hydrogen  and 
trapped  hydrogen  depend  strongly  on  the  composition  and  the  heat 
treatment  of  the  steel.  Trapping  is  more  important  for  the  highly 
alloyed  materials  and  for  the  low-temperature  tempering  treatment. 
The  question  arises  whether  hydrogen  susceptibility  must  be  com¬ 
pared  at  a  given  hydrogen  concentration  or  at  a  given  hydrogen 
activity.  In  the  present  case,  steels  must  be  compared  for  a  given 
hydrogen  concentration,  since  during  service,  hydrogen  is  introduced 
at  elevated  temperatures  (a  450°C),  where  trapping  effects  do  not 
occur. 


Results  presented  in  this  paper  can  be  explained  by  considering 
the  trapping  capacities  of  the  different  steels.  From  Figure  7  it  can  be 
seen  that  trapping  is  more  important  in  Steel  D  than  in  Steel  B.  Figure 
8  shows  degassing  rates  for  Steels  A  and  D  (tempering  temperature 
685°C). 


Degassing  is  very  slow  for  Steels  C  and  D,  whereas  for  Steel  A, 
the  degassing  rate  decreases  when  the  tempering  temperature 
decreases.  These  degassing  curves  were  obtained  by  measuring  the 
hydrogen  content  of  hydrogen-charged  specimens  held  for  different 
times  at  room  temperature.  From  this  experiment,  it  can  be  con¬ 
cluded  that  trapping  is  higher  for  the  9Cr  and  the  vanadium 
containing  2  1/4Cr-1Mo  steels  than  for  the  standard  2  l/4Cr-1Mo 
steel.  For  the  latter,  trapping  decreases  as  the  tempering  tempera¬ 
ture  increases.  This  can  be  associated  with  tho  changes  in  the 
number,  distribution,  and  nature  of  precipitated  carbides  as  temper¬ 
ing  temperature  increases.  For  a  given  total  hydrogen  concentration, 
the  HE  susceptibility  is  lower  for  a  material  with  higher  trapping 
capacities.  Hydrogen  introduced  at  elevated  temperatures  is  soluble 
hydrogen.  During  cooling,  part  of  that  hydrogen  is  trapped  at  the 
defects  (inclusions,  carbides,  etc.),  while  the  other  part  remains  in 
solid  solution  in  the  steel  (mobile  hydrogen).  Thus, 

CH2  (Total  hydrogen  concentration)  =  CT  (Trapped  concentration) 
+  Cm  (mobile  concentration)  (2) 

During  testing,  it  can  be  assumed  that  only  tho  mobile  hydrogen 
participates  in  the  embrittlement  by  interaction  with  dislocations 
Therefore,  for  a  given  total  amount  of  hydrogen,  it  is  not  surprising 
that  steets  with  higher  trapping  capacities  are  loss  susceptible  to 
crack  propagation  in  the  presence  of  tiydrogen. 


Conclusion 

Tests  have  been  performed  on  hydrogen-precharged  samples 
to  study  the  influence  of  chemical  composition  and  tempering 
treatment  on  HE  susceptibility  of  Cr-Mo  steels.  It  has  been  shown 
that  (1)  an  Improvement  in  HE  resistance  is  obtained  with  the  9Cr 
steel  and  with  the  vanadium-modified  2  1/4Cr-1Mo  steel,  and  (2)  a 
decrease  of  tempering  temperature  leads  to  an  increase  in  HE 
resistance.  These  results  have  been  explained  by  hydrogen  trapping 
effects.  For  a  given  hydrogen  concentration,  steels  with  the  higher 
hydrogen  trapping  capacities  show  an  improved  resistance  toward 
HE. 
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FIGURE  5 -Steel  D:  fracture  mechanics  test.  Comparison  of  hydrogen-charged  specimen  (H2  -  4.6  ppm)  and  uncharged 
specimen. 


TABLE  3 

Results  of  Fracture  Mechanics  Tests  on  Steel  D 


Tempering 

C»j 

(ppm) 

-^FRACTURE 

(kJ/m2) 

635*C-7  h 

0 

9— K|C 

45  MPaVm 

5.7 

8—  K,c  = 

0 

40  MPaVm 

105 

685"C-7  h 

6.8 

208 

4.6 

264 

3.4 

378 

700’C-7  h 

0 

148 

4.4 

258 
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Discussion 

B.  Pound  (SRI  International,  USA):  The  effect  ol  strong  traps 
on  hydrogen  embrittlement  (HE)  is  based  on  the  rationale  that  lino, 
well-dispersed  traps  are  beneficial  and  large  traps  aro  detrimental. 
The  results  of  Coudrieuse,  et  al„  show  that  carbides  of  elements 
such  as  vanadium,  which  are  lino  and  uniformly  distributed  in  the 
steel  used  by  theso  workers,  improve  the  resistance  to  HE  and  so  are 
consistent  with  this  rationale.  The  detrimental  aspect  ol  this  rationale 
was  illustrated  by  the  results  ol  my  work  on  type  4340  (UNS  G43400) 
steel,  also  presented  at  this  conference,  showing  large  inclusions  to 
be  the  principal  irreversible  traps  in  this  highly  HE-susceptible  alloy. 
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FIGURE  7— Comparison  of  trapping  capacities  of  different  FIGURE  8 -Comparison  of  degassing  curves  for  Steels  A  and  C 
Cr-Mo  steels.  (at  20°C). 
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Liquid-Zinc-Induced  Crack  Propagation 
in  High-Strength  Steels 

K.  Nakasa*  and  M.  Suzawa** 

Abstract 

To  investigate  the  crack  propagation  mechanism  in  liquid  zinc  embrittlement  of  high-strength  steels, 
tensile  tests  with  constant  cross-head  velocity  were  performed  on  precracked  specimens  of  type  4340 
(UNS  G43400)  and  H1 1  steels  in  liquid  zinc  and  in  air.  Unstable  crack  propagation  occurred  at  much 
smaller  loads  in  liquid  zinc  than  in  air  at  all  testing  temperatures  for  H1 1  steel  and  at  71 3“K  for  type  4340 
steel.  The  crack  propagation  velocity  of  H1 1  steel  showed  a  minimum  at  intermediate  temperature.  The 
specimen  tested  in  liquid  zinc  revealed  grain-boundary  fracture,  and  fine  zinc  particles  were  observed 
on  the  fracture  surface,  which  suggested  that  the  adsorption  of  zinc  vapor  to  the  crack  tip  or  tips  was 
the  reason  for  the  unstable  crack  propagation.  The  existence  of  a  minimum  in  the  crack  propagation 
velocity  vs  temperature  relation  was  explained  by  the  decrease  in  the  sticking  coefficient  of  zinc  vapor, 
the  driving  force  for  crack  propagation,  and  the  increase  in  the  frequency  of  zinc  adsorption  with 
increasing  temperature. 


Introduction 

Liquid  zinc  coating  or  galvanizing  has  often  been  used  to  prevent  the 
corrosion  of  steel  structures.  During  the  galvanizing  process,  how¬ 
ever,  crack  propagation  can  occur  from  stress  concentrators  such  as 
sharp  notches  and  surface  cracks  in  weldments  because  of  the 
cooperation  of  thermal  stresses  or  residual  stresses  with  surface 
chemical  reactions  between  the  steel  and  liquid  zinc.  Recently,  high- 
strength  steels  have  been  used  to  decrease  the  weight  of  structures 
and  machine  parts,  but  the  sensitivity  to  liquid  zinc  embrittlement 
tLZE)  increases  with  increasing  strength  levels  of  steels.’ :  In  the 
present  study,  the  crack  propagation  mechanism  in  LZE  of  high- 
strength  steels  was  investigated. 

Experimental  Procedure 

The  materials  tested  were  low-alloy  Ni-Cr-Mo  steel  [type  4340 
(UNS  G43400)]  and  Cr-Mo-W-V  steel  (H1 1 ).  The  type  4340  steel  was 
quenched  from  1 123’K  and  tempered  at  923°K  for  3.6  ks.  The  H1 1 
steel  was  quenched  from  1323°K  and  tempered  at  923°K  foi  5.4  ks 
or  9.0  ks,  which  resulted  in  Rockwell  hardness  (HRC)  of  47  or  43, 
respectively  The  tensile  strength  (uD),  yield  strength  (<rys),  and 
fracture  elongation  (<?)  at  753'K  were  585  MPa,  529  MPa,  14%  for 
type  4340  steel,  and  91 1  MPa,  735  MPa,  14%  for  H1 1  steel  tempered 
for  5  4  ks,  respectively.  Figure  1  shows  the  testing  apparatus.  The 
compact-tension-type  specimen  (72.5-mm  width,  5-mm  thickness, 
38-mm  precrack  length;  refer  to  Figure  6)  was  dipped  into  liquid  zinc 
(99.9%  purity)  in  an  alumina  crucible  for  1.2  ks,  and  the  load  was 
applied  with  constant  cross-head  velocity  (the  deflection  velocity  of 
the  actuator),  x,of  2  *  10~5  m/s.  The  load  P,  measured  by  a  load  ceil, 
and  the  deflection  between  pins  (t\x2).  measured  by  a  clip  gauge, 
were  output  to  an  X-Y  recorder  Especially  in  the  H1 1  steel,  after  the 
load  reached  maximum,  the  crack  or  cracks  propagated  throughout 
the  specimen  width  with  very  high  speed,  so  the  load  vs  time  curve 
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was  recorded  using  a  digital  memory.  The  average  crack  propagation 
velocity  was  calculated  from  the  time  for  load  to  go  to  zero  and  the 
crack  propagation  length  (  specimen  ligament  width,  34.5  mm). 
Because  the  small  scale  yielding  condition  at  the  crack  tip  was 
satisfied  in  liquid  zinc,  the  stress- intensity  factor’’  at  maximum  load 
(Kmax)  was  calculated. 

Results 

Some  examples  of  load  (P)  vs  deflection  between  pins  (Ax2) 
curves  in  liquid  zinc  and  in  air  are  shown  in  Figure  2.  The  crack 
growth  occurred  at  much  smaller  loads  in  liquid  zinc  than  in  air  for 
both  steels.  In  addition,  unstable  crack  propagation  occurred  in  liquid 
zinc  at  713°K  for  type  4340  steel,  although  stable  crack  propagation 
occurred  at  the  temperatures  higher  than  753°K.  For  H11  steel, 
however,  unstable  crack  propagation  occurred  at  all  the  testing 
temperatures  in  liquid  zinc. 

When  unstable  crack  propagation  occurs  in  liquid  zinc,  the 
maximum  stress-intensity  factor  (Kmax)  corresponds  to  the  stress- 
intensity  factor  at  which  crack  growth  occurs  because  the  P  -  Ax2 
curve  is  almost  linear.  The  relations  between  Kmax  and  testing 
temperature  (T)  obtained  for  H1 1  steel  tempered  for  5.4  ks  or  9.0  ks 
are  shown  in  Figure  3.  The  Kmax  in  liquid  zinc  decreases  monoton- 
ically  with  increasing  temperature.  Figure  4  shows  the  relations 
between  temperature  (T)  and  the  crack  propagation  time  after  the 
unstable  crack  propagation  has  occurred.  The  crack  propagation 
time  in  liquid  zinc  shows  a  maximum  at  an  intermediate  temperature. 
The  crack  propagation  time  in  air  is  much  shorter  than  that  in  liquid 
zinc,  and  the  temperature  dependency  of  the  crack  propagation  time 
is  very  different  from  that  in  liquid  zinc.  The  crack  propagation  time  in 
air  is  short  when  Kmax  is  large  (see  Figure  3).  Moreover,  shear 
fracture  occurred  in  air  at  all  temperatures;  i.e.,  the  crack  propagated 
obliquely  to  the  specimen  surface  with  large  plastic  deformation. 

Discussion 

Relationship  of  crack  propagation  velocity,  crack¬ 
branching  pattern,  and  temperature 

Macroscopic  crack  branching  was  observed  at  all  the  testing 
temperatures  for  the  H1 1  steel,  and  only  at  753°K  for  the  type  4340 
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steel.  Figure  5  shows  the  histogram  of  crack  branching  types 
examined  for  the  H11  steel  tempered  for  9.0  ks.  At  a  lower 
temperature  range,  the  higher  frequency  of  crack  branching  is 
recognized,  and  the  well-developed  crack  branching  (type  A  or  B) 
that  starts  directly  from  the  precrack  (shown  in  Figure  6(a)  or  (b)]  is 
often  observed. 

From  Figure  4,  the  relations  between  crack  propagation  velocity 
(v)  in  liquid  zinc  and  temperature  (T)  were  obtained.  The  result  is 
shown  in  Figure  7,  where  the  crack  branching  patterns  are  classified 
with  different  marks.  The  crack  propagation  velocity  reveals  a 
minimum  near  850°K.  Because  such  fast  crack  propagation  and 
crack  branching  have  never  been  observed  for  low-strength  steel 
under  experimental  conditions  similar  to  those  in  the  present 
experiment,4-5  the  unstable  crack  propagation  at  very  small  loads  and 
the  crack  branching  seem  to  be  typical  characteristics  for  LZE  of 
high-strength  steels  only. 


FIGURE  1— Experimental  apparatus. 


FIGURE  2  -  Relationship  between  load  and  deflection  between 
pins. 


FIGURE  3— Relationship  between  temperature  and  maximum 
stress-intensity  factor. 


FIGURE  4— Relationship  between  temperature  and  crack  prop¬ 
agation  time. 

Fractography  at  the  crack  tip 
The  crack  propagation  of  type  4340  steel  and  H1 1  steel  in  LZE 
occurs  along  preaustenite  grain  boundaries.'  Figure  8  shows  an 
example  of  a  fractograph  at  the  tip  of  stopped  branch  crack  of  H1 1 
steel  (tempering  time:  tT  =  9.0  ks).  There  are  many  particles  on  the 
grain  boundaries.  These  were  determined  to  be  zinc  using  an  energy 
dispersive  x-ray  (EDX)  analysis.  Gordon6  has  already  suggested  that 
a  vapor  space  exists  at  the  crack  tip  because  liquid  zinc  cannot 
penetrate  into  the  crack  tip  because  of  its  surface  tension.  Once  the 
crack  tip  is  opened  during  the  test,  it  cannot  be  perfectly  closed  after 
the  test  because  the  crack  opening  caused  by  plastic  deformation 
cannot  be  perfectly  compressed  by  the  elastic  region  around  the 
plastic  region.  It  was  possible,  therefore,  that  the  zinc  vapor  ai  the 
crack  tip  was  cooled  after  the  test  and  adhered  to  the  fracture  surface 
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as  many  particles.  In  addition,  the  zinc  particles  were  large  when  the 
testing  temperature  was  high,  which  corresponded  to  the  fact  that  the 
zinc-vapor  pressure  is  high  at  high  temperature.  For  low-carbon 
steel,  which  reveals  slow,  stable  crack  propagation  in  liquid  zinc,  the 
crack  propagation  occurs  by  grain-boundary  diffusion  of  zinc,2-4-5 
because  a  smooth  intergranular  fracture  surface  exists  in  front  of  the 
surface  on  which  the  zinc  particles  adhere.2  For  H1 1  steel,  where  fast 
c rack  propagation  occurs  in  liquid  zinc,  such  a  smooth  grain¬ 
boundary  fracture  surface  was  not  observed.  Thus,  the  crack 
propagation  mechanism  of  H11  steel  in  liquid  zinc  seems  to  be  that 
the  zinc  vapor  adsorbs  on  the  crack  tip  and  reduces  the  cohesive 
strength  of  the  grain  boundary.  There  seems  to  be  no  fundamental 
difference  in  the  mechanism  between  the  regions  above  and  below 
the  temperature  at  which  the  v  vs  T  curve  reveals  a  minimum 
because  the  fracture  surface  appearances  are  the  same. 
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FIGURE  5— Relationship  between  temperature  and  fraction  of 
branching  pattern. 


FIGURE  6-Crack  branching  patterns  of  H1 1  steel  In  liquid  zinc, 
(a)  T  =  713’K  and  (b)  T  =  753*K. 

Temperature  dependency 
of  crack  propagation  velocity 
Such  high  crack  propagation  velocity  as  is  observed  In  liquid 
zinc  at  all  ol  the  lemperaluros  lor  H 1 1  steel  and  at  T  -  713VK  for  type 
4340  stool  has  been  reported  on  other  liquid  metal-solid  metal 
systems,7  o.g.,  solid  aluminum  alloy  in  liquid  mercury. 

According  to  Figure  3.  the  crack-initiation  load,  or  the  maximum 
stress-intensity  factor  («„*,)  of  H1 1  steel  in  liquid  zinc  decreases 
monotonlcally  with  increasing  temperaturo.  The  reason  for  this 
decrease  is  that  the  increase  in  temperature  causes  an  Increase  in 
the  probability  of  zinc  adsorption  because  of  tho  high  vapor  pressure. 


and  because  of  the  destruction  of  the  protective  film  on  the  crack  tip 
by  eased  plastic  slip.  The  temperature  dependency  of  crack  propa¬ 
gation  velocity  is,  on  the  other  hand,  greatly  different  from  that  of  Kmax 
(see  Figure  7)  There  are  two  factors  that  affect  the  crack  propagation 
velocity  (v)  in  liquid  zinc;  one  is  mechanical  and  another  is  environ¬ 
mental  Because  Kmax  decreases  with  increasing  temperature  (T) 
(Figure  3),  the  driving  force  for  crack  propagation  decreases  with 
increasing  T,  In  addition,  the  sticking  coefficient  of  zinc  vapor 
decreases  with  increasing  T.  By  these  effects,  v  decreases  with 
increasing  T.  On  the  other  hand,  the  zinc-vapor  pressure  increases 
in  proportion  to  about  the  fourth  power  of  T  with  increasing  T.  This 
effect  increases  the  chance  of  zinc  adsorption  and  increases  v  rapidly 
with  increasing  T.  Thus,  the  interaction  of  the  three  factors  brings  out 
the  appearance  of  a  minimum  in  the  v  vs  T  curve.  The  crack 
propagation  velocity  (v)  is  almost  constant  and  not  so  large  at  the 
lower  temperature  range,  although  the  driving  force  for  crack 
propagation  (Kmax)  is  large  (see  Figure  3).  The  reason  seems  to  be 
that  the  limited  adsorption  frequency  of  zinc  vapor  causes  the  crack 
branching,  which  decreases  the  effective  stress-intensity  factor  at  the 
crack  lip;  i.e.,  there  exists  a  "rate-limiting  process”  also  in  LZE,  as 
has  been  reported  on  the  crack  branching  in  stress  corrosion 
cracking  and  hydrogen-assisted  cracking.8,9 


FIGURE  7— Relationship  between  temperature  and  crock  prop 
agatlon  velocity. 


Conclusion 

To  investigate  the  crack  propagation  mechanism  of  high- 
strength  steels  in  LZE.  tensile  tests  with  constant  cross-head  velocity 
were  performed  in  liquid  zinc  and  in  air  on  precracked  specimens  of 
type  4340  and  H11  steels  quenched  and  tempered  at  923aK.  The 
results  obtained  follow. 

(1)  Unstable  crack  propagation  occiured  at  much  smaller  loads 
in  liquid  zinc  than  in  air  at  all  ol  the  testing  temperatures  for  H1 1  steel. 
For  type  4340  steel,  unstablo  crack  propagation  occurred  only  at 
713'’K.  and  stable  crack  propagation  occurred  at  higher  tempera¬ 
tures. 

(2)  Grain-boundary  fracture  occurred  in  liquid  zinc,  and  fine  zinc 
particles  were  observed  on  the  fracture  surface,  which  suggested 
that  the  adsorption  ol  zinc  vapor  to  the  crack  tip  or  tips  was  the  reason 
for  unstable  crack  propagation  along  grain  boundaries. 

(3)  For  H11  steel,  the  stress-intensity  factor  at  the  initiation  of 
crack  growth  decreased  with  increasing  temperature  of  liquid  zinc, 
while  the  crack  propagation  velocity  in  liquid  zinc  decreased  lo  a 
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minimum  near  850°K  and  increased  with  increasing  temperature  T, 
The  large  v  at  lower  T  seemed  to  result  from  the  high  sticking 
coefficient  of  zinc  vapor  and  the  high  driving  force  for  crack 
propagation.  The  large  v  at  higher  T  seemed  to  result  from  high 
zinc-vapor  pressure,  which  resulted  in  a  high  frequency  of  zinc-vapor 
adsorption. 

(4)  Crack  branching  was  often  observed  during  crack  propaga¬ 
tion  in  liquid  zinc.  Well-developed  crack  branching  occurred  when  T 
was  low,  which  suggested  an  upper  limit  of  frequency  of  zinc-vapor 
adsorption  even  if  the  driving  force  for  crack  propagation  is  high. 


FIGURE  8— Fractograph  of  H11  stoel  near  crack  tip  (T  =  793’K). 
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A  Model  for  Transgranular  Stress  Corrosion  Cracking 
in  Austenitic  Stainless  Steel 

S.C.  Jani,*  M.  Marek,*  R.F.  Hochman,*  and  E.l.  Meletis** 

Abstract 

Electron  channeling  studies  show  that  the  transgranular  stress  corrosion  cracking  (TGSCC)  of  type 
304L  (UNS  S30403)  austenitic  stainless  steel  in  MgCI2  is  crystallographic,  with  brittle  crack  propagation 
occurring  primarily  on  {100}  planes  with  some  secondary  cracking  on  {110}  planes.  Transmission 
electron  microscopy  investigations  show  that  the  deformation  mode  at  small  distances  (a  few  pm)  from 
the  fracture  surface  is  entirely  coplanar  (inhomogeneous),  while  at  large  distances  the  slip  morphology 
becomes  homogeneous.  It  is  widely  recognized  that  hydrogen  may  be  the  embrittling  species  in  chloride 
cracking  in  austenitic  stainless  steels,  and  an  atomistic  hydrogen-induced  cleavage  model  is  proposed 
in  light  of  the  experimental  results  of  this  investigation.  The  model  is  based  on  the  reduction  of  the 
stacking  fault  energy  in  the  hydrogen  affected  region  in  front  of  the  crack  tip  and  the  formation  of 
Lomer-Cottrell  supersessile  locks  in  this  region.  This  model  is  consistent  with  many  phenomenological 
observations  of  TGSCC  in  the  austenitic  stainless  steel-chloride  stress  corrosion  system. 


Introduction 

A  great  deal  of  research  has  been  devoted  to  determining  the 
merhamsmts)  of  stress  corrosion  cracking  (SCC)  in  engineering 
alloys.  However,  no  one  model  can  account  for  the  phenomenolog¬ 
ical  observations  ot  all  known  instances  of  SCC,  and  the  mechanism 
of  cracking  may  vary  from  system  to  system. 

Transgranular  stress  corrosion  cracking  (TGSCC)  ot  face- 
centered  cubic  {tcc)  metals  and  alloys  has  posed  a  serious  challenge, 
because  SCC  in  these  otherwise  ductile  alloys  has  shown  brittle 
fracture  characteristics.  Austenitic  (fee)  stainless  steels  fSSs)  are 
notorious  tor  their  susceptibility  to  TGSCC  in  the  presence  ot  the 
chloride  ion  (Cl")  containing  environments.'  As  a  result,  a  major 
thrust  in  recent  years  has  been  to  characterize  the  crystallography  of 
TGSCC  of  austenitic  SS  because  it  offers  a  unique  opportunity  to 
evaluate  the  mechanisms  ot  the  phenomenon.  These  studies  have 
shown  that  crack  propagation  occurs  primarily  on  »100j  planes  by  a 
microcleavage  process,  i.e.,  crack  propagation  is  mechanically 
driven  as  opposed  to  chemically  driven.'  However,  this  is  not  to  say 
that  the  electrochemical  processes  occurring  at  an  advancing  orach 
tip  play  no  role  in  the  crack  propagation  events.  This  will  be  further 
amplified  in  a  later  section. 

The  onus  then  is  for  workers  in  this  area  to  determine  the  exact 
mechanism  that  can  account  for  the  phenomenological  observations 
of  cracking.  To  this  end,  the  present  study  was  conducted  to 
characterize  the  dislocation  substructure  of  TGSCC  of  type  304L 
(UNS  S30403)  SS  in  MgCI2,  which  would  provide  an  insight  into  the 
micromechanisms  of  the  phenomenon. 

Experimental 

Cylindrical  single  crystals  of  typo  304L  SS  were  tested  for 
TGSCC  m  45  wt%  MgCI2  at  155’C  as  described  previously.7  The 
testing  was  conducted  under  static  tension  of  15  ksi  {103  MPa). 

‘Georgia  Institute  of  Technology,  School  of  Materials  Engineering, 
Atlanta,  GA  30332-0245. 

“Louisiana  State  University,  Mechanical  Engineering  Department, 
Materials  Engineering  Group,  Baton  Rouge,  LA  70803. 


which  was  below  the  nominal  yield  stress  of  16  ksi  (110  MPa).  The 
chemical  composition  of  the  steel  was  18.7  wt%  Cr,  9.43%  Ni,  1 .56% 
Mn,  and  0.025%  C,  with  the  balance  being  Fe.  The  pH  of  this  solution 
is  about  4  5 The  corrosion  potential  was  not  monitored  in  this  study. 

The  deformation  substructure  was  characterized  by  transmis 
sion  electron  microscopy  (TEM).  Thin  foils  of  the  tested  alloys  were 
obtained  from  the  fracture  surfaces  and  at  various  known  depths 
under  the  fracture  surfaces.  To  prepare  electron  transparent  thin 
foils,  0.127  mm  thick  wafers  were  initially  cut  at  various  distances 
from  the  fracture  surfaces.  A  slow  cutting  rate  (0.25  mm, ’min)  and 
continuous  water  cooling  were  used  to  minimize  deformation  induced 
during  cutting. 

Disks  of  3  mm  diameter  were  punched  from  the  wafers  using  a 
punch  and  die  set.  The  disks  were  then  thinned  to  electron  trans 
parency  by  electropolishing  in  a  solution  containing  92.5  vol%  glacial 
acetic  acid  and  7.5  vol%  perchloric  acid  at  a  temperature  of  15  ’C  and 
a  voltage  of  25  V.  Electropolishing  was  conducted  on  a  Tenupol'  2 
^Struers)  using  both  the  1  jet  and  the  2  jet  techniques.  Thin  foils  of  the 
fiacture  Surface  were  prepared  using  the  1  jet  technique,  electropo 
lishmg  from  the  surface  opposite  the  fracture,  while  foils  from  the 
interior  of  the  sample  were  prepared  by  the  2-jet  technique.  TEM  of 
these  samples  was  performed  at  100  KeV  in  a  JEOL*  TEM  100C 
microscope. 

Results  and  Discussion 

The  deformation  substructure  observed  at  the  fracture  surface 
and  at  various  depths  under  the  fracture  surface  varied  considerably. 
Only  coplanar  deformation  was  observed  at  the  fracture  surface 
(Figure  1).  The  deformation  in  foils  made  2  mm  under  the  fracture 
surface  was  completely  homogeneous,  as  seen  in  Figure  2.  Marten¬ 
sitic  features,  t-martensite  [hexagonal  closed  packed  vhcpj]  and 
«-martensite  [body-centered  cubic  (beejj,  were  observed  at  interme 
diato  depths  of  about  1  mm  under  the  fracture  surface  ^Figures  3  and 
4,  respectively). 

The  logical  conclusion  that  can  be  drawn  from  the  observed 
deformation  modes  at  various  locations  in  reference  to  the  crack 
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plane  is  that  the  stacking  fault  energy  (SFE)  immediately  ahead  of  the 
crack  tip  is  much  lower  than  at  larger  distances  further  from  the  crack 
front,  because  a  low  SFE  promotes  coplanar  slip.  Further,  it  has  been 
shown  that  all  early  deformation  in  austenites  is  coplanar,  and  a 
transition  to  cellular  arrays  occurs  only  at  larger  strains.4  Since  the 
largest  strains  would  be  expected  at  the  crack  tip,  the  SFE  must  have 
been  lowered  there  to  produce  the  results  observed. 

The  SFE  in  a  small  region  in  front  of  the  crack  tip  appears  to 
have  been  lowered  below  the  nominal  value  by  the  presence  of  the 
environment.  An  environmental  species  that  has  been  reported  to 
reduce  the  SFE  of  austenite  is  hydrogen.66  Since  hydrogen  forma¬ 
tion  and  discharge  occurs  readily  in  TGSCC  of  austenitic  SS,’  q  it  is 
logical  to  conclude  that  hydrogen  from  the  corrosion  reaction 
participates  in  the  cracking  process.  A  model  of  the  process  by  which 
hydrogen  affects  TGSCC  follows. 


FIGURE  1— Parallel  slip  traces  showing  planar  deformation  at 
the  fracture  surface. 


FIGURE  2-Homogeneous  dislocation  arrays  seen  2  mm  under 
the  fracture  surface. 

A  model  for  crack  propagation 

Tho  model  proposed  here  for  TGSCC  of  austenitic  SS  is  based 
on  tho  effect  of  hydrogen  on  tho  SFE  of  austenite.  The  idea  that 
TGSCC  susceptibility  is  linked  to  the  SFE  of  the  alloy  dates  back  to 
tho  work  of  Robertson  and  Tetelman  reported  in  1962.'°  The  present 
model  is  essentially  a  modification  of  their  original  idea. 

It  is  proposed  here  that  atomic  hydrogen  from  the  «»;:.vUic 
reduction  reaction  diffuses  to  a  small  region  ahead  ^a  few  ,i.mj  of  an 
existing  crack  tip,  creating  a  ‘hydrogen  affected  region'  ,HAR, 
where  tho  SFE  is  lowered  [Figure  5(a)].  Since  cross  slip  is  restricted 
in  low  SFE  austenites,  only  planar  slip  occurs  on  intersecting  (111, 
planes  in  the  HAR  (Figure  5(b)]  and  results  in  the  formation  of 
Lomer  Cottrell  (L  C)  supersessile  dislocations.  L  C  locks  that  lie  on 
[100[  planes  [Figure  5(c)]  act  as  obstacles  to  further  slip,  resulting  in 
high  stresses  directed  normal  to  the  {100}  plane.  At  a  critical  value  of 


stress,  the  (100,  plane  within  the  ligament  between  the  obstacle  and 
the  existing  crack  tip  will  cleave  as  shown  in  Figure  5(d).  After  the 
extension,  the  same  series  of  events  will  be  repeated  again. 

As  stated  earlier,  the  model  for  transgranular  crack  propagation 
presented  here  is  a  variation  of  the  Robertson  and  Tetelman1  n  model. 
They  considered  that  crack  propagation  is  associated  with  enhanced 
chemical  reactivity  of  L-C  locks,  which  leads  to  the  formation  of 
cylindrical  cavities  along  the  L-C  lock  dislocation  lines.  They  postu¬ 
lated  that  these  cavity  dislocations  act  as  traps  for  dislocations  gliding 
on  the  original  slip  planes,  thereby  creating  a  crack  nucleus.  They 
concluded,  as  we  do,  that  this  process  is  most  favored  in  low  SFE 
materials.  The  novel  aspe-i  of  the  model  proposed  in  the  present 
work  is  that  the  SFE  is  lowered  by  an  environmental  species, 
specifically  hydrogen,  which  further  aids  in  the  format.,  n  and  stability 
of  L-C  locks.  It  should  also  be  noted  that  since  our  model  does  not 
consider  the  chemical  react  vty  of  L-C  locks,  these  barriers  do  not 
have  to  originate  or  terminate  at  an  external  surface  in  physical 
contact  with  the  environment. 


FIGURE  3— Dark  field:  (0111)  micrographs  of  e-martensite 
needles  in  foil  prepared  0.5  mm  under  the  fracture  surface. 


FIGURE  4— High-resolution  micrograph  of  twinned  a'-marten- 
slto  seen  In  foil  prepared  1  mm  under  the  fracture  surface. 

Evaluation  of  model 

This  model  predicts  crystallographic,  cleavage-like  cracking  that 
has  been  widely  observed  for  austenitic  So.?4e"  The  cracking 
plane  predicted  in  such  a  model  would  depend  on  the  number  of 
dislocations  piled  up  against  the  L-C  lock  on  each  of  the  two  (111, 
planes,  and,  if  an  equal  number  are  piled  up,  the  fracture  plane  would 
be  ,110,  or  ,100,.  This  is  in  excellent  agreement  with  observed 
cracking  planes.’ 4  6  ”  The  model  also  predicts  discontinuous  crack 
propagation,  as  has  been  the  general  observation”  14  in  most  SCC 
of  300  series  SSs. 


542 


EICM  Proceedings 


In  this  model,  the  rate-dotermining  step  is  the  diffusion  of  atomic 
hydrogen,  produced  by  the  cathodic  reduction  of  hydrogen  ions.  The 
activation  energy  for  hydrogen  permeability  in  austenitic  SS  approx¬ 
imately  60  kJ/mol,15  which  compares  favorably  with  the  activation 
energy  of  65  kJ/mo!  for  Stage  II  cracking  of  type  316  (UNS  S31600) 
SS  in  boiling  MgCI2.16  In  addition,  Pugh  has  shown  that  the  bulk 
diffusivity  of  hydrogen  accounts  for  hydrogenation  to  a  depth  that 
corresponds  to  the  observed  crack  advance  distance,  Ax  per 
cracking  event,  for  a  discontinuous  crack  propagation  process.'3  17 
The  model  predicts  Ax  to  be  on  the  order  of  the  spacing  between  slip 
traces  on  the  fracture  surface.  This  study  showed  the  mean  slip  trace 
spacing  to  be  approximately  0.5  pm  (Figure  1).  This  is  in  excellent 
agreement  with  the  observed  values  for  Ax  of  0.5pm12  and  0.3  pm 
for  the  near-  threshold  region  and  1  pm  for  Stage  II  cracking18  in  type 
310  (UNS  S31000)  SS. 
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FIGURE  5— Physical  presentation  of  the  "hydrogen-induced 
cleavage”  model:  (a)  hydrogen  diffusion  to  areas  of  high  triaxial 
stress  and  formation  of  a  hydrogen-affected  region;  (b)  slip  on 
intersecting  slip  planes  In  front  of  the  crack  tip;  (c)  dislocation 
pile-up  at  the  Lomer-Cottrell  lock;  and  (d)  cleavage  crack  joining 
the  main  crack  front. 

Crack  branching  is  frequently  observed  in  this  SCC  system2  and 
can  be  readily  accounted  for  by  this  model  as  follows.  Crack 
extension  proceeds  microscopically  in  the  opposite  direction  to  the 
macroscopic  extension  by  the  joining  of  L-C  lock  sites  with  the 
pre-existing  crack.  This  coalescence  can  very  well  occur  in  the  wake 
region  of  the  crack  if  the  L-C  lock  is  not  formed  directly  in  front  of  the 
crack  tip,  resulting  in  the  formation  of  a  branched  network. 

Increasing  the  nickel  content  of  SS  has  been  shown  to  impart 
higher  resistance  to  TGSCC.'9  For  this  model,  those  observations 
can  be  explained  on  the  basis  of  the  tendency  of  nickel  to  increase 
the  SFE  of  austenite.20"22  Since  the  mechanism  of  the  formation  of 
L-C  locks  requires  glide  of  pure  edge  or  edge  components  of 
dislocations,  cracks  nucleated  at  emergent  screw  dislocations  are 
not  expected  to  propagate.  This  has  been  verified  in  the  work  of 
Silcox  and  Swann.7 

It  should  be  noted  that  some  anodic  dissolution  on  freshly 
exposed  crack  surfaces  (passivation)  is  necessary,  since  it  is  directly 
associated  with  the  production  of  atomic  hydrogen.  Tho  rato  of 
repassivation  of  the  slip  steps  is  still  expected  to  play  an  important 
role,  as  discussed  by  Scully.5 

Although  tho  corrosion  potential  was  not  monitored  in  this  study, 
published  data  on  this  system23  show  that  the  corrosion  potential  of 
strained  specimens  was  below  the  hydrogen  equilibrium,  considering 
the  acidic  solution  at  the  crack  tip.3  The  fresh  metal  surface  of  the 
emerging  slip  steps  tends  to  be  polarized  anodically  by  the  surround¬ 
ing  filmed  surfaces,  but  an  IR  drop  would  maintain  the  local  potential 
below  the  hydrogen  equilibrium,  even  if  the  specimen  were  anodi¬ 
cally  polarized  Observations  of  hydrogen  gas  evolution  from  stress 
corrosion  cracks  confirm  that  hydrogen  ions  are  reduced  at  tho  crack 
tip.6"8 

Any  model  of  SCC  of  austenitic  SS  in  chlorides  that  depends  on 
hydrogen  entry  seems  to  be  in  conflict  with  the  reports  showing  crack 
arrest  by  cathodic  polarization24  or  the  existence  of  a  minimum 


potential  for  cracking.25  However,  the  observed  effect  of  polarization 
may  be  attributed  to  the  changes  in  the  repassivation  kinetics.  It  has 
been  shown  that  susceptibility  to  SCC  is  often  at  maximum  in  narrow 
potential  regions  of  surface-film  instability.26  The  propagation  of 
stress  corrosion  cracks  in  this  system  thus  may  require  a  specific 
combination  of  conditions,  including  the  strain  rate  at  which  fresh 
metal  surface  is  exposed  at  a  certain  rate,  local  solution  chemistry  of 
high  acidity  and  chloride  concentration,  and  a  potential  at  which  both 
hydrogen  ions  are  reduced  and  the  repassivation  occurs  at  a  critical 
rate. 

Conclusion 

Based  on  the  observed  damage  substructure  of  TGSCC  of  type 
304  SS  in  boiling  MgCI2,  it  is  proposed  that  the  hydrogen  from  the 
cathodic  reduction  reaction  diffuses  into  the  area  of  high  triaxial 
stress  in  front  of  a  pre-existing  crack  tip  (a  few  pm),  creating  a 
hydrogen-affected  region  (HAR).  The  hydrogen  in  the  HAR  lowers 
the  SFE  of  the  austenite.  The  formation  and  stability  of  Lomer-Cottrell 
supersessile  locks  will  be  favored  in  this  low  SFE  region.  Under  the 
influence  of  stress,  a  microcrack  is  nucleated  in  the  HAR  at  the  head 
of  a  dislocation  pile-up  associated  with  a  L-C  lock,  with  subsequent 
cleavage  occurring  on  a  {100}  or  Jl  10}  plane.  The  cleavage  crack  for 
each  cracking  event  will  join  up  with  the  main  crack  front  and  the 
process  will  be  repeated.  This  model  is  consistent  with  many 
phenomenological  observations  of  TGSCC  in  this  system. 

References 

1 .  R.M.  Latanision,  R.W.  Staehle,  Fundamental  Aspects  of  Stress 
Corrosion  Cracking  (Houston,  TX.  National  Association  of 
Corrosion  Engineers,  1969),  p.  214. 

2  E.I.  Meletis,  R.F.  Hochman,  Corros.  Sci.  24(1984):  p.  843. 

3  M  Marek.  R  F.  Hochman,  Corrosion  26,  1(1970).  p.  5. 

4  D.J.  Burr,  Corros.  Set.  5(1965).  p.  733. 

5  J  C  Scully,  The  Theory  of  Stress  Corrosion  Cracking  in  Alloys 
(Brussels,  Belgium.  North  Atlantic  Treaty  Organization,  1971), 
p.  127. 

6.  M.R.  Louthan,  M.L.  Holzworth,  Fundamental  Aspects  of  Stress 
Corrosion  Cracking  (Houston,  TX:  NACE,  1969),  p.  303. 

7  J.M  Silcox,  P.R.  Swann,  Mechanisms  of  Environment  Sensi¬ 
tive  Cracking  of  Metals  (Warrendale,  PA.  The  Metallurgical 
Society,  1977),  p.  66. 

8  D.  Eliezer,  D.G.  Chakrapam,  C.J.  Allstetter,  E.N.  Pugh,  Metall. 
Trans.  A.  10A(1979):  p.  935. 

9  J  A  Honkasalo,  H.E.  Hanninen,  Mechanisms  of  Environment 
Sensitive  Cracking  of  Materials  (Warrendale,  PA.  TMS,  1977), 
p.  83. 

10  HD  Robertson,  A.S.  Tetelman,  Strengthening  Mechanisms  in 
Solids  (Metals  Park,  OH:  ASM  International,  1962),  p.  217. 

11  A  J  Bursle,  E  N  Pugh,  Mechanisms  of  Environment  Sensitive 
Cracking  of  Materials  (Warrendale,  PA.  TMS,  1977),  p.  471. 

12  MT  Hahn.  E.N.  Pugh,  Corrosion  36,  7(1980).  p.  380. 

13.  E.N.  Pugh,  Corrosion  41,  9(1985):  p.  517. 

14.  N.  Nielson.  J.  of  Mater.  5(1970):  p.  794. 

15.  M.R.  Louthan,  R.G.  Derrick,  Corros.  Sci.  15(1975):  p.  567. 

16.  A.J.  Russel,  D.  Tromans,  Metall.  Trans.  A  12A(1981):  p.  613. 

17.  E.N.  Pugh,  Atomistics  of  Fracture  (Now  York,  NY:  Plenum 
Press,  1983),  p.  997. 

18  J I  Dickson,  D.  Groulx,  L.  Shigiong,  D.  Tromans.  Mater.  Sci. 
Eng.  94(1987):  p.  155. 

19  HR  Copson.  Physical  Metallurgy  of  Stress  Corrosion  Fracture 
(New  York,  NY:  Interscience,  1959),  p.  247. 

20.  P.R.  Swann,  Corrosion  19,  3(1963):  p.  102. 

21.  D.L.  Douglass,  G.  Thomas,  W.R.  Roster,  Corrosion  20,  1 
(1964):  p.  15. 

22.  C.J.  Novak,  Handbook  of  Stainless  Steels  (New  York,  NY: 
McGraw-Hill,  1977),  p.  4.1. 

23  T  P.  Hoar,  J.M.  West,  Proc.  of  Roy.  Soc.  A  268(1 962);  p.  304. 

24  B.E.  Wilde,  C.D.  Kim,  Corrosion  28,  9(1972).  p.  350. 

25  R  L  Shamakian,  A.R.  Troiano,  R.F.  Heheman,  Environment- 
Sensitive  Fracture  of  Engineering  Materials  (Warrendale,  PA: 
TMS-American  Institute  of  Mining.  Metallurgical,  and  Petro¬ 
leum  Engineers,  1979),  p.  116. 

26.  F.P.  Ford,  Corrosion  Processes  (London.  England:  Applied 
Science  Publishers,  1982),  p.  271. 


EICM  Proceedings 


543 


Stress  Corrosion  Crack  initiation  and  Slip  Parameters 

in  a  Ferritic  Stainless  Steel 

R.N.  Iyer* 

Abstract 

Hot  chloride  stress  cracking  (HCSC)  of  a  26Cr-1Mo  ferritic  stainless  steel  (E-Britet)  was  studied  using 
a  uniaxial  constant-load  fixture,  incorporating  an  appropriate  corrosion  cell  assembly.  The  slip- 
dissolution  mechanism  (SDM)  was  involved  in  the  stress  corrosion  crack  initiation  stage.  The  rate  of 
slip-step  evolution  that  was  responsible  for  the  breakdown  of  the  protective  film  as  well  as  the 
repassivation  rate  were  critical  parameters  in  the  SDM.  Results  showed  that  thermomechanical 
treatments  altered  HCSC  susceptibility  drastically  as  a  result  of  changes  in  slip-step  height  and  slip-step 
density.  A  low-temperature  annealing  treatment  partly  restored  immunity  to  a  HCSC  susceptible  alloy. 

Analysis  showed  that  the  reduction  in  slip-step  height  and  slip-step  density,  a  result  of  recovery 
processes  during  the  low-temperature  treatment,  assisted  in  the  amelioration. 


Introduction 

One  of  the  most  aggressive  environments  experienced  by  alloys, 
such  as  26Cr-1  Mo  ferritic  stainless  steel  (SS),  is  the  hot  chloride  salt 
solution  encountered  in  paper  industries  and  chemical  process 
industries.'-*  Previous  studies  on  a  high-purity  26Cr-lMo  alloy 
(E-Brite)  indicated  that  this  alloy  is  highly  sensitive  to  thermomecha¬ 
nical  treatments  toward  hot  chloride  stress  cracking  (HCSC) 
susceptibility  3  Also,  the  failure  by  HCSC  of  the  ferritic  SS  E  Brite  has 
a  crack  initiation  stage,  which  was  shown  to  occur  by  a  slip- 
dissolution  mechanism  (SDM).4  The  SDM  has  been  studied  in 
detail;5  SDM  occurs  by  the  rupture  of  the  protective  film  on  the  alloy 
surface  as  a  result  of  emerging  slip  steps  when  the  alloy  is  stressed. 
The  film  rupture  exposes  fresh  metal  to  tho  aggressive  solution,  and 
this  bared  metal  dissolves  until  that  region  is  repassivated  by  the 
corrosion  products,  viz.,  oxide  or  hydroxide  film.  The  slip  and 
dissolution  events  have  to  repeat  soveral  times  before  a  local 
occluded  coll  is  formed,5  which  may  be  determined  by  the  attainment 
of  a  critical  IR  drop  at  tho  bottom  of  the  cell 0  7  Coplanarity  of  the  slip 
seems  to  bo  important  for  stross  corrosion  cracking  (SCC)  by  SDM.8 
Since  SDM  is  involved  in  tho  SCC  initiation  of  the  ferritic  SS  in  hot 
chloride  solutions,  slip-step  parameters  will  bo  important  in  deter¬ 
mining  SCC  susceptibility.  In  the  present  investigation,  the  effect  of 
low-tomperaturo  annealing  on  HCSC  has  been  studied  with  a  view 
toward  understanding  tho  importance  of  slip-step  parameters  on  the 
SCC  initiation. 

Experimental 

Materials  and  Preparation 
26Cr  IMo  ferritic  SS.  designated  E-Brite,  was  used  for  this 
study  Table  1  shows  tho  chemical  analysis  for  this  alloy  obtained  as 
annoaled  strips  0.05  in.  (1  27  mm)  thick.  For  details  of  specimen 
preparation,  see  Reference  9.  Hero,  the  tensile  specimens  of  the 
as  received  E  Brite  wero  prestrained  to  5°;  elongation  (in  air),  using 
an  Instron*  tensile  tester. 

•Department  of  Materials  Science  and  Engineering.  Pennsylvania 
State  University,  University  Park,  PA  16C02. 

•Trade  name. 


Table  2  shows  0.2%  offset  yield  strength  determined  using 
Instron  after  each  treatment,  the  average  grain  size  was  20  jv  in  all 
cases. 


Test  Procedures 

HCSC  experiments  were  performed  in  a  glass  cylindrical  cell, 
with  the  tensile  specimen  umaxially  loaded  by  a  cantilever  arrange¬ 
ment  and  having  facilities  for  heating  tho  solution  (by  means  of  heater 
coils  wound  outside  the  glass  cell).4  The  loading  was  uniaxial, 
corresponding  to  90%  of  the  0.2%  offset  yield  strength  of  the 
heat-treated  alloy.  The  choice  of  this  level  of  stress  is  based  on  the 
fact  that  dislocations  become  mobile,  but  bulk  yielding  will  not  occur, 
moreover,  the  alloy  can  withstand  this  level  of  constant  load  for  years 
under  pure  mechanical  loading  conditions.  Also,  this  level  of  stress 
assisted  in  accelerating  the  test  and  in  obtaining  a  high  enough  creep 
rate  and  detectable  slip  steps.  Elongation  of  the  specimen  was 
monitored  as  a  function  of  timo  using  a  dial  gauge  (after  magnifying 
the  elongation  by  the  cantilever  assembly)  and  an  appropriately 
designed  timing  device. 

Slip-step  parameters  were  determined  by  loading  a  polished 
tensile  specimen  of  E-Brite  to  90%  of  the  appropriate  yield  strength 
in  an  inert  environment  of  silicone  oil  at  the  temperature  of  tho  SCC 
test,  i.e.,  at  140°C  for  1  h.  A  high-resolution  scanning  electron 
microscope  (SEM)  (JEOL'-SSCF)  was  found  to  bo  well  suited  to 
observe  and  photograph  the  slip  steps,  since  the  specimen  stage 
could  be  tilted  up  to  60°  with  great  accuracy.  Thus,  the  determination 
of  slip-step  height  and  the  estimation  of  slip-step  density  was  greatly 
facilitated,  especially  sinco  a  largo  fraction  of  the  total  area  could  be 
scanned. 

Tho  solution  used  for  HCSC  experiments  was  42%  lithium 
chloride  with  additions  of  2  g/L  of  thiourea  (added  as  a  poison  for 
hydrogen  evolution  reaction).  SCC  tests  were  conducted  at  freely 
corroding  conditions,  just  near  the  boiling  point  of  this  solution 
(140"Cj  and  the  solution  was  deaerated  by  bubbling  nitrogen  gas 
continuously.  Electrode  potentials  (at  open  circuit)  were  measured 
with  respect  to  a  saturated  calomel  reference  electrode  (SCE) 
connected  through  a  salt  bndge  with  Luggin  capillary  arrangements. 
Prior  to  loading,  the  mounted  specimen  was  exposed  to  the  boiling 
solution  for  15  h,  to  achieve  a  sfeady-state  corrosion  potential. 
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TABLE  1 

Chemical  Composition  of  E-Brite  (wt%) 


c 

N 

Cr 

Mo 

Ni 

Cu 

Nb 

Mn 

Si 

0.002 

0.004 

25.88 

1.05 

0.23 

0.01 

0.12 

0.08 

0.22 

TABLE  2 

Yield  Strength ,  SCC  Initiation  Time,  and  Slip  Parameters  for  E-Brite 


Property 

Mill  Annealed 

5%  Prestrained 

5%  Prestrained  + 
250°C/1  h-AC<A> 

5%  Prestrained  + 
350'C/I  h-AC(A> 

Yield  strength 
(0.2%  offset) 

55  (ksi) 

(379  MPa) 

73.5 

(507) 

70 

(483) 

67 

(462) 

SCC  Initiation  time, 
t|  (min) 

No  failure 
(up  to  15  days) 

14 

2738 

3239 

Slip-step  Height101 
(nm)  (±10) 

40 

150 

70 

50 

Slip-step  density10* 
(#steps/mm)  (±1) 

1 

16 

6 

2 

Slip-step  height*0* 

(nm)  (=1) 

40 

200 

80 

60 

<A)Annealed  at  the  indicated  temperature  (or  1  h  and  air  cooled. 
(OIMeasured  with  a  high-resolution  SEM. 

<c'Measured  with  a  TEM  using  gold-shadowed  carbon  replica. 


SCC  initiation  time  (t;)  was  determined,  as  in  previous 
experiments,4  from  the  elongation  vs  log(t)  plot  by  noting  the  time  at 
which  the  plot  becomes  nonlinear,  i.e.,  when  the  plot  shows  deviation 
from  the  (normal  room  temperature)  logarithmic  creep  behavior.  An 
independent  check  of  t,  is  the  time  at  which  the  corrosion  potential 
(Ecwr)  moves  negatively,4  corresponding  to  the  maximum  in  E^,,  vs 
time  plot.  These  two  independent  determinations  of  t,  have  been 
validated  by  microscopical  observations4  of  the  cross  sections  of  the 
E-Brite  specimens  at  various  stages  of  HCSC  experiments. 


Results 

Both  the  mechanical  behavior  and  the  electrochemical  behavior 
were  monitored  for  HCSC  of  E  Bute  as  a  function  ot  tho  low- 
temperature  annealing  process.  Figure  1  shows  the  elongation  vs 
time  plots  and  Figure  2  shows  tho  corrosion  (open-circuit)  potential 
as  a  function  of  time  for  various  annealing  treatments.  These  plots 
and  Table  2  Indicate  that  the  5%  prestrained  E-Brito  was  fully 
susceptiblo  to  HCSC  (under  freely  corroding  conditions),  failing  in 
about  26  min,  and  the  SCC  crack  initiating  in  about  14  min  after 
loading  the  specimen  in  the  hot  chloride  solution.  The  as-received 
E-Brite  was  immune  under  similar  conditions  of  tho  experiment  and 
no  failure  occurred  even  after  15  days  of  exposure  to  tho  HCSC 
environment.  When  the  5%  prestrained  E-Brite  was  annealed  at 
temperatures  between  200  and  350°C,  some  of  tho  resistance  to  the 
HCSC  was  restored,  with  a  dramatic  effect  occurring  between  200 
and  250“C  of  annealing  (Figures  1  and  2).  This  large  effect  reflected 
mainly  on  the  SCC  initiation  time  (t,)  and  not  on  the  propagation  lime, 
evident  from  Table  2;  but,  between  250  and  350“C  of  annealing,  t,  did 
not  improve  much,  although  the  failure  times  increased  slightly 
further  with  increasing  temperature  of  annealing  between  250  and 
350’C  Increasing  the  annealing  time  also  improved  HCSC  resis¬ 
tance,  as  Figure  1  shows  for  a  12-h  350°C  anneal. 


FIGURE  1- Elongation  vs  time  behavior  during  hot  chloride 
stress  corrosion  of  E-Brite  specimens  given  various  treatments. 


FIGURE  2— Change  In  open-circuit  (corrosion)  potential  vs  time 
behavior  during  hot  chloride  stress  corrosion  of  E-Brite  speci¬ 
mens  given  various  treatments.  Initial  corrosion  potential  = 
—500  mVSCE. 
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Analysis  and  Discussion 

It  is  now  clear  that  the  SCC  initiation  in  E-Brite  under  HCSC 
conditions  occurs  by  a  SDM,  and  that  annealing  at  temperatures 
between  200  to  350°C  increases  the  SCC  initiation  time  toward  that 
of  the  mill-annealed  alloy,  with  a  drastic  change  in  t,  occurring 
between  200  and  250°C  (Table  2)  Therefore,  one  might  suspect  that 
the  slip-step  parameters  involved  in  the  SDivl  could  have  altered 
considerably  when  the  5%  prestrained  E-Brite  was  annealed  in  the 
low-temperature  regime  Independent  determinations  of  the  slip-step 
parameters  (i  e ,  slip-step  height  and  density)  by  loading  polished 
tensile  specimens  in  hot  silicone  oil  and  examining  them  with  the 
high-resolution  SEM  show  the  slip  steps  for  the  5%  prestrained 
E-Brite  (Figure  3(a)]  and  that  for  slip  steps  subsequently  annealed  at 
350°C  for  1  h  (Figure  3(b)].  As  noted  earlier,  these  conditions  exactly 
simulated  the  mechanical  factor  of  HCSC  and  eliminated  the 
corrosion  factor.  Slip-step  densities  were  estimated  by  statistical 
examination  of  the  slip  steps  at  different  a  eas  of  the  specimen  and 
using  the  intercept  method  commonly  employed  in  the  estimation  of 
dislocation  densities. 


b 


FIGURE  3— SEM  micrographs  showing  slip  stops,  obtained  by 
the  application  of  constant  load  (90%  of  the  yield  strength)  for  1 
h  In  silicone  oil  at  140’C,  of  E-Brite  specimens,  given  various 
treatments:  (a)  5%  prestrained  and  (b)  5%  prestrained  +  350'C 
anneal  for  1  h. 

Table  2  displays  the  values  of  slip  step  height  and  density  after 
various  treatments  of  E  Brite  Slip  step  heights  measured  with  the 
high  resolution  SEM  agreed  well  with  independent  determinations 


using  the  well-known  replica  technique,  which  involves  carbon¬ 
coating  and  gold-shadowing  procedures  to  observe  slip  steps  with  a 
transmission  electron  microscope  (TEM),10  these  values  are  also 
given  in  Table  2.  Observations  of  the  slip  steps  with  the  SEM  and  with 
the  TEM  indicated  that  the  slip  steps  are  fairly  coplanar. 

The  relationship  between  the  slip-step  parameters  and  the  SCC 
initiation  time  (t,)  is  shown  in  Figure  4.  The  observations  of  the  drastic 
change  in  t,  correlate  well  with  the  large  reduction  in  slip-step  height 
and  density  at  25CTC  of  annealing  vs  the  5%  prestrained  E-Brite. 
Figure  4  thus  shows  that  critical  values  of  the  slip-step  parameters 
may  be  involved  for  the  SCC  initiation  by  SDM. 

Slip  Step  Density  (*steps/mm) 

0  4  8  12  16  20 


FIGURE  4— SCC  initiation  times  as  functions  of  slip-step  height 
and  density  for  hot  chloride  stress  corrosion  of  E-Brite  speci¬ 
mens  given  various  treatments  (as  in  Table  2). 


For  the  SDM  to  operate  for  SCC  initiation,  the  process  of  slip 
and  dissolution  events  must  repeat  consecutively  several  times.5 
This  process  has  been  observed  in  a  previous  investigation  of  HCSC 
of  E-Brite.4  Thus,  once  the  protective  film  is  ruptured  by  a  slip  event, 
continued  evolution  of  slip  steps  is  necessary  to  counteract  repas¬ 
sivation  that  occurs  after  each  dissolution  event.  Staehle  has 
concluded  that  SCC  will  occur  by  SDM  only  for  an  intermediate 
repassivation  rate  of  the  alloy,  since  at  rapid  repassivation  no 
significant  penetration  can  occur,  and  at  negligible  repassivation  the 
extent  of  dissolution  will  be  so  great  as  to  be  essentially  a  pitting 
phenomenon.5  Thus,  ttie  rate  of  slip-rupture  process  and  the 
repassivation  rate  are  critical  parameters  in  SDM,  and  the  slip  steps 
must  emerge  continuously  to  keep  up  with  the  repassivation  process. 
In  Figure  5,  the  continuous  emergence  of  slip  steps  resulting  from 
creep  ol  the  alloy  is  clearly  demonstrated.  Thus,  a  mechanism  exists 
by  which  the  film  can  be  ruptured  continuously  to  counteract  the 
process  of  repassivation  after  each  dissolution  event. 

The  repassivution  of  the  local  active  regions  of  the  alloy  will 
depend  on  the  electrochemical  process  of  film  reformation,  occurring 
as  a  result  of  corrosion  products  adhering  to  the  walls  of  the  cells,  and 
would  be  a  function  of  the  applied  anodic  potential,  solution  chem¬ 
istry,  etc.  When  the  alloy  is  polarized  anodically  from  the  freely 
corroding  potential,  the  repassivation  rate  would  be  much  less,  so  the 
required  rate  of  slip-step  emergence  (for  SDM  to  operate)  would  also 
be  less  These  are  corroborated  by  the  previous  results  on  HCSC  of 
E-Brite,  showing  faster  SCC  initiation  at  more  anodic  potentials.3-4 
Thus,  a  critical  condition  for  SCC  initiation  to  occur  by  the  SDM  could 
be  written  as  follows:  (dh/dt)^  =  (dR/dt),  where  (dh/dt)min  =  the 
minimum  required  rate  of  slip-step  evolution  and  (dR/dt)  =  the 
repassivation  rate  at  a  particular  applied  potential.  The  importance  ot 
slip  coplanarity  has  also  been  pointed  oat  for  SDM.8 


EICM  Proceedings 


547 


Slip  Step  Height  (nm) 


Time  or  Creep  (min) 


FIGURE  5— Slip-step  height  and  density  as  functions  of  time  of 
creep  for  5%  prestrained  E-Brite  loaded  to  90%  yield  strength  in 
silicone  oil  at  140°C. 

In  light  of  the  foregoing  discussion,  the  plots  in  Figure  4  can  be 
understood  in  terms  of  the  prevailing  repassivation  rate  at  the  freely 
corroding  condition  For  example,  SCC  will  not  occur  if  the  slip-step 
heights  are  less  than  40  nm  when  the  alloy  is  subjected  to  freely 
corroding  conditions  in  the  hot  chloride  solution  (Figure  4).  However, 
if  the  alloy  is  anodically  polarized  in  the  hot  chloride  solution,  smaller 
slip-step  heights  would  be  sufficient  to  cause  SCC  by  SOM.  So,  even 
the  mill-annealed  alloy  (having  a  slip-step  height  of  40  nm)  will 
become  susceptible  to  HCSC;  this  result  is  supported  by  previous 
observations.3,1 

Thus  far,  we  have  seen  that  the  rate  of  (coplanar)  slip-step 
evolution  and  the  rate  of  repassivation  both  control  the  SCC 
susceptibility  as  far  as  initiation  by  SDM  is  concerned.  But,  the  role 
of  slip-step  density  as  a  provider  of  (statistically)  enough  sites  for 
SCC  initiation,  and  thus  a  multiple  number  of  cracks,  should  not  be 
ignored  This  is  apparent  from  the  observed  involvement  of  multiple 
cracks  in  SCC,4  with  the  final  failure  occurring  by  the  linking  of  these 
multiple  cracks  At  present,  however,  the  actual  role  of  slip-step 
density  and  the  importance  of  multiple  cracks  for  failure  by  SCC  are 
not  fully  understood. 

Summary  and  Conclusions 

(1)  Low-temperature  annealing  in  the  range  of  200  to  350  C  and 
increasing  annealing  times  in  this  temperature  range  improved 
the  SCC  initiation  time  of  E-Brite  in  the  HCSC  environment.  The 
most  significant  improvement  occurred  for  annealing  tempera¬ 
tures  botweon  200  and  250  C. 


(2)  Slip-step  parameters,  i.e.,  slip-step  height  and  density,  were 
determined  using  a  high-resolution  SEM,  and  the  trends  of  these 
parameters  correlated  quite  well  with  the  observations  of  im¬ 
proved  SCC  initiation  time,  including  the  result  showing  that  the 
major  improvement  of  SCC  initiation  time,  occurring  between 
200  and  250°C  of  annealing,  is  because  of  the  decrease  in 
slip-step  height  and  density. 

(3)  The  critical  parameters  for  the  SDM,  causing  SCC  initiation, 
were  rationalized  to  be  repassivation  rate  and  the  rate  of 
slip-step  evolution. 
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Study  of  Transgranuiar 
Stress  Corrosion  Crack  Propagation 
in  Austenitic  Steels  by  Load-Pulsing  Method 

V.  Desai,  F.  Friedersdorf,  and  T.  Shaw* 

Abstract 

The  load-pulsing  method  was  used  to  study  transgranuiar  (TG)  stress  corrosion  crack  propagation  in 
austenitic  stainless  steels  exposed  to  boiling  aqueous  magnesium  chloride  (1 54°C)  and  aqueous  lithium 
chloride  (130°C).  Small  overload  pulses  were  periodically  superimposed  on  an  otherwise  constant  lead 
during  crack  propagation,  which  results  in  plastic  blunting  of  the  crack  front.  The  time  interval  between 
pulses  (At)  varied  from  2  to  200  s,  and  the  corresponding  spacing  between  crack-front  markings  (CFMs) 
(Ax)  was  measured  by  scanning  electron  microscopy.  The  spacing  (Ax)  decreased  linearly  with 
decreasing  time  interval  (At)  from  200  to  5  s.  The  slope  ol  this  line  gave  the  velocity  of  crack  propagation 
as  6.5  x  1(T8  m/s  in  magnesium  chloride  at  154°C.  For  time  intervals  below  5  s,  the  smallest  spacing 
between  CFMs  of  0.4  urn  was  recorded.  These  results  were  taken  to  indicate  that  the  TG  crack 
propagation  in  this  alloy  is  discontinuous  with  the  crack-arrest  time  of  5  s  and  a  crack-advance  distance 
of  0.4  pm  per  event.  Similar  tests  in  the  lithium  chloride  environment  at  130'C  indicate  a  crack-arrest 
time  of  5  s  and  a  crack-advance  distance  of  0.3  pm  per  event.  It  is  concluded  that  the  load-pulsing 
method  can  provide  accurate  information  about  TG  crack  propagation. 


Introduction 

The  transgranuiar  (TG/  stress  corrosion  crack  is  widely  believed  to 
propagate  discontmuously  by  environment-induced  cleavage.’  2  The 
mechanism  by  which  environmental  interaction  causes  cleavage- 
type  fractures  in  ductile  alloys  is  not  well  established  yet,  and  several 
possible  mechanisms  are  being  put  forward.’  The  objective  of  this 
investigation  was  to  delineate  and  define  the  TG  crack  propagation 
parameters.  Periodic  overload  pulses  on  an  otherwise  constant  load 
during  TG  crack  propagation  have  been  found  to  delineate  crack- 
tront  positions  on  the  fractured  surface  by  plastic  blunting  of  the  crack 
tip.-5  These  crack-front  markings  (CFMsj  are  discernible  under  the 
scanning  electron  microscope  (SEM), 

The  load-pulsing  technique  was  first  used  by  Beavers  and 
Pugh3  to  study  the  TG  cracking  ol  Admiralty  metal  in  aqueous 
ammonia,  it  was  observed  that  the  CFMs  wero  perpendicular  to  the 
serrated  steps  (also  known  as  river  or  tan  patterns/  separating  tiro 
primary  cleavago  facets,  as  would  be  expected  in  conventional 
cleavage.  A  one-to-one  correspondence  between  the  CFMs  and  load 
pulsing  was  aiso  observed,  leading  to  the  calculation  of  crack 
propagation  rate,  in  a  later  detailed  study  on  the  same  system  by 
Slattery.  Smn,  and  Pugn,4  it  was  found  that  the  Stage  II  velocity 
deduced  by  the  toad-pulsing  technique  was  mgner  than  that  deduced 
by  conventional  techniques.  This  was  explained  on  the  basis  that  the 
retarding  effect  of  gram  boundaries  on  crack  propagation  would  not 
be  a  factor  in  the  load-pulsing  method,  because  the  velocity  is 
deduced  Irom  the  parallel  CFMs  within  a  single  grain. 

Pulsing  experiments  have  also  been  conducted  on  type  310 
(UNS  Sul 000)  austenitic  stainless  steel  (SS /  by  Hahn  and  Pugh5  in 
boiling  aqueous  magnesium  chloride  at  154  C.  Results  from  tins 
study  indicated  that  the  spacings  between  CFMs  decreased  linearly 
with  the  decrease  in  pulsing  intervals  until  At  reached  15  s.  Below  a 
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At  of  15  s,  linearity  between  Ax  and  At  was  not  observed.  Another 
significant  finding  was  that  for  At  below  15  s,  there  were  fewer 
markings  than  pulses.  This  was  taken  to  indicate  that  the  natural 
crack  arrest  time  (At*)  is  about  15  s,  so  that  more  than  one  pulse  was 
applied  to  the  crack  front  while  it  was  waiting  to  advance.  Such  a 
breakdown  in  one  to  one  correspondence  was  not  observed  in 
Admiralty  metal  even  at  2  s  pulsing  intervals.5  Earlier  work  at  the 
National  Institute  of  Standards  and  Technology*’’  on  type  316L  (UNS 
S31603)  SS  has  also  failed  to  establish  a  breakdown  in  the 
one  to  one  correspondence  between  CFMs  and  pulses  at  pulsing 
intervals  of  5  s.®  However,  the  linearity  between  the  CFM  spacings 
(Ax)  and  the  time  interval  between  pulses  (At)  was  lost  below  At  of  25 
s.  At  tho  point  of  linearity  breakdown,  the  spacing  between  CFMs  was 
minimum  (0.7  pm).  These  values  were  taken  to  indicate  the  natural 
crack  advance  distance  (Ax')  and  crack  arrest  time  (At‘),  respec¬ 
tively.  The  crack  advance  distance  (Ax‘)  was  in  good  agreement  with 
the  spacing  of  0.9  pm  observed  between  crack-arrest  markings 
(CAMs)  obtained  by  the  slow-strain  rate  (SSR)  test.  CAMs  are 
produced  because  of  natural  crack  blunting  during  the  arrest  periods 
of  a  discontinuously  propagating  crack  and  are  more  discernible  on 
fracture  surfaces  produced  by  SSR  tests.  It  therefore  appeared  that 
the  value  of  the  natural  crack  advance  distance  could  be  determined 
by  tho  load  pulsing  method  even  though  the  one-to-one  correspon 
dence  between  pulses  and  CFMs  does  not  break  down. 

The  present  work  was  conducted  on  type  316  (UNS  S31600) 
austenitic  SS  in  boiling  aqueous  magnesium  chloride  at  154°C  and 
aqueous  lithium  chlorido  at  130°C.  The  primary  objective  of  this  work 
was  to  study  the  efficacy  of  the  load  pulsing  method  in  establishing 
At*.  Ax*,  and  the  Stage  II  crack  propagation  rate  in  TG  stress 
corrosion  cracking. 
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Experimental  Procedure 

Specimens  used  in  this  study  were  prepared  from  annealed 
type  316  austenitic  SS.  The  composition  of  the  steel  is  given  in  Table 
1.  The  mechanical  properties  are  listed  in  Table  2.  The  smooth 
cylindrical  tensile  test  type  specimens  were  prepared  by  turning  0.79- 
cm  (5/16-in.)  bar  stock  to  0.63-cm  (1/4-in.)  bar  stock  with  a  gauge 
length  of  1  in.  (2.54  cm)  and  gauge  diameter  of  0.42  cm  (0.165  in.). 


TABLE  1 

Chemical  Composition 
of  Type  316  (UNS  S3 1600)  SS 


Element 

Weight  Percent 

C 

0.052 

Mn 

1.68 

P 

0.027 

S 

0.024 

Si 

0.60 

Cr 

17.07 

Ni 

12.96 

Mo 

2.01 

Fe 

Balance 

TABLE  2 

Mechanical  Properties 
of  Type  316  (UNS  S31600)  SS 

Yield  Strength  (0.2%  offset) 

262  MPa  (38,000  psi) 

Ultimate  Tensile  Strength 

572  MPa  (83,000  psi) 

%  Elongation  (2  in.) 

61% 

%  Area  reduction 

75.2% 

Load-pulsing  tests 

The  load-pulsing  tests  were  performed  in  boiling  aqueous 
magnesium  chloride  at  154*'C  and  aqueous  lithium  chloride  at  130'C. 
The  tests  were  conducted  in  a  custom-designed  corrosion  cell  made 
from  a  glass  cylinder  with  Teflon*  (PTFE)  end  plates  at  the  top  and 
the  bottom.  The  top  plate  had  openings  for  a  temperature  sensor  and 
the  addition  of  the  solution.  A  heating  tape  wound  around  the  glass 
cylinder  maintained  the  required  temperature  w"hm  a  1C.  An 
aluminum  clamp  kept  the  two  Teflon  end  plates  pressed  against  the 
glass  to  avoid  any  leakage.  The  salt  concentrations  were  kept 
constant  by  condensing  the  vapors  back  into  the  corrosion  cell. 

A  base  load  of  2700  N  (600  lb)  was  applied  through  a  hydraulic 
servoloop  universal  testing  machine  (MTS)  and  a  178-N  *40-lb> 
overload  pulso  was  applied  at  regular  time  intervals.  The  time  interval 
between  pulsing  was  varied  from  2  to  200  s  in  the  case  of  magnesium 
chloride  solution  and  from  2  to  25  s  in  the  case  of  lithium  chloride 
solution  A  signature  pulse  consisting  of  two  values  of  At  grouped 
together  in  a  regular  sequence  was  applied  to  several  specimens  to 
ascertain  whether  or  not  a  one-to-one  correspondence  existed 
between  CFMs  and  pulses  for  tho  selected  At  values. 

The  failed  specimens  were  quickly  removed  from  the  corrosion 
cell,  rinsed  with  water,  ultrasonically  cleaned  in  acetone  and  dried 
with  hot  air  The  fracture  surfaces  were  observed  with  a  SEM  pjEOL* 
model  T-300). 

Slow-strain-rate  tests  on  type  316  steel  in  MgCi2 

SSR  tests  were  independently  conducted  in  boiling  aqueous 
magnesium  chloride  at  154JC.  Tho  specimen  geometry  and  the 
corrosion  cell  set-up  were  identical  to  those  used  in  the  load-pulsing 
tests.  The  puipose  of  running  the  SSR  tests  was  to  identify  CAMs  on 


*Trade  name. 


stress  corrosion  facets  so  that  comparisons  could  be  made  with  Ax*, 
determined  by  the  load-pulsing  method.  Several  specimens  were 
tested  under  SSR  conditions  in  the  range  of  5  x  I0~7to2x  I0~6per 
second  Fractured  specimens  were  examined  using  the  SEM  to 
detect  CAMs. 

Results 

Tests  in  magnesium  chloride 
Examination  o'  the  fracture  surface  under  SEM  indicated 
several  separate  stress  corrosion  cracks  running  inward,  leading  to 
final  overload  fracture.  The  CFMs  were  clearly  visible  at  a  number  of 
locations,  and  they  ran  approximately  perpendicular  to  the  “river 
pattern."  A  typical  fracture  surface  is  illustrated  in  Figure  1.  The 
fracture  was  predominantly  TG  exhibiting  a  typical  cleavage-like 
morphology. 


FIGURE  1  —Scanning  electron  photomicrograph  of  the  transgran- 
ular  stress  corrosion  fracture  surface  with  parallel  crack-front 
markings  produced  by  load  pulsing  In  a  type  316  (UNS  S31600) 
steel  specimen  exposed  to  aqueous  magnesium  chloride. 


Ttie  spacing  between  CFMs  was  measured  from  micrographs 
of  tangle  cleavage  facets  positioned  approximately  normal  to  the 
electron  beam.  The  CFMs  were  predominantly  found  close  to  the 
overload  fracture  region.  Howevei,  the  spaemgs  appeared  fairly 
constant,  indicating  a  Stage  II  behavior.  Figures  2  and  3  illustrate 
characteristic  CFMs  on  TG  stress  corrosion  fracture  surfaces  lor  At 
values  of  3  s  and  50  s,  respectively.  To  determine  the  Ax  vs  At 
variation,  two  to  six  areas  with  clear  CFMs  were  photographed  Irom 
two  to  four  specimens  for  every  value  of  At.  Tho  value  of  Ax  was 
calculated  for  each  At  by  simply  measuring  the  length  ol  the  fractured 
facet  showing  clear  CFMs  and  dividing  it  by  the  number  ol  CFMs 
contained  within  that  length.  The  values  of  Ax  with  standard 
deviations  corresponding  to  each  At  aro  tabulated  in  Table  3.  The 
resulting  Ax  vs  At  variation  is  plotted  in  Figure  4  using  linear 
regression  analysis.  A  linear  relationship  seems  to  hold  lor  At  -5  s. 
Below  a  5  s  time  interval,  Ax  seems  to  rise  a  little  and  then  tall  or 
plateau  out  at  about  0.4  pm,  as  shown  in  Figure  5.  This  behavior 
seems  to  indicato  that  At*  is  5  s  and  Ax*  is  0.4  pm  for  type  316  steel 
in  aqueous  magnesium  chloride  at  154“C.  The  velocity  of  crack 
propagation  measured  by  the  slope  of  tho  Ax  vs  At  above  At  of  5  s 
is  6.5  x  i(r8  m/s. 

Tho  results  of  the  signature  pulsing  indicated  that  one-to-one 
correspondence  between  the  CFMs  and  number  of  pulses  does  not 
break  down  even  at  At  equal  to  2  s.  Figure  6  shows  a  micrograph  of 
signature  pulsing  that  grouped  2  pulses  at  20  s  each  and  4  pulses  at 
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4  s  each.  One-to-one  correspondence  between  pulsing  and  CFMs  is 
clearly  evident.  This  is  consistent  with  at  least  two  previous  studies, 
in  which  the  one-to-one  correspondence  seemed  to  hold  for  At  <  At'. 
It  is  conceivable  that  each  pulsing  leads  to  a  crack-advance  event 
prematurely,  so  that  the  breakdown  in  one-to-one  correspondence 
with  CFMs  is  not  observed.  The  velocity  of  crack  propagation 
deduced  by  the  load-pulsing  technique  would  still  be  very  accurate 
because  many  crack-advance  events  occur  during  large  At,  and  one 
premature  advance  would  not  significantly  change  the  spacing 
between  CFMs. 


FIGURE  2— Scanning  electron  photomicrograph  Illustrating 
crack-front  markings  on  a  transgranular  stress  corrosion  frac¬ 
ture  surface  for  pulsing  interval  of  3  s  In  magnesium  chloride  at 
154°C. 


FIGURE  3-Scnnnlng  olectron  photomicrograph  Illustrating 
crack-front  marking  on  a  transgranular  stress  corrosion  fracturo 
surface  for  a  pulsing  Interval  of  50  s  In  magnesium  chloride  at 
154’C. 


TABLE  3 

Relationship  Between  Pulsing 
Intervals  and  Crack-Front  Markings 
Produced  by  Pulsing  in  MgCI2  Environment 


Time  Between 
Successive  Pulses 
At(s) 

Spacing  Between 
CFMs  on  Fractured 
Surface,  Ax(|im) 

Standard 

Deviation 

(urn) 

2 

0.39 

0.01 

3 

0.62 

0.07 

4 

0.45 

0.01 

5 

0.59 

0.07 

10 

1.04 

0.10 

15 

1.49 

0.08 

25 

2.03 

0.22 

50 

2.92 

0.48 

75 

4.82 

0.22 

6.78 

150 

11.62 

2.35 

200 

12.93 

0.98 

FIGURE  4-The  relationship  between  the  load-pulsing  intervals 
and  the  spacing  between  crack-front  markings  on  type  316  (UNS 
S31600)  SS  In  boiling  MgCI2  at  154’C.  The  points  Indicate 
average  values  and  the  bars  represent  standard  deviation. 


E 

3 


< 


Time  Interval  Between  Pulsos,  at  (secs) 


FIGURE  5— The  relationship  of  the  time  Interval  between  load 
pulses  and  the  spacing  between  crack-front  markings  on  typo 
316  (UNS  S31600)  SS  In  boiling  MgCI2  at  154”C,  with  an 
expanded  scale  for  pulsing  Intervals  shorter  than  25  s. 
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TABLE  4 

Comparison  of  Transgranular  Stress  Corrosion 
Cracking  of  Different  Austenitic  Stainless  Steels 


Alloy 


Environment 


Crack  Velocity  At*  Ax* 
(xlO"8m/s)  (s)  (urn) 


Spacing 
Between  CAMs 

(lim) 


31 05  MgCI2  at  1 54°C 

2 

15  0.4 

0.8(A) 

31 6L®  MgCI2  at  154°C 

3 

25  0.7 

0.9,A) 

316  MgCI2  at  154°C 

6.5 

5  0.4 

0.8(A) 

316  LiCI  at  130°C 

— 

5  0.28 

0.27(B> 

(A) Measured  from  slow-strain-rate  test  photomicrographs. 

(B) Measured  from  load-pulsing  photomicrographs  (Figure  10). 


FIGURE  6— Scanning  electron  photomicrograph  illustrating  the 
existence  of  one-to-one  correspondence  between  the  crack- 
front  markings  and  load  pulsing  by  a  signature  pulse  that 
grouped  2  pulses  every  20  s  and  4  pulses  every  4  s. 

Good  agreement  was  found  when  the  observed  spacing  be¬ 
tween  CFMs  was  compared  to  that  calculated  from  the  values 
determined  for  Ax*  and  At*.  The  SSR  tests  showed  a  few  distinct 
CAMs  on  a  couple  of  specimens.  Figure  7  shows  a  representative 
micrograph  of  the  TG  stress  corrosion  fracture  surface  obtained 
under  SSR  conditions.  The  straight  markings  on  the  left  side  of  the 
fractured  facet  are  the  slip  steps:  the  markings  on  the  right  that  follow 
the  contour  of  the  fractured  surface  are  the  CAMs.  The  spacing 
between  CAMs  in  this  figure  is  0.8  urn.  This  is  about  twice  the  value 
of  Ax*  deduced  from  the  load-pulsing  results.  As  indicated  in  Table  4, 
the  spacing  between  CAMs  measured  from  SSR  tests  is  consistently 
larger  than  Ax*  deduced  by  the  load-pulsing  method.  It  is  possible 
that  more  severe  conditions  in  SSR  testing  (such  as  the  continuous 
pulling)  may  cause  the  TG  stress  corrosion  crack  to  propagate  a 
longer  distance  at  every  cracking  event. 


FIGURE  7— Scanning  electron  photomicrograph  of  transgranu¬ 
lar  stress  corrosion  fracture  surface  produced  by  slow-strain- 
rate  conditions  at  the  strain  rate  of  about  10'®  per  second  In 
magnesium  chloride  at  154"C.  Crack-arrest  marks  that  follow  the 
contour  of  the  fracture  surface  are  clearly  visible  on  the  right; 
the  straight  markings  on  the  left  are  produced  by  slip  steps. 


Tests  in  lithium  chloride 

The  load-pulsing  tests  on  type  316  steel  in  lithium  chloride  were 
performed  at  130°C.  Examination  of  the  fracture  surface  in  the  SEM 
revealed  TG  cracking  in  most  specimens.  However,  a  few  specimens 
showed  considerable  evidence  of  intergranular  cracking.  CFMs 
perpendicular  to  river  patterns  were  discernible  on  the  TG  fracture 
facets,  shown  in  Figure  8.  “Crack-front-like”  markings  were  also 
observed  on  the  intergranular  fracture  facets.  This  is  an  important 
finding,  and  a  recent  study  at  the  National  Institute  of  Standards  and 
Technology  supports  the  observation  of  CFMs  on  intergranular 
fracture  facets.7  The  resulting  Ax  vs  At  behavior  for  TG  stress 
corrosion  cracking  is  represented  in  Figure  9,  which  indicates  a  Ax* 
of  0.28  urn  and  At*  of  5  s.  The  most  significant  finding  in  lithium 
chloride  tests  was  that,  in  at  least  two  specimens,  faint  CAMs  were 
observable  between  the  more  pronounced  CFMs.  The  spacing 
between  these  CAMs  from  both  specimens  was  measured  to  be 
about  0.28  urn.  Figure  10  illustrates  one  such  area  where  CAMs  are 
observable.  This  is  in  exact  agreement  with  Ax*  deduced  from  Ax  vs 
At  behavior.  The  value  for  crack  propagation  rate  is  not  reported 
because  tests  were  not  run  at  sufficiently  higher  values  of  At  to 
calculate  the  velocity  with  reasonable  accuracy. 


FIGURE  8— Scanning  electron  photomicrograph  Illustrating 
crack-front  markings  on  transgranular  stress  corrosion  fracture 
surface  produced  by  load  pulsing  at  intervals  of  5  s  in  lithium 
chloride  at  130°C. 

Conclusion 

From  this  study  on  the  propagation  of  TG  stress  corrosion 
cracking,  the  following  general  conclusions  can  be  drawn. 

(1) The  TG  stress  corrosion  crack  propagation  in  austenitic  SSs 
occurs  by  a  discontinuous  cleavage  fracture. 

(2)  The  load-pulsing  method  yields  value  for  TG  stress  corrosion 
cracking  velocity,  which  is  free  from  the  complicating  effects  of 
grain  boundaries. 

(3)  The  overload  pulse  can  trigger  premature  crack  advance  so  that 
one-to-one  correspondence  between  the  CFMs  and  pulses  may 
not  break  down  even  at  At  <  At*. 
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(4)  The  two  fundamental  parameters  of  TG  stress  corrosion  crack¬ 
ing,  crack-advance  distance  (Ax'),  and  crack-arrest  time  (At*) 
can  be  accurately  determined  from  the  load-pulsing  tests.  The 
crack  jump  distance  measured  as  the  spacing  between  CAMs 
from  SSR  tests  is  likely  to  be  higher  because  of  the  severity  of 
the  test. 
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Time  interval  between  pulses,  At  (secs) 

FIGURE  9— Relationship  between  the  load-pulsing  time  interval 
and  the  spacing  between  crack-front  markings  on  type  316  (UNS 
S31600)  SS  exposed  to  lithium  chloride  at  130°C. 


FIGURE  10— Scanning  electron  photomicrograph  illustrating 
the  existence  of  crack-arrest  markings  between  the  more  pro¬ 
nounced  crack-front  markings  on  a  transgranular  stress  corro¬ 
sion  fracture  surface  produced  by  load  pulsing  in  lithium 
chloride. 
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Fractography  of  Environmental  Cracking  of  C-Mn  Steels 
in  Anhydrous  Methanol-Ammonia  Environments 

Z.  Wenyue,  R.C.  Newman,  and  R.P.M.  Procter* 

Abstract 

Cleavage-like  transgranular  stress  corrosion  cracking  (SCC)  occurs  in  iron  or  low-strength  steels 
exposed  to  anhydrous  ammonia  environments.  The  experimental  difficulties  associated  with  the  use  of 
pressurized  liquid  ammonia  can  be  avoided  by  dissolving  ammonia  in  methanol  at  atmospheric 
pressure;  environmental  variables  such  as  oxygen,  water,  and  carbon  dioxide  content  have  very  similar 
effects  in  ammonia  and  methanol-ammonia  systems.  Apart  from  the  fracture  appearance,  the  cracking 
has  none  of  the  characteristics  of  hydrogen  embrittlement. 

The  fractography  of  methanol-ammonia  SCC  has  been  studied  using  a  C-Mn  steel,  heat  treated  to  grow 
the  ferrite  grain  size  to  ~  95  pm.  The  fracture  surfaces  are  typical  of  transgranular  SCC  and  exhibit  a 
characteristic  river-pattern  morphology.  Crack  advance  occurs  on  a  smoothly  curved  front  across  each 
grain,  and  crosses  many  cleavage  steps  of  different  heights.  Sets  of  striations  visible  on  the  surfaces 
were  identified  as  crack-arrest  markings  using  detailed  scanning  electron  fractography.  In  particular,  the 
striations  were  shown  to  be  perpendicular  to  the  local  crack  growth  direction  and  to  match  on  opposing 
fracture  surfaces. 

The  mechanism  of  SCC  in  this  system  is  believed  to  be  film-induced  cleavage.  The  rolo  of  oxygen  and 
potential  is  to  induce  electrochemical  oxidation  of  ammonia  on  the  iron  surface,  producing  a  passive  film 
that  does  not  contain  oxygen;  this  has  been  speculated  to  be  a  nitride. 


Introduction 

Stress  corrosion  cracking  (SCC)  of  a  ferritic-pearlilic  C-Mn  steel  in 
anhydrous  methanol  containing  about  20  wt%  ammonia  was  first 
reported  to  have  occurred  in  service  in  a  large  methylamine  plant  in 
1978.’  Since  then,  several  studies  of  environmental  cracking  in  this 
alloy/environment  system  have  been  published.*'5  The  results  of 
these  earlier  studies  may  be  briefly  summarized  as  follows: 

(1)  Environmental  cracking  of  low-strength,  ferritic-pearlitic  C-Mn 
steols  only  occurs  in  methanol-ammonia  solutions  under  free  corro¬ 
sion  conditions  if  the  environment  is  anhydrous  and  contaminated 
with  oxygon  and  carbon  dioxide.  The  cracking  is  accelerated  by  the 
presence  of  nitrogen  as  a  contaminant  but  inhibited  by  the  presence 
of  water.2-3 

(2)  The  rolo  of  oxygen  in  the  environment  is  to  act  as  a  cathodic 
reactant  that  raisos  tho  freo  corrosion  potential  of  the  steel  from 
activo  values  (about  -0.5  Vscc) in  oxygen-free  methanol-ammonia 
Into  the  passive  region  (about  -  0.3  V^g)  in  oxygen-contaminated 
solution.2-3  Howovor,  tho  oxygen  apparently  plays  no  other  essential 
role  in  tho  cracking  mechanism,  since  identical  cracking  also  occurs 
in  carbon-dioxide  contaminated  but  oxygen-free  methanol-ammonia 
solutions  if  tho  potential  of  the  steel  is  held  potentiostatically  within 
tho  passive,  cracking  rango.4  5 

(3)  It  is  probable  that  the  rolo  of  carbon  dioxide  in  the  environ¬ 
ment  Involves  tho  formation  of  ammonium  carbamato  (NH2COsNH  J 
This  subsequently  dissociates  with  tho  formation  of  NH4  *  Ions,  which 
effectively  lower  tho  pH  of  the  environment  and  increase  the 
conductivity  from  0.17  mS/cm  to  1.1  mS/cm.2-3 

(4)  Susceptibility  to  cracking  appears  to  bo  critically  dependent 
on  tho  nature  of  the  passive  film.  In  anhydrous  environments,  the 


’Corrosion  ana  Protection  Centre,  University  of  Manchester  Institute 
of  Science  and  Technology,  Manchester,  UK. 


passive  film  is  thought  to  be  a  nitride-like  compound,4'6  which 
accounts  for  the  accelerating  effect  of  nitrogen  contamination  of  the 
environment.  However,  in  solutions  that  contain  additions  of  about 
3000  ppm  water,  the  passive  film  is  oxygen  based. 

(5)  Cracking  is  completely  prevented  by  low  levels  of  cathodic 
protection;  no  cracking  occurs  over  the  potential  range  -0.4  Vsce  to 
-1.2  VSC6,  which  suggests  that  hydrogen  embrittlement  is  not 
involved  in  the  mechanism  of  cracking. 

(6)  This  view  is  strengthened  by  the  facts  that  statically  loaded 
"tuning-fork”  specimens  will  crack  in  methanol-ammonia  environ¬ 
ments  and  that  during  slow-strain-rate  tensile  testing,  cracking 
occurs  as  soon  as  the  yield  strength  is  exceeded.2-3  These  results 
are  in  marked  contrast  to  hydrogen  cracking  of  steels  with  very 
similar  microstructures  and  strength  levels  in  synthetic  seawater 
under  various  levels  of  cathodic  protection.  In  this  case,  statically 
loaded  specimens  do  not  crack,  and  in  slow-strain-rate  tensile  tests, 
cracking  only  occurs  once  necking  has  started  and  high  biaxial 
stresses  are  present  in  tho  specimens.7-8 

(7)  The  above  observations  appear  to  suggest  that  environmen¬ 
tal  cracking  ol  C-Mn  steels  in  contaminated,  anhydrous  methanol- 
ammonia  solutions  occurs  by  a  classic  slip-dissolution  mechanism; 
however,  tho  following  two  observations  argue  strongly  against  this 
conclusion. 

(8)  The  rate  of  crack  propagation  is  relatively  high,  typically  of 
the  order  of  5  x  10  8  m/s.2-3  To  sustain  this  growth  rate  by  anodic 
dissolution  would  require  a  crack-tip  anodic  current  density  of  more 
than  104  A/m2,  which  would  bo  very  difficult  to  sustain  in  a  relatively 
low-conductivity  environment  such  as  methanol-ammonia. 

(9)  The  cracking  generates  a  transgranular.  cleavage-like 
fracture,23  which  would  not  normally  be  expected  to  result  from 
cracking  by  slip  dissolution. 

In  summary,  therefore,  neither  hydrogen  embrittlement  nor  slip 
dissolution  is  consistent  with,  or  can  satisfactorily  account  for.  the 
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experimentally  observed  features  and  characteristics  of  cracking  of 
C-Mn  steels  in  anhydrous  methanol-ammonia  On  the  other  hand,  all 
aspects  of  the  cracking  phenomenology  appear  to  be  consistent  with 
a  film-induced  cleavage  mechanism.9  In  an  attempt  to  test  this 
hypothesis,  a  detailed  fractographic  examination  of  relevant  fracture 
surfaces  was  undertaken  and  is  reported  here. 


opposing  fracture  surfaces.  However,  using  these  characteristics  to 
determine  whether  the  striations  observed  in  the  present  case  were 
crack-arrest  markings,  which  in  turn  would  be  evidence  of  discontin¬ 
uous  crack  growth,  or  slip  lines,  required  the  use  of  heat-treated, 
coarse-grained  steel  to  produce  correspondingly  large  cleavage 
facets. 


Experimental  Procedure 

The  material  used  was  basically  a  steel  to  British  Standard  1 501 
containing  0.13%  C  and  0.89%  Mn.  In  the  as-received  (cold-rolled) 
condition,  this  steel  had  a  fine,  banded,  ferritic-pearlitic  microstruc¬ 
ture  and  a  yield  strength  of  360  MN/m2.  However,  to  facilitate  the 
detailed  fractography,  this  material  was  vacuum  heat  treated  as 
follows  to  coarsen  the  grain  size: 

(1)  Anneal  at  12005C  for  1  h; 

(2)  Furnace  cool  from  1200°  to  840°C; 

(3)  Cool  from  840°  to  640°C  at  8°C/h; 

(4)  Furnace  cool  from  640°C  to  room  temperature. 

This  heat  treatment  resulted  in  a  steel  that  had  a  yield  strength  of  21 5 
MN/m2  and  a  coarse  ferritic-pearlitic  microstructure  with  gram  size  of 
about  95  pm. 

Cylindrical  tensile  specimens  (gauge  length  16.0  mm  and 
gauge  diameter  2.6  mm)  of  the  as-received  and  heat-treated  steel 
were  subjected  to  conventional  slow-strain-rate  tensile  testing  at  a 
crosshead  speed  of  35  x  io  5  mm/s  under  potential  control  in 
anhydrous  methanol-ammonia  contaminated  with  nitrogen  and  car¬ 
bon  dioxide.  Preparation  of  and  slow-strain-rate  testing  in  this 
environment  req-i.e  rather  complex  and  specialized  procedures  that 
have  been  described  in  detail  elsewhere  and  will  not  be  repeated 
here  24  Briefly,  the  methanol-ammonia  solution  contained  about  18 
wt%  NHa.  less  than  500  ppm  H20,  about  1000  ppm  COa,  and  an  N2 
partial  pressure  of  6  psig,  the  tests  were  performed  at  a  potential  of 
0  3  Vsce.  In  addition  to  monotonic  straining,  load-pulsing  experi¬ 
ments  were  also  undertaken,  after  Hahn  and  Pugh,'0  the  magnitude 
of  the  load  pulses  was  4%  of  the  ultimate  tensile  strength  of  the  steel 
and  each  pulse  was  completed  in  2  to  3  s.  After  stress  corrosion 
testing  in  this  environment,  the  fracture  surfaces  were  subjected  to  a 
detailed  fractographic  examination  using  scanning  electron  micros¬ 
copy. 


Results  and  Discussion 

After  testing  in  air.  both  as  received  and  heat-treated  speci¬ 
mens  showed  typical  ductile  cup  and  cone  fractures  and  about  70% 
reduction  in  area,  the  fracture  surfaces  exhibited  dimples  character¬ 
istic  of  fracture  by  microvoid  nucleation,  growth,  and  coalescence. 

Figuro  1  shows  an  as-received  specimen  after  slow-strain-rate 
testing  and  failure  by  SCC  in  methanol-ammonia  solution.  The 
reduction  in  area  is  reduced  to  about  40%.  Figure  2  is  a  polished  and 
etched  motallographic  section  through  the  gauge  length  of  a  similar 
specimen  well  away  from  the  fracture  surface.  Note  multiple  second¬ 
ary  cracking  along  the  gauge  length  well  away  from  tho  primary 
fracture,  and  the  transgranular,  relatively  unbmnched  crack  morphol¬ 
ogy.  Figuro  3(a)  is  a  scanning  electron  micrograph  of  the  stress 
corrosion  fracture  surfaco  of  a  specimen  similar  to  that  shown  in 
Figuro  1.  note  tho  characteristic  brittle,  cleavage  morphology.  At 
higher  magnifications  (Figure  3(b)),  parallel  bands  are  visible  cross¬ 
ing  the  fracture  surfaces;  these  correspond  to  the  pearlite  bands  in 
tho  microstructuro,  as  shown  in  Figuro  2.  Also  visible  are  sets  of 
parallel  striations  on  a  number  of  tho  individual  cleavage  facets. 
Apparently,  similar  striations  have  been  reported  on  the  transgranu 
lar  stress  corrosion  fracture  surfaces  of  a  brass  in  aquoous  ammo- 
niacal  solutions"’2  and  of  -/-stainless  steel  in  hot,  chloride-con¬ 
taining  environments  Fracture  surfaco  striations  may  be  either 
slip  lines,  which  emerge  from  behind  a  moving  crack  tip,  or 
crack-arrest  markings  produced  by  plastic  deformation  during  tern 
porary  crack  arrest  in  tho  course  of  discontinuous  crack  propagation. 
Crack-arrest  markings,  but  not  slip  lines,  are  necossarily  perpendic 
ular  to  tho  local  crack  growth  direction  and  are  matchable  on 


FIGURE  1— Micrograph  of  an  as-received  C-Mn  steel  specimen 
after  failure  by  SCC  In  methanol-ammonia;  X22. 


FIGURE  2— Polished  and  etched  motallographic  section  through 
tho  gauge  length  of  an  as-received  C-Mn  steel  specimen  after 
failure  by  SCC  In  methanol-ammonia;  X170  (original  magnifica¬ 
tion). 

Figuro  4  shows  the  matching  opposing  fracture  surfaces  of  a 
heat-treated  specimen  after  failure  by  stress  corrosion  cracking  in 
methanol-ammonia.  Figure  5  is  a  higher  magnification  matching  pair 
taken  from  the  area  arrowed  in  Figure  4.  It  is  clear  from  Figure  5  first 
that  the  striations  are  locally  perpendicular  to  the  cleavage  steps 
(river  markings),  and  second  that  there  is  precise,  one-to-one 
matching  between  striations  on  opposing  fracture  surfaces.  Taken 
togethei,  these  observations  provide  evidence  that  the  stnations  are 
in  fact  uack-arrest  markings  rather  than  merely  slip  lines.  It  is  also 
clear  from  Figures  4  and  5  that  it  is  not  only  the  striations  that  match 
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FIGURE  3— Scanning  electron  micrograph  ot  the  stress  corro¬ 
sion  fracture  surface  of  an  as-received  C-Mn  steel  specimen 
after  falluro  In  methanol-ammonia;  (a)  X45C  (original  magnifica¬ 
tion)  and  (b)  XI 300  Note  the  parallel  bands  on  the  fracture 
surface,  which  correspond  to  the  pearlite  bands  In  the  micro¬ 
structure  and  also  the  parallel  sets  of  strlatlons  on  Individual 
cleavage  facets. 

Figure  6(a)  shows  a  relatively  low-magnification  micrograph  ol 
the  fracture  surface  ol  a  specimen  that  was  pulse  loaded  at  intervals 
of  200  s.  Figure  6(b)  is  a  higher  magnification  micrograph  of  a  region 
when  the  load  pulses  were  app'iad  at  intervals  of  7.0  s  or  3.5  s. 
Instead  of  the  complete  loss  of  correspondence  between  pulses  and 
crack-front  markings  below  15  s  reported  by  Hahn  and  Pugh,10 


FIGURE  5-Scanning  electron  micrographs  showing  the  one- 
to-one  matching  of  strlations  and  other  features  on  opposing 
fracture  surfaces  of  a  heat-treated  C-Mn  steel  specimen  after 
failure  by  SCC  In  methanol-ammonia;  X4000  (original  magnifi¬ 
cation). 

It  is  clear  from  Ihe  summary  of  earlier  investigations  presented 
above  that  there  are  many  similarities  between  cracking  in  anhydrous 
methanol-ammonia  and  the  important  engineering  problem  of  stress 
corrosion  cracking  of  steels  in  anhydrous  ammonia.15-'6  It  therefore 
seems  reasonable  to  speculate  that  stress  corrosion  cracking  in  this 
alloy/environment  system  may  also  be  due  to  repeated  micro¬ 
cleavage  induced  by  a  nitrogen-containing  passive  film. 
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FIGURE  6— Crack-front  markings  produced  by  load  pulsing 
during  slow-straln-rote  stress  corrosion  testing  of  a  heat-treated 
C-Mn  steel  specimen  In  methanol-ammonia;  (a)  X680  and  (b) 
X1 1,000. 


Conclusion 

Parallel  striations  have  been  observed  on  the  transgranular 
stress  corrosion  fracture  surfaces  of  a  ferritic-pearlitic,  C-Mn  steel 
after  failure  in  anhydrous  methanol-ammonia  environments.  Using 
detailed  scanning  electron  fractography,  these  striations  have  been 
identified  as  crack-arrest  markings,  they  are  perpendicular  to  the 
local  crack  growth  direction  and  they  exhibit  precise,  one-to-one 
matching  on  opposing  fracture  surfaces.  On  the  basis  of  this  and 
other  published  evidence,  it  is  suggested  that  stress  corrosion  crack 
propagation  in  the  C-Mn  steel/methanol-ammonia  system  is  discon¬ 
tinuous  and  occurs  by  repeated  film-induced  cleavage.  The  film 
involved  is  thought  to  be  based  on  the  Fe-N  system. 
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On  the  final  morning  of  the  oonterenoe.  the  topics  changed  from  specific  environmental 
cracking  phenomena  and  mechanisms  to  important  issues  on  information  transfer  and 
application  in  performance  predictions  Discussion  focused  on  fertile  ground  for  future 
research. 

As  the  architect  of  the  seminal  Firminy  conference  and  an  international  leader  in 
research  and  engineering  on  environmental  fracture,  R.W.  Staehle  was  invited  to  assess  the 
state  of  the  field.  He  framed  his  presentation  with  the  new  concept  of  situation-dependent 
strength  and  the  adage  that  a  material  should  be  presumed  guilty  of  environmental  fracture 
sensitivity  until  it  is  proven  otherwise.  This  approach  emphasizes  the  fact  that  a  myriad  of 
mechanical,  metallurgical,  and  chemical  variables  affect  environmental  fracture  strength. 

While  admittedly  not  breaking  now  mechanistic  ground,  this  notion  communicates  to 
design  and  materials  selection  engineers  the  effects  of  important  variables  through 
computer  represented  plots  of  environment  sensitive  strength.  In  this  way.  those  regimes  in 
which  cracking  is  mitigated  may  be  identified  with  minimum  confusion  to  the  user  of  such 
information. 

The  success  of  deformation,  fracture,  and  processing  maps  in  materials  science 
indicates  that  Staehle  s  approach  will  have  important  technological  impact.  This  view  in  no 
way  minimizes  the  importance  of  continuing  to  search  for  mechanistic  understanding  of 
environmental  cracking.  It  is  only  wilh  such  information  in  hand  that  we  will  be  able  to  predict 
quantitatively  the  effects  of  impoTant  variables,  enabling  extrapolations  from  the  limited 
databases  provided  by  laboratory  research.  Indeed,  situation  dependent  strength  and 
mechanistic  laboratory  studies  are  inextricably  intertwined. 

Tho  second  part  of  this  session  was  devoted  to  a  "wind-up”  discussion  by  all 
participants  Here,  lively  interchanges  focused  on  gaps  m  understanding  and  on  problems  in 
translating  the  lesults  ot  laboratory  studies  to  engineering  applications.  Two  conclusions  were 
obvious  Fust,  sigmfiuant  uncertainties  remain  and  are  worthy  of  research.  Many  of  theso 
problems  exceed  our  current  capabilities  to  measure  and  model.  Second,  tho  interfaces 
between  the  laboratory  and  the  application,  the  scientist  and  the  practicing  engineer,  are 
generally  liaught  with  difficulties,  our  fiold  is  no  exception  Tho  essence  of  these  discussions 
is  captured  in  the  ensuing  sections 
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Understanding  “Situation-Dependent  Strength”: 

A  Fundamental  Objective 

in  Assessing  the  History  of  Stress  Corrosion  Cracking 

R.W.  Staehle* 


Introduction 

I  undertook  this  review  to  determine  what  has  been  accomplished  in 
developing  a  quantitative  and  useful  understanding  of  the  science 
and  engineenng  aspects  of  what  is  generally  included  in  the  term, 
“stress  corrosion  cracking”  (SCC). 

By  the  term  “quantitative,"  I  intend  a  reasonably  good  scientific 
description  of  the  effects  of  material,  environment,  stress,  geometry, 
temperature,  and  time  on  the  initiation  and  propagation  of  SCC  for 
systems  of  alloys  and  environments.  By  the  term  "useful,"  I  am 
concerned  with  the  application  of  this  quantitative  understanding  to 
“design"  as  related  to  the  design  of  components  that  can  be 
expected  to  operate  for  their  intended  life  avoiding  failures  by  SCC. 
These  ideas  of  “quantitative"  and  "useful"  can  be  somewhat  defined 
also  by  what  has  been  done  in  science  and  in  engineering, 
respectively,  to  understand  SCC. 

In  general.  I  am  taking  the  subject  of  SCC  to  include  all  of  those 
phenomena  in  which  the  combination  of  stress,  environment,  and 
material  interact  to  lower  the  load-carrying  capacity  below  that  in  inert 
environments.  Such  phenomena  are  described  by  a  range  of  terms 
such  as  anodic  SCC.  hydrogen  embrittlement,  liquid  metal  embritt¬ 
lement.  corrosion  fatigue,  environmentally  affected  cracking,  and 
many  others. 

Undertaking  such  a  review  at  this  time  responds  to  several 
needs.  First,  the  ranges  of  temperatures,  times,  and  environments  in 
which  commercial  equipment  must  operate  are  expanding  Second, 
there  needs  to  be  a  more  quantitative  and  relevant  piuduU  of  the 
scientific  studies  of  SCC. 

In  the  commercial  arena,  tho  length  ol  time  lor  reliable  perfor 
manco  has  been  greatly  extonded  by  the  need  to  store  radioactive 
waste  for  timos  in  the  range  of  1000  to  10,000  years.  Maximum 
temperatures  for  a  new  class  ol  materials  have  been  increased  by  the 
program  to  develop  a  hypersonic  plane.  The  envelope  of  long  time 
and  intermediate  temperatures  has  been  increased  oy  tno  need  to 
extend  tho  life  ol  nuclear  power  plants.  Reliable  performance  of 
loaded  structures  for  several  hundred  years  are  required  for  civil 
engineering,  Tho  size  domain  in  computing  and  communications 
nardware  has  decreased  to  microscopic  and  virtually  atomic  dimen 
sions.  Finally,  new  environmental  conditions  are  becoming  important, 
including  bactericides,  chemical  processing  fluids,  bacteria,  and 
gaseous  hydrogen  These  oxpanded  domains  of  temperature  and 
time  are  illustrated  in  Figure  1. 

As  these  boundaries  of  temperature,  time,  and  geometry  are 
being  extended,  it  does  not  appear  that  the  understanding  of  SCC 
has  kept  up.  One  has  only  to  look  at  tho  nuclear  industry  that  failed 
to  use  well-established  existing  information  with  the  result  of  exten 
sive  SCC  over  the  1970s  and  1980s  In  the  previous  decade,  tho 
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design  of  the  military  cargo  plane,  the  C5A,  neglected  what  was 
known  about  the  SCC  of  high-strength  aluminum;  the  design  of  other 
military  equipment  neglected  what  was  known  about  the  SCC  of  high- 
strength  steels.  Whether  a  similar  pattern  of  disregard  will  apply  as 
new  boundaries  are  pushed  to  the  limit  is  within  our  hands  to 
influence. 

For  me  to  assess  progress  in  the  scientific  and  engineering  work 
on  SCC,  it  was  necessary  to  define  a  framework  within  which  to  judge 
progress.  For  this  framework,  I  chose  six  factors:  material,  environ¬ 
ment,  stress,  geometry,  temperature,  and  time.  These  are  summa¬ 
rized  in  Figure  2.  Thus,  as  I  evaluated  proposed  theoretical  propo¬ 
sitions  from  various  investigators,  I  asked  whether  their  theories 
could  explain  the  observed  phenomenology  of  various  metal-envi¬ 
ronment  systems  with  respect  to  dependencies  upon  material 
Structure  and  chemistry;  physical  and  chemical  features  of  the 
environment,  stress  in  its  various  time-dependent  modes;  geometry 
as  it  affects  local  chemistry;  and  stress  intensification,  temperature, 
and  time  of  exposure. 

It  is  not  surprising  that  I  could  find  no  theoretical  models  that 
provide  quantitative  rationalization  of  my  six  factors  on  an  a  priori 
basis,  although  some  impressive  progress  has  been  made,  as  I 
describe  in  the  section  on  the  scientific  status. 

As  I  considered  why  so  little  progress  had  been  made  on 
developing  quantitative  models,  I  realized  that  we  are  still,  to  some 
extent,  bound  by  misleading  ideas  of  the  past,  including  tho  following 

V1 1  Materials  have  inherent  strengths  that  designers  can  use  without 
consideration  of  the  circumstances  of  operation  of  a  component. 

r2j  SCC  failures  are  premature  rather  than  an  expected  part  of  the 
performance  of  materials  in  environments. 

t3j  SCC  is  caused  by  specific  ions"  rather  than  being  a  regular 
lesponso  to  changes  in  the  chemical  continuum  to  which  a 
material  is  exposed. 

ytj  A  material  may  bo  susceptible"  or  "not  susceptible"  to  SCC 
lathei  than  the  intensity"  of  SCC  varying  over  an  environmental 
continuum. 

r5j  There  is  a  single  universal  mechanism  of  SCC  rather  than  a 
multiplicity  ul  microprocosses  by  which  the  inherent  reactivity  of 
materials  leads  to  deterioration. 

Ol  course,  another  reason  for  the  lack  of  achieving  the  desired 
quantitative  progress  is  tho  inherent  complexity  of  SCC  and  the  need 
for  a  number  ol  disciplines  to  participate  in  develming  useful 
theories. 

The  phenomenon  of  SCC  is  inherently  related  to  the  design  and 
performance  ol  engineenng  components  and  systems.  However, 
mere  are,  as  has  been  pointed  out  by  Westwood  and  Pickens,’ 
applications  for  SCC  in  machining  of  materials  and  possibly  in 
understanding  earthquakes.  Removal  of  snow,  via  weakening  tho 
ice,  is  another  application.  In  this  review.  I  am  primarily  concerned 
with  SCC  as  it  relates  to  tho  performance  of  engineering  components 
and  systems,  and  I  have  not  considered  these  other  applications. 
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Further,  I  have  confined  this  review  to  the  performance  of  metals,  and 
I  have  not  included  other  solids  such  as  polymers,  ceramics,  or  ice, 
for  which  many  of  the  ideas  here  can  be  directly  applied. 

Since  considering  SCC  relative  to  design  is  a  primary  concern 
of  this  review,  I  need  to  identify  what  kinds  of  questions  the  materials 
community  must  answer  for  the  data  to  be  useful  in  design.  In 
addition  to  assessing  progress  in  terms  of  the  six  factors  of  Figure  2, 
I  also  assess  progress  relative  to  what  the  materials  community 
should  furnish  to  the  design  community.  Such  information  is  at  least 
the  following: 

(1)  Means  of  organizing  a  performance  envelope  for  components 
and  systems  in  the  framework  of  strength  of  materials  that  is 
situation  dependent. 

(2)  Means  of  specifying  the  strength  available  for  design  under  the 
conditions  identified  in  Figure  2. 

(3)  Means  to  interpolate  and  extrapolate  from  existing  information  to 
specifically  defined  design  conditions. 

(4)  Definition  of  environmental  features  that  influence  SCC. 

(5)  Means  by  which  SCC  can  be  incorporated  into  codes. 

These  needs  suggest  that  a  more  regular  framework  is  required  both 
for  communicating  and  for  organizing  data. 

To  develop  this  more  orderly  framework  for  describing  SCC,  a 
new  means  of  thinking  and  of  organizing  data  is  required  instead  of 
the  present,  which  is  mostly  “bits  and  pieces."  This  does  not  imply  the 
need  for  a  unified  model  of  stress  corrosion;  rather,  it  implies  the  need 
for  a  flexible  but  orderly  framework  Further,  one  feature  of  such  a 
framework  should  be  that  it  not  be  so  “on  and  off,"  as  implied  by 
terms  such  as  “susceptibility”  and  "specific  ions,”  but  rather  a 
continuum  of  “intensity"  of  SCC  over  some  coordinates  of  indepen¬ 
dent  variables  such  as  the  factors  of  Figure  2.  Such  an  approach  is 
discussed  in  the  section  “Engineering  Status." 

Such  a  more  orderly  framework  should  provide  an  improved 
capability  for  extrapolating  and  interpolating  from  existing  data  to  new 
and  untested  circumstances  Further,  such  an  orderly  framework 
should  provide  bases  for  predicting  very  long  time  behavior  of  the 
type  defined  in  Figure  1. 

There  are  other  reasons  for  needing  a  more  orderly  framework 
for  organizing  data  on  SCC  One  is  to  increase  the  comparability  of 
results  from  experimental  programs  "Hie  comparability  of  data  for 
slow-straining  experiments  and  reverse  U-bend  is  questionable,  the 
data  taken  under  open-circuit  conditions  often  does  not  specify 
oxygen  and  pH. 

Building  a  database  that  is  self-consistent,  orderly,  and  uses 
comparable  approaches  would  advance  both  scientific  and  engineer¬ 
ing  progress.  An  example  of  an  orderly  framework  for  organizing  data 
is  tho  various  heal  transfer  and  flow  correlations  used  in  chemical 
engineering  Here,  many  different  experimentalists  can  obtain  data 
that  can  be  integrated  into  a  coherent,  if  somewhat  scattered,  sot. 

Another  reason  for  developing  a  more  orderly  framework  is  to 
link  theory  and  experiment  Present  theories  speak  only  to  a  very 
small  pari  of  any  of  the  continua  to  which  they  might  apply.  As  the 
scientific  workers  seek  to  test  their  hypotheses,  a  more  orderly 
picture  of  the  phenomenological  continuum  would  define  a  better 
target  With  such  a  framework,  the  interaction  between  theory  and 
phenomenology  could  becomo  more  productive. 

To  assess  tho  state  of  SCC  in  this  review,  I  first  define  the 
criteria  for  my  assessment.  Next,  I  discuss  historical  landmarks  and 
the  steps  by  which  improved  understanding  has  developed.  This 
includes  a  description  of  the  state  of  affairs  as  of  about  the  year  1 955, 
which  I  use  as  a  starting  point  From  this  starting  point,  I  identify  the 
events  that  caused  a  change  in  thinking; !  describe  the  steps  by  which 
tho  various  communities  contributed  to  the  changes.  Next.  I  examine 
the  status  of  scientific  and  engineering  work  The  latter  section  on  tho 
status  of  engineering  work  is  the  longest  of  this  review  because  I 
summarize  the  important  features  of  what  I  consider  to  be  useful 
ideas. 

In  the  next-to-last  section,  I  have  a  short  section  on  what  needs 
to  be  done  Finally.  I  include  a  bibliography  with  the  topics  arranged 
to  be  useful  to  the  reader. 


In  preparing  the  figures  for  this  review,  I  intended  to  integrate 
many  of  the  ideas  that  have  been  developed  by  many  different 
authors.  I  have  taken  some  liberties  with  the  original  graphics  in  order 
to  show  how  the  respective  data  answer  questions  or  fit  patterns. 
Also,  I  have  omitted  some  information. 


Situation-Dependent  Strength 
and  the  Intensity  of  SCC 

Approach 

In  the  introduction,  I  identified  my  intention  to  develop  a  set  of 
criteria  by  which  I  could  judge  progress  in  the  development  of  models 
for  SCC.  I  identified  in  Figure  2  six  factors  that  I  planned  to  include 
in  such  a  ranking  process. 

As  I  attempted  to  use  these  factors  for  assessing  the  progress 
of  developing  models  of  SCC,  I  realized  that  I  was  being  too  severe 
of  a  critic.  None  of  tho  theoretical  models  for  SCC  provides  more  than 
a  qualitative  description  of  critical  dependencies,  although  many  of 
these  models  provide  insightful  bases  for  thinking.  The  fact  that  none 
of  these  models  provides  the  hoped-for  quantitative  description  of  the 
six  factors  in  Figure  2  does  not  diminish  the  importance  and  creative 
accomplishments  of  the  modeling  work. 

However,  in  developing  these  six  factors  for  assessing  progress, 
it  became  clear  that  these  factors  are,  in  fact,  the  coordinates  for  the 
orderly  arrangement  of  data  of  SCC.  Thus,  the  factors  of  Figure  2  are 
the  independent  variables,  and  the  dependent  variable  or  result  is  the 
“intensity"  of  SCC.  This  "intensity”  of  SCC  may  be  some  combination 
of  crack  velocity,  initiation  time,  the  time-dependent  endurance  limit 
(Klscc)  or  a  similar  parameter.  Figure  3  shows  the  schematic 
relationship  between  the  independent  variables  from  Figure  2  and 
the  intensity  of  SCC,  which  is  the  dependent  variable  of  Figure  3. 

The  most  profound  implication  of  the  dependence  of  SCC 
"intensity”  upon  the  six  factors  of  Figure  2,  as  shown  in  Figure  3,  is 
that  the  strength  of  materials  depends  totally  upon  their  situation. 
Unlike  thermodynamics,  strength  is  a  “situation-dependent"  quantity. 
In  the  past,  this  was  partially  acknowledged  by  noting  that  strength 
properties  are  “history  dependent",  i.e.,  strength  depends  on  eveiy 
previous  step  in  fabrication.  In  this  review,  the  “history  dependence" 
applies  only  to  the  metallurgical  factor  of  Figure  2.  There  are  five 
other  factors  that  define  the  “situation."  Thus,  the  strength  of  an  alloy 
cannot  be  defined  except  as  it  is  defined  in  the  total  six-factor 
situation  in  which  it  operates. 

Since  Figure  3  implies  that  strength  depends  upon  the  situation 
in  which  the  material  finds  itself,  one  might  say  that  the  strength  is 
"situation  dependent."  The  capacity  of  a  material  to  handle  loads  is 
its  "situation-dependent  strength"  (SDS). 

Figure  4  illustrates  the  relationship  among  SCC,  SDS,  and 
strength  as  determined  in  inert  environments.  SDS  is  what  is  left  from 
the  inert  environment  strength  after  being  altered  by  SCC.  SCC  is 
one  of  the  most  important  processes  by  which  strength  is  degraded. 
There  is  some  question  as  to  whether  the  inert  environment  strength 
is  even  a  legitimate  reference  since  it  sets  such  a  misleading 
standard.  For  now,  it  is  useful  to  relate  this  review  to  existing 
information. 

This  implication  of  SDS  is  important  relative  to  the  presentation 
of  materials  properties  in  handbooks.  So  far  as  I  am  aware,  there  are 
no  caveats  in  handbooks  that  the  properties,  as  listed,  apply  only  to 
inert  and  dry  environments. 

The  discussion  in  this  review  considers  only  one  mode  of 
corrosion.  SCC.  Many  features  of  the  discussions  in  this  review  can 
be  applied  to  other  modes  of  corrosion  such  as  general  corrosion, 
pitting,  intergranular  corrosion,  and  parting.  Such  an  approach  would 
be  important  in  the  comprehensive  assessment  of  a  major  commer¬ 
cial  component. 

in  this  section,  I  define  each  of  the  factors  of  SDS  as  applied  to 
metals. 


562 


EICM  Proceedings 


1  10  100  1000  10.000 


Time  (years) 

FIGURE  1— Ranges  of  maximum  temperatures  and  times  in 
which  materials  and  components  need  to  perform  reliably  in 
important  industries. 


Situation  Dependent 
Strength:  Factors 
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FIGURE  2  -  Six  factors  for  assessing  scientific  and  engineering 
progress  In  SCC. 
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FIGURE  3-Schemat!c  view  of  the  Independent  variables  that 
affect  the  dependent  variable,  the  intensity  of  SCC.  The  depen¬ 
dent  variable  of  intensity  may  be  expressed  as  several  different 
quantities  depending  upon  whether  the  surfaces  are  smooth  or 
initially  defective. 


FIGURE  4— Relationship  among  situation-dependent  strength, 
SCC,  and  strength  as  determined  In  Inert  environments.  SCC 
reduces  the  effective  strength  from  the  strength  determined  in 
inert  environments  to  the  residual  useful  strength:  the  “situation- 
dependent  strength.” 

In  this  review,  I  place  emphasis  upon  the  dependent  variable  for 
SDS  being  “intensity”  rather  than  the  term  "susceptibility."  The  term 
"intensity"  relates  to  such  already  well-established  measured  quan¬ 
tities  as  crack  velocity,  initiation  time,  K1SCC,  crack  growth  rate,  and 
the  time-dependent  endurance  limit.  The  reason  for  using  the  term 
"intensity"  of  SCC  is  to  emphasize  that  SCC  is  not  an  erratic  or 
episodic  quantity  as  implied  by  the  term  "susceptibility."  By  using  the 
term  "intensity,"  I  intend  to  imply  that  SCC  varies  more  or  less 
regularly  according  to  reasonable  expectations  based  on  physical 
law.  Thus,  topologically,  reasonable  contours  would  be  expected  for 
the  independent  variable  of  intensity  as  a  function  of  the  independent 
variables  as  defined  in  Figure  3. 

The  use  of  the  concept  of  intensity  and  the  regularity  implied 
also  suggests  that  accounting  for  SCC  in  design  can  be  performed  on 
a  more  rational  basis.  It  may  be  necessary,  for  example,  to  use  a 
material  in  which  the  intensity  of  SCC  is  significant  if  the  residual 
stress  is  high  but  is  not  significant  when  these  stresses  are  relieved, 
it  is  not  uncommon  also  to  use  designs  in  which  SCC  can  occur  but 
where  the  intensity  is  so  low  that  further  progress  of  SCC  can  be 
monitored  in  subsequent  inspections. 

I  suggest  that  the  term  "susceptibility"  should  be  eliminated 
from  the  vernacular  of  materials  science  and  design  in  reference  to 
SCC. 

My  intentions  in  defining  these  factors  of  SDS  are  the  following: 
Fust,  I  want  to  identify  for  those  who  undertake  mechanistic  work 
what  has  to  be  explained  and  what  dependencies  have  to  be 
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accounted  for;  further,  these  factors  are  useful  for  those  who  are 
assessing  progress  of  mechanistic  work.  Second,  these  six  factors 
are  the  coordinates  of  the  independent  variables  that  determine  the 
intensity  of  SCC.  Such  a  pattern  is  illustrated  schematically  in  Figure 
3.  Third,  these  factors  provide  a  “check-off  list”  for  designers  who 
engineer  with  materials.  Such  a  check-off  list  provides  a  framework 
for  decision  making;  it  also  provides  a  framework  for  minimizing  SCC. 

The  actual  use  of  these  independent  variables  will  inevitably 
take  the  form  of  correlation  equations  where  the  multidimensionality 
may  be  more  accessible.  However,  I  show  in  the  section  “Engi¬ 
neering  Status”  that  smaller  sets  of  these  factors  can  be  used  in 
graphical  presentations  where,  for  example,  the  “intensity"  of  SCC  is 
shown  in  Figure  73  to  depend  on  pH  and  potential  for  the  alloy 
(Inconel*  600)  at  a  given  temperature  and  heat  treatment. 

The  material  factor  of  SDS 

The  principal  features  of  the  "material”  factor  are  identified  in 
Figure  5.  Transgranular  SCC  is  determined  primarily  by  composition 
and  structure. 

For  intergranular  SCC,  the  composition  of  the  grain  boundaries 
is  an  additional  critical  factor.  Figure  6  illustrates  possible  distribu¬ 
tions  of  chemical  species  at  grain  boundaries  in  the  case  of  (a) 
adsorption  at  the  grain  boundary  and  (b)  precipitates.  The  distribution 
of  species  in  Figure  6(a)  covers  only  a  few  atom  distances  or  in  the 
range  of  a  nanometer.  The  distribution  of  species  in  the  case  of 
precipitates  shown  in  Figure  6(b)  includes  a  larger  range  covering 
micrometers. 

The  numerous  avenues  by  which  the  structure  and  composition 
of  grain  boundaries  influence  SCC  at  the  grain  boundaries  are 
illustrated  in  Figure  7.  The  details  of  each  of  these  are  not  discussed 
here;  however,  Figure  7  indicates  there  are  many  avenues  by  which 
SCC  can  proceed  depending  on  the  six  factors  of  SDS  in  Figure  2. 
This  multiplicity  of  avenues  for  intergranular  SCC  suggests  that  the 
propagation  ol  any  intergranular  SCC  could  easily  depend  on  several 
different  atomic  processes  acting  simultaneously. 

It  is  shown  in  the  section  “Engineering  Status”  that  every 
material  will  sustain  SCC  in  every  condition  of  heat  treatment. 
However,  the  intensity  of  SCC  for  a  given  heat  treatment  in  a  given 
environment  may  be  negligible. 


The  environment  factor  of  SDS 

Much  of  the  description  of  environments  relative  to  SCC  has 
involved  the  terms  "specific  ions"  or  "cracking  environments."  This 
approach,  whilo  in  the  past  well  meaning,  is  misleading.  Virtually  all 
environments  to  which  metals  are  exposed  will  produce  SCC  of  some 
intensity  under  some  circumstances,  with  changes  in  such  variables 
as  pH  and  potential  lor  aqueous  environments  and  vapor  pressure  lor 
gaseous  environments. 

Important  features  of  the  environment  factor  oi  SDS  are 
summarized  in  Figure  8  Each  of  the  features  of  Figure  8  is  a  special 
circumstance  to  which  a  metal  may  be  exposed  and  that  may  provide 
important  conditions  affecting  the  intensity  of  SCC.  The  features  of 
Figure  8  are  more  indicative  than  inclusive,  for  nonmetals,  other 
features  may  bo  important. 

In  Figure  8. 1  have  distinguished  the  "chemical  definition"  from 
the  "circumstance.”  The  chemical  definition  is  concerned  with  the 
chemical  situation  that  the  environment  brings  to  the  surface  of  a 
motal  and  its  chemistry.  Since  SCC  at  the  surface  is  largely  a 
chemical  process,  this  chemical  definition  is  the  central  environmen¬ 
tal  consideration  However,  the  physical  circumstances  that  bring  the 
environment  to  the  motal  surface  greatly  affect  the  outcome  from  an 
engineering  point  of  view.  For  example,  such  processes  as  wetting 
and  drying,  build-up  of  surface  deposits,  and  flow  greatly  affect  the 
chemistry  at  the  surface.  However,  if  this  same  concentrated 
chemistry  were  placed  next  to  the  surface  in  a  more  controlled 
manner,  as  one  might  develop  by  wetting  and  drying,  the  same  result 
would  be  obtained. 


’Trade  name. 


Material  Factor  of  SDS 


•  Chemical  composition  of  alloy 

•  Structure 

•  Grain  boundary  composition 

•  Surface  condition 


FIGURE  5-Principal  features  of  the  materials  factor  of  situation- 
dependent  strength. 
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FIGURE  6— Distribution  of  chemical  species  at  grain  boundaries 
for  the  case  of  adsorption  (a)  and  precipitate  formation  (b). 
Various  options  for  distributions  of  species  are  Identified. 


I  have  distinguished  the  "chemical  definition"  and  "circum¬ 
stance"  in  Figure  8  also  because  it  serves  to  identify  features 
important  to  both  scierce  and  engineering.  Scientific  studies  are 
mostly  interested  in  the  former  while  engineering  is  interested  in  both. 
This  differentiation  is  also  a  pattern  I  use  for  several  of  these  SDS 
factors. 

An  important  point  of  view  implicit  in  the  environmental  factor  of 
SDS  as  portrayed  In  Figure  8  is  the  difference  between  nominal  and 
non-nominal  environments.  Generally,  when  components  are  do- 
signed  they  are  designed  for  some  nominal  environment  specified 
by  (he  application  Often  the  testing  for  compatibility  emphasizes  only 
the  nominal  environment,  although  sometimes  with  minor  variations. 
However  mere  important  are  the  non-nominal  conditions,  which  are 
also  included  in  Figure  8.  Thus,  crevices,  deposits,  wotting  and 
drying,  and  thin  moisture  layers  often  provide  more  aggressive 
conditions.  On  the  other  hand,  many  of  the  nominal  environments  are 
often  aggressive  but  are  not  perceived  as  such.  A  good  example  is 
the  effect  of  pure  water  on  the  SCC  of  Inconel  600. 
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FIGURE  7— Different  processes  by  which  grain  boundaries  could  lead  to  SCC. 
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FIGURE  8— Principal  features  of  tho  environmental  factor  of 
situation-dependent  strength.  Chemical  definition  Is  distin¬ 
guished  from  circumstances  that  affect  chemistry  at  tho  metal 
surface. 


There  aro  more  details  that  apply  to  each  of  the  features  in  the 
environment  factor.  For  oxample,  such  features  as  pH  and  potential 
greatly  influence  SCC  in  aqueous  solutions  and  would  belong  to  the 
feature  "chemistry."  Also,  pH  and  potential  are  important  to  thin 
moisture  layers  because  their  composition  is  affected  by  the  solution 
of  atmosphoric  gases. 

This  factor  of  environment  merits  more  attention  that  I  give  it 
here.  However,  the  purpose  of  this  section  is  to  identify  key  features 
of  tho  SDS  factors  and  describe  their  significance  rather  than  to 
explore  th-.n.  More  thorough  consideration  of  this  environment  factor 
awaits  a  definitive  text.  I  believe  that  the  problem  of  defining 
engine  unrig  enviienmerus  is  one  of  the  majui  unexpluied  arts  m  the 


design  and  materials  disciplines.  Often,  the  response  of  a  metal  to 
SCC  is  reasonably  well  defined,  what  is  not  defined  is  a  non-nominal 
but  readily  achievable  environmental  situation  that  coincides  with  a 
known  vulnerability  of  the  material. 

The  stress  factor  of  SDS 

Key  features  of  the  stress  factor  are  identified  in  Figure  9.  In  this 
figure,  I  distinguish  two  ideas:  first,  the  definition  of  stress,  and 
second,  the  circumstances  of  stress.  For  example,  the  effect  of  stress 
on  the  intensity  of  SCC  is  independent  of  the  origin  of  stress. 
However,  residual  stresses  and  stresses  from  corrosion  product 
expansion  are  important  in  assessing  the  life  of  components. 


Stress  Factor  of  SDS 


Stress  Definition 


Mosn  stress 
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FIGURE  9— Principal  features  of  the  stress  factor  of  situation- 
dependent  strength.  Features  defining  the  stress  as  well  as 
those  that  produce  Important  circumstances  are  identified. 
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In  the  early  years  of  considering  SCC,  it  was  common  to 
distinguish  between  SCC  and  corrosion  fatigue.  It  is  now  clear  that 
there  is  a  continuum  between  these  phenomena;  however,  the  lack 
of  an  obvious  analytic  relationship  between  SCC  and  corrosion 
fatigue  in  many  metal-environment  systems  may  mean  that  the  full 
range  of  paths  connecting  the  two  phenomena  has  not  been  defined 
nor  explored. 

There  are  bases  for  distinguishing  between  corrosion  fatigue  at 
high  cyclic  frequencies  and  at  low  cyclic  frequencies,  since  the  crack 
growth  rate  (Aa /An)  is  well  known  to  increase  in  some  environments 
as  the  cyclic  frequency  is  reduced  to  the  range  of  1  Hz.  This  pattern 
is  the  basis  for  poor  predictions  based  only  on  high  cycle  fatigue.  This 
pattern  leads  some  to  conclude  lhat  accelerated  crack  growth  at  high 
cyclic  frequencies  is  different  from  what  occurs  at  low  cyclic 
frequencies.  The  lack  of  consistency  between  what  happens  at  high 
cyclic  frequencies  and  low  cyclic  frequencies  may  simply  indicate  the 
lack  of  an  appropriate  continuum  for  analysis. 

It  is  also  known  that  small  cyclic  ripples  superimposed  on  a 
constant  stress  greatly  increase  the  SCC  intensity  beyond  any 
prediction  based  on  usual  interaction  of  the  mean  stress  and  R  value. 
Such  an  apparent  discontinuity  results  from  an  inadequate  definition 
of  continuum  of  environment  and  stress. 

The  geometry  factor  of  SDS 

Important  features  of  the  geometry  factor  of  SDS  are  illustrated 
in  Figure  10.  The  geometry  factor  is  more  of  an  engineering 
consideration  than  a  scientific  one,  and  I  was  originally  uncertain  as 
to  whether  or  not  it  should  be  a  part  of  the  SDS  factors. 

Generally,  the  features  of  the  geometry  factor  will  not  find  their 
way  directly  into  any  correlation  equations  or  a  topological  depen¬ 
dences;  however,  as  with  the  consideration  of  residual  stresses  in 
Figure  9  for  the  stress  factor,  such  features  as  galvanic  effects  are  not 
only  important,  they  may  determine  entirely  the  intensity  of  SCC.  On 
the  other  hand,  any  galvanic  effect  may  be  understood  fundamentally 
in  terms  of  an  electrochemical  potential  on  the  surface,  independent 
of  how  the  potential  was  produced. 

Geometry  Factor  of  SDS 


•  Discontinuities  which  Intensity  stress 

•  Electrical  connections  give  galvanic 

potentials 

•  Chemical  crevices 

•  Gravitationally  Induced  settling  ot 

solids  to  lower  level 

•  Restricted  geometries  with  associated 

heat  transfer  leading  to  concentration 

•  Horizontal  (upper  /  lower)  or  vertical 

orlontatlon 


FIGURE  10— Principal  features  of  the  geometry  factor  of  situntlon- 
dopendent  strength. 

The  fact  lhat  galvanic  effects  can  be  decisive  identifies  the 
necessity  for  the  designers  to  determine  the  existence  of  possible 
galvanic  couplos. 

Tho  importance  of  intensifying  stress  by  sharp  geometries  is 
moro  Important  to  the  stress  factor.  However,  identifying  such 
geometries  and  avoiding  them  is  important  enough  to  consider 
explicitly.  Further,  such  geometries  Interact  with  other  processes  that 
influence  tho  Intensity  of  SCC.  For  example,  tight  geometries 
produce  occluded  regions  whore  the  environmental  chemistry  may 
dilfor  greatly  from  tho  nominal  bulk  environments.  Corrosion  products 
accumulate  in  tight  geometries  and  produce  stross.  Also,  tight 
geometries  sometimes  involve  materials  of  sufficiently  different 
chemstry  that  local  galvanic  processes  operate. 


The  temperature  factor  of  SDS 
Temperature  is  generally  a  standard  factor  to  include  in  any 
consideration  of  fundamental  chemical  and  physical  processes.  It  is 
thus  appropriate  to  include  here.  However,  temperature  affects  the 
individual  processes  identified  by  the  SDS  factors  in  different  ways. 
For  example,  the  temperature  dependence  of  creep  strain  at  a  crack 
tip  differs  from  the  effect  of  temperature  on  chemical  reaction  rates 
associated  with  film  formation  or  with  the  diffusion  of  hydrogen  inside 
a  metal.  Thus,  while  a  given  correlation  equation  for  SCC  intensity 
may  depend  on  temperature,  such  a  temperature  dependence  may 
not  have  a  temperature-independent  activation  energy. 

Features  of  the  temperature  factor  of  SDS  are  identified  in 
Figure  11. 

Temperature  Factor  of  SDS 


FIGURE  11— Principal  features  of  the  temperature  factor  of 
situation-dependent  strength. 

Since  physical  processes  generally  increase  in  intensity  as  the 
temperature  increases,  it  is  tempting  to  ascribe  the  same  pattern  to 
SCC.  However,  SCC  in  most  metal  groups  occurs  readily  at  room 
temperature  and  below  with  sufficient  rapidity  to  be  considered  in 
design. 

Temperature  is  also  a  trade-off  with  other  factors.  For  example, 
in  the  SCC  of  nonsensitized  stainless  steels,  temperatures  in  excess 
of  100°C  are  usually  required  for  SCC  in  neutral  chloride  solutions. 
However,  when  the  pH  becomes  more  acidic,  the  temperature  at 
which  SCC  becomes  significant  is  reduced  to  room  temperature  and 
below.2 

The  temperature  of  interest  to  SCC  is  the  temperature  of  the 
metal  surface  exposed  to  an  environment  as  opposed  to  the  bulk 
temperature  of  the  environment.  Such  a  provision  is  especially 
important  in  considering  tho  performance  of  heat-transfer  surfaces 
where  deposits  accumulate  or  where  the  flow  of  the  cooling  medium 
is  inhomogeneous. 


The  time  factor  of  SDS 

To  some  extent,  timo  is  a  dependent  variable  in  the  sense  of 
"time-to-failure"  or  "initiation  time.”  In  this  sense,  it  is  part  of  the 
separate  consideration  of  the  dependent  variable,  “intensity,"  in  tho 
introduction  to  this  section. 

Timo  as  an  independent  variable  relates  primarily  to  factors  that 
may  change  with  timo  to  affect  tho  Intensity  of  SCC.  For  oxample, 
with  increasing  timo,  deposits  on  metal  surfaces  build  up  and  change 
surface  stresses,  electronic  conductivity,  and  surfaco  chemistry. 
Important  features  of  this  factor  of  SCC  are  summarized  in  Figure  12. 

As  a  layer  of  reaction  products  builds  up  on  tho  surfaco,  as,  for 
example,  in  aqueous  environments,  the  potential  of  Iho  surfaco  may 
change  to  move  into  a  region  whore  the  SCC  intensity  increases  or 
decreases.  Changes  in  surface  deposits  with  time  will  also  influence 
galvanic  processes. 

Over  the  extended  times  suggested  in  Figure  1,  tho  structure 
and  local  composition  of  tho  metal  may  change.  One  such  chango  is 
“in  situ  sonsitization,"  which  is  of  interest  to  stainless  steels.  Also, 
grain-boundary  chemistry  sensitive  to  movements  of  atoms  ovor  a 
few  nanometers  would  be  affected  by  long  exposure  limes. 

Another  kind  of  chango  with  timo  is  the  development  of  surface 
defects  that,  at  some  point,  reach  a  critical  size  for  SCC  crack  growth. 
Such  defects  are  produced  in  turbine  blados  by  erosion  and  in 
high-strength  steels  by  pitting.  Here,  the  SCC  will  not  initiate  until  a 
defect  of  tho  requisite  size  is  reached  and  Kiscc  is  exceeded. 


•  At  metal  surface  exposed 

to  environment 

•  Change  with  time 
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•  Relaxation  of  stress 


FIGURE  12— Principal  features  of  the  time  factor  of  situation- 
dependent  strength. 

A  still  different  time  dependence  is  associated  with  the  formation 
of  occluded  geometries.  Here,  an  initially  narrow  but  adequate 
dimension  would  permit  adequate  communication  between  a  poten¬ 
tially  occluded  geometry  and  the  bulk  environment.  Later,  such  a 
narrow  region  may  become  filled  with  deposits  or  corrosion  products 
and  then  become  occluded  to  the  extent  that  the  local  chemistry  will 
differ  greatly  from  the  bulk. 

Initially  clean  surfaces  are  changed  by  the  formation  of  deposits. 
Such  deposits  are  often  related  to  gravity  effects  where  particles 
collect  at  the  bottom  of  storage  vessels  and  sometimes  produce 
layers  many  inches  thick.  Such  deposits  may  also  form  in  regions  of 
low  flow  in  piping.  In  any  case,  these  deposits  may  alter  electro¬ 
chemical  and  chemical  conditions  on  the  surface  sufficient  to  change 
the  intensity  of  SCC. 

Time  is  important  also  with  respect  to  the  cyclic  rates  of 
temperature  and  stress  changes.  These  cyclic  processes  are  gen¬ 
erally  included  in  the  stress  factor. 

Starting  Point  for  Assessing  Progress: 
Approximately  1955 

It  would  not  be  useful  to  conduct  a  detailed  assessment  of  the 
entire  historical  literature,  since  my  primary  purpose  was  to  assess 
the  scientific  and  engineering  status  of  SCC.  However,  it  is  useful  to 
view  today’s  status  relative  to  some  reference  in  order  to  rationalize 
the  present  understandings.  Therefore,  I  decided  to  take  "approxi¬ 
mately  1955"  as  tho  starting  point.  Taking  "approximately  1955"  as 
a  starting  point  also  provides  a  useful  foil  lor  developing  a  more 
orderly  description  of  SCC. 

Using  1955  as  a  starting  point  seomed  reasonable  since  there 
was  a  literature  of  sovoral  hundred  important  papers  at  the  time 
covering  a  range  of  alloys  and  scientific  and  engineering  studies. 
There  aro  some  liberties  I  tako  with  1 955  as  tho  starting  point  in  terms 
of  what  I  inUude.  From  a  pursunal  point  ul  view,  1955  is  also  the  time 
whon  I  started  my  M.S.  program  under  M.  Fontana  at  Ohio  State. 
Thus,  this  review  is  something  ol  a  personal  chronicle. 

To  identify  tho  state  of  publications  In  1955,  Figure  13(a)  shows 
a  plot  of  published  articlos  from  tho  1956  book  edited  by  Robertson.3 
Here,  tho  articlos  cited  In  both  the  1956  volume  and  In  tho  1944 
AIME-ASTM  volume  aro  summarized. 

To  determine  whether  tho  predicted  rate  of  publication  from 
Figure  13(a)  continued,  I  counted  tho  total  number  of  publications 
used  as  references  in  tho  1967  Ohio  Stato  volume  and  tho  total 
number  used  as  reloroncos  in  the  1974  Firmmy  volume,  only  on 
iron-baso  alloys,  together  with  two  roviows  on  titanium  and  alumi¬ 
num.4  r  Tho  results  are  ptotteo  in  Figure  13(b),  which  shows  tho 
cumulative  number  of  articles  published  by  a  given  year  and  suggost 
that  53,000  articles  on  all  of  SCC  would  have  been  published  by 
1988,  the  year  of  tho  Kohler  conference. 

Aftei  I  dehno  tho  stato  ol  affairs  m  1955,  in  tho  next  section, 
Events  that  Stimulus  a  Change,  I  identify  important  events  that 
indicated  a  need  fui  greatly  impruvirig  wui  undeistanding  of  SCC. 
This  is  followed  in  tho  next  section,  ‘Respciwo.  by  tho  mam 
historical  themes  ol  tho  quest  fui  improved  understanding.  These 


three  sections,  taken  together,  constitute  the  history.  They  also 
provide  context  for  understanding  the  present  scientific  and  engi¬ 
neering  status  of  SCC.  Finally,  these  three  sections  demonstrate  first 
that  a  greatly  improved  framework  is  needed,  and  second  that  one  is 
possible  as  identified  in  the  section  “Engineering  Status.” 


Year  of  Reference 

a 


Year  of  Symposium 

b 

FIGURE  13-(o)  Articles  published  on  SCC  vs  time  as  deter¬ 
mined  from  the  proceedings  of  1944  and  1954  meetings. 
Adapted  from  Reference  3;  (b)  cumulative  articlos  published 
through  1973  based  on  tho  1944  and  1954  data  plus  data  from 
1967  Ohio  State  meeting  and  1973  Flrmlny  meeting,  Including 
contemporary  rovlews  on  titanium  and  aluminum. 

Prior  to  1955,  the  following  quote  from  Scheil9  seems  to 
describe  tho  engineering  view  of  SCC: 

Fortunately,  the  necessary  corrosion  conditions  for  SCC  of  the 
austonitic  alloys  are  not  too  common  and  we  believe  that  when 
those  conditions  do  occur,  an  alloy  can  be  selected  to  prolong 
the  life  of  the  equipment  or  an  inhibitor  may  be  added  to  tho 
process  to  protoct  the  stainless  surfaces. 

By  1955,  some  significant  events  had  occurred.  In  1945,  ASTM 
published  proceedings  of  tho  first  major  conference  held  In  1944  on 
SCC  whore  most  of  the  major  alloy  systems  were  discussed.9  Later, 
in  1962,  Smialowski  published  his  book,  Hydrogen  in  Steels.'0  The 
landmark  article  by  Troiano  on  delayed  failure  was  published  as  his 
1959  Campbell  Memorial  Lecture  fo.  tho  American  Society  for 
Metals.”  By  1955,  Fontana  had  classified  SCC  as  one  of  the  “Eight 
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Forms  of  Corrosion,”'2  and  discussions  of  9  and  35  pages,  respec¬ 
tively,  were  given  in  handbooks  by  Uhlig  and  Evans,  respectively  14 

I  have  identified  below  16  ideas  that  seem  to  characterize  the 
understanding  of  SCC  in  “approximately  1955." 

Metals  have  inherent  strength.  As  engineering  materials, 
metals  have  predictable  and  controllable  mechanical  properties, 
especially  strength  and  toughness,  that  permit  them  to  be  used  in  a 
wide  variety  of  service  applications  and  environments.  SCC  is 
relatively  rare  and  can  be  avoided  by  proper  selection  of  materials. 

The  occurrence  of  SCC  in  various  alloys  was  caused  by 
specific  ions.  The  reviews  of  SCC  around  1955  usually  described 
SCC  with  a  table  shewing  the  important  alloy  systems  and  the 
specific  ions  or  environments  that  “caused"  SCC.1516  Such  tables 
usually  noted,  for  example,  that  chlorides  and  caustics  caused  SCC 
in  stainless  steels,  nitrates  and  caustics  caused  SCC  in  mild  steels, 
and  ammonia  caused  SCC  in  brasses. 

Certain  alloys,  crystal  structures,  and  heat  treatments  were 
“susceptible"  and  others  were  not.  It  was  thought,  for  example, 
that  the  bcc  crystal  structure  was  not  susceptible  to  SCC  in  chloride 
environments  based  on  the  data  of  Copson.”  It  was  also  thought  that 
the  high  nickel  alloy  Inconel  600  was  not  susceptible  to  SCC  based 
on  the  Copson  work,  despite  suggestions  to  the  contrary.”1 

Pure  metals  are  resistant  to  SCC.  It  was  widely  thought  that 
pure  metals  were  resistant  to  SCC,  a  materials  system,  Alclad/  was 
developed  based  on  that  idea.  This  was  an  effective  material  since 
the  very  high-strength  aluminum  alloys  in  the  core  of  the  Alclad 
sandwich  were  so  prone  to  SCC  and  the  pure  aluminum  on  rhe 
outside  was  so  resistant.  However,  it  has  yet  to  be  proven  that  pure 
aluminum  is  resistant  to  SCC  in  the  wide  range  of  environments  onue 
imagined. 

For  many  years,  it  was  assumed  that  pure  copper  and  pure  non 
were  resistant  to  SCC,  although  the  possibility  ot  intergranular  SCC 
was  allowed  because  of  "impurities."  Today,  the  transgranular  SCC 
of  pure  copper  and  iron  is  well  established.’9 

Pure  environments  do  not  cause  SCC.  Similar  to  the  as¬ 
sumption  that  pure  metals  are  resistant  to  SCC  was  an  assumption 
that  pure  environments  do  not  cause  SCC.  This  assumption  followed 
from  the  second  idea  in  this  series  that  specific  ions  were  required  to 
cause  SCC.  This  was  later  disproven  by  Coriou  s  work  in  1 959,  which 
showed  that  SCC  of  Inconel  600  could  easily  occur  in  pure  water.90 

SCC  and  corrosion  fatigue  are  different.  In  Fontana  s  eight 
forms  ot  corrosion,  corrosion  fatigue  and  SCC  were  differentiated.” 
Such  a  differentiation  persisted  until  at  least  1970,  when  the 
corrosion  fatigue  conference  at  Storrs22  attempted  to  find  a  contin¬ 
uum  between  these  phenomena.  Worh  by  Aiei  and  others’0  identified 
ttie  tact  that  many  phenomena  called  corrosion  latigue  were  simply 
the  integial  ot  SCC  taken  over  the  cyclic  stress  pattern.  On  the  other 
hand,  the  work  of  Duquetto  and  Uhiig  pressed  tor  differentiation. ’J 

It  appears  to  mo  that,  oven  in  those  corrosion  fatigue  phenom¬ 
ena  whoro  tho  fatigue  strength  is  reduced  by  environments  when 
tested  at  high  cyclic  frequency  but  where  the  integral  does  not 
correspond  to  SCC  crack  velocity,  we  are  seeing  an  incompletely 
dofinod  system.  II  the  coordinates  for  the  environment  and  stress 
were  extended,  it  is  likely  that  what  appear  to  bo  different  phenomena 
would  become  parts  of  tho  same  continuum. 

The  major  difference  between  corrosion  fatigue  data  that  cun  be 
iniergrated  into  SCC  and  that  cannot,  seems  mainly  to  be  associated 
with  effects  observed  at  high  cyclic  frequencies.  I  believe  that  any 
discontinuities  in  tho  possible  continue  between  SCC  and  corrosion 
latigue  may  be  due  more  to  inadequate  conceptions  ot  the  contin¬ 
uum. 

SCC  and  hydrogen  ombrittlomont  are  dlfforont.  Consider¬ 
able  etlort  was  spent  to  differentiate  SCC  from  hydrogen  embrittle¬ 
ment  with  tho  implication  that  the  former  was  clearly  an  anodic 
process.  Such  distinctions  are  now  less  clear.  Further,  it  is  not  clear 
that  SCC  at  tho  low  potentials  is  directly  associated  with  hydrogen. 
Species  such  as  sulfur,  phosphorus,  and  carbon  at  gram  boundaries 


tTrade  name. 


can  react  at  low  potentials  to  produce  soluble  species.  Further,  there 
is  evidence  that  what  was  once  thought  to  be  SCC  in  pure  water90  is 
actually  some  type  of  hydrogen  embrittlement.25 

Further,  to  differentiate  SCC  by  anodic  and  hydrogen  embritt¬ 
lement  is  simplistic,  since  there  are  so  many  atomic  processes, 
besides  these  two,  that  have  been  shown  to  propagate  SCC.  Some 
processes  that  clearly  do  not  involve  hydrogen  also  do  not  involve 
dissolution  in  aqueous  solution,  the  iodine  SCC  of  zirconium  alloys 
and  the  chlorine  SCC  of  high-strength  steels  are  good  examples/5  29 
On  the  other  hand,  to  exclude  hydrogen  entry  from  participating  in 
processes  at  external  potentials  above  the  hydrogen  equilibrium  is 
also  under  question. 

An  endurance  limit  describes  the  stress  below  which 
failure  will  not  occur.  It  was  common  to  take  data  at  different 
stresses  and  determine  a  stress  below  which  SCC  would  not  occur. 
Such  a  stress  below  which  SCC  would  not  occur  was  analogous  to 
the  endurance  limit  in  fatigue.  It  is  now  clear  that  many  such  tests  did 
not  last  long  enough  and  that  the  stress  below  which  SCC  does  not 
occur  after  long  times  may  be  relatively  low. 

Constant-strain  specimens.  Most  testing  prior  and  during  the 
1955  period  used  constant  strain  achieved  either  by  3-  or  4-pomt 
loading  or  by  a  U-bend  arrangement.  Such  testing  was  useful  but  not 
conservative.  At  high  temperatures,  such  specimens  tended  to  r_  lax. 
At  lower  temperatures,  such  constant  strain  did  not  duplicate  ..ie 
frequent  load  changes  in  engineering  systems. 

Constant-strairi  testing  has  now  been  largely  replaced  by 
siow-strain-rate  tests  where  serious  experimental  work  is  concerned, 
although  the  constant-strain  tests  in  the  form  of  U-bends  or  "reverse 
U-bends  are  sometimes  used.  An  interesting  comparison  between 
constant  strain  and  constant  load  is  seen  in  comparing  Coriou’s  1959 
and  1965  papers  where  the  latter  at  constant  load  produced  more 
pronounced  cracking  and  indications  of  the  dependence  of  stress  on 
time-to-failure.20-28 

Constant-strain  testing  should  not  be  used  where  any  serious 
dependencies  need  to  be  obtained  Such  testing  might  be  useful  to 
check  out  changes  in  industrial  processes,  but  the  results  should  be 
considered  with  caution. 

Smooth  specimens.  For  many  years,  smooth  specimens 
were  the  standard  for  SCC  studies.  In  some  cases,  the  specimens 
were  notched  for  good  measure,  however,  for  the  most  part 
specimens  were  smooth.  Despite  the  present  interest  in  precracked 
geometries,  smooth  geometries  are  not  necessarily  useless  since  it 
is  the  geometry  of  millions  of  square  feet  of  heat  exchanger  tubing  in 
many  industries. 

There  were  three  deficiencies  in  using  smoo.h  specimens.  First, 
such  specimens  did  not  relate  to  the  engineering  situation  for  thick 
sections  where  surface  defects  were  inevitable.  Second,  data  from 
testing  specimens  with  smooth  surfaces  tended  to  be  widely  scat 
tered.  Third,  it  was  difficult  to  distinguish  time  to  initiate  SCC  from  the 
time  for  it  to  propagate. 

B.F.  Brown  at  the  Naval  Research  Laboratory  urged  that  testing 
for  SCC  be  done  with  prepacked  specimens  so  that  the  uncertainties 
in  initiation  could  be  minimized. 

It  should  be  noted  that  testing  with  smooth  surfaces  is  still 
important,  since  many  applications,  such  as  heat  transfer  tubing, 
have  wal!  dimensions  that  are  too  thin  to  qualify  for  the  application  of 
data  from  testing  precracked  specimens. 

“The"  mechanism  of  SCC.  In  the  time  range  of  1955,  there 
was  a  major  effort  to  find  "the”  mechanism  of  SCC.  This  quest 
produced  strong  words  between  the  people  who  studied  what  they 
thought  was  hydrogen  embrittlement  and  those  who  studied  what 
they  thought  was  anodic  SCC.  Furthermore,  the  search  for  “the 
mechanism"  led  to  some  interesting  ideas  that  could  not  be  related 
to  any  predictive  capability  in  the  sense  of  the  SDS  coordinates 
described  in  Figures  5  and  8  through  12. 

The  general  idea  that  there  was  such  a  thing  as  “the  mecha 
nism”  led  many  investigators,  who  conducted  quite  useful  engineer 
ing  studies,  to  conclude  that  their  work  supported  one  or  the  other  of 
the  range  of  mechanistic  ideas  of  the  day.  Unfortunately,  there  was 
usually  little  real  support  for  any  of  their  conclusions  concerning  such 
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mechanisms  except  the  ones  that  summarized  the  trends  of  their 
direct  data. 

Synergistic  interaction  of  stress,  material,  and  environ¬ 
ment.  There  was  a  time  when  I,  as  well  as  many  others,  character¬ 
ized  SCC  as  a  synergistic  phenomenon.  However,  such  a  charac¬ 
terization  suggests  that  there  is  something  magical  about  SCC  and 
that  the  origins  of  the  often  great  reduction  in  strength  are  surprising 
and  arcane. 

This  term,  synergy,  as  applied  to  the  combined  action  of  stress, 
environment,  and  material,  has  not  been  useful.  It  needs  to  be 
replaced  by  a  more  orderly  and  accessible  concept.  Such  ap¬ 
proaches  are  described  in  the  section  “Engineering  Status.” 

Pitting  is  required  for  SCC.  In  1955,  engineers  thought  pitting 
was  a  prerequisite  for  SCC;  unfortunately,  there  are  those  who  still 
believe  this.  Those  who  have  studied  initiation  processes  have 
shown  that  prior  pitting  is  not  required  for  many  alloy-environment 
systems  and  that  SCC  can  initiate  and  propagate  from  an  absolutely 
smooth  surface. 

For  example,  it  has  been  shown  that  the  range  of  potential  for 
pitting  is  generally  different  from  that  for  SCC.29 

There  are  some  cases,  generally  for  high-strength  alloys,  where 
prior  pits  are  required.  When  the  local  stress  intensity  associated  with 
such  pits  exceeds  K1SCC,  SCC  can  initiate. 

"Classic”  SCC  could  be  defined.  For  some  time  in  the 
mid-1950s,  as  well  as  the  present,  it  has  been  common  for  people  to 
refer  to  "classic”  SCC.  I  suppose  that  this  means  the  transgranular 
SCC  of  stainless  steel.  Such  a  term,  used  by  both  by  experts  and 
novices  on  occasion,  is  misleading.  There  is  nothing  "classic"  about 
any  type  of  SCC. 

The  only  reason  that  a  particular  type  of  SCC  may  be  “classic” 
is  that  extensive  information  has  been  published  on  it  or  that  the 
morphology  of  the  SCC  is  particularly  interesting  as  for  the  exten¬ 
sively  branched  transgranular  SCC  of  austenitic  stainless  steel 
exposed  to  chloride  environments. 

The  term  classic  is  often  used  to  distinguish  what  some  think  is 
anodically  controlled  SCC  from  what  others  think  is  hydrogen 
embrittlement. 

Intergranular  corrosion  and  intergranular  SCC.  It  has  been 
customary  to  differentiate  intergranular  corrosion,  or  intergranular 
attack  vIGAj,  as  it  is  erroneously  called  in  the  nuclear  industry,  from 
intergranular  SCC.  This  distinction  was  generally  made  in  the 
mid-1950s,  as  it  is  today,  in  terms  of  the  former  occurring  through  an 
extensive  network  of  corroded  grain  boundaries  with  much  grain 
dropping  during  specimen  preparation,  and  the  latter  having  a 
relatively  confined  attack,  as  illustrated  in  Figure  14. 

While  the  morphological  distinction  is  generally  regarded  as 
useful,  it  is  also  misleading.  For  example,  in  the  case  of  sensitized 
stainless  steels,  they  sustain  SCC  in  the  neutral  range  of  pH. 
However,  the  same  materials  in  oxidizing  acidic  solutions  undergo 
extensive  intergranular  corrosion.  Thus,  in  both  cases  the  metal  is  the 
same  with  the  same  heat  treatment.  Only  the  pH  is  changed.  Thus, 
distinguishing  between  intergranular  corrosion  and  intergranular 
SCC  may  be  more  a  matter  of  environmental  definition  than  of 
material  definition. 

Assumption  of  severe  environments.  One  of  the  most  well- 
known  experiments  in  the  history  of  studies  ol  SCC  was  that  of 
Copson,  where  he  determined  the  time-to-failure  as  a  function  of 
nickel  concentration  for  Fe-Cr-Ni  alloy  exposed  to  boiling  MgCI2 
solutions'7  and  reported  the  results  in  1959.  His  results,  shown  in 
Figure  1 5(a),  showed  that  the  worst  composition  was  the  most  widely 
used  industrial  composition  of  stainless  steel;  these  alloys  would  be 
largely  immune  to  SCC  above  50%  of  nickel,  and  that  ferritic  alloys 
would  not  sustain  SCC,  His  results  were  subsequently  repeated 
numerous  times  by  others,30 

When  one  considers  the  boiling  MgCI2  environment  with  its  pH 
in  the  range  of  2  to  4  and  the  high  concentration  of  chloride,  it  is  hard 
to  imagine  that  any  other  environment  can  be  more  severe.  However, 
the  work  of  Copson  proved  to  be  misleading  on  several  counts.  First, 
the  work  of  Coriou  on  Inconel  first  published  in  1959  showed  that 
Inconel  600  (77%  nickel)  would  indeed  sustain  SCC  but  in  absolutely 


pure  water.  His  data  compared  with  those  of  Copson  are  shown  in 
Figure  15(b).  This  comparison  means  that  pure  water  can  be  more 
aggressive  than  the  boiling  MgCI2  solution.  The  explanation  for  such 
an  apparent  anomaly  is  given  in  the  section  “Engineering  Status  ” 
Second,  the  idea  that  SCC  would  not  occur  in  ferritic  alloys  was 
shown  to  be  incorrect  by  the  work  of  Bond  and  Dundas  31  They 
showed  that  the  SCC  structure  for  these  alloys  did  not  determine 
intensity  of  SCC;  rather,  the  chemical  composition  primarily  deter¬ 
mined  SCC. 

While  the  lesson  of  erroneously  assuming  the  severity  of 
environments  should  have  been  apparent,  it  should  be  recognized 
that  such  assumptions  still  need  careful  scrutinizing 
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FIGURE  14— Schematic  views  of  intergranular  corrosion  and 
intergranular  SCC.  Adapted  from  Copson”  and  from  Coriou,  et 
al.205 

Events  that  Stimulated  Change 

In  1955,  it  was  possible  to  engineer  with  some  confidence  with 
the  phenomenon  of  SCC  in  a  few  metal-environment  systems 
Certain  guidelines  were  quite  clear.  The  specific  ion  idea,  while  not 
fundamentally  based  and  providing  little  basis  for  extrapolation  and 
interpolation,  furnished  useful  guidelines  that  could  minimize  failures 
and  ensure  reliable  operation. 

However,  after  1955,  failures  by  SCC  in  commercial  equipment 
increased  and  occurred  under  circumstances  that  were  not  predicted 
from  the  relatively  simple  framework  of  1955. 1  have  outlined  below 
18  events  that  occurred  after  1955  that  required  the  1955  view  be 
substantially  changed.  These  events  are  generally  in  four  categories 
First,  new  liquid  environmental  circumstances  existed,  including  pure 
water,  alcohol,  anhydrous  ammonia,  and  dinitrogen  tetroxide  Sec¬ 
ond,  there  were  new  gaseous  environments  including  hydrogen, 
iodine,  and  chlorine.  Third,  there  were  new  physical  conditions  of 
testing.  Fourth,  there  were  instances  of  SCC  in  commercial  applica¬ 
tions  that  called  for  new  insights. 

SCC  of  Inconel  600  in  pure  water.  In  1959,  Coriou20  pub¬ 
lished  a  paper  describing  the  SCC  of  Inconel  600  in  pure  water  He 
found  that  the  SCC  required  90  to  120  days  and  progressed  slowly. 
T  tis  finding  caused  great  controversy  partly  because  of  vested 
interests  in  high-nickel  alloys  used  for  steam  generator  tubes  in  the 
nuclear  industry  and  partly  because  the  then  existing  wisdom  was 
based  on  ihe  1959  results  of  Copson  in  boiling  MgCI2,  shown  in 
Figure  15(a),  which  showed  that  higher  nickel  alloys  would  not 
sustain  SCC. 
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FIGURE  15— Effect  of  nickel  on  the  SCC  of  Fe-Cr-baso  alloys  os 
determined  In  (a)  boiling  MgCI2  and  (b)  pure  water  environ¬ 
ments.  Adapted  from  Copson17  and  from  Corlou,  et  al.205 


Totsuka  and  Smialowska25  would  later  show  that  pure  wator 
can  be  just  as  severo  as  boiling  MgCI2  when  the  electrochemical 
potential  is  lowered  bnlow  the  ono  atmosphere  hydrogen  equilibrium. 

Main  early  criticisms  of  Conou’s  work  rolated  to  the  possibility  of 
contamination,  galvanic  effects,  and  specimen  preparation;  such 
questions  were  reasonable  except  that,  had  his  work  produced  more 
conventional  results,  there  would  have  been  less  resistance. 

It  was  not  until  196520  that  his  findings  were  unequivocally 
established.  His  1965  experiments  used  constant  load,  rather  than 
the  constant  strain  of  the  1959  experiments,  and  the  resulting  failure 
time  was  90  days. 

Coriou's  findings  were  important  because  they  established  the 
fact  that  SCC  would  occur  in  pure  wator  and  that  no  specific  ions 
were  required.  Those  results  wore  further  significant  because  Inconel 
600  had  been  shown  to  be  so  resistant  to  SCC  by  the  previous  testing 
in  the  apparently  more  severe  boiling  MgCI2.  These  results  were 
oven  moro  important  because  the  SCC  of  Inconel  600  occurred  in 
completely  deoxygenated  water  as  opposed  to  work  in  chlorides, 
where  it  was  thought  that  somo  oxidizing  capacity  was  required  for 
SCC  to  occur. 


The  quality  and  importance  of  Coriou’s  results  were  so  well 
established  that  they  provided  the  basis  for  the  use  of  Incoloy7  800 
for  steam  generator  tubing  in  German  pressurized  water  nuclear 
reactors.32  This  alloy  exhibited  less  intensity  of  SCC  in  the  chloride 
environments  and  no  SCC  in  tne  pure  water  environments,  as 
determined  by  Coriou. 

Intergranular  SCC  of  nonsensitlzed  stainless  steel  in  pure 
water.  In  a  program  to  assess  the  maximum  thermal  output  of 
nuclear  fuel  in  tubular  geometries,  General  Electric  conducted  a 
series  of  experiments  during  the  early  1960s  using  stainless  steel 
tubes  containing  uranium  dioxide  that  received  high  burn-up  expo¬ 
sure.  These  specimens  sustained  extensive  intergranular  SCC  when 
exposed  to  boiling  water  reactor  (BWR)  water.33  These  results  were 
particularly  surprising  because  the  stainless  steel  was  not  initially 
sensitized  and  because  the  SCC  was  so  extensive. 

These  results  prompted  a  major  study  of  SCC  in  Fe-Cr-Ni  alloys 
by  General  Electric  and  included  work  to  define  the  composition  and 
reactivity  of  grain  boundaries  in  these  alloys.  Much  of  this  work  is 
summarized  in  the  reviews  by  Cowan  and  Tedmon,34  Cowan  and 
Gordon,35  and  Armijo  and  coworkers.36 

These  results  were  significant  in  that  they  called  attention  to  the 
role  of  compositionally  changed  grain  boundaries  that  Jid  not  relate 
to  effects  of  sensitization.  The  composite  of  grain  boundaries  and 
their  relationship  to  corrosion  had  been  analyzed  previously  in  a 
review  by  Aust,  et  al.37 

SCC  of  sensitized  stainless  steels.  While  the  nature  of 
sensitizing  and  the  associated  intergranular  corrosion  of  stainless 
steels  in  oxidizing  environments  was  well  defined  in  1 933  by  Bain  and 
Aborn,38  a  number  of  SCC  failures  of  piping  in  nuclear  plants 
occurred  in  sensitized  stainless  steels  in  the  1960s.  This  sensitization 
was  produced  either  by  welding  or  by  furnace  heat-treatment 
processing. 

The  rate  of  such  failures  increased  substantially  in  the  1970s  as 
more  plants  were  built  and  started  to  operate  39  These  SCC  failures 
occurred  in  BWRs  manufactured  in  the  United  States.  The  sensitized 
stainless  steel  piping  in  such  plants  was  particularly  at  risk  because 
of  the  oxidizing  conditions  resulting  from  the  oxygen  produced  from 
the  radiolytic  action  of  the  radiations  in  the  nuclear  plant.  The 
progress  of  SCC  in  the  U.S.  BWR  plants  was  summarized  first  in  a 
General  Electric  publication  in  1975;  Figure  16  shows  the  occurrence 
of  SCC  in  various  BWR  nuclear  plants  over  time.  As  SCC  progressed 
in  these  nuclear  plants,  additional  articles  chronicled  the  progress. 
Figure  17  summarizes  incidents  of  additional  SCC  after  the  1975 
summary.40 

This  pattern  of  proliferation  of  SCC  in  sensitized  stainless  steel 
piping  was  arrested  by  changing  the  alloy  to  type  31 6L  (UNS 
S31603)  and  by  applying  residual  compressive  stresses  to  the  inside 
surface  of  pipes.41'44 

The  potential  for  SCC  with  the  sensitized  stainless  steel  in 
oxidizing  environments  caused  manufacturers  of  similar  boiling  water 
nuclear  systems  early  to  switch  to  low  carbon  or  stabilized  grades  of 
stainless  steel  in  Sweden  and  Germany,  respectively.  Such  an  action 
was  not  taken  In  the  United  States  until  later.  Tho  interesting  question 
hore  Is  why  the  combined  existence  of  sensitization  and  oxidizing 
conditions  did  not  alert  one  company  whilo  others  understood  such 
implications  and  acted  accordingly. 

SCC  of  carbon  steel  In  H20/C0/C02.  During  the  late  1960s, 
observations  in  both  Japan  and  the  UK  indicated  that  transgranular 
SCC  could  occur  In  carbon  steel  in  gaseous  environments  containing 
critical  ranges  of  combinations  of  H20,  CO,  and  C02.  These  results 
and  others  wore  reviewed  by  Brown,  et  al.,45  and  by  Kowaka  and 
Nagata.46 

These  results  wore  interesting  because  carbon  steel  had 
previously  been  observed  to  sustain  SCC  only  intergranularly  and 
because  this  environment  differed  greatly  from  the  nitrate  and  caustic 
one  In  which  intergranular  SCC  had  been  well  established.  Further, 
it  was  sufficient  that  the  environment  bo  gaseous  rather  than 
single-phase  liquid. 
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NOTE  MORE  THAN  ONE  CRACKING  INCIDENT  MAY  HAVE  OCCURRED  AT  A  SYMBOL 

FIGURE  16— Incidents  ot  SCC  In  boiling  water  reactor  nuclear  plants  manufactured  by  the 
General  Electric  company  as  occur  In  sensitized  stainless  steel  through  1975.  Adapted  from 
Reference  39. 


SCC  of  Inconel  600  within  aqueous  lead  stations.  In  an 
olton  to  understand  the  possible  effects  ot  impurities  that  led  tu  the 
SCC  ot  Inconel  600  in  the  work  of  Coriuu,  Copson  and  Dean 
conducted  experiments  with  environments  containing,  among  other 
additions,  small  amounts  of  lead  in  the  water  and  published  then  work 
in  1965/7 

Lead,  as  a  liquid  metal,  had  already  been  shown  to  embrittle 
nickel-base  alloys.  Thus,  adding  lead  compounds  to  aqueous  envi 
ronmems  was  a  reasonable  approach  to  searching  for  effects  ol 
contaminants  on  the  SCC  of  Inconel  600.  Additives  of  lead  to 
aqueous  solutions  produced  both  transgranuiai  and  iritergiarruiar 
SCo  in  inconel,  subsequent  results  that  Copson  and  Dean  obtained 
together  with  later  work  by  others  showed  clearly  that  the  presence 
ol  lead  in  an  aqueous  environment  greatly  accelerated  SCC. 

Despite  the  traiwyianuiar  nature  and  high  intensity  of  SCC  in 
Inconel  exposed  to  aqueous  environments  containing  lead,  no 
senoirs  study  has  yet  been  conducted  to  ralionalizo  the  role  of  lead 
or  the  broador  implications  of  such  environments.  What  was  appar¬ 


ent  m  1965  and  what  is  more  apparent  today  is  that  the  lead,  as  an 
addition  to  water,  may  be  incidental  relative  to  the  electrochemical 
conditions  it  establishes.  It  is  more  likely  that  the  lead  simply  places 
the  suilace  of  Inconel  mto  a  region  of  potential  and  pH  where  the  alloy 
sustains  both  intergranular  and  transgranular  SCC  at  high  rates 
Such  results  could  be  achieved  as  easily  by  controlling  the  pH  and 
potential  by  artificial  means. 

SCC  of  titanium  alloys  In  alcohol.  To  avoid  the  SCC  of 
titanium  alloys  that  might  occur  in  aqueous  environments.  NASA  at 

point  decided  to  hydrotest  titanium  alloy  vessels  in  alcohol 
u..vironments,  owing  to  the  assumption  that  alcohol  would  be  an  inert 
environment.  Tho  SCC  that  resulted  in  the  alcohol  solvent  was  a 
surprise/8 

During  subsequent  testing,  the  SCC  was  found  to  be  acceler 
ated  by  contamination  of  water  and  chloride  in  tho  alcohol  It  should 
be  noted  that  experiments  shewed  that  SCC  could  occur  in  either 
puie  water  or  pure  alcohol  as  well  as  mixtures  of  the  two  However, 
alcohol  plays  an  important  role  here,  and  the  type  of  alcohol  was 
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shown  later  by  Blackburn,  Smyrl,  and  Feeney.48  The  combined 
effects  of  pure  water  and  pure  alcohol  together  with  intermediate 
mixtures  of  the  two  is  shown  in  Figure  18. 

SCC  of  titanium  alloys  in  N204.  A  Ti-6A!-4V  alloy  was 
selected  by  NASA  for  constructing  pressure  vessels  to  contain  the 
N 204  oxidizing  agent  for  the  Apollo  vehicle.  During  pressure  testing 
of  the  fabricated  vessels  in  1964,  it  was  found  that  the  Ti  alloy 
sustained  SCC.48  This  SCC  was  extensive,  rapid,  and  transgranular. 


Pipe  Diameter  (in) 

FIGURE  17— Incidents  of  SCC  in  boiling  water  reactor  nuclear 
plants  manufactured  by  the  General  Electric  company  through 
1983.40 
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These  results  were  important  because  they  established  the 
basis  for  a  broader  set  of  liquid  environments  in  which  SCC  could 
occur.  Further,  these  results  showed  that  neither  chloride  nor 
hydrogen  was  required  for  SCC  of  titanium  and  that  the  intensity  of 
SCC  in  titanium  was  based  on  broader,  although  not  well-defined, 
considerations.  This  environment-alloy  system  is  still  not  well 
defined. 

SCC  of  steel  in  anhydrous  NH3.  In  about  1S62,  steel  vessels 
containing  anhydrous  liquid  NH3  were  reported  by  Loginow  and 
Phelps  to  sustain  predominantly  transgranular  SCC.50  This  SCC  was 
accelerated  by  the  addition  of  oxygen  but  could  be  inhibited  by  the 
addition  of  water.  That  SCC  could  occur  in  such  an  environment  was 
surprising.  Further,  the  past  experience,  especially  in  aqueous 
caustic  environments,  was  that  mild  steel  sustains  primarily  intergran¬ 
ular  SCC,  and  finally,  the  fact  that  adding  water  inhibited  SCC  rather 
than  promoting  SCC  was  counter  to  conventional  wisdom. 

Work  on  SCC  of  steel  in  anhydrous  NH3  was  extended  by  Wilde 
and  Deegan  and  others,1 51-52  who  showed  that  oxygen  and  nitrogen 
as  gaseous  contaminants  were  responsible  for  cracking  in  otherwise 
pure  ammonia.  Figure  19(a)  shows  a  potential  vs  time  plot  for 
different  concentrations  of  oxygen.  With  no  oxygen,  there  was  no 
SCC.  However,  even  with  oxygen  as  low  as  0.9  ppm,  SCC  occurred. 
In  Figure  19(b),  the  effect  of  water  additions  to  anhydrous  ammonia 
shows  that  SCC  can  be  inhibited  above  approximately  1000  ppm. 

The  SCC  of  steel  in  anhydrous  NH3,  like  that  of  titanium  in  N204, 
showed  clearly  the  generality  of  SCC  in  different  liquid  environments. 
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FIGURE  18— Effects  of  alcohol  and  water  on  the  SCC  of  titanium 
alloys  from  work  by  Blackburn,  et  al.  Adapted  from  Reference 
48. 

Aside  from  tho  SCC  in  fuming  nitric  acid,49  there  was  nothing  in 
the  literature  to  suggest  such  a  result.  Many  investigators  wore 
certain  that  a  chloride  impurity  was  responsible.  However,  none  was 
found  to  be  necessary.  Tho  SCC  of  tho  TI-6AI-4V  alloy  in  N204  was 
found  to  relate  more  to  ratios  of  small  quantities  of  oxygen  and  water. 
A  high  ratio  of  oxygen  to  water  seemed  to  favor  SCC  and  a  low  ratio 
prevented  it.  In  fact,  it  was  the  low  ratio  that  was  used  when  the 
titanium  alloy  had  been  qualified.  The  higher  ratio  used  later  when  the 
pressure  testing  was  conducted  resulted  from  slight  changes  in  the 
processing  procedures. 


FIGURE  19-Effects  of  oxygen  and  water  on  tho  SCC  of  mild 
steel  In  anhydrous  ammonia  from  work  by  Deegan,  et  al.  (a) 
Effect  of  oxygen  addition  on  the  SCC  os  shown  by  potential 
transients  occur  corresponding  to  the  occurrence  of  SCC,  and 
(b)  effect  of  water  on  SCC.  From  work  of  Deegan,  et  al.s,,M 


The  hydrogen  gas  SCC  of  high-strength  steel  and  Its 
oxygen  Inhibition.  From  the  work  of  Smialowski  and  Troiano’0,1' 
as  well  as  many  others  starting  early  in  the  1900s,  it  has  been  clear 
that  hydrogen  plays  a  major  role  in  the  SCC  of  steel  as  well  as  other 
materials.  Before  1 955,  it  was  clear  that  the  thermodynamic  pressure 
alone,  in  principle,  was  quite  high  and  greatly  exceeded  anything  that 
would  be  normally  available  from  ambient  gas. 
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Further,  it  was  well  known  that  poisons  such  as  sulfide  and 
arsenic  were  effective  in  accelerating  hydrogen  entry  owing  to  their 
property  of  reducing  the  rate  of  combination  of  hydrogen  on  the 
surface.53 

The  equilibrium  pressure  of  hydrogen  at  the  corrosion  potential 
during  typical  corrosion  processes  may  greatly  exceed  one  atmo 
sphere.  However,  such  equilibrium  pressures  are  not  achieved,  since 
the  hydrogen  combines  quickly  and  leaves  the  surface  as  gas;  the 
possibility  of  relatively  high  pressures  in  bubbles  inside  the  metai  in 
equilibrium  with  the  effective  hydrogen  pressures  on  the  surface  can 
be  reasonably  explained. 

A  detailed  model  for  SCC  resulting  from  such  pressures  has 
been  developed  by  Tetelman.54  However,  the  experiments  of  John¬ 
son  showed  that  gaseous  hydrogen  even  at  ambient  pressure 
caused  SCC  to  propagate  more  rapidly  than  in  water  at  ambient 
pressure  and  showed  that  the  hydrogen  pressure  bubble  mode!  was 
not  necessary.55  Johnson’s  experiments  were  also  interesting  be¬ 
cause  they  showed  that  introducing  gaseous  oxygen  stopped  the 
SCC.  Such  a  result  never  occurred  in  aqueous  environments  where 
dissolved  oxygen  and  oxygen  from  the  reduction  of  water  were 
readily  available. 

The  chlorine  gas  cracking  of  high-strength  steel.  The 
doctoral  work  of  Kerns  in  the  early  1970s  showed  that  SCC  would 
propagate  in  high-strength  steels  in  chlorine  gas.27  It  was  also  shown 
that  this  SCC  was  not  related  to  the  presence  of  hydrogen.  Kerns 
showed  that  the  velocity  of  SCC  in  chlorine  gas  at  ambient 
temperature  was  two  orders  of  magnitude  greater  than  in  ambient 
pressure  hydrogen. 

Kerns’s  work  showing  that  gaseous  chlorine  as  well  as  gaseous 
hydrogen  would  produce  SCC  in  high-strength  steels  was  one  of  the 
most  important  changes  in  the  established  momentum  of  SCC 
phenomenology  after  Coriou’s  work.  This  result  suggests  that  many 
other  gaseous  as  well  as  liquid  species  might  accelerate  SCC  in 
steels.  These  possibilities  have  yet  to  be  pursued. 

SCC  of  zirconium  alloys  in  iodine  gas.  The  initial  develop¬ 
ment  of  zirconium-base  alloys  for  cladding  the  uranium  fuel  in  nuclear 
reactors  concentrated  on  the  compatibility  between  zirconium  alloys 
with  water  on  exterior  surfaces  at  temperatures  in  the  range  of  200 
to  400 JC  from  the  point  of  view  of  general  oxidation  and  hydriding. 
Enormous  efforts  were  expended  on  this  project  by  laboratories 
throughout  the  world.5*  As  a  result  of  those  efforts,  zirconium  alloys 
were  brought  rapidly  to  commercial  use. 

However,  as  these  zirconium-clad  uranium-containing  tubes 
operated  in  reactors,  it  became  clear  in  1968  from  tne  work  by  Cox 
that  the  iodine  gas,  produced  inside  the  cladding  by  fissioning  of 
uranium,  could  produce  failures  in  addition  to  those,  usually  by 
nydnding,  which  were  instigated  on  the  outer  surface.26  Figure  20 
shows  results  of  the  work  of  Cox  and  others  on  the  SCC  ot 
precracxed  2ircoioy'-2  specimens  tested  in  iodine  gas  at  room 
temperature  and  300  C. 

Subsequent  iodine-induced  failures  ot  uranium-containing  zir¬ 
conium  alloy  tubes  in  nuclear  plants  became  well  known  as  pellet- 
clad  interaction  (PCI)  failures.5’  As  the  uO-.  pellets  expanded 
because  ot  an  incroaso  in  volume  duo  to  the  formation  ot  fission 
products,  the  zirconium  tube  was  stressed  sufficiently  to  cause  SCC. 

The  iodine-instigated  SCC  of  zirconium  alloys  was  important  for 
many  reasons  First,  the  environment  contained  neither  water  nor 
hydrogen;  the  SCC  ol  zirconium  was  purely  related  to  gaseous 
nonreduced  iodine.  Second,  the  SCC  ot  zirconium  was  transgranuiar 
and  independent  ol  the  chemistry  ot  grain  boundaries  Third,  there  is 
no  potential  drop  or  other  feature  of  aqueous  chemistry  to  raise 
questions  concerning  conditions  at  the  crack  tip. 

Wedging  action  of  corrosion  products.  Fontana  had  sus¬ 
pected  tor  many  years  that  tho  formation  of  corrosion  products  inside 
stress  corrosion  cracks  was  a  main  contributor  to  their  propagation. 
The  work  ot  Pickering  in  1961  demonstrated  this  effect  by  quantita¬ 
tive  measurements  of  stress  produced  by  expanding  corrosion 
products.58  These  results  also  provided  an  explanation  of  the  results 
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of  Nielsen  in  1970,  who  found  that  SCC  could  initiate  and  propagate 
in  nonstressed  single  crystals  of  stainless  steels.59 

These  results  were  significant  because  they  defined  quantita 
tively  the  stresses  that  could  be  produced  by  corrosion  products. 
However,  the  idea  that  corrosion  or  reaction  products  could  produce 
stress  had  been  studied  over  the  period  of  1 905  to  1 920  by  workers 
investigating  the  effects  of  corroding  reinforcing  bars  on  the  fracture 
of  concrete.60-6' 

The  results  of  Pickering  and  Fontana  anticipated  the  occurrence 
of  denting  in  the  Westinghouse  pressurized  water  reactor  ;PWR) 
steam  generators.62 


base  alloys  exposed  to  ha.\we  environments.  Adapted  from  the 
work  of  Cox.26 

SCC  of  uranium  alloys.  Alloys  of  uranium  were  investigated  at 
Sandia  Laboratories  in  the  late  1960s  primarily  by  Magnam63  He 
found  several  interesting  results.  First,  the  velocity  of  SCC  was  very 
high.  Second,  these  cracks  could  propagate  in  the  complete  absence 
of  stress  owing  to  the  volume  expansion  of  the  corrosion  products. 
Third.  SCC  could  occur  in  water  vapor  only.  Aside  from  Magnam's 
contribution  to  the  knowledge  of  SCC  in  uranium  alloys,  his  obser 
vation  of  high  crack  velocities  in  fracture  mechanics  type  specimens 
in  the  absence  of  applied  stress  was  consistent  with  Fontana’s  work 
on  the  wedging  action  of  corrosion  products. 

Crevice  effects  on  SCC.  In  1968.  Copson  and  Economy 
studied  the  behavior  of  Inconel  600  in  simulated  roactor  water  using 
a  creviced  specimen  fabricated  by  using  a  double  U  bend.  They 
found  that  SCC  did  not  occur  on  tho  outside  of  the  U  bends  but  only 
inside  the  crevices.64 

Such  a  finding  supported  work  reported  by  dePaul'0  in  1957, 
which  noted  that  intergranular  corrosion  may  occur  on  Inconel 
surfaces  in  crevices  but  not  on  exposed  surfaces  for  tests  in 
simulated  reactor  waters. 

The  accele'ated  action  of  crevices  on  corrosion  was  first  defined 
in  tho  1924  toxt  of  Evans.65 

The  Copson  work  received  little  direct  interest  because  of  the 
presumed  aggressive  conditions  produced  by  high  concentrations  of 
oxygen  added.  However,  in  the  mid-1970s,  accelerated  SCC  of 
Inconel  600  in  crevice  geometries  was  indeed  observed  in  the  tube 
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support  plate  regions  of  steam  generators  of  pressurized  water 
nuclear  reactors  designed  by  one  company  in  the  United  States.  On 
the  other  hand,  other  manufacturers  in  the  United  States  and  abroad 
designed  their  steam  generators  without  such  crevices  and  the 
possibility  for  crevice-accelerated  SCC  was  minimized.  In  addition  to 
SCC  in  these  crevices,  similar  SCC  of  Inconel  was  observed  in 
safe-end  crevices  of  BWR  plants.  The  first  such  observation  reported 
publicly  occurred  in  1 978  at  the  Duane  Arnold  nuclear  plant  in  Iowa 66 

SCC  of  high-strength  aluminum  alloys  on  the  C5A.  The 
initial  design  of  the  C5A  transport  aircraft  assumed  that  a  high 
strength  of  the  7075  (UNS  A97075)  type  of  aluminum  alloys  would  be 
available.  It  was  found  that  this  was  not  so  and  that  these  alloys  were 
very  prone  to  SCC,  especially  in  the  short  transverse  stressing 
situation.  As  a  result,  this  aircraft  had  to  be  de-rated. 

This  result  served  to  emphasize  the  importance  of  heat  treat¬ 
ment  and  anisotropy  in  the  SCC  of  high-strength  alloys  in  the  early 
1960s.  The  review  by  Sprawls  and  Brown  in  1967  and  Speidel  and 
Hyatt  helped  to  place  these  properties  into  perspective.6768 

Hinkiey  Point.  In  1967,  a  catastrophic  failure  occurred  in  a 
turbine  at  the  fossil-fired  Hmkley  Point  power  station  in  the  UK.69 
Initial  hypotheses  suggested  that  caustic-forming  species  had  gotten 
into  an  internal  keyway  although,  subsequently,  no  indications  of 
sodium  could  be  found. 

It  has  more  recently  become  clear  that  such  cracking  could  be 
easily  produced  only  by  the  action  of  water  alone  as  a  result  of  the 
work  by  Speidel  and  Magdowski.70  The  fact  that  pure  water  can 
cause  the  SCC  of  low-alloy  steels  even  in  relatively  lower-strength 
conditions  where  the  toughness  is  high  is  equivalent  to  the  early 
finding  of  Coriou. 

The  Silver  Bridge.  In  1967,  the  Silver  Bridge  across  the  Ohio 
River  failed  catastrophically  owing  to  the  SCC  of  a  single  link.7' 

The  bridge  was  a  suspension  bridge,  however,  the  suspension 
elements  were  not  wire  rope  as  is  widely  used  today,  but  rather  solid 
metal  links.  Unlike  the  wire  rope,  if  one  link  fails,  the  whole 
suspension  structure  fails.  The  suspension  was,  in  that  sense, 
nonredundant. 

The  important  implication  of  this  failure  at  the  time  was  the 
confirmation  of  the  fracture  mechanics  approach  to  improving  the 
quantitative  description  of  SCC.  Further,  this  failure  emphasized  that 
relatively  innocuous  environments,  the  southern  Ohio  industrial 
atmosphere,  was  quite  adequate  to  support  SCC.  From  an  inspection 
point  of  view,  this  failure  indicated  the  need  for  careful  inspection  of 
high-strength  materials  for  small  defects.  Finally,  from  a  design  point 
of  view,  this  failure  emphasized  the  need  for  redundancy  and  for  a 
means  to  stop  propagating  SCC  cracks  short  of  their  reaching  a 
critical  length  for  fast  fracture. 

SCC  of  the  condenser  at  the  Palisades  Nuclear  Plant.  In 
1974,  about  7000  ot  the  approximately  28,000  tubes  of  admiralty 
brass  in  a  condenser  at  tho  Palisades  nuclear  plant  suffered  SCC  in 
a  timo  as  short  as  about  one  week.72  While  ammonia  was  naturally 
suspected  as  the  environmental  accelerator,  none  was  found. 

This  major  failure  stimulated  work  at  Ohio  State  that  led  to 
results  showing  that  a  numbor  of  oxyamons  would  produce  SCC  in 
copper-base  alloys  and  that  pure  copper  would  sustain  transgranular 
SCC.'J  Contrary  to  previous  trends,  the  work  done  at  Ohio  State 
showed  that  ammonia  was  not  required  foi  tho  SCC  of  copper-base 
alloys  and  that  the  idoa  of  pure  metals  being  resistant  to  transgran 
ular  SCC  was  not  true. 

Response 

Introduction 

The  events  described  in  the  previous  section  greatly  disturbed 
the  1955  view  that  I  defined.  These  events  did  not  suggest  the  need 
for  merely  further  refinement  but  rather  the  need  for  a  major  change 
in  thinking.  The  purpose  of  this  section  is  to  describe  this  response 
and  tho  avenues  that  were  followed.  The  substantive  parts  of  this 
response  started  in  1955  and  have  continued  until  the  prosent— a 
period  of  33  years.  In  fact,  one  of  the  purposes  of  this  review  is  to 
suggest  what  these  efforts  mean  when  taken  together,  and  this 
overview  is  summarized  in  the  “Engineering  Status"  section. 


Setting  the  agenda 

The  beginnings  of  change  were  marked  by  three  meetings  from 
1954  through  1965  and  the  proceedings  that  followed  The  fiist 
meeting,  chaired  by  W.D.  Robertson3  and  sponsored  by  The 
Electrochemical  Society,  Inc.  was  held  in  1954  with  the  proceedings 
published  in  1956.  The  second  meeting,  appropriately,  sponsored  by 
the  AIME  and  chaired  by  T.  Rhodin,74  was  held  in  1958  with  the 
proceedings  published  in  1959.  The  third  meeting  was  organized  by 
B.  Westwood  and  N.  Stoloff  in  1965  with  the  proceedings  being 
published  by  Gordon  and  Breach  in  1966.75  Taken  together,  these 
three  meetings  defined  fundamental  perspectives  from  the  materials 
and  environmental  points  of  view,  defined  the  range  of  materials  in 
which  such  phenomena  occur,  and  defined  an  agenda  At  this  point, 
fracture  mechanics  had  not  become  a  serious  consideration  for  SCC. 

Generally,  these  meetings  demonstrated  that  SCC  was  a  more 
general  phenomenon  than  the  1955  status  was  prepared  to  accept 
SCC  was  shown  to  be  a  phenomenon  that  occurred  in  all  engineering 
solids,  in  a  wide  range  of  environments,  and  in  a  wide  range  of 
cornposmons  and  solid-state  structures  within  the  material  classes 
These  meetings  also  showed  the  need  for  serious  interactions 
among  the  disciplines  in  environments  and  materials  as  well  as  the 
need  for  integrating  the  scientific  and  design  communities  Finally, 
these  meetings  indicated  the  need  for  studies  at  levels  of  atomistic 
science  owing  to  the  complexity  of  the  SCC  phenomena 

With  the  agenda  defined  by  these  three  meetings,  a  second  set 
of  meetings  was  held  to  define  comprehensively  the  state  of  SCC 
phenomenology  over  the  range  of  engineering  materials  and  envi¬ 
ronments.  The  first  of  these  meetings  was  held  in  1967  at  Ohio 
State.4  Here,  SCC  in  all  major  alloy  systems  was  reviewed  compre¬ 
hensively  and  the  beginning  efforts  to  define  improved  mechanisms 
were  identified. 

This  1 967  meeting  was  appropriately  followed  by  a  second  1 971 
meeting  more  focused  on  fundamental  issues  pertaining  to  each  of 
the  alloy  systems.  This  meeting,  held  at  Ericiera,  Portugal,  in  1971, 
under  the  sponsorship  of  NATO  and  admirably  organized  by  J  Scully 
of  Leeds  University,  was  an  experts’  meeting  and  focused  attention 
ol  mechanisms  as  they  were  interpreted  in  each  of  the  major  alloy 
systems.70 

A  third  meeting  was  held  in  1971  in  Storrs,  Connecticut,  to  focus 
attention  on  corrosion  fatigue  and  its  interaction  with  SCC  22 

Also,  in  1971,  a  fourth  meeting  was  held  in  Williamsburg, 
Virginia,  on  localized  corrosion  processes77  and  an  ASTM  sympo¬ 
sium,  focusing  more  on  failures  caused  by  localized  corrosion,  was 
held  during  the  same  year.76 

A  sixth  meeting  was  held  in  1973  in  Firminy,  France,  to  focus 
attention  on  the  similarities  and  differences  of  what  was  then 
perceived  as  tho  different  processes  of  SCC  and  hydrogen  embrit¬ 
tlement  as  applied  to  iron-base  alloys  This  meeting  was  a  collabo¬ 
ration  between  NACE  and  the  Creusot-Loire  steel  company  in 
France* 

Together  with  these  six  meetings,  extensive  work  was  under¬ 
way  at  Boeing  Scientific  Laboratory  by  Speidel,  Biackburn,  Hyatt, 
Feeney,  Smyrl,  and  Beck  and  their  collaborators;  this  work  defines 
the  stale  of  affairs  of  SCC  of  high-strength  aluminum,  steel,  and 
titanium  alloys.  Extensive  reviews  on  these  alloys  were  published  °-7-4a 
This  work  of  the  Boeing  people  and  the  meetings  from  1967  through 
1973  defined  the  pnenomenological  state  of  affairs  in  SCC  of  all 
major  alloy  systems.  Taken  together,  this  body  of  work  is  still  tho 
classic  collec'ion  of  understanding  of  phenomenology  of  SCC. 

Atomistic  definitions 

One  of  the  clear  mandates  from  the  Robertson-Rhodin- 
Westwood/Stoloff  meetings  covering  1954  to  1965  was  to  approach 
SCC  from  an  atomistic  point  of  view.  This  work  was  undertaken  along 
two  avenues. 

One  avenue  was  taken  by  the  Advanced  Research  Projects 
Agency  (ARPA).  The  head  of  its  materials  program,  R.  Thompson, 
who  was  also  a  physicist  and  interested  in  fracture,  started  a  summer 
meeting  program  where  the  outstanding  contributors  to  solid-state 
physics  would  meet  for  a  month  every  summer  to  discuss  important 
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questions  affecting  solid-state  physics.  One  of  the  topics  that 
occupied  these  meetings  was  SCO.  Such  outstanding  people  as  J. 
Gilman,  J.  Hirth,  M.  Cohen,  J.  Rice,  and  others  who  came  as  visitors 
devoted  some  time  each  year  to  atomistic  questions  on  SCC.  Results 
from  these  discussions  showed  up  in  technical  papers  over  the 
subsequent  years.79-80 

Another  avenue  was  taken  by  Latanision  and  his  collaborators 
in  organizing  expert  seminars  sponsored  by  NATO  where  atomistic 
questions  were  explored  by  outstanding  contributors  from  the  various 
disciplines  that  could  contribute  to  understanding  SCC  and  related 
phenomena.  These  meetings  were  a  natural  outgrowth  of  the  ARPA 
summer  meetings  but  also  benefited  greatly  from  Latanision's 
personal  commitment  to  attracting  the  fullest  range  of  talent  to  look 
at  SCC  and  related  phenomena.  These  meetings  spanned  the  period 
1975  to  1986. 

The  first  meeting  organized  by  Latanision  and  Fourie  held  in 
Hohegeiss,  Germany,  considered  the  subject  “Surface  Effects  in 
Crystal  Plasticity."  The  second  meeting,  organized  by  Latanision  and 
Pickens,  held  in  Calcatoggio,  Corsica,  in  1981,  considered  “Ato- 
mistics  of  Fracture."  The  third  meeting,  organized  by  Latanision  and 
Jones,  was  held  in  Bad  Reichenhall,  Germany,  in  1986,  and 
considered  the  topic  "Chemistry  and  Physics  of  Fracture."  The  set  of 
volumes  that  resulted  from  these  meetings  constitutes  the  classic 
description  of  atomistic  processes  of  SCC.81’83 


Hydrogen  questions 

Aside  from  the  set  of  1967  to  1973  meetings  on  SCC,  another 
agenda  was  set  by  Thompson  and  Bernstein,  as  well  as  by  Bastien 
and  his  colleagues  in  France,  who  considered  that  the  role  of 
hydrogen  in  metals  in  general  and  in  SCC  had  not  been  fully 
described.  They  set  about  to  rectify  this  imbalance  and  organized 
three  meetings.  The  first  one  was  held  in  Champion,  Pennsylvania, 
in  1973,  and  considered  the  subject  Hydrogen  in  Metals”  from  a 
descriptive  and  phenomenological  standpoint.  The  second  meeting, 
held  in  Moran.  Wyoming,  in  1977,  "Effect  of  Hydrogen  on  Behavior 
of  Materials,  focused  on  experimental  approaches  to  hydrogen 
phenomena  and  mechanistic  ideas.  A  third  conference,  "Hydrogen 
Effects  in  Metals,  was  held  in  Moran,  Wyoming,  in  1980,  and 
expanded  upon  the  groundwork  set  in  the  earlier  conferences 84  86 

In  addition,  Thompson  and  Bernstein  wrote  a  review  that 
summarized  the  role  of  environmental  variables  in  hydrogen-assisted 
environmental  fracture.87  Also,  several  important  meetings  were 
organized  by  European  workers  who  had  been  investigating  the  role 
of  hydrogen  in  metals.88  89 


Fracture  mechanics 

Whilo  understanding  was  expanding  in  both  the  atomistics  and 
phenomenology  of  SCC,  another  important  avenue  concerning  the 
mechanics  of  fracture  was  being  explored.  For  many  years,  Irwin  at 
the  Naval  Research  Laboratory  had  considered  fundamental  aspects 
of  fracture  and  fracture  mechanics.909'  It  became  apparent  to  his 
colleague,  F.  Brown  at  the  Naval  Research  Laboratory,  that  Irwin's 
approach  to  the  fracture  of  metals  In  general  would  be  a  useful 
framowork  for  considering  SCC  except  that  the  velocity  ol  SCC  would 
bo  slower  than  the  near  speed  of  sound  associated  with  dry  fracture. 

To  focus  the  emphasis  that  Brown  considered  the  fracture 
mechanics  approach  deserved,  he  worked  with  ARPA  to  organize  an 
Interdisciplinary  and  interinstitutional  program  to  study  SCC.  Collab¬ 
orators  in  this  project  included  Lehigh  University,  Boeing  Scientific, 
NRL,  and  Carnegie  Mellon  University.  This  highly  focused  emphasis, 
together  with  funding  alroady  available  at  the  participating  institu¬ 
tions,  produced  major  advances  and  excellent  work.  Most  impor¬ 
tantly,  this  work  enabled  fracture  mechanics  to  become  an  integral 
part  of  both  testing  and  design  with  respect  to  SCC.  This  work  in  the 
ARPA-sponsored  coupling  program  focused  mostly  on  high-strength 
steels,  aluminum  alloys,  and  titanium  alloys.  Essential  findings  of  this 
work  are  summarized  in  the  report  by  Brown.92 


Aside  from  the  work  committed  directly  to  fracture  mechanics, 
the  general  subject  of  fracture  began  to  receive  increased  emphasis 
in  the  late  1960s  and  1970s  and  continuing  through  the  1980s.  This 
avenue  of  development  embraced  both  micromechanisms  and 
mechanics.  Those  who  organized  these  efforts  also  were  perceptive 
enough  to  include  environmenral  effects.  From  1968  to  1979, 
meetings  were  held  to  explore  fundamental  aspects  of  fracture.93’95 
The  subject  of  SCC  was  an  integral  part  of  many  of  these  programs. 
These  meetings  as  a  group  provide  the  basic  collection  of  the 
fracture-oriented  phenomenology  and  mechanisms.  Other  meetings 
were  sponsored  by  ASTM96-97  that  concentrated  mostly  on  fracture 
testing  methods. 

Institutional  initiatives 

In  this  period  from  1955  through  the  present,  the  initiatives  of 
institutions  were  important.  The  work  of  ARPA  was  already  men¬ 
tioned  with  respect  to  their  summer  solid-state  meetings  and  their 
support  of  the  SCC  coupling  program.  The  Materials  Laboratory  at 
Wright  Patterson  Air  Force  Base  under  the  leadership  of  Colonel  L. 
Standifer  supported  a  coupling  program  similar  to  that  of  ARPA’s 
through  a  collaboration  of  the  Ohio  State  University,  Georgia  Tech, 
Lockheed  Marietta,  and  WPAFB.  This  program  operated  more  or 
less  contemporaneously  with  the  ARPA  program  but  emphasized 
more  of  the  fundamental  processes  associated  with  surfaces  and 
solid  state. 

The  electric  power  industry,  first  through  the  Edison  Electric 
Institute  (EEI)  and  later  through  the  Electric  Power  Research  Institute 
(EPRI),  supported  extensive  work  on  SCC  as  it  related  to  both  fossil 
and  nuclear  power.  They  supported  extensive  work  at  Ohio  State, 
Westmghouse,  General  Electric,  Babcock  and  Wilcox,  and  Combus¬ 
tion  Engineering  associated  with  SCC  in  piping,  steam  generators, 
and  turbines.  EPRI  also  organized  special  efforts  when  corrosion 
problems  in  BWRs  and  PWRs  became  especially  troublesome 
Owners  groups  were  organized  that  focused  on  steam  generators  for 
PWRs  and  piping  for  BWRs.  EPRI  also  convened  a  Corrosion 
Advisory  Group  that  integrated  efforts  of  the  world  leaders  in 
corrosion  research. 

Extensive  corrosion  programs  were  organized  by  the  Central 
Research  Institute  for  the  Reactor  Industry  in  Japan  and  by  the 
Central  Electricity  Research  Laboratory  in  the  United  Kingdom 

Other  initiatives  were  taken  and  encouraged  by  the  Office  of 
Naval  Research,  the  Air  Force  Office  of  Scientific  Research,  and  the 
Office  of  Basic  Energy  Sciences  in  the  Department  of  Energy 

During  this  time,  extensive  work  on  SCC  was  underway  at  many 
institutes  in  the  Soviet  Union  and  Eastern  Europe 98  ,00 


Texts 

Finally,  several  useful  texts  and  overviews  have  been  prepared. 
The  first  major  text  on  SCC  was  sponsored  by  the  Corrosion  Division 
of  The  Electrochemical  Society,  Inc.  and  was  prepared  by  H. 
Logan.'6  Logan's  book  was  published  in  1966.  It  does  not,  owing  to 
the  time  period,  deal  with  fracture  mechanics,  but  it  is  a  good 
summary  of  phenomenology. 

The  second  important  text  was  prepared  by  Brown.69  This  text 
incorporates  fracture  mechanics  but  is  aimed  at  being  succinct  and 
relevant  to  engineering  solutions.  It  addresses  preventive  methods 
as  well  as  descriptions  of  the  phenomena.  This  text,  in  a  sense,  was 
the  pedagogical  outcome  of  the  ARPA  coupling  program. 

There  are  good  texts  on  SCC  that  have  been  prepared  for 
several  different  handbooks.  One  appears  in  the  comprehensive 
handbook  of  Schrier.'0'  A  second  was  prepared  by  an  ASM 
committee  and  is  in  the  8th  edition  of  the  ASM  handbook.'02  There 
is  an  excellent  review  by  Jones  in  Volume  13  of  the  9th  edition  of  the 
ASM  handbook.'03 

SCC  has  been  treated  In  several  of  the  well-known  corrosion 
textbooks  written  during  this  period,  in  particular  in  the  texts  by 
Fontana  and  Uhlig  and  Revie.'04''05  From  the  point  of  view  of 
fracture,  SCC  was  nicely  integrated  in  the  fracture  text  by  Tetelman 
and  McEvily.'06 
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This  brings  us  to  the  Kohler  meeting.  The  intention  of  this 
meeting  was  to  regroup  and  reassess.  What  has  30  years  of  research 
meant? 

One  intention  of  this  review  was  to  examine  the  33  years  since 
1955  and  assess  what  it  seems  to  have  all  meant.  I  do  this  in  the  next 
two  sections.  Scientific  Status  and  “Engineering  Status. 

Scientific  Status 

I  originally  planned  to  assess  each  of  the  proposed  mechanisms 
for  SCC  relative  to  how  well  they  predicted  SCC  in  the  SDS  terms 
described  in  Figure  2.  As  I  began  this  task,  I  realized  that  none  of  the 
available  mechanisms  approached  such  quantitative  predictability 
However,  excellent  work  has  been  done  by  many  workers.  Thus,  my 
perspective  here  is  to  assess  the  potential  utility  of  proposed 
mechanisms  as  possible  frameworks  for  quantitative  predictions  in 
various  metal-environment  systems  A  detailed  assessment  of  each 
of  the  mechanisms  for  SCC  would  be  more  extensive  than  I  need 
here  to  accomplish  my  objectives. 

There  are  several  perspectives  I  would  like  to  introduce  into  the 
consideration  of  mechanisms.  One  is  that  some  of  the  mechanistic 
work  is  more  of  definition  than  of  mechanism.  This  category  includes 
the  study  of  electrochemistry  inside  SCC  in  aqueous  solutions  This 
work  has  been  useful  but  has  little  to  do  with  the  explanation  of 
mechanisms  of  advancing  SCC  Likewise,  the  study  of  grain¬ 
boundary  chemistry,  while  valuable,  agam  does  not  address  the 
atomic  processes  of  crack  advance.  Thus,  there  is  a  category  of 
important  definitional  work  that  helps  explain  the  behavior  of  metal- 
environment  systems  but  does  not,  per  se.  det.ne  mechanistic  unit 
processes. 

A  second  perspective  is  that  I  refer  to  the  various  mechanistic 
processes  as  “mechanistic  unit  processes."  Such  a  mechanistic  unit 
process  may  be  the  hydrogen-induced  decohesion  defined  so  well  by 
Oriani.107 108  slip  dissolution,  which  has  been  nicely  refined  by  Ford 
and  Andresen;109 1 10  and  brittle  film  rupture,  first  defined  by  Forty  and 
Humble  and  later  considered  in  detail  by  Pugh  and  by  New¬ 
man  "3 

A  third  perspective  is  that  SCC  may  propagate  by  a  combination 
of  the  mechanistic  unit  processes  with  either  separate  ones,  or 
several  at  a  time,  being  dominant  in  various  regimes  of  alloy  and 
environmental  compositions.  These  unit  processes  or  their  combi¬ 
nations  also  depend  on  inputs  or  modifications  from  the  various 
definitional  factors  such  as  grain-boundary  composition 

While  I  was  not  able  to  find  any  ol  the  unit  processes  that  could 
provide  anything  quantitative  in  the  frame  of  reference  of  the  SDS 
factors  identified  in  Figure  2,  I  believe  that  useful  and  creative 
progress  is  being  made  conceptually  Progress  is  also  occurring 
because  theory  and  experiment  are  converging  at  the  atomic  level 
while  at  the  same  time  such  results  are  being  integrated  into  the  work 
of  those  who  think  about  the  phenomenology. 

Definitional  processes 

The  purpose  of  this  section  is  identify  the  status  of  investigations 
into  aspects  of  materials  and  environments  that  influence  SCC  but 
may  be  differentiated  as  not  being  critical  to  mechanisms  of  SCC 
progress  itself. 

Grain-boundary  chemistry  and  structure.  The  wheTustr,  J 
yium  buuiiUaiies  especially  impudent  in  mtergiariulut  SCC.  The 
sUiumadu  Uicigiam  ul  Fiyuie  6  showing  the  various  options  ful  the 
distribution  ot  species  at  grain  boundaries  is  the  basis  fui  describing 
the  results  of  progress. 

The  composition  of  grain  boundaries  associated  with  sensitized 
stainless  steel  nas  been  extensively  studied  and  little  has  changed 
since  tne  1933  paper  ot  Bam  and  Aborn  except  that  the  availability  of 
more  sensitive  techniques  have  made  it  possible  to  measure 
grain-boundary  compositions  directly.  The  current  situation  is  best 
described  in  the  review  papers  by  Cowan  and  Tedmon.34 

There  appears  to  be  no  other  alloy  system  outside  the  Fe-Ct-Ni 
alloys  where  the  tormation  of  a  grain-boundary  compound  and  the 


associated  depletion  of  the  adjacent  region  is  so  well  defined  or  the 
intergranular  SCC  so  clearly  associated  with  such  a  circumstance 

The  situation  depicted  in  Figure  6(a)  where  impurity  species 
accumulate  at  the  grain  boundary  and  occupy  a  width  of  only  several 
atom  thicknesses  has  been  a  more  difficult  situation  to  predict  This 
situation  differs  materially  from  that  associated  with  the  compound 
formation  shown  in  Figure  6(b).  Also,  in  an  alloy  where  several 
impurities  are  present  and  compete  for  adsorption,  the  eventual 
outcome  is  not  easy  to  predict  and  measure.  Finally,  considering  the 
many  options  for  the  progress  of  SCC  in  grain  boundaries  as  shown 
in  Figure  7,  it  is  not  clear  how  such  compositionally  changed  grain 
boundaries  will  support  SCC. 

The  first  serious  effort  to  assess  the  relationship  between 
grain-boundary  composition  and  SCC  started  with  the  review  by 
Aust,  et  al.,  in  1966. 37  Much  of  this  work  was  stimulated  by  the 
observation  that  intergranular  SCC  occurred  in  nonsensitized  stain¬ 
less  steel.  The  composition  at  grain  boundaries  was  reviewed  by 
Aust  and  Iwao.”4 

The  first  studies  that  correlated  direct  measurements  of  com¬ 
position  of  grain  boundaries  with  the  occurrence  of  SCC  was 
published  by  Smialowska,  et  al.,"s  for  pure  nickel.  Here,  they 
measured  the  composition  of  the  boundaries  and  found  that  sulfur 
segregated  according  to  a  reproducible  heat-treating  schedule.  The 
materials  were  then  exposed  to  room-temperature  environments 
over  a  range  of  pH;  potentials  and  morphology  of  SCC  were  noted. 
These  results  are  shown  in  Figure  21,  which  shows  that  despite  the 
adsorption  of  sulfur  to  the  gram  boundary,  SCC  does  not  always 
occur.  This  is  not  unlike  the  behavior  of  Inconel  600,  in  which  being 
sensitized  actually  diminishes  SCC  at  neutral  and  higher  pHs;  on  the 
other  hand,  at  lower  pHs,  the  sensitized  Inconel  600  is  increasingly 
r  one  to  SCC. 


FIGURE  21— Failure  morphology  for  relatively  pure  nickel  with 
sulfur  segregated  at  grain  boundaries  compared  with  the  po- 
tentlal-pH  diagram  for  nickel  at  room  temporature.  Zones  over 
which  these  morphologies  might  occur  are  suggested  by  my 
shading.  Adapted  from  Smialowska,  et  al.115 

Electrochemistry  Inside  stress  corrosion  cracks.  Since 
many  metal-environment  systems  where  SCC  occurs  involve  aque 
ous  environments,  the  electrochemistry  inside  stress  corrosion 
cracks  is  relevant.  Beck  made  the  first  serious  attempt  to  consider 
electrochemical  conditions  inside  a  stress  corrosion  crack  ”9  Brown 
approached  the  same  problem  experimentally  by  measuring  the  pH 
mside  SCC  cracks  directly  and  obtained  the  results  in  Figure  22, 
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comparing  the  external  pH  and  potential  with  that  on  the  inside  of  the 
stress  corrosion  cracks."7 

Turnbull  has  reconsidered  the  question  of  chemistry  in  re¬ 
stricted  geometries  and  published  extensive  and  definitive  studies  on 
the  subject."8'120  His  work  supports  Brown’s  early  work  but  provides 
much-improved  rational  bases  to  effects  of  chemistry  and  configu¬ 
ration. 


FIGURE  22-Plot  of  pH  and  potential  Inside  stress  corrosion 
cracks  for  various  steels  showing  the  results  that  occur  regard¬ 
less  of  the  external  pH.  The  crack  tip  Is  about  pH  4  regardless  of 
whether  the  bulk  environment  Is  made  alkaline  at  pH  10  by  NaOH 
or  acidic  at  pH  2  by  HCI.  Adapted  from  the  work  of  Brown."7 


various  intensities  suggest  that  this  mechanistic  unit  process,  which 
relies  totally  on  crack-tip  strain  rate,  is  not  sufficiently  inclusive  to  be 
useful. 

Stress  sorption  cracking.  In  this  unit  process,  it  was  hypoth¬ 
esized  that  the  attractions  of  crack-tip  atoms  to  species  in  the 
environment  would  be  reduced  in  favor  of  attractions  to  atoms 
adsorbed  on  crack  walls.  This  idea  was  largely  proposed  by  Uhlig,124 
but  little  direct  evidence  was  ever  developed  to  support  this  idea  and 
it  too  has  been  largely  abandoned. 

Slip  dissolution.  In  this  unit  process,  slip  is  hypothesized  to 
break  the  protective  film  either  in  the  initiation  or  propagation  process 
with  the  result  that  a  dissolution  transient  occurs  of  sufficient 
magnitude  and  with  sufficient  frequency  that  a  stress  corrosion  crack 
propagates.  Here,  the  major  advance  of  the  SCC  occurs  via  the 
dissolution  process.  The  essential  idea  for  this  process  was  originally 
suggested  by  Logan.16  It  was  refined  in  work  by  Murata  and 
Staehle125  and  Shibata  and  Staehle126  and  has  received  its  most 
extensive  application  in  the  work  of  Ford  and  Andresen  on  SCC  in 
sensitized  stainless  steels.109-"0 

The  unit  process  of  slip  dissolution  is  conceived  of  as  a  break  of 
the  protective  film  followed  by  a  transient  dissolution  process  that 
consumes  sufficient  material  to  advance  the  SCC.  This  is  illustrated 
in  Figure  23,  adapted  from  Shibata  and  Staehle.126-127  The  magni¬ 
tude  of  the  dissolution  event  depends  on  those  factors  that  tend  to 
retard  the  formation  of  a  new  protective  film  such  as  low  pH,  low 
chromium,  certain  ranges  of  electrochemical  potential,  and  others.  In 
situations  where  SCC  does  not  propagate,  the  individual  transient 
following  the  breaking  of  the  film  consumes  a  minimal  amount  of 
material  and  no  SCC  progresses.  At  the  other  extreme,  breaking  the 
film  accelerates  general  corrosion. 

Shibata  and  Staehle’26  studied  the  individual  transients  asso¬ 
ciated  with  the  breaking  of  protective  films.  An  example  of  the 
transients  is  illustrated  in  Figure  24.  The  event  here  shows  a  peak 
current  density  of  0  5  A/cm2  and  total  material  reacted  of  about  4.5 
mC/cm2. 


a  b 


Slip  processes.  With  respect  to  slip  on  atomic  planes,  the 
critical  questions  are  associated  with  the  degree  of  coplanarity.  The 
more  coplanar  the  slip,  the  more  likely  are  stresses  to  concentrate 
internally  at  obstacles  and  the  more  likely  are  sharply  defined 
slip-step  emergences.  These  ideas  were  originally  proposed  by 
Swann  and  others  as  providing  a  virtually  complete  explanation  of  the 
metallurgical  dependencies  of  SCC.121,122  However,  there  were  so 
many  inconsistencies  that  this  idea  as  a  complete  explanation  was 
found  not  to  be  useful.  Nonetheless,  essential  features  of  this  idea 
remain  useful  in  explaining  some  of  the  influences  of  alloy  compo¬ 
sition  and  structure. 


Mechanistic  unit  processes 

The  purposo  of  this  section  is  to  assess  the  status  of  the 
individual  unit  processes  by  which  SCC  advances.  I  do  not  compare 
any  of  the  mechanistic  unit  processes  with  the  criteria  that  I  originally 
defined  in  Figure  2.  since  none  of  the  unit  processes  has  been 
developed  sufficiently  to  predict  behavior  from  fundamental  bases, 
although  somo  of  the  unit  processes  do  provide  excellent  bases  for 
correlating  data. 

Strain-accelerated  dissolution.  In  strain-accelerated  dissolu¬ 
tion.  the  crack  is  hypothesized  to  advance  because  tne  straining 
process  at  the  crack  tip  activates  the  metal  and  it  dissolves 
preferentially  at  the  crack  tip.  This  was  originally  suggested  oy  Mears. 
et  ai.,123  but  it  fails  to  discriminate  between  many  of  the  simplest 
environmental  and  metallurgical  considerations. 

This  unit  process  has  been  abandoned  and  is  no  longer 
considered  useful  The  lack  of  discrimination  by  this  model  of 
metallurgical  and  environmental  conditions  that  support  SCC  of 


FIGURE  23— Schematic  view  of  the  processes  associated  with 
the  Initial  stages  of  slip  dissolution.  The  general  shape  of  the 
Individual  current  transient  Is  shown  (a)  as  associated  with  the 
morphologies  of  corrosion  associated  with  slip  events  (b). 


The  transients  such  as  the  one  in  Figure  24  then  occur  rapidly 
and  produce  what  amounts  to  an  average  current,  which  is  the 
time-averaged  result  of  many  events  occurring  simultaneously  and 
sequentially. 
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FIGURE  24— (a)  Transient  behavior  of  both  the  reaction  current  measured  at  constant  potential 
and  the  strain  vs  time.  Total  current,  instantaneous  current  density,  strain,  and  total  reaction  vs 
time  for  iron  in  a  borate  buffer  at  room  temperature,  (b)  Correlation  of  time-to.-fallure  of  Fe-Cr-Ni 
alloys  in  boiling  MgCI2  solutions  as  a  function  of  the  ratio  of  steady-state  current  at  100  s  to  the 
peak  current  observed  in  an  experiment  of  (a).  Adapted  from  the  work  of  Shlbata  and  Staehle.126 


Ford  and  Andresen109  1,0 ,28  have  formulated  this  slip  dissolu¬ 
tion  process  as  it  propagates  through  a  metal  by  a  relationship  that 
correlates  the  advance  of  the  SCC  with  the  electrochemical  current 
as  follows: 


M  Q,  M  ^  O,  . 

'  npF  t,  npF 


(D 


Where  M.  p  =  atomic  weight  and  density  of  the  crack-tip  metal;  F  - 
Fe-aday’s  constant;  n  =  number  of  electrons  involved  in  overall 
oxidation  of  1  mole  of  metal;  Q,  -  oxidation  charge  density  passed 
between  rupture  events;  t,  =  oxide  rupture  plasticity;  «,  =  fracture 
strain  of  the  oxide  at  the  crack  tip;  and  4  =■  strain  rate  at  the  crack  tip. 

In  practice,  a  relationship  of  the  form. 

V,  =  Al"  (2) 


Where  n  ^  1  to  1.5  and  A  -  constant  is  used  to  correlate  data. 

The  slip  dissolution  process  as  formulated  by  Ford  and  Andre¬ 
sen  does  not  predict  the  occurrence  of  SCC  a  priori.  It  provides  a 
useful  method  for  correlating  data  around  a  mechanistic  hypothesis. 
Tho  model  in  this  sense  is  not  predictive  but  is  rather  "correlative." 

There  is  an  assumption  in  this  model  that  does  not  correspond 
to  the  three-dimensional  description  ol  advancing  SCC.  The  model 
epitomized  in  Equation  (1)  assumes  that  the  SCC  progresses 
uniformly  along  an  advancing  front.  It  is  more  likely  that  it  goes  in  "fits 
and  starts  with  separate  transients  occurring  along  the  Iron)  at 
random  points,  as  illustrated  in  Figure  25.  It  is  quite  likely  that  tho 
individual  events  could  have  a  much  higher  peak  current  than  the 
average  uf  Equatiuri  and  would  correspond  muro  to  (ho  peak 
shown  in  Figure  24.  However,  the  approach  taken  by  Ford  and 
Andresen  has  been  productive,  and  it  appears  that  tho  success  ol  tho 
uurielatiuns  built  aiuuiid  the  slip  dissolution  hypothesis  support  the 
validity  of  tho  model. 

In  earlier  work,”9  I  had  suggested  that  tho  passivating  film  in 
stainless  steels  was  associated  with  the  enrichment  ol  nickel.  Later, 
I  abandoned  that  idea.'2’  Recently.  Newman"2  has  suggested  that 
there  is  Indeed  evidence  fui  ruckel  enrichment  playing  a  uuciai  role. 
However,  the  work  of  Bond  and  Dundas  on  Fe-Cr  alloys  containing 
molybdenum  suggest  that  the  enrichment  of  a  more  noble  material 
may  not  bo  so  crucial.130 

Brittle  film  rupture.  The  unit  process  of  brittle  film  rupture 
differs  significantly  from  slip  dissolution.  In  tho  latter,  the  major 


progress  of  SCC  through  the  metal  occurs  via  a  dissolution  pro¬ 
cesses.  In  the  former,  progress  occurs  via  successive  ruptures  of 
weakened  or  embrittled  layers  of  thicknesses  that  greatly  exceed 
those  of  passive  films.  However,  it  should  be  noted  that  these  films 
associated  with  brittle  film  rupture  are  formed  by  direct  corrosive 
interaction  with  the  environment. 

Brittle  film  rupture  was  first  suggested  by  J.  Forty  at  Bristol  as  a 
means  of  explaining  the  SCC  of  copper.1"  He  hypothesized  that  a 
reaction  product  film  was  first  formed  that  was  subsequently  broken 
in  a  brittle  manner.  The  advance  of  SCC  was  then  conceived  as  a 
succession  of  such  events  as  illustrated  in  Figure  26.  The  advance  of 
SCC  in  this  model  as  presented  in  Figure  26  occurs  mainly  by  the 
breaking  ol  a  reaction  product  film  that  was  formed  by  the  reaction 
between  the  environment  and  the  metal.  This  model  has  been 
extensively  applied  by  Pugh  to  the  explanation  of  SCC  in  copper 
alloys.131-132 

While  the  breaking  of  a  reaction  product  film,  such  as  an  oxide, 
provides  one  mode  for  propagating  SCC  by  brittle  film  rupture,  a 
second  means  for  forming  a  brittle  film  is  through  parting  or 
dezincification  Such  a  film  could  readily  achieve  thicknesses  on  the 
order  of  those  necessary  to  rationalize  the  propagation  of  SCC.  Such 
arguments  have  been  advanced  in  tho  past  by  Pickering  for 
explaining  the  SCC  of  noble  metal  alloys.133 

A  third  variation  of  the  brittle  film-rupture  model  is  one  that 
hypothesizes  that  some  action  at  the  tip  ol  the  SCC  prevents  slip  and 
causes  a  region  under  the  crack  tip  to  bo  brittle  with  the  advance  of 
the  SCC  occurring  via  cracking  of  successive  embrittlements.  The 
fact  that  surface  processes  of  relatively  minor  dimension  could  resist 
si.p  was  originally  shown  by  Latanision. 134-135 

A  final  variation  on  modes  of  crack  advance  by  brittle  film 
rupture  is  associated  with  embrittlement  by  dissolved  hydrogen  at  the 
crack  tip  Rather  than  embrittling  by  decohesion,  one  version  of 
hydrogen  embrittlement  is  hypothesized  as  the  hydrogen  being 
trapped  at  dislocations,  thereby  immobilizing  them  and  embattling 
tho  metal  at  tho  crack  tip.  The  crack  thus  progresses  by  successively 
embrittling  and  rupturo  of  these  regions  where  hydrogen  is  trapped  m 
dislocations. 

A  second  version  of  hydrogen  emorittlement  involves  tho 
formation  of  buttle  hydrides  in  tho  hydride-forming  metais  to  give  the 
successive  embritilement  shown  in  Figure  26. 

One  of  the  arguments  in  support  of  the  brittle  film-rupture 
process  has  been  the  fractography  associated  with  transgranular 
SCC.  The  argument  is  that  tho  cleavage-like  features  of  the  surfaces 
of  transgranular  SCC  in  copper  alloys  and  Fe-Cr-Ni  alloys  cannot  be 


578 


EICM  Proceedings 


rationalized  by  a  dissolution  process  and  that  a  brittle  cleavage 
process  fits  the  observations  better.  This  argument  is  carefully  drawn 
by  Pugh."3 

Arguments  in  support  of  a  brittle  film-rupture  process  are  also 
supported  by  acoustical  emissions  that  are  sometimes  measured 
from  such  alloys  during  SCC. 

While  the  brittle  film-rupture  process  continues  to  be  an 
attractive  model,  it  predicts  little  on  an  a  priori  basis  except  for 
possibly  the  noble  metal  alloys  with  the  variation  of  the  brittle 
film-rupture  model  involving  parting. 

While  there  is,  without  question,  fractographic  appearance  that 
strongly  suggests  cleavage  as  the  mode  of  primary  advance  for  some 
alloys  such  as  copper  base  and  stainless  steels  in  the  transgranular 
mode,  the  environmental  dependencies  strongly  suggest  that  the 
advance  of  SCC  in  these  alloys  is  dominated  by  chemically  critical 
processes.  The  cleavage  features  do  not  rule  out  a  local  dissolution 
process. 

There  continues  to  be  uncertainty  here  between  the  cleavage 
and  dissolution  processes  as  accounting  for  most  of  the  crack 
advance,  although  it  appears  that  the  overall  advance  of  SCC  is 
controlled  by  electrochemical  processes. 


FIGURE  25— Schematic  view  of  a  stress  corrosion  crack  pro¬ 
ceeding  through  a  metal.  Note  the  unevenness  of  the  SCC  front 
and  the  patterns  of  brcnchlng.  This  contour  Is  based  on  direct 
observations  of  SCC. 

Enhanced  atomic  mobility  at  the  crack  tip.  Galvele136  has 
proposed  that  the  advance  of  stress  corrosion  cracks  may  be 
modeled  by  a  process  that  involves  surface  diffusion  of  species  from 
a  stressed  cracked  tip.  Key  features  of  his  model  aro  Identified  in 
Figure  27.  The  essential  feature  of  his  model  that  controls  the  rate  of 
SCC  is  related  to  tho  rato  at  which  atoms  can  leave  crack  tip.  This 
rate  at  which  atoms  leave  tho  crack  tip  is  controlled  by  their  surface 
mobility. 

Gaiveie  nas  demonstrated  that  tho  surface  mobility  is  primarily 
allected  by  environmental  combinations  with  the  alloy  composition 
whore  low  molting  compounds  are  formed.  Ho  hypothesizes  that 
compounds  with  low  melting  points  are  the  most  likely  to  support 
SCC.  He  identified  environmental  species  'hat  have  tha  highest 
iixeiihood  of  causing  SCC  in  different  alloys  ,’w  An  important  feature 
ot  Gaiveies  mode.  is  its  capacity  to  rationalize  many  diffeient 
cuinbiridtiuns  ut  environment  and  alloy  where  the  intensity  of  SCC  is 
likely  to  be  high. 
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FIGURE  26— Schematic  view  of  brittle  film  rupture  as  it 
progresses  through  a  metal  to  produce  SCC.  The  brittle  film  Is 
first  formed  and  then  broken.  More  reaction  product  forms  at  the 
tip  of  the  first  break.  This  newly  formed  brittle  layer  breaks  again 
with  more  reaction  product  forming  at  the  tip.  This  process 
continues.  Such  brittle  layers  can  be  formed  by  reaction 
products,  dealloying,  hydrogen  pinning  of  dislocations,  or 
purely  surface  events  that  restrict  slip. 
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FIGURE  27— Schematic  descriptions  of  atomic  processes  asso¬ 
ciated  with  tho  surface  mobility  model  of  SCC:  (a)  stresses  at  tho 
crack  tip  favor  tho  a-b  exchange  introducing  a  vacancy  at  the  tip 
of  the  crack  and  advancing  it  one  atomic  distance.  Tho  rate- 
determining  step  Is  tho  rate  at  which  excess  atoms  (C)  aro 
transported  by  surface  diffusion  to  a  new  lattice  site,  b-d;  and  (b) 
distance  (I)  Is  tho  distance  excess  atoms  must  rravel  from  the  tip 
of  the  crack  to  a  kink  site  on  the  crack  surface.  Distance  will  bo 
smaller  (T)  if  the  excess  atoms  are  dissolved  by  a  reaction  with 
the  environment,  or  (c)  If  selected  dissolution  of  the  alloy  Is 
taking  place  (o).  Adapted  from  the  work  by  Galvolo.15® 
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Decohesion.  Troiano,  in  his  early  considerations  of  hydrogen 
embrittlement,  proposed  that  the  role  of  hydrogen  was  to  reduce  the 
metal-metal  bond  strength.'2  A  quantitative  model  was  later  devel¬ 
oped  by  Oriani.’07-’08 

In  the  model  developed  by  Oriani,  he  proposed  that  the 
increased  elastic  strain  at  the  crack  tip  would  attract  and  stabilize  a 
high  concentration  of  hydrogen.  The  presence  of  this  hydrogen  would 
decrease  the  metal-metal  bond  strength  and  lead  to  SCC.  This 
model  rationalized  the  role  of  increased  alloy  strength  in  accelerating 
SCC  since  the  increased  yield  strength  would  lead  to  higher  elastic 
strains  that  would,  in  turn,  attract  more  hydrogen. 

The  decohesion  model  seems  to  fit  many  of  the  observed 
patterns  in  high-strength  steels.  It  seems  also  to  fit  some  of  the 
patterns  in  other  alloys. 

Enhanced  ductility  of  the  SCC  tip.  Another  approach  to 
rationalizing  the  SCC  advance  is  a  unit  process  that  depends  on  the 
environment  to  increase  the  ductility  at  the  tip  of  the  advancing  stress 
corrosion  crack.  This  would  either  increase  the  rate  of  void  formation 
or  allow  for  additional  deformation  of  the  tip  itself.  Such  a  process  has 
been  suggested  by  several  authors,  including  Hirth  and  Johnson  and 
Birnbaum,  et  al.79-137  This  is  somewhat  similar  to  a  suggested  model 
for  the  advance  of  SCC  in  aluminum  alloys,  in  which  a  softer 
precipitate-free  zone  was  hypothesized  to  be  the  location  of  SCC 
advance. 

This  mechanistic  unit  process  seems  particularly  applicable  to 
hydrogen-related  SCC  in  the  lower-strength  and  tougher  alloys, 
where  the  decohesion  model  is  less  appropriate. 

Hydrogen  bubble  formation.  The  formation  of  internal  hydro¬ 
gen  bubbles  that  would  raise  the  internal  stress  and  lead  to 
premature  failure  has  been  a  popular  unit  process,  especially  for 
hydrogen  in  steel.  There  is  support  for  this  process  from  well-known 
and  directly  observed  hydrogen  blistering  that  occurs  in  the  presence 
of  poisons  that  increase  the  effective  pressure  for  hydrogen  entry 53 

Tetelman  developed  a  model  for  the  propagation  of  SCC 
involving  hydrogen  bubbles  with  associated  high  internal  pressure  54 
While  the  hydrogen  blister  model  is  attractive  from  the  direct 
evidence  for  hydrogen  blistering,  there  is  no  evidence  that  it  is  the 
basis  for  SCC  from,  for  example,  the  fractography  Another  experi¬ 
mental  observation  that  disputes  the  applicability  of  this  model  is 
Johnson's  observation  that  one  atmosphere  of  hydrogen  gas  pres¬ 
sure  is  sufficient  to  support  the  propagation  of  SCC  His  result  shows 
that  the  higher  hydrogen  fugacities  that  can  be  achieved  in  aqueous 
solutions  are  not  necossary  for  explaining  SCC 

Except  for  rationalizing  blistering,  which  is  not  a  part  of  SCC.  the 
hydrogen  pressure  unit  process  does  not  seem  to  bo  useful  for  any 
system  being  studied.  However,  this  process  cannot  be  entirely 
neglected  since  ovidenco  for  such  an  action  does  exist  in  blistering 

Grain-boundary  bubbles  by  chemical  reaction.  The  mode  of 
hydrogen  embrittlement  epitomized  by  the  Nelson  Curve  shown  in 
Figure  28  is  dillerent  from  those  rationalized  either  by  the  docohesion 
or  the  enhanced  ductility  models.’38  The  principal  characteristics  of 
this  phenomonology  aro  the  increase  in  ombrittloment  with  Increas¬ 
ing  hydrogen  pressure  and  temperature  and  tho  decrease  In  embritt* 
lemont  as  tho  carbon  activity  in  tho  alloy  is  reduced  These  patterns 
havo  suggested  to  many  that  tho  unit  process  for  SCC  hero  involves 
tho  formation  of  bubbles  of  methane  at  tho  grain  boundaries  with  a 
resulting  decrease  in  strength  of  the  grain  boundary. 

Showmon  has  rationalized  this  process  and  shown  convincingly 
that  the  methano  bubbles  do  form  and  aro  directly  related  to  this 
mode  ot  SCC.  39  his  model  is  sufficiently  based  upon  lundamental 
principles  and  sufficiently  quantitative  in  its  prediction  of  the  effects  of 
tne  SDS  variables  so  that  it  qualifies  as  one  of  tho  most  quantitative 
models  available. 

Direct  dissolution  of  composltlonally  modified  grain  bound¬ 
aries.  The  work  on  gram-boundary  composition  has  shown  that  as 
mucn  as  50  to  100%  of  the  atoms  at  tho  gram  boundary  could  be 
impurities  that  are  not  part  ol  tho  nominal  alloy  composition.  Such 
impurities,  unlike  most  of  tho  alloy  species,  aro  highly  soluble  in 
aqueous  solutions  over  a  wide  range  of  pH  and  potential.  For 
example,  sulfur  is  soluble  at  positive  potentials  as  sulfate  and  at 


negative  potentials  as  hydrogen  sulfide  or  bisulfide  Carbon  at  high 
potentials  is  soluble  as  C02  or  carbonates  and  at  low  potentials  is 
soluble  as  methane  or  methanol  Such  reaction  products  for  carbon 
were  identified  by  Payer  and  Staehle  during  the  dissolution  of  iron 
carbides.'40 

This  wide  range  of  solubilities  for  species  such  as  sulfur  and 
carbon  is  the  same  for  phosphorus  and  nitrogen 


FIGURE  28— SCC  as  a  function  of  temperature  vs  pressure  for 
several  alloy  steels  exposed  to  hydrogen.  This  curve  was 
adapted  from  Nelson  to  show  only  the  processes  that  are 
hydrogen  embrittlement  and  not  those  that  show  decarburiza¬ 
tion.  Adapted  from  the  work  of  Nelson.138 

The  results  of  the  sulfur  segregation  studies  in  Figure  21  show 
that  the  mere  existence  of  such  species  at  the  gram  boundaries  does 
not  lead  to  SCC.  It  appears  that  the  residual  passivity  conferred  by 
the  alloy  acts  to  prevent  penetration  along  grain  boundaries  unless 
this  passivity  at  weakened  at  lower  or  higher  pH,  However,  when  this 
inherent  passivation  is  weakened,  as  with  nickel  in  acidic  solutions, 
then  the  effect  of  the  highly  soluble  impurity  species  dominates.  This 
suggests  that  there  is  some  SCC  that  is  effectively  "active  path 
dissolution'  and  does  not  even  require  the  more  sophisticated 
interpretation  of  slip  dissolution. 

Thus,  the  dissolution  process  is  inherent  when  and  if  the 
impurity  species  aggregate  at  the  gram  boundaries.  The  occurrence 
of  such  SCC  seems  to  depend,  alter  the  aggregation,  on  the  range 
of  passivity  of  the  matrix  material. 

While  this  unit  procoss  has  not  been  extensively  explored,  it 
appears  to  be  viable. 

Tunneling.  Swann  and  Pickormg'22  suggested  that  the  forma¬ 
tion  of  tunnels  associated  with  slip  dissolution  could  bo  tho  critical 
process  for  advancing  SCC.  Tunnels  would  form  and  mechanical 
processes  would  break  tho  remaining  ligaments. 

Tunnel  formation  has  been  observed  by  Swann  and  Pickering  in 
noble  metal  alloys, 122  by  Neilsen  for  stamloss  stool’4'  and  by  Long, 
et  al.,  on  a  range  of  Fe-Cr-Ni  alloys. 142 

It  has  been  verified  by  electron  metallography  that  tunnels  do 
form.  Long  showed  that  Ihe  extent  of  tunnels  in  ce-Cr-NI  alloys 
decreases  with  increasing  nickel,  jus!  as  the  SCC  in  chloride 
solutions  does. 

Tunneling  does  not  appear  to  havo  any  present  advocates. 
However,  it  does  not  seem  to  bo  extensively  investigated.  It  may  also 
be  a  variation  of  >he  slip  dissolution  procoss. 

Synthesis 

Tho  unit  processes  outlined  abovo,  togother  with  the  definitions, 
combmo  to  produco  SCC.  There  may  bo  other  as  yot  unidentified 
processes. 

None  of  the  models  for  tho  unit  processes  satisfies  the  need  (or 
quantitative  description  In  tho  SDS  coordinates  of  any  SCC  phenom¬ 
ena  in  any  metal-environment  systems. 

Tho  unit  processes  outlined  in  this  section  aro  much  improved 
m  conceptual  quality  over  tho  ones  available  In  previous  yoars 
Howover,  these  need  to  bo  greatly  refined  if  they  aro  to  provide 
explanations  of  existing  phenomenology. 

It  is  quite  likely  that  the  SCC  in  various  metal-environment 
systems  does  not  depend  on  a  single  unit  process  but  rather 
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depends  upon  several  of  these  operating  simultaneously.  The 
possibility  that  several  of  these  processes  operate  simultaneously 
has  not  been  investigated.  Such  work  should  be  undertaken. 

Engineering  Status 

"Engineering  Status”  is  intended  to  imply  "to  what  extent  and 
how  can  we  confidently  design  components  for  their  intended  life 
considering  the  effect  of  SCC?"  It  is  refreshing  to  know  that  good 
engineering  can  be  confidently  undertaken  without  quantitative 
predictive  models  for  some  specific  cases.  Good  engineering  can  be 
accomplished  using  well-established  inferences  from  experimental 
data,  i.e.,  “don’t  use  austenitic  stainless  steels  above  100”C  with 
even  small  amounts  of  oxygen  and  chloride."  However,  such 
engineering  is  always  suboptimum  and  often  misses,  wholesale, 
regimes  of  failure. 

Generally,  the  difference  between  what  could  be  done  with 
quantitative  models  and  with  less  quantitative  inferential  information 
is  accounted  for  the  safety  factors  used  in  engineering. 

Before  discussing  the  engineering  status  of  SCC,  I  define  what 
is  needed,  or  at  least  should  be  needed,  by  designers. 

In  principle,  the  designer  is  ihe  “impresario"  who  designs  the 
entire  system  using  the  following  principles  (defined  in  Figure  29). 

Factors  of  Comprehensive  Design 


•  Performance  to  objectives 

•  Balanced  Interaction  of 

component  parts 

•  System  performs  reliably 

at  maximum  conditions 

•  Manufacturable 
■  Low  cost 

•  Inspcctablo  and  rcpalrablo 

•  Performs  reliably  In  nominal 

and  non-nomlnal  Internal 
and  external  environments 

•  Materials  perform  reliably  In 

as-manufactured  condition 

•  Mean  tlmo  botweon  failure 

exceeds  Inspection  Interval 

•  Failure  Is  not  catastrophic 

•  System  designed  to  work  for 

Its  Intended  llfo 


FIGURE  29— Factors  of  comprehensive  design  that  Include 
considerations  of  environmental  offect  on  the  strength  of 
materials  of  construction. 

(1)  Performance  of  the  Intended  purpose;  t.o.,  the  pump  delivers  so 
many  gallons  per  minute. 

(2)  Tho  components  of  a  system  work  together  harmoniously;  i.e., 
tho  cooling  water  to  tho  pump  does  not  cause  it  to  fail  by 
corrosion;  tho  pump  delivers  adequate  fluid  for  tho  reaction 
vessel  to  produco  at  a  desired  rate. 

(3)  Performance  conditions  have  been  defined  in  terms  of  nominal 
and  maximum  oxoocted:  pressures,  strosses,  cyclic  behavior. 

(4)  Manufacturability;  The  device  can  bo  mado  by  available  tech¬ 
niques  by  qualified  contractors. 

(5)  Low  cost:  The  device  can  bo  sold  at  a  profit. 

(6)  Inspectability  and  ropairability;  Critical  components  can  be 
periodically  Inspected  and  replaced  if  necessary. 

(7)  All  features  of  design  perform  reliably  in  all  nominal,  expected, 
and  accidental  chomlcal/physical  environments  on  both  the 
process  side  and  nonpuuoss  side, 

(8)  Materials  used  for  manufacture  have  been  analyzed  for  perfor¬ 
mance  In  their  actual  as-manufactured  conditions  of  heat 
treatment,  fabrication,  joining,  and  design  configuration  (in¬ 
cluding  crevices). 


(9)  The  mean  time  between  failure  (MTBF)  is  longer  than  the 
inspection  interval  with  a  high  degree  of  confidence. 

(10)  Failure,  if  it  does  occur,  does  not  produce  catastrophic  results; 
i.e.,  design  for  leak  before  break. 

(11)  The  system  will  work  reliably  for  its  intended  life. 

In  complex  systems,  it  is  usually  necessary  to  conduct  proto¬ 
type  and  scale  up  testing  as  well  as  additional  laboratory  testing  to 
ensure  that  these  design  principles  are  properly  considered.  When 
these  tests  are  cor  ducted,  it  is  crucial  that  they  be  as  close  to  design 
conditions  as  possible  and  that  they  be  evaluated  with  respect  to  the 
principles  outlined  above  and  in  Figure  29.  It  is  the  responsibility  of 
the  designer,  in  his  role  of  impresario,  to  ensure  that  such  tests  are 
conducted  and  that  the  evaluations  are  meaningful.  While  the  extent 
of  such  work  naturally  depends  on  already  available  prior  experience, 
it  is  dangerous  to  make  unproven  assumptions  for  the  following 
reasons: 

(1)  All  engineering  materials  are  reactive  chemicals;  the  surprise  is 
not  that  they  fail,  the  surprise  is  that  they  work. 

(2)  In  considering  the  possibility  of  failure,  the  operating  maxim  is 
the  opposite  of  justice,  guilty  until  proven  innocent. 

The  above  provides  a  framework  in  which  the  engineering  status  of 
SCC  should  be  assessed. 

This  framework  identifies  established  principles  describing  SCC 
that  can  be  incorporated  into  design.  While  the  theoretical  modeling 
described  in  the  section  “Scientific  Status"  needs  a  great  deal  of  work 
to  become  satisfyingly  predictive,  the  engineering  situation  has 
progressed  substantially. 


Testing 

Two  important  physical  methods  of  testing  have  been  devel¬ 
oped  and  have  greatly  improved  the  quality  of  data  available  for 
design  as  well  as  interpretation  ol  fundamental  physical  processes. 

The  slow-strain-rate  testing  method  developed  and  refined  by 
Parkins  and  many  coworkers'43  provides  a  method  for  avoiding  the 
uncertainties  of  initiating  SCC.  It  has  the  advantage  of  determining 
whether  SCC  will  occur  under  any  circumstance  in  a  given  environ¬ 
ment.  It  is  a  characteristic  of  these  experiments  that  strain  rates  that 
are  too  rapid  fail,  as  in  tonsilo  tests  by  mechanical  overload;  the  strain 
rates  must  bo  sufficiently  slow,  usually  less  than  10 1 2 3 4 5  6/s,  so  that  the 
SCC  processes  can  operate.  Figure  30  shows  some  typical  results  in 
a  plot  ol  reduction  in  area  vs  log  strain  rate.144  At  high  strain  rales, 
ductile  fracture  generally  occurs.  For  strain  rates  in  the  range  of  10" 7 8 
to  10  5  s  SCC  processes  operate  and  reduce  tho  ductility 
according  to  the  soverity  of  cracking. 


FIGURE  30— Ratio  of  reduction  In  areas  of  specimens  In  car¬ 
bonate  solution  to  those  in  oil  vs  strain  rate  for  three  applied 
potentials  for  line  pipe  steel  at  79*C.  Adapted  from  the  work  of 
Berry.’44 
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Slow-strain-rate  testing  is  now  widely  used.  It  has  been  the 
subject  of  several  symposia  and  reviews.’45,146 

The  output  from  these  slow-strain-rate  experiments,  i.e.,  the 
dependent  variable,  may  be  an  area  or  percent  of  fracture  surface 
with  SCC,  time-to-fail,  load  at  failure,  or  SCC  velocity  (length  of  SCC 
propagation  divided  by  time-to-failure).  These  results  are  generally 
equivalent.  Where  SCC  velocity  is  determined,  it  is  usually  inferred 
that  this  is  the  “plateau  velocity”  by  analogy  with  the  fracture 
mechanics  testing  discussed  subsequently. 

Slow-strain-rate  testing  provides  mainly  a  qualitative  indication 
of  SCC  intensity  but  does  not  give  directly  useful  information  on 
design  stresses,  initiation,  and  the  part  of  the  SCC  velocity  profile  that 
is  actually  operating. 

Fracture  mechanics  testing  for  SCC  provides  more  direct 
information  on  the  velocity  of  SCC  under  known  conditions  of  stress 
and  defect  depth.  Essential  features  of  fracture-mechanics-type 
testing  have,  by  now,  been  well  defined,  and  such  testing  is  in 
widespread  use.147,148  This  is  the  method  of  testing  that  was 
encouraged  by  Brown146  and  emphasized  in  the  ARPA-sponsored 
program  in  the  late  1960s. 

A  typical  fracture  mechanics  specimen  is  illustrated  in  Figure  31 , 
The  depth  of  the  crack  is  determined  as  a  function  of  time  and  the 
stress  intensity  is  known  from  the  crack  depth  and  the  load.  The  data 
are  then  plotted  as  crack  velocity  (m/s)  vs  stress  intensity  (ksi\  in.). 
The  resulting  data  usually  take  the  form  shown  in  Figure  32  where 
there  are  often  well-defined  Stages  1,  2,  and  3. 


Load 


FIGURE  31 -Typical  configuration  of  specimens  used  for  free- 
turo-mechnnlcs-type  tostlng  where  crack  velocity  vs  stress 
Intensity  Is  obtained. 


In  general,  most  testing  is  performed  In  the  opening  mode, 
which  is  designated  as  Mode  I,  although  somo  work  has  been  done 
using  Modes  II  and  III.177 

Of  great  Interest  to  design  with  SCC  from  the  fracturo  mechan¬ 
ics  point  of  view  is  the  stress  intensity  below  which  SCC  will  not 
initiato.  This  is  usually  designated  as  Klscc,  meaning  that  it  is  the 
stress  intensity  in  the  opening  mode  below  which  SCC  will  not  initiate. 
It  is  presumed  that  once  SCC  starts,  it  will  propagate  at  increasing 
rates  following  first  the  Stage  I  Curvo  and  then  the  Stage  2  curve  until 
stress  intensity  is  sufficiently  great  that  K,c  is  .cached  and  uata 
strophie  failure  is  reached.  This  is  illustrated  in  Figure  32. 


Stress  Intensity  K  (MPa  •  m1/2) 


FIGURE  32— Schematic  plot  of  data  from  fracture-mechanics- 
type  testing  where  the  log  of  crack  velocity  is  plotted  vs  log  of 
stress  Intensity.  Above  the  value  of  K,c  fast  or  catastrophic 
fracture  occurs.  The  minimum  stress  Intensity  below  which  SCC 
does  not  occur  Is  shown  by  Kls£C.  Here,  Klscc  is  shown  to  depend 
on  time. 

There  are  several  problems  in  using  the  fracture  mechanics 
approach.  One  is  that  the  minimum  stress  intensity  below  which  SCC 
does  not  occur  (Klscc)  is  often  time  dependent,  so  that  over  the 
lifespan  of  a  component,  there  may  never  be  a  stress  low  enough  to 
avoid  SCC  in  certain  environments.  Such  a  concern  is  noted  by 
Speidel.149  This  concern  does  not  relate  to  the  validity  of  the  method 
of  testing  but  rather  to  the  conclusions  that  are  reached  from  the  data. 

Another  problem  in  applying  fracture  mechanics  methodology 
concerns  the  analysis  of  thin  wall  tubing  where  SCC  failure  is  more 
related  to  initiation  time  on  smooth  surfaces  than  to  the  rate  of 
propagation.  In  thin  wall  tubing,  the  stress  required  to  initiate  SCC  is 
the  most  important  question.  The  times  required  for  initiation  and 
perforation  are  virtually  tne  same.  Thus,  the  data  for  thin-walled 
tubing  needs  to  be  obtained  in  the  "endurance  limit"  or  "threshold 
stress"  format  as  shown  in  Figure  33.  However,  as  with  Speidel’s 
concern  for  fracture  mechanics  testing,  this  threshold  limit  of  Figure 
33  may  also  decrease  with  time. 


FIGURE  33-Schematic  plot  of  stress  to  fall  vs  time  tor  static- 
loaded  SCC  experiments  showing  both  a  constant  stress  below 
which  SCC  does  not  occur  and  a  lower  limit  that  decreases  with 
time.  Curve  (a)  shows  no  time  dependence  of  the  lower  limit, 
Curve  (b)  does. 
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The  problem  of  testing  for  application  to  thin  sections  such  as 
tubing  has  been  an  interesting  one  and  is  sometimes  misunderstood. 
Many  in  fracture  mechanics  insist  that  SCC  cannot  start  without  a  pit 
or  a  grain-boundary  crevice  or  other  initial  perforation  by  mechanical 
or  chemical  means.  In  fact,  SCC  usually  initiates  from  absolutely 
smooth  surfaces  in  either  transgranular  or  intergranular  modes  and 
propagates  by  the  same  microprocesses  as  produced  initiation. 
Thus,  there  is  a  great  need  for  a  method  of  testing  that  is  sensitive  to 
the  surface  stresses  that  initiate  SCC. 

It  is  also  clear  that  any  approach  to  defining  threshold  stresses 
of  the  type  defined  in  Figure  33  (Curve  a)  should  be  sensitive  to  the 
effect  of  environments  and  time  as  shown  in  Figure  33  (Curve  b).  To 
illustrate  this  point,  Figure  34(a)  shows  the  results  from  testing  of 
Totsuka  and  Smialowska25  where  they  determined  the  effect  of 
potential  on  the  SCC  of  Inconel  600  at  350°C.  Their  open-circuit 
potential  lies  essentially  on  the  hydrogen  equilibrium  line  of  the 
Pourbaix  diagram.  This  figure  shows  where  their  open-circuit  poten¬ 
tial  lies  with  respect  to  the  hydrogen  equilibrium  potential  in  Figure 
34(b).  An  important  implication  of  their  work  is  the  effect  of  potential 
on  the  expectation  for  endurance  limit  curves  of  the  type  shown 
schematically  in  Figure  33.  The  general  pattern  here  is  implied  in  the 
effect  of  potential  in  Figure  30  for  the  slow-strain-rate  work.  Figure 
34(c)  implies  that  high  stresses  are  required  to  produce  SCC  at  the 
open-circuit  potential;  much  lower  stresses  produce  SCC  at  lower 
potentials.  Such  potentials  can  be  reached  in  practice  by  galvanic 
coupling  of  the  Inconel  600  with  actively  corroding  carbon  steel. 


FIGURE  34— (a)  Experimental  data  adapted  from  Totsuka  and 
Smialowska25  showing  percent  of  area  with  Intergranular  SCC 
vs  the  applied  potential  for  two  hydrogen  pressures  using 
Inconel  600  (UNS  N06600)  at  350°C  from  slow-strain-rate  testing, 
(b)  These  data  are  compared  with  a  schematic  view  of  the 
Pourbaix  diagram  for  nickel,  (c)  Hypothesized  stress  vs  time 
behavior  Is  shown  for  failure  of  smooth  specimens  es  might 
occur  If  held  at  constant  potentials  Indicated. 

For  the  smooth-surface,  initiation-controlled  situation,  fracture 
mechanics  data  are  more  relevant  to  the  point  when  is  reaoheo 
lot  eithei  circumferential  oi  longitudinal  SCC,  as  illostiated  m  Figure 
35. 


FIGURE  35— Schematic  view  of  how  longitudinal  SCC  in  a 
smooth  surface  tube  of  a  tough  material  may  connect  to 
produce  a  critical  size  defect  in  the  presence  of  internal 
pressure. 

Another  advance  in  testing  has  been  the  increased  control  of 
environmental  variables.  The  data  of  Indig  and  Mcllree'50  in  Figure 
36  show  the  effect  of  oxygen  concentration  on  the  open-circuit 
potential  of  stainless  steel  in  water  at  288°C.  These  data  show  that 
a  change  from  10  ppb  to  100  ppb  corresponds  to  a  change  of  almost 
600  mV.  Such  a  change  should  be  compared  with  the  data  in  Figure 
34(a)  for  Inconel.  It  is  probably  this  lack  of  control  of  oxygen  that 
explains  why  Copson  initially  missed  reproducing  the  SCC  of  Inconel 
found  by  Coriou.2047 


FIGURE  36— Open-circuit  potential  for  stainless  steel  in  pure 
water  as  a  function  of  oxygen  concentration  at  288°C.  SCC  tests 
also  shown  for  comparison.  Adapted  from  the  work  of  Indig.150 
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The  use  of  controlled  potential  for  testing  in  aqueous  environ¬ 
ments  as  indicated  by  Figure  34(a)  from  Smialowska  and  in  Figure  30 
from  Berry  has  greatly  improved  the  quality  and  the  interpretability  of 
results.  Naturally,  different  methods  of  control  are  required  for 
gaseous  environments.  Here,  the  control  of  partial  pressure  as  done 
by  many48'51’15'  has  provided  additional  information  for  mechanistic 
interpretations. 

The  discussion  above  concerns  static,  albeit  constant  load  vs 
constant  strain,  stressing.  The  more  general  case  and  more  appli¬ 
cable  to  engineering  circumstances  is  cyclic  loading  usually  referred 
to  as  fatigue  testing.  Cyclic  testing  and  the  results  of  specimens  with 
smooth  surfaces  is  the  subject  of  older  work.  Traditional  studies 
produce  data  of  the  type  shown  in  Figure  37, 152  where  cyclic 
stressing  of  specimens  in  deaerated  water  produces  an  “endurance 
limit"  effect,  shown  in  Curve  a  of  Figure  33.  When  testing  is 
performed  in  more  aggressive  environments,  the  endurance  limit 
decreases  with  increasing  time,  as  shown  for  Curve  b,  which 
corresponds  to  aerated  salt  water  in  Figure  37.  These  effects  of 
environments  in  cyclic  stressing,  especially  when  performed  at  high 
frequencies,  often  do  not  correlate  with  effects  of  environments  in 
constant-load  testing,  and  this  area  lacks  any  useful  theoretical 
explanation. 


FIGURE  37 -Cyclic  stress  vs  cycles  to  failure  for  low-carbon 
steel  at  rocm  temperature  for  environments  containing  only 
water  and  then  modified  by  additions  of  NaCI  and  oxygen.  From 
the  work  of  Duquette  and  Uhllg.'52 

Cyclic  testing  using  fracture  mechanics  definitions  produces 
data  of  the  type  sf  ’vvn  In  Figure  SB.'53  whore  the  crack  advance  per 
cycle  (Aa/An)  Is  a  function  of  the  magnitude  of  the  cyclic  stress 
intensity  (<1K)  Effects  of  environments  are  measured  as  shown  in 
Figure  39  ,M  There  Is  a  critical  Klf  corresponding  to  the  Klscc  bolow 
which  corrosion  fatigue  will  not  propagate,  aiihough  such  a  vaiuo  may 
decrease  with  time. 

Thero  are  some  testing  techniques  now  in  use  that  should  bo 
questioned  and  re-evaluated.  One  of  those  Is  the  so-called  reverse 
U-bend  or  RUB  specimen  illustrated  in  Figure  40.'“  This  specimen 
is  often  used  so  that  as  fabricated  industrial  tubing  material  can  be 
evaluated  directly  However,  this  specimen  provides  a  difficult 
geometry  on  which  to  apply  controlled  potentials  and  the  stresses  are 
generally  irrelevant  to  thoso  in  use  What  is  needed  Is  the  kind  of  data 
shown  already  In  Figures  32  and  33  whore  the  stress  bolow  which 
failure  will  not  occur  can  be  determined.  Such  data  can  then  help 
assess  the  importance  of  residual  and  applied  stressos  For  exam 
pie.  if  the  combined  stressos  are  below  somo  value  at  a  selected  life, 
SCC  would  not  occur  The  RUB  specimens  do  not  obtain  such  data. 

Advances  In  techniques  of  mechanical  testing  to  dotermmo 
effects  of  environments  have  greatly  improved  the  capauty  to  obtain 
data  that  can  be  used  directly  in  design.  Deficiencies  still  exist  m 
methods  'or  defining  SCC  that  is  initiation  dependent  and  in  defining 
the  environments  of  testing  Further,  there  are  some  testing  proce 
dures.  unfortunately  widely  used,  e.g„  RUBs.  that  provide  usoless 
data  and  should  bit  abandoned  just  as  constant  strain  testing  has 
been  largely  abtu'rdoned  for  obtaining  useful  design  data. 


FIGURE  38— Crack  growth  rate  vs  stress-intensity  range  for  a 
ASTM  A  533  B-1  steel  with  a  yield  strength  of  470  MPa.  R  =  0.1 ; 
ambient  room  air;  24°C.  Adapted  from  the  work  by  Campbell,  et 
al.153  This  curve  shows  the  Ideal  behavior  expected  In  Inert 
environments. 


Status  of  understanding  the  six  SDS  factors 

I  do  not  attempt  to  review  the  situation  un  each  material  system 
since  this  has  been  dene  by  other  authors  in  this  conference. 
However,  there  are  certain  general  patterns  that  have  emerged  and 
characterize  the  engineering  status. 

Material  factor  of  SDS.  Figure  5  identified  the  important 
considerations  in  the  materials  factor  of  SDS.  In  this  section,  1 
consider  the  effects  of  purity,  heat  treatment,  crystal  structure, 
strength,  and  grain-boundary  composition.  Important  general  pat¬ 
terns  are  emerging,  except  that  such  general  patterns  depend  greatly 
on  the  environmental  composition,  stressing,  and  temperature. 

First,  pure  metals  sustain  SCC  transgranularly.  While  intergran¬ 
ular  SCC  has  also  been  observed  in  the  same  materials,  the  purity  of 
the  grain  boundaries  cannot  be  verified,  thus  the  transgranular  SCC 
is  more  significant. 

Transgranular  SCC  of  pure  metals  has  been  observed  of  pure 
materials  in  copper.’0  it  has  not  been  observed  in  other  metals 
only  because  the  proper  experimental  work  has  not  been  conducted. 
Further,  while  the  rates  of  SCC  in  some  of  the  pure  metal  studies 
have  been  lower  generally  that  in  some  ol  the  alloys,  it  is  quito  likely 
that  different  environmental  definitions  would  alter  this  situation. 

Socond,  all  materials  sustain  SCC  regardless  of  heat  treatment. 
There  is  no  such  condition  as  a  heat  treatment  that  renders  an  alloy 
immune  from  SCC.  Some  heat  treatments  reduce  or  eliminate  the 
intensity  of  SCC  in  some  environmental  conditions  but  do  not  prevent 
the  alloy  from  sustaining  SCC  in  all  environments.  Such  different 
environments  do  not  need  to  be  as  drastically  changed  as,  for 
example,  from  aqueous  to  liquid  metals,  rather,  slight  changes  m  pH 
oi  in  electrochemical  potential  may  be  sufficient  to  increase  substan¬ 
tially  the  intensity  of  SCC  for  a  neat  treatment  that  had  previously 
been  considered  immune.  There  are  many  cases  of  such  patterns  but 
the  interaction  of  sensitization  and  pH  for  the  SCC  of  Inconel  600  is 
a  good  example.32  ’58 
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FIGURE  39-Crack  growth  rate  vs  stress-intensity  range  for  a 
Q1N  steel  In  dry  air,  laboratory  air,  aerated-recirculating  tap 
water,  3.5%  sodium  chloride,  and  natural  seawater  with  a  test 
frequency  of  30  cph  and  R  =  0.  Adapted  from  the  work  of 
Jones.154 


Fastening  nut 
(Stainless  steel) 


FIGURE  40— Schema*  c  view  of  reverse  U-bond  specimen  fab¬ 
ricated  from  tubing.  Adapted  from  the  work  of  Alrey.155 


Third,  equilibrium  crystal  structure,  per  so,  does  not  seem  to  bo 
so  dominating  as  chemistry  in  some  alloys.  For  example,  the  change 
from  fee  to  bcc  structures  in  Fe-Cr-Ni  alloys  produces  no  effect  on  the 
intensity  ol  SCC  as  indicated  by  the  work  of  Bond.31’90 

Fourth,  the  distribution  of  microstructure  seems  to  produce  a 
groat  difference,  as  indicated  in  the  work  of  Wang  and  shown  in 
Figure  41. 158  Here,  ho  produced  the  same  strength  material  but  by 
substantially  different  heat  treatments  that  produced  correspondingly 
different  structures. 

Fifth,  the  composition  of  alloys  affects  the  intensity  of  SCC  quite 
differently  depending  upon  the  environmental  chemistry  and  the 
electrochemical  potentials  used.  Figure  42  is  a  schematic  composite 


showing  the  effect  of  alloy  chemistry  as  assessed  in  different 
environments  and  at  different  electrochemical  potentials.  The  pat¬ 
terns  of  Figure  42  suggest  that  there  is  not  a  composition  that  does 
not  sustain  SCC;  the  intensity  simply  deponds  on  the  environment  as 
defined  by  its  composition  and  electrochemical  potential.  It  should  be 
noted  here  in  Figure  42  that  these  schematic  SCC  intensities  apply 
only  to  generally  well-known  trends  under  open-circuit  conditions. 
When  the  potentials  are  changed  or  substantial  changes  in  pH  are 
made,  this  behavior  is  greatly  altered. 

Figure  43  shows  that  the  effects  of  stress  on  different  alloys  in 
different  environments  can  be  quite  different,  indicating  that  the 
environment,  alloy,  and  mechanistic  unit  processes  conspire  to 
produce  quite  different  results  even  in  ductile  alloys.’59,160 


FIGURE  41— Crack  velocity  vs  K  for  two  different  heat  treat¬ 
ments  of  a  type  4340  (UNS  G43400)  steel  with  martensitic  and 
balnltlc  structures  exposed  In  a  3.5%  NaCI  solution  of  pH  6.0  and 
a  djuble-dlstllled  water  solution.  Adapted  from  the  work  of 
Wang  and  Staehle.158 


FIGURE  42— Schematic  composite  showing  the  effect  of  Fe-Ni 
alloys  on  the  Intensity  of  SCC  for  various  environments  In  their 
usual  open-circuit  conditions. 
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Sixth,  effects  of  alloy  strength,  in  the  range  above  about  1 00  ksi, 
seem  to  dominate  both  the  fracture  toughness  and  SCC  of  high- 
strength  materials  In  general,  increasing  strength  increases  the 
intensity  of  SCC;  increasing  strength  also  decreases  K,c.  These 
patterns  seem  to  be  ameliorated,  but  not  eliminated,  by  using  more 
pure  materials,  often  achieved  by  vacuum  melting.  This  effect  of 
increasing  strength  increasing  the  intensity  of  SCC  seems  to  persist 
in  many  alloys  despite  the  basic  composition  or  how  the  high-strength 
is  achieved;  e  g ,  whether  the  strength  is  achieved  by  transformations 
or  by  precipitation  hardening,  and  whether,  at  least  in  the  Fe-Ni 
system,  the  material  is  iron  base  o:  nickel  base.  This  general  pattern 
of  increasing  strength  increasing  the  sensitivity  to  SCC  and  decreas¬ 
ing  K,c  also  follows  generally  in  titanium-  and  aluminum-base  alloys. 
A  further  pattern  in  this  class  of  alloys  is  that  SCC  may  be  sustained 
in  pure  water  and  also  at  low  relative  humidities.  The  effect  ot 
strength  on  fracture  toughness  is  shown  in  Figure  44(a)  and  on  the 
SCC  velocity  in  Figure  44(b)  from  the  work  of  Speidel.161 


a 


b 


FIGURE  43— Effect  of  alloy  composition  and  environment  on  the 
relative  behavior  of  specimens  with  smooth  surfaces  for  70-30 
copper  (a)  and  sensitized  stainless  steel  (b).  Adapiod  from  the 
work  of  Pugh,  et  nl.,15*  and  Clarke  and  Gordon.160 

Seventh,  when  alloy  strength  Is  increased  by  cold  working,  the 
intensity  of  SCC  seems  also  to  be  generally  increased.  Such  effects 
are  observed  in  cold-worked  bolts  of  austenitic  stainless  steel 
exposed  to  pure  water  However,  it  appears  that  where  cola  working 
is  very  anisotropic,  as  with  cold-drawn  wire,  much  o(  the  strength  is 
preserved  regardless  of  the  environment  unless  there  Is  extensive 
pitting,  which  simply  reduces  the  cross  section  of  the  metal.  This 
pattern  is  analogous  to  the  beneficial  effects  of  the  longitudinal 
structure  on  the  intergranular  SCC  in  high-strength  aluminum  alloys. 


Eighth,  the  composition  of  grain  boundaries,  especially  those  of 
the  adsorption  type  indicated  in  Figure  6(a),  has  become  a  particu¬ 
larly  important  consideration  in  SCC  for  the  following  reasons:  (1) 
The  predictability  of  such  compositions  is  not  good;  (2)  such 
compositions  are  so  sensitive  to  cold  work  and  heat  treatment;  (3) 
such  compositions  can  change  easily  with  time  owing  to  the  short 
distances  involved,  (4)  the  results  of  competitive  action  of  different 
species  are  unclear,  and,  finally,  (5)  there  are  numerous  Drocesses 
by  which  these  compositions  facilitate  SCC,  as  shown  in  Figure  7. 

Ninth,  with  respect  to  surface  condition,  such  factors  as  pickling, 
machining  marks,  and  surface  contamination  continue  to  be  impor¬ 
tant  to  engineering  performance  For  example,  the  Rentier  and 
Welinski  paper  of  1970, 162  which  looked  at  pickled  surfaces  of 
Inconel  600,  showed  that  pickling  greatly  increased  the  intensity  of 
SCC  In  retrospect,  it  is  not  clear  whether  the  resulting  effect  was  due 
to  roughness  of  the  surface,  grain-boundary  grooving,  or  the  emer¬ 
gence  of  hydrogen  that  consequently  controlled  the  potential  with 
respect  to  the  implications  of  Figure  34(a).  While  there  is  little  of  a 
quantifiable  nature  in  these  considerations  of  surfaces,  the  work  of 
Cochran  and  Staehle163  shows  that  different  surface  finishes  pro¬ 
duce  significant  changes  in  SCC  and  careful  attention  to  surface 
preparation  in  both  laboratory  experiments  and  in  application  of 
components  remains  important. 

In  general,  relative  to  the  status  in  1955,  there  is  no  longer  any 
justification  for  the  concept  of  “susceptibility'’  or  “alloys  or  heat 
treatments  susceptible  to  SCC";  all  alloys  and  heat  treatments 
sustain  SCC.  However,  it  is  a  fortunate  circumstance  that  the 
intensity  of  SCC  is  negligible  or  minor  in  some  circumstances,  so  that 
designs  in  some  materials-environment  systems  can  be  expected  to 
perform  without  failure. 

Environment  factor  of  SDS.  It  is  now  clear  that  SCC  is  a  more 
general  phenomenon  with  respect  to  environments  in  which  SCC 
occurs  and  that  the  intensity  of  SCC  in  a  single  alloy  varies  regularly 
with  changes  in  composition  of  the  environments. 

Such  considerations  as  "specific  ions”  no  longer  apply.  An 
excellent  demonstration  of  this  result  is  the  montage  by  Congleton,  et 
al.,'64  showing  SCC  of  mild  steel  as  affected  by  different  environ¬ 
ments  overlaid  on  the  Pourbaix  diagram  for  iron  as  shown  in  Figure 
45.  Here,  it  is  clear  that  SCC  is  more  related  to  the  location  on  the 
diagram  than  to  the  ionic  species.  For  example,  these  results  show 
that  SCC  is  negligible  in  the  range  of  pH  where  iron  has  its  least 
solubility.  At  least  for  SCC  processes  that  depend  on  slip  dissolution, 
such  a  pattern  is  quito  reasonable.  Parkins's  correlation  shows  that 
the  role  of  any  environmental  species  is  more  related  to  the  range  of 
pHs  and  potentials  produced  by  the  chemistry  of  the  ion  than  to  its 
“specificity." 

This  diagram  as  developed  by  Parkins  does  not  define  the  effect 
of  potentials  lower  than  the  hydrogen  equilibrium  and  it  would  be 
reasonably  expected  that  a  wide  range  of  SCC  would  occur  here  by 
analogy  to  observations  such  as  those  of  Totsuka  and  Smialowska.25 
However,  such  a  correlation  is  not  presently  available. 

A  socond  pattern  that  is  now  clear  is  that  pure  aqueous 
environments  without  any  ionic  contamination  or  intentional  ionic 
content  produce  SCC  whether  the  potentials  are  above  or  below  the 
hydrogen  equilibrium.  For  cases  bolow  the  hydrogen  equilibrium,  it 
might  be  expected  that  hydrogen-related  SCC  would  occur  in  pure 
water  owing  simply  to  the  availability  of  hydrogen  from  the  electro¬ 
chemical  reduction  of  water.  However,  SCC  occurs  In  pure  water 
above  the  hydrogen  equilibrium  potential  in  sensitized  stainless 
steels  as  shown  in  Figure  36.150 

A  third  pattern  that  is  now  well  established  is  that  hydrogen  is 
not  unique  as  an  environmental  species  in  producing  SCC  in  high- 
strength  steels  as  well  as  in  other  alloy  systems.  At  ieast  chlorine,  if 
not  other  species,  can  support  SCC  in  high-strength  steels.-7 
Hydrogen  is  further  not  unique  in  its  supporting  SCC  in  zirconium 
alloy  as  shown  by  the  extensive  work  by  Cox  for  SCC  in  iodine 
gas.26  67  It  is  quito  likely  that  this  broadening  pattern  w:l!  continue, 
possibly  along  the  lines  suggested  by  Gswete.136 
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FIGURE  45— Data  for  SCC  of  mild  steels  as  a  function  of  pH  and 
potential  as  affected  by  environmental  chemistry  Ranges  of 
SCC  are  compared  with  the  Pourbalx  diagram  for  Iron  deter¬ 
mined  at  259C.  Adapted  from  the  work  of  Congloton,  ot  al.'64 

A  founh  pattern  in  environmental  effects  is  the  array  of  liquid 
types  in  which  SCC  occurs.  These  include  at  least  alcohols,  N204l 
molten  salts,  and  anhydrous  ammonia.  There  are.  no  doubt,  many 
others  that  have  yet  to  be  investigated,  tt  must  bo  assumed,  and  it  is 
quite  likely,  that  SCC  ot  some  alloys  can  occur  in  a  much  wider  range 
of  liquids  than  has  been  tested  to  date. 


A  fifth  pattern  is  that  relatively  low  concentrations  ot  gaseous 
species  can  support  SCC  as  demonstrated  by  Kerns  for  H2S.'5’  In 
his  experiments,  he  showed  that  0.2  torr  of  H2S  was  sufficient  to 
produce  SCC  velocities  of  10" 3  in./s. 

A  sixth  important  pattern  has  been  observed  in  copper-base 
alloys  where  transgranular  SCC  can  be  produced  by  two  widely 
different  environments  in  two  different  ranges  of  potential.  The  older, 
more  traditional  environment  of  ammonia  produces  SCC  at  potentials 
that  relate  clearly  to  the  formation  of  copper  ammonia  complexes. 
The  more  recent  environmental  conditions  that  support  SCC  are 
oxidizing  species  such  as  nitrate,  nitrite,  and  hypochlorite  as  studied 
first  by  Pednekar.  et  al.,'°  and  later  by  others.'65-’66 

Seventh,  work  on  nonsensitized  Inconel  600  has  shown  that 
SCC  or  IGA  is  readily  produced  in  aqueous  solutions  in  at  least  six 
different  zones  by  what  are  probably  five  different  mechanistic  unit 
processes.  In  one  zone,  SCC  in  the  alkaline  oxidizing  region  occurs 
above  the  hydrogen  equilibrium  and  has  been  reproduced  by 
Nagano,'67  Kishida,  et  al.,'68  Economy,  et  al.,’7'  and  Bandy  and  van 
Rooyen.’70  In  a  second  zone,  alkaline  and  slightly  above  and  below 
(he  one  atmosphere  hydrogen  line,  IGA  occurs  in  the  absence  of 
stress  according  to  the  work  of  Bandy  and  van  Rooyen.’70 

In  a  third  zone,  mildly  alkaline  and  slightly  oxidizing,  intergran¬ 
ular  and  transgranular  SCC  occur  when  lead  impurities  are  added 
according  to  the  work  of  Copson  and  Dean.47  In  a  fourth  zone,  SCC 
occurs  below  the  one  atmosphere  hydrogen  equilibrium  line  and  over 
a  broad  range  ot  pH  based  on  work  of  Coriou,  et  al..205  Economy,  et 
al.,  ’  and  Totsuka  and  Smialowska.74  SCC  occurs  in  a  filth  zone  that 
is  mildly  oxidizing  and  mildly  acidic  based  on  the  work  of  Newman.”2 
Finally,  a  sixth  zone  is  defined  by  Kishida.  et  al.,’68  in  their  work  in  the 
mildly  acidic  but  highly  oxidizing  region. 

The  occurrence  of  SCC  in  both  intergranular  and  transgranular 
modes  in  those  ditferent  ranges  of  pH  and  oxidizing  potential 
suggests  that  the  mechanistic  unit  processes  are  indeed  different 
and  that  testing  in  one  ol  these  regimes  cannot  predict  SCC  in 
another.  This  array  of  regimes  ot  pH  and  potential  in  which  '.hero  oro 
different  mechanistic  unit  processes  is  probably  the  same  as  that 
suggested  earlier  for  coppt-r-bas3  alloys. 
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An  eighth  pattern  is  based  on  the  work  of  Stoloff  showing  that 
liquid  metal  embrittlement  does  not  need  to  depend  on  the  "environ¬ 
mental"  metal  being  liquid.  He  has  observed  "solid  metal  embrittle¬ 
ment."  Here,  the  vapor  pressure  of  the  solid  metal  adjacent  to  the 
metal  of  interest  is  sufficient  to  produce  SCC.  His  work  is  summarized 
at  this  conference.  The  low  vapor  pressures  at  which  “metal"  SCC 
occurs  is  a  situation  similar  to  the  low  H2S  pressures  for  the  SCC  of 
high-strength  steel  studied  by  Kerns.27 

For  aqueous  environments,  it  is  becoming  increasingly  clear 
that  the  response  of  SCC  under  a  given  set  of  open-circuit  environ¬ 
mental  conditions  can  be  reproduced  by  an  equivalent  applied 
electrochemical  potential.  A  good  example  of  this  is  the  comparison 
of  the  data  from  Smiatowska  in  Figure  34(a)  with  the  earlier  results  of 
where  Blanchet,  et  al.,  used  galvanic  couples.206  This  result  is  similar 
to  the  patterns  identified  by  Congleton,  et  al.,  in  Figure  45.  The  same 
pattern  easily  rationalizes  the  effect  of  noble  metal  additions  in  the 
SCC  of  Fe-Cr-Ni  alloys  in  boiling  MgCI2  where  SCC  occurs  as  soon 
as  a  critical  range  of  potentials  is  reached,  regardless  of  the  alloy 
addition.  The  addition  of  the  noble  metals  ensures  that  this  range  of 
potentials  is  reached  early  with  the  result  that  SCC  occurs  almost 
instantaneously,  as  shown  in  the  work  by  van  Rooyen'73  and 
Royuela.2  Another  indication  of  the  equivalence  of  open-circuit  and 
applied  potentials  is  the  work  of  Uhlig  on  critical  potentials  for  SCC  in 
Fe-Cr-Ni  alloys.'74  Cowan  and  Tedmon  identified  this  equivalence  in 
open-circuit  and  applied  potential  conditions  for  stainless  steels  in 
polythionic  acids  for  stainless  steel  but  noted  that  some  adjustments 
were  required  for  Inconel  600.34 

In  general,  the  patterns  implicit  in  the  above  suggest  that  SCC 
in  a  single  alloy  exposed  to  a  variety  of  environmental  conditions 
within  a  single  type  of  environment,  e.g.,  aqueous,  may  incur  SCC  by 
many  mechanistic  unit  processes.  Second,  there  is  a  very  broad 
range  of  environmental  types,  compositions,  and  concentrations  that 
can  support  SCC.  Third,  the  patterns  followed  by  many  of  the 
regimes  of  SCC  can  be  correlated  with  well-known  and  simple 
processes  such  as  the  formation  of  protective  films,  the  availability  of 
hydrogen,  or  the  pressure  of  gas. 

Figure  8  suggests  that  there  are  other  environmental  factors 
that  influence  the  environmental  circumstances  rather  than  funda¬ 
mental  chemical  processes.  These  circumstances,  from  an  engineer¬ 
ing  point  of  view,  are  equally  important  because  they  often  conspire 
to  produce  the  chemistry  adjacent  to  the  surface  that  is  necessary  to 
produce  SCC.  Such  considerations  are  crucial  to  designers. 

The  stress  factor  of  SDS.  The  stress  factor  of  SDS  is 
identified  in  Figure  9.  The  effects  of  stress  on  SCC  follow  somewhat 
more  obvious  patterns,  although  there  are  some  new  and  open 
issues. 

First,  stress  affects  different  metals  differently  when  tested  as 
smooth  specimens.  For  example,  the  effect  of  stress  on  copper  alloys 
is  compared  with  stainless  steels  in  Figure  43  Tho  copper  sustains 
SCC  at  much  lower  stresses  evon  at  room  temperature  These 
results  suggest  quito  different  mechanistic  unit  processes 

Second,  tho  patterns  of  velocity  vs  stress-intensity  curves  vary 
greatly  among  and  between  alloys  and  among  and  between  envi¬ 
ronments  for  a  single  alloy.  Figure  46  illustrates  these  variations. 
Generally,  the  pattern  of  three  stages  shown  in  Figure  32  seems  to 
persist. 

Third,  similar  patterns  for  cyclic  stressing  in  environments  seem 
to  follow  as  illustrated  in  Figure  47  when  smooth  specimens  and 
fracture  mechanics  specimens  are  compared.'75  '76  Certain  environ¬ 
ments  decrease  the  threshold  stress  for  cyclic  stressing  of  smooth 
specimens;  for  fracture  mechanics  testing,  certain  environments 
increase  tho  crack  growth  rate,  Aa/An  for  a  given  AK.  The  patterns 
due  to  the  stress  for  Figures  46  and  47  are.  more  or  less,  expected. 
The  effects  of  metallurgical  structure  and  composition  and  environ¬ 
mental  composition  are  moro  differentiated. 

Fourth.  Woi  has  demonstrated  that,  for  some  environment- 
metal  systems,  the  fatigue  crack  growth  rate  as  a  function  of  AK  and 
the  crack  velocity  as  a  function  of  K  can  be  directly  related;  i.e.,  the 
same  mechanistic  unit  process  operates  sometimes,  but  not  always, 
in  both  cases.'77  While  this  correlation  has  been  observed  to  apply 


in  some  cases,  it  does  not  apply  in  others.  However,  in  making  such 
comparisons,  it  is  not  clear  that  the  correct  continuum  has  been  used 
Fifth,  in  addition  to  this  continuum  between  static  loads  and 
cyclic  loads  defined  for  some  circumstances  by  Wei,  there  is  another 
continuum  along  the  coordinate  of  cyclic  frequency  Wei  has  shown 
that  the  crack  growth  rate  (Aa/An)  increases  as  the  cyclic  frequency 
decreases  as  illustrated  in  Figure  48. 178  This  pattern,  from  an 
engineering  point  of  view,  suggests  that  predictive  testing  in  many 
environments  cannot  be  performed  at  high  cyclic  frequencies  if  life  at 
low  cyclic  frequencies  is  desired  Such  an  engineering  application 
might  be  propellers  for  ocean-going  ships.  This  pattern  does  not 
mean  that  environments  do  not  affect  fatigue  at  high  cyclic  frequen¬ 
cies,  it  just  means  that  there  are  differences  in  how  the  environments 
influence  Aa/An  in  the  different  ranges  of  frequency  It  is  quite  clear 
that  environments  do  reduce  the  threshold  stress  for  fatigue  at  high 
cyclic  frequencies,  as  shown  in  Figure  39.  However,  such  data  do  not 
discriminate  between  initiation  and  propagation  processes 
Stress  Intensity  (kg  •  mm'372) 


Stress  Intensity  (ksi  -/Tn) 


FIGURE  46— Stress  corrosion  crack  velocity  vs  stress  Intensity 
for  a  high-strength  aluminum  alloy  exposed  to  varying  relative 
humidity  and  salt  solutions.  Adapted  from  Speldel  and  Hyatt.7 

Sixth,  since  1955,  engineering  results  have  shown  that  there  is 
iittle  question  that  constant-strain  testing  does  not  provide  data  that 
can  be  readily  applied  to  design.  At  high  temperatures,  such 
specimens  rolax.  Further,  engineering  structures  can  always  expect 
slight  Increases  and  decreases  in  stress.  Such  persistent  activity  in 
stressing  seems  to  accelerate  SCC.  Testing  at  constant  load  but 
superimposing  a  small  load  ripple  greatly  accelerates  SCC,  as  shown 
in  Figure  49.'79 

Seventh,  tho  slow-strain-rato  testing  method  has  also  alerted 
designers  to  tho  accelerating  effects  of  such  loading  conditions  when 
they  occur  in  practice.  Such  a  situation  occurs  in  the  case  of  tho 
"denting"  phenomenon.62  The  general  pattern  for  the  extent  of  SCC 
depending  on  strain  rate  is  illustrated  in  Figure  50.  There  seems 
characteristically  to  bo  a  strain  rate  above  which  little  SCC  occurs,  in 
the  range  of  0.01  Is.  SCC  effects  seem  to  be  fully  developed  in  the 
range  of  0.00001  to  0.000001/s.  This  pattern  of  strain-rate  depen¬ 
dence  may  relate  to  the  effect  of  decreased  cyclic  frequency 
increasing  the  crack  growth  rate. 
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FIGURE  47— Corrosion  fatigue  results  compared  for  smooth  surface  and  fracture  mechanics 
testing,  (a)  Stress  range  cycles  to  failure  for  air  and  saline  river  water,  chromium-vanadium  steel. 
Adapted  from  the  work  of  Evans'76,  (b)  Fatigue  crack  growth  rate  vs  stress-intensity  range  for 
maraglng  steel  exposed  to  air  and  saltwater.  Adapted  from  the  work  of  Crooker  and  Lange.175 
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FIGURE  48-Effect  of  cyclic  frequency  on  crack  growth  rate  at 
room-temperature  In  high-strength  steels  In  water  vapor  and 
aqueous  environments.  Adopted  from  the  work  of  Wol.'78 


Eighth,  in  considering  the  role  ol  stress  in  SCC,  it  is  Important 
to  distinguish  between  applications  that  have  relatively  thin  cross 
sections  where  perforation  may  occur  alter  SCC  proceeds  for 
distances  of  half  to  one  millimeter,  from  one  with  a  relatively  thick 
cross  section.  In  the  former  case,  rosults  from  smooth-surface 
specimens  are  more  relevant;  in  the  latter,  testing  in  the  fracture 
mechanics  geometries  are  more  relevant.  Those  two  circumstances 
may  be  Integrated  in  a  plot  such  as  shown  in  Figure  51(a)  where 
stress  Is  plotted  vs  defect  size.  Such  a  diagram  is  called  a 
"stress-defect"  diagram  The  relationship  of  tho  lines  to  the  type  of 
testing  are  indicated.  This  diagram  shows  that  for  small  defects,  the 
oiTtuoth  ourfai-o  tests  .Tidy  be  mute  pertinent,  while  fwi  iuigei  defeats, 
the  fracture  mechanics  tests  may  be  more  pertinent 


Figure  51(a)  shows  schematically  the  different  effects  of  SCC 
and  corrosion  fatigue  on  performance  of  both  smooth  and  precracked 
specimens.  Figure  51(b)  shows  the  stress-defect  plot  as  applied  to 
sensitized  stainless  steels  exposed  to  high-temperature  oxygenated 
water.  This  case  is  a  good  example  of  a  stress-defect  diagram  for  a 
tough  material.  These  data  are  based  upon  an  analysis  by  Speidel.'8' 
Figure  51(b)  shows  a  stress-defect  diagram  applied  to  a  electric 
generator  retaining  ring  steel,  which  has  very  high  strength  and  little 
toughness  and  therefore  very  little  capacity  to  sustain  defects  in 
aqueous  environments.  Figure  51(c)  is  also  based  on  work  of 
Speidel. 


FIGURE  49— Threshold  stress  for  Intergranular  cracking  vs 
cyclic  frequency  for  a  carbon  manganese  steel  exposed  to  1  N 
Na2C03  +  1  N  NaHC03  solution  at  82'C  and  -650  mVSCE. 
Amplitude  of  cycle  ripple  shown  at  each  data  point.  Adapted 
from  the  work  of  Fessler.179 
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FIGURE  50— Reduction  in  area  vs  strain  rate  for  dead  soft  mild 
steel  in  air  and  1  M  NaH2P04  at  -1  Vsce  as  a  function  of  initial 
strain  rate.  From  the  work  of  Parkins.160 


The  stress-defect  diagrams  shown  in  Figure  51  indicate  that 
such  an  approach  can  readily  integrate  the  considerations  of  smooth 
and  precracked  specimens  in  a  single  presentation.  Thee  are 
several  important  caveats  constructing  various  lines  on  these  dia¬ 
grams.  One  is  that  the  various  threshold  stresses  or  threshold  stress 
intensities  are  assumed  to  be  independent  of  time.  Second,  in  these 
diagrams,  other  dependencies  such  as  effects  of  environment  and 
electrochemical  potential  are  not  shown. 

Ninth,  in  this  consideration  of  the  stress  factor  in  SDS,  I  have  not 
considered  effects  of  the  modes  other  than  the  opening  Mode  I. 
Gerberich  has  looked  at  such  effects  and  has  concluded  that  only  the 
opening  mode  (Mode  I)  is  significant  for  SCC.182 

Finally,  there  is  an  important  unresolved  issue  at  what  is 
considered  the  interface  between  SCC  and  corrosion  fatigue  where 
it  appears  that  Wei’s  approach  does  not  lead  to  a  continuous 
relationship.  It  is  concluded  by  some  that  this  indicates  a  difference 
between  corrosion  fatigue  and  SCC.  Such  apparent  discontinuities 
suggest  to  me  that  the  continuum  has  not  been  carefully  evaluated 
and  other  continuum  variables  of  potential,  pH,  and  cyclic  frequency 
should  be  more  carefully  considered.  Also,  the  contributions  of 
initiation  and  propagation  need  to  bo  separated. 

While  the  above  deal  with  specific  effects  of  stress,  regardless 
of  the  source,  the  engineering  status  of  SCC  requires  that  we 
consider  the  source  of  stresses.  As  defined  by  Spaehn,  et  al., 
approximately  80%  of  all  SCC  failures  are  related  to  residual 
stresses.183  Almost  all  of  the  SCC  in  the  nuclear  industry  today  is 
related  to  residual  stresses,184  except  for  that  produced  by  the 
expansion  of  corrosion  products  in  denting.82 

It  should  also  bo  noted  that  tho  stresses  produced  by  corrosion 
products  can  (a)  be  substantial  and  sufficient  to  cause  surrounding 
materials  to  exceed  their  yield  strengths,  and  (b)  often  produce 
continuous,  inexorable  straining  of  the  kind  analogous  to  tho  slow- 
straining  SCC  test. 

The  geometry  factor  of  SDS.  The  factors  ol  geometry  as 
identified  in  Figuro  10  portain  to  tho  following: 

One  important  geometrical  factor  is  that  which  intensifies  tho 
stress  as  indicated  in  Figuro  51.  Such  intensifications  may  occur 
through  tho  formation  of  pits  from  directly  chemical  effects  or  erosive 
effects  as  with  turbine  blades.  They  may  also  occur  with  defects  in 
wolds  or  In  weld  overlays  in  vessels  used  for  chemical  processes. 
Regardloss  of  tho  source,  whatever  produces  sharp  geometries 
intensifies  tho  stross  and  increases  the  likelihood  of  initiating  SCC. 
The  effects  of  such  intensifications  are  already  considered  in  tho 
stress-factor  discussion.  However,  this  section  is  more  concerned 
with  how  such  geometries  may  dovelop. 

Tho  analytical  understanding  of  how  such  geometries  aftect  tho 
stress  intensity  is  well  established.’88  ’8’  Tho  present  understanding 
of  how  such  geometries  occur  ts  better  understood  than  in  1955; 
however,  such  geometries  continue  to  develop  and  failures  continue 
to  occur  This  circumstance  needs  more  appreciation  by  the  design 
community. 
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FIGURE  51— Stress-defect  diagrams:  (a)  schematic  diagram 
showing  design  envelopes  for  dry  fracture,  SCC,  and  corrosion 
fatigue,  as  defined  by  data  taken  from  smooth-surface  speci¬ 
mens  and  fracture  mechanics  specimens;  (b)  stress-defect 
diagram  for  type  304  (UNS  S30400)  stainless  steel  exposed  to 
oxygenated  water  at  288°C;  (c)  stress-defect  diagram  for  elec¬ 
tric  generator  retaining  ring  steel  with  service  stress  of  709 
MN/m2.  Adapted  from  tho  work  of  Speldel.181 
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A  second  important  geometrical  factor  is  that  associated  with 
the  formation  of  crevices  Meta!  surfaces  inside  crevices  realize 
differences  in  pH  and  electrochemical  potential  depending  on  the 
compositions  of  the  metals,  composition  of  the  bulk  environment, 
geometry  of  the  crevice  and  the  external  flow.’17''20  These  differ¬ 
ences  in  pH  and  potential  on  the  metal  surfaces  inside  the  crevice 
relative  to  those  in  the  external  environment  may  easily  be  sufficient 
to  increase  the  intensity  of  SCC  substantially.  Such  effects  may  occur 
regardless  of  whether  the  crevice  is  formed  by  a  metal-to-metal  joint 
or  by  a  deposit  such  as  sludge  in  a  steam  generator. 

Severe  SCC  of  Inconel  600  occurred  in  a  crevice  at  the  Duane 
Arnold  nuclear  plant  ja  BWR  in  Iowa)  in  1978.66  The  geometry  of  the 
crevice  is  shown  in  Figure  52.  Penetration  of  the  wall  by  SCC  was 
extensive  in  depth  and  occurred  almost  all  around  the  circumference. 
While  Inconel  600  resists  SCC  in  noncreviced  circumstances  unless 
the  stresses  are  too  high,  the  creviced  situation  reduces  the  threshold 
stress  for  SCC,  as  shown  schematically  in  Figure  34.  Similar 
circumstances  occur  in  steam  generators  of  PWRs  where  there  are 
crevices.62 


FIGURE  52— Cross  section  of  safe  end  from  Duane  Arnold 
Nuclear  Plant  showing  location  of  stress  corrosion  crack  at  tip 
of  crevice  formed  between  safe  end  and  thermal  sleeve.  Adapted 
from  the  work  of  Pasupathi,  et  al.66 

Galvanic  couples  lead  readily  to  changes  in  potential,  small 
changes,  as  shown  in  Figure  34^a>.  may  substantially  change  the 
intensity  of  SCC  Designers  should  be  alert  to  any  actions  ol  galvanic 
couples  that  shift  the  potential  into  regions  where  oorrosiun  modes  oi 
rates  are  changed  Such  situations  may  occur,  for  example,  where  a 
tjbe  of  relatively  noble  alloys  is  connected  to  tube  sheets  of  less 
noble  compositions  such  as  steel.  Blanchet.  et  al.,  investigated  the 
SCC  velocity  of  galvanic  couples.  Their  data  are  discussed  in  a  later 
section  and  shown  in  Figure  60  These  data  show  that  decreasing  the 
potential  by  galvanic  connection  with  increasingly  less  noble  mate 
rials  accelerates  SCC. 

Gravitational  influences  favor  the  formation  of  deposits  and 
sludge  piles  These  effects,  too,  are  well  known  and  can  bo  avoided 
by  knowledgeable  designers. 

The  temperature  factor  of  SDS.  There  is  little  really  new 
about  effects  of  tempoiature.  Temperature  produces  well  known 
effects  on  rate  processes  The  only  subtlety  here  is  the  difference  in 
effects  of  temperature  on  the  flow  process  of  the  metal  as  opposed 
to  the  effect  of  temperature  on  chemical  processes  such  as  the 
reduction  of  oxygen  to  water.  However,  this  situation  fias  not 
changed  significantly  since  1955. 

The  tlmo  factor  of  SDS.  There  is  also  little  now  about  the 
effects  of  time  The  factors  as  laid  out  m  Figure  12  still  apply.  There 
are  two  trends  of  major  importance  that  relate  to  the  time  factoi.  One 
is  the  decrease  in  the  endurance  limit  or  Klscc  with  time.  A  second  is 
the  change  in  grain  boundary  composition  with  time  at  elevated 
tomporatures. 

The  new  pattern:  intensity,  modes,  and 
situation-dependent  strength 

Figures  2  and  3  suggested  schematically  that  the  six  factors  of 
SDS.  illustrated  in  Figures  5  and  8  through  12.  act  together  to  affect 
the  intensity  of  SCC  Also,  it  is  now  clear  that  the  concepts  of 


"susceptibility,”  “specific  ions,”  and  even  “synergism '  are  no  longer 
useful,  as  they  suggest  more  of  magic  and  chance  than  of  knowabie 
and  regular  physical  processes. 

My  review  of  the  status  of  the  six  factors  of  SDS  in  this  section 
also  suggests  that  the  industrial  occurrence  of  SCC  has  expanded 
substantially  beyond  the  limits  known  at  the  1955  reference. 

To  develop  a  framework  for  portraying  regular  dependencies  of 
SCC  on  the  independent  variables  of  SDS,  I  review  first  some  known 
patterns. 

Certain  patterns  are  relatively  clear.  For  example,  some  crack 
velocities  are  proportional  to  the  pressure  of  a  particular  gas  or  to 
regularly  varying  metallurgical  conditions,  this  is  illustrated  from  the 
work  of  Nelson  in  Figure  53.,8a 

More  complex  patterns  occur  :n  electrolytes  like  water,  and 
since  this  is  such  an  important  environment  and  so  much  work  has 
been  conducted  in  water,  I  concentrate  my  discussion  on  SCC 
processes  in  this  environment. 

Modes  of  reaction  of  nonstressed  metals  in  electrolytes  have 
been  shown  by  Hoar189  to  follow  a  pattern  of  Figure  54.  An  array  of 
modes  of  corrosion  for  stainless  steel  in  sulfate  and  chloride  solutions 
has  been  determined  by  Mazza  and  Greene,  as  shown  in  Figure 
55, 190  where  these  modes  were  identified  under  open-circuit  condi¬ 
tions.  Murata  has  examined  modes  of  corrosion  also  for  stainless 
steel  where  his  experiments  were  conducted  at  controlled  potentials. 
For  specimens  that  were  stressed  he  showed  a  transition  from 
complete  passivity  to  SCC  to  pitting.  He  also  observed  that  pitting 
and  SCC  occur  in  different  ranges  of  potential.'91 

Agrawal  conducted  experiments  similar  to  those  of  Murata  but 
on  stainless  steel  in  alkaline  solutions.192  Figure  56  shows  three 
simultaneous  measurements  for  specimens  held  at  constant  poten¬ 
tial.  First,  he  shows  the  simple  polarization  curve  for  current  as  a 
function  of  potential.  This  shows  prominent  but  not  large  active 
current  densities.  Similarly,  it  shows  well-defined  passive  and  trans- 
passive  regions,  although  none  of  these  features  in  the  alkaline 
environment  is  as  prominent  as  usually  observed  in  acidic  environ 
ments.  Second,  the  time-to-failure  is  plotted  for  specimens  held  at 
various  potentials.  Since  the  specimens  are  wires,  they  fail  easily 
regardless  of  the  mode  of  corrosion.  However,  most  prominent  is  the 
long  (not  determined  in  the  time  available)  failure  time  in  the  range  ot 
potentials  corresponding  to  passivity.  Third,  Agrawal  identifies  the 
modes  of  corrosion  that  occur  in  the  various  ranges  of  potential. 
Considering  that  all  of  the  specimens  are  stressed  to  the  same 
magnitude,  it  is  most  interesting  that  passivity  can  be  preserved  and 
that  the  time-to-failure  exceeded  the  duration  of  the  test. 

The  array  of  modes  of  corrosion  from  the  experiments  of 
Agrawal  and  Murata  as  well  as  those  of  Greene  and  Mazza  suggest 
that  there  are  regular  transitions  among  the  modes  ot  corrosion  as  a 
function  of  either  chemical  or  electrochemical  variables.  Thus,  the 
open-circuit  situation  for  one  environment  may  produce  passivity, 
while  another  may  produce  pitting,  SCC,  or  intergranular  corrosion. 

The  data  in  Figure  56  show  that  tho  modes  of  corrosion  of  a 
given  material  can  be  determined  regardless  of  open-circuit  poten¬ 
tials.  Then,  whatever  open-circuit  potential  occurs  naturally  will  place 
the  metal  in  a  region  where  a  given  corrosion  mode  operates.  An 
example  of  such  a  situation  was  illustrated  by  Agrawal,’9’  who 
investigated  the  inh  bitiori  of  SCC  by  chromate  additives  in  the  same 
alkaline  system  as  shown  in  Figure  56.  He  showed  that  the  role  ot  me 
chromate  was  to  place  the  potential  in  the  passive  region,  the  range 
of  -650  to  -350  mV,  where  no  SCC  occurs. 

The  process  of  defining  modes  of  corrosion  by  experiment  and 
then  arranging  environmental  ciicumstances  intentionally,  ui  umn 
tentionally,  to  be  in  a  given  region  is  illustrated  schematically  in 
Figure  57.  Here  an  array  ol  modes  is  first  determined,  in  this  case  as 
a  function  of  potential.  This  produces  a  diagram  of  Figure  57(a).  The 
open-circuit  potential  may  be  adjusted  intentionally  to  b8  in  a  region 
ol  stable  passivity;  or  an  open-circuit  potential  corresponding  to  an 
aggressive  mode  of  corrosion  may  occur  unintentionally  according  to 
one  o!  several  avenues  suggested  on  Figure  57(b).  In  practice,  '.ho 
various  avenues  of  Figure  57(b)  may  be  achieved  in  either  nominal 
or  non-nominal  conditions  for  example  m  crevices  oi  under  deposits. 
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FIGURE  53— Effect  of  hydrogen  gas  pressure  and  strength  for  a  type  4130  steel  (UNS  G41300): 
(a)  Effect  of  hydrogen  pressure  vs  stress  Intensity  and  temperature,  and  (b)  effect  of  strength 
on  stress  Intensity.  Summary  curves  for  effect  of  hydrogen  and  strength  are  shown  in  (c)  and 
(d).  Adapted  from  the  work  of  Nelson. ,es 


The  pattern  ol  Figure  57  can  apply  to  any  metal-environment 
system.  For  example,  a  similar  pattern  might  be  developed  (or  the 
interaction  ol  hydrogen  and  oxygen  gases  in  the  SCC  of  high- 
strength  steels  following  the  experiments  of  Johnson.55 

Another  example  of  the  distribution  of  modes  is  given  in  Figure 
45  from  Congleton,  ot  al.  This  figure  shows  that  SCC  in  stressed 
materials  may  be  avoided  by  staying  out  of  the  ranges  of  potential 
where  SCC  occurs.  SCC  can  also  be  avoided  hero  by  lowering 
stress,  although  the  magnitude  ol  such  lowering  is  not  identified. 

To  explore  this  concept  of  regular  patterns  more  extensively,  I 
oxammod  data  for  the  SCC  of  Inconel  600  in  the  nonsensitized 
condition  for  the  "low-temperature  mill-annealed  heat  treatment”  in 
aqueous  solutions  in  the  temperature  range  of  300’C.  First,  I 
collected  data  from  various  investigations  in  different  ranges  of  pH 
and  potential.  An  extensive  study  has  been  conducted  by  Kishida,  et 
al..'68  covering  the  full  range  of  pH  but  only  at  potentials  above  the 


hydrogen  equilibrium,  their  results  are  shown  in  Figure  58  Newman'72 
had  conducted  a  study  in  the  mildly  acidic  and  slightly  oxidizing 
reg.on  and  showed  that  SCC  velocity  decreased  with  increasing  pH; 
his  results  are  shown  in  Figure  59. 

Blanchet,  et  al.,  conducted  a  study  of  galvanic  couples  in  neutral 
and  alkaline  solutions  and  showed  that  the  intensity  of  SCC 
increased  with  decreasing  potentials  as  inferred  from  the  nature  of 
the  galvanic  couples,  their  results  are  shown  in  Figure  60 206  Two 
other  studies  have  been  conducted  in  the  same  range  of  potentials 
Totsuka  and  Smialowska25  studied  the  same  range  of  potentials  but 
extended  it  to  more  negative  values  using  controlled  potentials  as 
shown  in  Figure  34(a).  A  similar  set  of  experiments  was  conducted  by 
Economy,  et  al.,'7'  but  they  achieved  negative  potentials  by  increas¬ 
ing  the  hydrogen  pressure  as  shown  in  Figure  61  Unfortunately,  he 
did  not  measure  his  open-circuit  potentials  and  I  infer  his  range  of 
potentials. 
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FIGURE  54— Schematic  view  of  modes  of  surface  reaction  for 
metals  as  a  function  of  electrochemical  potential  and  concen¬ 
tration  of  Ionic  species.  Adapted  from  Hoar.189 


FIGURE  55— Corrosion  morphologies  observed  for  U-bend  spec¬ 
imens  of  type  304  (UNS  S30400)  stainless  steel  in  H2S04-NaCI 
solutions  and  no  applied  potential.  Adapted  from  work  by  Mnzza 
and  Gree.ie.190 

SCC  c!  Inconel  600  has  been  studied  in  the  alkaline  region  by 
many  investigators  partly  because  of  direct  interest  in  this  region  and 
partly  as  a  presumed  accelerating  environment  for  understanding 
SCC  in  pure  water.  For  the  purpose  of  this  illustrative  discussion,  I 
use  the  work  ot  Nagano,  et  at.,'8’'  Pessatl.  et  al.,’09  Kishida.et  at.,’00 
and  Bandy  and  van  Rooyon”0  to  describe  SCC  in  the  alkaline  region. 
Their  data  are  shown  in  Figures  62,  63,  and  64. 

At  this  point,  I  construct  a  diagram  that  integrates  work  on  SCC 
Irom  numerous  authors  and  plot  their  data  on  the  framework  of  the 
Pourbaix  diagram  tor  nickel  determined  at  288  C.  in  making  this  plot 
ot  experimental  data  that  are  inherently  based  on  Kinetic  processes 
Out  that  are  shown  in  a  thermodynamic  framework  of  an  equilibrium 
diagram,  I  am  not  implying  that  the  kinetic  work  is  thermodynamically 
controlled.  However,  it  should  be  noted  that  the  same  variables  of  pH 
and  potential  enter  directly  into  equations  that  control  the  rate  of 
chemical  reactions.  Therefore,  plotting  kinetic  results  on  a  thermo¬ 
dynamic  framework  is  reasonable. 

The  direct  relationship  between  electrochemical  thermod  nam 
ics  and  Kinetic  measurements  is  illustrated  in  Figure  65  where 
polarization  measurements  are  shown  to  be  bounded  by  thermody¬ 
namic  definitions.'9'1  The  relationship  between  the  Pourbaix  diagtam 
and  the  kinetic  curves  is  similar  to  the  well-established  relationship  in 


metallurgy  between  the  binary  equilibrium  diagram  and  the  time- 
temperature-transformation  curves. 

Another  feature  of  organizing  data  for  various  kinetic  mecha¬ 
nisms  has  been  developed  by  Ashby  and  Tomkins,195  as  shown  in 
Figure  66.  Here,  he  plots  stress  vs  temperature  and  identifies  the 
different  mechanisms  of  fracture  for  pure  nickel.  This  diagram  shows 
that  different  mechanistic  processes  can  be  mapped  within  a 
framework  of  thermodynamic  parameters  to  reveal  patterns  that  are 
important  both  for  fundamental  studies  and  for  design. 

I  used  the  conceptual  framework  implied  in  Figure  65  for 
electrochemical  kinetics  and  Figure  66  for  mechanisms  of  fracture  to 
develop  analogous  diagrams  for  modes  of  corrosion  and  its  intensity. 
In  particular,  I  considered  the  performance  of  Inconel  600. 


Failure  Time  (hrs) 


FIGURE  56— Effect  of  electrochemical  potential  on  polarization 
current  tlme-to-fallure  and  mode  of  corrosion  for  type  304  (UNS 
S30400)  stainless  steel  stressed  at  100%  of  the  yield  stress  In 
boiling  70%  NaOH.  Adapted  from  the  work  of  Subramanyam,  et 
al.192 

I  collected  the  data  of  Figures  34  and  58  through  64  and 
organized  their  data  in  the  framework  of  the  Pourbaix  diagram  for 
nickel  as  determined  by  Chen106  for  288°C  in  Figure  67  I  have 
illustrated  this  process  in  Figure  68. 1  also  placed  the  data  from  the 
lead-related  SCC  of  Inconel  600  according  to  my  estimates  of  where 
it  goes,  since  open-circuit  potentials  were  not  given  The  placement 
of  these  data  as  shown  in  Figure  68  leads  to  a  two  dimensional  plot 
as  illustrated  in  Figure  69.  This  two-dimensional  plot  shows  that  there 
are  clearly  defined  regimes  of  SCC  as  well  as  passivity 

Zone  1  -  Alkaline,  Oxidizing.  SCC  occurs  in  the  caustic  oxidiz 
mg  range,  although  intergranular  corrosion  seems  to  occur  at  lower 
potentials.  The  Nagano,  et  al.,  data’67  does  not  distinguish  intergran 
ular  SCC  from  intergranular  corrosion,  but  the  Bandy  and  van 
Rooyen170  and  Airey169  data  do. 

Zone  2  -  Alkaline,  Slightly  Oxidizing,  and  Reducing.  Here,  SCC 
does  not  occur  but  intergranular  corrosion  does.  This  intergranular 
corrosion  seems  to  be  focused  on  the  hydrogen  equilibrium  line  with 
the  range  of  mteigranular  corrosion  equally  above  and  below  the 
hydrogen  line.170 
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FIGURE  57— Schematic  view  of  relationship  between  modes  of 
corrosion  and  environmental  definition  as  a  function  of  Increas¬ 
ingly  oxidizing  electrochemical  potential,  (a)  Corrosion  modes 
as  a  function  of  potential  with  and  without  stress,  (b)  Environ¬ 
mental  definition  as  possible  open-circuit  potentials  that  might 
occur  in  nominal  and  non-nomlnal  environments.  All  conditions 
here  are  hypothetical. 


Zone  3-Mild  Alkaline,  Oxidizing:  The  SCC  that  occurs  when 
lead  is  added  to  aqueous  solutions  must  occur  at  about  the  hydrogen 
line  and  in  a  mildly  alkaline  pH  region.  The  fact  that  both  intergranular 
SCC  and  transgranular  SCC  occur  suggests  that  the  intergranular 
SCC  may  be  part  of  the  intergranular  SCC  region  from  the  Nagano, 
et  al..  data,  and  the  transgranular  SCC  occurs  in  a  slightly  different, 
but  adjacent,  range  of  pH  and  potential. 

Zone  4- Broad  pH,  Reducing:  This  is  the  range  defined  by 
8lanchot.  et  al..208  Totsuka  and  Smlalowska,25  Economy,  et  al.,'71 
where  the  intensity  of  SCC  decreases  with  lowering  the  potential. 
Such  lowering  may  be  achieved  either  by  galvanic  coupling,  adding 
hydrogen,  adding  hydrazine,  or  by  applying  potentials. 

Zone  5-Mild  Acidic,  Oxidizing:  This  Is  the  region  defined  by 
Newman172  that  shows  decreasing  intensity  as  the  pH  increases. 

Zone  6~Acidic,  Oxidizing:  This  is  the  region  defined  by  the 
Kishida,  et  al.,,6a  data  that  extends  to  relatively  high  potentials. 
These  may  be  achieved,  for  example,  in  nitric  acid  environments. 

Zone  7-Broad  pH,  Oxidizing;  In  this  range.  Inconel  600  seems 
to  exhibit  passivity  and  negligible  SCC  intensity,  although  the  details 
of  this  range  need  to  be  further  defined. 

Zone  8-VeryAcid,  Oxidizing:  In  this  range,  nickel  will  dissolve 
and  would  be  of  no  use  from  a  structural  ~oint  of  view. 

Figure  69  is  a  useful  chart  from  both  an  engineering  and 
scientific  point  of  view.  First,  it  shows  that  the  various  data  from  the 
literature  may  be  aggregated  and,  as  such,  can  be  combined  to 
produce  coherent  patterns.  Further,  the  data  from  many  different 
investigations  seem  to  be  reasonably  complementary  and  reproduc¬ 
ible  despite  the  many  different  types  of  experiments  that  were 
conducted. 


FIGURE  58— Applied  potential  at  300°C  vs  pH  of  Inconel  600 
(UNS  N06600)  (1050°C  or  0.5  h  air-cooled  heat  treatment) 
exposed  to  aqueous  sulfate  solutions  with  a  hydrogen/nitrogen 
overpressure.  Specimens  tested  at  45  kg/mm2.  Locations  of 
Intergranular  SCC  failure  shown  in  black  dots  and  locations 
where  no  failure  occurred  In  100  h  shown  In  open  circles. 
Adapted  from  the  work  of  Kishida,  et  al.168 


O  F0SO4  ♦  NajS04  solutions 


FIGURE  59— Mean  crack  propagation  rate  vs  pH  for  Inconel  600 
(UNS  N06600)  at  305’C  In  sulfate  solutions.  Adapted  from  the 
work  of  Newman.’72 
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FIGURE  60-Frequency  of  SCC  for  Inconel  600  (UNS  N06600)  in 
galvanic  couples  of  various  compositions  exposed  to  neutral 
and  alkaline  pH  environments.  Adapted  from  the  work  of 
Blanchet,  et  al.206 


FIGURE  61— Cumulative  percent  failure  specimens  with  inter¬ 
granular  SCC  vs  exposure  time  for  Inconel  600  (UNS  N06600)  at 
360°C  as  affected  by  hydrogen  overpressure  and  lithium  and 
boron  additions.  Adapted  from  the  work  of  Economy,  et  al.17' 
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FIGURE  62— NaOH  vs  electrochemical  potential  showing  region 
where  Intergranular  attack  occurs  for  Inconel  600  (UNS  N06600) 
in  alkaline  solutions  at  325JC.  Adapted  from  the  work  of  Nagano, 
et  al.1B7 


FIGURE  63— Stress  corrosion  crack  depth  vs  applied  potential 
for  Inconel  600  (UNS  N06600)  exposed  to  10%  sodium  hydroxide 
solutions  at  315°C  for  different  heat  treatments.  Adapted  from 
the  work  of  Pessall,  et  al.16® 


FIGURE  64-Effect  of  applied  potential  on  the  polarization 
current  and  mode  of  corrosion  for  Inconel  600  (UNS  N06600) 
exposed  In  10%  NaOH  +  1%Na2CO3at300°C.  Adapted  from  the 
work  of  Bandy  and  van  Rooyen.170 


Second,  Figure  69  shows  that  there  are  five  distinguishable 
zones  where  SCC  occurs.  Although  little  serious  mechanistic  work 
has  been  conducted  in  any  ol  these  zones,  it  appears  that  the 
mechanistic  unit  processes  for  each  of  the  zones  is  different. 
Certainly,  the  “Broad  pH,  Reducing"  range  in  Zone  4  follows  a 
mechanistic  pattern  different  from  the  others,  and  the  transgranular 
SCC  of  Zone  3  differs  from  the  others  As  a  minimum,  the  patterns  of 
Figure  69  show  that  presuming  that  the  mechanistic  unit  processes 
of  intergranular  SCC  of  Zones  1  and  4  are  the  same  is  incorrect. 
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FIGURE  65-Correlatlon  between  a  potential-pH  diagram  and 
electrochemical  kinetics  for  iron  at  room  temperature.  Adapted 
from  the  work  of  Pourbaix.104 


Temperature  {°C) 


FIGURE  66— Diagram  for  fracture  mechanisms  of  pure  nickel  as 
a  function  of  temperature  and  stress.  Adapted  from  the  work  of 
Ashby  and  Tomkins.155 

Third,  while  SCC  that  occurs  in  five  zones  (1 , 3. 4, 5,  6)  can  be 
avoided  by  reducing  or  eliminating  stress.  Figure  69  shows  that  in 
Zone  2  intergranular  corrosion  will  still  occur  in  the  absence  ol  stress, 

However,  Figure  69  does  not  show  any  indication  ol  the 
intensity  of  SCC  At  one  extreme,  SCC  will  not  occur  if  there  is  no 
stress,  so  that  tho  occurrence  of  SCC  in  the  various  zones  is 
meaningless  and  only  those  modes  of  corrosion  that  occur  in  the 
absence  of  stress  are  pertinent  In  this  zero  stress  situation,  the 
intergranular  corrosion  in  Zone  2  is  pertinent,  as  is  the  general 
dissolution  in  Zone  8  I  suspect  that  there  is  also  a  region  of 
intergranular  corrosion  in  the  mildly  acidic  region,  but  I  have  no 
information  However,  when  there  are  stresses,  SCC  will  occur 
depending  on  the  magnitude  of  these  stresses  and  on  the  intensity  of 
SCC  in  the  different  zones 

To  establish  a  pattern  (or  intensity  ol  SCC  as  affected  by  the 
environmental  variables  of  pH  and  potential,  I  developed  a  three- 
dimensional  diagram  shown  in  Figure  70  The  potential-pH  base  of 
this  diagram  is  the  same  as  Figure  69.  However,  the  vertical 
coordinate  is  an  indicator  of  the  intensity  of  SCC.  To  make  this 
diagram  useful  for  designers,  I  used  effectively  the  "inverse  intensity" 
and  developed  an  ordinate  called  "useful  strength",  "useful  strength" 
is  that  available  to  a  designer  after  the  environment  takes  its  toll 


through  SCC,  intergranular  corrosion,  or  general  corrosion.  Thus,  in 
Zone  7  the  useful  strength  is  100%  of  the  strength  determined  in  inert 
environments.  I  have  taken  the  "useful  strength”  as  the  “flow  stress,” 
or  the  average  of  the  yield  and  tensile  strength.  In  Figure  71,  I 
illustrate  the  meaning  of  “useful  strength”  and  its  relationship  to  the 
SCC  intensity. 


FIGURE  67— Pourbaix  diagram  for  nickel  at  288°C  with  some 
corresponding  equilibria  for  iron.  Adaoted  from  the  work  of 
Chen.100 


The  approach  I  use  in  Figure  70  is  most  pertinent  to  thin  wall 
tubes  and  may  be  less  useful  for  thicker  sections,  since  the  most 
pertinent  part  of  SCC  for  thin  wall  geometries  is  really  initiation,  which 
is  essentially  defined  by  an  endurance  limit  approach  to  testing  and 
plotting.  As  I  continue  to  consider  this  matter  of  “intensity"  of  SCC,  it 
is  quite  likely  that  a  more  useful  and  broadly  based  parameter  can  be 
developed. 

To  give  Figure  70  reference.  I  have  made  the  one  atmosphere 
hydrogen  line  into  a  plane.  I  show  the  intersections  of  this  plane  with 
the  topology  of  the  useful  strength  as  solid  dots. 

Figure  70  is  then  a  three-dimensional  plot  of  the  data  from 
Figure  69  but  with  the  intensity  ^inverse  intensity)  indicated  in  the 
third  dimension.  To  obtain  the  values  of  intensity  for  Figure  70, 1  used 
considerable  license.  The  stress  effects  in  each  of  the  experiments 
used  to  make  up  Figure  70  were  determined  by  the  respective 
investigators  differently.  Further  evaluation  of  the  data  as  well  as 
using  data  from  many  other  investigators  will  improve  the  veracity  of 
the  contours.  However,  I  suspect  that  the  patterns  as  already  shown 
are,  at  worst,  good  and  semiqualitative. 

Figure  70  shows  that  the  various  modes  ol  SCC  for  Inconel  600 
at  about  300 'C  in  the  low-temperature  mill-annealed  heat  treatment 
can  be  described  by  a  three-dimensional  plot  where  the  various 
modes  ol  SCC  as  well  as  other  modes  of  corrosion  can  be 
characterized  by  smoothly  varying  contours.  This  surface  could  be 
called  the  "topology  of  SCC"  or  the  ‘topology  of  corrosion, 
depending  on  what  modes  of  coriosion  are  included. 
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«mef!^8“M0ntaSe  showln9  location  of  experimental  results  of  SCC  studies  for  Inconel  600 
'  s  ”06600)  with  respect  to  pH  and  potential  on  Pourbalx  diagram  of  nickel  and  Iron  at  288°C. 
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FIGURE  69— Results  of  plotting  data  from  SCC  investigations  for  Inconel  600  (UNS  N06600)  on 
Pourbaix  diagram  for  nickel,  (a)  Schematic  view  showing  location  of  data,  (b)  Suggested 
locations  of  zones  for  different  modes  of  corrosion. 


The  topology  plot  in  Figure  70  now  presents  to  both  the  scientific 
investigator  and  to  the  designer  important  and  useful  information.  To 
the  investigator  of  mechanistic  unit  processes  Figure  70  defines 
contours  in  stress-pH-potential  space  that  must  be  rationalized.  To 
the  designer,  Figure  70  shows  what  regions  are  to  be  avoided  or  what 
actions,  i.e.,  lowering  the  stress,  must  be  accomplished  lor  reliable 
performance  to  be  achieved. 

The  topology  of  Figure  70  is  one  approach  to  the  schematic  view 
of  Figure  69(b).  which  suggested  that  the  intensity  of  SCC  should  be 
a  smoothly  varying  function  of  key  independent  variables. 

While  Figure  70  provides  an  intereslmg  three-dimensional 
visual  overview  of  the  topology  of  various  corrosion  modes,  certain 
important  features  are  hidden.  It  is  possible,  using  the  appropriate 
software,  to  view  Figure  70  from  other  perspectives.  Figure  72  shows 
the  result  of  viewing  Figure  70  from  different  directions.  Figure  73 
shows  the  result  of  taking  two-dimensional  slices  through  the 
three-dimensional  diagram.  With  such  slices  it  is  possible  to  obtain  a 
detailed  view  of  critical  dependencies  such  as  the  effect  of  potential 
on  the  useful  strength  at  selected  pHs. 

Figure  70  does  not  include  such  important  independent  vari¬ 
ables  as  heat  treatment,  temperature,  cyclic  stressing,  and  other 
environmental  species  not  accounted  for  by  the  normalizing  effects  of 
pH  and  potential.  However,  such  variables  can  be  incorporated  as 
this  approach  becomes  more  sophisticated,  possibly  by  using  an 
expert  system  or  by  using  contour  plots  in  place  of  three  dimensional 
ones  where  successive  plots  of  other  variables  can  be  shown. 

While  the  topology  of  intensity  for  the  corrosion  of  Inconel  600 
is  defined  in  Figure  70.  this  figure  does  not  define  where  the  surface 
of  the  metai  is  with  respect  to  environmental  variables,  i.e.,  Figure  70 
says  that  "if  the  pH  and  potential  are  located  at  a  given  point,  then  the 
intensity  of  SCC  is  defined."  However,  it  does  not  define  what  pH  and 
potential  can  be  expected. 


To  complete  this  discussion  of  corrosion  mode  diagrams,  it  is 
necessary  to  demonstrate  how  the  environment  is  defined  in  the 
same  framework  as  the  mode-intensity  diagram 

Since  Inconel  600  is  widely  used  as  a  tubing  material  for  steam 
generators  in  nuclear  power  reactors,  the  environments  of  such 
systems  furnish  a  useful  framework  for  discussion  Starting  again 
from  the  Pourbaix  diagrams  for  the  300°C  region  developed  by 
Chen,158  Figure  67  shows  key  features  of  the  nickel  diagram  with 
some  important  lines  from  the  iron  diagram.  These  are  shown 
because  Inconel  600  is  often  adjacent  and  electrically  connected  to 
mild  steel,  the  minimum  galvanic  potential  of  an  iron-nickel  couple  is 
defined  by  the  iron  equilibria.  Figure  74  starts  with  Figure  67  and 
shows  the  effects  of  different  nominal  and  non-nominal  environ¬ 
ments.  Various  environmental  circumstances  that  can  occur  in  these 
steam  generator  environments  are  depicted  on  figure  74  as  follows' 
Environment  1a,b-deoxygenated  with  hydrogen:  In  com¬ 
pletely  deaerated  solutions,  the  electrochemical  potential  lies  on  the 
hydrogen  equilibrium  line  as  modified  by  the  hydrogen  pressure  at 
the  metal  surface  according  to  the  Equation  (3): 

E  =  E0  -  k,(pH)  -  k2  log  PHj  (3) 

Where,  E0,  k„  and  k2  are  temperature-dependent  constants 

The  precise  location  on  this  line  depends  on  the  pH  additives  of 
lithium  or  ammonia  depending  on  whether  the  focus  is  on  the  primary 
or  secondary  side  of  the  Inconel  600  tube 

Environment  2-oxygen  added:  If  oxygen  is  added  to  the 
environment,  the  potential  will  increase  according  to  the  pattern  of 
Figure  36  and  may  increase  500  to  600  mV  above  the  hydrogen 
equilibrium  potential  in  the  range  of  01  to  10  ppm  of  dissolved 
oxygen. 
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FIGURE  70— Three-dimensional  diagram  for  Intensify  of  SCC  and  other  modes  of  corrosion  for 
Inconel  600  (UNS  N06600)  In  the  range  of  300’C  for  low-temperature  mill-annealed  Inconel  600. 
Useful  strength  plotted  vs  environmental  parameters  of  electrochemical  potential  and  pH.  One 
atmosphere  hydrogen  equilibrium  line  shown  as  a  vertical  plane  and  Indications  shown  where 
hydrogen  plane  intersects  surface  topology.  Zones  for  various  corrosion  modes  designated. 


Environments  3a, b,  3a, b— alkaline  and  acidic  crevices  with 
and  without  oxygen:  II  species  are  concentrated  in  crevices  or  in 
sludge,  the  pH  at  the  metal  surface  will  depend  on  whether  these 
species  are  acid  or  alkaline  lormmg,  it  such  environments  develop  in 
deaerated  conditions,  the  potential  is  defined  by  the  hydrogen  line.  If 
oxygen  is  present  above  about  0.01  ppm,  the  potential  in  these 
regions  will  increase  according  to  the  general  pattern  ot  Figure  36. 
Since  some  hydrogen  will  be  generated  locally,  the  potential  may 
drop  in  these  regions  according  to  the  prediction  ot  Equation  (3). 

Environment  b- galvanic  connection  to  steel.  It  Inconel  600  is 
galvanically  connected  lo  mild  steel,  the  potential  ol  the  couple  will 
approach  that  ol  the  iron  electrode.  This  approach  will  be  closer  as 
the  corrosion  rate  ot  the  steel  increases,  with  the  result  that  the 
potential  on  the  Inconel  surface  will  decrease. 

Environment  6-hydrogen  added.  It  hydrazine  is  added  to  the 
water,  the  potential  on  the  surfaces  will  be  decreased,  although  this 


is  complicated,  since  hydrazine  decomposes  at  300°C  and  the 
potential  on  the  surface  also  depends  on  the  concentration  of 
hydrazine  and  pH  of  the  environment  in  ways  that  are  not  defined 
Using  Figure  74,  the  electrochemical  conditions  on  the  surface 
of  the  Inconel  600  tubes  can  be  estimated  even  in  the  absence  of 
direct  measurements.  These  results  can  be  compared  with  the 
intensity-mode  diagram  of  Figure  70  to  determine  what  modes  of 
corrosion  can  be  expected  on  smooth  and  creviced  surfaces 

The  topology  of  corrosion  modes  defined  by  Figure  70  epito¬ 
mizes  what  is  meant  by  situation-dependent  strength  This  figt  e 
shows  that  the  strength  that  may  be  used  by  a  designer  depends  on 
the  environmental  situation. 

This  approach,  epitomized  by  comparing  the  mode-intensity 
diagram  of  Figure  70  with  the  environmental  definition  diagram  of 
Figure  74,  identifies  what  is  now  possible  in  engineering  with  SCC 
from  a  point  of  view  that  integrates  considerations  of  material, 
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environment,  stress,  design,  and  temperature.  This  capacity  now 
exists  and  should  form  the  basis  for  future  developments  in  applying 
SCC  and  its  broad  dependencies  to  engineering  design. 

Not  every  alloy-environment  system  nor  every  application  will 
find  the  specific  approaches  in  Figures  70  and  74  applicable. 
However,  analogous  mode-intensity  and  environmental  definition 
diagrams  can  be  developed. 

In  the  future,  such  ideas  of  susceptibility,  specific  ions,  and 
synergy  will  cease  to  have  meaning  in  favor  of  the  orderly  description 
of  SCC  described  in  this  section. 


Dependent  variable 
is  "useful  strength" 


Dependent  variable 
is  "intensity  of  SCC" 


O 
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FIGURE  71  —Schematic  view  showing  useful  strength  related  to 
stress-strain  diagram  and  Intensity  of  SCC. 


Statistical  description  of  SCC 

The  mode-intensity  diagram  of  Figure  70  is  one  view  of  SCC 
that  provides  an  overview  of  the  averaged  intensity  of  SCC  at  each 
environmental  point.  In  reality.  SCC  data,  like  all  data  describing 
properties  of  materials,  can  only  be  described  by  a  distribution 
function  that  gives  frequency  of  occurrence  vs  an  independent 
variable  of  stress,  time,  or  other  similar  quantity  It  is  well  known  that 
the  simple  tensile  properties  of  yield  strength,  tensile  strength, 
elongation,  and  similar  material  properties  are  statistically  distributed 
about  some  mean  or  characteristic  value,  and  further  that  such 
descriptions  have  Inherent  scatter  described  by  a  parameter  that  Is  a 
characteristic  of  the  scatter 

Generali,.  SCC  data  have  not  been  taken  from  a  statistical  point 
of  viow.  Consequently,  the  data  for  intensity  or  "inverse  intensity,"  as 
shown  in  Figure  71 .  are  only  the  best  guess  ol  the  investigator.  Such 
data  as  used  for  Figure  70  are  not  even  proper  mean  values  as  well 
as  not  being  described  by  a  distribution  function  in  the  original 
published  papers.  Note  that  a  least  squares  fit  also  does  not  provide 
any  useful  statistical  intormation  except  to  give  some  assurance  that 
the  l.ne  drawn  through  the  data  is  the  best  available  line. 

Ansn  data  such  as  tear  item  SCC  or  similai  testing  is 
uiaiaueuxcd  statistically,  several  oistribution  tuiicuoris  oiti  available 
oc  uuitvu  m  sevoiai  icx’s."  ‘ 7> '  i  he  most  hcquemly  consideied 
u  ji  (buttons  aiv  rho  m  iinui,  i>\>  noii'i.al,  Well  till,  extienie  value,  and 


Gumbull.  The  Weibull  function  has  been  widely  used  because  of  its 
flexibility  in  dealing  with  distributions  of  widely  different  shapes.  The 
normal  distribution  is  somewhat  restrictive,  since  it  implies  symmet 
rica!  distribution  about  the  mean,  and  log  norma!  is  similarly 
restrictive,  although  it  has  been  useful  in  describing  results  from 
testing  mechanical  properties. 

Generally,  statistical  data  are  presented  in  two  formats.  In  the 
first,  the  frequency  of  occurrence  ic  plotted  vs  an  independent 
variable,  i.e.,  the  frequency  of  the  yield  stress  measured  in  a  given 
interval  is  plotted  vs  yield  stress.  This  plot  is  illustrated  in  Figure 
75(a).  The  Weibull  distribution  function  is  used  as  an  example  to 
illustrate  these  different  functions.  A  second  form  of  this  plot  is  the 
"cumulative  distribution  function,"  which  is  the  integral  of  the 
frequency  plot.  The  cumulative  function  gives  the  fraction  of  all 
events  that  have  occurred  at  a  padicular  value  of  the  independent 
variable.  The  cumulative  distribution  function  is  shown  in  Figures 
75(b)  and  (c). 

An  early  attempt  to  define  SCC  data  from  a  statistical  point  of 
view  was  used  by  Cochran  and  Staehle163  in  which  they  differenti¬ 
ated  among  the  effects  of  surface  preparations  for  type  310  (UNS 
S31000)  stainless  steel  stressed  and  exposed  to  boiling  MgCI2. 

Recently,  Shimada  and  Nagai  have  described  the  SCC  of 
zirconium  alloys  used  for  nuclear  fuel  tubes  exposed  to  gaseous 
iodine.202  They  took  data  at  various  stresses  and  plotted  their  data  as 
cumulative  distribution  functions.  An  example  of  their  data  is  shown 
in  Figure  76(a)  for  a  single  stress.  They  also  determined  the  effect  of 
stress  on  the  adjustable  parameters  of  the  Weibull  function;  these 
data  are  shown  in  Figure  76(b).  The  equations  associated  with  the 
plots  are  also  shown  in  Figure  76. 

The  data  in  Figure  76(b)  show  that  the  adjustable  constants 
follow  generally  expected  patterns  in  their  dependence  on  applied 
stress;  i.e.,  the  characteristic  value  of  0  decreases  with  increasing 
stress  much  as  its  analog,  the  mean  value,  would  in  Gaussian 
statistics;  the  initiation  time  (tQ)  decreases  with  increasing  stress,  also 
an  expected  result;  and  the  slope  (b)  increases  with  increasing 
stress,  indicating  that  the  range  of  data  is  progressively  narrower, 
which  is  also  expected. 

The  data  of  Shimada  and  Nagai  show  both  that  their  SCC  data 
can  be  described  accurately  by  a  cumulalive  distribution  function  and 
that  the  adjustable  parameters  follow  qualitatively  expected  patterns. 
This  latter  result  suggests  that  these  adjustable  constants  could  be 
linked  to  the  factors  of  SDS  as  described  in  Figures  5  and  8  through 
12.  Once  this  is  accomplished,  the  distribution  function  can  be 
applied  over  a  wide  range  and  interpolations  and  extrapolations 
would  be  greatly  facilitated.  In  fact,  it  is  reasonable  that  the 
distribution  functions  could  be  interconnected  with  the  topology  of  the 
mode-intensity  diagrams. 

Shibata  has  also  started  significant  work  to  consider  the 
statistical  properties  of  SCC  and  ol  pitting  203  204  An  example  ot  his 
data  is  shown  in  Figure  77. 

I  have  taken  data  from  a  paper  by  Blanchet,  et  al.,206  in  which 
the  cumulative  failures  ol  Inconel  750  were  determined  in  350  C 
water,  and  plotted  his  data  using  the  two-parameter  [using  the 
characteristic  value  ft);  and  the  slope  \b)]  Weibull  statistics  to  obtain 
Figure  78(a).  I  then  determined  the  effect  of  stress  on  both  the 
characteristic  value  and  slope.  These  data  are  plotted  in  Figures 
78(b)  and  78(C).  The  slope  determined  tor  O  ot  4.3  corresponds  to  the 
well-established  exponent  ot  about  4,0  lor  creep.  The  values  for  the 
Weibull  slope  were  bimodal  and  decreased  significantly  below  the 
yielo  stress.  This  is  in  accord  with  the  teasonable  expectation  that  the 
scatter  will  increase  at  lower  stresses. 

These  values  lor  the  dependence  ot  O  and  b  on  stress  shown 
in  Figures  78(b)  and  78(c)  can  be  inserted  directly  into  the  distribution 
function.  Further,  the  effects  of  other  parameters  such  as  tempera- 
luro,  pH  and  potential  could  also  be  determined  and  likewise  Inserted 
into  the  distribution  function  through  the  adjustable  parameters. 

The  statistical  description  of  SCC  data  provides  the  designer 
with  at.  important  tool.  Using  data  such  as  those  in  Figure  70  and 
Fiyu.e  76,  ihe  designer  van  then  deteimine  what  fraction  of  his  total 
pupUaiMi*  will  sustain  SCC  failure  by  a  predetermined  lime. 
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FIGURE  72— Corrosion  mode-intensity  diagram  for  Inconel  600  (UNS  N06600)  at  300*0  shown 
from  different  perspectives. 


While  good  work  is  underway  in  this  area,  statistical  methods 
are  greatly  under-used  by  the  matenais  community  in  organizing  and 
characterizing  data.  These  analytical  tools  could  provide  an  impor¬ 
tant  bridge  between  the  materials  and  design  communities. 

Environmental  definition 

The  discussion  on  the  engineering  status  of  mode-intensity 
diagrams  considered  environmental  definition  as  epitomized  in 
Figure  74.  This  subject  is  important  in  considering  the  engineering 
status  of  SCC  because  it  is  the  environment  that  determines  the 
mode  and  the  intensity  o!  SCC;  i,e„  the  environmental  coordinates 
must  bo  located  first  before  the  likely  mode  and  its  Intensity  can  be 
determined.  At  that  point,  the  minimum  stress  or  stressing  conditions 
below  which  SCC  will  not  occur  can  be  determined.  Despite  the 
importance  of  defining  engineering  environments,  it  is  usually  badly 
done. 

Generally,  designers  define  the  environment  to  which  their 
materials  of  construction  are  oxposed  as  the  nominal  ones  or  ones 
that  are  predisposed  to  make  their  components  and  materials 
pertorm  ideally.  While  this  may  sound  like  a  caricature,  it  has  been  my 
general  experience  in  reviewing  failed  designs. 

in  this  soction  on  the  engineering  status  of  SCC,  environmental 
definition  is  important  because  it  determines  whether  SCC  actually 
occurs.  It  is  necessary  to  define  both  the  mode-intensity  diagram 
shown  in  Figure  70  and  the  environment  on  the  metal  surface  to 
determine  whether  SCC  can  occur. 


To  illustrate  the  interaction  of  mode-intensity  diagrams  with 
environmental  definition  diagrams,  f  use  some  simplified  examples 
from  Figures  34  and  69  for  Inconel  600  in  high-temperature  wa'er 
Note  that  in  the  discussion  that  follows,  my  use  of  the  potential  scale 
is  schematic.  From  Figures  34  and  69,  a  simple  view  at  a  single  pH 
of  a  mode-intensity  diagram  is  shown  in  Figure  79(a).  This  shows 
that  SCC,  at  a  selected  pH,  is  negligible  above  the  hydrogen 
equilibrium  and  has  a  high  intensity  below.  Figure  79(b)  shows 
schematically  the  distribution  ot  open-circuit  potentials  as  affected  by 
hydrogen  pressure,  galvanic  coupling,  oxygen  concentration,  and 
hydrazine. 

Figuro  79  shows  that  when  the  hydrogen  is  very  low  or  there  is 
a  small  amount  of  oxygen,  the  potential  shifts  positive  out  of  the 
region  where  SCC  is  significant.  On  the  other  hand,  when  the 
potential  is  reduced  by  Increasing  the  hydrogen,  galvanic  connection, 
or  adding  hydrazine,  the  zone  of  increasing  SCC  intensity  progres¬ 
sively  intersects  with  the  range  of  open-circuit  potentials. 

To  determine  the  proper  view  of  the  environment  from  the  point 
of  view  of  fixing  locations  on  the  mode-intensity  diagram,  it  is  crucial 
that  realistic  definitions  of  both  nominal  and  non-nominal  environ¬ 
ments  are  developed.  In  addition,  there  is  a  third  category  of 
reasonable  accident  conditions  that  needs  to  bo  evaluated  Important 
featuies  of  nominal,  non-nominal,  and  accident  conditions  are 
illustrated  in  Figure  80. 
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FIGURE  73— Cross-sectional  views  of  useful  strength  vs  electrochemical  potential  taken  at  three 
values  of  pH  from  corrosion  mode-intensity  diagram  for  Inconel  600  (UNS  N06600)  in  300°C 
temperature  range. 


The  nominal  condition  is  generally  that  environmental  circum¬ 
stance  that  results  from  the  nominal  environmental  composition  of 
the  process  fluid  at  its  nominal  flow  on  nominal  surfaces.  However, 
even  here  there  is  considerable  opportunity  for  variation  because  of 
changes  in  species  such  as  oxygen,  hydrogon,  chloride,  reduced 
sulfur,  mildly  acidifying  and  mildly  alkalizing  species.  Further,  the 
rates  of  such  interactions  with  the  metallic  surface  are  affected 
significantly  by  variations  in  the  local  flows. 

The  non-nominal  condition  involves  the  same  nominal  chemis¬ 
try  but  as  modified  in  crevices,  deposits,  heat-transfer  surfaces  (with 
and  without  crevices),  zero  flow,  flow  eddies,  ana  wetting  and  drying 
or  other  concentrating  processes.  Such  conditions  usually  produce 
environments  on  the  surface  that  are  vastly  different  from  the  nominal 
conditions. 

The  category  of  accident  environments  I  introduce  as  part  of 
the  nominal  condition  to  the  extent  that  a  given  design  of  a 
component  is  prone  to  ingesting  species  from  the  surroundings 
through  well-known  leak  paths  such  as  inherently  leaky  condensers, 
leaky  valve  seals,  leaking  seals  ol  rotating  machinery,  or  the  transfer 
of  impurities  from  one  component  to  another  such  as  copper  from 
condensers  or  sulfate  from  deionizing  systems.  These  accident 
conditions  must  be  included  in  the  design  and  the  possible  effects  on 
the  corrosion  modes  and  associated  intensity  evaluated. 


The  view  summarized  in  Figure  80  is  that  from  the  point  of  view 
of  the  process  environment,  usually  on  the  inside  of  piping  or  the 
inside  of  vessels.  This  is  the  "inside"  or  nominal  system.  In  addition, 
there  are  environments  that  must  be  defined  on  the  exterior  of  the 
system.  These  might  result,  for  example,  from  leaching  chloride  from 
asbestos  insulation  and  causing  SCC  of  stainless  steel  on  the  outside 
of  a  pipe.  There  is  a  rigor  that  can  be  applied  to  such  situations  but 
it  is  rarely  done,  and  such  a  discussion  would  occupy  more  space 
than  required  here  to  make  the  point. 

1  have  introduced  this  section  to  illustrate  that  much  of  what 
occurs  in  SCC  and  corrosion  failures  generally  results  from  inade 
quate  definition  of  the  nominal  environments  as  described  in  Figures 
74  and  79.  Lack  of  such  definition  either  prevents  work  from  being 
done  to  develop  pertinent  mode-intensity  relationships  or  leads 
designers  to  believe  that  they  have  no  problem  with  existing 
mode-intensity  relationships. 

1  consider  rigorous  approaches  to  developing  environmental 
definition  diagrams  are  as  important  as  developing  the  data  for 
defining  mode- intensity  diagrams.  I  recognize  that  much  of  this 
discussion  on  environmental  definition  belongs  more  in  a  text  than  in 
this  review.  However,  the  lack  of  a  rigorous  approach  to  defining  the 
ariay  of  nominal  conditions  as  described  in  Figure  74  is  a  major 
deficiency  in  the  engineering  status  of  SCC. 
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FIGURE  74-Environmental  definition  diagram  for  nickel-base  alloys  using  nickel  Pourbaix 
diagram  at  288°C  with  some  Iron  lines  added  as  basis  and  effects  of  environmental  changes  for 
nominal  and  non-nominal  conditions  shown.  Specific  cases  of  environmental  changes  are 
noted. 


The  "multiplicative"  nature  of  SCC 

As  correlation  equations  emerge  Irom  the  development  ot  the 
SDS  approach  as  defined  in  Figures  5  and  8  through  12,  as  well  as 
from  the  development  of  equations  to  describe  the  topology  of  the 
mode-intensity  diagrams,  it  will  become  clear  that  SCC  may  be 
thought  of  as  multiplicatively  dependent  upon  the  SDS  factors  of 
material,  environment,  stress,  design,  temperature,  and  time.  This 
means  that  the  intensity  parameters  as  defined  in  Figures  2  and  3  will 
be  the  product  of  various  expressions  that  characterize  the  six  SDS 
factors.  , 

In  the  simplest  terms,  the  intensity  of  SCC  increases  generally 
with  the  stress  If  the  stress  is  zero,  SCC  does  not  occur.  If  the 
intensity  as  a  function  of  environment  is  zero,  then  SCC  does  not 
occur,  as  for  Zone  7  of  Figure  70.  If  the  intensity  as  a  function  of  alloy 
at  designated  environmental  coordinates  is  zero,  the  SCC  is  zero. 
Thus.  SCC  can  be  prevented  if  any  of  these  SDS  factors  is  zero,  it  is 
reasonable  to  conclude  that  the  intensity  of  SDS  is  multiplicative. 

However,  the  iunctionality  ot  the  environmental,  material,  and 
stress  parameters  is  not  usually  monotonic  so  that  increasing 
magnitudes  of  any  ot  these  independent  SDS  variables  do  not 
necessarily  increase  the  intensity  ot  SCC,  with  stress  being  the  only 
exceptiun.  While  the  interaction  is  multiplicative,  it  is  also  complex. 
The  quantitative  and  interactive  product  ot  the  combined  SDS 
parameters,  even  for  a  few  simple  ones,  has  not  Deen  approached 
either  from  scientific  or  engineering  points  of  view.  Such  resulting 
information  would  be  helpful  in  both  predicting  and  preventing  SCC. 
Achieving  reliable  prevention  of  SCC  requires  a  greatly  improved 


understanding  of  both  the  functionality  of  the  SDS  factors  as  they 
influence  intensity  as  well  as  a  similarly  improved  capacity  to  define 
the  nominal  environments. 

Congruence  of  SDS  factors 

If  the  intensity  of  SCC  depends  on  the  six  SDS  factors,  it  also 
depends  on  their  being  at  the  same  place  at  the  same  time.  This  is 
the  principle  of  "congruence."  Congruence  is  intuitively  understood 
by  those  who  are  intimately  familiar  with  SCC;  however,  the  idea  has 
never  by  clearly  formalized  and  defined. 

Identifying  congruence  and  the  need  for  the  simultaneous 
occurrence  of  critical  factors  is  a  part  of  the  present  engineering 
status.  A  practical  element  of  implementing  congruence  is  to  place  a 
surface  into  compressive  stress  when  exposed  to  an  environment 
that  produces  high-intensity  SCC  when  the  stresses  are  tensile. 

Nomenclature  and  appearances 

Many  of  the  leaders  in  this  field  have  struggled  to  develop  a 
suitable  name  for  phenomena  that  are  embraced  by  this  review.  I 
have  opposed  the  idea  of  distinguishing  what  were  once  differenti¬ 
ated  as  hydrogen  embrittlement  and  anodic  SCC  because  it  makes 
the  nomenclature  mechanism  dependent  and  mechanisms  change. 
Further,  hydrogen  may  play  some  role  in  what  has  been  called  anodic 
SCC,  conversely,  it  is  known  that  some  stress  corrosion  processes 
that  occur  at  negative  potentials  possibly  proceed  by  chemical 
dissolution. 

In  addition,  it  is  increasingly  clear  that  hydrogen  may  not  only 
embrittle  the  material  but  also  make  it  more  ductile. 
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FIGURE75— Schematic  diagram  showing  relationships  of  graph¬ 
ics  and  equations  between  frequency  of  failure  and  cumulative 
percent  failure  based  on  Weibull  statistics. 


Terms  like  "environmentally  reduced  strength,”  “environmental 
embrittlement,"  or  “environmentally  acceleiated  cracking"  lose  sight 
of  the  fact  that  the  metal  is  not  embrittled  in  most  cases  nor  is  the 
inherent  strength  lost  by  some  magic  process.  Further,  the  result  is 
not  so  much  a  crack  but  rather  a  very  narrow  process  of  degradation 
or  corrosion  that  is  accelerated  or  incited  by  stress. 

The  term  ‘stress  corrosion  cracking"  is  still  a  useful  one 
because  it  identifies  the  important  factors  of  stress  and  an  interaction 
between  the  environment  and  material  to  produce  degradation  with 
the  final  "appearance"  of  a  “crack." 

If  any  change  were  to  be  made,  it  would  be  to  shorten  the  term 
to  simply  "stress  corrosion."  The  possible  conflict  with  any  general 
dissolution  that  is  accelerated  by  stress  is  not  serious,  and  such 
corrosion  is  usually  called  something  else,  as  in  the  case  of  cyclic 
stresses  breaking  the  thick  oxide  films  in  high-temperature  oxidation. 

I  am  concerned  with  the  word  "cracking"  since  it  implies 
inherently  to  the  design  and  most  of  the  materials  community  that  a 
mechanical  crack  has  somehow  occurred.  While  this  problem  of 
appearances  causes  little  difficulty  for  the  knowledgeable  profession¬ 
als,  it  is  often  a  confusing  term  for  lay  persons.  Further,  it  is  a 
mlsstatemont  of  what  actually  occurs. 

The  engineering  status  of  terminology  is  one  of  confusion,  and 
efforts  should  be  made  to  make  the  generic  term  simple,  direct,  and 
inclusive.  Thus,  there  should  be  one  constant  in  the  system  as 
mechanisms  continue  to  change.  My  choice  is  “stress  corrosion,” 

I  believe  that  “stress  corrosion"  should  include  what  have  in  the 
past  been  called  such  names  as  hydrogen  embrittlement  (and  there 
are  a  number  of  subsets  here),  anodic  SCC,  liquid  metal  embrittle¬ 
ment,  and  similar  terms.  Also,  I  urge  that  professionals  in  various 
industries  drop  such  variations  as  PWSCC  (primary  water  SCC), 
since  the  same  process  occurs  in  other  environments.  Such  a 
confusing  term  could  simply  be  replaced  with  "stress  corrosion"  as  it 
occurs  at  a  particular  location. 


FIGURE  75— Statistical  interpretation  of  SCC  of  Zircaloy-2  ex¬ 
posed  to  Iodine  gas;  (a)  Cumulative  traction  failed  vs  time  for  a 
stress  of  241  MPa,  and  (b)  effect  of  stress  on  adjustable 
constants  In  Weibull  correlation  equation.  Adapted  from  the 
work  of  Shimada  and  Nagal.202 


FIGURE  77-Cumulatlve  fraction  of  specimens  failed  vs  time 
using  Weibull  statistics  for  a  Fe-17Cr-11Nl  alloy  exposed  to 
boiling  45%  MgC!a.  Adapted  from  the  work  of  Shlbata.203 
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FIGURE  78— Statistical  analysis  of  SCC  failure  of  Inconel  750 
exposed  to  350’C  water,  (a)  Cumulative  fraction  failed  vs  time  for 
different  magnitudes  of  yield  stress  plotted  with  Welbull  statis¬ 
tics.  Different  values  of  Welbull  slopes  shown  for  comparison, 
(b)  Characteristic  value  plotted  vs  stress.  Data  compared  with 
slope  of  four,  (c)  Weibull  slope  plotted  vs  stress.  Adapted  from 
the  work  of  Coriou.  et  al.205 


What  Needs  To  Be  Done 

It  is  tempting  at  this  point  to  define  a  catalog  of  ail  those  actions 
that  should  be  undertaken.  However,  what  needs  to  be  done  is 
already  defined  in  the  sections  Scientific  Status  and  Engineering 
Status." 

As  a  broad  general  appioach,  I  suggest  that  emphasis  be 
placed  upun  finding  ways  to  increase  the  extent  and  quality  ut 
communication  between  the  materials  and  design  communities.  I 
believe  that  such  communication  will  be  improved  if  approaches 
suggested  by  the  mode-intensity  diagrams  and  the  environmental 
definition  diagrams  are  emphasized.  Then,  whatever  research  funds 
are  required  to  meet  such  objectives  will  be  forthcoming  as  encour 
aged  oy  an  enlightened  design  community  and  a  materials  cominu 
nity  that  "has  its  act  together." 


b 

Environmental  definition 
Mode-Intensity  (as  useful  with  open  circuit  potentials 

strength)  diagram  in  various  environments 


FIGURE  79— Comparison  between  mode-intensity  diagram  and 
environmental  definition  diagram  shown  schematically  for  In¬ 
conel  600  (UNS  N06600)  In  high-temperature  water  with  electro¬ 
chemical  potential  increasing  in  the  oxidizing  direction,  (a) 
Mode-intensity  diagram  shown  for  Inconel  600  at  neutral  pH 
with  useful  strength  plotted  vs  potential,  (b)  Location  of  open- 
circuit  potentials  on  the  surface  of  Inconel  600  as  affected  by 
various  environmental  conditions. 

Overall  Nominal  Condition 


Nominal 

Non-Nominal 

Accident 

•  Open  surface 
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•  Leaks 
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•  Heat  transfer 
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•  Standard  flow 

•  Low  flow 
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FIGURE  80— Overall  nominal  conditions  of  environment  shown 
Including  nominal,  non-nomlnal,  and  accident  conditions. 
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It  is  clear  that  this  review  represents,  at  least  for  me,  a 
“paradigm  shift”  in  thinking  about  stress  corrosion  cracking.  In  this 
era  where  paradigm  shifts  are  commonplace  in  many  arenas  of 
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Discussion 

B.D,  Llchter  (Vanderbilt  University,  USA):  I  am  sure  that  I  am 
expressing  the  sentiments  of  others  here  today  by  thanking  you  for 
a  very  impressive  and  synthesized  account  of  the  subject  we  have 
been  discussing  this  week.  I  certainly  intend  to  use  your  ideas  in  the 
classroom.  I  like  the  concept  of  situation-dependent  strength 
jSDS).  I  also  am  taken  by  the  point  you  made  early  on,  and  reiterated 
at  the  end,  namely,  the  concept  that  materials  are  to  be  considered 
guilty'  until  proven  innocent."  This  is  an  important  policy  statement 
with  ethical  implications  and  relates  to  the  professional  responsibility 
of  corrosion  engineers  and  scientists. 

In  your  survey  of  the  history  of  this  field,  do  you  have  any 
examples  of  the  consequences  of  not  applying  this  caveat?  Can  you 
give  us  a  notion  ol  a  systematic  framework  for  applying  the  caveat  in 
future  materials— system  design?  In  particular,  could  you  comment 
on  the  U.S.  National  Aerospace  Plane  (NASP)  Project,  where  it 
would  seem  that  a  commitment  to  the  use  of  "guilty"  Ti-AI  alloys  has 
been  made  in  1988  with  expected  system  implementation  in  1994. 
This  is  being  done  prior  to  the  solution  of  serious  proolems  with  this 
material. 

R.W.  Staehle.  With  respect  to  the  guilty  until  pioven  innocent 
idea,  there  are  two  responses.  First,  I  do  not  want  this  idea  to  be  the 
basis  foi  alarmist  notions  about  the  integrity  of  engineering  systems 
and  components  since,  in  many  cases,  they  operate  reliably  foi  their 
intended  life  in  spite  of  the  abuse  inherent  during  operations. 
Howevei.  second,  I  intend  this  idea  to  identify  Ihe  fact  that  all 
engineering  materials  are  reactive  chemicals  and,  m  many  ot  the 
environments  io  which  the  materials  are  exposed,  engineering 
materials  are  extremely  reactive  chemically.  The  reason  that  such 
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reactive  maienals  work  is  usually  attributable  to  the  formation  of 
protective  layers.  The  specific  image  I  wish  to  portray  is  one  in  which 
this  great  chemical  reactivity  of  engineering  solids  is  a  persistent 
force  detei  mined  to  get  out  by  whatever  avenue  is  available.  There 
are  many  avenues  by  which  such  a  persistent  force  can,  and  often 
does,  prevail  for  a  single  alloy:  stress  corrosion  cracking,  dissolution 
in  acidic  and  caustic  environments,  dissolution  by  complex-forming 
species,  evaporation  via  reactions  that  produce  volatile  species, 
hydriding,  high-temperature  oxiaanon,  and  so  on.  With  such  inherent 
reactivity,  it  is  incumbent  upon  designers  and  materials  people 
together  to  exercise  prudent  care  in  the  application  of  materials. 

Further,  the  surprise  should  never  be  that  materials  fail,  the 
surprise  is  that  they  work!  Such  a  view  engenders  a  more  appropri¬ 
ately  respectful  point  of  view.  Concerning  the  question  of  the 
titanium-aluminum  alloy  for  the  NaU.ial  Aerospace  Plane,  I  have  two 
ideas.  One  is  that  simiiaily  reactive  materials  have  been  developed 
and  used  reliably  in  aggressive  environments,  but  only  after  a  very 
large  amount  of  vei  y  good  engineering.  A  good  example  is  zircomum- 
base  alloys,  which  are  used  as  cladding  for  uranium  in  nuclear 
reactors.  Another  good  examole  is  the  use  of  aluminum  in  the 
aerospace  industry.  In  the  latter  case,  it  is  sobering  to  realize  that 
powdered  metallic  aluminum  is  used  as  a  propellant  for  solid  rocket 
motors  because  of  its  high  reactivity  and  energy  release,  while  the 
metal  in  bulk  form  is  used  for  structural  applications.  The  second 
point  of  view  here  is  the  example  of  the  molybdenum,  tungsten, 
tantalum,  and  niobium  alloys,  which  cannot  provide  designers  with 
the  advantages  inherent  in  their  high  melting  points  because  of  the 
volatility  of  their  oxides  at  relatively  low  temperatures. 

R.L.  Jones  (Pacific  Northwest  Laboratories,  USA).  I  agree 
with  you  regarding  the  need  to  identify  the  situation-dependent 
performance  ot  materials,  although  I  would  choose  a  term  other  than 
strength.  Strength  refers  to  intrinsic  material  properties,  while  you 
are  using  the  term  to  indicate  the  extrinsic  properties  of  materials. 
Fracture  toughness  is  a  bettei  description  of  the  extrinsic  properties 
of  materials. 

I  would  also  like  to  add  to  your  excellent  summary  of  where  the 
environment-induced  crack  growth  community  has  come  since  1960. 
In  the  last  10  years  or  so,  I  feel  that  major  progress  has  been  made 
in  local  effects  on  crack  growth.  Evaluations  of  crack-tip  chemistry 
and  mechanics  (local  stress,  strain,  film-induced  cleavage)  and 
material  microchemistry  and  microstructural  effects  on  crack  growth 
are  examples  of  some  crack-tip  effects  that  have  received  consid¬ 
erable  emphasis.  A  challenge  for  the  future  is  to  link  these  crack-tip 
processes  to  external  loading  and  chemical  conditions.  Also,  I  feel  we 
should  be  applying  out  knowledge  of  environment-induced  crack 
growth  mechanisms  to  newer  materials,  such  as  metal  and  ceramic 
matrix  composites  and  intermetallic  materials. 

R.W.  Staehle:  First,  regarding  your  question  of  "intrinsic” 
strength,  it  seems  to  me  that  what  we  know  about  engineering 
strength  comes  from  tests  conducted  in  nominally  benign  environ¬ 
ments— but  nonetheless  "environments."  In  such  environments,  the 
strength  itself  is  a  statistical  property  and  well  known  to  be  distributed 
about  some  mean  (depending  on  the  statistical  correlation  used). 
Further,  the  strength  is  very  sensitive  io  metallurgical  conditions 
resulting  from  the  processing  history  and  details  of  alloy  chemistry.  It 
seems  to  me  that  one  can  use  the  term  "intrinsic"  only  for  such 
structure-insensitive  properties  as  modulus,  density,  specific  heat. 

Regarding  the  question  of  whether  the  strength  term  in  my 
strength  -dependent  formulation  should  bo  strength,  toughness, 
crack  velocity,  KJsec,  ot  another  is  not  clear  to  me  at  this  time.  For 
example,  the  SCC  ot  stainless  steels  has  very  little  to  do  with 
toughness,  Furthei ,  I  am  riut  sure  of  the  simplest  means  to  portray  the 
ettects  ot  time.  Many  experimentalists  have  found  that,  toi  very  long 
times,  there  are  no  minima  in  K,scc  01  in  endurance  limits.  As  I  refine 
my  approach  to  this  concept,  I  look  forward  to  the  suggestions  of 
those,  like  you,  who  have  wrestled  with  such  issues. 

Concerning  the  important  contributions  that  are  inevitable  from 
the  intersection  of  experiment  and  theory  as  Doth  approach  the 
atomistic  dimensions  with  greatet  precision,  I  am  optimistic.  Huw- 
ever,  from  a  practical  point  of  vi ew,  I  question  whether  the  results  of 


such  work  at  the  atomistic  level  will  ever  really  define  the  dependen¬ 
cies  on  material,  environment,  stress,  geometry,  temperature,  and 
time  that  are  necessary  for  the  design  of  reliable  structures.  However, 
fundamental  work  continues  to  stimulate  the  community  and  will 
inevitably  provide  successively  higher  levels  of  rationality  to  engi 
neering  correlations. 

F.P.  Ford  (General  Electric  R&D,  USA).  One  of  the  rate¬ 
determining  steps  in  the  process  of  transmitting  our  mechanistic 
knowledge  to  life  prediction  is  persuading  the  design  and  opeiating 
engineer  to  use  these  ideas.  Do  you  have  any  ideas  on  how  to 
accelerate  this  "engineer  education”  phase? 

R.W.  Staehle:  I  especially  appreciate  that  you  have  raised  this 
important  question  of  how  we  all  communicate  effectively  among  the 
materials,  design,  and  operating  communities.  One  needs  only  to 
look  at  the  persistence  of  failure  phenomena  via  modes  that  have,  for 
many  years,  been  well  documented  in  the  public  literature  to  realize 
that  our  communication  is  not  satisfactory.  In  the  past,  means  of 
handling  the  communication  among  these  three  key  communities  - 
materials,  design,  operator -have  included  codes,  specifications, 
safety  factors,  interdisciplinary  groups,  and  task  forces.  Whatever  is 
implied  or  hoped  for  from  such  efforts  has  been  somewhat  effective 
but  is  still  inadequate.  I  often  wonder  why  anyone  would  so  wantonly 
avoid  knowing  that  his  machine  or  design  is  clearly  headed  for  failure, 
when  the  information  that  would  prevent  such  failure  is  so  abundant, 
or  so  predictable,  or  so  easily  obtained. 

There  are  probably  some  good  reasons  for  what  has  always 
seemed  to  me  to  be  this  technical  masochism.  One  is  that  the 
inherent  chemical  reactivity  of  engineering  solids  is  never  understood 
nor  appreciated  by  the  design  and  operating  communities  Inciden 
tally,  many  of  the  materials  community  itself  do  not  appreciate  this 
fact  either.  This  inherent  chemical  reactivity  as  an  engineering  reality 
is  taught  in  neither  mechanics  or  mechanical  engineering  courses. 
Second,  there  is  the  naturally  human  reaction  to  assume  that  these 
shiny  metals  like  stainless  steel  and  titanium  have  some  impregna 
bility  associated  with  their  shiny  appearance!  Third,  it  is  quite 
unreasonable  to  most  engineers  that  pure  water  could  be  an 
aggressive  environment.  Fourth,  the  materials  community  has  really 
misled  the  design  and  operating  communities  with  the  conceptual 
framework  of  SCC  and  related  phenomena.  While  such  misleading 
has  certainly  not  been  malicious,  I  think  that  it  really  occurs.  Let  me 
illustrate  with  the  following: 

(1)  The  concept  of  susceptibility  has  been  and  continues  to  be  very 
misleading.  Charts  abound  with  susceptible  "material-envi¬ 
ronment  couples."  Such  a  concept  obscures  the  fact  that  all 
materials  in  all  heat  treatments  undergo  SCC.  Only  the  intensity 
of  SCC  changes.  The  concept  of  susceptibility  has  led  many 
designers  to  assume  that  a  material  was  not  susceptible  if  it 
were  not  listed  on  a  “susceptibility”  table! 

(2)  The  materials  community  continues  to  wrangle  concerning  the 
details  of  the  “mechanism(s)"  of  SCC,  as  many  of  us  here  have 
been  doing  this  week,  while  the  designer  cares  only  about 
usable  strength  or  other  indicators  of  mechanical  performance. 
This  endless  public  debate  about  the  details  has  obscured  the 
needs  of  the  design  community. 

(3)  The  experimental  testing  to  determine  susceptibility  has  focused 
on  narrowly  conceived  environments,  assuming  that  such  tests 
defined  or  did  not  define  SCC  in  other  environments.  This 
approach  has  obscured  the  "field  dependence”  of  SCC. 

No  doubt  there  are  many  other  similar  illustrations. 

One  of  my  reasons  for  proposing  the  concept  of  situation- 
dependent  strength  is  to  place  the  emphasis  upon  parameters  that 
the  three  communities  -  materials,  design,  operator  -  understand, 
strength  and  measurable  environmental  qualities.  Further,  this  ap 
proach  makes  explicit  considerations  that  have  in  the  past  been 
implicit,  e.g.,  the  safety  factor.  For  example,  to  the  extent  that 
strength  is  portrayed  over  a  broader  environmental  panorama,  it 
shuuld  be  dear  to  the  designer  that  sharp  changes  in  strength  may 
uuuui  within  the  possible  operating  domain.  Thus,  rather  than  relying 
on  the  imprecise  safety  factor  to  catch  such  surprises,  they  can  be 
predicted  explicitly. 
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My  primary  objective  in  formulating  the  concept  of  situation- 
dependent  strength  is  to  provide  a  framework  within  which  the 
following  can  be  accomplished: 

(1)  The  materials  design  and  operating  communities  can  commu¬ 
nicate  in  a  single  and  nonmagical  language. 

(2)  Tire  work  of  scientists  studying  mechanisms  will  have  a  set  of 
objectives  with  respect  to  materials,  environments,  stresses, 
designs,  temperature,  and  times  that  the  scientists'  proposed 
mechanisms  must  satisfy. 

H.  Kaesche  (Freldrich  Alexander  University  of  Erlangen- 
Nurnburg,  Federal  Republic  of  Germany):  Staehle’s  argument  that 
a  material  should  be  considered  guilty  unless  proven  innocent  is 
certainly  interesting  in  the  context  of  expert  exchange  of  opinions. 
Since  it  leaves  the  meaning  of  either  guilt  or  innocent  open  to 
speculation,  it  may,  especially  in  cases  of  safety  considerations 
during  nonexpert  exchange  of  opinions,  become  misleading.  There 
then  may  be  no  end  of  claims  of  still  unproven  innocence,  which  of 
course  is  what  is  presently  happening  to,  for  instance,  nuclear 
energy.  On  the  other  hand,  the  body  of  experts  indeed  tends  to 
underestimate  the  degree  and  the  impact  of  political  decisions,  of 
public  opposition  to  nuclear  energy.  We  must,  of  course,  also  be 
aware  of  the  consequences  of  previous  expert  errors. 

On  the  whole,  Staehle  certainly  makes  a  number  of  thoroughly 
interesting  points.  He  is  right  when  he  claims  that,  in  comparison  to 
the  situation  as  it  prevailed  in  the  early  1 960s,  the  field  of  environment- 
sensitive  cracking  has  expanded  far  beyond  what  was  then  sepa¬ 
rately  considered  as  being  stress  corrosion  cracking  and  corrosion 
fatigue.  At  the  same  time,  the  issue  of  environment-sensitive 
cracking  has  become  rather  less  mysterious,  in  the  sense  that  it  now 
seems  quite  obvious  that  the  thermodynamic  drive  to  relieve  stresses 
by  propagating  cracks  can  operate  through  a  number  of  kinetic 
mechanisms.  Of  these,  some  are  by  now  well  known,  while  others 
are  under  study.  The  situation  is  thus  one  of  advanced  knowledge, 
provided  that  the  multiplicity  of  possible  crack  propagation  mecha¬ 
nisms  is  properly  taken  into  account,  which  of  course  does  require 
quite  an  effort  on  the  part  of  the  materials  scientist. 

R.W.  Staehle:  This  question  of  the  political  vs  the  expert  s  views 
is  an  important  one  to  raise,  because  of  the  public  arenas  in  which 
highly  vulnerable  materials  operate,  e.g„  commercial  aircraft  and 
nuclear  power.  Despite  the  nominal  sophistication  of  the  engineers  in 
all  aspects  of  these  and  similar  industries,  SCC  and  related  failures 
continue  to  occur.  Therefore,  those  of  us  in  the  interior  of  the 
materials  community  look  for  means  to  call  the  attention  of  designers 
to  the  vulnerability  of  materials.  To  say  that  a  material  is  guilty  until 
proven  innocent  is  the  same  as  I  have  already  noted  that  engineering 
materials  are,  in  fact,  inherently  reactive.  Specifically,  to  be  "guilty" 
implies  that  the  material  will  react,  as  indeed  it  is  predisposed  to  do, 
unless  it  has  been  specifically  shown  by  experience  or  testing  to  be 
stable  under  exactly  the  conditions  expected  in  service.  Conversely, 
to  assume  that  the  material  is  going  to  perform  reliably  without  a  prior 
well-established  record  of  satisfactory  performance  is  an  unwar¬ 
ranted  presumption  of  innocence. 

My  suggestion  that  guilt  is  a  better  presumption  than  innocence 
is  a  device  to  put  the  design  and  operations  communities  on  notice 
that  they  have  no  basis  for  expecting  satisfactory  performance 


without  explicit  proof  that  the  material  will  not  degrade  under  the 
expected  normal  and  accidental  conditions.  This  guiliy/innocent 
approach  will  force  designers  and  operators,  as  well  as  the  public,  to 
ask  more  serious  and  relevant  questions  than  they  seem  to  have 
asked  in  the  past  I  believe  that  by  keeping  these  ideas  of  vulnerability 
and  inherent  reactivity  within  the  confines  of  the  technical  inner  circle, 
we  have  come  to  believe  our  own  propaganda  to  the  detriment  of 
satisfactory  designs  This  has  led  to  insufficient  money  allocated  to 
materials,  prototype,  scale-up,  and  full-scale  testing.  It  has  lead 
designers  to  believe  in  the  invulnerability  of  their  materials. 

Concerning  the  major  advances  in  understanding,  I  agree. 
Some  very  fine  work  has  been  conducted  in  many  laboratories,  and 
many  of  the  past  uncertainties  have  indeed  been  resolved.  However, 
despite  these  advances,  not  a  single  modeling  effort  permits  any 
prediction  of  the  six  factors  of  SDS. 

J.M.  Sarver  (Babcock  and  Wilcox,  USA):  The  search  for  SCC 
mechanisms  and  models  is  important;  however,  unless  these  models 
can  be  related  to  actual  engineering  problems,  their  practical  use  will 
be  minimal.  Do  you  believe  that  this  link  has  been  made  adequately? 

R. W.  Staehle:  I  would  refer  you  to  my  earlier  response  to  the 
comments  of  Jones  (above). 

S. M.  Bruemmer  (Pacific  Northwest  Laboratories):  An  impor¬ 
tant  aspect  of  the  "lessons  learned”  you  touched  upon  is  the 
realization  that  materials  selection  alone  cannot  ensure  immunity. 
The  nuclear  industry  is  a  good  example  where  material  replacement 
[e  g  ,  low-carbon  instead  of  high-carbon  stainless  steel  in  piping  and 
higher  chromium-nickel  alloys  instead  of  alloy  600  (UNS  N06600)  in 
steam  generator  tubing]  has  not  ensured  problem-free  performance 
without  addressing  other  critical  aspects  such  as  environment, 
stress,  etc  Even  though  “easy”  material  solutions  to  environment- 
induced  cracking  is  being  asked  for  by  the  design  engineer,  I  believe 
we  have  achieved  a  consensus  that  such  solutions  are  not  possible. 
Total  system  control  is  necessary.  As  you  noted,  defining  the  limits  of 
necessary  control  and  selling  this  total  concept  to  the  designer  are 
essential  at  this  time. 

R.W.  Staehle:  I  agree.  Starting  with  the  basic  idea  that  all 
engineering  materials  are  reactive  chemicals,  the  only  means  by 
which  engineering  materials  can  function  as  intended  is  to  orches¬ 
trate  the  design  and  control  of  the  environment  in  such  a  way  as  to 
account  for  the  vulnerability  of  the  materials.  This  means,  as  your 
question  points  out,  that  all  aspects  of  entire  operating  systems  have 
to  be  controlled  vigilantly.  This,  incidentally,  places  responsibility  in 
the  hands  of  both  the  designer  and  the  operator.  The  designer  must 
have  thoroughly  defined  the  regimes  of  high  SCC  intensity  and  must 
have  communicated  such  information  clearly  and  persuasively  to  the 
operator. 

R.  Griffin  (Texas  A&M  University,  USA):  This  is  a  suggestion. 
Instead  of  "situation  strength,"  I  would  suggest  using  situation 
toughness.”  I  think  toughness  is  a  more  useful  descriptor  ol  a 
material's  resistance  to  environmental  cracking. 

R.W.  Staehle:  The  suggestion  makes  sense  to  me.  At  present, 
as  I  said  earlier  in  response  to  Jones,  I  am  not  sure  of  the  best 
formulation  for  the  mechanical  property  that  is  situation  dependent.  It 
could  be  the  yield  strength,  the  flow  stress,  K!scc,  crack  velocity,  or 
some  other  indicator 
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The  final  session  of  the  conference  was  devoted  to  a  general  review  and  discussion  of 
the  events  of  the  week,  with  emphasis  on  audience  participation.  Although  the  express 
purpose  of  the  conference  was  to  discuss  and  evaluate  the  mechanisms  of  environment- 
induced  cracking,  the  ability  of  such  mechanisms  to  provide  a  practical  and  predictive 
capability  is  clearly  an  important  measure  of  the  success  of  the  research.  We  were  therefore 
part' „ jlarly  interested  in  learning  the  views  of  those  delegates  who  are  responsible  for 
combating  environmental  cracking  in  practice  and  for  applying  the  results  of  laboratory 
research. 

Other  issues  also  surfaced  in  the  session,  these  are  recorded  below,  along  with  excerpts 
from  the  written  submissions  of  the  participants.  Our  goal  in  providing  this  wrap-up  session 
and  in  soliciting  and  recording  written  comments  was  to  provide  all  participants  with  a  forum 
for  their  views  apart  from  the  often  hectic  and  tumultuous  sessions  earlier  in  the  week. 

Views  of  the  Participants 

M.M.  Hall  (Westlnghouse  Electric  Corporation,  USA):  Our  failure-prevention  design 
philosophy  currently  places  heavy  emphasis  on  the  prevention  of  crack  initiation.  Unhappily, 
I  find  that  there  is  significant  variability  in  stress  corrosion  cracking  initiation  times  for  every 
materials  application  of  interest  to  us.  Conservative  design  practice  results  in  large  design 
margins  (safety  factors  as  great  as  100  or  more  in  some  cases)  to  ensure  acceptable  low 
probabilities  of  component  failure  (viz.,  crack  initiation).  This  approach  can  severely  limit  the 
useful  lifetime  of  otherwise  acceptable  materials. 

Our  approach  has  been  to  seek  materials  and  heat  treatments  that  improve  median 
crack  initiation  times.  We  find  that,  although  median  failure  times  have  been  significantly 
improved,  these  improvements  have  been  accompanied  in  many  cases  by  large  increases  in 
variability  This  situation  often  results  In  only  moderate  increases  in  the  useful  lifetime  of  a 
material  when  much  larger  increases  in  median  lifetimes  have  been  attained.  The  situation 
is  worsened  by  the  fact  that  good  failure  statistics  are  difficult  to  obtain  because  of  the  long 
time  required  tc  get  failures,  even  in  accelerated  tests.  We  need,  therefore,  a  better 
understanding  of  the  sources  of  variability  in  stress  corrosion  cracking  initiation  times, 
particularly  in  actual  plant  components. 

Another  approach  that  wo  often  consider  is  the  prevention  of  crack  growth  to  critical  flaw 
sizes  whenever  crack  initiation  prevention  cannot  be  acceptably  demonstrated.  However,  we 
just  as  often  find  that  there  is  variability  in  thresholds  for  crack  growth  and  crack  growth  rates, 
although  we  find  these  variabilities  to  be  generally  smaller  than  for  stress  corrosion  cracking 
initiation  times  An  added  problem  is  that  design  choices,  which  set  stress  and  temperature 
levels  for  lowering  the  susceptibility  to  stress  corrosion  cracking  initiation,  may  increase  the 
susceptibility  to  crack  growth.  We  need,  therefore,  a  better  understanding  of  the  relationship 
between  the  conditions  promoting  initiation  and  those  favoring  nonpropagating  cracks.  The 
trade-offs  between  initiation  prevention  and  crack  growth  control  need  to  be  better 
understood. 

H.G.  Nelson  (NASA-Ames,  USA):  Considering  life  prediction,  most  engineering 
structures  contain  pre  existing  cracks.  Emphasis  in  our  research  must  address  crack  growth 
behavior  Understanding  initiation  contributes  little  to  life  prediction.  If  quantitative  crack 
growth  can  be  defined,  both  in  magnitude  and  in  terms  of  causal  conditions  (with  limits  of 
applicability),  then  a  major  contribution  to  life  prediction  will  result. 


0.1.  Morton  (Caterpillar  Inc.,  USA):  We  in  industry  need  help 
in  avoiding  stress  corrosion  cracking  ana  corrosion  fatigue.  For 
example,  there  is  a  great  need  for  higher  strength  fasteners.  In  my 
mind,  the  development  of  a  practical  economical  bolt  of  1 350  to  1 725 
MPa  ultimate  tensile  strength  mat  will  not  suffer  stress  corrosion  is  of 
more  value  than  knowing  the  exact  mechar..„ir.  how  stress 
corrosion  cracking  works. 

J.  Stewart  (Harwell  Laboratory,  UK):  This  is  a  comment  on  the 
design  engineer  s  plea  for  help  in  finding  relevant  information  when 
trying  to  identify  potential  cracking  problems  in  a  given  material; 
environment  application.  My  suggestion  is  that  knowledge-based 
systems  can  provide  the  database  and  consultancy  he  seeks.  One 
such  system  is  under  development  at  Harwell  on  localized  corrosion 
(called  "Achilles  ").  At  present  it  is  being  developed  for  pitting,  but  in 
the  future  the  system  will  include  environment-induced  cracking. 
However,  a  word  of  caution  is  in  order.  Such  systems  must  be 
developed  with  corrosion  and  computer  experts  working  closely 
together. 

F.P.  Ford  (General  Electric  Corporate  R&D,  USA):  Referring 
to  "expert  systems,"  General  Electric  has  developed  a  life-prediction 
system  for  stainless  steels  and  nickel-base  alloys  in  high-tempera- 
ture  water  that  relies  on  the  integration  of  system  monitors  and 
modeling  knowledge.  The  monitors  essentially  define  the  real  system 
conditions,  and  the  model  predicts  the  present  and  future  extent  of 
cracking  in  that  system.  Such  an  integrated  approach,  known  as  a 
SMART  monitor,  is  being  used  in  boiling  water  reactors  for  both 
optimization  of  operating  conditions  ( vis  a  vis  cracking  resistance) 
and  for  development  of  life-extension  decisions. 

H.G.  Nelson  (NASA-Ames,  USA):  Bringing  material  behavior 
into  design  requires  the  development  of  a  trust  between  the  materials 
scientist  or  engineer  and  the  designer.  The  initial  interaction  between 
the  two  must  come  from  us-we  know  what  we  can  do  and  they  do 
not!  Once  we  demonstrate  our  contributions,  our  ideas  will  be  used. 

R.  Griffin  (Texas  A&M  University,  USA):  Design  programs  at 
universities  are  undergoing  considerable  self  examination  with  re 
sped  to  the  process  of  teaching  design.  There  is  a  National  Science 
Foundation-funded  cooperative  program  at  Texas  A&M  University 
that  will  attempt  to  integrate  design,  manufacturing,  and  materials 
Students  from  mechanical,  industrial,  and  materials  engineering  will 
have  classes  together.  The  necessary  information  will  be  given  to  the 
students  as  they  need  it  and  in  these  integrated  rather  than  separate 
classes  There  will  be  an  attempt  to  present  classroom  information  so 
that  students  will  see  that  the  integrated  whole  is  more  than  the  sum 
of  the  parts,  and  so  that  they  will  see  how  the  individual  parts  lit 
together. 

R.N.  Parkins  (University  of  Newcastle  upon  Tyne,  UK).  1 
think  that  to  assume  we  can  always  design  our  way  out  of  the 
environment  sensitive  cracking  problem  is  a  mistake.  If  we  take  the 
six  parameters  listed  by  Staehle  earlier  this  morning  and  require  that 
all  six  need  to  be  conjointly  met  if  cracking  is  to  occur,  this  total 
probability  can  vary  enormously.  If  one  operates  an  ammonium 
nitrate  evaporating  tank  fabricated  fiom  nonstress  relieved  mild 
steel,  the  probability  of  cracking  is  unity.  If  we  take  the  high  pressure 
gas  pipeline  cracking  problem,  the  chances  of  each  of  the  controlling 
parameters  being  met  is  probably  about  one  m  ten,  so  that  the 
probability  of  a  joint  of  pipe  failing  is  about  1  in  105.  In  some  cases, 
that  probability  may  be  even  less.  In  such  circumstances,  even  if  the 
problem  could  be  Identified  at  the  design  stage,  it  may  not  be 
economically  worthwhile  to  do  other  than  live  with  the  problem  -  that 
is,  to  accept  that  cracking  will  occur.  In  other  cases,  it  may  be  that  the 
probability  of  cracking  cannot  bo  anticipated  at  the  design  stage,  for 
example,  because  the  structure  is  exposed  to  an  environment  not 
anticipated  by  the  designer. 

In  those  circumstances  in  which  living  with  clacking  has  tube 
accepted,  remaining  life  prediction  becomes  very  important.  For  the 
latter,  reliable  information  is  required  on  crack  growth  rates,  and  that 
is  where  knowledge  of  crack  growth  mechanisms  becomes  impot 
tant.  If  the  appropriate  measurements  are  to  be  made,  what  is  also 
needed  in  relation  to  life  prediction  is  a  much  bettei  understanding  uf 


slow  crack  coalescence  and  of  the  effective  fracture  toughness  of 
structures  containing  colonies  of  cracks  that  are  not  coplanar  and  are 
of  different  sizes. 

D.  Hardie  (University  of  Newcastle  upon  Tyne,  UK).  With 
regard  to  standard  tests,  it  is  important  to  have  a  mechanistic 
back-up.  As  Parkins  pointed  out,  such  understanding  is  essential  in 
choosing  a  material  for  particular  conditions.  The  standardization 
may  not  cover  some  particular  combination  of  conditions.  It  is  well 
known,  for  instance,  by  people  working  with  aluminum  alloys  that 
application  of  a  potential  of  250  mVSCE  in  an  aqueous  environment 
will  bring  about  rapid  failure  in  any  of  these  alloys,  yet,  at  one  time, 
this  was  considered  by  some  as  a  suitable  test  for  selection. 

M.M.  Hall:  I  consider  the  slow-strain-rate  method  to  be  a  useful 
test  that  could  be  made  more  useful  by  improvements  in  the 
mechanical  aspects  and  understanding  of  these  tests  My  inclination 
is  to  apply  strain  energy  concepts  to  the  initiation  and  growth  of  stress 
corrosion  cracking  cracks  and  to  apply  the  slow-strain  rate  test  to 
accelerate  stress  corrosion  cracking  initiation  and  growth.  The 
slow-strain-rate  test  equipment  being  used  in  our  laboratory  (and 
apparently  in  many  others)  has  significant  limitations  to  determine  the 
stress  and  strain  rates  applied  to  the  specimen  This  is  due  to  the  fact 
that  the  machines  are  not  very  good  mechanical  test  beds.  The  load 
train  is  compliant  and  is  subject  to  large  load  variation  because  of 
variations  in  temperature  between  the  specimen  and  load  frame  This 
uncertainty  could  be  reduced  by  the  use  of  a  stiff  load  frame  and 
better  temperature  control  and  temperature  compensation  of  the 
applied  displacements.  In  situ  strain  and  crack  monitors  are  needed 
to  improve  our  knowledge  of  specimen  strain  and  crack  length. 
Smooth  specimens  may  be  suitable  for  stress  corrosion  cracking 
initiation  studies  using  crack  monitoring  methods,  but  may  be 
unsuitable  for  crack  growth  studies  because  of  the  difficulty  of 
monitoring  the  length  of  multiple  cracks.  Effort  should  be  applied  to 
the  development  of  these  improved  equipment  and  test  specimen 
designs. 

T.  Murata  (Nippon  Steel,  Japan):  Extensive  studies  on  the 
cracking  behavior  of  steels  in  anhydrous  ammonia  have  been  done 
in  Japan.  We  believe  that  for  low-  and  medium-strength  steels,  active 
path  corrosion  is  the  dominant  mechanism  of  cracking,  but  hydrogen- 
assisted  cracking  may  occur  in  high-strength  steel.  The  difficulty  in 
obtaining  a  quantitative  understanding  of  liquid  ammonia  cracking  is 
the  variation  of  chemical  composition  in  ammonia  and  obtaining 
dynamic  measurements  in  situ.  However,  we  have  some  consensus 
on  how  this  cracking  may  be  prevented  through  the  control  of  residual 
stresses,  temperature,  and  chemistry  of  liquid  ammonia. 

R.P.M.  Procter  (University  of  Manchester  Institute  of  Sci¬ 
ence  and  Technology,  UK):  The  cracking  of  carbon-manganese 
steels  in  anhydrous  ammonia  is  one  important  specific  industrial 
problem  that  merits  further  basic  research.  At  UMIST  wo  are  doing 
some  work  in  this  environment  using  a  slow-strain-rate  test  ng, 
autoclave  assembly.  However,  anhydrous  liquid  ammonia  is  an 
extremely  difficult  and  potentially  dangerous  system  to  work  with. 
One  way  of  circumventing  some  of  these  difficulties  and  dangers  is 
to  work  with  anhydrous  methanol-ammonia  solutions.  These  will 
cause  Uansgranular  cracking  of  carbon-manganese  steels  at  ambi¬ 
ent  temperatures  and  pressures,  they  are  much  less  hazaiduus,  and 
there  are  many  similarities  (effects  of  contaminants,  potential,  etc.) 
between  the  two  environments. 

B.  Cox  (University  of  Toronto,  Canada).  The  fundamental 
mechanistic  questions  seem  to  remain  the  same  from  conference  to 
conference,  hut  perhaps  of  more  concern,  so  do  the  experimental 
techniques.  There  seems  to  remain  a  reluctance  to  use  moderr. 
physical  techniques  foi  investigation.  Perhaps  they  aie  inapprupnate 
it  they  cannot  give  m  situ  information.  Nonetheless,  as  in  many  other 
fields,  there  seems  to  be  a  growing  emphasis  on  modeling,  and 
again,  as  in  other  fields,  this  seems  to  be  regarded  as  a  substitute  for 
experimentation. 

R.  Jones  (Pacific  Northwest  Laboratories,  USA).  There  are 
advances  being  made  in  the  area  of  in  situ  surface  probes,  such  as 
lasei  Raman  arid  rionlirieai  optical  techniques.  The  nonlmeai  optical 
technique  has  the  potential  lu  measure  munulayei  surface  chemistry 
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on  a  surface  in  an  aqueous/liquid  environment.  The  need  for  these 
measurements  is  obvious,  since  the  transfer  of  a  sample  from  the 
environment  of  interest  to  a  remote  analytical  instrument  may  affect 
surface  reaction  products. 

T.  Murata:  With  respect  to  future  measurement  systems  to  be 
used  in  corrosion  science  and  technology,  I  would  strongly  suggest 
consideration  of  the  importance  of  in  situ  measurements  with 
two-dimensional  variation  Such  techniques  will  enable  us  to  assess 
the  heterogeneity  of  a  corroding  surface  or  corrosion  products. 
Examples  include  laser-enhanced  ellipsometry  and  laser  Raman 
spectroscopy. 

R.W.  Staehle  (University  of  Minnesota,  USA):  Rather  than 
thinking  only  of  a  single  mechanism  for  propagating  cracks,  we  might 
think  of  simultaneous  processes  For  example,  a  combination  of 
dealloying,  hydrogen,  and  induced  slip.  We  could  then  allocate 
different  fractions  of  the  effect  of  the  multiple  mechanisms,  depend¬ 
ing  on  changes  in  alloy  and  environment. 

Regarding  the  future-  I  believe  that  intelligent  people  will 
continue  to  do  the  research  that  is  demanded  by  the  state  of 
knowledge  and  will  develop  good  approaches.  I  believe  that  the 
future  will  be  more  defined  by  creating  institutional  approaches  and 
by  building  better  connections  between  the  materials  and  the  design 
communities  and  between  engineers  and  scientists. 

Suggestions  for  Specific,  Unanswered  Fundamental 
Questions  and  New  Research  Directions 

R  Marlin  (Petrolite  Corporation,  USA):  The  reasons  for  the 
failure  of  most  tests  to  predict  the  service  life  of  metal  components 
must  be  explained. 

R.  Griffin:  Environmental  cracking  methodologies  must  be 
applied  to  characterize  advanced  materials,  including  composites, 
plastics  and  metal  matrix  composites  Environmental  cracking 
studies  and  information  must  be  coupled  with  designers  and  specific 
engineering  applications. 

D.  Hardie:  Attempts  must  be  made  to  bridge  the  gap  between 
atomistic  models  and  practical  situations,  particularly  with  respect  to 
metallurgical  considerations  More  information  is  required  about  the 
constitution  character,  and  properties  of  passive  films  and  dealloyed 
layers,  as  well  as  the  detailed  structure  of  the  substrate. 

M.N.  Hall:  Greater  emphasis  should  be  placed  on  establishing 
stress  or  stress-related  parameters  for  correlation  of  stress  corrosion 
cracking  initiation  and  crack  growth  with  material  microstructures  and 
environmental  conditions  The  designer  has  the  tools  to  calculate 
e'astic  and  elastic-plastic  stress  and  strain  parameters.  I  view  the 
mistrust  by  some  of  the  stress-intensity  factor  as  an  unfortunate 
failure  to  focus  on  the  strain  energy  foundations  that  support  this  and 
all  other  fracture  criteria  The  transition  between  deep-notched  and 
precracked  test  results  and  those  obtained  on  smooth  specimens 
can  be  more  easily  made  if  one  focuses  on  elastic  strain  energy 
density  (viz.,  K2/E)  as  the  driving  force  for  crack  initiation  and 
growthin  cases  of  limited  plasticity.  A  problem  exists  in  relating 
results  obtained  in  deep-notched  specimens,  which  are  predomi¬ 
nantly  elastic,  with  smooth  specimens  such  as  slow-strain-rate 


specimens,  which  are  grossly  plastic.  There  is  a  need  to  develop  an 
appropriate  strain  energy  fracture  criterion  (both  initiation  and  crack 
growth)  for  the  slow-strain  rate  and  statically  loaded  smooth  speci¬ 
men,  and  to  relate  this  to  the  stress-intensity  factor  parameters  used 
for  deep-notched  and  precracked  specimens.  Ranges  of  validity 
must  be  established  for  each. 

K. L.  Wrisley  (Rensselaer  Polytechnic  Institute,  USA):  Tech¬ 
niques  must  be  developed  and  standardized  for  determining  the 
environment  at  and  near  the  crack  tip. 

L.  Germeys  (Avesta  A  B,  Sweden):  Much  more  emphasis  has 
to  be  put  on  crack  initiation  and  the  design  of  experiments  that 
provide  reliable  data  for  service  conditions. 

F.P.  Ford:  Environmental  cracking  mechanisms  must  be  quan¬ 
tified  and  validated.  The  hydrogen  embrittlement  models  must  be 
made  quantitative  if  they  are  to  be  useful. 

R.L.  Sindelar  (E.I.  du  Pont  de  Nemours  Co.  Inc.,  USA):  The 
connection  between  laboratory  tests  and  service  experience  needs 
to  be  established.  Environmental-cracking-resistant  alloys  must  be 
designed  and  demonstrated. 

R.  Oltra  (Universite  de  Bourgogne,  France):  The  effect  of 
dissolution  on  the  relief  of  strain  hardening  must  be  determined. 
Strain  rate  at  the  crack  tip  and  micromechanical  studies  of  crack-tip 
processes  are  required. 

M. R.  Jarrett  (Alcan  International  Limited,  UK):  The  interac¬ 
tion  of  hydrogen  with  the  mechanical  fracture  process  leading  to 
failure  in  bulk  specimens  must  be  defined. 

A.  Turnbull  (National  Physical  Laboratory,  UK):  The  need 
exists  to  define  the  details  of  the  electrochemical  kinetics  at  the  crack 
tip.  This  information  is  essential  to  both  the  qualitative  and  quantita¬ 
tive  predictions  of  cracking. 

We  need  to  move  forward  from  qualitative  explanations  of 
cracking  behavior  to  the  development  of  quantitative  predictive 
models  in  relation  to  (1)  hydrogen  cracking  associated  with  enhanced 
localized  plasticity  and  (2)  film-induced  cleavage.  The  development 
of  such  models,  and  the  application  to  experimental  data,  will  help 
resolve  the  relevance  of  competing  mechanisms. 

L.E.  Willertz  (Pennsylvania  Power  and  Light  Company, 
USA):  Fracture  morphology  and  how  it  is  affected  by  environment 
appears  to  be  one  area  that  will  provide  research  opportunities  and 
practical  applications  for  those  doing  failure  analysis. 

J.  Stewart:  Crack  initiation  in  many  systems  has  not  been 
satisfactorily  addressed. 

H.-J.  Engell  (Max  Planck  Institutfur  Eisenforchung,  Federal 
Republic  of  Germany):  We  must  develop  better  methods  for 
experimental  investigations  of  mechanical  and  electrochemical  con¬ 
ditions  and  processes  immediately  at  the  crack  tip. 

R.  Jones:  It  is  necessary  to  provide  better  analytical  charac¬ 
terizations  of  dealloyed  layers,  using  methods  such  as  scanning 
tunneling  microscopy.  It  is  also  important  to  seek  better  measure¬ 
ments  and  analytical  descriptions  of  crack-tip  strain  rates  and 
chemistry. 

D.B.  Kasul  (Michigan  Technological  University,  USA):  The 
effects  of  microplasticity,  either  preceding  or  accompanying  environ¬ 
mental  cracking,  must  be  specifically  characterized. 
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chloride:  6,  7,  17,  18,  27,  58,  59,  60,  62, 
64,  66,  67,  68,  69, 70,  71 , 72,  73,  74,  76, 77, 
79, 80, 81 , 86, 87, 88,  89,  90, 91 , 93,  95,  96, 
97,  98,  99,  106,  108,  136,  140,  144,  147, 
163, 164, 199, 207, 208, 217,  225,  227,  233, 
235, 238, 251, 252,  258,  259, 268,  269,  270, 

273. 278. 281. 282,  285, 293, 319, 320,  321, 
322, 324, 327, 328,  329, 330, 333, 338, 343, 
345, 347, 351 , 352, 353, 354, 355, 356,  357, 
363, 364, 365, 389, 393, 395, 399,  407, 419, 
421 , 436, 437, 438, 449, 450, 451 , 454,  455, 

456. 458. 461 . 476,  477, 479, 480,  481 , 482, 
483, 484, 486, 487, 489, 490,  491 , 492,  494, 
495, 496, 497, 498,  499, 500, 501 ,  502, 507, 
508, 509, 512, 523, 541, 543,  545, 546,  548, 
549, 550, 552, 566, 568, 569, 570, 571 , 572, 
580,  581,591,602 

chloride  ions:  199,  329,  345,  352,  399, 
461,  481.  494,  495,  498,  502 
chlorine:  28,  40, 135,  136, 353,  439,  440, 
568,  569,  573,  586 

chromium:  79, 86, 87, 99, 122, 140, 156, 
164, 195, 243, 291, 436, 450, 451, 452,  453, 
454, 455, 456, 460, 461, 468. 471,  476, 478, 
479, 481 , 483, 484, 486, 487, 490, 492,  500, 
503,  517,  520,  523,  524,  577 
cladding:  32,  290,  573,  611 
cleavage  mechanlsm(s):  18,  22,  142, 
282,  285,  436,  508,  556 
cold  work:  1,31, 288, 289, 295, 298, 300, 
310, 397, 399, 401 , 435, 494, 496, 499, 509, 
586 

combustion,  gases:  55,  60.  64,  74,  75, 
76. 85, 88, 89, 90. 95, 97, 1 1 7, 31 9, 365, 523, 
565,  592 

conductivity:  55,  64,  68,  92,  148,  152, 
156, 157, 195, 242, 248, 274, 304. 326, 383, 
384,  385,  490,  517,  555,  566 
constant-extension-rate  testing:  293, 
295,  296,  297,  298,  305,  363 
copper:  6,  10.  12, 13,  31,  43,  46,  47,  48, 
49, 50. 51, 79, 108, 177, 186, 191,  192,  251, 
252, 257, 259, 261 , 265, 273, 274, 275,  276, 

277. 278. 280. 281. 282,  283,  284,  285, 313, 
314, 315, 316, 317, 318, 331, 337, 343, 345, 
363, 383, 386, 389, 393, 393, 399, 403, 404, 
440. 446. 455, 481, 489, 568, 574, 578,  579, 
584,  587,  588.  602 

copper-gold:  144 

corrosion  fatigue:  1 , 7, 1 4, 43, 45, 46, 48, 
49, 50, 51 . 52. 55. 56. 57,  58,  59,  60,  61 . 62, 
64, 66. 67,  68.  69, 70.  71,  72, 73, 74.  75.  76, 
77, 79, 80. 81. 82. 83, 84.  85,  86, 87, 88,  89, 
90.  91,  92,  93.  94,  95.  96,  97,  98,  99,  101, 
106, 107, 108, 109, 114, 118, 120, 139, 140, 
141, 144, 149, 150. 155, 156, 157, 158, 168, 
193, 194, 195, 197, 198, 199, 200, 201,  213, 
217, 223, 224, 226, 227,  233, 235, 236, 237, 
238, 239, 241, 242, 243, 246,  249,  265, 269, 
284, 331 , 335, 336, 339, 345. 351 . 358, 361 , 
436, 437, 449, 450, 458, 459, 461, 464, 465, 

467. 468. 469. 470. 471. 472. 474. 475. 476, 
477, 478, 479, 480, 481 , 482, 483, 484, 486, 
487, 498, 561, 566, 568,  574, 584,  589, 590, 
609,  612,  614 


corrosion  product(s):  96, 163,  224,  227, 
238,  436,  438,  507,  565 
crack  branching:  2,  508,  512,  537,  538, 
539,  540,  543 

crack  closure:  43,  55,  61,  62,  64,  66,  68, 
69,  75,  77,  86,  92,  94,  95,  96,  97,  101,  118, 
122,  223,  227,  233,  237,  238 
crack  growth  data:  43,  117,  120,  243, 
289,  297,  323,  351 

crack  initiation:  5,  6,  13,  37,  38,  43,  45, 
46,  47, 49, 50,  51 , 52,  56,  60,  73,  74,  79,  99, 
107, 108,  111,  113, 114, 117, 121, 122, 139, 
140, 143, 154, 165,  167, 168, 169, 172, 173, 
175, 187, 189,  190, 191,  207, 213, 214,  215, 
216,  217,  220,  221, 223, 226,  229,  231, 254, 
256, 267,  275,  277,  284,  289,  295,  296,  297, 
299, 321 ,  331 ,  336,  337, 350,  355, 371 , 373, 
376,  397, 398,  418,  425,  426, 427, 438,  443, 
450,  452,  455,  461,  468,  470, 471, 472,  473, 
474, 475, 479,  481,  163, 486, 490, 492,  494, 
502,  51 1 , 51 2,  51 3,  51 7, 51 8,  51 9,  520, 524, 
545,  613,  615 

crack  mechanics:  68,  77, 84,  86,  94,  97, 
106 

crack  propagation  databases:  62,  106 
crack  propagation  rate:  57,  70,  81,  83, 
88,  89,  111,  119,  139,  140,  141,  142,  143, 
144, 147, 150, 151, 152, 153, 154, 155, 156, 
158, 163, 164, 187,  247, 248,  259, 261, 262, 
263,  408,  435,  464,  465,  483,  549,  552 
crack  velocity:  10, 11, 13, 14, 15, 18, 40, 
164, 165, 178, 187, 195,219, 220,  259,  261, 
273,  282, 295, 296, 297, 298, 304, 305, 320, 
321, 323, 324, 333, 335, 336, 338,  340,  350, 
351 , 353, 354, 356, 361 . 371 , 379, 438,  439, 
446,  492, 493,  494, 513, 514, 515,  562, 563, 
568,  582,  588,  611,612 
cracking:  See  specific  entries 
cracking,  Stage  1: 40, 46, 51, 71, 80, 107, 
108, 120, 178,  219, 220,  221,  294,  295,  296, 
297,  298, 304, 305, 363,  435, 439, 446,  543, 
549,  550,  582 

creep:  11,17, 28, 41.43, 50, 51 , 1 1 1 , 1 1 2, 
113, 114, 119, 120, 121, 122, 126, 127, 141, 
153, 155, 157, 165, 187, 191,  229,  230,  231, 
232,  263,  264,  265,  269,  284, 314,  344, 353, 
356, 371, 376,  377,  429, 430,  431, 455,  482, 
513,  514,  515,  527,  528,  529,  531, 545, 546, 
547,  566,  600 

crevlce(s):  147,  235,  355,  364,  403,  419, 
420, 421, 422, 423,  424,  427, 453,  459,  464, 
465,  476, 479,  481, 483,  484, 490,  491, 492, 
494,  496,  508,  509,  573,  583,  591 
current  density:  7, 8, 10, 18, 47, 92, 107, 
141, 147, 150, 151, 152, 163, 165, 193, 194, 
243, 246,  247,  248,  257, 262,  263,  268,  274, 
294,  295, 298,  299, 302, 303, 304, 305, 352, 
354. 365, 366,  368, 426,  449, 468,  483, 486, 
492,  493,  502,  515,  523,  527,  555,  577 
cyclic  plastic  strain:  43.  46,  49,  56,  57, 
76, 79, 82, 84. 89, 97, 99, 1 07, 1 22, 1 42, 464, 
465,  481 

D 

deaeration:  147, 156, 197, 200, 203, 233, 
235,  237, 252,  261, 287,  289, 290,  291,  293, 
296, 303, 352, 366, 401 , 402, 491 , 523, 527, 
545,  584,  598,  599 

dealloying:  10,  18.  123,  125,  134,  135. 
136, 137, 143, 165, 178, 179, 190, 191, 192, 


251,  252, 253, 257,  258, 259, 268,  273,  276, 
278,  280,  281,  282,  284,  285, 309, 359, 361, 
436,  489, 490, 491 , 492, 494, 496, 497, 498, 
499,  501,  503,  507,  508,  509,  615 
decohesion:  21,  24,  25,  27,  28,  31,  34, 
37,  38,  39,  40,  59,  171,  172,  176,  177,  178, 
181, 183, 237, 299,  301, 302, 309, 332, 333, 
371 , 373, 435,  438,  439, 440,  441 ,  442,  443, 
445,  446,  448,  481,  576,  578,  580 
density:  13, 28, 31, 43, 50, 83, 85,  91, 92, 
126, 127, 129, 142, 146, 199,  203, 204, 205, 
21 9,  220, 221 , 222,  269, 289,  290, 347,  349, 
361,  444, 486, 507,  524, 545, 547, 548, 578, 
611,  615 

depassivation:  49,  207,  208,  209,  210, 
449,  460,461,473,  483,  486 
desorption:  299,  397,  422,  444 
dezincification:  251,  280,  281, 285,  363, 
393,  397,  578 

diffusion:  4, 1 3, 1 4, 21 , 22, 23, 24, 27, 28, 
31 ,  38,  39, 43, 59,  61 ,  70,  72,  86,  89,  90, 91 , 
95,  99,  108,  114,  116,  142,  143,  146,  147, 
148, 150, 151, 152, 163, 164, 169, 175, 189, 
192, 195, 197, 198, 199, 201,  203,  204,  210, 
261,  262, 263,  264,  267,  268,  269,  274,  275, 
278, 291 , 300, 301 ,  322, 324, 325, 332, 334, 
335, 336, 338, 350, 351 , 352, 353, 354,  355, 
356, 361, 371, 373,  376, 420, 422, 424,  429, 
439. 440, 444, 445, 446,  449,  452,  454,  455, 
482,  496, 498, 499,  508, 520, 523, 524, 525. 
527,  539,  543,  566,  579 
dislocation:  2,  3,  5,  6, 18,  21,  23,  24,  27, 
28, 29,  31. 33, 34,  36, 37,  39,  41,  43, 46,  48, 
49,  50,  51.  59.  60.  66,  74,  79,  94,  96,  101 
107, 112, 113, 125, 129, 133, 134, 136,  137, 
141, 142, 144, 145, 153, 154, 155. 164, 165, 
167, 169, 171, 173, 174, 177, 178, 179, 180, 
181, 182, 183, 186,  187,  219,  220,  221,  222, 
232, 238,  252, 264,  265, 268, 269, 276,  282, 
283,  284, 288,  289,  290,  299, 300,  301,  302, 
303, 308, 309, 310, 314, 317, 318, 324,  333, 
354, 361, 364, 397,  399, 416, 425,  427,  428, 
435, 441, 442, 443,  446, 448. 449, 454,  458, 
472,  479, 482,  511,  512, 513,  514,  515,  524, 
527,  528, 529, 530,  533, 541, 542, 543, 545, 
347,  578 

dissolution:  1, 3,  4,  5, 6, 7. 9, 10, 13, 18. 
31. 45,  46.  48,  49,  50.  55, 56,  70.  72. 77,  85. 
87,  92,  93,  96,  98,  99,  108,  125,  139,  140, 
141, 142, 147, 149, 150, 152, 153, 156, 158, 
165, 167, 177, 178, 179, 189, 192,  200,  221, 
227, 233, 236, 237,  238, 247, 258. 276,  277, 
278, 281, 282, 284,  289, 304, 305, 314, 317, 
329, 366, 384, 399, 401. 407,  409,  422,  428, 
436, 468, 474, 475,  483, 489. 490. 491 . 492, 
493,  497, 498, 499, 500. 501,  512, 515,  545, 
547, 568, 576, 577,  578, 579, 580, 586, 596, 
603,  604,  611,615 

duplex  steel:  207,  208,  209,  210,  211, 
229,  449,  458,  460,  470.  486 

E 

electroiyte(s):  9.  55,  58.  60,  68.  73,  74, 
79,  84,  85, 86. 87, 88, 89, 98, 189. 190,  203, 
208, 235, 238, 242, 243, 245, 246, 248, 298, 
299,  303,  334,  366,  425,  427,  438,  518 
embrittlement,  hydrogen:  2, 13,  21,  22. 
23, 24, 25. 37, 55, 56, 59, 71,  72, 74, 82,  83, 
85.  86,  87,  88.  89.  95,  106,  107,  109,  125, 
139, 141, 143, 167, 189, 190, 203, 207, 208, 


620 


EICM  Proceedings 


r 


209, 210, 213, 217, 229,  233, 235, 237,  238, 
239, 249, 261 , 271 , 273, 278, 279, 280, 231 , 
282, 284, 309, 31 1 , 318, 334, 344, 347, 353, 
359, 361 , 363, 364, 365, 368, 385, 401 ,  403, 

419. 423. 425. 427. 429. 435. 436. 439. 440, 
441 , 442, 443, 448, 450, 451 , 454, 455, 482, 
486,  489, 509, 511, 512, 513,  527, 528, 530, 
531 , 534, 555, 561 , 568,  569,  578, 580,  603, 
604,  609,  610,  615 

embrittlement,  liquid-metal:  13,  31,  32, 
40,  107,  136,  137,  167,  172,  181,  183,  186, 
261 ,  281 , 320, 357, 440, 442, 448, 51 1 ,  51 2, 
561,588,  604 

embrittlement,  solid-metal:  31,  34,  285, 
334,  588 

energy:  1, 2, 6, 14, 23, 24,  25,  27,  28,  29, 
40.  - 1,46,49,51,  60,61, 112, 116, 125, 127, 

V,  \  129, 130, 131, 132, 133, 134, 136, 153, 
167  164, 169, 171, 173, 179, 183, 186, 190, 
222, 242, 251 , 252, 273,  281 , 282, 284,  295, 
296, 298, 299, 300, 301 , 302, 306, 309, 322, 
329,  332, 333, 334, 344,  348, 349, 350, 361, 

372. 377. 383. 397. 398. 433. 437. 439. 440, 
442, 443, 444, 446,  448,  449, 452, 455,  464, 
465, 482, 512, 515, 524,  538, 541, 542, 543, 
566,  575,  606,  610,  611,  612,  614,  615 

evolution:  45,  60,  74,  96,  139,  279,  280, 
328, 345, 347, 352, 355, 368,  421. 449,  455, 
467, 482, 489, 527,  531 , 532, 543, 545, 547, 
548 

examination,  metallographic:  352,  384, 
420,  424,  461,468 

exfoliation:  336, 337, 338, 343, 345, 383, 
384,  387 

F 

fabricatlon(s):  1,113, 292, 31 2, 31 7, 349, 
350,  389,  417,  456,  531  562,  581 
face-centered  cubic:  2,  6,  22,  23, 25,  37, 
80, 114, 129,  167,  178,  182.  187,  241,  251, 
252,  268,  273,  281,  284,  302.  498,  541,  585 
fast  fracture:  164,  380,  574 
fatigue:  1 . 7. 1 7, 32, 33. 34. 35, 47. 49. 50. 
55, 56, 58. 59. 66, 67, 69, 70, 71 , 72, 74, 75, 
76, 77, ,  82, 83, 87, 88, 89, 90, 91 , 92. 96, 98. 
101. 107, 109, 112, 114, 116, 123, 136, 137, 
139, 141, 144, 147, 149, 150, 155, 156, 157. 
158, 175, 178. 186, 187, 191, 193. 194, 197, 
199,  213. 214, 219, 224, 225, 227, 241,  242, 
243, 247, 248. 265, 276, 284,  294, 302, 310, 
331 , 345, 351 , 358, 361 . 435. 436, 437,  441 . 

449. 450. 453. 461 . 465. 468. 471 . 472. 474, 
475, 498. 520, 531. 532. 533, 561, 566,  568. 
574,  584,  589,  609,  610,  612,  614 

fatigue  crack  growth:  14, 43, 51, 52, 57, 
60. 61. 62.  64. 68. 80, 81. 84. 85, 86,  93, 94, 
95.  97,  106,  108,  111,  113,  117,  118,  120. 
121, 122, 142. 168, 181, 195, 223, 226, 233, 
235,  236,  237,  238,  239,  298,  301,  479,  588 
fatigue  crack  Initiation:  43.  45,  46,  51, 
99.  108,  121, 140.  217,  299,  479 
fatigue,  Mode  1: 94, 108,  167, 169,  171, 
172, 173, 174, 181, 183, 215, 335, 344,  440, 
464,  465, 467, 476,  483,  484.  513,  582, 590 
fatigue,  Mode  II:  94, 171, 173, 181, 442, 

443. 449. 464. 465. 467. 468. 472. 474. 475, 
476,  479,  481,  483,  484,  486 

fatigue,  Mode  III:  37, 171, 172, 173. 335, 
364,  442,  464,  476,  484.  487.  513,  515 


fatigue,  Mode  IV:  464,  476,  477,  479, 
480,  481,  484,  487 

film  formation(s):  62,  93, 192,  239,  247, 
248, 251 ,  262, 267, 268, 270, 275, 276, 285, 
304, 305, 309, 399, 419, 435, 490, 499, 512, 
566 

film  rupture:  1,2, 18,  49,  56,  59,  60,  70, 
72,  82,  83,  85,  88,  91,  92,  93,  97,  101,  106, 
127, 141, 142, 153, 167, 187, 190, 191,  237, 
238, 265,  266, 267,  268,  269,  270, 273, 280, 
303, 305, 309, 352,  404,  449, 455, 482,  545, 
576,  578 

fluoride(s):  164,  363, 389,  390, 391, 392, 

oqo  one 

fractography:  2, 3, 22, 23, 27, 28, 33, 34, 
36,  41,  55,  68,  80,  83,  101,  143,  169,  236, 
237, 239,  268,  277,  280,  285,  305, 314,  316, 
333, 334,  336, 358,  363,  365, 373, 392,  442, 
500,  509,  527,  528,  529,  538,  556,  579 
fracture  mechanics:  43,  46,  55,  56,  57, 
60,  61 , 62,  64,  66,  68,  73,  74,  75,  82,  83, 86. 
92,  94,  99,  101,  106,  107,  108,  109,  117, 
122, 125, 153, 154, 155, 165, 195, 215,  223, 
233,  31 1 , 437, 448,  450, 452, 479,  494,  523, 
525,  526,  531, 532,  533,  574,  575,  582, 583, 
584,  588,  589,  610 

free-corroslon  potential:  49,  208,  233, 
323,  324,  327,  328,  336,  555 

G 

galvanic  action:  4, 5, 241 , 247, 248, 268, 
303, 398, 479, 484, 566, 570,  588, 591,  592, 
598 

galvanic  coupling:  249,  265,  266,  267, 
269,  295, 305, 352, 420, 423,  481,  583,  594, 
601 

generator(s):  292,  417,  418,  503,  569, 
570,  589,  591,  598,  612 
glass:  1,  135,  136,  197,  365,  430,  527, 
545  550 

gold:  31.  192,  251.  252,  253,  257,  258, 
277,  278.  280,  507 

grain  boundary:  1, 3,  4,  5,  6, 18,  24,  25, 
29, 31 , 34, 37, 38. 39,  41 ,  43,  45, 46,  51 ,  59, 
71,  72,  77.  107,  108,  112,  113,  114,  116, 
117, 118. 129, 150, 163, 164, 165, 174, 175, 
176,  205,  217, 223,  226,  227,  237,  241,  242, 
243,  247,  249,  264,  268,  277, 280,  289,  290, 
291, 293,  294,  298, 299, 300, 301, 302, 303, 
304, 305, 309,  310. 315, 317, 345,  354, 355, 
357, 363, 365,  368, 371, 372, 373, 376. 380, 
383,  385, 386,  387,  393, 398,  407,  409, 410. 

413, 435, 438, 440,  441 , 444, 445, 446, 449, 
451, 452,  455,  460. 461, 481, 482, 496, 502, 
503, 508, 515,  517. 519,  520, 524, 528, 529, 
530, 538,  539,  549,  552,  564,  568, 569,  570, 
573,  576.  580,  584,  586 
grain-boundary  segregation:  134,  311, 
312, 313, 314, 316, 317, 318,  319, 322, 331, 
333,  334,  335,  336,  338 
graphite:  252,  291,  294.  402,  507 

H 

hallde(s):  7. 319, 320. 322, 324, 339, 347, 
354,  355,  361 

halogen(s):  55, 58, 68, 73, 361 
Hastelloy:  287,  295 

heat-affected  zone{s):  343,  450,  452, 
458.  461 


heat  treatment:  4,  36,  77,  89,  213,  233, 
241 , 242, 243, 246,  247,  248, 249, 289, 291 , 
297, 312, 317, 347,  350, 356, 358, 383, 422, 
425, 428, 449, 45 1 , 453, 455, 478, 482, 503, 
523, 527, 531 ,  533,  556,  564,  569,  574,  581 , 
584, .586,  592,  596,  598 
helium:  60,  61,  62,  74,  75,  80,  93,  233, 
235,  243,  246,  249,  252,  377 
hexagonal  closed-packed:  23,  27,  40, 

178. 182,  541 

humidity:  181,  233,  319,  429,  433 
hydride(s):  2,  21,  22,  23,  25,  27,  28,  29, 

129. 182,  271 , 301 , 302, 303, 347, 348, 349, 
350, 351 , 352, 354,  356,  358, 361 , 422, 423, 
424,  429,  440 

hydrogen:  See  specific  entries 
hydrogen  entry:  23,  28,  81,  189,  203, 
204,  205, 209,  210,  238, 316,  325, 344,  345, 
352, 361, 419,  421,  461,  483,  500, 523,  524, 
525,  526,  527,  543,  568,  573,  580 
hydrogen-induced  cracking:  287,  288, 
289,  290,  291,  437 

hydrogen  permeation:  74, 194, 207, 208, 
209,  309,  334,  438,  523,  524,  526,  543 
hydrogen  recombination:  210, 241 , 248, 
328,  344 

hydrogen  sulfide(s):  75,  144,  187,  193, 
195,  352,  364,  438,  443,  511,  580 
hydrogen  uptake:  18,  74,  75,  77,  79,  81, 
87,  101,  164,  165,  195,  301,  309,  332,  334, 
344, 347, 351, 352,  355,  364,  419, 424, 435. 
451,523.525,526 

hydroxide(s):  58,  62,  95,  108,  199,  238, 
309, 327, 329,  330,  352,  389,  436,  490,  545 
hysteresis:  11,  22,  27,  350,  440 

I 

Impedance:  85,  207,  208,  209,  470,  496, 
499,  512 

Impurity:  32,  34,  37,  38,  45,  55,  68,  75, 
77.  123,  129,  130,  131,  132,  164,  288,  288, 
290, 291, 292. 294,  298,  299. 300, 301,  302, 
303, 304, 305, 306, 309, 310,  312, 356. 407, 
438, 440, 442, 446, 480,  503, 509,  529,  530, 
568.  571,  572,  576,  580,  587,  602 
Incoloy:  34,  293,  570 
Inconel:  58, 1 1 1 , 113. 1 14, 1 16, 1 17, 1 18. 
120. 121, 122, 309,  504,  564,  568,  569,  570. 
571. 573, 574.  576,  583,  584,  586, 587,  588, 
591,  592,  593,  594,  596.  598,  599.  600.  601 
Industry:  31,  32.  37,  111,  139, 157,  287, 
347, 389, 401 , 404. 450, 454,  456,  482,  483. 
500, 509, 545, 561 . 568, 569,  575, 590, 604, 
610,  611,612,  614 

Inhibition:  247,  389,  394.  401,  403,  404, 
405,  409.  494,  572,  591 
Inhlbltor(s):  220, 320, 351 , 391 . 399, 402, 
403,  404,  405,  567 

Inhomogeneous:  45.  99, 148,  168.  208, 
274, 289,313,314,315, 440, 445, 512, 541, 
566 

Initiation  vs  propagation:  108, 139 
Interactlon(s):  24, 29, 31, 37, 41, 47, 50, 
56.  57.  59,  62.  77.  79.  82.  85,  98, 106, 108, 
111,113,  118,123,125.129.143, 144,167, 
173, 181, 189. 197, 207. 208, 217. 221. 248, 
266, 284, 300, 301 , 302, 308, 314, 357, 364, 
422, 438, 446, 449, 454, 472, 482, 533, 539, 
549, 562, 566. 569, 573, 574, 578,  584,  592, 
601,  603,  604.  610,  614,  615 
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interface(s):  1,  5,  29,  51,  89,  107,  114, 
125, 129, 132, 134, 143, 152, 164;  175, 179, 
181, 190, 203, 204,  205, 207,  237, 251, 257, 
263,  274, 275, 278, 281 , 302, 344, 363, 364, 
366,  422, 429, 430, 431 , 433, 435, 438,  440, 

444,  446,  473,  484,  486,  527,  590 
interstitial(s):  21, 94, 129, 132, 143, 191, 

350, 351 , 438, 441 ,  442, 449, 451 , 455, 456, 
479,  481,  482,  483,  484,  523,  581,  602 
iodine:  262, 357,  568,  569,  573,  586,  600 
IR  drop(s):  241,  248.  303,  495,  543,  545 
iron:  4,  5,  14,  17,  23,  24,  27,  29,  31,  32, 
34, 77,  86, 95,  -1 25, 1 34, 1 36, 1 67, 1 71 , 1 79, 

181. 186. 190. 191,  226, 309, 338, 352, 419, 
420, 438, 440, 441, 442, 443, 444, 456, 486, 
493,  525,  555,  568,  580,  586,  598,  599,  609 

iron,  Armco:  5,  34 

irradiation:  111,  150, 164,  289,  290,  291, 
305,  377 

K 

kinetic:  1, 10, 15,  21, 109, 140, 144, 163, 
167, 175, 179, 193,  264,  274, 275,  279,  282, 
300, 329, 397, 398, 435, 439,  440, 443, 444, 

445,  446,  491,  494,  499,  502,  593,  612 

L 

laser(s):  508,  614,  615 
lead:  2, 17,  23,  24,  31,  32,  33, 34,  37,  38, 
40. 41,  43,  45, 60, 75, 85, 93, 107, 109, 118, 
123, 132, 136, 145, 147, 149, 151,  155, 163, 
167, 173, 175, 181, 191, 194, 203, 238, 251, 
253, 254, 256, 258, 261 , 264, 266,  280,  281 , 
283, 285, 289, 290, 291 , 301 , 309, 31 2, 31 6, 
320, 332, 334, 344, 351 , 363, 371 , 372, 376, 
377, 383, 390, 435,  438, 4a9. 450, 454, 458, 

471. 474. 479. 484. 490. 492,  525, 527, 571 , 
580,  587,  590,  591,534,  612 

LEFM:  43,  155,  165,  446 
light  water  reactor(s):  158,  241,  242 
liquid  metals:  13,  31,  37.  40.  107,  136, 
1 37, 1 67, 1 82, 261 ,  281 , 320, 357, 440,  448, 
511,512,  539,  561,571,588,  604 
lithium:  31,  32.  34,  38.  136,  237,  238, 
239, 328, 331, 332, 377, 503, 512, 545, 549, 
550,  552,  598 

localization:  1, 2, 5. 6. 7. 8. 18, 23, 25. 27. 
28, 33. 45. 49.  52.  56.  59, 60, 74, 79. 80, 85. 
86,  97,  139,  143,  144,  153,  155,  163,  165. 
169, 190, 191, 195, 208,  210, 232.  235,  237, 
238, 239, 241 , 265, 266, 267, 268, 269, 270, 
273, 280, 284, 289, 290, 299, 301, 302, 303, 
305, 310, 31 1 , 314, 336, 338, 344, 345. 350. 
351, 355, 364, 365, 366, 368, 369, 383, 384. 
386, 393, 419, 424, 437. 438. 439, 440, 442, 

450. 452. 455. 460. 461. 472. 482. 483. 492, 

496, 502, 508, 509, 518, 520, 523,  524, 525, 
526,  529,  574,  609,  614,  615 

localized  slip:  34.  186,  285,  333,  435, 
446 

localized  surfaco  plasticity:  191,  265, 
267,  268,  269 

long  crack(s):  73, 98, 107, 108, 150, 226, 
437 

long-range  ordering:  288, 301. 305, 306 

M 

macrocrack(s):  28,  56, 175, 177 
magnesium:  17,  32,  33,  34.  40,  62,  72. 

95. 191,  313,  316,  317,  331,  338,  347,  348, 
351, 352, 353, 355, 358, 357, 358, 359, 361, 
386,  508,  509,  512,  549,  550 


manganese:  4, 5, 11, 114, 147, 164,  312, 
313, 345, 351, 371,  373, 376, 379, 381, 442, 
481,502,  517,  541,556 
maraging  steel{s):  9,  57,  475,  476 
martensitic:  21,  22,  56,  77,  88.  97,  98, 

195. 356,  435, 436, 449, 450, 451, 452,  453, 

454,  464, 467,  468, 476, 477, 478, 479,  480, 
481,  482,  484,  511,  523,  526,  541 

matrix:  4,  5,  27,  29,  51,  114,  116,  137, 
141, 142, 143, 144, 151, 153, 179, 187,  241, 
242,  243,  247,  248,  249, 251,  265, 271,  278, 
281,  282,  284,  285,  289,  290,  294,  302, 303, 
305, 31 1 , 31 4, 31 6, 31 7, 31 8,  31 9, 331 , 348, 
349, 356, 361 , 363,  366, 372, 373, 384, 385, 
387, 425, 438,  454,  471, 473, 479,  481, 482, 
484,  504,  580,  611,  615 
mechanisms,  active  path:  141, 303, 304, 
305, 314,  332, 436,  437,  450, 451, 482, 508, 
580,  614 

mercury:  31,  32,  33,  34,  35,  37,  40, 136, 
172,  182,  320,  357,  539 
metal(s):  See  specific  metals 
metal  cation(s):  147, 163 
metallurgy:  18,  45,  55,  58,  68,  77, 79,  80, 
83,  91,  92,  111,  118,  139,  150,  152,  153, 
154,  191,  207, 210, 264,  268,  273,  283,  287, 

288,  31 1 , 31 9, 330,  338,  352, 436, 450, 453, 

455,  481,  482, 548,  559, 562,  577, 588,  591, 
593,  609,  610,  611,  615 

metals,  liquid:  13,  31,  37,  40,  107,  136, 
137, 167, 182,  261, 281, 320,  357, 440,  448, 
511,  512,  539,  561,  571,  588,  604 
metals,  powder  metallurgy:  118,  311, 
338 

mlcrocrack(s):  34, 56. 73, 107, 117, 175, 
178,  251,284,  303,  543 
microstructure(s):  18, 31, 55, 56, 64, 68, 
77, 79, 82, 89, 97, 98, 99, 1 06, 1 07. 1 09. 1 1 2, 
114, 120. 121, 142, 164, 167, 174, 183,  204, 
233,  235, 242, 243, 246, 248, 271 . 287,  288, 

289,  290,  291 ,  292, 293, 295, 303, 305, 311, 
31 7. 318, 31 9, 322, 331 , 333,  338, 339, 343, 

345. 350. 356,  357, 358, 371 , 372, 383, 385, 
387, 422,  439, 443,  444, 450,  453, 458, 459, 
479,  481,  482,  520,  523,  556,  585,  609 

mlcrovold(s):  22,  167,  182,  316,  333, 
345,  371,373,  441,556 
mode  Intensity:  598, 599,  600, 601, 602, 
603,  605 

molybdenum:  419,  454,  456,  486,  578, 
611 

morphology:  17,  18,  23,  25,  46.  50,  60, 
83.  93,  96,  114,  135,  142,  144,  145,  152, 
153, 155, 164, 165,  233, 237, 238,  241, 249, 
251 . 278,  279,  282,  288,  289, 300, 302, 316, 
319, 331, 359,  365, 368, 369, 371, 380,  386, 
389, 392,  397, 425,  426, 427,  428,  437. 438, 
496,  515,  541.  550,  555,  556.  569,  576,  615 

N 

NACE:  108. 158, 163, 190. 195, 208, 209, 
295, 402,  438, 454,  458,  460, 451, 486, 508, 
509,  523,  525,  533,  574,  609,  610 
NACE  standard(s):  208,  402,  458,  460, 

461,523,  525 

nickel:  23.  24,  27,  28, 32,  33, 34,  37,  38, 
46,  47.  50,  108,  140,  171,  174,  176,  183, 
191,  203, 284, 285, 291, 294, 295, 296, 309, 
310, 352,  364. 372, 403, 404, 410, 419, 436, 
441 , 442, 443. 449, 450. 451 , 453, 454, 455, 
456, 461, 480, 481,  482, 483, 486, 489, 490, 
494, 498,  501,  503,  504, 507, 543, 569, 576, 
578,  580,  536,  593,  594,  598 


nickel  martensitic:  449,  450,  453,  454, 
480,  481,  482 
niobium:  350,  440,  611 
notch(es,  -ed):  3,  28,  31 ,  34,  46,  74,  88, 
91,  99,  112,  123,  139,  140,  167,  169,  172, 
175, 181, 182, 187, 190,  219,  226,  233,  242, 
296, 328, 331 , 332, 334, 335, 344, 350, 355, 
389, 401 , 403, 429, 442, 443, 464, 465,  475, 
476,  477,  537,  568 
nuclear  reactor(s):  62,  73,  92, 164 

O 

overvoltage:  263,  275 
oxidation:  43,  72,  75,  81,  91,  93,  94,  95, 
111,  112, 113, 114, 116, 117, 118, 120, 121, 
122, 136, 139, 140, 141. 142, 143, 144, 145, 
146, 147, 150, 151, 152, 153, 158, 163, 164, 
264, 276, 278, 303, 438, 507, 523, 524,  555, 
573,  578,  604,  610,  611 
oxide(s):  1,  5,  6,  7,  28,  43,  45,  47,  50,  51, 
52,  60,  62,  75,  93,  95,  108,  ill,  114,  116, 
117, 118, 120, 121, 122, 137, 140, 142, 143, 

147. 150. 151. 152. 153. 154. 155. 158. 163, 
165, 177, 178, 179, 187, 192, 209, 226,  251, 
252,  257,  271, 273, 275, 276,  278, 285, 309, 
316,  327, 345, 347,  352,  355, 358, 363, 391, 
392, 393, 398, 407,  409, 410, 416, 418,  419, 
422, 423, 424, 427,  428,  429, 430, 431,  438, 
443.  481,  486,  490,  499,  507,  545,  578,  604 

oxygen:  27.  28, 43, 58,  60, 62, 64, 73, 80, 
85,  86,  87,  89,  92,  93,  94,  98,  99,  113,  114, 

116. 117. 120. 135. 136. 137. 147. 150. 164, 
174,  208,  235, 238, 246, 266,  273,  274, 275, 
276,  277,  292,  299,  321,  330,  351, 355,  356, 
361,  419,  421, 422,  423,  424, 429, 431,  437, 
438,  439, 440, 441,  443,  477, 486, 491,  494, 
502,  504,  507, 555,  562,  570,  572, 573,  581, 
583,  591,  592,  598,  599,  601,  602 

P 

passivation:  7, 13, 49, 56, 117, 164, 178, 
190,  247, 303, 352, 355,  368, 391, 419,  426, 
449,  456,  464, 467, 468, 470, 473, 474,  476, 
483,  484,  486,  507,  543,  580 
passivity:  7, 13, 14. 45. 46. 49. 50, 52, 56. 
62,  86,  91,  107,  117,  120,  164,  167,  178, 
190, 192, 195, 207,  208, 209,  210,  235, 238, 
247, 252,  265, 266, 267, 268,  269,  271, 275, 
280, 281 .  291 , 303, 304, 309. 345, 347, 351 , 
352, 353, 354, 355, 356, 357,  358, 361 , 364, 
365, 368, 391, 393, 403, 404, 409, 419. 424, 
426, 436, 438, 449,  450, 452, 453, 456, 460, 
461 . 464, 465, 467,  468, 470, 471 , 472, 4?3. 
474, 475, 476, 478.  479, 481 , 483. 484, 486. 

487, 489, 490, 491, 492,  494, 498, 499,  507, 
515,  523, 524,  526,  543,  555, 557, 578,  580. 
591,593,  594,  615 
passivity  breakdown:  17,  262,  285 
pearlltlc:  77.  217,  435,  438 
permeation:  74,  81,  151,  194,  207.  208, 

209, 210, 300, 301, 309, 334, 438. 511, 523, 
524,  525,  526 

persistent  slip  band(s):  46,  47,  49,  50, 
51,  108,  473,  476 

phosphorus:  77, 205, 309, 436, 438, 495, 
496,  500,  515,  530,  568,  580 
pickling:  430,  431,458,  586 
planar  slip:  46,  60,  79,  80.  95. 112, 113, 
1 67, 1 81 . 1 82, 1 86, 276, 288, 301 , 303, 345, 
542 

plastlc(s):  2, 5. 23, 24. 25. 27, 33, 34, 43, 
46, 47. 49, 56. 57. 59. 60, 61 . 68, 70. 74, 76, 
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79, 81 , 82, 83, 84, 89, 90,  91 , 93, 94, 96, 97, 
99,  106,  107,  108,  111,  116,  117,  121,  122, 
126, 142, 153, 154, 155, 164, 165, 168,  .169, 
171, 174, 178, 181, 182, 186, 209,221,222, 
224, 226, 229,  231,  232,  235,  238,  242,  252, 
256,  262, 263, 265, 266,  267,  268,  273,  276, 
280, 282, 284, 285,  288, 298, 299, 300, 302, 
305, 309, 314, 318, 344, 348, 350, 351, 352, 
361 , 365, 397, 41 7, 426, 427, 430, 431 ,  436, 
439, 440, 442, 443, 446, 449, 464, 465,  468, 
473, 475, 481, 483,-498, 512, 514,  515, 529, 
537,  538,  539,  549,  556,  615 
plastic  strain:  2,  46,  47,  49,  68,  76,  83, 
84,89, 96, 99, 106, 107, 108, 116, 122, 126, 
168, 186, 318,  348,  361, 417,  430,  465,  473 
plastic  zone:  23,  33,  56,  59,  70,  76,  79, 
81,  84,  89,  90,  91,  93,  94,  96,  97, 107,  108, 
126, 154, 168, 174, 178, 186, 235, 238,  298, 
299,  351,475,  514,  515 
plasticity:  2, 17, 22, 23, 25, 28, 29, 33, 34, 
37,  45,  51 , 59,  60, 67,  68, 75, 77,  80,  83, 93, 
94, 95,  96,  97, 101, 106, 107, 108, 109,  111, 
143, 144, 155, 157, 164, 168, 169, 174, 177, 
179, 182, 187, 191, 219,  237, 265,  267,  268, 
269,  284, 285,  298,  299, 300, 302, 309, 332, 
430, 436, 439, 440, 442, 449, 468, 483, 513, 
514,  575,  578,  615 

platinum:  233,  252,  402,  403,  517,  527 
polarization:  5,  62, 70, 73, 74,  76, 77, 80, 
86,  87,  88,  91,  95.  99,  109,  195,  197,  200, 
201 , 233, 235,  236, 237,  238, 239, 241 ,  242, 
243, 245, 246, 247, 248,  252,"  257, 268,  269, 
289, 316, 322, 323, 324, 325, 327. 328, 329, 
330, 336, 338, 352, 355, 361 , 363, 364, 366, 
368. 369, 389, 391 , 393, 394, 397, 398. 399, 
401 , 402, 403, 404, 405, 408, 421 . 423, 437, 
438, 450, 451, 461, 476,  484. 492, 494, 500, 
507,  509,  523,  524.  543,  591,  593 
polycrystalline:  5,  38,  43,  46,  50,  108, 

1 1 1 . 1 32,  21 9,  220,  280.  299,  300, 301 .  397 
polyethylene:  429,  430,  431 
porosity:  136,  167,  177,  178,  397,  436. 
496.  501.507 

potassium:  18,  38,  165,  320,  322,  324, 
325,  328.  352.  353,  357,  442 
potentlal-pH  dlagram(s):  1,  9, 140, 146, 
147,151,190,590.596 
potentiostatlc:  151,  203,  209,  233,  252. 
266, 345, 365, 366, 368, 389, 420, 449. 450, 
455, 465, 467. 468, 469, 470, 472. 475, 483, 
492,  520 

Pourbaix  diagram:  147,  450.  583,  586, 
593 

power  generation:  139, 165,  450 
precipitate-tree  zone:  31 1,314. 316, 318, 
373,  376,  384,  385 

precracking:  32,  45,  50,  52,  332,  355, 
481,  525,  537,  538 

pressure  vessel:  62,  79,  92,  157,  191, 
350 

propagation:  2. 3, 5, 6, 10, 17, 18, 21. 22, 
23.  25,  28, 31, 34, 37. 39, 40, 43, 45,  46, 51, 
55, 56. 57, 59, 60, 61 . 62, 64, 66. 67, 68, 69, 
70.  71,  72,  73.  74. 75,  76,  77.  79. 80.  81, 82, 
83. 84. 85, 86. 88, 89, 90, 91. 92, 93. 94, 95, 
96,  97.  99,  101,  106,  107.  108.  109,  111, 
114, 117. 119. 120. 122, 135. 136. 139. 140, 
141, 142, 143, 144. 145, 147. 150, 151, 152, 
153, 154, 155. 156, 158, 162, 163, 164, 165, 
167, 172, 173, 176. 187. 190, 191, 192, 221, 


223, 226,  229, 231,  232,  233, 235, 237,  238, 
239, 247,  248,  251,  252, 258, 259, 261,  264, 
267, 268,  271 , 273,  275, 276,  277,  278, 280, 
281 , 282,  284,  285, 296, 297, 309, 31 0, 31 1 , 
314, 321 , 322, 323,  324, 325,  326, 330, 331 , 
332, 333, 334,  335, 336, 337, 339, 340, 344, 
345, 348, 353, 354, 355, 356, 357, 368, 369, 
371, 376,  379, 380,  381, 383, 385, 397, 398, 
407, 408, 409, 410,  419,  423,  424, 425, 427, 
428, 429,  435, 436,  437, 438, 439, 440, 441 , 
443, 444,  446,  449,  450,  454, 461, 464, 465, 
467, 468,  469,  470,  471, 481, 483, 489, 491, 
508, 509, 512,  513,  517, 518,  519, 520, 521, 
524, 531 , 532,  533,  537,  538,  539, 540, 541 , 
542,  543, 546,  549,  550,  551, 552, 555, 556, 
557, 558,  561 , 564,  573,  577,  578,  580. 582, 
588,  590,  612 

Q 

quantum:  127,  130,  135,  441,  442,  443 

R 

radiation:  92,  139,  284,  289,  290,  419, 
561 

reaction  rate:  61,  71,  72,  83,  85,  88,  90, 
91,  106,  140,  143,  144,  146,  151,  152,  157, 
423,  429 

reactor(s):  32,  62,  73,  92, 156, 158, 164, 
241,  290,  377,  418,  570,  573,  575 
retrogression:  317,  345,  363,  383,  384, 
386 

S 

saline  solutlon(s):  322,  333,  338,  419, 
524  545 

salt(s):  88, 140, 147, 148, 187, 190, 199, 
252, 276, 304, 309, 419, 476,  524, 545, 550, 
584 

salts,  molten:  358,  587 
segregant(s):  4, 134,  280,  290,  302 
sensitization:  64.  79,  92,  148, 152, 156, 
157, 164, 165, 243,  291 , 303, 305, 309. 336. 
436, 450,  455,  461, 489,  494,  495, 501, 502, 
503, 504, 511, 517, 520,  566,  569, 570, 576, 
577,  584,  586,  589 

shear  stress:  29, 222, 267, 376, 427, 429, 
430,  433,  443 

short  crack(s):  43, 56, 61, 87, 97, 98. 99, 
108, 117. 122, 123, 150, 153. 155, 185,  223, 
224,  226,  227,  233,  235,  238,  331,  517,  518 
short-range  ordering:  288 
shot  peenlng:  122,  310,  337,  474,  481 
silicon:  179, 181, 197,  338,  425 
silver:  31.  163,  164,  261,  262,  329,  337, 
343,  429,  430,  431.  574 
situation-dependent  strength:  562, 563, 
564, 565, 566.  538. 576,  580, 584, 586, 588, 
590,591,600,  603,  610,  612 
slip  dissolution:  2,  139,  141, 152,  156, 
158, 436, 489, 491, 493, 497, 501, 504, 512, 
545,  547.  548,  555,  576,  577,  578,  580,  586 
sodium  hydroxide:  58, 108. 199, 327 
soluble:  9,  92.  95.  136,  147.  163,  164, 
261 , 274, 275, 276,  281 ,  289, 290, 291 , 300, 
320, 334, 347, 348. 350, 351 . 358, 361 , 373, 
386, 422, 424, 438, 454, 455, 476, 482, 502, 
507,  508.  533,  568,  580,  586 
solution  anneal:  28,  79,  156,  219,  220, 
229, 252, 276. 277, 293,  298, 299, 309, 310, 


350, 354, 355, 357, 377, 383, 389, 397,  398, 
402, 407, 422, 425, 428, 449, 450, 453, 455, 
458,  459, 460, 482, 483, 494,  496, 499,  502, 
517,  527,  545,  546,  547.  548,  550 
specificity:  6,  17,  35,  268,  586 
sponge(s):  251,  252,  253,  277,  278,  284, 
508 

stacking  fault  energy:  6, 112,  113, 153, 

1 81 , 1 86, 273,  284, 288, 301 , 303,  397„  51 2* 
541,542,543 

steam  generator(s):  292,  417,  418,  503, 
569,  570,  591,  598,  612 
steel(s):  See  specific  entries 
steel,  carbon:  61,  62,  70, 141,  268,  437, 
438,  570,  583 

steel,  chromium:  79,  86,  87,  99,  122, 
140, 156, 164, 243,  291, 436, 452, 455, 460, 
461,  468, 471,  481,  483, 486, 487, 490,  492; 
500,  503,  517,  520,  523,  524,  577 
steel,  maraging:  9,  57,  450,  455,  475, 
476,  480,  481 

steel,  molybdenum:  419,  454,  456,  486, 
578,  611 

steel,  nickel:  23,  24,  27,  28,  32,  33,  34, 
37,  38,  46,  47,  50, 108, 140, 171,  174, 176,. 

183. 191,  203, 284, 285, 291, 294,  295,  296, 
309, 310,  352, 364, 372, 403, 404,  410,  419, 
436,  441 , 442, 443, 449, 450, 451 , 453, 454, 
455, 456, 461,  480,  481, 482, 483, 486,  489, 
490,  494, 498,  501,  503,  504,  507,  543,  569, 

576,  578,  580,  586,  593,  594,  598 
steel,  silicon:  179,  181,  197,  338,  425 
steel,  stainless:  See  specific  steels 
stochastic:  437,  438, 449, 450,  469,  470, 

471,  473,  483 

strain,  constant:  47,  51,  353,  568,  570, 
584 

strain  hardening:  168,  169,  191,  265, 
266, 267,  268, 269,  270, 301, 469,  520, 528, 
615 

strain  rate:  3, 7, 10, 11, 12, 13, 15, 17, 19, 
21 , 22, 31 , 33,  36, 37,  38. 49, 52, 59,  60.  70, 
72,  84,  91,  92,  97,  107,  142,  145,  150.  152, 

153. 154. 155. 156. 158. 164. 165. 189. 191, 
219,  229, 230, 231 ,  232, 238, 252, 255,  261 , 
262,  266,  270, 276, 278, 284, 293, 294,  295, 
296, 298, 304, 305, 306, 309, 317, 318,331, 

333. 344. 352. 353. 354. 363. 372. 373. 389, 
390, 395, 408, 415. 416, 418, 420, 425, 426, 
427, 428, 437, 470,  496, 511, 513, 514,  515, 
517,  518. 520, 523. 525, 527, 528, 529,  543, 

577,  578,  581.  588,  610,  615 

strain,  slow:  3,  4,  8, 11, 12, 19,  70, 153, 
191, 229, 230, 231. 363, 389, 394, 395,  407. 
408, 410. 517, 518, 519, 520, 549. 550,  552, 
553,  610 

stress  corrosion:  1, 2, 3, 4, 6, 7, 8. 9. 10. 
1 1 . 1 4. 1 8, 1 9,  27. 52. 56,  57, 58.  61 . 62,  73, 
74,  82,  96,  118,  120,  123,  125,  127,  136, 
139, 140, 141, 142, 147, 149, 153, 155, 156, 
157, 158, 162, 163, 165, 167, 178, 182, 190, 
191, 192, 195, 197,  207, 209, 213, 214, 215, 
216, 217, 219, 221,  229, 232, 237, 238, 241, 
251, 261, 263, 265, 273, 283, 284, 287. 290, 
296, 303, 304, 305, 309, 311, 313, 345, 347, 
352. 353, 354, 355, 356, 357, 358, 363. 364, 

365. 366. 368. 377. 379. 380. 383. 389,  393, 
395, 397,  401. 407, 415, 416, 425, 429, 430. 
435, 436, 437, 439, 442. 446, 449, 452, 455, 
461 , 476, 482, 486, 489, 502. 508, 509, 511, 
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512, 513, 514, 517, 519, 520, 539,  541,  543, 
545, 549, 550, 552, 553, 555, 556, 557, 558, 
561 , 562, 573, 576, 577, 579, 580,  603, 604, 
606,  609,  610,  611,  612,  613,  614,  615 
stress  corrosion  cracking:  1, 6, 7, 9, 11, 
13, 14, 15, 16, 17, 18, 19,  27, 52, 56,  57,  58, 
59,  60,  62,  64,  68,  74,  79,  81,  82,  123,  125, 
126, 134, 135, 136, 137, 141, 149, 156, 162, 
163, 164, 167, 168, 169, 171, 172, 174, 179, 
181, 182, 183, 186, 187, 190, 191, 192, 195, 
197, 207,  208, 209, 213,  219, 220,  221,  222, 
229, 231 , 232, 237, 238,  241 , 259,  261 , 262, 
263, 264,  265, 266,  267, 268, 269,  270, 271, 
276,  283, 284, 285, 287,  295, 296,  297, 309, 
311,  312, 313, 314, 315, 316, 320, 321, 323, 
324, 325, 326, 327, 328, 329, 330,  332,  334, 
335,  336, 338, 339, 340, 343, 344,  345, 347, 
351 , 352, 353, 355, 356, 359, 361 , 363, 364, 
365, 366, 368, 369, 377, 379, 380, 381 ,  383, 

385, 386, 387, 389, 390, 391 , 392, 393,  394, 
395, 397, 398, 399, 401 , 402, 403,  404, 405, 
413,  425, 427,  428, 429, 431, 433,  435, 436, 
437,  438, 439, 446, 449, 450, 451 , 452, 453, 
454, 455, 456, 458,  459, 460, 461,  465,  482, 
483, 486, 489, 490,  491, 492, 494, 495,  498, 
499, 500, 502, 504, 507, 508, 509, 511,  512, 
513, 514, 515,  539, 545, 546, 547, 548, 549, 
552, 553, 555, 556, 557, 561 , 562,  563, 564, 
565,  566, 567, 568, 569, 570, 571 , 572, 573, 
574,  575, 576, 577, 578,  579, 580,  581,  582, 
583, 584, 585, 586,  587,  588, 589, 590,  591, 
592, 593, 594, 595,  596,  598, 599, 600,  601 , 
602,  603, 604, 606,  609, 610, 611, 612, 613, 
614,  615 

stress  corrosion  cracking,  intergranu¬ 
lar:  3,  4,  5,  273,  275,  280,  282,  288,  289, 
290,  291, 292, 293, 303, 304, 317, 318,  319, 
322, 331, 333, 407,  408, 410,  415, 416, 417, 
418,  493,  496,  497,  501,  503,  517 

stress  corrosion  cracking,  transgranu- 
iar:  2,  3.  4,  5,  10,  12.  178,  251,  252,  253, 
254,  256, 257,  258,  273, 275, 277,  278, 280, 
281. 282, 288,  289, 290, 291, 292,  293, 303, 
304, 305, 317, 318, 319, 322, 331 . 333,  407, 
408, 410, 415, 416, 417, 418, 493,  496, 497, 
501,503,  517,  541,542,  543 

stress  Intensity:  7, 10, 14, 21 , 36. 38, 55. 
56,  57, 64, 66. 68.  69, 70, 75, 82.  83, 85, 89, 
91,  94.  95,  96.  97.  99.  101,  109.  125,  133, 
137, 144, 153, 156, 169, 171, 174, 178, 181, 
182, 186. 219, 220, 222, 232, 233, 235,  236, 
237, 273, 276. 280. 296. 304. 351 , 355, 366, 
371. 379, 397, 416. 437, 440, 444, 446,  448, 
496,  513,  514, 515,  528,  569, 582,  584,  590 

stress-siraln  curve:  48,  49,  229,  256, 
390  391  405 

stress!  residual:  156, 157, 167, 181, 289, 
349,  431.  563 

stress,  tonsiie:  21 , 24, 28, 31 , 33, 34, 37, 
39, 49, 74. 93. 1 1 3. 1 1 4, 1 1 8, 1 51 , 1 53. 1 54, 
156, 171, 172, 173, 174, 191, 208, 213,  214, 
215,  216. 217, 219,  221, 224,  225, 229, 230, 
231 . 232. 251 , 252, 261 ,  263, 264, 266, 267, 
268,  269, 277, 298, 302, 305, 316, 318, 331, 
334, 335, 348, 349, 350, 353, 356, 359, 363, 
365, 366. 371, 372. 373, 376, 377, 379, 389, 
390, 395, 402, 403,  419, 420, 421, 423, 424, 
425, 427, 429, 430, 433, 437, 440, 441, 442, 
445, 450, 453, 456, 458, 470, 480, 482, 486. 
487, 497, 503, 508, 511, 512, 513, 517,  527, 


531, 533,  537, 539,  545, 547,  550, 555, 556, 
581,596,  600,  603,  614 
sulfate(s):  10,  88,  92,  93,  96,  147,  154, 
243, 246, 248, 289,  291, 327, 329, 330, 339, 

352, 361 , 389, 393,  399,  436, 452, 494, 498, 
501,  502,  503,  507,  509,  580,  591,  602 
sulfide(s):  28,  55,  68,  75,  79,  81,  144, 
164, 187, 193, 195,  208, 209,  210, 217,  223, 
229, 290, 295, 302,  352, 364, 401 , 402, 403, 
438, 443, 450, 452,  454, 456,  458, 459, 460, 
461 , 479,  481 , 484,  502,  509,  511, 523, 525, 
573, 580 

sulfide  stress  cracking:  208,  229,  295, 
402,  450,  454 

sulfur:  24,  73,  79,  80,  81,  123, 174,  205, 
226,  285,  309,  310, 410, 438,  452, 502,  520, 
530,  568,  576,  580,  602 
superposition:  51,  57,  58,  69,  76,  82,  83, 
92,  98,  122,  129,  335,  336,  464,  465,  476, 
481,484 

surface  film(s):  2,  5, 10, 12, 13,  74, 143, 
191, 192,  207, 210,  265,  267,  268,  281, 309, 
345,  347, 351 , 352,  354, 355,  356, 361 , 377, 
397,  409,  419,  437,  507,  523 
surface  film  effects:  60,  75,  89,  93,  94, 
106,  238 

surface  mobility:  13,  40, 135,  163,  259, 
261,  264,  579 

susceptibility:  3, 4,  5, 17, 18, 21,  31, 32, 
34, 36, 37, 38, 39, 40, 58, 62, 139, 140, 141, 
144, 145, 153, 155, 157, 165, 169, 172, 176, 
181, 229,  238, 239, 241 , 242, 261 ,  265,  267, 
268, 269,  284,  287, 288, 289,  290,  291,  292, 
293,  294, 295,  297, 299, 301 , 305, 309, 31 1 , 
312, 313, 314,  316,  317, 318,  319,  320,  321, 
323, 324. 331 , 334, 335, 337, 338, 339, 343, 
345, 347, 348, 350,  351 , 355, 356, 358, 359, 
361 , 363,  365, 366, 369, 379, 380, 383, 385, 
389, 390, 392,  393, 394, 395, 397,  398,  401, 
403, 404, 405,  409, 410, 41 9, 429, 433, 436, 
437, 449, 450, 451 , 452, 455,  458, 459, 481 , 
482, 483, 489, 496,  503,  509,  512,  520,  525, 
527,  529, 531, 533, 541, 542, 543,  545,  546, 
548, 555,  561, 562,  563,  568,  586,  591, 600, 
611,613 

sustained  load:  37,  66,  120,  141,  153, 

156. 169. 173. 176. 178. 179. 190,  213,  214, 
217, 219, 231 , 265,  276, 389,  408.  443, 446, 
527,  528,  545,  549,  568,  570,  584,  588 

synergistic:  24,  56, 57,  58,  59, 108, 217, 
321,339,  446,  509,  569 

T 

thermodynamic:  1,7, 132, 140, 144, 163, 

164. 167. 190,  252,  264, 285,  435,  439, 440, 
446,  448,  489,  572,  593,  612 

thermomochanlcal:  99,  287,  290,  312, 
349,  356,  512,  545 

thiosulfate:  292, 303, 305, 502, 503, 517, 
518,  520 

threshold  stress:  56,  75,  96,  137,  169, 
182, 186, 223,  236, 296,  351, 353, 355, 379, 
415, 416. 418,  448, 451, 454, 456, 458, 460, 
461,513,  582,  588,  590,591 
tin:  31,32,  33,  38,  354,356 
titanium:  31, 59, 64, 68, 91, 93, 101, 147, 

167. 174. 191,  219, 242, 243, 247, 347, 348, 
349, 350, 351 , 352, 353, 354, 355, 356, 357, 
358, 361, 364, 393, 419, 420, 421, 422, 423, 


424, 425, 427, 428, 567, 571 , 572, 574,  575, 
611 

torsion:  37,  38,  172, 173,  213 
transient  dissolution:  56, 60, 70, 72, 82, 
83,  88,  91,  106,  238,  257,  577 
trapping:  59, 89, 143, 167, 182, 203, 204, 
300,  306, 309, 31 7, 31 8, 444, 445, 51 1 , 523, 
524.  528,  530,  531,  533 
tungsten:  452,  458,  611 
tunneling:  6, 1 74, 1 90, 332, 490, 580, 61 5 
turbine(s):  111,  113, 158,  450,  476,  479, 
480,  481,  482,  484,  487,  566,  574,  590 
turbines,  steam:  158, 476,  479,  480,  481 

U 

ultimate  tensile  strength:  229, 268, 372, 
373,  389,  390,  391,  392,  395,  556,  614 
Unleux-Firminy  Conference:  55,  57,  58, 
83,  106,  107,  125,  167,  186,  448,  497,  559, 
567,  574 

uranium:  28,  363,  389,  429,  430,  431, 
433,  570,  573,  611 

V 

valve(s):  389,  452,  602 
vanadium:  28,  354,  356,  440,  442,  511, 
531,  533,  534 

W 

Waspaloy:  113 
water:  See  specific  entries 
water  cooling:  541,  581 
water,  pure:  62,  71, 80,  86,  93, 197,  407, 
413, 501 , 502,  503,  51 5, 564,  568, 569,  570, 
571,572,  574,  586,593,  611 
water  quench:  203,  383,  455,  527 
water,  sea:  62,  64,  67,  70,  71, 77,  81,  86, 
87,  90,  91,  95,  99.  109,  147,  193,  194,  195, 

1 97.  200,  201 . 21 7. 334, 335, 352, 355, 356, 
478,  479,  480,  523,  524,  525,  526,  555,  584 
wave  form:  55,  58,  68, 69,  70,  86,  87,  98, 
99,  106,  198,  213,  233 
weld(s,  -ed,  -Ing):  1,  3,  61,  62,  97,  109, 
118, 156, 157, 336, 337, 338, 343, 350, 355, 
363, 364, 401, 429, 435. 436,  450, 452,  453, 
456,  458,  459,  460,  461,  480,  483,  570,  590 

Y 

yield  strength:  32, 55, 58, 68, 71, 73, 75, 
76, 77, 79. 81. 82, 83,  84,  85,  86.  91,  98, 99, 
101, 106, 107,  111,  126, 154, 167, 168, 169, 
171, 174, 176, 179, 182, 183, 186,  203,  207, 
268, 295, 296, 301, 401, 402, 403, 416.  417, 
418, 439,  443, 450, 451, 453, 454, 455, 458, 
460, 461 , 481 , 513, 51 4, 51 7, 527, 528,  529, 
537,  545,  555,  556,  580,  600,  612 

z 

zinc:  2, 3. 31, 32. 34, 38. 40, 62, 144, 219, 
273,  275, 276, 277,  278, 281, 284, 316, 317, 

337, 345, 361, 383, 385, 386, 389, 393,  397, 
476 

zinc,  liquid:  512,  537,  538,  539,  540 
Zircaloy:  28,  32,  40,  348,  349,  355,  357, 
358,  377 

zirconium:  28,  32,  164,  347,  348,  349, 
350, 351, 353, 356, 357, 358,  361, 377, 393, 
422,  440,  568,  573,  586,  600 
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